
ABSTRACT 

BOBEA, MILENA REBECA. High Resolution X-ray Diffraction Characterization of III-

Nitride Semiconductors: Bulk Crystals and Thin Films. (Under the direction of Dr. Zlatko Sitar 

and Dr. Ramon Collazo.) 

 

As III-nitrides continue to evolve into a homoepitaxial growth scenario, the 

development of non-traditional metrologies for the proper study of III-nitride single crystals 

and homoepitaxial thin films becomes critical. To this purpose, the work presented in this 

dissertation has focused on the development and application of suitable high resolution X-ray 

diffraction (HRXRD) methods, desirable for their sensitivity, accuracy and non-destructive 

nature. HRXRD techniques were explored and developed for the identification of polishing-

induced damage in processed III-nitride single crystals, the structural analysis of non-polar 

AlN homoepitaxial films grown on AlN single crystals and the assessment of alloy film 

characteristics of AlxGa1-xN epilayers deposited on AlN substrates.  

 AlN and GaN substrates were treated to various degrees of mechanical polishing and 

chemical mechanical polishing (CMP). Gross damage created from aggressive polishing was 

readily quantified using X-ray rocking curve (XRC) peak broadening and diffuse scatter 

intensity. However, once the wafers were exposed to CMP treatment, it was found that the use 

of line scanning methods was unable to distinguish the effects of CMP time exposure on the 

crystal surface. Alternatively, the analysis of surface-related diffraction features recorded from 

on- and off-axis high-resolution reciprocal space maps (RSMs) allowed the classification of 

remnant damage in CMP-treated substrates as a function of CMP exposure time. By comparing 

the crystal truncation rod intensity and the pole diffuse scatter magnitude, differences at the 

near-surface regions of CMP-processed wafers were qualitatively and quantitatively measured. 

For AlN, the mapping of the (101̅3) reflection, observable under grazing incidence conditions, 

was introduced as an effective HRXRD method to analyze the crystal surface of AlN substrates 

using a laboratory source. 

HRXRD methods were employed on high-quality non-polar homoepitaxial AlN films 

grown on m-plane AlN single crystals by metalorganic chemical vapor deposition. The films 



were deposited under identical growth conditions, within a temperature range between 1150°C 

and 1550°C. XRCs exhibited full-width at half maximum values ranging between 12 to 35 

arcsec, confirming the high crystallinity of the epitaxial films. Absolute lattice parameter 

measurements indicated that the films were strain-free. However, differences among the film 

surfaces were identified, corresponding to a transition from a heavily faceted step morphology 

to monolayer steps as the growth temperature was increased. To examine the presence of 

extended defects, defect-selective RSM analysis was performed using (ℎ0ℎ̅0) maps taken 

parallel to the [0001]. For all films, no characteristic broadening from basal plane stacking 

faults was observed. Additionally, for a two-layer AlN homoepitaxial structure, transmission 

electron microscopy under different diffraction conditions did not exhibit defect imaging 

contrast. These results evidence the ability to use HRXRD RSMs to characterize highly perfect 

non-polar m-plane AlN films.   

The strain state and composition of AlxGa1-xN alloy epitaxial films deposited on 

(0001) AlN single crystals by MOCVD was studied using several HRXRD methods, 

including relative lattice parameter measurements (zone-axis techniques) and RSMs. Within 

the investigated compositional range, all alloy films were revealed to be pseudomorphic to the 

AlN substrate. However, crystallographic tilting was observed for several cases, which led to 

large errors in extracted biaxial stress relaxation values. To eliminate measurement error and 

further explore film tilting as a potential in-plane stress relaxation mechanism, alloy films were 

grown on 0.2°-4.0° off-cut substrates and examined using HRXRD RSMs, taken both parallel 

and perpendicular to the measured tilt direction. Results revealed a linear dependence of film 

tilt with substrate offcut, following the Nagai tilt model for pseudomorphic films. For an alloy 

film grown on a 4.0° offcut substrate, a deviation from the Nagai tilt model was observed, 

possibly due to the introduction of interfacial misfits at the film and substrate interface.   
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CHAPTER 1: INTRODUCTION 

1.1. Motivation 

Group III-nitrides are among the most fascinating and technologically relevant materials 

systems of our time. Comprised of AlN, GaN, InN and their alloys, this remarkable family of 

semiconductors presently constitutes the main component of several modern electronic and 

optoelectronic devices, such as high-power, high frequency transistors, light emitting diodes 

(LEDs) and laser diodes (LDs) [1, 2].  Over the last ten years, III-nitrides have been intensely 

pursued in academic, government and industrial settings in an effort to further their 

applicability for novel semiconductor applications.  Advances in every developmental stage 

have resulted in an extensive body of well-documented studies, observations, innovative 

solutions and technological breakthroughs that have contributed to the continuous 

understanding and usage of these important materials [1-10]. As progress and interest continue 

to increase, III-nitrides are expected to yield more revolutionizing technologies that will soon 

transform the medical, power, communications and solid-state lightning industries all over the 

world [11, 12].  

Prospects of next-generation III-nitride semiconductor devices are contingent on finding 

solutions to important remaining challenges related to the production of high-quality epitaxial 

layers. Presently, the popular use of foreign crystalline substrates for III-nitride heteroepitaxy 

is regarded as the fundamental problem limiting the achievement of device structures that can 

yield superior performance with reportable efficiencies that are close to theoretically predicted 

values. In order to attain a much higher level of material perfection, III-nitride film synthesis 

is actively being pushed towards a homoepitaxial growth scenario, which is the case for most 

classical semiconductors. As such, III-nitride growth would rely on native, perfectly-matched 

substrate materials that would produce epitaxial layers described as truly strain-free and defect-

free.  
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The recent availability of GaN and AlN single crystals has allowed the nitride research 

community to explore the opportunities offered by homoepitaxial crystal growth. While some 

remarkable results have already evidenced the benefits of using native nitride substrates, there 

are unfortunate setbacks preventing their mass marketability and utilization. Indeed, the 

demand for native nitride crystals is comparable to other commercialized substrates. But, 

native substrates suffer from much higher growth-related expenses and manufacturing costs. 

Furthermore, there is a substantial lack of mastery and knowledge in adequate processes for 

wafer preparation and subsequent film deposition, requiring more careful experimentation and 

detailed observations.  

Since it becomes necessary to use non-destructive, rapid and accurate techniques that can 

assess and monitor the evolution of microstructural features in single crystalline substrates and 

homoepitaxial nitride films, characterization tools like X-ray diffraction (XRD) are viewed as 

ideal for the task. XRD methods are proven to be informative, reliable, precise and widely 

versatile, becoming a standard and practical aid for quality control to the III-nitride 

semiconductor engineer. This chapter serves to introduce the historical aspects that have 

motivated the progress and future applications of advanced III-nitride materials, with special 

emphasis on the need to further improve structural quality assessment via novel XRD 

metrology.  

 

1.2. General Properties of III-Nitride Semiconductors 

The suitability of III-nitride semiconductors for various technological devices arises from their 

material properties. Their distinctive characteristics are attributed to the size and chemical 

bonding nature of the nitrogen (N) atom. The large difference in electronegativity between III-

metal and N atoms results in high bonding energies, leading to high melting points that promise 

thermal stability even at harsh environmental conditions. This strong bonding also results in 

direct wide energy bandgaps (𝐸𝑔), with values extending from 6.2 eV (AlN) to 0.7 eV (InN), 
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corresponding to a wavelength range that covers the infrared, visible and ultraviolet spectral 

regions [13, 14]. The III-nitride 𝐸𝑔 spectrum proves advantageous when multipurpose 

optoelectronic devices are considered, where the emission and absorption wavelength ranges 

can be tuned using binary, ternary and quarternary III-nitride alloy combinations. Figure 1.1. 

depicts a comparison of the 𝐸𝑔 as a function of the in-plane lattice parameter [14]. 

Due to their wide bandgaps, desirable electronic properties are demonstrated by the III-nitrides. 

For example, since the intrinsic carrier concentration is an exponential function of 𝐸𝑔 and 

temperature, III-nitride devices can operate at high temperatures with significantly reduced 

current leakage [13, 15]. Furthermore, since the electric breakdown field scales approximately 

with the square of the 𝐸𝑔, the critical breakdown strength of III-nitrides is much higher than 

that of Si and GaAs. Other related properties include high thermal conductivity and high 

saturation drift velocities [16].  
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Figure 1.1. Bandgap energy versus the a lattice parameter of III-V nitride binary compounds 

(wurtzite) at room temperature. Image taken from Ref. [14]  

 

Regarding their structural properties, III-nitride compounds can be found in rocksalt, zinc 

blende and wurtzite crystal forms. The work presented in this dissertation focuses on the 

hexagonal wurtzite structure, which is the most thermodynamically stable [5, 17, 18]. This 

structure is a type of hexagonal close-packed (HCP) lattice with dimensions reported as lattice 

constants 𝑎 and 𝑐, which describe the edge length of the basal plane hexagon length and cell 

height, respectively [5, 19]. Belonging to the P63mc space group (Hermann-Mauguin notation), 

the wurtzite unit cell contains III-metal (Al3+,Ga3+ or In3+) cations and N3- anions, arranged 

into two interpenetrating HCP sublattices, each with one type of atom and offset 
5c

8
 along the 

height (c-axis) of the unit cell [5, 20, 21].  
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As depicted in Figure 1.2a, the N atoms form the main HCP arrangement, each coordinated by 

four III-metal atoms. Respectively, each III-metal atom is surrounded by four N atoms, leading 

to an overall compound coordination of 4:4 [5, 22].  As there are two tetrahedral sites available 

for every N atom, III-metal atoms are said to occupy half of the tetrahedral sites [5, 19, 22, 23]. 

If the unit cell is projected along the c-axis, as shown in Figure 1.2b, it becomes evident that 

the unit cell lacks true inversion symmetry. The non-centrosymmetry of the structure and ionic 

nature of the III-metal and N bonds gives rise to an intrinsic crystal polarization. The crystal 

polarity is determined by the arrangement of III-metal cations on tetrahedral sites either above 

or below a height 
3c

8
 from the N atom site, designated either III-metal polar or N polar [5, 23]. 

Note that even when the topmost species in the bilayer defines the polar orientation, polarity 

is not related to surface termination but rather to the inversion symmetry operation that is 

applied to the full structure [20].  The total polarization can cause spatial separation of electrons 

and holes in quantum wells that alter carrier recombination processes, among other 

complications [24]. For all purposes, knowledge on how the polarization can be controlled and 

tailored is critical to the fabrication of efficient optical and electrical device structures.  
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Figure 1.2. Unit cell representation of the wurtzite crystal structure for III-nitride compounds, 

depicting both a and c lattice parameters (left). In the partial unit cell (right), the atomic 

arrangement that gives rise to non-centrosymmetry and internal crystal polarization along the 

c-axis is depicted. P is the polarization vector, pointing from the cation (filled circles) to the 

anion (unfilled circles).  

 

If other crystal orientations are chosen, the intrinsic polarization field along the c-axis can be 

partially or fully avoided, leading to appealing device possibilities [25]. Consequently, there 

are strong efforts expended towards non-polar and semipolar epitaxial growth. Figure 1.3 

shows non-polar planes that could lead to non-polar technologies [25]. More details on non-

polar nitrides, growth challenges and characterization will be discussed in Chapter 5.  
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Figure 1.3. Crystallographic orientations of the wurtzite structure. The polar (0001) plane is 

commonly referred to as the c-plane, while the non-polar (112̅0) and (101̅0) are the a-plane 

and m-plane, respectively.  

 

In a useful manner, the unit cell can also be described as a sequence of alternating close-packed 

(0001) planes of III-metal and N pairs [5]. For the hexagonal wurtzite structure, the polytypic 

stacking sequence along the c-axis is …ABABABAB…, where each letter identifies bilayers 

containing one type of atom either in the main HCP array or tetrahedral voids, respectively [5, 

26]. This stacking order designation is necessary for the description of partial lattice 

displacements named stacking faults, which will be discussed further in Chapter 5. 

 

1.3. Historical Perspective: The Need for High Crystal Quality 

III-nitrides were discovered as early as the 19th century, when early chemists first identified 

them as the reaction products between molten metals and nitrogen gas [20, 27-29] . Produced 

in polycrystalline form through reactive sintering, III-nitrides were particularly fascinating due 

to their peculiar chemistry and their effective use as insulating ceramic powders [27]. It was 

not until the late 1960s that their relevance for semiconductor devices was hinted and further 

investigated, with a high suspicion that their intrinsic properties would be better suited for 
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technologies that were limited by other well-established material systems. An exemplary case 

can be found in the history of GaN-based blue-light LEDs.   

By the 1960s, Radio Corporation of America (or RCA) was a major electronics company 

heavily pursuing a viable replacement to the cathode-tube color television sets [30, 31]. LEDs 

were a formidable option to substitute the present outdated technology, since red and green 

LEDs had already been demonstrated using GaAs and GaP compound semiconductors [31].  

Still, the achievement of LED television screens required one additional, critical piece: the 

blue-light emitting LED [31]. Not only for televisions, blue LEDs were strongly pursued to 

further replace incandescent white light bulbs and transform lighting technologies into more 

efficient, LED illuminating devices. But, the numerous failed efforts and attempts towards 

their generation proved this to be a great challenge, pinpointed to be potentially solved if GaN-

based layers were implemented in LED microelectronic structures instead of ZnSe or SiC, 

which possess high indirect bandgaps [32, 33]. This idea was inspired by early optical 

investigations done at Philips Research laboratories, where Hermann Georg Grimmeiss and 

Hein Koelmans were able to obtain efficient photoluminescence from micro-crystalline and 

GaN powders, identifying an attractive direct wide bandgap of 3.5 eV [33-35]. Hence, many 

laboratories began to search for synthesis routes that would produce high quality GaN thin 

films.  

In 1968, Dr. James J. Tietjen and Herbert P. Maruska were working at the RCA’s central 

laboratories in Princeton, New Jersey, focused on addressing how to grow GaN epitaxial layers 

from the gas-phase [36, 37]. At the time, the only reported single-crystalline form of GaN were 

millimeter-sized needles grown on sapphire substrates, used for initial luminescence 

measurements along with powder GaN  [34, 38-41]. Vapor-phase techniques had been the 

method of choice for many other semiconductor films, including GaAs, GaP and GaSb, but 

were yet to be applied for the growth of GaN [37, 38]. Extending this technique, the typical 

hydride gas was substituted by NH3 to serve as the nitrogen source to be combined with gallium 
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chloride in a growth chamber [37, 38]. With this method, Maruska was able to synthesize for 

the first time single-crystal GaN epilayers on mechanically-polished sapphire substrates [37, 

38].  

Soon after, undoped and doped GaN products were optically characterized by Dr. Jacques 

Pankove, who reported for the first time the electroluminescence of GaN [42, 43]. As further 

research continued, it was evident that the next big challenge would be achieving p-type doping 

in GaN. Partially remediated by injecting holes into n-type GaN by means of a metal-insulator-

semiconductor (MIS) barrier, Pankove and Edward Miller were able to construct structures 

that led to the first bluish-green LED in 1971 [15, 43]. But in order to achieve high-brightness 

blue light emission, p-type GaN epilayers would need to be developed for GaN-based p-n 

junctions, the building blocks of LEDs  [33, 44, 45]. 

The realization of n- and p-type doped GaN with high structural quality, smooth surfaces and 

controllable electrical conductivity was made possible through the extensive works of Shuji 

Nakamura, Isamu Akasaki and Hiroshi Amano [44]. At the time working at Nagoya University 

in Japan, Akasaki predicted the GaN-based p-n junction would only be possible if doped layers 

could be produced at the same quality level as small, high-quality microcrystals he often 

observed in single-crystal GaN grown by molecular beam epitaxy (MBE) [36]. However, while 

weighing the disadvantages of many methods already explored for GaN growth, it seemed 

clear that metal-organic vapor phase epitaxy (MOVPE) would be the ideal technique to grow 

highly crystalline nitride films. Unfortunately, the initial growth attempts failed dramatically, 

attributed to the difference in material parameters with sapphire (substrate) that led to cracked, 

highly defective GaN [44]. Therefore, any continuation to MOVPE GaN synthesis would 

require a clever solution that could alleviate the problems arising at the film and substrate 

interface [44].  

In 1986, Akasaki engineered a way to emulate an epitaxial situation for GaN on sapphire that 

would be similar to homoepitaxy: the use of a low-temperature (LT-)deposited AlN buffer 
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layer [15, 44]. Thorough characterization demonstrated that the insertion of this very thin layer 

(30 nm) of AlN nucleated on sapphire led to epitaxial films of device grade, with appreciably 

improved optical, crystal and electrical quality and much lower background impurities [33]. 

Independently, Nakamura was able to grow high-quality GaN, using a similar growth strategy 

that employed a thin GaN layer instead of AlN [33, 46, 47]. But while problems regarding 

quality were resolved, the ability to conduct p-type doping remained. 

The adaptation of LT-buffer layers for GaN allowed for early doping experiments using Zn 

and Mg to be revisited. Through routine cathodoluminescence (CL) studies, Akasaki and 

Amano were astounded to see the light emitted by Zn-doped GaN would became highly intense 

when performing this characterization [33, 44, 48]. While puzzling, this result was evidence 

of improved p-doping (activated Zn acceptors) through exposure to low-energy electron 

beams, although p-type conductivity was not shown by the Zn:GaN films. Akasaki realized 

that using Mg as the dopant would be an easier way towards effective p-type doping, since it 

was a shallower acceptor. In 1989, the first p-type doping of GaN was finally achieved, 

advancing a huge step towards constructing GaN p-n junctions [33, 44, 49, 50].   

Nakamura followed Akasaki’s observations and accredited the passivated state of Mg to the 

formation of Mg-H complexes, which became dissociated during electron-beam irradiation 

[33, 44, 51]. Nakamura suggested hydrogen-release from the Mg could be replicated using 

thermal activation through annealing, which permitted the first p-type doping of GaN  [33, 47, 

51]. P-type AlGaN and InGaN alloys followed, successfully grown in 1991 and 1995, 

respectively [33, 52, 53]. Using all recent works and observations, more investigations led to 

numerous structural optimizations until the necessary experimental settings for building 

appropriate p-n heterojunctions for blue LEDs were established. At last, the first high-

brightness InGaN/AlGaN blue LED was reported by Nakamura et. al. in 1993 [2, 33, 46, 54].   

It took more than three decades since the reported heteroepitaxy of crystalline GaN by Maruska 

for GaN-based blue LEDs to be made and commercialized, giving birth to all its related 
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applications in a large range of scientific fields. This was a direct result of the necessary 

improvement of structural and optical characteristics in III-nitride heteroepitaxial materials, 

without which their potential for electronic and optoelectronic device applications would have 

remained unexplored. It was the critical advancements made through MBE and MOVPE 

growth methods that allowed for III-nitride material capabilities to be experimentally explored 

and further understood, yielding their technological relevance among other III-V 

semiconductors [1].  

Nowadays, III-nitride-based LEDs and LDs are the dominant technologies for general 

lightning technologies, back-illuminated liquid crystal displays, high-density optical data 

storage, among others. Continuous commercial and scientific activity have motivated new 

research and development, with particular advances that have forecasted future desirable 

applications to be pursued and potentially realized in the next decade. For example, there is 

practical interest in accomplishing UV/DUV LEDs and LDs for biomedicine, such as 

sterilization and water purification, since UV light destroys the DNA of bacteria, viruses and 

microorganisms [33, 55]. Likewise, III-nitrides are envisioned to produce hybrid 

photoelectrochemical cells for renewable solar fuel generation [2]. Yet, to be targeted, all these 

modern technologies will require reproducible materials of even higher quality that can 

facilitate properly tailored structures required for device design and functionality [2]. For this, 

some solutions are presently being investigated, such as the growth of III-nitride structures on 

native substrate materials.  

 

1.4. III-Nitride Epitaxial Structures for Modern Devices 

Early results set the precedent for various heteroepitaxial processes, which have almost 

exclusively dominated III-nitride-based technologies to date. Foreign substrates are readily 

available and economically feasible, making their use greatly attractive for the production of 

affordable and marketable III-nitride devices. Table 1.1 summarizes the properties of most 
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commonly used substrates for III-nitride epitaxy. As reported, none of these crystal substrates 

are closely matched in lattice parameters or thermal expansion coefficient to any of the III-

nitride binary compounds. Specific crystal orientations allow desirable epitaxial relationships 

in otherwise highly mismatched systems, such as [112̅0] GaN on [112̅0] SiC (
∆𝑎

𝑎
= 3.5 %) 

and [011̅0] GaN on [112̅0] sapphire (
∆𝑎

𝑎
= 16.1 %) [56]. Still, there is simply an unavoidable 

consequence arising from the use of such dissimilar materials for epitaxy: the generation of 

defective, dislocation-populated nitride layers [57]. Analogous to the LT nucleation buffer 

developed by Akasaki and Amano, many epitaxial solutions have been created to lessen these 

material differences and enable heteroepitaxial structures that can satisfy device-grade 

characteristics, such as epitaxial lateral overgrowth (ELOG), selective-area growth and 

pendeo-epitaxy [57]. As Hashimoto et. al. described, III-nitrides have achieved the highest 

maturity in heteroepitaxial growth technology than any other compound semiconductor in 

history [58].  But despite all advances, the properties of thin heteroepitaxial III-nitride films 

continue to be seriously limited.  
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Table 1.1. Properties of most commonly used substrates for III-nitride epitaxial growth. The 

thermal expansion coefficient values are reported for the common MBE growth temperature 

of 800°C [59].  

 

Crystal 

(Symmetry) 

Lattice Constants (a,c) 

(Å at 300K) 

Thermal Expansion 

Coefficient (a,c) (10-6 K-1)* 

GaN (W) 3.189, 5.185 5.59, 3.17 

AlN (W) 3.111, 4.981 4.2, 5.3 

InN (W) 3.530, 5.690 - 

Al2O3 (H) 4.758, 12.990 7.5, 8.5 

6H-SiC (W) 3.080, 15.117 4.2, 4.68 

ZnO (W) 3.250, 5.213 8.25, 4.75 

Si (111) (C) 5.431 3.59 

GaAs (C) 5.653 6.0 

W- Wurtzite, H- Hexagonal and C- Cubic 

 

While long ago recognized, the need for better, more suitable substrate materials that can 

further produce high quality III-nitride materials for better performing devices is a historical 

problem still to be resolved. This is particularly true for novel UV and green solid-state 

lightning devices, whose operation can be strongly affected by the presence of defects, even 

when these are reduced to very low densities [57]. Similarly, other modern electronic devices 

would greatly benefit from improved crystallinity and structural properties, such as 

photodetectors, solar cells and power electronics [57]. In fact, present efforts in material 

improvement are greatly motivated by high-frequency/high-power electronics, like high-
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electron mobility transistors (HEMTs) and Schottky barrier diodes (SBDs). For this, III-

nitrides must evolve from their current heteroepitaxial scenario, reaching a comparable 

epitaxial setting as other better-matched III-V heterosystems, such as (In, Ga, Al)As/InP and 

AlGaAs/GaAs [60].  

In recent years, considerable progress has been accomplished on the growth of bulk and thick-

film native materials. The emergence of bulk native materials for the III-nitrides has been 

notably much slower than in other classical semiconductors, mainly due to the necessary 

experimental conditions that are required for their successful growth in sizeable and 

commercially viable dimensions.  III-nitrides are difficult to grow, due to high melting points 

(above 2500 K) and high equilibrium pressure of nitrogen [57, 58, 61, 62]. In spite of this, 

numerous alternative methods to the common liquid bulk melt technique have been 

established, each with its own set of benefits and drawbacks that are constantly defended and 

considered by the scientific and industrial community. Some of these methods include 

sublimation-recondensation (S-R) or physical vapor transport (PVT), hydride vapor phase 

epitaxy (HVPE), Na-solution growth, high-pressure and low-pressure solution processes and 

ammonothermal crystallization. Of these, the most successful have produced AlN and GaN 

single crystals of excellent properties, already successfully commercialized but at a very high 

cost. Future work towards less expensive manufacturing and more suitable market features is 

expected to allow AlN and GaN single-crystal substrates to be employed in all nitride research 

laboratories for large-scale homoepitaxial growth, thus leading the way towards finally 

assessing the full potential of III-nitride semiconductor technologies. But before this is 

accomplished, there is an additional fundamental need to understand how epitaxial processes 

occur on native substrate materials.  
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1.5. XRD Characterization for Future III-Nitride Materials  

Early X-ray experiments on III-nitride semiconductor materials relied on old diffraction 

techniques, such as the Laue method. In fact, during the developmental stages of single crystal 

GaN, Maruska recorded Laue patterns of his GaN films, evidencing their high crystallinity and 

structural perfection (Figure 1.4). Since then, outdated diffraction methods have been replaced 

by more powerful modern techniques that can provide further information on key layer 

parameters that are of critical interest to the semiconductor engineer [63]. These are now 

readily accessed by means of high-resolution X-ray diffraction (HRXRD) measurements.  

 

 

 

Figure 1.4. Herbert Maruska’s research center laboratory notebook, showing a Laue 

diffraction pattern for a single-crystal GaN sample. Note from November 22, 1968. Image 

taken from Ref. [31].  
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By the 1980s, HRXRD became a well-established in-line routine metrology in most compound 

semiconductor fabrication laboratories [64]. Nowadays, techniques such as double-crystal 

rocking curves and triple-crystal diffraction have become essential tools for quick and non-

destructive characterization, applicable to a wide range of materials and epitaxial structures, 

including the III-nitride semiconductors [63]. Particularly for stepped processing, HRXRD is 

essential, since measurements are rapid, representative and precise, without requiring extensive 

sample preparation schemes that often lead to its partial or total destruction [65]. Wafer and 

film metrologies available through HRXRD experiments include strain, thickness, phase, 

composition, dislocation density, surface and interfacial roughness, bowing, porosity, texture 

and crystallinity [64, 65]. Therefore, the employment of adequate HRXRD techniques for the 

structural assessment and quality control of bulk crystals, single epitaxial films and 

multilayered III-nitride heterostructures is extremely beneficial.   

To date, most HRXRD investigations on III-nitrides have primarily focused on assisting the 

developmental stages of heteroepitaxial growth processes and understanding film and substrate 

crystallographic relationships. This information has become widely spread across numerous 

scientific journals, where the identification of issues arising from film and substrate differences 

have been well documented. Yet, native crystals and epitaxial structures grown on these are 

yet to be investigated extensively using HRXRD techniques. There is much information to be 

provided if such studies take place, such as standard procedures for substrate quality 

investigation, methods to conclude strain and relaxation trends of Al- or Ga- rich alloy films 

on native substrates and characteristic diffraction phenomena observed in III-nitride native 

structures, among others. Therefore, if native crystals are to be implemented in all future 

marketable nitride devices, research on HRXRD techniques that will be effective in assisting 

quality control in industrial settings is necessary, which is the investigative goal of this doctoral 

dissertation.  
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1.6. Dissertation Overview 

The main aim of this research is to present a comprehensive study on the HRXRD 

characterization of epitaxial products obtained using native single crystalline substrates. The 

influence of substrate conditions and MOCVD growth parameters on the resulting film 

characteristics have been investigated, with the objective of extending common measurement 

techniques to novel practices that can better serve the analysis of this new class of III-nitride 

materials.  

As an introduction, Chapter 2 begins with a brief overview of general concepts used in X-ray 

diffraction, such as wave scattering physics and the kinematical and dynamical diffraction 

theories. Chapter 3 presents modern HRXRD techniques, where diffraction theories are 

related to common instrumentation, measurement types and interpretation models relevant to 

semiconductor metrology.  

Experimental data and results begin with Chapter 4, where the effect of subsurface damage 

from polishing procedures on HRXRD measurements is investigated. The use of specific 

techniques to qualitatively and quantitatively assess the presence of polishing-induced damage 

in differently processed single crystalline AlN and GaN substrates is explored and discussed. 

In Chapter 5, HRXRD techniques for the structural investigation of homoepitaxial AlN non-

polar m-plane films are presented. The effect of MOCVD growth temperature on the surface 

quality and overall crystallinity of the non-polar epitaxial films is explained.   

In Chapter 6, observations on the employment of routine HRXRD methods for the assessment 

of strain and composition in AlGaN alloys deposited on AlN single crystals is discussed.  

Chapter 7 extends this discussion to crystallographically tilted Al-rich AlGaN alloys grown 

on differently offcut AlN substrates. The degree of tilt magnitude with substrate offcut is 

followed and related to limitations in strain and alloy composition determination.  

Finally, Chapter 8 serves as a concluding chapter, providing a summary of all results and 

suggested future work. 
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CHAPTER 2: X-RAY DIFFRACTION THEORY 

2.1. Introduction 

At the end of the 19th century, German physicist Wilhem Conrad Röntgen became interested 

in investigating the effects of electrical current flowing through gases in low pressure glass 

tubes [66, 67]. Using a Hittorf-Crookes tube setup, Röntgen noticed that the emitted rays from 

the operating tube had produced an unexpected fluorescent light on a nearby piece of cardboard 

painted with barium platinocyanide [66, 68]. Puzzled by this observation, Rontgen repeated 

his experiment with an intentionally covered tube, using heavy black cardboard to block the 

discharge glow caused by electrons striking the tube glass envelope [66-68]. Yet, after 

repeating his experiment multiple times, he continued to see fluorescent light emitted from the 

barium platinocyanide screen placed a good distance away from the tube [68, 69]. Convinced 

this effect was the result of electrons striking the glass walls of the tube, he theorized that a 

new kind of unknown radiation was repeatedly being produced during his experiments, which 

he termed “X-rays” [66-69]. 

Shortly after being identified, scientists became increasingly interested in discovering the 

mysterious properties of X-ray radiation. At the University of Munich, where Röntgen himself 

was appointed as chair of the Institute of Experimental Physics, many mathematicians and 

physicists further hypothesized on the fundamental laws that dominated the behavior of X-

rays, with no successful experimental evidence to support their theories [70]. After years of 

speculation, the nature of X-rays was finally experimentally evidenced through the works by 

Max von Laue, Walter Friedrich and Paul Knipping, who successfully observed the diffraction 

of X-rays when these interacted with a piece of copper sulfate (CuSO4) crystal [70, 71]. These 

results not only proved the long suspected wave-like behavior of X-rays, but also the 

hypothesis that crystalline solids consisted of ordered, periodic arrangements of atoms [70, 

72]. The Laue-Friedrich-Knipping experiments were closely followed by Paul Peter Ewald, 

William Henry Bragg and William Lawrence Bragg, who further developed the theoretical 
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framework for crystal diffraction theory that became the basis for its practical experimental 

use in crystallography studies [70-74].  

It is now well understood that X-rays are highly energetic electromagnetic waves of very short 

wavelengths, on the order of crystal lattice spacings. It is the interaction of X-rays with the 

electrons surrounding atoms regularly arrayed in crystal planes that gives rise to the physical 

phenomenon of diffraction. Since the intensity and pattern produced by diffracted X-rays 

depends on both the type and spatial arrangement of atoms in a crystal lattice, the analysis of 

XRD data is an ideal technique to investigate the structural properties of crystalline solids.  

In this chapter, a brief introduction to concepts utilized in diffraction physics is provided. The 

discussion offered is only meant to provide a basic understanding of the scattering of X-rays 

and the phenomena of diffraction from crystalline structures.   

 

2.2. Scattering of X-rays 

When radiation impinges on a periodic structure, diffraction effects can be observed only if the 

periodic spacing is of the same length scale as the incident radiation wavelength. Since X-rays 

have a wavelength range within the magnitude of crystal plane spacings, diffraction of X-rays 

by crystalline solids is possible when special scattering conditions are satisfied. X-ray 

scattering is conventionally tackled from two different approaches: kinematical and dynamical 

theories [64, 75]. The kinematical approach is suitable to explain weak scattering events, such 

as surface diffraction and diffuse scattering [64]. However, when strong scattering occurs and 

diffracted intensities are high, the kinematical theory treatment becomes inappropriate, leaving 

the dynamical approach to aid proper data interpretation [64]. Nevertheless, important concepts 

are shared between both theoretical regimes, such as the geometry necessary for diffraction 

and the mathematical framework used to describe scattering events that result in 

experimentally observed diffraction spectra.  
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2.2.1. Kinematical Theory of Diffraction 

To fully understand scattering from a crystalline structure, it is often useful to begin with the 

simplest case, where a scattering center is just a single free electron. When X-rays interact with 

electrons, the resulting scattering process may be categorized as either inelastic, elastic, 

coherent and/or incoherent [75-77]. Inelastic scattering defines processes in which the energy 

of the incident X-ray waves are transferred to the electron, such as Compton scattering and 

photon ionization [75, 76]. In contrast, elastic scattering involves no energy or momentum 

exchange. The electric field of the incident X-ray wave perturbs the electron and its 

acceleration, causing it behave like an oscillating electric dipole. Continuously accelerating 

and decelerating during its motion, the electron reemits new electromagnetic waves of the same 

wavelength and frequency as the incident wave [78]. The coherence of scattering refers to 

whether there are specific phase relationships between the reemitted electromagnetic waves 

that allows these to interfere constructively and destructively [77]. If there is no definitive 

phase relationship between the scattered X-ray waves, the event is categorized as incoherent; 

there is no interference and the resulting intensity is the sum of the intensities of the individual 

waves [77]. Conversely, in a coherent scattering event, the waves interfere and the total 

scattering intensity is the square of the sum of the X-ray wave amplitudes [77]. Thus, it is the 

coherent scattering of X-rays that contains structural information [77].  

Coherently scattered X-rays from a free electron may travel a distance R towards a point of 

observation, where the observed scattering intensity can be expressed as: 

 
𝐼 = 𝐼0

𝑃∗𝑟𝑒
2

𝑅2
, 

(2.1) 

where 𝐼0 is the intensity of the incident X-ray wave, 𝑟𝑒 is the classical electron radius  and 𝑃∗ 

is a factor dependent on the polarization [64, 75]. All terms in Equation 2.1 may be considered 

constant except for the polarization factor, which can reflect either σ- (out-of-plane) or π- (in-

plane) polarization, depending on the scattering angle [64, 75].  
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The ratio 
𝐼

𝐼0
 is often referred to as the electron scattering factor. Similarly, an atomic scattering 

factor, f, can be defined by coherently adding the scattering response of all electrons in an 

atom. This can be readily done by multiplying the free electron scattering factor by the atomic 

number, Z. However, this approach is only correct if all electrons are concentrated in a 

particular point in space and the scattering is in the forward direction, described by scattering 

angle of zero (nearly in-phase scattering) [64]. Since electrons are distributed within an atomic 

electron cloud, the scattered wave relationships must accounted for in order to properly 

describe coherent scattering intensity from an atom. One must add the scattered waves with 

regards to phase, since non-zero values of the scattering angle produce phase variations [64].  

Consider an electron at a position vector 𝒓𝒊 with respect to the atomic nucleus (or any 

arbitrarily assigned origin). The scattering response from this electron will produce an optical 

path difference of (𝒌 − 𝒌𝟎) ∙ 𝒓𝒊, where 𝒌𝟎 and 𝒌 are the wave vectors that describe the incident 

and scattered X-ray waves, respectively [78]. Then, scattered waves will be out of phase with 

those scattered at the atomic nucleus by a factor 𝑒𝑥 𝑝 (
2𝜋𝑖

𝜆
(𝒌 − 𝒌𝟎) ∙ 𝒓𝒊) [64]. Knowing these 

phase relationships, the total atomic scattering factor for an atom containing Z electrons can be 

expressed as: 

 

𝑓 =  ∑
𝐼

𝐼0
exp (

2𝜋𝑖

𝜆
(𝒌 − 𝒌𝟎 ∙ 𝒓𝒊)

𝑍

𝑖=0

 

(2.2) 

It proves convenient to define the difference between the incoming and outgoing wave vectors 

as the scattering vector, 𝑸. Figure 2.1 serves to illustrate these vector relationships, where the 

magnitude of both 𝒌𝟎 and 𝒌𝒉 is 
1

𝜆
. The magnitude of 𝑸 is written as: 

 |𝑸| =
2 sin 2𝜃

𝜆
, (2.3) 
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where 2𝜃 is the scattering angle [64]. Aside for simplifying mathematical expressions, defining 

the scattering vector is important to illustrate X-ray scattering in reciprocal space, which will 

be discussed in further sections.  

 

 

 

Figure 2.1. Schematic of the scattering vector, 𝑸, and its relationship to the incident (𝒌𝟎) and 

scattered (𝒌𝒉) wave vectors.  

 

Electrons surrounding the atomic nucleus are not usually assigned fixed points, but rather 

described by means of a probability density function. Denoted as 𝜌(𝑟), this probability 

function is a function of the distance r away from the nucleus [78]. Using the electron density, 

a more familiar expression for the atomic scattering factor can be obtained: 

 𝑓 = ∫ 𝜌(𝑟) exp (
2𝜋𝑖

𝜆
𝑸 ∙ 𝒓) 𝑑𝑉

𝑉
, (2.4) 

where dV corresponds to any volume element of the atom. More notably, the total scattered 

amplitude from an atom is the Fourier transform of the electron density function, a fundamental 

relationship in diffraction physics [64, 79].  
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In the same manner that atomic scattering factors are calculated by coherently adding the 

scattering response of electrons in an atom, the total scattering from a unit cell may be obtained 

by coherently adding the scattering contributions of all comprising atoms. As before, it is 

important to account for phase differences, which arise from the relationships between the 

scattering intensity and atomic positions. [78]. Doing so, the total scattering power of 𝑁 

number of atoms within a unit cell may be written as: 

 

𝐹(𝑄) = ∑ 𝑓𝑗(𝑄)exp (2𝜋𝑖𝑸 ∙ 𝒓𝒋)

𝑁

𝑗=1

 

(2.5) 

where 𝒓𝒋 is the position vector of the 𝑗th atom. This expression is known as the structure factor 

for a unit cell. As will be seen, the experimentally measured diffracted intensity is proportional 

to the square of the structure factor, |𝐹(𝑄)|2, which allows the determination of contents within 

unit cells, and hence, the identification of crystalline materials.  

Finally, the scattering amplitude of the entire crystal is obtained by adding the scattering 

response from all unit cells within the crystal.  For this, a vector 𝑻𝒌 is defined, which describes 

the position of the 𝑘th unit cell. Then, the total scattering amplitude is written as: 

 

𝐴(𝑄) = [∑ 𝑓𝑗(𝑄)𝑒𝑥𝑝(2𝜋𝑖𝑸 ∙ 𝒓𝒋)

𝑗

] [∑ 𝑒𝑥𝑝(2𝜋𝑖𝑸 ∙ 𝑻𝒌

𝑘

)] = 𝐹𝑘(𝑄)𝐽(𝑄) 

(2.6) 

where 𝐹𝑘(𝑄) is the structure factor for the 𝑘th unit cell, and  𝐽(𝑄) is the interference function 

[64]. To evaluate the interference function, it proves helpful to describe the crystal as a 

parallelepiped, whose dimensions are conveniently defined with respect to the unit cell basis 

vectors 𝒂, 𝒃, and 𝒄 [64]. Letting 𝑁𝑖 denote the number of unit cells in each side of the 

parallelepiped, then 𝐽(𝑄) can be expressed as: 

 

𝐽(𝑄) =  ∑ 𝑒𝑥𝑝 (2𝜋𝑖𝑁1𝒂 ∙ 𝑸

𝑁1

𝑁1=1

) ∑ 𝑒𝑥𝑝(2𝜋𝑖𝑁2𝒃 ∙ 𝑸)

𝑁2

𝑁2=1

∑ 𝑒𝑥𝑝

𝑁3

𝑁3=1

(2𝜋𝑖 𝑁3𝒄 ∙ 𝑸) 

(2.7) 
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where specific values must be assumed by the scattering vector in order for 𝐽(𝑄) ≠ 0 [64]. In 

other words, there are particular geometrical conditions that must be satisfied for constructive 

interference of scattered X-ray waves to occur. If so, the resulting diffracted intensity may be 

expressed as 𝐼 = 𝐹2𝐽2. The necessary angular relationships between the atomic planes in a 

crystal and the incident and scattered X-ray waves are well represented by means of Bragg’s 

law.  

 

2.2.1.1. Bragg’s Law and Diffraction 

The conditions for maximum intensity are well explained by the pictorial depiction introduced 

by W.H. Bragg and W.L. Bragg in 1913 [80]. Noting that crystals produced appreciable 

intensities only at certain incident angles and wavelengths, the Braggs developed a simple 

model in terms of reflection, where incident radiation is said to be “mirror-reflected” by 

parallel atomic planes that are equidistant from each other.  Following this assumption, the 

Braggs determined the difference in optical path length for two successive incident waves and 

calculated the difference in phase that must be satisfied for the waves to interfere 

constructively, leading to the fundamental relationship known as Bragg’s law [80, 81].   

Consider a rectangular crystal, comprised of successive (ℎ 𝑘 𝑙) planes separated a distance 

𝑑ℎ𝑘𝑙 from each other. Suppose two incident X-ray waves of wavelength 𝜆 are shined upon the 

crystal, hitting two specific spots in successive crystal planes. As shown in Figure 2.2, incident 

rays must travel along the crystal to reach the labeled reflection points A and B, where it 

becomes evident that the distance travelled by the ray incident on point B is longer than the 

distance travelled by the ray incident on point A.  Simple trigonometry demonstrates that the 

extra optical path travelled by the second ray must be is 𝐶𝐵 + 𝐵𝐷. Since the incident and 

diffracted waves makes an angle 𝜃 with this set of crystal planes, then the angle between the 

wavefronts and the perpendicular of the crystal planes (𝑑ℎ𝑘𝑙) is also 𝜃. As illustrated, then it 

can be shown that: 
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 𝐶𝐵 = 𝐵𝐷 = 𝑑ℎ𝑘𝑙 sin 𝜃 (2.8) 

Therefore, constructive interference occurs only when the path difference between the waves, 

2𝑑ℎ𝑘𝑙 sin 𝜃, is an integer number of the wavelengths, written formally as: 

 𝑛𝜆 = 2𝑑ℎ𝑘𝑙 sin 𝜃, (2.9) 

which is Bragg’s law [80] .  

 

 

 

Figure 2.2. Constructive interference of reflected waves by successive atomic planes in a 

rectangular crystal. If the reflected rays are to continue to travel adjacent and parallel to each 

other, the incident ray on point B must travel an extra distance that is a multiple of the 

wavelength. Therefore, 𝑛𝜆 = 𝐶𝐵 + 𝐵𝐷 = 2𝑑ℎ𝑘𝑙 sin 𝜃, formally known as Bragg’s law.  

 

Bragg’s equation summarizes the conditions for constructive interference, seen to solely 

depend on the incident wave angle and the interplanar distance between any set of crystal 

planes. While recognized as one of the most fundamental mathematical relationships in 

crystallography, Bragg’s law is derived from an oversimplified model and does not fully aid 

the identification of experimental data. Bragg’s equation only helps identify the incidence 
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angle at which maximum diffracted intensity can be achieved, commonly referred to as the 

Bragg angle. There is no additional information on the angular range for the total scattering 

process or of the spread of intensities, which provide relevant information regarding the crystal 

structure [64].  

 

2.2.1.2. Reciprocal Lattice and Scattering Vector 

In order to understand experimental observations, such as the ranges of diffracted intensity and 

the shape of diffraction peaks, a more extensive and generalized concept must be introduced: 

the reciprocal lattice. As will be shown, explaining diffraction within the reciprocal lattice 

space proves to be a crucial interpretation tool, since it allows non-ideal situations to be 

considered and hence, aids the identification of observable diffraction features beyond a 

recognizable diffraction maximum.  

The reciprocal lattice is a useful mathematical construct based on the real space dimensions of 

the crystal, where each lattice point is associated with a particular set of crystal planes. 

Reciprocal lattice points can be described by means of the reciprocal lattice vector, written as: 

 𝑯𝒉𝒌𝒍 = ℎ𝒂∗ + 𝑘𝒃∗ + 𝑙𝒄∗, (2.10) 

where 𝒂∗, 𝒃∗ and 𝒄∗ are the reciprocal space axes. These are related to the real space axes 𝒂, 𝒃 

and 𝒄 by the following relationships: 

 
𝒂∗ =

𝒃 × 𝒄

𝒂 ∙ [𝒃 × 𝒄]
 

(2.11a) 

 
𝒃∗ =

𝒄 × 𝒂

𝒃 ∙ [𝒄 × 𝒂]
 

(2.11b) 

 
𝒄∗ =

𝒂 × 𝒃

𝒄 ∙ [𝒂 × 𝒃]
 

(2.11c) 

where the denominator is the volume of the unit cell [64]. The end of each 𝑯𝒉𝒌𝒍 vector, starting 

from the origin, is a reciprocal lattice point that is associated with a specific family of (ℎ 𝑘 𝑙) 
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crystal planes. Therefore, the normal to these planes corresponds to the reciprocal space vector 

[64]. As defined, the reciprocal lattice can be visualized to be attached to the real crystal lattice. 

Directions in both the real crystal lattice and reciprocal lattice are kept the same; if the crystal 

orientation is changed with respect to an incident beam, the reciprocal lattice orientation is 

changed as well. However, as its name suggests, the reciprocal lattice dimensions are in 

reciprocal length, where |𝑯𝒉𝒌𝒍| =
1

𝑑ℎ𝑘𝑙
. As a result, any changes in the real crystal lattice that 

alter the dimensions of interplanar d-spacings will consequently affect the position of 

reciprocal lattice points [65].  

Since each point in the reciprocal lattice represents the direction and spacing of a related crystal 

plane, it becomes straightforward to illustrate diffraction within the context of reciprocal space. 

For this, the scattering vector, 𝑸, is again introduced. In fact, the scattering vector exists in the 

reciprocal space. As shown in Figure 2.3, Bragg’s diffraction conditions are satisfied only 

when 𝑸 = 𝑯𝒉𝒌𝒍. That is, the incident and diffracted beam vectors must make appropriate 

angles for the scattering vector to land in a reciprocal lattice point.  

 

 

 

 

 

 

 

 

 

 

 

 



28 

 

 

 

 

a) 

 

 

b) 

 

 

Figure 2.3. Schematic for the conditions required for Bragg diffraction, illustrated in (a) the 

real crystal lattice and (b) in the reciprocal lattice.  
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2.2.1.3. Ewald Sphere of Reflection 

To illustrate the dependence of crystal orientation to the generation of diffraction, the Ewald 

sphere of reflection is often introduced, where the relationships between all components of the 

diffraction experiment are presented in a simple and useful manner. This sphere is usually 

represented in a two-dimensional reciprocal lattice, drawn as a circle of radius  
1

𝜆
 whose center 

is placed along the incident beam. The reciprocal lattice origin, denoted as (0 0 0), is made to 

lie at the center of this circle. Since the real crystal lattice and the reciprocal lattice are linked 

together, it is convenient to make this origin the same point in both spaces, labeled point O in 

Figure 2.4 [82]. As the crystal is rotated, any reciprocal lattice point may be made to lie at the 

surface of the circle, where the Bragg condition for diffraction is met for a corresponding set 

of (h k l) crystal planes. Through this model, we can better identify reciprocal lattice points in 

diffraction space than we can planes in a real crystal [83].  
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Figure 2.4.  Schematic of the Ewald sphere construction in reciprocal space. The sphere has a 

radius of  
1

𝜆
. The origin of both the real crystal lattice and reciprocal lattice is set at point 𝑂. 

The vector 𝑷′𝑷 corresponds to the reciprocal lattice vector 𝑯𝒉𝒌𝒍. When the set of (ℎ 𝑘 𝑙) crystal 

planes are in reflecting position (Bragg’s condition), 𝑃 lies on the surface of the Ewald sphere. 

As such,  𝑷′𝑷 = 𝑯𝒉𝒌𝒍 = 𝑸, where 𝑸 is the scattering vector. The diffracted beam vector, 𝑶𝑷, 

is emitted towards a film plane or detector, where diffraction is recorded.   

 

2.2.1.4. Diffraction from Real Crystals  

Real crystals are not perfect. This means that instead of having complete destructive 

interference anywhere except at specific geometrical conditions, such as those described by 

Laue and the Braggs, there is partial constructive interference in other directions as well [84]. 

Weak diffraction arises from many sources, such as sample imperfections and undesirable 

instrumental factors, i.e. misorientation and wavelength spread of the incident X-ray beam 
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[64]. Analogous to Laue and Bragg interpretation for diffraction, the Ewald sphere 

construction does specify a geometrical condition in reciprocal space for maximum diffraction: 

the intersection of the edge of the sphere with a reciprocal lattice point. But, in order to explain 

experimentally observed features that are not exactly at diffraction maxima (non-ideal 

situations), a more generalized treatment for the geometry of diffraction must be explored.  

For a single unit cell, Equation 2.5 can be used to describe the total scattering amplitude in the 

direction of (𝒌𝟎 + 𝑯𝒉𝒌𝒍). The structure factor takes the form:  

 𝐹(𝒈) =  ∑ 𝑓𝑗(𝑯𝒉𝒌𝒍)exp (−2𝜋𝑖 𝑯𝒉𝒌𝒍 ∙ 𝒓𝒋)

𝑗

 
(2.12) 

where 𝑯𝒉𝒌𝒍 is a vector in reciprocal space corresponding to (ℎ 𝑘 𝑙) planes and 𝒓𝒋 is the position 

vector of the jth atom in the unit cell. Again, this equation represents the scattering 

contributions of all atoms within the unit cell, coherently added in the direction (𝒌𝟎 + 𝑯𝒉𝒌𝒍).  

When two unit cells separated by 𝒓𝒋 are considered, the phase difference between the scattered 

X-ray waves at each unit cell is described as −2𝜋(𝑸 ∙ 𝒓𝒋), where 𝑸 is the scattering vector. As 

stated, when the crystal is at an exact Bragg position, 𝑸 = 𝑯𝒉𝒌𝒍. However, if such conditions 

are only partially satisfied, i.e. crystal is slightly deviated from the exact Bragg position, then 

𝑸 ≠ 𝑯𝒉𝒌𝒍 (Figure 2.5). In order to describe diffracted intensities in such scenarios, the 

scattering vector can be expressed as: 

 𝑸 = 𝑯𝒉𝒌𝒍 + 𝒔, (2.13) 

where 𝒔 is a small vector in reciprocal space that indicates a deviation from the ideal Bragg 

diffraction conditions. When using the Ewald sphere construction, 𝒔 is defined as negative if 

the reciprocal lattice points lies outside the sphere and as positive it lies inside the sphere [84].  
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a) 

 

 

 

b) 

 

 

Figure 2.5. A section through reciprocal space of a crystal lattice, showing the position of the 

Ewald sphere for 𝑸 = 𝑯𝒉𝒌𝒍 and 𝑸 = 𝑯𝒉𝒌𝒍 + 𝒔.  
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Experimentally observed intensities may be calculated by means of the deviation vector 𝒔 and 

the interference function, introduced in Section 2.2.1. Imagine diffraction occurring from a 

thin, perfect crystal, described as a parallelepiped of sides 𝑁1𝒂, 𝑁2𝒃 and 𝑁3𝒃. The interference 

function must be rewritten as a function of 𝑸 = 𝑯𝒉𝒌𝒍 + 𝒔: 

 𝒂 ∙ 𝑸 = 𝒂 ∙ 𝑯𝒉𝒌𝒍 + 𝒂 ∙ 𝒔 = ℎ + 𝑁1𝑠1 (2.14a) 

 𝒃 ∙ 𝑸 = 𝒃 ∙ 𝑯𝒉𝒌𝒍 + 𝒃 ∙ 𝒔 = 𝑘 + 𝑁2𝑠2 (2.14b) 

 𝒄 ∙ 𝑸 = 𝒄 ∙ 𝑯𝒉𝒌𝒍 + 𝒄 ∙ 𝒔 = 𝑙 + 𝑁3𝑠3 (2.14c) 

where each 𝑠𝑖 value is a component of the deviation vector 𝒔 [64]. Note that when 𝒔 = 0, the 

interference function remains as originally presented. The scalar product of each basis vector 

and the scattering vector results in the corresponding Miller index component, which is an 

integer value. As such, the interference function becomes unity, since 𝑒𝑥𝑝(2𝜋𝑛𝑖) = 1 for any 

𝑛 integer value [64]. This is the case for constructive interference as described by Bragg’s 

conditions, which results in the observation of a strong diffracted intensity.  

When 𝒔 ≠ 0, the interference function is adequately transformed into 

 𝐽(𝑄 + 𝑠) = 𝐽(𝑄)

+ ∑ 𝑒𝑥𝑝(2𝜋𝑖𝑁1𝑠1)

𝑁1

𝑁1=1

∑ 𝑒𝑥𝑝(2𝜋𝑖𝑁2𝑠2)

𝑁2

𝑁2=1

∑ 𝑒𝑥𝑝(2𝜋𝜋𝑖𝑁3𝑠3),

𝑁3

𝑁3=1

 

(2.15) 

and the total scattering intensity from a thin crystal is then expressed as 

 
𝐼 = 𝐹2𝐽2 = 𝐹2

sin2(𝜋𝑁1𝑎𝑠1)

sin2(𝜋𝑎𝑠1)

sin2(𝜋𝑁2𝑏𝑠2)

sin2(𝜋𝑏𝑠2)

sin2( 𝜋𝑁3𝑐𝑠3)

sin2(𝜋𝑐𝑠3)
, 

(2.16) 

where 𝐹 corresponds to the structure factor a particular family of crystal planes [64]. A plot of 

the intensity when the deviation vector has a single component is shown in Figure 2.6. As 

expected, the scattering intensity is at its maximum value when 𝑠 = 0. The maximum intensity 

value increases significantly as 𝑁1 (number of unit cells) increases, since the resulting intensity 
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is reinforced by successive planes of atoms scattering in-phase [64]. Additionally, the width of 

the diffraction peaks varies inversely with 𝑁1. Therefore, for a thin crystal, diffraction peaks 

are expected to be broader and less intense than those exhibited by thicker crystals.   

 

 

 

 

Figure 2.6. Scattered intensity as a function of the deviation parameter for different values of 

𝑁1. The peak exhibits maximum intensity as 𝑠 = 0. As 𝑁1increases, the peak width is reduced 

and the maximum intensity is increased.  

 

For large, thick crystals, such as substrates and epitaxial films, the kinematical theory predicts 

infinitely narrow and intense diffraction peaks. But, this is not seen in experimentally. The 

kinematical theory effectively breaks down and a better theoretical model must be introduced. 
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Such models were later introduced by several scientists, who collectively developed the 

dynamical theory of diffraction.   

 

2.2.2. Dynamical Theory of Diffraction 

Peter Paul Ewald often distinguished between geometrical and kinematical theories. He 

concluded that the geometrical theories (i.e. Laue’s conditions and Bragg’s law) were useful 

for determining the directions in which scattered waves reinforce each other without 

cancellation, while the kinematical theory served to predict total scattered intensities [85]. As 

demonstrated, experimentally observed intensities are in fact the result of pure geometrical 

situations, since a diffraction spot is nothing but the Fourier transform of the electron density 

distribution within the sample. Yet, when investigating real samples, such as thick crystalline 

substrates and epitaxial layers, neither the geometrical nor kinematical theories prove sufficient 

to predict diffracted intensities. Consequently, the knowledge provided by these theories must 

be further extended.   

In the early 1900s, Laue’s and Bragg’s models were soon followed by more complex 

diffraction theories by Charles Galton Darwin, Peter Paul Ewald and Laue himself, in an effort 

to best represent the physics of X-ray wave interactions with a crystalline solid [86-90]. 

Independently, their works laid the foundations to modern dynamical diffraction theory, which 

has become particularly relevant to the X-ray scientist working with high-quality 

semiconductor materials. In contrast to the kinematical theory of diffraction, energy transfer 

into the diffracted beam is not ignored. That is, each individual diffraction event originating at 

a specific location within the crystal is understood to not act independently of any others. 

Elastic scattering is no longer assumed and diffraction is approached as a multiple-scattering 

phenomenon, where interference and rediffraction of diffracted beams is considered [64].  

The main idea offered by this theory is well depicted in Figure 2.7. If a perfect, thick crystal is 

shined by an X-ray beam at a specific angle, a set of reflecting crystal planes will produce a 
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diffracted beam. This diffracted beam also satisfies angular relationships with the set of 

reflecting planes, allowing for rediffraction to occur. Assuming all waves inside the crystal are 

plane waves, the energy spread throughout is imagined to concentrate in a triangular region 

known as the Borrmann fan [64].  

 

 

 

Figure 2.7. Schematic of the Borrmann fan, produced by diffracted and forward-diffracted 

beams produced by reflecting crystal planes. Image adapted from Ref. 64. 
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Any inhomogeneity within the crystal will affect the coupling between the forward-diffracted 

and diffracted beams. Therefore, to be able to predict the resulting diffracted intensity, it is 

necessary to consider the changes in wave amplitude of all forward-diffracted and diffracted 

beams at all uniform and nonuniform regions [64]. While highly cumbersome, this task can be 

tackled by well-developed mathematical treatments, such as the Takagi-Taupin theory.    

The power and elegance of the dynamical theory of diffraction can be well appreciated in 

discussions offered by dedicated textbooks and literature reviews, where the diffraction 

phenomena is not restricted to a two-beam approximation [85, 86]. Here, the discussion is only 

limited to the practical usage of the Takagi-Taupin theory for the interpretation of diffraction 

phenomena in real crystals.  

 

2.2.2.1. Takagi-Taupin Generalized Theory 

Dynamical diffraction theories are challenging to approach in a quantitative manner, mostly 

due to the difficulties underlined by the mathematical manipulation of X-ray wavefields and 

polarization effects [86]. Fortunately, Takagi and Taupin succeeded in providing a set of 

equations that could describe X-ray wavefields inside perfect and distorted crystals [91-93].  

The solutions to these set of equations are already integrated in most computer packages used 

to simulate XRD data, especially useful for III-V semiconductors, based on the procedures 

presented by Halliwell et. al. [64, 94].   

To introduce the Takagi-Taupin equations, a familiar notation for incident and scattered X-ray 

waves is utilized. The goal is to describe, to some extent, the final diffracted intensity when 

multiple interactions occur as the incident and scattered waves propagate through the crystal, 

either perfect or distorted. For this, a description of the rate of change in amplitude of scattered 

and forward-diffracted waves must be provided. Therefore, we consider wave vectors inside 

the crystal, usually denoted by 𝑲𝟎 (incident) and 𝑲𝑯 (scattered) wave vectors. Assuming that 

only the diffracted and forward-diffracted (transmitted) wave fields have significant intensity, 
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only their amplitude variations with position is needed, which occur in the propagation 

directions of the X-ray beams [95]. Let 𝒔𝟎 and 𝒔𝑯 describe the forward and diffracted 

directions, respectively [64]. The total amplitudes in each direction are described by a set of 

coupled second-order partial differential equations 

 𝜕𝐷0

𝜕𝒔𝟎
=

𝑖𝜋

𝜆
𝜒0𝐷0 +

𝑖𝜋

𝜆
𝑃∗𝜒−𝐻 𝑒𝑥𝑝(𝑖𝑯 ∙ 𝛿𝒖)𝐷𝐻 

(2.17a) 

 𝜕𝐷𝐻

𝜕𝒔𝑯
=

𝑖𝜋

𝜆
(𝜒0 − 𝛼𝐻)𝐷𝐻 +

𝑖𝜋

𝜆
𝑃∗𝜒𝐻 𝑒𝑥𝑝(−𝑖𝑯 ∙ 𝛿𝒖)𝐷0 

(2.17b) 

where 𝐷0 corresponds to the total amplitude of the diffracted wave, and 𝐷𝐻 is the total 

amplitude of the transmitted wave [64, 95, 96]. As before, 𝜆 is the X-ray wavelength, 𝑯 a 

reciprocal lattice vector and 𝑃∗ is the polarization factor. To describe crystalline defect 

distributions, an atomic displacement vector, 𝛿𝒖 is introduced. The Fourier components of the 

dielectric susceptibility of the crystal are denoted by 𝜒0 and 𝜒𝐻, which are proportional to the 

structure factors in the transmitted and diffracted directions [64, 95, 96]. Most importantly, the 

key parameter 𝛼𝐻is used, which represents the deviation of the incident wave angle from the 

Bragg position [64, 96]. Indeed, it is the inclusion of this parameter that gives experimental 

value to any solution of the Takagi-Taupin equations.  

 

2.2.2.2. Solution to Takagi-Taupin Equations 

Among the many solutions attempted for the Takagi-Taupin equations, Halliwell et. al. offered 

one of the most experimentally useful [94, 97]. In their solution, a sample is considered to be 

made up of a series of thin laminae of constant lattice parameter [64, 94]. As such, the crystal 

reflectance or total crystal diffracted amplitude will be a function of the crystal depth, 𝑍. 

Defining 𝑋 as the ratio between the diffracted and transmitted wave amplitudes, a first order 

differential equation is derived: 

 𝑑𝑋

𝑑𝑍
= (

𝑖𝜋

𝜆
sin 𝜃𝐵) [𝜒𝐻𝑋2 + (2𝜒0 − 𝛼𝐻(𝑍))𝑋 + 𝜒𝐻] 

(2.18) 
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where 𝜃𝐵 is the Bragg angle [94, 96]. In this equation, the deviation parameter is expressed in 

terms of the incident angle 𝜃, the lattice spacing 𝑑, and 𝜃𝐵, 

 
𝛼𝐻(𝑍) = −2𝜆(𝜃 − 𝜃𝐵)

cos 𝜃0

𝑑
 

(2.19) 

and it is denoted as a function of 𝑍, as well [94].  

According to Halliwell et. al., finding a solution for 𝑍 = 0 (at the surface of the crystal) is not 

possible, since the 𝑋 oscillates too rapidly [94]. Alternatively, if the crystal is thought to be 

comprised of multiple laminae or layers, then a solution may be written in terms of the value 

of 𝑋 at the top (exit) and bottom (entrance) of each layer [64, 94]. Let 𝑍 be the crystal depth 

above a certain depth 𝑊, which corresponds to the bottom of a layer. If the amplitude ratio at 

the bottom is known, denoted as 𝑋′, then the amplitude ratio at the top of the layer may be 

written as: 

 

𝑋 =

𝑋′𝐵 + 𝑖(𝐴𝑋′ − 𝑃∗𝛾0) tan (
𝜋

𝜆𝛾0
𝐵(𝑍 − 𝑊))

𝐵 − 𝑖(𝑃∗𝜒−𝐻𝑋′ + 𝐴) tan (
𝜋

𝜆𝛾0
𝐵(𝑍 − 𝑊))

 

 

(2.20) 

where the variables A and B correspond to: 

 

𝐴 =
(1 −

𝛾0

𝛾𝐻
) 𝜒0

2
+

𝛼𝐻𝜋

2
 

(2.21a) 

 
𝐵 = √𝐴2 + 𝑃∗2𝛾0𝜒−𝐻 

(2.21b) 

[64, 94]. The cosines of the inclination angles of the incident and diffracted waves with the 

inward-going surface normal are denoted 𝛾0 and 𝛾𝐻, respectively [64]. Considering a thick 

crystal, the amplitude ratio at a point 𝑊 deep inside the crystal is assumed to be zero (boundary 

condition). Consequently, 𝑋′ =
𝐷𝐻

𝐷0(𝑍)
= 0 [64]. The value of 𝑋 at the surface of the crystal is 

then the limiting value of Equation 2.20 when (𝑍 − 𝑊) is large and negative [94]. Therefore, 

the total crystal reflectivity is expressed as 
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𝑋 = − (

𝐴 + 𝐵𝑠𝑖𝑔𝑛(𝐼𝑚(𝐵))

𝑃∗𝜒−𝐻
) 

(2.22) 

where 𝑠𝑖𝑔𝑛 abbreviation corresponds to the signum function [64, 94]. In this final solution, 𝛼𝐻 

is the only real unknown variable, since all other parameters may be determined from the 

composition, the material structure and the measurement geometry [64, 94]. Unfortunately, 𝛼𝐻 

does not always satisfy Equation 2.19, requiring more elaborate mathematical expressions that 

can include all factors that change its value, i.e. composition, mismatch and strain [64]. 

Through adequate experimental procedures, modern computer packages are capable of 

extracting the necessary parameters from experimental data to provide values for the deviation 

parameter.  

 

2.3. Summary 

As presented in this chapter, diffraction theory has great practical usage. Being highly accurate, 

even with the use of a few assumptions, it allows for the correct interpretation of X-ray 

interactions with atomic scale structures [64]. Knowledge of the concepts introduced in this 

chapter are essential for the understanding of how the physical structure of crystalline materials 

relates to diffraction data. From here, it can be decided which models are best suited to fit 

experimental patterns and find reasonable solutions.  

Regarding the III-nitride materials, both the kinematical and dynamical diffraction theories are 

often employed to evaluate experimentally observed phenomena.  However, as will be seen in 

the next chapter, most cases may be interpreted within the kinematical theory. Still, both 

theories are already embedded in most available computer software and modeling tools, which 

is why knowledge of both theories is extremely important.  
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CHAPTER 3: X-RAY DIFFRACTION MEASUREMENTS AND 

APPLICATIONS 

3.1. Introduction 

Over the last two decades, state-of-the-art X-ray diffractometers have become an important 

component of modern characterization laboratories, delivering non-destructive, rapid, accurate 

and reproducible analysis of basic structural properties for a wide range of material types. 

Among those available, high resolution diffractometers are essential for semiconductor 

research. In contrast to powder X-ray diffractometers, high resolution systems utilize advanced 

X-ray optics and techniques that allow scanning methods for the detailed investigation of 

specific microstructural properties. Through HRXRD, single crystalline substrates, epitaxial 

films and multilayered heterostructures may be properly examined to acquire knowledge on 

defect densities, nonuniformity, strain, composition, crystal anisotropy, among others. The 

information gathered is then correlated to growth and post-growth processes, aiding quality 

control and material optimization.  

High-resolution diffractometers are incredibly versatile, providing several options in which 

optical components may be combined to satisfy specific scanning modes and geometries. This 

chapter discusses some of the most common X-ray instrumentation and methods appropriate 

for thorough semiconductor X-ray metrology, particularly those necessary for the examination 

and quality assessment of III-nitride crystalline materials. These methods were used for the 

realization of this work.  

 

3.2. Instrumentation 

All diffractometers are generally equipped with three main parts: incident beam optics, 

diffracted beam optics and a sample stage or holder, as shown in Figure 3.1. These are mounted 

on a goniometer, which is a horizontal platform that can perform motorized movements of one 
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or more components with very fast slewing [98, 99]. The goniometer provides small step sizes 

and high angular accuracy, which is critical for precise measuring.  

A popular system sold internationally is the PANalytical X’Pert Materials Research 

Diffractometer (MRD), which is a multipurpose diffractometer with numerous optics settings 

and pre-fix modules [98, 99]. This section serves to describe some of the basic arrangements 

of the MRD, as employed for the studies presented in this dissertation.  

 

 

 

Figure 3.1. Schematic diagram of the MRD setup. Main components include incident beam 

optics, diffracted beam optics and sample cradle. The X-ray source and incident beam optics 

are rigidly attached to the base plate of the horizontal goniometer. The diffracted beam optics 

and sample cradle are built on co-axial 2𝜃 and 𝜔 drives, respectively, which are also mounted 

on the goniometer. Image adapted from Ref. [99].  

 

3.2.1. X-ray Sources 

Laboratory sources for X-ray radiation are usually vacuum-sealed tubes, classified into two 

types: rotating anode and microbeam [64]. The latter is most commonly used in modern 
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diffractometer systems. Both types of tube sources are comprised of two main components: a 

dual metal filament assembly (cathode) and a metal target (anode). The metal filaments are 

heated to very high temperatures, producing electrons via thermionic emission. This process 

requires filament materials that can withstand high amounts of heat and do not easily vaporize, 

such as tungsten (W). The filaments are arranged in such a manner that boiled-off high-energy 

electrons stream off into collision with the anode material under the presence of a high voltage. 

This constant electron beam source impinging on the metallic anode produces X-rays with a 

continuous energy distribution, known as Bremsstrahlung or white radiation [100]. The overall 

process is extremely inefficient, and most energy is dissipated as heat upon collision [101]. 

Therefore, it is necessary to overcome overheating and tube failure through water-cooling the 

metallic anode.  

Superimposed onto the white radiation spectrum are the characteristic X-ray lines, which arise 

from the ionization of an electron in the K shell of an anode atom [100]. The resulting electron 

vacancy is filled through the de-excitation of an electron from a higher energy level, where the 

energy released in the process is transformed into an X-ray wave of a specific energy, 

determined by the anode material (hence the term characteristic) [100].  

Commercialized X-ray tubes provide a large range of anode pure metal choices, all with 

reasonably high melting points. Among these, the most used in materials research 

diffractometers is the copper (Cu) target, for which 𝐾𝛼 (𝐿𝑠ℎ𝑒𝑙𝑙 → 𝐾𝑠ℎ𝑒𝑙𝑙) and 𝐾𝛽(𝑀𝑠ℎ𝑒𝑙𝑙 →

𝐾𝑠ℎ𝑒𝑙𝑙) characteristic X-ray lines are expected of 8.038 keV and 8.905 keV energies, 

respectively [100]. These lines appear when the accelerating voltage is high enough, usually 

above 25 kV. However, the recommended operating voltage of the system is 45 kV. The typical 

X-ray spectrum from a Cu target is shown in Figure 3.2.  

 



44 

 

 

 

 

 

 

Figure 3.2. X-ray radiation spectrum produced from a Cu metal target at different accelerating 

voltages. Characteristic lines 𝐾𝛼 and 𝐾𝛽 are labeled. Image adapted from Ref. [102].  

 

3.2.2. Incident Beam Optics 

The X-ray tube may be set to either one of two focus types: point or line. For high resolution 

experiments, the point focus application is used, with 10 mm X 1.0 mm dimensions [98]. In 

either setting, the X-ray source must be accompanied by conditioning optics that can efficiently 

capture the X-ray radiation produced and turn it into an incident beam of a single or narrow 

range of wavelengths. Particularly for high-resolution measurements, a beam of 

monochromatic or nearly monochromatic X-rays is necessary. Therefore, most experiments 



45 

 

 

 

 

require setting a crystal monochromator between the X-ray tube source and the crystalline 

sample.   

The most popular type is the two or four-crystal Bartels monochromator, which is based on a 

U-shaped arrangement of channel-cut, nearly perfect single crystals, typically chosen to be 

germanium (Ge) [98]. The crystals have (1 1 0) surfaces and may be preset for either the  

Ge (2 2 0) or Ge (4 4 0) reflection [98, 103]. Since Bragg reflection at each crystal narrows 

the X-ray beam, the number of crystals in the monochromator defines the wavelength spread, 

∆𝜆

𝜆
. Using a four-bounce Ge (2 2 0) monochromator, the X-ray radiation from a Cu target tube 

results in Cu𝐾𝛼1 (𝜆 = 1.54056 Å) incident beam, with an angular divergence of less than 12 

arc sec and  
∆𝜆

𝜆
= 7x10−5 [98]. The arrangement of this particular monochromator is shown in 

Figure 3.3.  

 

 

 

Figure 3.3. Schematic of a four-crystal Bartels monochromator, showing the X-ray beam path. 

Bragg reflection is satisfied at each Ge (1 1 0) crystal, resulting in a monochromated and 

collimated X-ray beam. Image adapted from Ref. [98].  
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3.2.3. Diffracted Beam Optics 

Among the possible MRD configurations that employ the incident crystal monochromator, two 

options are mostly utilized, defined by the chosen diffracted beam optics. These are popularly 

introduced in literature as double-axis and triple-axis geometries, shown in Figure 3.4. The 

MRD setup allows for both geometries to be conveniently interchangeable, with no extensive 

alignment procedures to switch from one setting to the next. Both are provided with a detector 

to record the intensity of the diffracted beam. Results presented in this dissertation were 

recorded using a scintillation detector. X-ray photons impinge on a scintillation crystal that 

fluoresce visible photons, of which about half head towards a photomultiplier tube [104]. These 

are converted to voltage pulses, which are proportional to the number of visible photons, 

remaining linear within 1% up to a counting rate of approximatedly 105 counts per second 

(cps) [105].   
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Figure 3.4. Schematic of MRD configurations with different diffracted beam parts; (a) double-

axis configuration and (b) triple-axis configuration. Images adapted from Ref. [98].   

 

In the double-axis or double-crystal geometry (Figure 3.4a), a scintillation detector is placed 

behind a 6 mm aperture slit holder. If no slits are placed in the slit holder, the angular 

acceptance range for diffraction measurements is ∆𝜃 ≈ 2°, which correspond to open detector 

measurement [98]. Otherwise, receiving slits of different sizes may be placed to alter this 

acceptance range and achieve a finer resolution.  

In the triple-axis or triple-crystal geometry (Figure 3.4b), an analyzer crystal is placed in front 

of the detector. This analyzer crystal has also a U-shaped, channel-cut arrangement of Ge 

(1 1 0) crystals. The three crystals are aligned in the Ge (2 2 0) reflection mode, which bounce 

off the diffracted beam to eliminate forward scattering [98]. With the analyzer crystal, the 
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angular acceptance range reduces to ∆𝜃 ≈ 12 arc sec, a much higher resolution than the open 

or slit detector setting.  

 

3.2.4. Sample Stage 

The goniometer has a flat, circular sample stage mounted on a motorized cradle that can offer 

vast sample-positioning freedom. Large translations in the X-, Y- and Z-axes may be 

performed with very high precision (Figure3.5a). Additionally, the cradle may rotate the 

sample stage about two different axes: 𝛷 and 𝛹 (Figure 3.5b). The capabilities of the MRD 

cradle are summarized in Table 3.1. Different scan settings and geometries may be employed 

through the manipulation of these axes, in addition to the movement of the detector angle (2𝜃) 

and the angle between the sample surface and the incident beam (𝜔), which are controlled by 

the drives mounted on the goniometer, as labeled in Figure 3.1.  
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Figure 3.5. Schematic showing all possible sample stage movements, available through the 

MRD cradle: a) X-, Y- and Z- translations and b) 𝛷 and 𝛹 rotation axes. The 𝜔-axis is parallel 

to the diffractometer axis. Angular 𝜔 movements are performed by the 𝜔 drive, mounted on 

the goniometer [98].  

 

Table 3.1. Summary of MRD cradle movement capabilities, as listed by the PANalytical MRD 

manual [98].  

 

Motorized Movement Range Step Size Other Details 

X-axis (Horizontal) 100 mm (± 50 mm) 0.01 mm Accuracy: 10 µ 

Y-axis (Vertical) 100 mm (± 50 mm) 0.01 mm Accuracy: 10 µ 

Z-axis (Height) 10 mm 0.001 mm Accuracy: 10 µ 

𝛷-axis (In-plane rotation) ≥ 2 x 360° 0.02° Reproducibility: ±0.01° 

𝛹-axis (Tilting) 180° (± 90°) 0.01° Reproducibility: ±0.01° 
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3.3. Scanning Methods 

In the previous chapter, we defined the scattering vector 𝑸 as the vector difference between 

the incident and diffracted beams. 𝑸 exists in reciprocal space; when 𝑸 = 𝑯𝒉𝒌𝒍, Bragg 

diffraction is satisfied. Changing the length and direction of 𝑸 through the manipulation of 

angular relationships between the sample axes, the incident beam and the diffracted beam 

allows for different areas in reciprocal space to be investigated. Hence, HRXRD scans types 

may be described by how these can move 𝑸 through reciprocal space. 

Reciprocal space coordinates are described using 𝑸 coordinates, (𝑄𝑥, 𝑄𝑦), which are defined 

as 

 𝑄𝑥 =
2𝜋

𝜆
[sin 𝜔 + sin(𝜔𝑓)]  (3.1) 

 𝑄𝑦 =
2𝜋

𝜆
[cos 𝜔 − cos(𝜔𝑓)], (3.2) 

where 𝜔𝑓 is the difference between the detector angle (2𝜃) and the angle between the incident 

beam and the sample surface (𝜔) [65, 106]. Since reciprocal lattice coordinates are directly 

related to diffractometer angles, the position of 𝑸 is altered by the angular rotations performed 

through the goniometer. However, since reciprocal space is attached to the real sample, the 

reciprocal space areas exposed to 𝑸 are also affected by sample positioning through the MRD 

cradle rotation axes. Considering all possible manipulations, several scan types and geometries 

are available in high resolution diffractometers. Scan types are described in Table 3.2. Figure 

3.7 shows the possible diffraction geometries in which these scans may be performed. Figure 

3.6. shows how linear scans and RSMs provide information on the reciprocal space, described 

in detail in Section 3.5.  
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Table 3.2. List of the most often used HRXRD scans, described in both real and reciprocal 

space [65, 106] .  

 

Scan Type Description 

Single Scans In Real Space In Reciprocal Space 

𝜔-scan 

(X-ray rocking 

curve) 

Goniometer rotates the 𝜔 drive 

(Figure 3.1). Minimum step size 

is 0.0005°. 

𝑸 traces an arc centered at a 

reciprocal lattice point.  

2𝜃-scan 

(Detector scan) 

Goniometer rotates the 2𝜃 drive 

(Figure 3.1). Minimum step size 

is 0.0005°.   

𝑸 traces an arc along the edge of 

the Ewald sphere. 

𝜙-scan The sample undergoes in-plane 

rotation along the 𝜙-axis of MRD 

cradle (Figure 3.5b).  

The entire reciprocal space is 

rotated, exposing 𝑸 to a different 

reciprocal space area.  

𝜓-scan The sample undergoes rotation 

along the 𝜓-axis of MRD cradle 

(Figure 3.5b).  

The entire reciprocal space is 

rotated, exposing 𝑸 to a different 

reciprocal space area.  

Coupled Scans  

2𝜃-𝜔 scan or 

𝜔-2𝜃 scan 

(Radial scan) 

Goniometer rotates 𝜔 and 2𝜃 at 

an angular ratio of 1:2. 2𝜃-𝜔 scan 

plot has 2𝜃 values in the 

abscissa., while 𝜔-2𝜃 scan plot 

has ω values.  

𝑸 changes in length, preserving 

direction.  

𝑄-scan 

(Radial scan) 

Goniometer rotates ω and 2θ at 

non-integer ratios. Scan is plotted 

in reciprocal lattice units. 

𝑸 changes length, preserving 

direction. 

Reciprocal 

space map 

(RSM) 

Goniometer combines multiple 

offset scans, typically radial scans 

at different 𝜔 offsets. Plotted map 

shows intensity distribution. 

Combination of all possible 𝑸 

trajectories within a selected area 

in reciprocal space, centered at a 

reciprocal lattice point.   
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Figure 3.6. Reciprocal space diagram showing areas as accessed by a) linear scans and b) high-

resolution RSMs. Images adapted from Ref. [65, 107]. 

 

 

 

 

Figure 3.7. Diffraction geometries available in with a four-circle goniometer setup. Images 

adapted from Ref. [65].  
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3.4. Resolution in Reciprocal Space 

The X-ray scientist must understand how optical components in the diffractometer alter the 

distribution of scattered intensity in reciprocal scape in order to provide correct quantitative 

descriptions of X-ray measurements [106]. Often, reciprocal lattice points appear broadened 

or smeared, which is a complex convolution of several factors, of which many are unrelated to 

the crystalline character of the sample under study [65]. These include the physical size of the 

sample, the non-zero divergence and wavelength spread of the nearly monochromatic incident 

beam and the angular width of the diffracted beam optics [65] . Therefore, once optical 

components are selected, it is necessary to understand how these affect the resolution of the 

experiment.  

The HRXRD scan is averaged over a selected area in reciprocal space, labeled appropriately 

as the resolution area, 𝐴𝑅 = ∆𝑄𝑥∆𝑄𝑦 [106]. As defined, the position and dimensions of this 

obliquely shaped area are determined by the diffractometer angles 𝜔 and 2𝜃, and it depends 

on the angular divergences of the incident beam and diffracted beam (Figure 3.8). Therefore, 

it may be stated that 𝐴𝑅 effectively defines the probing volume of 𝑸 [65].  

Regarding HRXRD measurements, both the double-axis and triple-axis geometry provide a 

finite incident beam divergence determined by the angular acceptance of the four-bounce 

crystal monochromator (𝛿𝜔 ≈ 0.005°) [98]. Yet, because of the analyzer crystal, the diffracted 

beam divergence in the triple-axis setting (𝛿𝜃 ≈ 0.005°) is much smaller than in the open 

detector geometry (𝛿𝜃 ≈ 5°) [65].  
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Figure 3.8. Shape of the resolution area at a particular reciprocal lattice point. The resolution 

area is defined by the incident beam and diffracted beam divergences. Yellow semicircles 

denote inaccessible areas in reciprocal space areas due to the sample blocking either the 

incident or diffracted beam [65, 106]. 

 

The triple-axis setting adds additional low-intensity features to the reciprocal space as a 

consequence of the combined analyzer and monochromator crystals, shown in Figure 3.6b. 

These may be recorded when RSMs are performed. The finite angular divergence of the 

incident beam and narrow angular acceptance of the detector alter 𝐴𝑅, transforming it into a 

small stripe that is inclined by an angle 
2𝜃

2
 with respect to 𝑄𝑦, denoted as the analyzer streak 

[65, 106]. Likewise, due to the angular divergence of the diffracted beam and finite acceptance 
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of the detector, a monochromator streak is exhibited, inclined by an angle 
2𝜔

2
 with respect to 

𝑄𝑦, in the opposite direction of the analyzer streak [65, 106]. A third streak may be observed 

due to the finite wavelength spread, ∆𝜆, spreading 𝑸 in the radial direction away from the 

origin [65].  

 

3.5. Data Acquisition and Interpretation  

Many factors affect the size and shape of reciprocal lattice points, and separating their 

individual contributions to the measured diffraction peak can be a challenging task. As 

discussed, finite broadening of reciprocal lattice points should be expected to come from the 

optical elements used during the experiment. This instrumental broadening adds to peak 

broadening due to sample characteristics, such as its dimensions, shape, strain and 

microstructure [65]. The resulting diffraction peak is then a complex convolution of all factors 

that contribute to its total integral breadth, describable as 

 𝛽𝐿 = 𝛽𝑠𝑎𝑚𝑝𝑙𝑒 + 𝛽𝑖𝑛𝑠𝑡𝑟𝑢𝑚𝑒𝑛𝑡, or (3.3) 

 𝛽𝐺
2 = 𝛽𝑠𝑎𝑚𝑝𝑙𝑒

2 + 𝛽𝑖𝑛𝑠𝑡𝑟𝑢𝑚𝑒𝑛𝑡
2 , (3.4) 

where 𝐿 and 𝐺 subscripts refer to Lorentzian and Gaussian peak shapes, respectively [65]. 

𝛽𝑠𝑎𝑚𝑝𝑙𝑒 is the sum of all broadening factors coming from the sample. These are classifiable by 

their effect on reciprocal lattice points, usually creating finite extensions in specific directions 

in reciprocal space. Because of its directionality, certain scan types prove more suitable than 

others to attain information on a particular sample property. Therefore, proper measurement 

and data analysis requires knowledge on how a sample imperfection distorts the reciprocal 

lattice.  
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3.5.1. Broadening in Reciprocal Space 

III-nitride single crystals and epitaxial films can often exhibit one or more types of structural 

defects. For each dislocation type present, an associated local lattice distortion will be 

observed, described by the Burgers vector of the lattice dislocation. Necessarily, the presence 

of these defects affects the shape and position of reciprocal lattice points, which is measurable 

by HRXRD methods. Three different types of perfect dislocations are commonly found in III-

nitride materials: screw, edge and mixed type dislocations [108]. These are summarized on 

Table 3.3.  
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Table 3.3. Characteristics of perfect dislocations present in III-nitride crystalline materials [65, 

109, 110].  

 

Schematic of Dislocation Burgers Vector Description 

 

 

 

 

𝒃 = 〈0001〉 

 Threading screw type dislocations, 

denoted as 𝒄-type  

 Line direction is parallel to 𝒃  

 Glide planes: {11̅00} 

 

 

 

 

𝒃 =
1

3
〈112̅0〉 

 Threading edge type dislocations, 

denoted as 𝒂-type 

 Line direction is perpendicular to 𝒃  

 Glide planes: {0001}, {11̅00}, {11̅0𝑙} 

 

 

 

 

𝒃 =
1

3
〈112̅3〉 

 Mixed type dislocations, denoted as 

(𝒄 + 𝒂)-type 

 Located either in the prismatic or 

pyramidal glide plane 

 Glide planes: {11̅00}, {11̅0𝑙} 

 *Dislocation lines are assumed to be parallel to the c-axis.  

 

Because of its simplicity, the mosaic model is often employed for the approximation of 

dislocations [65]. The model assumes that the internal anatomy of a sample may be described 
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as an extended network of densely packed, small mosaic blocks, which are randomly arranged 

and distributed with respect to each other [111]. As depicted in Figure 3.9, each mosaic block 

may be thought of as a nearly perfect crystal region that becomes interrupted by the presence 

of a defect, limiting its lateral and vertical extension [111, 112]. Depending on the defect, these 

mosaic blocks can be misoriented with respect to each other, either by twist (in-plane rotation) 

or tilt (out-of-plane rotation) [65, 111]. 

 

 

 

Figure 3.9. Schematic of an epitaxial layer, as described by the mosaic structural model. Four 

characteristic parameters are available through this model: lateral coherence length (LCL), 

vertical coherence length (VCL), mosaic tilt and mosaic twist [111]. The model is equally 

applicable to bulk materials.  

 

The effects of mosaic broadening factors on reciprocal lattice points measurable in symmetric 

(S), asymmetric (A) and skew-symmetric (SS) diffraction geometries are depicted in Figure 

3.10. All factors combined lead reciprocal lattice points shaped as ellipsoids, often 

experimentally seen when RSMs are recorded. If single scans are employed, the direction of 

the scan must coincide with the defect broadening of interest.  

 

 



59 

 

 

 

 

 

 

 

 

Figure 3.10. Representation of reciprocal lattice broadening due to sample imperfections. The 

red line is directed out of the plane. Image adapted from Ref. [65]. 

 

3.5.2. X-ray Rocking Curves (𝛚-scans) 

Looking at Figure 3.10, we see that X-ray rocking curve (XRC) scans prove ideal to assess the 

degree of mosaic tilt and twist (defect broadening), given the proper diffraction geometry is 

used. However, any present broadening effects due to lateral coherence length (LCL), lattice 

strain and wafer curvature will be also detected when performing this scan. As such, the XRC 

scan is one of the most useful line scanning methods, rich in information that can be assessed 
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quickly, but requiring complex peak deconvolution for proper interpretation of broadening 

factors. 

The XRC curve scan is performed under double-axis geometry, in order to assess the full arc 

broadening along a reciprocal lattice point. The recorded XRC peak width is reported as the 

full-width at half maximum (FWHM). Neglecting intrinsic crystal width and instrumental 

broadening, an expression for XRC-FWHM (𝛽𝑋𝑅𝐶) should include all main contributing 

factors: 

 

 𝛽𝑋𝑅𝐶
𝑛 = 𝛽𝛼

𝑛 + 𝛽𝜀
𝑛 + 𝛽𝐿𝐶𝐿

𝑛 + 𝛽𝐶
𝑛,  (3.5) 

where 𝑛 is adjusted according to the XRC peak profile of the XRC and the subscripts 𝛼, 휀, 𝐿𝐶𝐿 

and 𝐶 denote intrinsic crystal, lattice rotation (tilt or twist), strain, lateral coherence length 

(LCL) and curvature broadening, respectively [65].  

 

3.5.2.1. Mosaic Tilt and Twist 

As described in Table 3.3, threading screw dislocations distort the (0 0 0 𝑙) planes, leading to 

lattice distortions that can be modeled as mosaic block tilts [65]. Similarly, threading edge 

dislocations lead to mosaic block in-plane twist, since these run along the [0001] direction. 

When XRCs are recorded about symmetric (skew-symmetric) reflections, the mosaic tilt 

(twist) magnitude is assessed and may be correlated to the density of screw (edge) dislocations.   

A known formula derived by Gay et al for determining dislocation densities from XRC-

FWHM values is: 

 𝜌 =
𝛽𝑋𝑅𝐶

2

(2𝜋)𝑏2  ln 2
, 

(3.6) 

where 𝑏 corresponds to the length of the Burgers vector of either screw or edge-type 

dislocations [65, 113-115]. This formula assumes a random dislocation distribution and works 

well for materials possessing a wide range of dislocation densities. However, since the elastic 
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energy of a crystal possessing a random distribution of dislocations is proportional 𝑏2, it is 

necessary to consider Burgers vector correlation in Equation 3.6. [113, 116]. Kaganer et al 

proposed a modification that would adequately scale the dislocation density to a mosaic crystal 

length at which the total Burgers vector would average to zero, known as the characteristic 

length of dislocation correlation, 𝐿𝐶 [65, 113]. Using a dimensionless parameter 𝑀 = 𝐿𝐶√𝜌, a 

more accurate equation for dislocation density may be written as:  

 𝜌 =
∆𝛽𝑋𝑅𝐶

2

[2.4+ln(𝑔√𝑓𝑀)]
2

𝑓𝑏2
, 

(3.7) 

where the parameters 𝑔 and 𝑓 are determined by the dislocation type and reflection geometry, 

respectively [113]. The correct approximations for screw (edge) type dislocation densities from 

symmetric (skew-symmetric) XRCs then become 

 𝜌𝑠 ≈
36𝛽𝑋𝑅𝐶−𝑆

2

(2.4+ln 𝑀)2𝑏𝑠
2                 (screw)  

(3.8) 

 𝜌𝑒 ≈
18∆𝛽𝑋𝑅𝐶−𝑆𝑆

2 cos2 𝜃𝐵

(2.4+ln 𝑀)2𝑏𝑠
2           (edge) 

(3.9) 

where 𝜃𝐵 represents the Bragg angle for either the symmetric (S) or skew-symmetric (SS) 

reflection [65, 113]. 

Dislocation density approximations in III-nitride materials using the XRC method is routinely 

approached by measuring the (0002), (101̅2) and (303̅2) reflections to estimate the quantity 

of screw, mixed-type and edge dislocations, respectively. For high dislocation density films, 

the measured XRC-FWHM is dominated by broadening due to mosaic tilt or twist, and can be 

substituted in Equations 3.8 and 3.9 without the need to separate contributions from any other 

broadening factors. Yet, for low dislocation density materials, this approach is incorrect and 

peak deconvolution is critical. This is also the case for samples that suffer from wafer 

curvature, which can contribute significantly to the broadening and shape of the XRC (Figure 

3.10).   
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3.5.2.2. Wafer Curvature 

In-plane biaxial film stress generated during epitaxy may cause the substrate to respond by 

deformation. Often, the substrate will undergo slight bending, resulting in a measurable wafer 

curvature that is proportional to the film stress. If the wafer curvature is large, it can affect the 

width and shape of diffraction peaks, particularly those collected from XRC scans. Therefore, 

it is necessary to separate the curvature broadening from defect broadening when 

characterizing dislocation content through XRC measurements.    

Due to the wafer curvature, the incident beam will suffer an angular change from one side of 

the beam to the other. As such, wafer curvature broadening in Equation 3.5 may be expressed 

as 

 𝛽𝐶 =
𝑊

𝑅 sin 𝜃𝐵
, (3.10) 

where 𝑊 is the incident beam width, R is the radius of curvature and 𝜃𝐵 is the Bragg angle 

[117]. To separate the effect of wafer curvature on the full XRC-FWHM, the radius of 

curvature must be measured. Luckily, this is easily done by taking high-intensity symmetric 

XRC scans at two different wafer positions. Tracking the change in ∆𝜔 absolute position with 

sample translation, ∆𝑥, the radius of curvature is calculated as [65]: 

 

 𝑅 =
∆𝑥

∆𝜔
, (3.11) 

Wafer curvature may be spherical, elliptical or cylindrical, depending on the film stress. While 

spherical curvature is most common in III-nitrides, all three types are possible, requiring radius 

of curvature measurements in more than one rotational orientation [65].  

Once the wafer curvature is assessed, the film stress may be calculated using the Stoney 

formula, which for spherical curvature is written as 

 𝜅 =
6𝜎𝑓𝑡𝑓

𝑀𝑠𝑡𝑠
2 , (3.12) 
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where 𝜅 is the wafer curvature, 𝜎𝑓 is the biaxial film stress, 𝑀𝑠 is the substrate biaxial modulus, 

and 𝑡𝑓 and 𝑡𝑠 are the film and substrate thicknesses, respectively [118-120]. At very high film 

stress, this equation may be modified for the elliptical and cylindrical curvature cases [65, 121].  

 

3.5.2.3. Lateral Coherence Length  

The LCL and VCL describes the length for coherent scattering in the lateral and vertical planes, 

respectively. In a perfect crystal, these lengths are only limited by the physical size of the 

sample. When dislocations are present, both the LCL and VCL are further reduced to a specific 

length, equivalent to mosaic block or crystallite size. As such, both the LCL and VCL are often 

reported as an additional measure of the crystalline quality of the sample under investigation.  

Like mosaic tilt, a limited LCL produces broadening of the reciprocal lattice point (𝛽𝐿𝐶𝐿) in 

the (𝑄𝑥, 𝑄𝑦) plane (Figure 3.10)  [65, 111]. For symmetric and asymmetric reflections, this 

broadening must be carefully identified for screw dislocation densities to be accurately 

estimated from XRC scans. A custom method used to separate 𝛽𝛼 and 𝛽𝐿𝐶𝐿 from the XRC-

FWHM is the Williamson-Hall (W-H) plot measurement. As depicted in Figure 3.10, for 

higher angle (0 0 0 𝑙) symmetric reflections, reciprocal lattice broadening from mosaic tilt 

increases. Yet, LCL is not affected by scattering order. This allows for the following 

mathematical relationship to hold true 

 𝛽𝑋𝑅𝐶 sin 𝜃𝐵 = 𝛽𝛼 +
𝜆

2(𝐿𝐶𝐿)
, (3.13) 

where 𝜆 is the X-ray wavelength [65, 122]. If XRC scans are performed for two or more 

symmetric reflections, a linear plot in the form of Equation 3.12 allows for the mosaic tilt and 

LCL values to be approximated.  

 

3.5.3. 𝟐𝛉 − 𝛚 Radial Scans 

As shown in Figure 3.6, the radial scan changes only changes the length of the scattering vector 

in reciprocal space. At a defined direction, the radial scan reaches the center of reciprocal 
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lattice point, from which absolute values of VCL, 휀, 𝜃ℎ𝑘𝑖𝑙 and 𝑑ℎ𝑘𝑖𝑙 may be calculated for a 

single material of unknown strain state. In the case of alloy films grown on dissimilar 

substrates, a chosen direction in reciprocal space can be chosen so that the radial scan reaches 

the pole of a substrate and film reciprocal lattice points, providing a useful and simple approach 

to analyze relaxation and/or composition of the film with respect to the substrate.  

 

3.5.3.1. Vertical Coherence Length and Microstrain 

A limited VCL will broaden the reciprocal lattice point in the 𝑄𝑧 direction only (Figure 3.10). 

However, for symmetric reflections, 𝑄𝑧-broadening reflects changes in interplanar spacing, 

∆𝑑ℎ𝑘𝑙, arising from film microstrain, 휀, which is generated from small-scale strain gradients 

due to dislocations [65].  To separately assess VCL effects, a W-H plot is employed, a 

relationship between VCL and 휀 is written as 

 𝛽2𝜃−𝜔
𝑛 = 𝛽𝑉𝐶𝐿

𝑛 + 𝛽𝜀
𝑛, (3.14) 

where 𝛽2𝜃−𝜔 describes the FWHM of the radial scan, 𝛽𝑉𝐶𝐿is broadening from limited VCL 

and 𝛽𝜀 is broadening due to microstrain [65, 122, 123]. For both W-H plot versions, 

characterization of III-nitrides is done with symmetric reflections of 𝑙 = (2,4,6).  

 

3.5.3.2. Lattice Parameter Measurements 

An important problem in III-nitride epitaxy is related to the role of large lattice and thermal 

expansion coefficient mismatch between the deposited film and foreign substrate material 

[124]. These result in unusually high film residual strain, which generate undesirable 

dislocations and multiple crystal defects that alter the film uniformity, microstructure, impurity 

incorporation and composition [65, 125]. Defined using the equilibrium material lattice 

constants, 𝑎0 and 𝑐0, uniaxial and/or biaxial strain with an orientation parallel to the 𝑐-axis of 

the crystal are described using the strain tensor 𝜺, which is a diagonal tensor of two components 
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 휀𝑥𝑥 = 휀𝑦𝑦 =
(𝑎𝑚−𝑎0)

𝑎0
  (3.15) 

 휀𝑧𝑧 =
(𝑐𝑚−𝑐0)

𝑐0
  (3.16) 

where the subscript 𝑚 identifies the measured value of the strained lattice constant [65, 124]. 

Typically, III-nitride films suffer large biaxial strains resulting from stresses applied only in 

the plane perpendicular to the 𝑐-axis (𝜎𝑥𝑥 = 𝜎𝑦𝑦, 𝜎𝑧𝑧 = 0) [124].  For simple biaxial strain, the 

out-of-plane strain is related to the in-plane strain by the following relationship 

 휀𝑧𝑧 = (−
2𝜈

1−𝜈
) 휀𝑥𝑥, (3.17) 

where 𝜈 is the Poisson ratio [65]. Biaxial strain may be either compressive (in-plane) or tensile 

(out-of-plane). These two cases are depicted in Figure 3.11, considering film and substrate 

lattice mismatch.    
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Figure 3.11. Induced biaxial strain for epitaxial film grown on dissimilar substrate. Lattice 

parameter differences between the film (𝑎𝑓) and substrate (𝑎𝑠) define tensile (𝑎𝑓 < 𝑎𝑠) and 

compressive (𝑎𝑓 > 𝑎𝑠) strain in the plane of the film. Image adapted from Ref. [125].  

 

If the film becomes partially or fully strained to the substrate, the altered film lattice parameters 

will consequently broaden and/or relocate the reciprocal lattice point from their ideal position. 



67 

 

 

 

 

Therefore, HRXRD measurements are able to assess the degree of strain or in-plane lattice 

relaxation (𝑅%) of the film with respect to the substrate.  

For a quick reproducibility check, relative lattice parameter measurements may be 

conveniently employed. A high intensity symmetric and asymmetric reflection in which both 

the film and substrate can be measured in a single radial scan must be selected. The Bragg 

peaks for both the substrate and film are extracted and by means of Bragg’s law, d-values are 

calculated.  

Subsequently, the d-values are substituted into the interplanar spacing equation,  

 1

𝑑ℎ𝑘𝑙
=

4

3

ℎ2+𝑘2+ℎ𝑘

𝑎2 +
𝑙2

𝑐2, (3.18) 

from which the a and c lattice parameters may be determined [126, 127]. Since both the a and 

c lattice parameters are unknown, the high intensity symmetric reflection must be measured 

first, in order to extract the c value. One or two asymmetric reflection measurements may be 

followed, and the a lattice constant is derived using the measured c parameter. The percentage 

of in-plane relaxation is then calculated using 

 𝑅% =
𝑎𝑓−𝑎𝑠

𝑎𝑓0−𝑎𝑠0
× 100%, (3.19) 

where 𝑎𝑓0 and 𝑎𝑠0 correspond to the equilibrium (reference) lattice parameter values for both 

the film and substrate material.  

While approaching lattice parameter measurements in this manner is highly practical, this 

method may yield large deviations to real sample values due to measurement and calculation 

errors, resulting in a claimable precision of only a few parts in 10-4 [65]. Measurement errors 

include lack of 2𝜃 calibration, poor intensity reflections, measurement temperature (significant 

in some cases) and large incident beam divergence [65]. Calculation errors include imprecise 

determination of Bragg peak position, wide range of reference values for equilibrium lattice 

parameters and Poisson ratios, unaccounted error propagation and neglect of refraction effects 

[65].  
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If more precise information is needed, absolute lattice parameter measurements become a more 

suitable characterization option, yet much more time-expensive.  

Absolute techniques, such as Fewster’s method, are performed in triple-axis geometry, 

reducing error in the zero position of the goniometer to the intrinsic diffraction width of the 

analyzer crystal [128]. Diffractometer angles 𝛷 and 𝛹 are aligned and set to define an 

appropriate [𝑢 𝑣 𝑤] zone axis, which is a lattice row parallel to the intersection of two or more 

families of lattice planes [129]. Such an alignment allows multiple reflections to be accessed 

only through the manipulation of 𝜔 and 2𝜃 angles. For all reflections, regardless of the sample 

or incident beam position, the scattered beam falls within the real-space confines of the 

acceptance of the analyzer crystal, ensuring 2𝜃𝑚𝑒𝑎𝑠𝑢𝑟𝑒𝑑 = 2𝜃𝑎𝑐𝑡𝑢𝑎𝑙  [128]. Since the analyzer 

crystal limits the resolution area, this method is insensitive to errors due to bent or curved 

wafers, as well as other sample inhomogeneities that can alter measured data.  

Typically, six or more (ℎ 𝑘 𝑖 𝑙) reflections are utilized. The interplanar spacing equation is 

fitted to calculated d-values by means of a weighted least squares fit. The weighing factor 

introduced is of the form 

 𝑤𝑖 =
1

(∆𝑑ℎ𝑘𝑙)2, (3.20) 

where ∆𝑑ℎ𝑘𝑙 is the calculated error for each d-value. This error may be expressed through 

Bragg’s law differentiation 

 ∆𝑑ℎ𝑘𝑙

𝑑ℎ𝑘𝑙
≈ cot 𝜃ℎ𝑘𝑙 (

∆2𝜃

2
), (3.21) 

where 2𝜃 is the measured angle in the XRD experiment [65, 128]. This equation reveals that 

error is minimized when larger values for 𝜃 are used, which is the case for high-angle 

reflections.  

Using the fit, the error in a and c calculated values is taken to be the root mean square error, a 

common approach to generated random error instead of systematic. The general equation for 

root mean square error is given by 
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∆𝑥 = √

1

𝑁
∑(𝑥𝑢 − 𝑥𝑣)2, 

(3.22) 

where 𝑁 is the number of measured (ℎ 𝑘 𝑖 𝑙) reflections, 𝑥𝑢 is the experimental value and 𝑥𝑐 

is the calculated value from the fit. Once the in-plane lattice parameters are accurately known, 

Equation 3.17 may be used to calculate in-plane relaxation.  

 

3.5.4. Reciprocal Space Mapping 

Reciprocal space mapping is a well-established and powerful technique in HRXRD, used for 

the collection of large amounts of reciprocal space data [130]. Unlike line scans, RSMs provide 

a full picture of the shape and extension of reciprocal lattice points, allowing much more 

detailed information to be extracted through diffraction analysis. RSMs are often necessary for 

the assessment of multiple sample properties, such as single or compound material phase, 

defect content, surface roughness, interfacial strain, mosaic degree and lattice distortion. As 

such, RSMs are one of the most used scanning methods in high resolution diffractometry, 

despite their long collection time.  

RSMs adequately restrict the diffraction space as needed for detailed analysis, where resolution 

may be tailored to address the assessment of specific sample properties. Unfortunately, since 

the resolution is accompanied by a significant compromise of the scattered intensity, the 

scanning geometry and parameters must be chosen wisely to address the problem at hand. If 

structural and microstructural information is needed, high resolution must be employed in 

order to resolve properly the overall shape of a reciprocal lattice point, the distribution of 

diffuse scatter and directional smearing of artifacts and other sample diffraction features [130]. 

However, if only the location of reciprocal lattice points is of interest, low resolution maps 

may be sufficient [130]. In the case of III-nitride semiconductors, the resolution for RSMs is 

often not a significant problem. If the sample is highly defective or mosaic, intensity can 

become a limiting factor, leaving low resolution maps as the only measurement option.  
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Most of the results presented in this dissertation were acquired through the use of high-

resolution RSMs. For instance, Chapter 4 presents results on the polishing-induced damage of 

native AlN and GaN substrate materials by means of diffuse scatter analysis of symmetric and 

asymmetric RSMs. Since in reflection geometry, the diffuse scatter is dominated by scattering 

from the substrate surface, RSMs allow the identification of surface and subsurface 

imperfections due to polishing or other surface treatments [130, 131]. Additionally, Chapter 5 

utilizes defect sensitive RSMs for stacking fault identification, since these imperfections 

exhibit distinctive broadening of the diffraction profile and diffuse scatter, features often not 

well resolved through just line scanning. Thus, RSMs are particularly useful for III-nitride 

material characterization.    

In the case of ternary or quarterary alloy films, such as AlGaN and InGaN, interplanar spacing 

values are defined by both the strain and the alloy composition. If rapid lattice parameter 

measurements are conducted, an assumption on either the strain state or composition of the 

alloy film must be made to estimate the other. For example, if the film is assumed to be fully 

relaxed, then the alloy lattice parameters are assumed to vary linearly between the end 

compound members, which is known as Vegard’s rule [65]. For example, in the case of AlGaN 

(further discussed in Chapter 6), the relaxed c lattice constant for an alloy of x molar fraction 

of AlN is determined with [107, 126, 132] 

 𝑐𝐴𝑙𝐺𝑎𝑁(𝑥) = 𝑐𝐺𝑎𝑁(1 − 𝑥) − 𝑐𝐴𝑙𝑁(𝑥) (3.23) 

If the film is partially relaxed, the lattice parameters are affected by both strain and 

compositional gradients. These effectively contribute to the overall broadening of reciprocal 

lattice points and are not distinguishable within the chosen scattering volume of a single 

reflection [133]. Consequently, their individual effects must be properly assessed and separated 

with the use of two or more reflections.  

In practice, RSM scans are often chosen to examine alloy film lattice parameters, particularly 

for systems of unknown relaxation mechanisms and large compositional inhomogeneity. 
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Following calibration and alignment procedures for the triple-axis diffractometer, two maps 

are collected, one set around a symmetric (0 0 0 𝑙) reflection, and another set around an 

asymmetric (ℎ 0 ℎ̅ 𝑙) reflection. For the symmetric reflection, broadening effects from both 

strain and compositional gradients reflect along the surface normal (Figure 3.12). However, in 

the asymmetric case, strain gradients shift the reciprocal lattice point along a different direction 

than compositional gradients. Since the directions of elongation of the reciprocal lattice point 

due to strain and composition gradients are different in both cases, their individual 

contributions may be well identified by this method [65, 133]. More details on this subject will 

be further discussed in Chapter 6.  
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Figure 3.12. Broadening sources of symmetric and asymmetric reciprocal lattice points in III-

nitride semiconductors. The combination of both a symmetric and asymmetric RSMs allow for 

strain and compositional gradients to be separated for correct lattice parameter assessment.  
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3.6. Summary 

As a metrological tool, HRXRD characterization excels for several important reasons, 

including measurement reliability, traceability and reproducibility. Along with a wide range of 

applicability, these qualities highlight the practical benefits of HRXRD methods, now routinely 

employed in III-nitride semiconductor industries, fabrication labs and scientific research 

facilities. With or without prior knowledge of the sample under study, basic and advanced 

HRXRD techniques can fully extract film and substrate structural parameters that are of 

particular interest to the device engineer. However, knowledge of reciprocal space broadening 

sources and probing methods should always be considered for proper data acquisition. All in 

all, HRXRD methods can provide understanding of fundamental material problems that can be 

related to growth and post-growth processes, proving to be a magnificent tool for quality 

control and process optimization. 
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CHAPTER 4: SUBSURFACE DAMAGE IN BULK ALN AND 

GAN SINGLE CRYSTALS 

4.1. Introduction 

As introduced in Chapter 1, III-nitrides are mostly grown on several non-native or foreign 

substrate materials, most commonly SiC, sapphire, and Si [134]. While popular, heteroepitaxy 

of III-nitride films is a difficult problem. The use of dissimilar substrates with differing 

material properties, such as lattice parameters and thermal expansion coefficient, leads to 

highly defective III-nitride films and multilayered structures, exhibiting large dislocation 

densities and substantial biaxial strain [9].  Consequently, heterostructures grown on foreign 

materials lead to poor performing optical and electrical devices. Even with the employment of 

clever growth techniques that may reduce defect densities, such as lateral epitaxial overgrowth 

(LEO), the use of foreign substrates with lower electrical and thermal conductivity than III-

nitride semiconductors requires tedious device design and expensive processing that is 

undesirable for mass fabrication [9, 135].  

Alternatively, high quality III-nitride epitaxy may be ensured through the use of native single 

crystals as substrates. Bulk AlN and GaN single crystalline materials supply films with 

perfectly matched substrates, avoiding the generation of residual film stresses that contribute 

to the formation of crystal lattice defects and sample nonuniformities [9]. Hence, devices based 

on homoepitaxial III-nitride structures are expected to be free of deleterious effects, leading to 

impressive characteristics and overall improved performance.  

In the last decade, several reports have demonstrated the exceptional structural and optical 

properties exhibited by state-of-the-art bulk AlN and GaN products [136]. Widespread interest 

has pushed their development, demand and availability, allowing for several laboratory groups 

to demonstrate their beneficial use for the achievement of superior devices [136-138]. But 

while available, bulk nitrides are presently limited due to their high cost and small sizes [136]. 

Moreover, the known boule growth methods have variable growth rates and often require 
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complex and expensive systems that can sustain high temperatures and extreme pressures 

necessary for high-quality crystal growth. Therefore, as ongoing research proves their 

suitability for future high-performing applications, efforts must also strive to provide an 

adequate value proposition for industry settings [136].  

An added fundamental problem limiting the distribution of native III-nitrides crystals is wafer 

preparation. Due to the harsh processing required for the transformation of boule crystals into 

individual wafers, multiple steps must be employed to obtain damage-free smooth surfaces 

ready for film epitaxy. Standard polishing techniques are especially challenged in III-nitride 

materials, due to their high hardness and strong inertness to common chemical treatments. 

When unsuccessful, wafer processing methods fail at removing damaged layers in surface and 

near-surface wafer regions, affecting the morphology and crystallinity of subsequently grown 

layers and heterostructures [139]. For this reason, special attention must be invested in the 

adequate monitoring, understanding and careful optimization of wafer polishing procedures.  

Since the unambiguous assessment of present remnant crystal damage in crystal surfaces is not 

satisfied by ordinary microscopy techniques, better characterization methods must be supplied 

to examine the epi-ready state of processed wafers. In this chapter, results are presented on the 

ability for HRXRD measurements to identify and quantify subsurface damage in bulk III-

nitride substrates as these are subjected to various polishing processes. In contrast to other 

tools, HRXRD proves to be highly sensitive and accurate in identifying subsurface damage, 

without the need to destroy or jeopardize the material properties of the sample. An introduction 

is offered on current state-of-the-art III-nitride bulk growth processes for AlN and GaN 

materials. This discussion is followed by a brief description of routine crystal slicing and wafer 

polishing methods utilized for the preparation of commercial III-nitride substrates. The nature 

of polishing-induced damage introduced during wafer processing and its difficult assessment 

are discussed, considering several characterization methods. Finally, results are presented to 
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evidence the advantageous use of HRXRD methods for III-nitride wafer subsurface damage 

identification and quantification.   

 

4.2. III-Nitride Bulk Crystal Growth 

The lack of native single crystals to be used as substrates for III-nitride film deposition has 

been the largest obstacle to the fast development of high performing optoelectronic and 

electronic devices. Unlike other semiconductors, AlN and GaN are not achievable using 

standard growth techniques, since very high pressures and temperatures are required to achieve 

crystal formation. However, strong expended efforts towards the advancement of crystal 

growth technologies have resulted in successful III-nitride bulk products, now commercialized 

and increasingly demanded for research and device fabrication. In this section, the present 

status of the most promising bulk crystal growth techniques are summarized.  

  

4.2.1. AlN 

Research on the growth of free standing (FS) AlN single crystalline substrates led to the 

development of multiple experimental techniques, such as flux methods, solution growth, and 

sublimation [136, 140]. Initially, the HVPE and solution routes became quite popular, since 

these techniques could produce very thick AlN layers that could be sliced and transformed into 

individual crystalline substrates of any desired polarity, commonly referred to as quasi-bulk 

wafers. For the case of HVPE, several groups demonstrated AlN growth directly on sapphire 

substrates [141-144].  For this process, a reactor is equipped with two heat zones supplied with 

separate induction heater systems [144]. In the first heat zone, aluminum chloride (AlCl) is 

formed by flowing hydrogen chloride (HCl) gas over aluminum metal at temperatures up to 

1400°C. In the second heat zone, the sapphire substrate is placed perpendicular to the gas flow 

at temperatures ranging from 1400°C to 1500°C [144]. Depending on the source temperature 

and other growth parameters, gases contacting the substrate may form AlN powder coatings, 
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polycrystalline AlN deposits and/or single crystalline AlN films [144]. As described, this 

technology is able to reach growth rates of several tens of micrometers per hour and produce 

AlN layers at  up to 1 mm thickness [145].  However, the necessary use of a foreign substrate 

material requires clever and complicated fabrication processes to achieve the successful 

removal of the thick AlN crystal without cracking or bowing the AlN crystal. Additionally, 

while the resulting AlN material is frequently described as “dislocation-free”, there often is a 

large population of misfit dislocations and high residual strains that affect the quality 

subsequently deposited epitaxial layers [146]. 

As efforts continued towards the development of bulk crystal growth methods, many groups 

independently developed the physical vapor transport (PVT) technique, to date the most 

popular, cost-effective and feasible method for AlN substrate production. PVT, also known as 

the sublimation-recodensation method, was initially developed for AlN in the mid-1970s by 

Stack and McNelly [147, 148]. The technique involves an AlN source that is non-congruently 

sublimed within a tungsten or tantalum carbide crucible in a N2 near atmospheric pressure [20, 

136, 140]. Sintered polycrystalline AlN platen or AlN powder are used as the source, which is 

inductively heated to high temperatures that can range from 1800°C to 2300°C [20, 136, 140]. 

Following the sublimation reaction AlN → Al +  
1

2
N2, the produced vapors are transported 

through nitrogen to a colder part of the crucible where a crystal seed is held [20, 136]. By 

maintaining an adequate thermal gradient and gas pressure across the crucible, an experimental 

driving force for AlN recrystallization at the AlN (0001) or SiC (0001) seed is set, and the 

stable formation of a single crystalline AlN crystal boule follows [20, 136, 149].  

PVT has become one of the most promising growth approaches for bulk AlN crystals. This 

high temperature process can achieve advantageous boule sizes, exceptional crystalline quality 

and low dislocation densities, reported to be in the order of 102-105 cm-2 [150-153]. 

Additionally, unlike other techniques, PVT does not require complex and expensive reactor 

equipment, an attractive feature for commercialization and mass production. However, some 
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present setbacks of the technique are needed to be addressed. These include the relatively 

slower boule growth rate, ranging from 150-170 μm/hr for high quality material, and the 

incorporation of several impurities and surface contaminants, such as oxygen, carbon, silicon 

and hydroxydes [136, 140].  

The promising characteristics of PVT-AlN substrates have driven their widespread use, 

yielding exceptional results in the deposition of homoepitaxial AlN and heteroepitaxial AlxGa1-

xN alloys [20, 154-156]. With the availability of PVT-AlN, the construction of AlGaN/AlN 

device structures of superior optical quality have been demonstrated for UV and deep-UV 

light-emitting systems [156]. Novel results have reported sub-300 nm AlGaN lasing 

heterostructures with low thresholds that motivate the achievement of electrically pumped UV 

lasers in the near future [138]. In addition to optoelectronic UV devices, bulk PVT-AlN also 

plays an important role in the fabrication of high-power and high-frequency III-nitride devices, 

expected to be in high-demand in the near future [136, 140, 157].   

 

4.2.2. GaN 

In the last two decades, advances in GaN-based materials have effectively led international III-

nitride device market, transforming it into a multimillion dollar industry [20, 158, 159]. Recent 

achievements include GaN-based LEDs, AlGaN/GaN high electron mobility transistors 

(HEMTs), and depletion and enhancement mode metal oxide semiconductor field-effect 

transistors (MOSFETs), all produced using Si, SiC or other foreign substrate material [136, 

160-162].  But, as with AlN-based technologies, there is consensus of opinion among industry 

and research scientists on the significant limitations associated with GaN heteroepitaxy, 

currently preventing high manufacturing yields and even better device performance [136]. 

These problems are expected to be resolved with the introduction of FS GaN single crystals as 

substrate materials.  
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Attempted processes for GaN bulk crystal synthesis include high pressure solution growth 

(HPSG), HVPE and the ammonothermal method [136]. In the case of HPSG, GaN crystals of 

modest structural quality may be achieved with low dislocation density and low angle grain 

boundaries, as compared to crystals grown directly from the melt [163]. However, HPSG is 

often associated with solvent inclusions and impurities, non-uniform doping and a slow crystal 

growth rate, making this growth route the least plausible for commercial settings [163]. Thus, 

to date, state-of-the-art bulk GaN products are grown by either the HVPE or ammonothermal 

methods.  

HVPE is the most widely investigated technique for GaN substrate production and has become 

a commercial process [9, 136]. Similar to HVPE-AlN, the crystallization of GaN onto a foreign 

substrate from the vapor phase occurs at atmospheric pressure through the reaction of ammonia 

with gallium chloride (GaCl) [164].  This technique is highly favored among other growth 

methods because of its ability to produce large-size, high quality crystals at favorable 

conditions and growth rates as high as 150 μm/hr [9, 164]. However, the problem in achieving 

high quality and reproducible quasi-bulk GaN crystals remains, since the use of a foreign 

substrates for HVPE-GaN results in highly strained and defective wafers, often exhibiting 

bowing radius of less than 10 m upon separation [165]. Consequently, there are special 

nucleation schemes and strain management processes that must be creatively employed for 

proper strain management and subsequent substrate delamination [9, 166].   

Presently, the best quality GaN single crystals are produced by means of the ammonothermal 

growth technique. This process relies on the solubilization of polycrystalline GaN in 

supercritical ammonia by means of a mineralizer or solubilizing agent [9]. Under high 

pressures, a GaN feedstock is heated and placed a distance away from a growth zone kept at a 

lower temperature [9, 58, 166-168]. The created thermal gradient drives mass transport and 

initiates GaN recrystallization at the lower temperature region, although at a much slower 

growth rate than the HVPE technique [9]. Still, the method is very successful, able to produce 
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1” and 2” diameter true bulk GaN crystals with dislocation densities of about 103 cm-2 and a 

radius of curvature ranging from 100 to 1000 m, as demonstrated by the Ammono company 

[168-170]. 

The slow 2 – 5 μm/hr growth rate of the ammonothermal method is a great limitation to its 

marketability. Yet, recent reports have demonstrated the clever use of ammonothermal-GaN 

(Am-GaN) as crystal seeds for the HVPE growth process, allowing the advantages from both 

techniques to be accessed [164, 171]. HVPE-ammonothermal hybrid growth produces GaN 

crystals rapidly, characterized for possessing excellent crystallinity, low impurity 

incorporation and absence of lattice bowing [164]. As a result, a new generation of high quality, 

FS GaN substrates have become possible, which satisfy both material and commercial 

requirements, such as large quantity production, scalability and low fabrication cost [164, 168]. 

So far, HVPE GaN/Am-GaN crystallization has been reported to produce crack-free layers up 

to 2 mm of thickness [172]. The FS HVPE-GaN substrates produced by this method possess 

20 arc sec on-axis XRC FWHMs, average etch pit densities (EPDs) of 5x104 cm-2 and free 

carrier concentrations lower than 3x1016 cm-3 [165, 173]. The crystals exhibit high purity, with 

reported oxygen, hydrogen and carbon concentrations below 1016 cm-3 [165].  In addition to 

their high structural and optical quality, the crystals also have excellent electrical properties, 

exhibiting free carrier mobility on the order of 1000 cm2/Vs [165, 173]. However, issues 

remain in understanding and compensating lattice strain gradients in the HVPE GaN thick 

layer when it is grown under certain conditions. Recently published results on the HVPE layer 

critical thickness and its relationship to the Am-GaN seed thickness evidence these 

investigations are presently ongoing [165].  

 

4.3. Boule Processing and Wafer Preparation 

Regardless of the growth technique used, the resulting III-nitride crystal boule must be treated 

to a sequence of specific and intricate processing steps that successfully convert it into single 
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crystalline wafers. These are initiated by proper boule orientation and slicing, and then 

followed by wafer orientation, sizing and careful surface polishing [174]. Quality assessment 

for each process requires thorough characterization to ensure product characteristics, such as 

dimensions, offcut and surface smoothness. For this, several techniques may be employed, 

discussed in section 4.4. In this section, a brief summary of the overall crystal transformation 

into individual wafers is offered.  

 

4.3.1. Boule Crystal Slicing  

Wafers are initially prepared by either sawing or slicing the crystal boule, typically using fixed 

abrasive diamond wire saw machining [174, 175]. Single or multiple steel wires coated with 

abrasive diamond are allowed to pass through the boule, separating a certain amount of 

material from the large crystal [174]. For this, the dimensions of the crystal boules must be 

adequate for sufficient crystal sectioning, large wafer yield and vicinal surface orientation. 

Preferably, the length of the boule is greater than 1.0 cm, and the transverse and width of the 

boule are greater than 2.5 cm and 7.5 cm, respectively [174]. However, ongoing research has 

resulted in a great variety of diamond wire types and wire sawing technologies that have 

alleviated the demands on boule dimensions necessary for wafer fabrication. As a result, boule 

size and process parameters are variable, and most companies utilize their own individual 

standards and procedures, often referred as confidential or proprietary. 

After slicing, the resulting wafer blanks usually exhibit crystallographic misorientation and 

bowing, requiring grinding or cleaving procedures to promote flat oriented surfaces. The 

offcut, shape and curvature of the wafer greatly determine its usefulness for device 

fabrications, since these control important manufacture outcomes, such as epitaxial quality, 

polarity and uniformity of lithographic patterning [174]. For these reason, product control tests 

demand the crystal surface to be ± 0.3° away from the desired crystallographic orientation and 

a wafer radius of curvature less than 1 m [174]. 
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Among other slicing techniques, diamond wire sawing has several advantages, including small 

kerf loss and high boule throughput [174, 175]. However, the nature of the process always 

leads to substantial gross damage that must be removed with further surface processing during 

wafer fabrication. At this stage, it is necessary to monitor several sample characteristics, such 

as orientation, crystal bow and bulk crystal quality.  

Regarding the surface, common metrology techniques prove sufficient for the identification 

and characterization of sawing-induced damage on sliced boule sections. For example, surface 

micrographs acquired using routine microscopy techniques, such as atomic force microscopy 

(AFM), scanning electron microscopy (SEM) and optical microscopy, may be utilized to 

monitor and alter machining parameters. These include cutting force (normal and tangential), 

downfeed speed, wire speed and rocking frequency [174]. Surface profilometry may be 

employed to quantify surface roughness and crystal lattice bowing. Due to the harsh processing 

damage induced after this gross processing stage, the assessment of subsurface damage is often 

not necessary. Any subsurface imperfections are assumed to be treated by the following 

polishing, after most of the strongly damaged surface regions have been eliminated.  

 

4.3.2. Mechanical and Chemical Mechanical Polishing (CMP) 

Once the III-nitride crystal boule is controllably diced to produce wafer blanks of desired 

crystallographic orientation, surface smoothening and damage removal treatments follow. 

These lapping processes target surface asperities and near-surface defects that have been 

undesirably produced during the aggressive diamond wire sawing stage. One or both sides of 

the wafer blank are exposed to a series of abrasive particles that are sequentially reduced in 

size, until the desired final surface finish at the top and bottom of the wafer is achieved. If a 

great amount of dicing-induced damage is expected, wafer blanks may be optionally exposed 

to an appropriate etchant prior to polishing, which can aid the success of subsequent lapping 

stages [174].  



83 

 

 

 

 

Mechanical polishing includes all initial polishing treatments, often classified by the size of 

the abrasive particles used, reported in diameter metrics. Typically, three steps are employed: 

coarse (10 to 30 microns), medium (3 to 10 microns) and fine (0.1 to 3 microns) [174]. 

Common materials used for mechanical polishing include alumina, boron carbide and 

diamond, although any material harder than III-nitrides may be selected [174]. By proceeding 

to expose the wafer with differently sized abrasives, wafers are successfully planarized and rid 

of a majority of the gross plastic damage induced from slicing.  

Following mechanical polishing, remnant and/or newly created damage may be targeted 

through numerous procedures, such as electromechanical etching, photoelectrochemical 

etching and reactive ion etching (RIE) [174]. However, chemical-mechanical polishing (CMP) 

is preferred, becoming the most popular route used in III-nitride bulk crystal production. The 

technique typically involves the use of a pressing pad and a slurry solution, prepared as basic 

or acidic and composed of a liquid carrier, a reactant, an oxidizer including a transition metal 

or a per-based compound (elements in highest oxidation state) and optional soft, nanometer-

sized particles [174, 176]. While the slurry modifies and softens the exposed crystal region, 

the pressing pad is moved accordingly to remove it [174]. Ultimately, the defective material at 

the surface and near-surface areas is removed, leading to damage-free and epi-ready crystalline 

wafers [174].  

The CMP exposed crystal surface is softened at a specific rate, determined by various 

mechanical and chemical parameters. These include the pad pressure, the pad linear speed and 

the pH and composition of the slurry. Additionally, if functionalized particles are intentionally 

suspended in the slurry, CMP removal rates must consider particle coating, material hardness 

and slurry concentration [174].  Other complications can often make the CMP rates 

unexpectedly high and difficult to control. For example, the transition metal or per-based 

oxidizer in the slurry may break down during polishing, leading to a non-uniform layer of 

insoluble compounds that deposit on the polishing pad and alter the oxidation rate of the treated 
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wafer surface [176]. Additionally, these insoluble byproducts can accelerate the catalytic 

behavior of the oxidizer during rubbing, increasing the removal rate of the process [176].  

All in all, the long processing sequence described in section 4.3 results in flat III-nitride wafers 

with damage-free, smooth surfaces suitable for subsequent epitaxy. Yet, the crystal surface and 

near-surface regions may still possess some remnant processing damage that can alter the 

condition of deposited single films and heterostructures. For this, the wafer polishing process 

requires non-destructive and powerful characterization tools for quantifying surface and 

subsurface damage even after the final CMP processing stage. Some common methods are 

introduced in the next section, along with their individual advantages and drawbacks.   

 

4.4. Assessing Epi-readiness of III-Nitride Wafers 

Deep scratches, non-uniform surface roughness, contaminants, polycrystalline deposits, 

crystallographic defects and subsurface damage can severely threaten the quality of deposited 

III-nitride layers. Studies have reported the consequences of remnant damage in processed  

PVT-AlN substrates, leading to strained AlN homoepitaxial layers, often exhibiting high 

densities of surface pits [139]. Other reports, like J.L. Weyher et al. [177] on N-polar GaN 

homoepitaxial growth concluded that a surface morphology comprised of gross hexagonal 

pyramidal features were a result of inversion domains nucleating on amorphous and 

contaminated substrate material generated during the mechanical and CMP polishing stages 

[125]. These examples confirm the need to aid wafer polishing processes with proper 

characterization methods that can offer reliable product control and unmistakable identification 

of all types of residual work damage.  

 

4.4.1. Surface Microscopy  

As mentioned before, some common characterization techniques utilized for the investigation 

of polishing-related damage in semiconductor wafers include optical microscopy, AFM and 
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SEM. But while these methods are non-destructive and successful at observing scratches and 

quantifying surface roughness, these do not readily and conclusively determine the amount of 

subsurface damage present in substrate materials. Other techniques, like chemical etching, 

annealing and transmission electron microscopy (TEM), prove effective for the 

characterization of a wide range of defects. However, these techniques are destructive and 

require extensive periods of time for sample preparation, factors that are impractical for routine 

quality control in production lines. Therefore, better suited and sensitive tools that can provide 

representative results in a selective, rapid and non-destructive manner must be incorporated 

for the unequivocal determination and quantification of subsurface damage. 

 

4.4.2. X-ray Scattering Techniques 

X-ray methods are ideal tools for the investigation of surface and subsurface damage in 

processed semiconductor crystals. Key benefits associated with these techniques include their 

non-destructive nature, large range of depth control (X-ray penetration depth) and crystal 

lattice sensitivity [178]. As such, X-ray scattering methods are able to accurately assess 

information on several parameters that define the crystallographic state of III-nitride 

semiconductor wafers and epitaxial structures without jeopardizing its quality and further 

usability. 

Particularly for III-nitride substrate characterization, common X-ray applications include X-

ray topography (XRT), grazing-incidence XRD (GIXRD) and HRXRD methods.  These 

techniques can examine large areas, and often the entire wafer, providing extensive 

information within a single mounting and/or measurement. As such, X-ray characterization is 

often regarded as the best choice for crystal damage inspection and wafer quality assurance.  

XRT can image different areas of the wafer that diffract under similar conditions. As with the 

double and triple-axis crystal setups described in Chapter 3, XRT uses a reference crystal to 

collimate and monochromate the incident X-ray beam. When incident onto the wafer, only 
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some crystalline regions that differ over the wafer surface undergo diffraction. These regions 

produce diffracted X-rays that are collected to form an image [132, 179]. Due to its high 

sensitivity to strain, the resulting topograph readily identifies subsurface damage and strain 

fields surrounding crystalline defects [179]. The use of this powerful tool has been extensively 

reported to address defect characterization in bulk AlN and GaN single crystalline materials 

investigated in this thesis [149, 180, 181]. 

Unfortunately, the technique requires an X-ray synchrotron source found in select radiation 

facilities, since these can provide a much higher intensity and wavelength tunability that is not 

achievable with a conventional laboratory tube source. Such system requisites limit the 

practical use of this technique, since it is not accessible for day-to-day product control in most 

substrate fabrication laboratories.  

An equally powerful X-ray diffraction technique used for surface characterization is GIXRD. 

The technique requires a special diffractometer geometry, in which the X-ray beam is allowed 

to penetrate the sample at a very shallow angle, close to the critical angle for total external 

reflection (TER). Under such conditions, only a small fraction of the beam accesses the sample, 

which is scattered to produce a weak diffraction pattern from the surface and near-surface 

region alone. As a result, the GIXRD geometry allows for a sensitive detection of structural 

damage at the surface and subsurface regions, particularly ideal for the study of polishing-

related phenomena. However, since the measurement limits the X-ray penetration depth to only 

a few nanometers, a high energy synchrotron source is often necessary to produce measurable 

diffracted intensities. Like XRT, this requisite limits the practical use of the technique.  

XRT and GIXRD are often used as complimentary characterization tools to more common 

diffraction techniques, such as HRXRD, which is routinely use for the investigation of 

structural crystal quality of semiconductor substrates and epitaxial structures. The combined 

use of double-crystal and triple-crystal diffractometry have proven HRXRD measurements can 



87 

 

 

 

 

be equally sensitive, versatile and useful as synchrotron methods for the investigation of 

dislocations, surface defects and any other structural imperfection [65, 179].  

 

4.5. HRXRD of Processed III-Nitride Semiconductor Wafers 

This section aims to introduce HRXRD methods utilized for the investigation of surface and 

subsurface damage in III-nitride semiconductor wafers. In this study, AlN and GaN single 

crystals were differently polished and examined using several types of scans. The materials 

examined were PVT-grown AlN bulk crystal wafers and FS HVPE-grown GaN substrates 

deposited on Am-GaN seeds. Using the system described in Chapter 3, the assessment of wafer 

process damage with routine HRXRD measurements is demonstrated and discussed.  

Micrographs of the surface morphology of all processed substrates were taken using a Digital 

Instruments D3000 AFM, operated in tapping mode. All images were then correlated to 

HRXRD results acquired from XRCs, 2θ-ω radial scans and RSMs. As described in Chapter 

3, all XRCs were recorded in the double-axis configuration, while radial scans and RSMs were 

measured in higher resolution triple-axis geometry.  

 

4.5.1. PVT-AlN 

Substrates used in this study were processed from the tops of PVT-grown AlN crystal boules. 

The c-plane AlN substrates were oriented within 2° of (0001). Each sample was 

approximately 500 μm in thickness, and about 10 mm in diameter. To systematically observe 

the consequence of individual polishing techniques on wafer preparation, each sample was 

processed up to a particular polishing stage: diamond sawing, mechanical polishing with 1 μm 

abrasive and CMP treatment with a proprietary alkaline slurry of sub-micron sized abrasives 

[182]. The exposure time to CMP was also varied to study the time dependence of this 

polishing step. 
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The CMP process employed on AlN single crystal wafers does not only smooth the harshly 

processed surface, but also aids surface passivation [182, 183].  While the suspended soft slurry 

particles mechanically remove the modified surface layer from previous mechanical polishing, 

the chemistry of the solution promotes the formation of the hydroxide layer that can keep the 

surface from degrading [184, 185]. However, it is important to note that while this oxide-

hydroxide layer serves to protect the wafer surface, it must be completely removed before 

epitaxy to ensure desired film characteristics [185]. Thus, a rigorous wafer cleaning routine 

must be applied prior to film deposition. Initially, wafers are ultrasonically cleaned in acetone, 

methanol and deionized (DI) water, followed by a wet etching process in a 3:1 mixture of 

sulfuric and phosphoric acid for 10 min at a temperature of 90°C [185-187]. After wet etching, 

the wafers are rinsed for 10 min with DI water and transferred into a vertical, cold-walled 

MOCVD reactor, which is pumped down to less than 10-6 Torr [185]. Upon reaching high 

vacuum, the MOCVD reactor is back-filled with flowing ammonia in order to ammonia-anneal 

the substrate surfaces for 15 min at 1100°C [185]. This series ex situ and in situ steps eliminate 

the oxide-hydroxide layer, allowing for the AlN surface to be fully recovered [185].  

 

4.5.1.1. Surface Morphology 

Figure 4.1 compares AFM images acquired for both a mechanically polished and a CMP 

treated AlN single crystal substrate. The images evidence the advantageous use of AFM for 

the assessment of work damage induced by gross polishing parameters, since these generate 

prominent features that are easily observed, such as the dense network of scratches shown in 

Figure 4.1a. These scratches populate the entire crystal surface, not following any particular 

crystallographic orientation. It is possible that the observed features are a combination of 

remnant slicing damage and newly generated damage from the mechanical polishing stage. 

Nonetheless, Figure 4.1a shows the critical need to further process the AlN wafer to achieve a 

smooth surface that is ready for epitaxial growth. 
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Figure 4.1. AFM images of processed AlN surfaces to mechanical polishing with 1 𝜇m 

abrasives (a) and CMP polishing (b). A high density of scratches can be observed for the 

mechanically polished substrates. All CMP polished samples were featureless.   

 

Figure 4.1b shows an AFM image of an AlN wafer surface that has been exposed to CMP 

processing. The image reveals an atomically flat and featureless surface, free of deep scratches 

or other obvious polishing-induced defects. Interestingly, this image is representative of all 

investigated CMP processed AlN substrates, regardless of the variation in exposure time.  

Thus, AFM imaging is insensitive to any present differences in surface or subsurface damage 

among the CMP processed surfaces.  

 

4.5.1.2. XRCs 

Symmetric (0002) XRCs were measured for all processed AlN wafers, shown in Figure 4.2. 

As described in Chapter 3, XRC scans are sensitive to broadening in reciprocal space generated 

by multiple sample properties. Consequently, the recorded XRC profile is rich in information 
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that may be extracted and utilized towards the overall assessment of crystalline quality in 

semiconductor single crystals and layered structures.  

 

 

 

Figure 4.2. (0002) XRCs of differently polished AlN substrates, labeled in plot legend. 

Observations on XRC-FWHM and diffuse scatter magnitude are utilized to quantify crystal 

quality and wafer surface damage.  

 

Conventionally, the XRC width, quantified as the FWHM, is sufficient to offer a quantitative 

measure of crystalline degree and structural perfection. For the diamond wire sawed wafer, a 

FWHM value of 161 arc sec was measured. However, for the mechanically polished and CMP 

surfaces, FWHM numbers ranged from 11 to 14 arc sec, a range that agrees with previously 

reported values for high quality single crystal AlN possessing low dislocation densities [188]. 

Comparing all symmetric XRC-FWHMs, it is evident that substantial damage is induced after 
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the diamond wire sawing stage. The decrease in the FWHM value shows that the mechanical 

polishing stage successfully removes the defects previously induced. Yet, no conclusions are 

able to be reached between the mechanically polished and CMP processed AlN substrates since 

the FWHM of these samples is almost identical and equals that of a pristine crystal. Therefore, 

upon reaching the mechanical polishing step, the FWHM value stops being significant and a 

different parameter needs to be used in order to determine and quantify the induced damage in 

subsequent processing steps.  

Some studies on semiconductor substrates have addressed polishing damage through XRC 

diffuse scatter examination. As introduced in Chapter 2 and 3, diffuse X-ray scatter can provide 

additional information on crystal lattice distortion, since the appearance of diffuse scattering 

close to Bragg peaks is indicative of reduced crystalline order and lattice disruptions [189]. In 

the double-axis geometry, diffuse scattering may be readily observed for harshly damaged 

surfaces. A higher intensity is observed in the grossest polishing parameters such as the 

diamond wire sawing (103 arbitrary units or a.u.) and mechanical polishing with 1 μm size 

abrasives (102 a.u.). Wafers subjected to the additional CMP treatment exhibit a reduced 

diffuse scatter intensity of 100 a.u.. This two order of magnitude difference shows that there is 

an improvement in the crystalline state of the sample surface once the CMP process is applied. 

Unfortunately, upon reaching CMP, the Bragg scattering becomes dominant and hides the 

weak diffuse scattering. Consequently, the diffuse scatter in the XRCs for all CMP samples is 

nearly indistinguishable.  

Quantitative analysis of the condition of polished surfaces after CMP can be experimentally 

challenging through conventional double-axis diffractometry. Alternatively, these 

measurements may be conducted using the triple-axis geometry, where the recorded intensity 

is much more sensitive to small changes in angular positions. Since the Bragg scattering falls 

off more sharply than the diffuse scattering, triple-axis measurements are able to separate the 

diffuse scattering contribution, which may be compared qualitatively or quantitatively [190]. 
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In fact, several studies have relied on triple-axis scans to assess polishing-induced damage in 

semiconductor wafers. For example, E.K. Sanchez et al. [191] examined the symmetric (0001) 

reflection of a sequentially processed SiC Lely platelet using triple-axis 𝜔-scans. Utilizing both 

the FWHM and the diffuse scatter, the sequential removal of microdefects and work damage 

at the surface was identified, even after CMP processing. Similarly, differently polished InP 

substrates were investigated by M.S. Goorsky et al. [178] using 𝜔-scans of the symmetric 

(0004) reflection. By identifying the polishing conditions that resulted in minimal pole diffuse 

scatter, the measurements effectively determined the best slurry chemistry to achieve smooth 

InP wafer surfaces [178].   

In the case of PVT-AlN crystals, it may be concluded that the XRC scan is sufficient to reveal 

damage induced from the most abrasive processing stages. The diffuse scatter is intense 

enough to be assessed in double-axis geometry, potentially since these harsh conditions affect 

the crystalline quality of the sample beyond the surface region. Once the CMP processing stage 

is reached, most bulk defects have been eliminated and only the near-surface regions are left 

with possible polishing-induced damage. At this point, the XRC measurement is not sensitive 

enough to assess meaningful changes in diffuse scattering intensity among the CMP samples. 

Consequently, the CMP processed substrates require a more sensitive technique to enable work 

damage identification and quantitative analysis.  

 

4.5.1.3. RSMs 

As mentioned in Chapter 3, mapping in reciprocal space is one of the most comprehensive 

measurements available using a HRXRD system. Unlike the XRC or radial scan, the RSM 

provides a full picture of the reciprocal lattice point (RLP), allowing for all present 

microstructural imperfections to be identified and potentially quantified. The measurement is 

ideal for investigating diffraction features arising from mosaicity, lattice constant variations, 

dislocation strain fields and surface-related defects. As such, the RSM measurement is an 
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attractive and powerful technique that can aid the identification of crystal quality and remnant 

processing damage in semiconductor wafers.  

Figure 4.3 shows (0002) RSMs for all CMP processed wafers, plotted in reciprocal lattice 

units (RLUs). Note that the mechanically polished sample is not shown, since the measurement 

only resolved halos of pole diffuse scatter surrounding the center of the RLP. The large amount 

of diffuse scatter evidences the large amount of damage produced in the crystal during this 

processing stage. Consequently, the symmetric XRC is sufficient to characterize and classify 

the crystalline state of the AlN wafer surface at this particular polishing step.  
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Figure 4.3. High-resolution (0002) RSMs for all CMP processed AlN wafers. Maps offer two 

characteristic diffraction features: the pole diffuse scatter and the CTR. In contrast to the 1 hr 

CMP sample, the diffuse scatter magnitude present in RSMs measured for the 3 hr and 6 hr 

processed wafers look comparable. Similarly, the CTR shape and extension in 𝑄𝑦 for the 3 hr 

and 6 hr CMP samples is identical, while the 1 hr CMP exhibits a more curved CTR, slightly 

broadened in 𝑄𝑥.    
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Recall that the CMP processed samples were not classifiable using (0002) XRCs alone. Upon 

measuring the (0002) RSM, Figure 4.3 shows that the 1 hr CMP sample now becomes 

distinguishable between the mechanically polished and the further CMP processed wafers. 

This is possible through the observation of two main features in the RSM: the pole diffuse 

scatter and the crystal truncation rod (CTR).  

The pole diffuse scatter magnitude for the 1 hr CMP treated sample is notably higher than for 

the further CMP processed samples. Yet, upon extending the CMP exposure time to a 3 hr 

period or higher, the magnitude of the (0002) pole diffuse scatter stops being characteristic, 

unable to serve as a distinguishing and quantitative measure for subsurface damage. 

Conclusively, diffuse scatter from (0002) RSMs can help identify the transition from 

mechanical polishing up to a few hours of CMP exposure, but it is not useful to classify AlN 

crystal surfaces that are further polished. 

Kinematical diffraction was briefly introduced in Chapter 2, where X-ray scattering by a bulk 

crystal was discussed. As mentioned, the produced X-ray scattering intensity from a large, 

finite crystal is proportional to the squared modulus of the structure factor, defined as the 

Fourier transform of the electron density [75, 192]. This result arises from the periodicity of 

the electron density, according to the lattice parameters that define the dimensions of the 

crystal. If a homogeneous crystal is assumed, the structure factor is the same throughout the 

entire crystal volume and a simple geometric progression allows for the total scattered intensity 

to be expressed as Equation 2.16 [192]. 

As seen in Figure 2.6, the intensity is a sharply peaked function, that reaches its maximum 

when the denominators of the interference functions equal zero, which is equivalent to 

satisfying Bragg’s law of diffraction (𝑸 = 𝑯𝒉𝒌𝒍) [192]. This is observed experimentally in the 

recorded diffracted intensity, which is a function of the incident X-ray angle with respect to 

the crystal lattice and reaches a maxima when this angle coincides with the Bragg angle for a 

particular family of planes [132]. However, when the crystal is very thick (𝑁 → ∞), the 
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interference functions resemble 𝛿 functions. In such scenarios, the kinematical theory breaks 

down, and the dynamical theory of diffraction must be introduced to explain experimental 

observations. Yet, when considering a bulk crystal that possesses a distorted surface, an 

extension of the kinematical theory can be sufficient to explain the surface effect on the total 

scattering produced [64].  

The presence of a crystal surface means that the crystal is no longer extended indefinitely, but 

truncates at a certain point. Therefore, crystal truncation must be considered in the scattering 

expression. Conventionally, a step function is used to describe one of the faces of the crystal 

[192]. Using the crystallographic c-direction, the step function is then multiplied by the 

electron density, yielding specific features in reciprocal space that correspond to the Fourier 

transform of the step function [192]. These features are attributed to added Bragg 𝛿 peaks along 

the surface normal, each having 1 ∆𝑸2⁄  tails in the 𝑄𝑦 direction in reciprocal space, with ∆𝑸 =

 𝑯𝒉𝒌𝒍 + 𝒔 (as measured from the main peak position, where 𝑸 = 𝑯𝒉𝒌𝒍) [192]. These tails are 

interconnected, resulting in scattering intensity “rods”, denominated crystal truncation rods 

(CTRs) [193, 194].  

Since these features are produced from the surface truncation, surfaces with high crystalline 

order, possessing a sharp and uniform termination, will yield highly intense CTRs elongated 

along 𝑄𝑦. Therefore, the elongation of the CTRs may be quantified and associated to the 

crystallographic quality of the surface investigated. The measurement geometry must be 

considered, since according to the X-ray incident beam angle, the X-ray will undergo 

absorption and reduce the visibility of the CTR. For this reason, many diffraction experiments 

based on CTR effects are addressed in GIXRD setup, since it greatly enhances surface 

sensitivity [192].  Interestingly, mapping the symmetric (0002) reflection of the PVT-AlN 

crystal permits CTR visibility, without the need to use alternative scattering geometry to 

enhance this scattering effect.  
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As the CTR extends in 𝑄𝑦, differing components in 𝑄𝑥 create a slight distortion or wiggling in 

its shape. This effect results from the non-periodic ℎ and 𝑘 values in the 𝑙-direction, which 

alter the maximum values of the Fourier transform that describes scattering from the surface 

region [192]. Changes in ℎ and 𝑘 values may result from structural changes at the surface 

and/or near-surface region due to either lattice relaxation and/or changes in crystallographic 

orientation (non-uniform miscut) [192]. Consequently, the resulting complex shape of the 

(0002) CTRs limits the potential for using the CTR elongation as a subsurface damage metric. 

All in all, the (0002) RSM results confirm this measurement can further assist the 

characterization of AlN crystal wafers processed up to the initial stages of the CMP process, 

one step further than the measurement (0002) XRCs alone. However, the measurement is not 

useful to classify AlN crystal surfaces that are CMP polished for long periods of times.  

 

4.5.1.4. Extremely Asymmetric RSMs 

Surface sensitivity may be enhanced through the use of a highly asymmetric or extremely 

asymmetric reflection (EAR). The technique applies the same principles from bulk diffraction 

while achieving subsurface sensitivity usually not attainable from investigating common 

symmetric and/or asymmetric reflections. The diffraction geometry required to probe an EAR 

restricts greatly the X-ray beam path into the sample by using a very small incident X-ray beam 

angle, close to the critical angle for total external reflection (TER). As such, only a small 

fraction of the beam accesses the sample, which is scattered to produce a weak diffraction 

pattern from the near-surface region alone. Using this geometry, the structural damage at the 

surface and subsurface regions may be effectively targeted, making the EAR technique ideal 

to investigate the consequences of polishing procedures on semiconductor crystals.  

Figure 4.4 shows areas of reciprocal space for AlN that can be probed using a conventional 

HRXRD diffractometer. In Chapter 3, the four-circle goniometer system capabilities were 

described, which allow for different sample positions to be attained, bringing the sample to 
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any orientation in space that satisfies physical requirements for diffraction. Some regions in 

reciprocal space can remain inaccessible due to the physical limitations of the diffraction 

geometry, specified by the X-ray wavelength and diffractometer being used (Ewald sphere 

definition). For AlN, the shaded semicircles shown in Figure 4.4 represent reflections that are 

inaccessible due to the sample blocking either the incident or diffracted beams. To investigate 

EARs, Bragg conditions must be satisfied for RLPs that lie very close to these semicircle 

regions. This is achieved by utilizing an incident or diffracted X-ray beam of 2° or less.  

 

 

 

Figure 4.4. Areas of reciprocal space that are accessible using a conventional diffractometer. 

Shaded regions indicate the limits due to the beam blocking. The (101̅3) is positioned close 

to the semicircles, requiring a highly asymmetric geometry.  

 

For AlN, the (101̅3) reflection is an EAR with an incident beam angle of 1.3773°.  Examining 

this reflection allows for the total diffracted intensity to be largely contributed by the surface 

and near-surface regions. Since the surface diffraction signal is up to 10 times higher than that 
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recorded from symmetric (0002) measurements, maps of the (101̅3) are better suited for 

crystalline damage inspection during polishing procedures.  

Figure 4.4 shows recorded (101̅3) EAR RSMs for all processed AlN single crystal wafers, 

including the mechanically polished sample. Unlike the (0002) XRCs and RSMs, each sample 

has a distinctive (101̅3) RSM, characteristic in its pole diffuse scatter magnitude. Unlike 

previous measurements, these differences are readily evident even among the 3 hr and 6 hr 

CMP treated samples. These initial observations prove the potential for EAR RSMs to 

qualitatively classify the crystalline degree of all polishing degrees investigated in this study, 

without the need to employ further quantitative analysis.   

Most studies on EARs have required the use of synchrotron radiation to gain on diffracted 

intensity. However, the recorded diffraction patterns for this reflection exhibit intense and 

distinctive features, without the need to change to line focus optics or any other instrumental 

alterations. These results further demonstrate that the measurement of an EAR can effectively 

provide a means to assess the crystalline state of AlN surfaces using a conventional HRXRD 

diffractometer, even at the final stages of wafer preparation.  
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Figure 4.5. (101̅3) RSMs of differently polished AlN substrates. Unlike symmetric XRCs and 

RSMs, EAR RSMs do exhibit noticeable differences between the CMP treated surfaces. 

Metrics for subsurface damage quantification may be extracted from the diffuse scatter 

magnitude and the CTR extension.  
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For quantitative analysis, CMP-induced damage may be addressed using pole diffuse scatter 

profiles present in (101̅3) RSMs. Figure 4.6 shows triple-axis 𝜔-scans about the RLP which 

were extracted from the recorded RSMs. From the diffuse scatter profiles, differences among 

the samples are denoted as the diffracted intensity falls away from the main Bragg peak. For 

this reason, the full width at one ten thousandth maximum (FWTTM) value was chosen to 

describe the condition of the differently CMP treated surfaces. Table 4.1 displays the values 

calculated for the FWTTM of all three samples. Using the FWTTM as a metric to assess the 

remnant damage after various CMP time exposures, it can be concluded that the 6 hr CMP 

treated wafer has the least damage among all the studied substrates.  
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Figure 4.6. Extracted triple-axis 𝜔-scans from (101̅3) RSMs for CMP processed AlN wafers. 

Measuring the FWTTM, the magnitude of the pole diffuse scatter could be quantified. Using 

this value as a metric, the 6 hr CMP processed wafer could be identified as the sample with the 

least amount of subsurface damage.  

 

Table 4.1. Values obtained from the pole diffuse scatter observed in (101̅3) RSMs.  

 

Sample Diffuse scatter FWTTM (arc sec) 

1 hr CMP 151 

3 hr CMP 56 

6 hr CMP 38 
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As in the (0002) RSMs, the CTRs are visible in the (101̅3) RSM for all CMP processed 

samples. As other measurements, the EAR RSMs indicated that the AlN wafer surface after 

the mechanical polishing procedure is severely damaged, resulting in a diffraction pattern that 

is mostly diffuse scatter. Upon the CMP treatment, diffraction maps reveal a reduced amount 

of diffuse scatter, allowing for diffraction features like the CTR to be resolved. This is yet 

another confirmation that the CMP step is crucial and sufficient to remove the strong damage 

caused by the mechanical polishing.  

As previously discussed, the CTR is a surface scattering event arising from the crystal 

termination. Therefore, observations on the elongation or intensity of the CTR provides a 

useful way to determine lattice ordering at the crystal surface. To quantify the CTR elongation 

in reciprocal space, CTR profiles may be extracted from the RSMs, plotted in RLUs. 

Symmetric (0002) RSMs exhibited wiggled CTRs that could not be extracted using a single 

line scan. Yet, as shown in Figure 4.7., the CTRs assessed through (101̅3) RSM measurements 

do not exhibit 𝑄𝑥 shifts. Analogous to the diffuse scatter profiles, a single radial 𝑄𝑦-scan of 

the (101̅3) reflection may be used to examine and quantify the behavior of the CTR intensity 

as it extends away from the center of the RLP. For the parameters used to record all (101̅3) 

RSMs in Figure 4.5, the full width at one hundredth maximum (FWHHM) of CTR profiles 

(Figure 4.8) were evaluated to gain knowledge on the surface state of each treated wafers. 

These values are shown in Table 4.2. 
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Figure 4.7. (101̅3) RSMs of the 1 hr and 6 hr CMP processed AlN wafers. The CTR extends 

uniformly in the 𝑄𝑦-direction, enabling a radial line scan to evaluate and quantify its diffracted 

intensity profile.   
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Figure 4.8. 𝑄𝑦-scans extracted from (101̅3) RSMs for CMP processed AlN wafers. 

Measuring the FWHHM, the elongation of the CTRs could be quantified. Using this metric, 

the 6 hr CMP processed AlN wafer may be identified as the least damaged surface, displaying 

the most intense CTR FWHHM value.   

 

Table 4.2. Values obtained from the extracted (101̅3) RSM CTR profiles. 

 

Sample CTR FWHHM (RLU x 106) 

1 hr CMP 778 

3 hr CMP 819 

6 hr CMP 829 
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Using the CTR intensity as a metric, an additional numerical value can be provided to further 

classify the state of the surface after CMP processing. Although the numbers provided for the 

FWHHM of the CTRs are very close to each other, the differences among the values are 

significant due to the nature of this scattering event (surface-related effect). Like the pole 

diffuse scatter, the FWHHM of the CTR shows that the 6 hr CMP treated surface has the least 

remnant CMP-induced damage among the wafers.  

The results presented prove a novel approach towards the relative classification of CMP 

polished AlN crystalline surfaces. In contrast to other techniques, the method is simple and 

advantageous for crystal surface investigation. Whereas other techniques were greatly limited, 

the evaluation of specific diffraction features present in recorded EAR RSMs are successful in 

subsurface damage quantification.  

 

4.5.2. FS HVPE GaN grown on Am-GaN seeds 

Differently processed GaN crystals were investigated using AFM and HRXRD 

characterization. The crystals, provided by Unipress., were extracted from a thick HVPE-

grown GaN layer deposited on an ammonothermally-grown GaN seed [164]. An 

approximately 610 μm thick (0001)-oriented Am-GaN seed was selected, having a slight 

surface misorientation of ± 0.2° towards the m-direction. The seeds were prepared by 

sequential mechanical polishing and CMP processing [164]. The Am-seeds typically exhibit 

high crystalline quality, evidenced by narrow symmetric (0002) XRCs (40 to 70 arc sec) and 

bowing radii of about 20 m [164]. Once desired characteristics of the seed were confirmed, the 

Am-GaN seed was placed inside a horizontal quartz HVPE reactor and annealed at 1045°C for 

20 min [164]. Using GaCl and HCl as precursors, a series of HVPE GaN crystallization steps 

followed, until an approximately 2200 μm thick GaN single crystal layer was deposited. 

Further details on the HVPE-GaN system and synthesis conditions, such as annealing 

atmosphere, growth time and precursor flow rates may be found elsewhere [164].  
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The Am-GaN seed was separated from the thick HVPE GaN layer using a commercial wire 

saw [164]. The extracted HVPE GaN layer was sliced and subjected to harsh polishing on both 

polar surfaces in order to remove surface hillocks and other boule-growth related bulk features. 

Then, a single FS GaN crystal wafer was developed, mechanically polished up to a thickness 

of about 430 μm. This FS GaN wafer was cut into four quarters, keeping one at the 

mechanically polished stage, while all other sections were sequentially processed to CMP for 

15 min, 30 min and 60 min. Since all samples were derived from the same FS GaN crystal, all 

bulk material characteristics are understood to be identical. Consequently, any differences 

among the samples assessed through various characterization techniques are attributed to 

varying wafer surface properties created during each individual processing step.  

 

4.5.2.1. Surface Morphology 

AFM images of all differently processed FS GaN samples are presented in Figure 4.9. The 

micrograph of the FS GaN crystal surface treated with mechanical polishing exhibits the most 

damage among all other investigated samples (Figure 4.9a). Analogous to PVT-AlN, the 

mechanically polished FS GaN sample possesses a dense network of deep, ramdomly-oriented 

scratches, evidencing a heavily damaged surface and near-surface region produced prior and 

during this gross processing step. However, with further CMP polishing, these large scratches 

reduce, eventually disappearing as a function of CMP time exposure (Figures 1b, 1c and 1d). 

Conclusively, the CMP treatment is effective in eliminating the surface layers affected 

generated in harsh polishing steps.  

In contrast to the mechanically polished sample, the CMP processed FS GaN wafers possess 

an apparent recovered surface, confirmed by the resolved bilayer step morphology. Yet, even 

after a 15 min CMP exposure, a few scratches are still observable on the wafer surface, 

indicating this time period is insufficient to achieve an epi-ready state of the FS GaN material. 

With further CMP time, the wafer surface is improved and AFM images appear free of large, 
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damage-related features. The micrographs of the 30 min and 60 min CMP treated crystals 

become indistinguishable, indicating a potential threshold of this technique for surface-damage 

identification.  
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Figure 4.9. AFM images of differently polished FS GaN surfaces: a) mechanical polished, b) 

15 min CMP, c) 30 min CMP and d) 60 min CMP. The mechanically polished and 15 min 

CMP samples exhibit readily visible damage features, such as deep scratches. The 30 min and 

60 min CMP micrographs appear featureless and indistinguishable, indicating a potential 

threshold of the technique.   
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For comparison, field emission SEM images were acquired for all processed FS GaN samples. 

In contrast to a conventional SEM system, the field emission SEM system utilizes an ultra-

high resolution Schottky emitter SEM, which can provide a narrower probing beam at very 

low electron energies [195, 196]. Through clever design, the FESEM enables clearer, less 

electrostatically distorted imaging with spatial resolutions down to 1.5 nm [195-197]. 

Furthermore, the low kinetic energy electrons have a significantly reduced penetration depth 

that allows the immediate surface of the sample to be investigated, which is the particular need 

of this study [197]. 

An FEI Verios 460L field emission SEM was used to record all images presented in Figure 

4.10. The accelerated voltage was 1.5 kV and the magnification was 50,000x. Similar to the 

AFM images, the field emission SEM images resolve scratches in the mechanically polished 

and 15 min CMP sample surfaces, while the 30 min and 60 min CMP crystals appear identical. 

Like the AFM technique, field emission SEM is a useful identification tool for polishing-

induced damage, but limited to the early stages of the CMP processing.  
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Figure 4.10. Field emission SEM images acquired for all processed FS GaN wafers. Results 

confirm observations from AFM micrographs. Both techniques resolve polishing-damage in 

the mechanically polished and 15 min CMP treated samples. However, like AFM imaging, the 

field emission SEM cannot distinguish between the 30 min and 60 min CMP processed 

surfaces. 

 

4.5.2.2. Optical Characterization 

For completeness, the optical properties of the FS GaN samples were examined using 

photoluminescence (PL) characterization. Measurements were acquired using a pulsed HeCd 

laser (𝜆 =325 nm) along with a closed-cycle helium cryostat, Princeton Instruments Acton 

SP2750 0.75m high-resolution monochromator with 3600 grooves/mm grating, and a PIXIS: 
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2KBUV cooled charge-coupled device camera. Figure 4.11 shows the low-temperature (LT) 

(~3K) PL near band edge spectra of all samples,  

For all processed FS GaN wafers, the LT-PL spectra exhibited intense donor bound exciton 

(D°X) emission lines at 3.471 eV and 3.472 eV. The narrow line shape and resolved position 

of the D°X emission lines confirmed the high optical quality and purity of the FS GaN samples. 

However, slight broadening of these lines was present in the spectra recorded for the 

mechanically polished sample. This broadening was caused by the presence of subsurface 

damage beyond the PL probing volume.  

 

 

 

Figure 4.11. Near band edge LT-PL spectra acquired for all processed (0001) FS GaN 

crystal surfaces. Two D°X emission lines are identified at 3.471 eV and 3.472 eV, with 

FWHM values of less than 200 μeV. The exciton lines are extremely narrow and do not 

exhibit peak position shifts, confirming the high optical quality of the FS GaN material.  
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4.5.2.3. Lattice Parameter Measurements 

Absolute lattice parameter measurements were taken for all processed FS GaN samples. As 

described in Chapter 3, the method involves the examination of a number of high-angle 

reflections, accessible under same zone-axis conditions using a high resolution triple-axis 

diffractometer setup. Prior to measurement, the zero position of the goniometer is calibrated, 

in order to ensure that the measured and actual 2𝜃 values are identical, eliminating the system 

error in Bragg angle calculations.  

For FS HVPE-GaN, a set of seven reflections was investigated using radial 2𝜃-𝜔 

measurements.  The Bragg angles were extracted using a Pseudo-Voigt peak fitting function 

provided by the Igor PRO computer software. As introduced in Chapter 3, the Bragg equation 

for diffraction and the interplanar d-spacing equation for hexagonal crystals were utilized to 

calculate a and c lattice parameters, following proper sample alignment and error propagation 

by means of a weighing function [107, 127]. The bulk crystal a and c lattice constants were 

calculated using MATLAB software. These values are presented in Table 4.3, along with those 

reported for the Am-GaN seed used as a substrate. 
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Table 4.3. a and c lattice constants for all polished FS HVPE-GaN crystals. Taking into 

account the reported narrow margins of error, the HVPE-GaN lattice parameter values remain 

unaffected throughout surface processing. Notably, values differ from those of the Am-GaN 

seed. 

 

Sample a (Å) c (Å) 

Am-GaN seed* 3.1892 ± 0.0002 5.1861 ± 0.0002 

Mechanical Polish 3.18952 ± 0.00012 5.18581 ± 0.00003 

15 min CMP 3.18962 ± 0.00007 5.18585 ± 0.00004 

30 min CMP 3.18976 ± 0.00007 5.18584 ± 0.00003 

60 min CMP 3.18950 ± 0.00011 5.18586 ± 0.00003 

* Measured by the manufacturer 

 

The calculated lattice parameters for all processed FS HVPE-GaN exhibit almost identical 

values, regardless of the polishing stage. These values are close to those reported in literature 

for high quality bulk GaN. However, slight differences are observed when these values are 

compared to those provided by the manufacturer for the Am-GaN seed. The slight lattice 

mismatch between the Am-GaN seed and resulting HVPE-GaN crystal has also been observed 

in recent investigations on the hybrid HVPE-ammonothermal growth process [165].  In this 

study, the lattice mismatch and strain gradients at the HVPE-GaN material edges led to the 

generation of cracks, pits and low angle grain boundaries on the (0001) surface  [165]. The 

use of thick Am-GaN seeds has been identified as responsible for these imperfections, but such 

defects were not present in the FS GaN crystal used in this study.     

Lattice parameter results are not conclusive on variations in surface lattice relaxations, since 

the probed reflections have deep penetration depths. Thus, more surface-sensitive 

measurements are required to conclude on the surface condition of the FS GaN crystals.   
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4.5.2.4. XRCs 

Figure 4.12 and 4.13 show recorded on- and off-axis XRCs, respectively.  As conducted for 

PVT-AlN, the XRC broadening, reported as FWHM, and the diffuse scattering intensity were 

evaluated and compared among the samples in order to identify and classify the amount of 

polishing-induced damage present after each processing stage. The XRC FWHM values are 

listed in Table 4.4.  

 

 

 

Figure 4.12. On-axis XRCs recorded for processed FS GaN samples, measured about the 

(0002) reflection. The mechanically polished sample exhibited a comparatively broader XRC 

width and higher diffuse scatter intensity in contrast to CMP processed GaN crystals. The 

diffuse scatter intensity is not distinguishable between the CMP treated wafers.  
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Figure 4.13. Off-axis XRCs of processed FS GaN samples, measured about the (303̅2) 

reflection. A broader XRC is resolved for the mechanically polished GaN sample. In contrast 

to on-axis XRCs, a trend in diffuse scatter intensity is difficult to conclude, due to the 

asymmetric Bragg peak broadening observed for the 15 min CMP sample.  

 

Table 4.4. XRC values for on and off-axis reflections routinely measured for III-nitride 

epitaxial materials.  

 

Sample XRC FWHM (arc sec) 

(𝟎𝟎𝟎𝟐) (𝟏𝟎�̅�𝟐) (𝟑𝟎�̅�𝟐) 

Mechanical Polish 57 39 46 

15 min CMP 19 13 37 

30 min CMP 20 27 35 

60 min CMP 20 14 33 
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As expected, homoepitaxially-grown FS HVPE-GaN substrates exhibit very narrow XRCs, 

evidencing their state-of-the-art crystallinity and non-mosaic block structure. These results 

further confirm the success of the hybrid HVPE/ammonothermal growth techniques, allowing 

HVPE-grown GaN single crystalline substrates to be deposited at a faster rate while 

successfully inheriting the superior structural properties of the Am-GaN seed. 

The mechanically polished sample possesses larger XRC FWHM values due to the greater 

surface damage present in the sample. Yet, upon CMP processing, the XRC FWHM values for 

all investigated reflections exhibit a decreasing trend with increased processing time. Still, the 

differences among the FWHM values are minimal and insignificant, similar to the results from 

XRC measurements on PVT-AlN. Thus, the XRC FWHM is not a viable metric for the 

quantification of subsurface damage in CMP processed FS GaN crystals.   

The decreasing trend in XRC FWHM value with further polishing is not followed by the 30 

min CMP sample, since the measured (101̅2) XRC is slightly broader than that recorded for 

the 15 min CMP. This broadening is only consequence of a single misoriented grain, visible in 

the asymmetric (303̅2) XRC line shape (Figure 4.13).  

Close inspection of the XRC diffuse scatter allows the mechanically polished sample to be 

readily distinguishable, since it exhibits almost two orders of magnitude higher diffuse scatter 

intensity than all CMP processed GaN crystals. Similarly, the low intensity diffuse scatter 

produced by the 15 min CMP sample can be separated from the other CMP processed crystals. 

However, the diffuse scatter intensity of the 30 min and 60 min CMP processed samples is 

very similar. Consequently, like the XRC FWHM, the XRC diffuse scatter intensity is not a 

useful parameter for CMP polishing-damage identification beyond this time exposure. 

 

4.5.2.5. RSMs 

For PVT-AlN wafers, the measurement and analysis of diffraction features present in EAR 

(101̅3) RSMs proved successful for the identification and quantification of polishing-induced 
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subsurface damage, even after the employment of CMP processing. Yet, for GaN, EARs are 

not readily assessed using a CuKα1 X-ray laboratory source. Therefore, the use of RSMs 

measurements taken with a conventional HRXRD laboratory system is limited to reflections 

that have large penetration depths.  

In this study, RSMs of several reflections were investigated in order to test their potential for 

polishing-induced damage assessment in FS HVPE-GaN crystals. The reflections examined 

include the (0002), (0004) and (112̅4), each measured under identical scanning parameters 

and analyzed by monitoring intensity changes of specific diffraction features. These 

differences were correlated and compared to the particular polishing stage of the FS GaN 

samples under observation.  

It is important to note that the intentional use of samples extracted from the same FS GaN 

wafer serves to control bulk crystal properties, evidenced by the previously recorded lattice 

parameters and XRCs. Therefore, any observable differences in RSM features may be 

understood to solely arise from variations in the surface and near-surface crystalline structure 

of the differently polished FS GaN substrates.  

Figure 4.14 shows (0002) RSMs for the mechanically polished and 15 min CMP processed 

FS GaN samples. As observed from the (0002) XRC measurements, the mechanically 

polished sample exhibits highly intense diffuse scatter halos, which populate the entire 

scanning area. However, once the CMP processing is employed, the symmetric diffraction map 

exhibits a notable reduction in pole diffuse scatter magnitude, allowing CTR visibility. 

Therefore, as with the PVT-AlN wafers, the symmetric (0002) RSM serves to identify the 

effects of CMP processing, which can successfully remove the surface and near-surface crystal 

damage created in previous gross polishing steps.  
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Figure 4.14. (0002) RSMs recorded for the mechanically polished and 15 min CMP processed 

FS HVPE-GaN wafers. The mechanically polished sample exhibits an RSM populated with 

diffuse scatter halos about the RLP. In contrast, the 15 min CMP map has a substantially 

reduced amount of pole diffuse scatter and CTR visibility, which evidence an improved GaN 

crystal surface.  

 

The RSMs presented in Figure 4.14 required an extensive amount of time to be recorded. While 

highly informative, lengthy measurements ( ≥ 10 hours) are impractical for routine product 

control and process monitoring. Consequently, shorter scans, such as XRCs and line scans, are 

often preferred, but usually provide limited information on the crystalline disorder at the 

sample surface.  

In order to continue to explore the potential use of RSM measurements to develop metrics that 

can readily monitor polishing-induced damage at different processing stages, symmetric 

(0002) RSMs were recorded at different scanning parameters. The scan settings selected 
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reduced the measurement time to only 3 hours, without jeopardizing the intensity of important 

diffraction features, such as the pole diffuse scatter and the CTR. Since the RSM recorded for 

the mechanically polished sample resolved mostly diffuse scatter (Figure 4.14), the different 

scan settings were only employed for the (0002) RSM measurements on CMP processed FS 

GaN wafers. Results for the CMP treated substrates are shown in Figure 4.15.  

 

       

 

Figure 4.15. (0002) RSMs measured on 15 min, 30 min and 60 min CMP processed FS 

HVPE-GaN. Longer exposure to CMP processing resulted in less damage on the GaN crystal 

surface, as evidenced by the vast reduction in pole diffuse scatter intensity.  

 

In contrast to the RSM measured for the 15 min CMP treated wafer, the maps recorded for the 

30 min and 60 min CMP sample exhibited a greatly reduced amount of pole diffuse scatter, 

even after relatively small increases in CMP exposure time. These large differences in diffuse 

scatter magnitude with slightly longer polishing time confirm the effectiveness of the CMP 

process at removing and modifying the damaged surface and near-surface regions of the GaN 

wafer. Additionally, these observations hint on the necessary CMP processing time frames 

required to recover the FS HVPE-GaN wafer surface and achieve an epi-ready state.   
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Recall that work damage in CMP processed PVT-AlN wafers was quantified using pole diffuse 

scatter present in EAR RSMs. For FS GaN, the same analysis was employed, using extracted 

triple-axis 𝜔-scans about the (0002) RLP. The plots are shown in Figure 4.16.  

 

 

 

Figure 4.16. Extracted triple-axis 𝜔-scans from (0002) RSMs for CMP processed FS HVPE-

GaN wafers. The pole diffuse scatter is difficult to quantify and compare among the 30 min 

and 60 min CMP samples due to the asymmetric line shape created by a misoriented bulk grain.  

 

As with PVT-AlN substrates, the CMP treated FS GaN crystals exhibit noticeable differences 

in diffuse scatter magnitude as the diffracted intensity falls away from the main Bragg peak. 

However, the presence of a misoriented grain in both the 30 min and 60 min CMP sample leads 

to asymmetric 𝜔 line shapes that complicate the quantification and comparison of diffuse 

scatter magnitude between these samples. Consequently, the (0002) RSM is only useful as a 

qualitative measurement.  
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The high-angle (0004) symmetric reflection was also examined for all processed FS GaN 

samples. As introduced in Chapter 3, the use of high-angle reflections is preferred for lattice 

parameter measurements, since the error in the calculated d-spacing values can be minimized 

with the use of large 𝜃 values. Additionally, high-angle reflections exhibit moderate Bragg 

diffraction intensities, allowing for other diffraction features related to small lattice strains 

(slight d-value changes) to become more noticeable. The recorded (0004) maps are presented 

in Figure 4.17.  

 

      

 

Figure 4.17. (0004) RSMs recorded for all CMP processed FS GaN crystals. All maps exhibit 

intense CTRs, extended along the entire 𝑄𝑦 range of the measurement. The maps shows slight 

differences in diffuse scatter distributions between the 30 min and 60 min CMP treated samples 

due to the presence of secondary poles created by the the misoriented bulk grains.  

 

The (0004) RSMs exhibit a decreasing trend in diffuse scatter intensity with further CMP 

processing, as concluded from previous (0002) XRC and RSM measurements. However, as 

with the (0002) RSMs, the differences in diffuse scatter magnitude between the 30 min and 

60 min CMP samples are not readily evident. This limitation is a consequence of the large 
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misoriented grains present in these samples, resolved weakly in the (0002) RSMs (Figure 

4.15). The misoriented grains produce a secondary (0004) diffraction pole, broadening and 

distorting the main RLP pole diffuse scatter contours. Consequently, differences in diffuse 

scatter intensity among these two samples are minimal and inconclusive for the assessment of 

remnant work damage. 

Radial 𝑄𝑦-scans about the (0002) and (0004) RLPs are shown in Figure 4.18. Like the diffuse 

scatter profiles, these scans were extracted from the recorded RSMs to monitor intensity 

changes of the CTR with each polishing process. However, the CTR profiles from both 

symmetric reflections prove inconclusive, since the CTRs assumes different 𝑄𝑥 values as these 

extend along the 𝑄𝑦 coordinate. 

 

 

 

Figure 4.18. CTR profiles taken from (0002) and (0004) RSMs for CMP processed FS GaN 

crystals. The CTR elongation could not be quantified due to the asymmetric line shape of the 

extracted 𝑄𝑦-scans.   

 



124 

 

 

 

 

Figure 4.19 shows asymmetric (111̅4) RSMs recorded for CMP treated FS GaN crystals, 

preserving the azimuth and inclination angles as those used in symmetric RSMs. As other 

measurements have consistently shown, the 15 min CMP sample characteristically exhibits a 

high pole diffuse scatter intensity, while the 30 min and 60 min CMP processed crystals are 

not readily comparable using this parameter. Yet, as shown in Figure 4.19, the (111̅4) RSMs 

have pole diffuse scatter profiles that are distinct enough to finally allow a clearer qualitative 

comparison between these two samples.  

Using asymmetric maps, diffraction from the secondary pole (misoriented grain) and the 

diffuse scatter are better separated, allowing the decreasing trend in diffuse scatter intensity 

with further processing to become more obvious. However, as before, the misoriented grain 

creates an asymmetric broadening about the RLP, limiting the use of an extracted triple-axis 

𝜔-scan to profile and quantify the pole diffuse scatter intensity. Similarly, the variation in 𝑄𝑦 

values along the CTR extension limits its ability to be used as a surface-related metric. 
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Figure 4.19. (111̅4) RSMs of the 30 min and 60 min CMP processed FS GaN crystals. The 

maps show readily visible differences in diffuse scatter distributions, not accessible using 

symmetric measurements.   

 

From the RSM results, it may be concluded that FS GaN crystals require CMP treatments of 1 

hour or more to completely remove polishing-induced subsurface damage induced during gross 

processing stages. Upon employing the HRXRD RSM, the technique proves its ability to 

routinely control and compare CMP process parameters, qualitatively monitored by the 

distribution and intensity of pole diffuse scatter. Furthermore, within the time intervals 

investigated, all CMP processed samples were qualitatively distinguishable using symmetric 

and/or asymmetric reflections, confirming all measurements had enough sensitivity to assess 

small CMP polishing-induced changes in the samples.  

These results evidence the ability for HRXRD RSMs to potentially aid wafer quality control, 

even at very delicate stages of surface processing. However, the development of conclusive 

metrics for surface and subsurface damage quantification, such as the CTR intensity, can be 



126 

 

 

 

 

particularly challenging. As presented, the characteristics of the sample may provide 

limitations to the RSM measurements, such as the presence of misoriented grains. However, 

other factors, such as surface sensitivity, may affect the ability to use RSMs for conclusive 

GaN CMP processing control, particularly when longer CMP exposure times are investigated.  

 

4.6. Summary 

The surface and subsurface damage in mechanically polished and CMP processed PVT-AlN 

and FS HVPE-GaN substrates was investigated through a series of HRXRD measurements. 

The goal of these studies was to prove the sensitivity and accessibility of HRXRD methods to 

address product control of high-quality bulk nitride substrates after different polishing stages. 

Unlike microscopy techniques, these methods were able to systematically identify changes in 

crystal quality, lattice strain and surface state in all differently polished wafers. By following 

specific diffraction features in XRCs, radial scans and RSMs, the variation of remnant work 

damage present in the sample was able to be qualitatively and, in some cases, quantitatively 

assessed, even after the delicate CMP processing steps. All presented results demonstrate the 

ability of HRXRD measurements as a standard semiconductor metrology to address polishing-

induced damage assessment in III-nitride semiconductor substrates. 
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CHAPTER 5: STRUCTURAL CHARACTERIZATION OF 

HOMOEPITAXIAL NON-POLAR ALN FILMS GROWN ON 

M-PLANE ALN SINGLE CRYSTALS 

5.1. Introduction 

Early demonstrations of III-nitride-based LEDs and blue LDs were based on MQW 

heterostructures grown on c-plane (0001) sapphire substrates. At the time, the emission 

mechanisms of these systems were not well understood [198]. Yet, their use was a highly 

innovative and attractive approach to alternate light generation. With the convenient 

availability of sapphire substrates and controllable InGaN/GaN thin film epitaxy, early III-

nitride optoelectronics were rapidly commercialized and adopted by global markets, leading 

to the revolution of the lightning industry [198, 199].  

Over the years, tremendous progress in the understanding, production and enhancement of 

nitride light-emitting devices has been the result of strong research efforts that have allowed 

some material challenges to be overcome, but not all. This is the case for [0001]-oriented 

nitride devices, which suffer limited performance due to the presence of a strong spontaneous 

electric polarization field that arises from the non-centrosymmetry of the wurtzite crystal 

structure parallel to the c-axis. When vertically-stacked lattice-mismatched semiconductor 

MQW layers are grown in this orientation, the consequent strain leads to additional 

piezoelectric effects. The built-in spontaneous and piezoelectric polarization fields along the 

c-axis result in the localization of the electron and hole wavefunctions at either side of the 

quantum well (Figure 5.1) [200]. The separation of electron and hole carriers results in 

restricted recombination efficiency and red-shifted emission [200, 201]. While this effect is 

actually desirable for certain electronic devices, such as field effect transistors, its occurrence 

in light-emitting devices is a serious limitation [10, 201].  
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A route to eliminate these problems is the use of growth surfaces in non-polar crystallographic 

orientations. Tilted away from the c-axis, a-plane (112̅0) and m-plane (11̅00) nitride films 

are grown in the direction normal to the direction of total electric polarization, allowing for 

MQWs to be free of electrostatic fields and permitting flat electronic band conditions [201-

203]. As a result, the electron-hole wavefunctions almost perfectly overlap and the emission 

characteristics of non-polar devices are solely dictated by the degree quantum confinement in 

the heterostructures [200-202].  

 

 

 

Figure 5.1. Schematic of the energy band discontinuities in polar (left) and non-polar m-plane 

(right) AlGaN/GaN heterostructures. Image adapted from Ref. [201, 202].  
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The benefits of using vertical non-polar devices were well understood, but their realization was 

not straightforward. For several decades, scientists struggled with finding the most suitable 

substrate choice and growth processes that would produce epitaxial films of similar or better 

crystal quality than [0001]-oriented nitride material. However, as Maruska et al. identified in 

early experiments using r-plane (11̅02) sapphire to grow a-plane (112̅0) single-crystal GaN 

films, the surfaces of heteroepitaxially grown non-polar films exhibited rough and/or highly 

faceted surfaces that proved unfavorable for device fabrication [201, 204, 205]. Thus, non-

polar planes were viewed as “unstable”, until Waltereit et al. reported the first smooth m-plane 

(11̅00) GaN films grown by MBE on γ-LiAlO2 [201, 202]. 

 

5.2. Heteroepitaxy of Non-polar III-Nitrides  

Following Waltereit’s results, non-polar crystal growth became an increasingly interesting 

topic in III-nitride research, pursued via diverse methods using available foreign substrate 

materials. Each substrate option had specific advantages and disadvantages that challenged 

growth feasibility of high quality non-polar films. Among the many rules for substrate choice, 

the most important are the growth conditions, the chemical and thermal stability, and the film-

substrate epitaxial relationships [10]. The latter are summarized in Table 5.1 for some of the 

most popular substrate material choices reported in literature.  
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Table 5.1. Basic crystal properties of foreign substrates commonly used for non-polar nitride 

film growth [5, 10, 57].  

 

Material Lattice Constants Lattice Misfit to GaN from 

In-plane Direction Mismatch a (Å) c (Å) 

γ-LiAlO2 5.169 6.268 [0001]𝐺𝑎𝑁  || [010]𝐿𝐴𝑂 = 0.3% 

[112̅0]𝐺𝑎𝑁  || [001]𝐿𝐴𝑂 = 1.7% 

6H-SiC 3.081 15.110 [0001]𝐺𝑎𝑁  || [0001]𝑆𝑖𝐶 = 2.9% 

[112̅0]𝐺𝑎𝑁  || [112̅0]𝑆𝑖𝐶 = 3.4% 

r-plane Al2O3 4.759 12.991 [0001]𝐺𝑎𝑁  || [01̅11]𝐴𝑙𝑂 = 1.2% 

[011̅0]𝐺𝑎𝑁 || [21̅1̅0]𝐴𝑙𝑂 = −1.9% 

 

Most of the work published on non-polar nitrides has focused on a-plane and m-plane GaN 

films and GaN-based heterostructures grown on foreign substrates. Unfortunately, these have 

shown same material problems as heteroepitaxially grown c-plane films, such as strain-induced 

effects and high density of dislocations and extended defects [206]. Furthermore, non-polar 

heteroepitaxial films characteristically exhibit high densities of stacking faults, an important 

class of extended defect that can prove detrimental to electrical and optical devices. To explain 

the nature of these defects, we must revisit in detail the wurtzite crystal structure.  

As mentioned in Chapter 1, the wurtzite (2H) structure is characterized by the polytypic 

stacking sequence …ABABABAB… along the [0001] direction, where each letter stands for 

an ordered pair of cation or anion layers separated by 𝑢𝑐, where 𝑢 =
3

8
 is the internal parameter 

that describes the interatomic distance in the basic unit [5, 26]. As depicted in Figure 5.2, this 

stacking is different from that of the zinc blende or sphalerite structure, which follows a 

…ABCABCABC… sequence [26, 207]. Thus, a basal plane stacking fault (BPSF) is a planar 
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lattice defect that disrupts the long-range stacking sequence of the anion-cation bilayers along 

the c-axis, transforming a wurtzite lamellae or unit into a sphalerite unit [26, 208].  

 

 

 

Figure 5.2. Wurtzite primitive unit cell and zinc blende non-primitive unit cell, denoting the 

stacking sequence of anions (filled circles) and cations (open circles) for each crystal structure. 

Image adapted from Ref. [207].  

 

There are three different types of BPSFs, classified as either intrinsic (I) or extrinsic (E). As 

shown in Figure 5.3, BPSFs are classically described by how many units of sphalerite are 

introduced into the wurtzite 𝑐-axis stacking [26, 207]. The 𝐼1-type introduces a single unit, 

while the 𝐼2-type and 𝐸-type introduce two and three units, respectively [26, 207]. 𝐼3-type 

BPSFs are not shown, but these resemble double 𝐼1-type BPSFs [65].  
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Figure 5.3. Stacking sequences for intrinsic (𝐼1 and 𝐼2) and extrinsic (𝐸) BPSFs observed in 

wurtzite III-nitrides. Introduced sphalerite units are highlighted. Image taken from Ref. [207].  

 

In addition to the (0001) basal plane, stacking faults may occur on either the (11̅00) or 

(112̅0) prismatic planes, in which case these are denominated as prismatic stacking faults 

(PSFs). PSFs are observed in conjunction with BPSF, since PSFs are generated by connecting 

two 𝐼1-type BPSFs with stair-rod dislocations, leading to a lattice sequence interruption [207, 

209, 210]. Both BPSFs and PSFs serve to relieve lattice-mismatch strain in both polar and non-

polar heterostructures and as such, these are usually found at film-film and substrate-film 

interfaces [26, 211]. However, these have also been reported in bulk III-nitride materials [212]. 

Due to their low formation energy (0.11 eV/nm2), 𝐼1-type BPSFs are most likely to be 

generated, comprising up to 90% of all stacking fault types observed as confirmed by TEM 

analysis [65, 213]. The other 10% is usually a combination of either the 𝐼3-type, 𝐼2-type and 

𝐸-type BPSFs, which have formation energies of 0.21 eV/nm2, 0.27 eV/nm2 and 0.42 

meV/nm2, respectively [213].  PSFs may be observed, but are rarely formed since their 

formation energies range from 2.5 eV/nm2 to 10.5 eV/nm2, a much higher formation energy 

than all other BPSF types [213-216]. Nevertheless, both BPSFs and PSFs are often reported in 
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heteroepitaxially grown non-polar nitride epilayers, even when low mismatch substrates are 

employed, such as LiAlO3 [206]. Table 5.2 summarized the properties of stacking faults found 

in non-polar nitride materials [65, 203, 214].  

 

Table 5.2. Properties of stacking faults found in non-polar III-nitrides. Stacking sequences are 

described with respect to the [0001] direction [65, 213, 214]. 

 

Type Displacement Vector R Stacking Sequence Formation Energy (
𝒆𝑽

𝒏𝒎𝟐) 

𝐼1 1

6
〈202̅3〉 

…ABABCBCBC… 0.11 

𝐼2 1

3
〈11̅00〉 

…ABABCACAC… 0.27 

𝐼3 -- …ABABCBABA… 0.21 

𝐸 1

2
〈0001〉 

…ABABCABAB… 0.42 

Prismatic 1

2
〈101̅1〉 

Along {1̅21̅0} 2.5 – 10.5 

 

As a consequence of the numerous crystal defects, achieving smooth surfaces has been a 

special challenge for non-polar nitride films. Due to the highly defective film microstructure, 

the resulting surface is severely affected, revealing undesirable features such as strain-

associated pits, facets and non-crystalline deposits [217, 218]. In particular, an undesirable 

“slate-like” morphology is often reported. This morphology is comprised of long-range 

crystallographically oriented stripes assumed to be generated by BPSFs [217, 219-221]. 

Combined, bulk and surface defects ultimately affect device performance, compromising 

efficiency and lifetime. While recent reports on non-polar GaN heteroepitaxy have 

demonstrated better crystalline structure and lower impurity incorporation, there is still need 
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for significant improvement in the overall quality of non-polar nitride films in order to achieve 

device performance comparable to [0001]-oriented systems. 

 

5.3. Non-polar Nitride Bulk Single Crystals 

For optimal device realization, processing methods need to be explored that will lead to 

enhanced surface morphologies and film microstructures in non-polar nitride systems [203]. A 

promising route to improve the crystalline and surface quality of non-polar nitrides is to 

employ the use of native non-polar substrates. While it is yet unclear which non-polar surface 

would result in better film properties, it is expected that the use of either a-plane (112̅0) or m-

plane (11̅00) GaN and AlN native bulk crystals could significantly decrease the presence of 

planar defects and threading dislocations and enable highly-reliable device structures that yield 

efficiencies close to theoretically predicted values [186, 222, 223].  

 

5.3.1. Non-polar GaN Substrates  

High-performing green and blue optoelectronics of high-power light-emission have already 

been demonstrated on bulk non-polar GaN crystals, desirable for full-color and laser projection 

displays [224, 225]. These and many other devices have been built using non-polar GaN bulk 

crystals grown by several methods, of which the most successful have been the HVPE and the 

ammonothermal growth process [226, 227]. Through HVPE, two popular approaches are 

reported in literature for the production of non-polar substrates. One is through the use of a 

foreign substrate, on which a thick HVPE non-polar GaN layer is deposited either directly or 

using the LEO technique [228]. Frequently, this approach leads to GaN substrates with high 

defect densities, nonuniformity, high stress and wafer bowing [9, 228, 229]. For this reason, a 

second approach using HVPE preferred and highly popular, denoted as the “bulk method” [9, 

228]. Bulk GaN crystals grown in the (0001)-orientation are grown thick enough to be sliced 

along a preferred orientation and achieve the polarity of interest for extracted GaN substrates 
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[228]. Substrates produced in this manner possess orders of magnitude lower defect densities 

than those produced through HVPE heteroepitaxial methods. However, while growth on these 

substrates led to a significant reduction in the density of stacking faults, concerns remain on 

the overall film properties, such as hereditary crystalline anisotropy due to the quasi-substrate 

nature of the bulk crystals and threading dislocation density in the order of 105-106 cm-2 [226, 

227].  

Though significant advances had been made using HVPE techniques, recent breakthroughs 

using the ammonothermal process have proven the superiority of this technique. As introduced 

in Chapter 4, the ammonothermal method produces GaN crystals of the highest structural and 

optical quality, along with flat crystal radius and large diameter [230]. As reported, the XRC-

FWHMs of m-plane ammonothermal GaN range from 16-19 arc sec, lower than the best 

recorded values for m-plane substrates produced by HVPE [224, 230]. Homoepitaxial GaN 

epilayers deposited by MOCVD also exhibited high crystal quality, with a negligible small 

amount of stacking faults and reported dislocation density about 5 x 104 cm-2, which was the 

same as the m-plane GaN substrate [224]. However, the surface quality of the films was highly 

sensitive to the polishing process, were insufficient treatment led to a roughness and terrace-

like morphology [224]. Additionally, any degree of misorientation of the m-plane GaN 

substrate was found to influence the appearance of surface terraces and the optical quality of 

the films [224]. With further optimization of substrate offcut and polishing processes, the 

achievable quality of non-polar m-plane homoepitaxial devices through the ammonothermal 

technique is expected to be remarkable. 

 

5.3.2. Non-polar M-plane Bulk AlN Substrates 

In recent years, m-plane (11̅00) AlN single crystals obtained from c-plane (0001) AlN boules 

grown by PVT have become available [154, 185]. While seeded growth using m-plane AlN 

seed crystals is also possible by the PVT technique, it is not a preferred growth route due to 
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the resulting in-plane anisotropy of the crystal boule [150, 151, 154, 185]. Alternatively, m-

plane AlN substrates are easily obtained by slicing the [0001]-oriented AlN boule parallel to 

the m-planes, in the same manner as HVPE-GaN non-polar wafers are cut and processed [186, 

187]. Presently, PVT-grown [11̅00]-oriented substrates are sold in its epi-ready state by 

Hexatech, Inc., having a thickness of about 500 μm and a diameter of 15 mm [231].  

 

5.3.2.1. Epi-Ready Surface Morphology  

A typical AFM image of an as-received m-plane AlN substrates is shown in Figure 5.4. As 

mentioned in Chapter 4, AFM is used before epitaxy for the quick inspection of substrate 

surfaces, in order to identify the presence of scratches, pits or other polishing-induced gross 

damage. Ideal m-plane AlN wafers exhibit surfaces free of these defects, having clear 

monolayer steps and an RMS roughness of less than 100 pm [186]. The surface orientation 

may vary from {101̅0} ± 1.0°, which can be measured by HRXRD measurements or by 

examining the step/terrace ratio and step orientation relative to the c-plane facet using AFM 

imaging [186, 231].  
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Figure 5.4. 5 x 5 μm2 AFM scan of m-plane (11̅00) AlN substrate surface free of gross 

polishing damage. The image shows monolayer steps of 2.7 ± 0.1 Å step height (one m-plane 

monolayer) and an RSM roughness of below 100 pm [186].  

 

5.3.2.2. Structural Characterization 

The structural properties of m-plane AlN single crystalline substrates were investigated using 

HRXRD characterization. A series of measurements were conducted to assess the overall 

crystalline quality of the substrates, including XRCs, 2𝜃-𝜔 line scans and RSMs. The double-

axis configuration was set for XRCs, while the triple-axis setting was used for 2𝜃-𝜔 line scans 

and RSMs.  

A quick assessment on crystal perfection may be done by recording symmetric (101̅0) XRCs 

for all studied m-plane AlN substrates. Measured parallel to the [0001] direction, all (101̅0) 

XRCs were sharp and narrow, having FWHMs ranging from 13 to 28 arc sec. These 

observations agree with their reported low dislocation density of 10-3 cm-2 [154, 186]. 

However, the (101̅0) XRCs did exhibit a change in mosaic spread with X-ray beam 
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orientation, shown in Figure 5.5 and Figure 5.6. XRCs measured perpendicular to the [0001] 

direction exhibited broad, multi-peaked line shape and a FWHM ranging from 136 to 158 arc 

sec. This variation in symmetric XRC peak width with azimuth angle was observed for all 

measured m-plane AlN substrates. 

 

 

 

Figure 5.5. Symmetric (101̅0) XRCs of an m-plane AlN substrate, taken parallel and 

perpendicular to the [0001] direction. Differences in curve broadening and line shape reveal 

mosaic anisotropy due to the tilt and twist of the original [0001]-oriented AlN boule. 
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Figure 5.6. Variation of the symmetric (101̅0) XRC-FWHM with azimuth angle for two m-

plane AlN single crystal substrates. Data evidences the anisotropic shape of the reciprocal 

lattice point, attributed to the inherited mosaic tilt and twist of the original [0001]-oriented 

AlN crystal boule.  

 

Anisotropic crystal properties are often observed in heteroepitaxially grown non-polar nitride 

films. For m-plane nitride films, this anisotropy is readily observed through the monitoring of 

symmetric (101̅0) XRCs, typically reported to have large peak width variation with azimuth 

angle. The XRC-FWHMs exhibit a maximum value when the X-ray incident beam is oriented 

either parallel or perpendicular to the [0001] direction. This effect has been attributed to the 

anisotropic distribution of dislocations and stacking faults, along with the presence of film tilt 

and/or wafer bending arising from the lattice and thermal expansion coefficient mismatch 

between the film and foreign substrate [203, 206, 232-235]. Furthermore, the surface 

roughness may play a role in the observed XRC-FWHMs anisotropy, which is an important 
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effect to consider when films develop faceted surfaces along a specific crystallographic 

orientation during growth [203]. However, since non-polar AlN wafers are sliced from c-plane 

(0001) AlN crystal boules, the observed XRC-FWHM variation with azimuth angle is solely 

due to the original c-plane mosaic tilt and twist. This observation has also been reported by 

Kagaya et al. and Chichibu et al. for XRCs measured for free-standing m-plane substrates cut 

from [0001]- oriented GaN boules [226, 236].   

Skew-symmetric XRCs were measured for several reflections of varying inclination angle (𝜓) 

with respect to the sample surface. Typically, broadening from reflections requiring a large 𝜓 

value can be used as a figure of merit for the mosaic twist [237-239]. In the case of m-plane 

AlN substrates, an inclination angle of 𝜓 = 72° is required to measure the skew-symmetric 

(101̅6) reflection, which exhibited an average FWHM of 80 arc sec for all examined samples. 

However, the maximum intensity recorded for this reflection was orders of magnitude lower 

than other skew-symmetric reflections. Nevertheless, the most intense skew-symmetric XRC 

was recorded for the (202̅5) reflection (𝜓 = 52°), exhibiting a sharp and narrow peak having 

an average FWHM of 68 arc sec.  

A common approach to interpreting skew-symmetric XRC broadening sources in m-plane 

nitride films involves plotting the XRC-FWHMs versus the inclination angle [237, 238]. From 

this plot, a component of the mosaic twist may be extracted using a simple function, which can 

also account for broadening due to BPSFs [238]. Unfortunately, due to the mosaic anisotropy 

exhibited by m-plane AlN substrates, this analysis is not adequate. This issue was also reported 

by Paduano et al., who evaluated m-plane GaN films grown on sapphire substrates [238]. In 

contrast to the data presented for heteroepitaxial m-plane GaN films, m-plane AlN substrates 

do not exhibit a well behaved  trendline of skew-symmteric XRC width with inclination angle, 

limiting the information that could be extracted through curve fitting that could be potentially 

attributed to BPSF broadening [238].   
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Absolute lattice parameter measurements were conducted on several m-plane AlN substrates 

in order to accurately report bulk values of PVT-grown AlN crystals. Using the triple-axis 

configuration, 2𝜃-𝜔 line scans of a set of nine skew-symmetric reflections were recorded under 

same zone axis conditions, based on the modified Bond method [240]. Absolute Bragg angles 

were extracted using a Pseudo-Voigt peak fitting function and a and c lattice parameters were 

found using calculated d values by means of the d-spacing equation for the wurtzite crystal 

structure [107, 127, 240]. A precision of 10-5 was achieved for lattice parameters by following 

system calibration and sample alignment, along with proper error propagation by means of 

weighing methods described in Chapter 3 [107, 127]. From these measurements, the bulk 

crystal values for a and c lattice constants were calculated to be 3.11163 ± 0.00007 Å and 

4.98182 ± 0.00038 Å, respectively.  

As discussed in Chapter 3, there are numerous factors that affect experimentally measured 

lattice parameters, such as impurities, electrically active defects and residual strain [107]. 

Additionally, the presence of extended defects and high dislocation densities can create 

overlapping strain fields that promote changes in lattice constants to accommodate strain 

energy [107, 127, 240]. However, these effects are not expected to influence lattice parameters 

of bulk m-plane AlN substrates, since the dislocation density is very low and the XRC analysis 

proved high crystalline perfection. Therefore, it may be concluded that the experimentally 

assessed lattice parameters are unaffected by the presence of few crystalline dislocations, and 

may be used as strain-free reference values.  

Symmetric (101̅0) RSMs were recorded parallel and perpendicular to the [0001] direction, 

plotted in Figure 5.7. Each color map is normalized to the maximum absolute diffracted 

intensity for each reflection for ease of comparison. As measured from XRCs, there are clear 

differences in reciprocal lattice point shape and broadening with azimuth direction, along with 

variations in pole diffuse scatter CTR intensity. The large mosaic spread along [112̅0] 

dominates all other diffraction features and compromises CTR visibility. However, the sharp 
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CTR and minimal diffuse scatter intensity observed in the RSM recorded parallel to [0001] 

evidence the smooth surface morphology and high crystallinity of the m-plane AlN substrate.  

 

 

 

Figure 5.7. Symmetric (101̅0) RSMs of the m-plane AlN substrate, oriented (a) parallel and 

(b) perpendicular to the [0001] direction. Large mosaic broadening (𝑄𝑥 extension) is observed 

for the reflection recorded perpendicular to the [0001] direction, while no substantial 

broadening is seen for the measurement recorded parallel to this direction.  

 

As previously mentioned, AlN substrates are especially promising for the development of high-

Al content AlGaN-based optoelectronic devices that emit within the ultraviolet (UV) and deep-
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UV spectral ranges [154, 185]. Polar AlN-based devices also suffer from polarization effects, 

in addition to a strongly polarized near band edge luminescence arising from the negative 

crystal-field splitting phenomenon, increasing the difficulty for control of polarization in 

emitted light [185, 241, 242]. If non-polar m-plane AlN substrates are employed, all these 

problems are expected to be fully avoided. However, if the structural anisotropy exhibited by 

single crystal m-plane AlN substrates is inherited by epitaxial heterostructures, important 

device properties of native non-polar structures may be affected, such as the carrier mobility, 

recombination dynamics and the emission characteristics [207, 243-245] 

 

5.3.3. Structural Properties of Homoepitaxial M-Plane AlN Films 

While PVT-grown m-plane AlN single crystals had been available for some time, high quality 

films deposited on these substrates were yet to be reported in literature. The lack of control and 

understanding of proper surface preparation on non-polar AlN wafers presented critical 

challenges to epitaxy. As discussed in Chapter 4, the quality of deposited films is affected by 

the formation of a thin aluminum hydroxide layer at the wafer surface, in addition to any 

extraneous adsorbates and contaminants that may have been produced during the processing 

and polishing of the bulk AlN material [185]. For the case of m-plane AlN single crystals, XPS 

analysis on the wafer surface chemistry after CMP treatment found that the nature of the oxide-

hydroxide layer on the m-plane surface was mainly comprised of the hydroxide component 

[185]. However, for both the c-plane and m-plane AlN, the native mixed oxide-hydroxide 

layers are removed if the cleaning sequence described in Chapter 4 is followed.  

Once the proper surface treatment prior to film growth was established, efforts towards 

epitaxial films began by optimizing growth conditions for m-plane (11̅00) AlN homoepitaxy. 

Bryan et al. first reported successful growth of high-quality m-plane AlN homoepitaxial thin 

films using MOCVD [186, 187]. In this study, a systematic investigation on the influence of 

growth temperature on m-plane AlN film properties was conducted for a specific temperature 
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range. A set of m-plane AlN substrates comparable in crystalline quality and surface state was 

chosen to eliminate the influence of substrate variability on film epitaxy. Furthermore, AFM 

imaging revealed all substrates had surfaces free of processing defects, exhibiting clear 

monolayer steps as shown in Figure 5.4. A common misorientation of 0.45° off [101̅0] towards 

[0001] was confirmed in order to neglect effects of substrate misorientation on growth mode 

and surface morphology [186].  

After ensuring identical substrate properties, all m-plane AlN substrates were processed to an 

epi-ready state, using the surface treatment described above. AlN film deposition proceeded at 

temperatures between 1150°C and 1550°C under a total pressure of 20 Torr [186]. A V/III 

ratio of 1000 was kept constant, using hydrogen as the diluent gas and trimethylaluminum and 

ammonia as the aluminum and nitrogen precursors, respectively [186, 187]. The resulting m-

plane AlN films were thoroughly characterized in order to establish the role of MOCVD 

growth temperature in determining the film surface morphology, microstructure and impurity 

incorporation.  

The study confirmed that upon proper surface treatment prior to film deposition, optimized 

growth conditions result in atomically smooth homoepitaxial films of comparable quality to c-

plane (0001) AlN homoepitaxial films [186]. In this section, the surface, optical and structural 

quality of the films are presented and discussed.   

 

5.3.3.1. Film Surface Morphology 

The surface morphology of m-plane (11̅00) homoepitaxial films was investigated using an 

Asylum Research MFP-3D AFM in tapping mode. Figure 5.8 shows the resulting surface of 

the films when grown at different MOCVD temperatures. The RMS roughness values were 

acquired from 5 x 5 μm AFM images to describe surface roughness differences between the 

films.  
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Figure 5.8. 5 x 5 μm AFM images of (11̅00) homoepitaxial AlN films grown at three different 

temperatures. A decrease in surface roughness with increasing growth temperature is observed.  

 

At the growth temperature of 1150°C, ±[0001] faceted surfaces were resolved with RMS 

roughness values greater than 20 nm. These heavily faceted surfaces continued to be observed 

in films grown at and below 1350°C, ranging from 8 to 13 nm in RMS values [186]. Above 

1350°C, atomically smooth surfaces were obtained with no preferential faceting and RMS 

roughness values as low as 0.4 nm, as shown by the 1550°C film. At these higher growth 
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temperatures, monolayer steps with step-heights identical to those seen on the m-plane AlN 

substrates were observed (Figure 5.4).  

 

5.3.3.2. Optical Quality and Impurity Incorporation 

The defect incorporation and overall optical quality of the m-plane AlN homoepitaxial films 

was investigated using PL and secondary ion mass spectrometry (SIMS) measurements. The 

near band-edge spectra exhibited well-defined donor-bound exciton (DBX) and free exciton 

(FX) transitions which evidenced the high quality of the m-plane films [186, 187]. 

Additionally, the presence of 𝛤1 (6.032 eV) and 𝛤5 (6.040 eV) FX’s indicated that the films 

were strain-free [186]. Regarding impurities, Bryan et al. identified the presence of an O°X 

peak at 6.006 eV, corresponding to the unintentional incorporation of O in the (11̅00) films 

[187]. A SIMS spectra on an epitaxial structure comprised of two m-plane AlN homoepitaxial 

films grown at different temperatures revealed that the degree of O incorporation is dependent 

on the MOCVD growth temperature, since the O atomic concentration was observed to 

decrease by over an order of magnitude with a 100°C temperature increase [186].  However, 

the atomic concentration of C and S remained the same for both films, proving that their 

incorporation is unaffected by growth temperature changes [186].  

To investigate further the O incorporation, a smooth c-plane (0001) homoepitaxial film grown 

at a temperature of 1250°C was characterized by calibrated SIMS. Results were used to 

compare the O incorporation with that of an m-plane (11̅00) film grown at identical conditions 

at the same temperature. The O incorporation was found to be three orders of magnitude higher 

for the m-plane AlN film in contrast to the c-plane film. This significant difference in O atomic 

concentration is attributed to the characteristic (0001̅) facets exhibited by (11̅00) AlN 

homoepitaxial films grown at 1250°, since both (11̅00) and (0001) planes preferentially 

incorporate O [186, 246, 247]. Since an increase in growth temperature leads to a reduction of 
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(0001̅) faceting in m-plane homoepitaxial films (Figure 5.8), the O atomic concentration is 

expected to decrease.  

 

5.3.3.3. HRXRD Characterization 

Microstructural characteristics of m-plane AlN homoepitaxial films were investigated using 

HRXRD measurements, including XRCs, 2𝜃-𝜔 line scans and RSMs. Results were compared 

to AFM and TEM observations, in order to establish the role of extended crystallographic 

defects in determining the surface morphology in m-plane AlN homoepitaxial films. HRXRD 

measurements, such as XRCs, 2𝜃-𝜔 line scans and RSMs, were employed to assess the 

crystalline quality of the films. The sample alignment with respect to the X-ray incident beam 

direction was considered in all measurements, in order to identify variation in diffraction 

features due to crystallographic anisotropy. To investigate the presence of extended defects, 

conventional two-beam TEM imaging was performed on a JEOL 2000FX microscope operated 

at 200 kV. Sample preparation was done using an FEI 3D Quanta FEG Focused Ion Beam 

system.  

Symmetric (101̅0) XRCs were recorded for all m-plane AlN films. The XRC-FWHMs for all 

films taken parallel to the [0001] direction exhibited values below 30 arc sec, close to the 

resolution limit of the detector in double-axis configuration. As shown in Figure 5.9, the peak 

shape and width of XRCs is comparable to that of m-plane AlN bulk crystal, evidencing that 

the films inherited the high crystallinity of the single crystal substrates, regardless of the film 

growth temperature.  
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Figure 5.9. Symmetric (101̅0) XRC of m-plane AlN homoepitaxial films grown at 1150°C 

and 1550°C, taken parallel to the [0001] direction. Films exhibited XRC peak shape and width 

comparable to the m-plane AlN substrate.  

 

In Chapter 3, XRC broadening sources were discussed. These are make up the XRC peak width 

and must be separated accordingly to identify specific sample properties.  As mentioned, 

Williamson-Hall (W-H) plots are typically utilized to separate XRC broadening effects, such 

as mosaic tilt and/or twist and LCL. Using the mosaic block microstructural model, W-H 

analysis allows for these values to be extracted by monitoring the change in reciprocal lattice 

point broadening with distance from the reciprocal lattice origin for a set of collinear reflections 

[107, 232].  

Figure 5.10 shows W-H plots constructed using XRC broadening differences for symmetric 

(101̅0), (202̅0) and (303̅0) reflections for three m-plane AlN films grown at different 

temperatures. The XRCs were measured under same zone axis conditions and the peak width 
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was evaluated using a Pseudo-Voigt fitting function with IGOR Pro software. Results from 

XRC-FWHMs measured parallel to the [0001] direction are summarized in Table 5.3. 

 

 

 

Figure 5.10. W-H plots of (ℎ0ℎ̅0) XRCs for three m-plane AlN homoepitaxial films grown 

at different MOCVD growth temperatures.  
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Table 5.3. Results from W-H plot analysis of symmetric (ℎ0ℎ̅0) XRCs measured for m-plane 

AlN homoepiaxial films. 

 

Sample ∆𝝎𝒕𝒊𝒍𝒕 (arc sec) LCL (Å) 

1150°C 29 34270 

1350°C 28 35063 

1550°C 26 53135 

.  

Mosaic tilt values derived from W-H plots were similar among all films, regardless of film 

growth temperature. These results confirm that all films possess high crystalline quality, 

comparable to the m-plane AlN bulk crystal. However, extracted LCL values exhibited 

differences that trend with temperature, increasing in magnitude with increasing growth 

temperature. These differences are attributed to the rougher, faceted surface morphology of 

films grown at lower temperatures, as identified by AFM imaging (Figure 5.8). Since LCL 

values can be affected by film surface roughness, particularly when films are of high crystalline 

perfection, the W-H plots of low temperature films become dominated by surface-related 

effects [203].  

For the MOCVD growth temperature range investigated, all m-plane AlN homoepitaxial films 

exhibited a vastly reduced mosaic tilt anisotropy with in-plane orientation. In contrast to the 

m-plane AlN substrate, the (101̅0) XRC peak shape and width for curves recorded 

perpendicular to the [0001] exhibited small differences in XRC-FWHM (Figure 5.11). This 

anisotropy in XRC broadening with azimuth orientation was seen to decrease as film growth 

temperature was increased, becoming almost negligible for films grown above 1350°C.   
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Figure 5.11. Symmetric (101̅0) XRCs measured perpendicular to the [0001] direction. In 

contrast to the substrate, the films exhibit minimal variations in curve broadening and line 

shape with in-plane sample orientation. 

 

 Symmetric (101̅0) 2𝜃-𝜔 radial scans were recorded for all m-plane AlN films, using the 

triple-axis diffractometer setting. The plotted 2𝜃-𝜔 shows no peak shifts, regardless of film 

growth temperature, indicating all films are strain-free (Figure 5.12). As discussed, these 

results agree with PL measurements, in which 𝛤1 and 𝛤5 FX’s peaks corresponded to the strain-

free state of the m-plane AlN films.  

A close look at radial scans revealed the appearance of Pendellösung fringes, with a periodicity 

that corresponds to a film thickness of 1.2 μm. Interestingly, the intensity of the Pendellösung 

fringes was seen to decrease as the film growth temperature increased, almost fully 

disappearing for the films grown at and above 1450°C. These results may be understood by 

examining the trends in resulting surface roughness and impurity incorporation with m-plane 



152 

 

 

 

 

AlN film growth temperature. As discussed, films grown at lower temperatures exhibited 

rough and highly faceted surfaces that allowed for O incorporation. In the case of higher 

temperature growth, the resulting films had smooth surfaces, where an evident reduction in O 

atomic concentration is observed.  

 

 

 

Figure 5.12. Symmetric (101̅0) 2𝜃-𝜔 line scans for m-plane AlN homoepitaxial films grown 

at five different growth temperatures. The intensity of Pendellösung fringes is seen to decrease 

as the film growth temperature was increased, indicative of a less abrupt electron density 

difference between the film and substrate due to a reduction in impurity incorporation.  

 

To further confirm the strain-free state of m-plane AlN homoepitaxial films, absolute lattice 

parameter measurements were conducted, following the same procedure utilized to evaluate 

lattice parameter values in m-plane AlN substrates. Table 5.4 shows the experimental values 
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for the m-plane AlN homoepitaxial films along with the lattice constants obtained for single 

crystal m-plane substrates. These results evidence that within the growth temperature evaluated 

for m-plane homoepitaxy, the resulting AlN films are strain-free, exhibiting lattice constant 

values statistically similar to those of the substrate.  

 

Table 5.4. Experimental values for a and c lattice parameters for m-plane AlN homoepitaxial 

films and PVT-grown m-plane substrate. 

 

Sample a (Å) c (Å) 

1150°C 3.11172 ± 0.00005 4.98129 ± 0.00041 

1350°C 3.11165 ± 0.00007 4.98169 ± 0.00037 

1550°C 3.11184 ± 0.00008 4.98176 ± 0.00059 

m-plane AlN substrate 3.11163 ± 0.00007 4.98182 ± 0.00038 

 

 Defect-sensitive characterization by HRXRD RSMs was employed on all films to address the 

potential role of BPSFs on the observed surface morphologies in m-plane AlN homoepitaxial 

films. According to Moram et al, the presence of BPSFs in m-plane (11̅00) nitride films can 

be determined by evaluating specific diffraction features in symmetric (ℎ0ℎ̅0) RSMs [203, 

218]. If such defects are present in m-plane AlN homoepitaxial films, diffuse scatter streaks 

along 𝑄𝑥 should be observed in symmetric (ℎ0ℎ̅0) RSMs. However, these are only visible 

when the X-ray beam is oriented parallel to the [0001] direction of the film, since the scattering 

vector must be perpendicular to the stacking faults in reciprocal space [203, 248].  

Taking into account the x-ray probing direction and the stacking fault displacement vector R, 

diffraction from 𝐼1- (𝑹 =  
1

6
〈202̅3〉) and 𝐼2-type (𝑹 =  

1

3
〈11̅00〉) BPSFs should be observed 

in symmetric (ℎ0ℎ̅0) RSMs, obeying the diffraction invisibility criterion, 𝒈 • 𝑹 = 𝑛, where g 
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is the reflection and n is any integer, zero included [203, 232, 249]. According to this criterion, 

diffraction from BPSFs should be observed around (101̅0) and (202̅0) reflections, but not in 

the (303̅0) reflection. Thus, by means of this analysis, maps around symmetric (ℎ0ℎ̅0) AlN 

reciprocal lattice points can aid the identification of signature diffraction features belonging to 

BPSFs.  

Figures 5.13-16 show maps for all symmetric (ℎ0ℎ̅0) RSMs taken parallel to [0001] for m-

plane AlN homoepitaxial films grown at 1150°C, 1350°C and 1550°C. As before, each color 

map is normalized to the maximum absolute diffracted intensity for each reflection for ease of 

comparison. The recorded maps exhibit differences in two main diffraction features: pole 

diffuse scatter and crystal truncation rod (CTR). For the 1150°C film, high diffuse scatter is 

observed, even for the (303̅0) RSM. A decrease in the magnitude of the pole diffuse scatter 

and increase of the CTR length were observed as film growth temperature was increased; this 

trend was followed also by the (303̅0) RSMs. Unlike non-polar a-plane GaN films studied by 

Moram et al. [203, 248], no particular 𝑄𝑥 streak was observed in any of the (101̅0) or (202̅0) 

maps, but rather a radial reduction of the diffuse scatter. Since there is no characteristic diffuse 

streak observed in the (101̅0) and (202̅0) maps as compared to the (303̅0) map, the pole 

diffuse scatter observed in all m-plane AlN homoepitaxial films does not correspond to 𝐼1 or 

𝐼2-type BPSFs. 
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a) 

 

b) 

 

 

 

 

 

 

 

Figure 5.13. RSMs of the (101̅0) reflection for them-plane AlN homoepitaxial films grown 

at a) 1150°C and b) 1350°C. A reduction in the pole diffuse scatter and CTR length extension 

is observed for the higher temperature film. No BPSF-related streaks are observed. 
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a) 

 

b) 

 

 

 

 

 

 

 

Figure 5.14. RSMs of the (101̅0) reflection for the m-plane AlN homoepitaxial films grown 

at a) 1350°C and b) 1550°C. A further reduction in the pole diffuse scatter and CTR extension 

is observed for the highest temperature film. As in Figure 5.13, BPSF-related streaks are not 

resolved. 
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a)                                                   b) 

 

 

Figure 5.15. RSMs of the (202̅0) reflections for a) 1150°C and b) 1550°C films. Intensity 

colorscale is the same as in Figure 5.14. As in (101̅0) maps, the higher temperature film 

exhibits a reduction in pole diffuse scatter intensity and a more defined CTR. According to the 

invisibility criteria, characteristic diffuse scatter corresponding to BPSFs should be observed 

in RSMs recorded about the (101̅0) and (202̅0) reflections, but not resolved in (303̅0) maps.  
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           a) 

 

           b) 

 

 

Figure 5.16. RSMs of the (303̅0) reflection for a) 1150°C and b) 1550°C films. Intensity 

colorscale is the same as in Figure 5.14 and Figure 5.15. Visibility of the diffuse scatter proves 

lack of BPSFs streaks in both low and high temperature films. 
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It is important to note that the detection of BPSFs using this technique was employed in films 

that possess BPSF densities around 105 cm-1 [203, 248]. The density of BPSFs was determined 

from plan-view TEM imaging, calculated from the total length of stacking faults per unit area 

[203, 248, 249]. In double-axis configuration, scans for non-polar heteroepitaxial films with 

known BPSF densities exhibited an absolute diffuse scatter intensity of more than 300 cps 

between (202̅0) and (303̅0) curves, corresponding to an order of magnitude difference in 

BPSF intensity [248]. However, for m-plane AlN homoepitaxial films, double-axis XRCs 

exhibited differences in diffuse scatter magnitude away from the (202̅0) and (303̅0) AlN 

Bragg peak that varied by less than 30 cps. Therefore, it is possible that assessment of BPSF 

density by RSM diffuse scatter requires film microstructures with a certain minimum amount 

of BPSFs, which these m-plane AlN homoepitaxial films do not seem to possess. All (ℎ0ℎ̅0) 

RSMs confirmed that the films were either stacking-fault free or possessed an undetectable 

stacking fault density by HRXRD. This is an important result that confirms the achievable 

material quality that homoepitaxial processes on native m-plane AlN substrates can yield.  

As discussed in Chapter 3 and Chapter 4, diffraction maps of highly crystalline materials can 

resolve CTRs when recorded in triple-axis configuration. In reciprocal space, these streaks 

appear along the crystal surface normal, becoming more intense for perfectly terminated 

crystalline lattice at the surface [194]. In contrast to the film grown at 1150°C, the m-plane 

AlN homoepitaxial film grown at 1550°C exhibited a more intense and defined CTR, extended 

in length by more than 1x10-3 RLUs in the symmetric (101̅0) RSM. CTR visibility and 

extension was also improved in the (202̅0) and (303̅0) maps for films grown at a higher 

growth temperature. These results were representative of the structural improvement of the m-

plane AlN film surface when increasing the growth temperature, an observation that can be 

directly correlated to the AFM images. 

As further confirmation of the absence of high densities of stacking faults in these films, TEM 

analysis was realized on an m-plane AlN two-layer stack grown at temperatures which promote 
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the formation of the “slate” morphology [186]. Figure 5.17 shows a bright field TEM image 

of a cross-sectional sample comprised of a stack of two 600 nm thick layers grown at 1450°C 

(smooth morphology) and 1350°C (“slate” morphology). The images were taken under two-

beam conditions for different g vectors. The white horizontal arrows indicate that the start of 

the first (1450°C) and second (1350°C) homoepitaxial films, where no interface contrast is 

observed. Regardless of the diffraction conditions, TEM images do not exhibit defect contrast, 

indicating there are no detectable stacking faults or other extended defects in the epitaxial films 

(defect densities are below detection limit of TEM, < 104 cm-2) [250].     

 

 

 

Figure 5.17. TEM images of homoepitaxial m-plane AlN two-layer stack grown at 1450°C 

and 1350°C, respectively. White horizontal arrows indicate the start of the 1450°C (lower) and 

1350°C (upper) films. Images show no visible interface or defect contrast. Minor streaks 

(yellow arrow) and thickness contrast (green arrow) are seen due to sample preparation 

artifacts. 

 

These observations demonstrate that the observed surface morphology on such m-plane films 

is not related to the presence of BPSFs. Therefore, the accepted relationships between surface 

morphology and underlying crystalline defects should be revised [219]. The observed surface 
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morphology was a widespread phenomenon over the entire film. If the defects determined the 

surface morphology it would be expected over a localized region near the defect. The observed 

widespread surface morphology in such low dislocation density substrates is determined by 

the substrate miscut and the response from surface kinetic processes (i.e. surface diffusion 

length) and growth process supersaturation [251] . It is clear that dislocations (either single or 

group) with an associated screw component that intersects the surface will generate a growth 

spiral with density depending on the dislocation group activity [252]. Such connection between 

stacking faults and a corresponding significant surface feature has not been made. Further 

investigations are needed to establish such a relationship as the surface morphology controlled 

of such non-polar films is important for their application.  

 

5.4. Summary 

The results presented in this chapter demonstrate the feasibility of high quality non-polar 

epitaxial products through the use of PVT-grown m-plane (11̅00) AlN single crystals. These 

substrates possess remarkable structural quality, low defect density and low impurity 

incorporation, making them excellent candidates for non-polar device fabrication. As-received, 

epi-ready substrates examined through AFM imaging lacked gross polishing damage features, 

requiring only adequate surface treatment to eliminate surface adsorbates that are known to 

affect film quality upon deposition. Through the implementation of a well-developed cleaning 

process, m-plane AlN substrates are rid of oxide-hydroxide superficial layers without risking 

the bulk quality and properties of the AlN substrate.  

Once prepared for film growth, the MOCVD growth temperature for m-plane (11̅00) AlN 

homoepitaxial films can be tailored to achieve a smooth surface morphology, ideal for device 

applications. Within the investigated temperature range, it was concluded that MOCVD growth 

temperatures above 1450°C would yield films of smooth surfaces, high optical quality and 

high microstructural perfection. However, within the evaluated range of growth temperatures, 
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all films preserved bulk AlN lattice parameters and exhibited narrow XRCs, indicative of 

coherent film growth and preservation of substrate quality.  

A closer look at the characteristic slate-like morphology of low temperature m-plane AlN 

homoepitaxial films indicated this morphology was not the result of high densities of extended 

defects or stacking faults. This was confirmed through symmetric (ℎ0ℎ̅0) RSMs and TEM 

imaging, where no detectable features belonging to BPSFs or other extended defects could be 

resolved. All results demonstrate that the use of single crystalline m-plane AlN substrates 

promise a novel generation of high-quality non-polar [11̅00]-oriented devices expected to 

have comparable or better performance than [0001]-oriented nitride devices. 
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CHAPTER 6: HRXRD CHARACTERIZATION OF MOCVD-

GROWN ALGAN DEPOSITED ON ALN SINGLE CRYSTALS 

6.1. Introduction 

AlGaN-based semiconductor devices are promising materials for modern photonic and 

electronic applications [253]. However, as previously mentioned, the continued use of non-

native substrates for III-nitride epitaxy results in highly defective heterostructures that hinder 

their use for device applications. Yet, the substantial progress made in AlN and GaN single 

crystal growth has demonstrated the successful synthesis of better-matched AlGaN 

heterosystems, exhibiting vastly reduced dislocation content and minimized structural 

imperfections. Upon overcoming issues related to cost-efficiency and mass production in the 

near future, III-nitride bulk materials are expected to become the substrate of choice for 

AlGaN-based epitaxy and device fabrication.  

Recent interest has focused on the development of high-Al AlGaN-based devices for novel 

optoelectronic applications, such as UV-LEDs and deep-UV laser diodes. The use of AlN 

single crystals is particularly promising for these technologies, since the lattice mismatch can 

be substantially reduced, leading to coherent AlGaN epilayers of excellent optical and crystal 

quality. Unfortunately, the use of AlN bulk crystals for ternary alloy epitaxy has not been 

investigated extensively. Consequently, there is a severe lack of knowledge in proper film 

growth schemes, film stress mechanics and relaxation dynamics regarding low dislocation 

density AlGaN-based epitaxial structures. Therefore, as modern research initiatives continue, 

the need to understand and further research these fundamental material properties becomes 

critical.   

Sensitive investigative tools must be utilized for proper AlGaN quality control and 

characterization. One of such is HRXRD, which can achieve accurate assessment of alloy 

composition, strain state and defect characterization of epitaxial semiconductor films. As such, 

this versatile, rapid and non-destructive technique is often regarded as the most suitable for 
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AlGaN product monitoring. In this chapter, the use and limitations of several HRXRD methods 

for the analysis of AlGaN/AlN heterosystems are presented and discussed.  

 

6.2. Routine HRXRD Scanning Methods 

6.2.1. Line Scanning Methods 

For III-nitride alloys, a double or triple-axis symmetric (0002) radial scan is typically 

recorded, from which both the epilayer and substrate Bragg peak positions are extracted to and 

used to calculate their corresponding 𝑑-spacing values. An example is shown in Figure 6.1. 

 

 

 

Figure 6.1. Symmetric (0002) 2𝜃-𝜔 scans of four different AlxGa1-xN films grown on AlN 

single crystals. The appearance of Pendellösung fringes evidences smooth interfaces and high 

crystallinity of the alloy films.  

 

Diffraction scans of heterostructures often show interference fringes around epilayer and 

substrate Bragg peaks [64]. Termed Pendellösung fringes, these weak diffraction features are 

a consequence of the small difference in electron density between different materials, and may 



165 

 

 

 

 

be used to calculate the epitaxial film thickness. Their visibility can become limited by the 

poor crystallinity of the heteroepitaxial interface. However, the clear appearance of 

Pendellösung fringes in the scans presented in Figure 6.1 serves to evidence successful AlGaN 

epitaxial growth and high quality of AlGaN/AlN interfaces, except for Sample D.   

As explained in Chapter 3, Bragg peaks resolved using symmetric (000𝑙) HRXRD radial scans 

do not provide information regarding the a lattice constant. Consequently, lattice parameter 

changes contributed by the strain state and/or composition of the AlGaN alloy film cannot be 

individually assessed. As table 6.1. shows, the necessary assumption on the strain state of the 

alloy film leads to large errors in composition values. Naturally, the error increases for alloys 

with lower Al content, underestimating the value by more than 0.10 molar fraction. Therefore, 

if both the strain state and the alloy composition are unknown, a more suitable method must 

be employed for AlGaN alloy characterization. 

 

Table 6.1. Results for AlxGa1-xN alloy films using (0002) 2𝜃-𝜔 radial scans. Strain state 

assumptions can underestimate the alloy composition in lower Al-content alloy films by more 

than 0.10 molar fraction units. 

 

Sample Al molar fraction (𝒙𝑨𝒍) estimated from (𝟎𝟎𝟎𝟐) radial scan 

Fully Strained Epilayer Fully Relaxed Epilayer 

A 0.61 0.48 

B 0.72 0.62 

C 0.79 0.71 

D 0.91 0.81 

 

By the early 1960s, the increasing availability of highly pure, perfect semiconductor single 

crystals stressed the need to advance ordinary X-ray diffraction methods for their proper 
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characterization. The accurate assessment of key structural parameters in such materials 

systems, such as high quality Si and Ge-based epitaxial structures, was limited by several 

system and sample-related sources of error that remained unaddressed using routine XRD 

measurements. However, the collective work of many diffraction scientists resulted in the 

development of successful XRD techniques that could compensate these errors and increase 

significantly the precision in lattice parameter determination. One of these was developed by 

W.L. Bond in 1959, popularly referred to as the Bond Method [254, 255].   

The Bond method is a powerful technique that can report lattice parameter values to an 

accuracy of the order of a few ppm [253, 254]. For a chosen reflection, the Bragg angle between 

two crystal positions is measured using a double-axis diffractometer setup and extracted for 

the calculation of the d-spacing of the examined lattice planes [253, 254, 256]. Requiring only 

two radial scans, the technique can successfully measure absolute lattice constant values 

without being affected by common measurement-induced errors [253, 254, 256]. As such, the 

Bond method has become a popular and practical metrology tool for the investigation of many 

bulk crystals and multilayered compound semiconductors.   

Unfortunately, if the sample under investigation is not cubic and/or homogeneously strained, 

the Bond procedure becomes undesirably cumbersome, requiring sample re-alignment and the 

additional measurement of more reflections [253]. Therefore, the use of this method for the 

characterization of partially strained films is not ideal, unless three or more lattice planes of 

both the film (strained) and substrate (relaxed) materials can be measured under the same 

crystallographic zone [253]. This extension is commonly referred to in literature as the 

extended Bond method (EBM).  

This characterization procedure was employed on several AlxGa1-xN films with variable Al 

molar content. The ∆𝜔 of a symmetric and asymmetric radial scans are used to calculate lattice 

parameters values, which reveal the composition and strain state of the AlGaN alloy films. For 

the sample shown in Figure 6.2, calculated results revealed the AlGaN epilayer has an Al molar 
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fraction of 0.91 and a small film relaxation of 3.6%. These results agree with the compositional 

value extracted from a single symmetric radial scan, when the alloy film was assumed to be 

fully strained to the AlN substrate. Both measurements evidence the alloy film is 

pseudomorphic and the calculated relaxation value is within the error margin of the 

measurement.  

 

 

 

Figure 6.2. 2𝜃-𝜔 radial scans of metrically equivalent GI (101̅5) and GE (1̅015) reflections. 

The difference in Bragg peak positions between the AlGaN epilayer and AlN substrate are 

extracted and reported as ∆𝜔(101̅5) and ∆𝜔(1̅015).  Combined with the ∆𝜔(0002), these values 

are used to calculate AlGaN alloy composition and relaxation degree.    

 

The same results could have been estimated using single symmetric radial scans, assuming the 

film was fully strained to the AlN substrate.  Using this technique, any choice of metrically 

equivalent asymmetric reflections can be utilized to calculate alloy film properties. For 

example, for the sample presented in Figure 6.2, the use of (112̅4) and (1̅1̅24) reflections 

reflected the same results as those calculated using (101̅5) and (1̅015). However, some 
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reflections will have stronger diffracted intensities, which are favorable for the minimization 

of error due to poor Bragg peak fitting. Additionally, if the results are suspected to be sensitive 

to the incident X-ray beam direction with respect to the sample, two sets of reflections must be 

used, each accessible using the X-ray incident beam aligned parallel and perpendicular to the 

substrate offcut direction. Results from measurements conducted at any azimuth orientation 

will agree unless the AlGaN film has undergone non-uniform or crystallographically-oriented 

relaxations, such as crystallographic tilting. This phenomenon will be described further in 

Chapter 7.  

 

6.2.2. Limitations to Line Scanning Methods  

For AlGaN alloys grown on AlN single crystals, the proper assessment of strain and 

composition of the alloy film using the aforementioned techniques is not always possible. The 

simultaneous accessibility of two or more substrate and epilayer RLPs in a single radial scan 

often requires individual manipulation of diffractometer angles (𝜔, 𝜙, 𝜓), ultimately altering 

the zone-axis orientation. This issue arises from the radial scan alignment in double-axis 

geometry, which will favor either the substrate or epilayer RLP ellipsoid center. 

For symmetric (000𝑙) radial scans, the measurement is not highly sensitive to scan alignment 

to either the AlGaN or AlN RLP. Consequently, both the substrate and layer Bragg peaks can 

be simultaneously measured in a single scan, even with the use of higher resolution receiving 

optics. An example of a triple-axis (0002) RSM taken for Sample A is shown in Figure 6.3. 

However, it is important to mention that in triple-axis configuration, the probing path is very 

sensitive to sample surface alignment and offcut/tilt azimuth directions, which will be 

discussed further in Chapter 7.   
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Figure 6.3. (0002) RSM recorded for an AlGaN alloy epilayer (Sample A) deposited on an 

AlN substrate. The use of either the AlGaN or AlN RLP for beam path alignment (𝜔-

orientation) does not jeopardize the accessibility of both the epilayer and substrate in a single 

line scan.   

 

Figure 6.4. shows a double-axis (112̅4) RSM recorded for Sample A. As pointed by the 𝜔-

offset horizontal lines, the selected line scan parameters upon alignment may lead to 

difficulties in data acquisition. Choosing to maximize the AlN (AlGaN) Bragg peak signal 

during alignment can set the beam path away from the AlGaN (AlN) RLP, often limiting their 

simultaneous measurement. Even with the use of dramatically broadened RLPs resolved using 

a double-crystal setup, the 2𝜃-𝜔 scan can miss completely either the AlN substrate or AlGaN 

alloy RLPs. 
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Figure 6.4. Asymmetric RSM recorded for an AlGaN alloy epilayer (Sample A). In contrast to 

the symmetric scan, the beam path alignment can affect the accessibility of both the epilayer 

and substrate RLPs in a single line scan.   

 

A potential solution involves slightly offsetting the 𝜔 position of the scan, until there is 

recordable intensity from both the substrate and the epilayer RLPs. However, proper 𝜔-

positioning is often limited to lower-intensity sections of the RLPs, which has been reported 

to increase significantly the error in calculated alloy composition and relaxation values [256]. 

Furthermore, the search for an adequate 𝜔-orientation can be a time consuming endeavor, since 

the extent and shape of the RLP ellipsoids is unknown unless an RSM is employed. 

Additionally, if a system is crystallographically tilted or non-uniformly relaxed, the azimuth 

direction misalignment will affect significantly calculated results [254]. 
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6.3. Summary 

The crystallographic properties of high-Al content AlGaN alloy films grown on PVT-AlN 

single crystals were investigated through the use of common HRXRD techniques. These 

methods prove ideal for the characterization of heteroepitaxial alloy systems with known film 

relaxation schemes, where a convenient assumption of the strain state of the film may be 

employed for the determination of the alloy composition. However, in the case of AlGaN/AlN 

heterosystems, the strain state and composition of AlGaN alloy films must be individually 

assessed through proper lattice parameter measurements in order to prevent large errors in 

extracted composition and relaxation values. Yet, as discussed, the employment of relative 

lattice parameter measurements is quite challenging, requiring extensive alignment procedures 

that are undesirable for routine metrology. This is particularly true for AlGaN films that 

undergo non-uniform relaxation and crystallographic tilting, which will be discussed in 

Chapter 7.  
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CHAPTER 7: CRYSTALLOGRAPHIC TILT OF ALGAN 

ALLOY FILMS DEPOSITED ON ALN SINGLE CRYSTALS 

7.1. Introduction 

AlxGa1-xN heteroepitaxy on AlN single crystalline substrates is highly desirable for modern 

nitride electronic and optoelectronic device applications. In contrast to foreign substrates, the 

use of native nitride crystals for alloy synthesis can lead to films with high crystallinity and 

excellent optical quality. However, the lattice mismatch between AlGaN and AlN produces 

strain according to the alloy composition. The relationships between strain energy and alloy 

composition of AlxGa1-xN films deposited on AlN crystals are plotted in Figure 7.1 as a 

function of Al molar fraction (𝑥𝐴𝑙).  

For high Al-content alloy films, the theoretical composition-dependent compressive strain is 

below 0.1%. While small, this strain can significantly affect the properties of AlGaN-based 

devices, such as the emission wavelength and brightness of light emitting optoelectronics 

[253]. Consequently, understanding the mechanisms by which native III-nitride epitaxial 

systems relax becomes necessary for successful strain management and device optimization. 
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Figure 7.1. Lattice mismatch and compressive strain of AlxGa1-xN alloys on AlN. 

 

In this chapter, we report on crystallographic epilayer tilting as a potential in-plane stress relief 

mechanism in AlGaN/AlN heterosystems. HRXRD measurements are presented for several 

AlxGa1-xN (0.6≤x≤1) epilayers deposited on offcut (0001) PVT-AlN bulk crystals by 

MOCVD.  

 

7.2. Crystallographic Epilayer Tilting 

In lattice-mismatched heteroepitaxial systems, crystallographic tilting (misorientation) of the 

epitaxial film with respect to an offcut substrate is a commonly observed phenomena [1, 257]. 

As illustrated in Figure 7.2, the difference in c lattice parameter (∆c) of the layer and offcut 

substrate in the growth direction gives rise to a small tilt angle of the epilayer planes [258]. 
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When the tilt is coherent, its magnitude may be calculated using the Nagai equation, expressed 

as: 

tan 𝛼𝑡𝑖𝑙𝑡 = − (
∆𝑐

𝑐𝑙𝑎𝑦𝑒𝑟
) tan 𝛼𝑜𝑓𝑓 

(7.1) 

where 𝛼𝑡𝑖𝑙𝑡 is the epilayer tilt magnitude and 𝛼𝑜𝑓𝑓 is the substrate offcut angle [257, 258]. 

Therefore, depending on the degree of lattice mismatch (∆𝑐) and substrate inclination 

magnitude, the film crystal planes will tilt either away from or towards the surface normal of 

the substrate crystal planes [1]. 

 

 

Figure 7.2. Illustration of crystallographic tilting by heteroepitaxial layer. The lattice cells of 

the layer adjacent to the offcut substrate change in c lattice parameter at the edges of the 

substrate steps. Image taken from Ref. [258].  

 

Two main classifications are used to explain crystallographic tilt behavior. For pseudomorphic 

films, where no misfit dislocations (MDs) are present, coherent tilting of the epitaxial film 

planes is only a geometrical consequence of the elastic strain exerted by the substrate surface 

steps [1, 259].  As such, the film tilt will increase monotonically and linearly with the substrate 

offcut degree, predictable by the mathematical relationship developed by Nagai (Equation 7.1) 
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[257, 258]. This trend in Nagai tilt increase with substrate offcut angle is shown for AlGaN 

films with 𝑥𝐴𝑙 ≥ 0.50 in Figure 7.3 and 7.4. 

 

 

 

Figure 7.3. Predicted Nagai tilt trend of AlGaN epilayer deposited on AlN substrates with 

moderate offcut surfaces.  
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Figure 7.4. Predicted Nagai tilt trend of AlGaN epilayer deposited on AlN substrates with high 

offcut surfaces.  

 

When MDs are formed at the film and substrate interface, the tilted epitaxy is no longer a pure 

elastic deformation, since it is promoted by the out-of-plane Burgers vector components of the 

MDs. In this epitaxial scenario, the tilt magnitude is not predictable using the Nagai tilt model 

and other factors related to MDs must be considered, such as MD nucleation and energy 

barriers for slip system activation and dislocation-mediated relaxation [1, 259]. 

 

7.3. Measurement of Crystallographic Tilt 

HRXRD measurements may be used to determine the magnitude of crystallographic tilt of an 

epitaxial layer relative to a single crystalline substrate. When the layer is tilted, the 𝑑-spacing 

relationships between the layer and substrate are altered, observable as Bragg peak shifts in 

2𝜃-𝜔 line scans. However, unlike composition, the peak shift caused by tilt will vary according 

to the absolute X-ray incident beam orientation (𝜙-axis values) [64]. Therefore, by rotating the 
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sample about the 𝜙-axis and measuring the epilayer and substrate Bragg peak separation, the 

tilt angle can be calculated.  

In practice, the effect of tilt and substrate offcut is examined by taken symmetric (0002) 2𝜃-

𝜔 line scans at 90° 𝜙 angle intervals, starting from the 𝜙 value at which the diffraction plane 

is oriented parallel to the substrate offcut direction. Using the AlN Bragg peak position, the 

offcut is calculated using the following expression 

𝛼𝑜𝑓𝑓 =
𝜔0 − 𝜔180

2
, (7.2) 

where the 0 and 180 subscripts correspond to the values extracted at these angular 𝜙 positions 

[260]. Similarly, the tilt angle is calculated by 

𝛼𝑡𝑖𝑙𝑡 =
∆𝜔0 − ∆𝜔180

2
 

(7.3) 

where the recorded differences in epilayer and substrate Bragg peak positions (∆𝜔) are used 

[260].  

Measurements conducted on MOCVD-grown AlxGa1-xN (0.5≤x≤1) alloy films deposited on 

vicinal (0001) AlN surfaces revealed the epilayer tilt increased linearly with substrate offcut. 

This behavior was evident within an offcut range of 0.2°-4.0°, AlGaN regardless of substrate 

offcut magnitude, film thickness and alloy composition (Figure 7.5). A linear dependence of 

film tilt with substrate offcut is expected for pseudomorphic films (Nagai tilt model). However, 

these results remain inconclusive unless the composition and relaxation of the AlGaN alloy 

epitaxial films is accurately assessed.  
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Figure 7.5. AlGaN tilt trend with respect to AlN offcut magnitude, as measured from HRXRD 

methods. Linear trend coincides with pseudomorphic alloy films (Nagai tilt model). However, 

knowledge on the AlGaN film alloy composition and strain state is necessary for tilt results to 

become conclusive.  

 

7.4. Strain and Composition Assessment of Tilted AlGaN Alloys  

As discussed in Chapter 6, when the AlGaN alloy suffers any degree of epitaxial tilting, its 

crystallographic relationship to the AlN substrate becomes altered, leading to changes in 

reciprocal space that are oriented with respect to the epilayer tilt and substrate offcut directions. 

Consequently, if the X-ray incident beam is not aligned perpendicular to both the tilt and offcut 

directions, the accuracy in lattice parameter values is jeopardized. Figure 7.6 shows an example 

for changes (0002) radial scans with X-ray beam orientation using Sample D.  
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Figure 7.6. (0002) radial scans measured at different incident X-ray beam orientations with 

respect to the sample surface.   

 

For tilted AlGaN alloy films, the investigation of film properties using rapid line scanning 

methods, i.e. the EBM technique, is often not possible. If the tilt and/or substrate offcut 

direction coincides with the 𝜙 value necessary to preserve the crystallographic zone of a set of 

reflections to be measured, the composition and partial biaxial strain relaxation calculated will 

largely deviate from the actual values. This error will arise from how the tilt affects the 

positions and shape of the AlGaN RLPs, which can only be resolved using RSMs. For this 

reason, proper alloy characterization requires four RSMs, where pairs of symmetric and 

asymmetric RSMs are taken parallel and perpendicular to the offcut direction. 

For samples grown on vicinal (0001) AlN surfaces, (0002) and (101̅5) RSMs were recorded 

in triple-axis configuration. Figure 7.7 and 7.8 show symmetric maps AlGaN epilayers grown 

on a low offcut (𝛼𝑜𝑓𝑓  = 0.15°) and high offcut (𝛼𝑜𝑓𝑓 = 0.85°) AlN substrate. Following the 

method described previously, the AlGaN epilayer tilt was calculated to be 0.004° and 0.009° 

for the low and high offcut samples, respectively. While small, the epilayer tilt was observed 

as slight AlGaN RLP position shifts about the 𝑄𝑥 axis, indicating the sensitivity of the 

measurement to tilt effects. Additionally, the (0002) RSM revealed that the AlGaN RLPs 
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ellipsoids are elongated in 𝑄𝑦. Combined with unmonitored 𝑄𝑥 shift, the RLP shape can also 

add significant errors to extracted AlGaN Bragg peak if the direction of the tilt is not carefully 

accounted for during measurement.  

  

 

 

Figure 7.7. Symmetric (0002) RSMs taken for an AlGaN alloy film of nominal 𝑥𝐴𝑙=0.80 

composition deposited on AlN. The RSMs are oriented a) perpendicular to the substrate offcut, 

b) parallel to the [101̅0] direction and c) parallel to the offcut direction. The AlGaN RLP 

exhibits slight shifts about the 𝑄𝑥-axis due to the epilayer lattice tilt with respect to the 

substrate.  
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Figure 7.8. Symmetric (0002) and asymmetric (101̅5) RSMs taken for an AlGaN alloy film 

of nominal 𝑥𝐴𝑙=0.70 composition. Both RSMs were taken parallel to the substrate offcut. As 

observed for the sample presented in Figure 7.7, the AlGaN RLP exhibits slight a shift about 

the 𝑄𝑥-axis in the asymmetric RSM due to the epilayer lattice tilt.  

 

For high Al-content AlGaN alloys having small epilayer tilts, line scanning methods performed 

at uncorrected X-ray beam orientations may not result in large composition and relaxation 

values. However, this is not true for samples with larger epilayer tilts, where measurements 

conducted parallel to the epilayer tilt direction mislead results in relaxation values. This 
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increased error in calculated values arises from larger 𝑄𝑥 shifts of the AlGaN RLP due to the 

crystallographic tilt. 

 

 

 

Figure 7.9. RSMs for the a) (0002) and b)(101̅5) reflections of a nominally 60% Al AlGaN 

alloy film. The RSMs were taken parallel to the [101̅0] direction, which is oriented parallel to 

the substrate offcut direction. The AlGaN RLP exhibits a large shift, moving completely away 

from the 𝑄𝑥-coordinate of the AlN RLP center. Extracted AlGaN RLP positions result in a 

calculated alloy composition of 𝑥𝐴𝑙=0.70.   

 

From Figure 7.9, the AlGaN epilayer appears to have undergone some strain relaxation. Yet, 

in order to conclusively determine if the AlGaN alloy is partially strained with respect to the 

substrate, a set of symmetric and asymmetric reflections measurable perpendicular to the tilt 

direction must be assessed under the same crystallographic zone. Often, the intensity of 
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asymmetric reflections can be largely compromised by the triple-axis optics. However, the use 

of metrically equivalent (112̅4) and (1̅1̅24) reflections presented no issues with diffracted 

intensity. For the same sample presented in Figure 7.8, the asymmetric (112̅4) RSM is shown 

in Figure 7.10.  
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Figure 7.10. Asymmetric (112̅4) RSMs the nominally 60% Al alloy film. Measured parallel 

to the substrate offcut direction, the AlGaN RLP exhibits no shift in the 𝑄𝑥-coordinate, 

coinciding with the AlN RLP center. Extracted AlGaN RLP positions reveals the sample is 

fully strained to the AlN substrate, and has an alloy composition of 𝑥𝐴𝑙=0.60.  

 

Considering measurements taken parallel and perpendicular to the offcut direction, the AlGaN 

epilayer was found to be fully strained to the AlN substrate, revealing the shift in AlGaN RLP 

was only an effect of the crystallographic tilt. Furthermore, upon examining the epilayer tilt of 
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the AlGaN film, the calculated results coincided with the predicted Nagai tilt for a 60% Al 

alloy grown on a substrate offcut of this magnitude. Performing this exercise on all several 

tilted AlGaN epilayers revealed the samples agree with the Nagai tilt model, regardless of the 

alloy composition and film thickness.  

Observations on an AlGaN film grown on a high offcut (𝛼𝑜𝑓𝑓=4.0°) AlN substrate revealed 

this sample might deviate from the pseudomorphic Nagai model trend. As shown in Figure 

7.11, the (0002) AlGaN RLP revealed AlGaN RLP that shifted in 𝑄𝑥-position with scan 

orientation. This shift is to be expected, since the measured tilt was 0.09°. 

 

 

 

Figure 7.11. (0002) RSMs taken a) perpendicular to the offcut direction and b) parallel to the 

offcut direction. Measurements reveal the AlGaN epilayer is tilted with respect to the substrate. 

A different shape in the AlGaN RLP is observed.  
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The AlGaN RLP also reveals a different shape than that observed in other samples. The RLP 

is no longer elongated in 𝑄𝑦, but has a circular shape. Studies on bismuth ferrite (BFO) films 

grown on highly offcut strontium titanate (STO) substrates have also reported a similar shift 

in the shape of the BFO RLP upon reaching the layer critical thickness for this heterosystem 

[261]. The introduction of interfacial MDs influences the BFO crystallographic tilt, and is no 

longer predictable by the Nagai equation [261]. However, more studies need to be conducted 

to confirm if the tilt observed in the AlGaN films grown on the very high offcut AlN 

substrates produces partially strained films, relaxed by MD behavior. 

 

7.5. Summary 

Following the observations presented in Chapter 6, this chapter studied the crystallographic 

tilting of AlGaN epilayers deposited on offcut AlN single crystalline substrates using 

reciprocal space mapping. It was found that all films followed the Nagai tilt model for 

pseudomorphic films, regardless of alloy film thickness and composition. These results were 

concluded upon assessing the strain state and composition of crystallographically tilted alloy 

films by recording symmetric and asymmetric HRXRD RSMs with the diffraction plane 

oriented parallel and perpendicular to the epilayer tilt direction. For a highly offcut sample, the 

Nagai tilt model is violated. In this case, the substantial difference in c lattice parameters 

between the film and substrate potentially promoted the introduction of MDs at the interface. 

However, more studies must be conducted to address this hypothesis.  
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CHAPTER 8: CONCLUSIONS AND FUTURE WORK 

8.1. Conclusions 

To date, most HRXRD experiments on III-nitride semiconductor materials have been utilized 

for the understanding and optimization of heteroepitaxial processes on conventional crystalline 

substrates, such as SiC and sapphire. For many years, this powerful, rapid, versatile and highly 

informative technique has assisted the characterization of key structural parameters necessary 

for quality and process control, such as film thickness, crystallinity, dislocation content, 

composition and strain. Several routine methods are already well established and extensively 

used for III-nitride process development and product monitoring. Yet, as III-nitrides continue 

to evolve into a homoepitaxial growth scenario, the development of non-traditional 

metrologies for proper structural and microstructural characterization becomes increasingly 

necessary. As such, the work presented in this dissertation has focused on the development and 

application of suitable HRXRD methods for the proper study of III-nitride bulk materials and 

their epitaxial products.  

 

8.1.1. Subsurface Damage in Bulk AlN and GaN Single Crystals 

Several HRXRD techniques were explored for the analysis of surface and subsurface damage 

in processed AlN and GaN single crystalline substrates. These were employed on samples 

treated to various degrees of mechanical polishing and CMP. As discussed in Chapter 4, the 

presence of gross damage induced from aggressive processing steps, such as diamond sawing 

and mechanical polishing, was easily identified using traditional scanning methods, such as 

XRCs and radial scans. This was successfully done by quantifying the Bragg peak broadening 

and the diffuse scatter intensity, attributed to large crystalline disruptions created beyond the 

near-surface region of the wafer due to gross polishing. However, once the CMP processing 

stage is reached, it was found that the use of line scanning methods was not sufficient to assess 

CMP-induced wafer damage. This limitation was also common to microscopy techniques, such 
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as AFM and SEM. As a potential solution, the use of high-resolution reciprocal space mapping 

was explored for CMP process control.  

Unlike microscopy techniques, the use of on- and off-axis RSMs proved sensitive enough to 

classify the surface condition of CMP-treated wafers as a function of CMP exposure time. By 

comparing the intensity of the CTR and the magnitude of the pole diffuse scatter, structural 

differences at the near-surface and surface regions of CMP-processed wafers were qualitatively 

and quantitatively classified. For AlN, the mapping of an extremely asymmetric reflection 

recordable under grazing incidence conditions was introduced as a novel and powerful 

technique for CMP processing control. Using a conventional laboratory source, recorded 

(101̅3) RSMs exhibited distinguishing surface-related diffraction features with measurable 

intensities. While such reflections in GaN are not accessible using the same system, the 

mapping of higher angle reflections, such as (0004) and (101̅4), proved effective in 

characterizing CMP-treated wafers. All results demonstrate the ability of HRXRD 

measurements to be used as standard semiconductor metrology to address polishing-induced 

damage assessment in III-nitride semiconductor substrates.  

 

8.1.2. Structural Characterization of Homoepitaxial M-plane AlN Films  

This dissertation also investigated the use of HRXRD methods for the thorough structural 

analysis of high-quality non-polar homoepitaxial AlN films grown on m-plane AlN single 

crystals by MOCVD. For the first time, highly perfect m-plane AlN films were realized on 

AlN, using a temperature range between 1150°C and 1550°C. The superior crystalline quality 

of the films was evidenced by very narrow XRCs, ranging in FWHM values between 12 to 35 

arcsec. Using absolute lattice parameter measurements, the films were found to be strain-free, 

preserving closely the lattice constant values of the m-plane AlN bulk substrates. Differences 

among the film surfaces were identified using AFM, where imaging revealed a transition from 

a heavily faceted step morphology to monolayer steps as growth temperature was increased. 
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For several non-polar heteroepitaxial systems, the morphology exhibited by low-temperature 

m-plane AlN films has been attributed to the presence of extended defects, particularly to 

basal-plane stacking faults. However, results from defect-selective RSM analysis performed 

using (ℎ0ℎ̅0) RSMs did not reveal characteristic features from basal plane stacking faults. 

These results were confirmed by TEM imaging of a two-layer AlN homoepitaxial structure, 

which did not exhibit defect imaging contrast. All data evidences the ability to use HRXRD 

RSMs to characterize the presence of extended defects in highly perfect non-polar m-plane 

AlN films.   

 

8.1.3. HRXRD Characterization of MOCVD-grown AlGaN Alloys on AlN 

Results on the use and limitations of HRXRD techniques for the characterization of MOCVD-

grown AlGaN alloy epitaxial films deposited on (0001) were presented in this dissertation. 

Alloys within a wide compositional range were evaluated using several routine methods, such 

as the zone techniques for relative lattice parameter determination and RSMs. Using ordinary 

techniques, all observations revealed AlGaN epilayers are pseudomorphic to the AlN substrate, 

regardless of alloy composition. However, errors in biaxial stress relaxation values can be large 

if other film mechanisms are not accounted for, such as epilayer crystallographic tilting. This 

particular phenomena was observed in films grown on offcut substrates ranging in offcut 

degree magnitude between 0.2°-4.0°. Within this range, the tilt magnitude was found to 

linearly depend on the substrate offcut, following the Nagai tilt model for pseudomorphic 

films. Interestingly, for an alloy film grown on a 4.0° offcut substrate, a deviation from the 

Nagai tilt model was identified. A change in the shape for both the substrate and film RLPs 

did hint on the possible introduction of MDs at the film and substrate interface, which is not 

accounted for by the Nagai tilt theory. However, this was an extreme epitaxial scenario that 

needed further investigations to draw further conclusions. For all other cases, HRXRD 
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measurements revealed AlGaN alloys grown on AlN substrates do not undergo biaxial stress 

relaxation.  

 

8.2. Future Work 

8.2.1. Synchrotron Studies on Polishing-Induced Damage 

While qualitative assessment of CMP-induced damage has been achieved for AlN and GaN 

using a conventional laboratory source, more suitable techniques like grazing incidence 

diffraction (GID) and x-ray reflectivity (XRR) are highly limited by the tube source of the 

system. Intensity issues lead to indistinguishable results, regardless of time variations to CMP 

polishing stage, particularly in the case of GaN bulk crystals. For these reasons, studies using 

a synchrotron beamline source are needed for surface-selective characterization on CMP 

processed III-nitride bulk crystals. These results would be compared to the observations and 

results presented in this dissertation, which were acquired using a laboratory X-ray source.  

The X-ray wavelength tunability, controllable penetration depth and high resolution that 

synchrotron systems provide ensure accurate measurements at few nanometers length scales 

that do not suffer from intensity issues or sample blocking limitations. Under proper beamline 

conditions, the use of numerous techniques could be explored, such as grazing incidence small-

angle X-ray scattering (GISAXS), GID and Bragg-surface diffraction (BSD). These methods 

are expected to provide information that can be related to HRXRD measurements in order to 

separate bulk diffraction effects from those corresponding to polishing-induced crystalline 

disorder at the surface. The results from this study will provide important information 

necessary to assess state-of-the-art CMP polishing in AlN and GaN wafers. 

 

8.2.2. Role of MDs and TDs in AlGaN Strain Relaxation 

In order to understand mechanisms that generate MDs, forces acting on MDs need to be 

considered. According to the mechanical equilibrium model by Matthews-Blakeslee, two 
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forces act on an MD: the strain produced from the lattice mismatch and the MD line tension 

[1].  

Considering the lattice mismatch, the stress field induced is on the interfacial plane 

(AlGaN/AlN interface). For a slip system to be activated, the slip system should experience a 

resolved shear component of the lattice mismatch stress, acting on the slip plane and in the slip 

direction [1,2]. The effective shear stress factor is defined as cos 𝜆, where λ is the angle betwee 

the Burgers vector and the direction on the interfacial plane perpendicular to the dislocation 

line. This factor is used to determine which slip systems will become active as a result of the 

shear force acting on them [1].  

According to Srinivasan et al. [262], for wurtzite (0001)-heterointerfaces, the only slip 

systems that have nonzero value for the effective shear stress factor are on the pyramidal planes 

with 𝑎 + 𝑐 slip direction (Table 7.1).  

 

Table 8.1. Properties of dislocation types in (0001)-oriented wurtzite III-nitride structures 

[262, 263].  

 

Dislocation Type Slip System Burgers vector 

length 

a-type 

(pure edge) 
𝑏 =

1

3
〈112̅0〉 

1

3
〈112̅0〉{11̅00} 

𝑎 

a+c-type 

(mixed) 
𝑏 =

1

3
〈112̅3〉 

1

3
〈112̅3〉{112̅2},   

1

3
〈112̅3〉{11̅01} √𝑎2 + 𝑐2 

 

If only MDs of this type are assumed, any plastic relaxation associated with an array of this 

type of MDs separated by a distance l will be given by: 

휀𝑝𝑙
𝑙 =

1

3
𝑏𝜌𝑇𝐷𝐿 

(8.1) 
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where b is the magnitude of the Burgers vector and L is the projected length of dislocations 

[264]. This MD line arrays produce equibiaxial far-field plastic relaxation 휀𝑝𝑙 at the layer 

surface equal to [264-266]: 

휀𝑝𝑙 =
1

2
𝑏𝜌𝑇𝐷𝐿 

(8.2) 

Similarly, considering a-type threading dislocations (TDs), the relaxation increases linearly 

with thickness, and the average plastic relaxation of the stressed layer will correspond to 

휀𝑝𝑙 =
1

4
𝑏𝜌𝑇𝐷𝐿 

(8.3) 

This analysis can be used to estimate the threading dislocation density (TDD) necessary to 

achieve fully relaxed AlGaN alloy films on AlN crystals, using 휀𝑝𝑙 = 𝑓, where f is the lattice 

mismatch between AlGaN and AlN. Figure 8.1 shows the estimated TDDs for fully relaxed 

AlGaN alloys grown on AlN single crystals.  

 

 

 

Figure 8.1. Theoretical calculation of TDD dislocation densities necessary to fully relax 

AlGaN alloys grown on AlN substrates.  
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Upon considering a and a+c dislocation types, the pyramidal slip systems and common L 

values (gathered from TEM reports on non-native heteroepitaxial systems), the necessary TDD 

required to is above 6x109 cm-2, which is not found in native AlGaN/AlN heterostructures. 

Going forward, further studies on this fundamental material will potentially require 

computational modeling using specific dislocation simulation codes, such as Parallel 

Dislocation Simulator (ParaDIS) code.    

 

8.2.3. Surface Morphology of Tilted AlGaN Alloys 

In order to derive conclusions on epilayer tilt trends with offcut magnitude, it is necessary to 

consider the initial growth surface morphology of AlN homoepitaxial layers prior to AlGaN 

epitaxy. As the substrate misorientation angle increases, there is a greater step density on the 

growing surface and a reduced space between steps. The long-ranged interaction between steps 

leads to robust step bunching instability that allows a partial relaxation of present strain by 

purely elastic deformation of the film with respect to the substrate [267, 268]. Since surface 

roughness can lead to large local stresses, and virtually barrierless nucleation of dislocations, 

knowledge of the initial growth surface morphology is imperative to draw conclusions on 

dominating relaxation mechanisms [267].  

Figure 8.2 shows the surface morphology of AlGaN epilayers grown on a differently offcut 

AlN crystals. Recent reports on AlGaN epitaxy on AlN substrates have demonstrated that 

control of surface morphology can be attained through growth parameter manipulation, since 

the step bunching instability is purely kinetic. However, successful bilayer growth of AlN and 

AlGaN films on high offcut substrate is yet to be explored.  
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                                  a) 

 

                          b) 

       

 

Figure 8.2. AFM images of AlGaN films grown on a) 0.15° and b) 4.0° offcut AlN substrates. 
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