ABSTRACT
ONI, ADEDAPO ADESOJI. Atomic Metrology in Ordered/Disordered Systems Using Scanning
Transmission Electron Microscopy.. (Under the direction of James M. LeBeau.)
Electron microscopy has become a powerful tool for the characterization of material structure from the micron–scale to the Ångström–scale. Notably, scanning transmission electron
microscopy (STEM) with sub-Ångström imaging capability provides access to atomic structure information. The latest STEMs equipped with small electron sources (Schottky or cold
field emission gun), aberration–correctors, and improved electronic and mechanical stability
enables spatial resolution better than 1 Å. Herein, electron microscopy is utlized for structural
and chemical atomic-scale characterization of ordered/disordered material systems. Structural
quantification is commonly performed using spatially averaging approaches, such as X-ray or
neutron diffraction. These techniques preclude real space analysis with local spatial sensitivity,
e.g. across interfaces or at defects. In contrast, atomic resolution STEM enables direct imaging
of the crystal structures, but until now, drift distortion has prevented accurate crystallographic
measurements. Rather, the development of revolving STEM (RevSTEM) has enabled direct
lattice parameter measurements to be performed across ordered/disordered systems using a
probe–corrected scanning tranmission electron microscope with high accuracy and precision.
Furthermore, the high spatial resolution of the probe-corrected STEM and advancement in
the high sensitivity detector system owing to the state–of–the–art Super–X energy dispersive
X–ray spectroscopy (EDS) detector enables simultaneous EDS elemental mapping at atomic
resolution. Consequently, the site preference of solute atoms can be directly determined in the
structure sublattice of the ordered intermetallic phase. Also, chemical segregation behavior of
the constitutent elements within the microstructure are investigated using a combination of
EDS and atom probe tomography (APT) analysis.
In this dissertation, strain analysis was conducted across electron microscopy sample using
multiple atomic resolution RevSTEM images. As an example, the local internal elastic strain

between the ordered and disordered phases in an undeformed Ni–Al–Cr and Ni–Al–Co–Ti
superalloy system was investigated. The results demostrates that the stability of RevSTEM
images, even in the presence of fast sample drift, allows the selection of a single reference
area not contained within images of other strain analysis regions. For completeness, strain was
calculated using both a direct real-space approach and geometric phase analysis (GPA), which
are found to be in excellent quantitative agreement. Further, the high spatial resolution offered
by STEM is utilized for strain analysis at the nanometer length scale and below. Furthermore, as
solute atoms are added to intermetallic compounds, local chemically induced strain develops and
results in atomic displacements. These distortions play a critical role in defining the mechanical
behavior of these materials, for example, by impeding dislocation motion. A combination of
experimental RevSTEM images, density functional theory (DFT) calculations and STEM image
simulations are employed to investigate the correlation between the atom column chemistry and
lattice distortion observed in the L12 –intermetallic phase of a Ni–based superalloy.
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(c) 1.4 Å finite effective source size (d) correlation coefficients between
displacements in simulation and projected coordinates as a function of
FESS. The scale bar corresponds to 500 pm. . . . . . . . . . . . . . . . .

xi

. 104

. 106

. 110

. 111

. 114
. 115

. 117

Figure 6.8

Figure 6.9
Figure 6.10
Figure 6.11

Figure 6.12
Figure 6.13

Figure 6.14

Average Ni-Ni NLN distance map of the same sub–region of the simulation
at 1 nm, 8 nm and 20 nm sample thicknesses. The scale bar in the image
represents 500 pm. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .
Displacement maps of 1 nm, 8 nm and 20 nm sample thicknesses. The
scale bar corresponds to 500 pm. . . . . . . . . . . . . . . . . . . . . . . .
Sub region of STEM simulations performed at different convergence angles
and thickness. The scale bar represents 500 pm. . . . . . . . . . . . . . . .
Correlation coefficients between the relative displacement in the projective coordinates and simulation as a function of convergence angle and
sample thickness. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .
Standard deviation of absolute deviation ∆δ as a function of sample thickness (1–20nm) at ×1, ×2 and ×3 magnitudes of static displacement. . . .
Standard deviation of ∆δ as a function of thickness (1– 7nm) for STEM
images of random configurations at the different magnitudes of static
displacement. The trend from Figure 6.12 is used as a reference. . . . . .
(a) Standard deviation ∆δ (calculated from a projected crystal structure
without static displacement) as a function of sample thickness (1–20 nm)
at ×1, ×2 and ×3 magnitudes of static displacement. (b) Standard deviation of ∆δ as a function of thickness (1– 7nm) for STEM images of
random configurations at the different magnitudes of static displacement.

Figure 7.1

118
118
120

121
122

123

124

Atomic resolution EDS map along the <110> orientation across an antiphase boundary (APB) in γ 0 –Ni3 (Al,Cr) superalloy. . . . . . . . . . . . 130
Figure 7.2 (a) SEM images showing the different stages involved in the APT needletip transfer unto a Cu post. (b) EDS chemical maps of an Al APT specimen. O and Ga signals are a result of amorphotization and Ga+ surface
contaminations during FIB sample preparation. . . . . . . . . . . . . . . . 131

xii

LIST OF TABLES
Table 1.1

Comparison of different electron microscopy techniques capable of nanoscale
strain characterization. Table compiled from information provided in Ref.
[23, 44, 29] . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 10

Table 2.1

Nominal composition (at.%) of Ni–Co–Al–Ti superalloy samples . . . . . . 14

Table 4.1

Average lattice parameter and error measured from STEM and XRD [119].
The error for the STEM measurements corresponds to the standard error
calculated from multiple measurements. . . . . . . . . . . . . . . . . . . . . 57

Table 5.1

Average compositions for 15Co, 30Co and 55Co alloys measured from atom
probe tomography (composition in at.%) . . . . . . . . . . . . . . . . . . . 78
Table 5.2 Mechanical properties data derived from high pressure experiment on alloys [119]. (K 0 set as 4) . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 85
Table A.1 Low–energy ion–milling recipe . . . . . . . . . . . . . . . . . . . . . . . . . 149

xiii

Chapter 1

Introduction
Ordered compounds or intermetallic compounds are applicable in a wide range of technologically relevant areas such as high temperature structural materials [1], shape memory alloys [2],
superconductors [3], magnetic application [4] and hydrogen-storage materials [5]. The key difference between alloys and intermetallic compounds is that alloys exhibit homogenity ranges,
whereas intermetallic form in composition ranges close to stoichiometric ratio. The crystal
structure of intermetallic compounds differ from the constituent elements and generally possess
distinct properties. The different atomic species occupy specific crystal positions leading to an
ordered structure. Properties of intermetallic are readily influenced by chemical modifications,
microstructure morphology, heat processing, etc. Therefore, detailed understanding of the relationship between intermetallic structure and their properties necessitates the structural and
chemical characterization at the nanoscale. Furthermore, new nanoscale techniques are required
to investigate the role of individual elements and unravel fundamental questions that cannot
be answered without direct access to atomic-scale information.
Through the combination of the advancements in structural characterization capabilities,
chemical compositional analysis and data analysis techniques, some pressing questions about
the role of constitutent elements in the prototype sample, Ni–based superalloys can be answered,
and compared with existing computational and experimental findings in the literature. First,
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what is the site occupancy of the solute atoms and how does it relate to their specific role in
the material? Second, does the alloying element result in internally generated strain and local
lattice distortion? Lastly, can we correlate the chemical fluctuation at the atomic scale with
the local lattice distortion? These questions are currently difficult to answer with traditional
approaches. The main focus of this work is to study the role of heterogenity on interfacial strain
and local lattice strain within the alloy on the local scale by probing the physical and chemical
behaviour of constituent elements within the structure and at local features. Recent advances
and improvements in scanning transmission electron microscopy (STEM) capabilities such as
sub-Ångström resolution, atomic-resolution energy dispersive X-ray spectroscopy (EDS) and
drift–corrected STEM technique have enabled local structural and chemical analysis that were
otherwise impossible. The objective of this work is to correlate chemical variation and lattice
strain variation in ordered/disordered systems. To achieve this, structural quantification with
picometer accuracy and precision along with chemical analysis across the microstructure and at
the atomic scale. There is a critical need to study the chemical behavior at local features such
as defects, grain boundaries, interfaces, etc as local solute segregation have significant influence
in ordered structures.

1.1

Ni–based superalloy

Ni–based superalloys are applicable in high temperature conditions such as gas turbine blades
and aircraft engines because of their high creep and corrosion resistance [1]. Their enhanced
mechanical properties is attributed to their two-phase composite microstructure consisting of
a disordered matrix (fcc structure, space group Pm3̄m), or γ phase and an ordered precipitate
(L12 structure, space group Fm3̄m), or γ 0 phase. A representative TEM bright–field (BF) image
of a commercial superalloy [6] with cuboidal precipitates is shown in Figure 1.1, where the bright
precipitates and dark matrix corresponds to the γ 0 and γ phases, respectively. The similarity
in their crystal structures and the small lattice mismatch between the different phases leads to
the formation of coherent γ 0 /γ interfaces [1, 7, 8].
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Figure 1.1: TEM bright–field image of a commercial superalloy from Ref. [6]. The γ matrix
and γ 0 precipitate adopts the L12 and fcc structure, respectively, as illustrated in the unit cell
schematic.

Figure 1.2 presents the atomic resolution HAADF–STEM images of the coherent interface
in Ni–Al–Cr superalloy along the two main low order zone axis. Figures 1.2(a) correspond to
the HAADF STEM image along the <100> orientation. In the γ 0 phase, the high intensity
atom column and low intensity atom columns correspond to the Ni sub–lattice occupying the
face–centered position and Al sub–lattice occupying the corner–position in the fcc unit cell,
respectively. The uniform atom column intensity in the γ is a result of the random solid solution
in this phase. The HAADF STEM image along the <110> orientation is presented in Figure
1.2(b). In the L12 -γ 0 , the alternating layers consist of pure Ni sub–lattice and mixed Ni+Al sub–
lattice atom columns. Although the ordering is apparent from the modulating intensities in the
L12 phase, the presence of superlattice reflections in the Fourier transform of the γ 0 phases,
highlighted by the circles in Figures 1.2(c) and (d), provides further evidence of ordering in this
phase.
Improvement of chemical and mechanical properties of superalloys for applications are
achievable through chemical modifications i.e. alloying with other elements. The behaviour
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Figure 1.2: HAADF–STEM of the coherent γ 0 /γ interface in a Ni–based superalloy along (a)
the [100] and (b) [110] zone axis. Fourier transform of the γ and γ 0 phases in the STEM images
along (c) <100> and (d) <110>. The superlattice reflections in the Fourier transforms of the
γ 0 phases are highlighted by circles.

of the alloying element depends rather strongly on its relative size to Ni and Al. Large elements
such as Ta and Ti favor Al substitution, whereas smaller elements such as Co and Cu substitute for Ni [1]. Some other alloying elements such as carbon and boron are added as grain
boundary strengthener by segregating to the grain boundary and forming carbides and borides
[8]. Furthermore, partitioning of elements to the different phases influences the lattice misfit
between the phases, consequently, affecting the properties of the superalloy. Other phases can
be found in certain superalloys, for example, a related–ordered phase γ 00 , and the topologically
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close-packed (TCP) phases µ, σ, Laves, etc. However, the compositions of the superalloys are
chosen to avoid, rather than to promote, the formation of these TCP compounds [1, 8]. Nibased superalloy system was selected for this study because thorough understanding of phase
separation, site occupancy of constituent elements, chemical behavior at local features such
as interphase interface, etc and their connection with lattice misfit is of essential importance
for modern alloy design. Moreover, several alloying elements are used to modify chemical or
mechanical properties of the superalloy for commercial application.
Disordered–ordered phase transformation is a discontinuous change in the microstructure
that occurs when it is both thermodynamically and kinetically afforadable for the material to
reconfigure in order to lower the Gibbs free energy. In our model system, Ni-based superalloy, there are some discrepancies about the precipitation mechanism of the ordered γ 0 phase
in the disordered γ matrix [9]. The two common precipitation mechanism in this material are
nucleation & growth [10, 11] and spinodal decomposition [12, 13]. In nucleation and growth,
small nuclei of equilibrium composition of a different phase forms as a result of composition
fluctuation to reduce the total free energy of the system. The nucleation involves an activation
barrier required for precipitation of second phase and a large compositional fluctuation. In spinodal decomposition, a solid solution spontaneously decomposes into a mixture of two solutions
(same crystal structure) of different compositon. This occurs when the curvature of free energy
is negative around the average compositoin of the system. This mechanism occurs exclusively by
diffusion since there is no thermodynamic barrier to the reaction inside of the spinodal region.
For example, Viswanathan et al. suggested that the precipitation process of γ 0 –L12 phase within
the disordered γ matrix involves phase separation through spinodal decomposition, followed by
chemical ordering in a commercial Ni–based superalloy [9, 13].
The formation of coherent interfaces is controlled by the reduction of the interfacial and
elastic free energy as a result of the lattice misfit [1, 7]. And, the coherency influences the
distribution of strain energy within the material since one phase is distorted to maintain coherency with the other phase. For example, in Figure 1.2(a) and (b), the crystal lattice planes
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are continuous across the γ 0 /γ interface but a misfit strain exists to accomodate the difference
in lattice parameter. The coherency strains affects influences the morphology of the precipitate.
At low coherency strain, precipitates adopt a spherical morphology to minimize the interfacial energy. In contrast, cuboidal precipitate form at higher coherency strains, and eventually
a platelet morphology form at even higher coherency strains. Moreover, the internal lattice
strain as a result of the lattice mismatch plays a critical role in the mechanical behaviour and
microstructure evolution of the superalloy at elevated temperatures [1, 7]. Further, when the
lattice mismatch between the phases becomes too large, coherency is lost by the accumulation
of dislocations at the interface.
There is a need to further our knowledge on the specific function of individual constituent
elements, which are related to their preferential partitioning and site occupation behaviour.
Mechanical properties of the γ 0 phase depend on the sublattice site substitution behaviour of
the alloying additions [1, 8]. The site preference of solute atoms in the L12 structure has significant implications on the high–temperature mechanical properties, microstructural stability and
resistance to chemical degradation [14]. In the γ 0 phase, the L12 –ordered structure consists of
two sublattices, the Ni sublattice or A-site corresponding to the face-centered position and the
Al sublattice or B-site corresponding to the corner position of the cubic unit cell. A common
approach to predicting the site preference behaviour of elements in Ni3 Al was derived from
the direction of the solubility lobe of the L12 –Ni3 Al phase in the ternary phase diagram [15].
Further, First–principles calculations have been extensively utilized to study the site preference
behaviour of ternary alloying elements in L12 –Ni3 Al at 0 k and elevated temperatures by calculating the defect formation energies [16, 17, 18, 19, 20]. In Jiang et al., a method for predicting
site preference of a dopant atom in this Ni3 Al phase is based on the energy change of moving
i→Al ) [17]:
an atom X from a Ni site to an Al site (EN
X

N i→Al
EX
= E(N i24 Al7 X) + E(N i23 Al8 Al) − E(N i23 Al8 X) − E(N i24 Al8 )
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(1.1)

When this quantity is negative, the atom preferentially occupies the Al site, while when it
is positive the atom occupies either the Ni site or both sites. Some dopants of interest for Ni3 Al
include Cr for improved oxidation resistance, Co to increase the creep resistance by reducing
the stacking fault energy in the γ matrix, and Ti to increase the volume fraction and solvus
temperature of the L12 phase [1, 7, 21]. From first–principles calculations, it was observed that
most transition metals exhibited a strong Al-site preference, with very few showing a weak
Ni–site preference [22, 19]. The site occupancy of the solute atom depends rather strongly on
its size relative to Ni and Al. The atomic size of Al is larger than Ni, thus substitution for Al is
favored by large elements such as Ta, Ti, Y, Nb, Re, W and Mo, whereas smaller atoms such as
Co substitute for Ni [20]. However, the site preference for some transition metals in L12 –Ni3 Al,
for example, Co was found to be composition and temperature dependent [16, 19, 20].
The flow stress of Ni3 Al increases with temperature, an interesting behaviour that is not
exhibited by most metals. These homogenously distributed coherent hardening γ 0 precipitates
confer excellent tensile and fatigue life properties at high temperatures [1, 7]. The γ/γ 0 coherent
interfaces are strengthening sites because they prevent propagation of the dislocation slip from
γ regions to γ 0 . Deformation in γ 0 propagate along the {111} close-packed planes in the <110>
direction but their motion is inhibited by the ordered nature of the structure. An anti-phase
boundary (APB) is formed when a dislocation passes through γ 0 . But because the energy
associated with APB formation is significantly high, dislocations travel in pair to so that the
second dislocation corrects the disordering caused by the passage of the first dislocation [1, 7, 8].
Further, the dislocations dissociate to produce a pair of partials to produce a complex stacking
fault (CSF):

a
a
a
< 110 > {111} → < 211 > {111} + < 121 > {111}
2
6
6

(1.2)

During creep deformation, the changes in internal strain state give rise to measurable
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changes in lattice parameter misfit between the two phases. It has been reported that the
internal stresses play an important role in the overall creep behavior of the material [1, 7, 8].
Thus, a further understanding of the magnitude of strain (or stress) at the nanoscale is critical
for engineering advanced superalloy capable of enduring better under deformation conditions.

1.2

Nanoscale characterization

High spatial resolution capabilities have become increasingly important in the characterization
of next generation nm-scaled materials and devices [23]. Characterization techniques that can
offer high spatial resolution have a definite advantage over common diffraction techniques like
X-ray diffraction (XRD) and neutron diffraction (ND), in cases where the lattice parameters
of the different phases present in an alloy are very close to each other leading to overlap of the
diffraction peaks [24, 25].
Nanoscale strain measurement techniques: Measuring and controlling the strain in
nanoscaled materials is important for engineering highly efficient structural materials, and advanced materials such as for the latest generation of small length scale functional materials and
microelectronics devices. X-ray diffraction (XRD) and neutron diffraction (ND) techniques offer
high strain precision (10−5 ), but limited spatial resolution (> 500 nm) makes them unsuitable
for characterizing strain at the nanoscale level [23]. However, some transmission electron microscope (TEM) techniques can achieve strain measurement with good precision and nanometerscale resolution. Moreover, TEM offers the option of different strain mapping techniques to
be performed with the same instrument. Some of the criteria that determines the appropriate
technique for a given sample (or problem) include required spatial resolution, strain precision
and required sample geometry, and available hardware [23]. Examples of TEM techniques capable of nanoscale strain measurements include convergent beam electron diffraction (CBED),
nanobeam electron beam diffracation (NBED), dark field electron holography (DFEH), high
resolution TEM (HRTEM) and high resolution scanning TEM (HRSTEM).
Convergent beam electron diffraction (CBED) is a common technique possessing nanometer
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scale spatial resolution [26, 23, 27, 28]. The resulting diffraction pattern consist of large disks
representing the intensity at different angles of incidence represented by the probe [29]. Within
the transmitted disk, dark high order Laue zone (HOLZ) lines can be seen that represent the
scattering to HOLZ. Lattice parameters and subsequently strain, are measured from the shift
of the positions of these lines. These capabilities of CBED have enabled lattice parameter and
mismatch [30, 28] measurements while maintaining the capability to study local changes in
crystal symmetry [31]. Furthermore, CBED patterns can provide information on the thickness
of a specimen with known structure [26, 32, 30], Debye Waller factors [33], structure factors
[34], and aid in phase identification. However, these diffraction techniques are limited to >1 nm
spatial resolution. In addition, data processing of CBED patterns, mostly involving analysis
of HOLZ lines, is a time consuming process compared to other electron microscopy strain
measurement techniques.
Nanobeam electron beam diffraction (NBED) is a diffraction technique that involves the
illumination of a nm–size area of the sample with an almost parallel electron beam. The shift
of the position of the diffracted spots within the patterns allows the measurement of the lattice
parameter evolution in the sample. Subsequently, the strain is calculated by comparing the
diffraction patterns acquired in the region of interest with a pattern acquired in a reference
unstrained area that can be from anywhere in the sample or even in a different reference sample
[35, 23]. In comparison to CBED, NBED is very simple to acquire once the microscope is set
up, and the data processing takes a significantly less time [23]. However, the spatial resolution,
strain precision and accuracy of this technique suffer in comparison to CBED technique. In
dark field electron holography (DFEH) technique, strain is mapped by directly measuring the
phase of diffracted beams. An electron beam that passed through a reference area of the sample
is interfered with a beam that passed through a region of interest using an electron biprism
[23, 36, 37, 29]. A major limitation of this technique is the need of an unstrained reference
area close, within a few µm, from the region of interest [35]. Moreover, specimen with uniform
thickness and uniform diffraction, without any significant bending is critical for strain analysis
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with this technique.
Alternatively, atomic–scale characterization of strain can be performed on high resolution
imaging techniques such as high resolution transmission electron microscopy (HRTEM) and
atomic resolution scanning transmission electron microscopy (STEM). In HRTEM technique,
plane wave interacts with the sample, subsequently creating interference patterns holding atomic
position information [38]. The strain in high resolution images is measured by: (1) determining
the positions of the atomic column locations from the image (peak–finding), and (2) applying
geometric phase analysis (GPA). In GPA, displacement field is determined through Fourier
analysis using two non-collinear Bragg vectors [39]. This technique requires a reference area
within the same image, and without a known reference area in the image to be analyzed, it is
not possible to achieve accurate measurements comparing different areas of the sample. Strain
analysis is commonly performed by geometric phase analysis (GPA) on high-resolution TEM
images (HRTEM) [40, 39, 41]. While this approach has been widely applied to conventional high
resolution transmission electron microscopy (HRTEM), changes in sample thickness or defocus
and projector lens distortions can lead to significant errors [42, 43]. As a result, GPA analysis
is limited to measuring strain relative to a reference area within the same image.

Table 1.1: Comparison of different electron microscopy techniques capable of nanoscale strain
characterization. Table compiled from information provided in Ref. [23, 44, 29]

Criteria
Spatial resolution

CBED
<2 nm

NBED
4 nm

DFEH
4–6 nm

HRTEM
<2nm

STEM
<2nm

Precision

0.02 – 0.05 %

0.1 %

0.02 – 0.05 %

0.1 %

0.1 %

Reference Area

calculated

anywhere

close to ROI

in the image

in the image

Data Processing

1 day

30 min

< 1 min

< 1 min

< 1 min

Field of view

unlimited

unlimited

1×1

µm2

100 × 100

nm2

400 × 400 nm2

In contrast to HRTEM, atomic resolution high-angle annular dark field (HAADF) scanning
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transmission electron microscopy (STEM) provides incoherent images with intensities that scale
strongly with the atomic numbers present [45]. Strain analysis via GPA have been performed on
HAADF-STEM images [46, 47]. The incoherent nature of HAADF STEM limits the influence
of thickness and defocus on strain analysis [23], opening a doorway to measure strain with a reference not contained within the image. Until recently, however, image distortion introduced by
specimen drift has precluded this possibility. Overcoming this limitation, the revolving STEM
(RevSTEM) method has recently been developed to accurately remove drift distortion by acquiring a series of images with scan rotation introduced between each frame [48]. This process
encodes the sample drift vector across the series, which can then be measured and corrected
for every frame. Through removal of drift, precise and accurate crystallographic measurements
can be made regardless of a changing drift vector during a microscopy session. A comparison
between the five electron microsocpy nanoscale strain measurement techniques is presented in
Table 1.1. In this dissertation, we would demonstrate the improvement on some of the inherent
limitations of STEM technique for nanostrain measurement, particularly the restriction of the
reference area to within the same image.

1.3

Organization

This thesis is organized into structural metrology and chemical metrology. Structural atomic
metrology on ordered/disordered systems involves the direct determination of the crystal lattice
structure, measurement of the lattice parameter of all constituent phases, and the measurement
of the lattice strain associated with constituent elements and defects. Chemical atomic metrology includes identification of lattice site occupancies, chemical segregation study and chemical
quantification.
In Chapter 2, background literature on the experimental techniques and theoretical methods
used in this dissertation are described in detail, focusing on scanning transmission electron
microscopy (STEM) technique. In addition, the important factors and conditions are covered
for STEM image simulation, particularly frozen phonon multislice simulation. Further, revolving
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STEM (RevSTEM), global residual scan distortion and atom column indexing (ACI) techniques
are introduced.
Chapter 3 presents an atomic resolution STEM characterization of a complex intermetallic
compound, Ti6 Sn5 . A combination of X–ray diffraction (XRD), atomic resolution STEM and
multislice STEM simulation was utilized to reveal the phase coexistance of orthorhombic and
hexagonal phases within single grains. In Chapter 4, absolute lattice parameter measurement
are acquired in the γ 0 and γ phases of NiAlCr and NiCoAlTi superalloys using RevSTEM.
Furthermore, measurement stability in RevSTEM images enabled the direct mapping of the
strain field in the superalloy systems without the need for a reference area within the same
image.
Chapter 5 focuses on chemical compositional analysis using STEM–EDS and APT analysis
across the ordered and disordered phase within the microstructure. Chemical segration behavior of constituent elements are studied in NiAlCr and NiCoAlTi superalloys. In addition, site
preference investigation is performed using atomic resolution STEM–EDS in the ordered phases
of the superalloy systems. Also, the combination of high signal–to–noise ratio, distortion–free
RevSTEM images and ACI technique was used to reveal the presence of ordered nano domains
(∼1–2 nm) in a NiFeCrCo high entropy alloy, in agreement with density functional theory
(DFT) predictions. Lastly, a combination of in situ XRD and STEM–EDS was used to elucidate the sequence of phase evolution in lead titanate zirconate (PZT) thin films on Pt/Ti
electrodes.
Chapter 6 takes advantage of the excellent measurement accuracy and precision of RevSTEM
technique to explore the local chemically induced strain in the γ 0 phase of NiAlCr which results in pm–scale atomic displacements. Correlation studies between the local lattice distortion
and local chemical fluctuation using a combination of experimental RevSTEM images, density
functional theory (DFT) and STEM image simulations are presented. Finally, Chapter 7 summarizes the results presented, and explores the future prospects for quantitative characterization
of ordered systems with suggestions for futurework.
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Chapter 2

Materials & Methods
2.1

Materials

The different samples characterized in this dissertation were supplied by our collaborators.
Some of these samples include Ti6 Sn5 intermetallic compound (from Jon Paul Maria’s research
group at NCSU), Ni–based superalloys (from Ames National Lab), cast NiFeCrCo high entropy
alloys (HEA) (from Carl Koch’s research group at NCSU), and solution–driven lead zirconate
titanate (PZT) on Pt/Ti electrodes (from Jacob Jones’s research group at NCSU). Bulk Ti-Sn
mixtures were prepared from ∼20 µm Ti and ∼5 µm Sn powders combined in a 6:5 atomic
ratio. The mixture was then homogenized with ball milling for 15 minutes. The powder was
then compressed in a 1 cm die at 12 kpsi. The pellet was then heated to 1275 ◦ C for 17 hours
in flowing Ar (pO2 ≈ 10−5 atm).
NiFeCrCo high entropy alloy was prepared by melting pure elemental metals in high purity
argon atmosphere using an electric arc melter. Each arc melted sample was then cast into a
water–cooled copper mold and annealed in Ar-2% H2 at 1273 K for 24 h [49]. A directionally
solidified ternary superalloy with nominal composition 75.7Ni-16.7Al-7.6Cr at% (NiAlCr) was
used throughout the study. The as-grown crystal was annealed at 1250 ◦ C ± 10 ◦ C for 14 days in
He atmosphere to ensure homogeneity [50]. For the quaternary superalloy system, a systematic
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composition matrix consisting of three alloys: 15Co, 30Co, and 55Co alloys, was investigated,
where the names correspond to the composition of Co in at.%. Nominal composition for the
alloys are given in Table 2.1. The alloys were directionally solidified via the Bridgman process,
as adapted from Ref. [21]. Solution heat treatments were performed in a quartz tube at 1330
◦C

(15Co & 30Co alloys) and 1245 ◦ C (55Co alloy). Subsequently, all the alloys were aged at

750 ◦ C for 7 days to ensure homogeniety.

Table 2.1: Nominal composition (at.%) of Ni–Co–Al–Ti superalloy samples

Alloy
15Co

Ni
70.0

Co
15.0

Al
12.35

Ti
2.65

30Co

55.0

30.0

9.71

5.29

55Co

30.0

55.0

5.29

9.71

Thin film samples of 0.35 M solution–derived Pb(Zr0.52 Ti0.48 )O3 with 20% lead excess were
prepared using the inverted mixing order (IMO) method detailed by Schwartz et al. [51]. Dispensed PZT solution was spin cast for 30 s at 3000 rpm on square platinized silicon substrates
layered as follows: Pt (170 nm)/Ti (40 nm)/SiO2 (400 nm)/Si (SQI, Santa Clara, CA). The
samples were then pyrolyzed on a 300 ◦ C hotplate for 1 min. The temperature of the hotplate
was monitored using an external IR laser digital thermometer (HDE-B01, HDE, USA). The
spin coating and pyrolysis sequence were completed only once and yielded films with an approximate thickness of 65 nm. Heating and quenching of the thin film samples were performed
in a furnace installed on an Inel diffractometer. Samples were heated at an average heating rate
of 30 ◦ C min−1 . The pyrolyzed thin films of PZT were heated at 30 ◦ C min−1 and quenched at
the following events: start of perovskite PZT formation, intermediate time between existence of
Pt3 Pb and perovskite PZT, highest intensity of Pt3 Pb, and well after crystallization (700 ◦ C).
The rate of quenching was approximately 30 ◦ C min−1 [52].
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2.2

Introduction to Scanning Transmission Electron Microscopy

The main parts of a conventional transmission electron microscope (TEM) can be divided into
four major part: (1) the electron gun, (2) the condenser lens system, (3) the objective lens
system and projection lens system and (4) the detector, see Figure 2.1(a). The electron gun is
arguably the most critical part of the microscope. The conventional TEM used in this project;
JEOL-2000FX and JEOL 2010F are equipped with a LaB6 thermal emission gun and a thermal
field emission gun FEG (ZrO/W), respectively. The main task of the condenser lens system is
to focus the electron beam. The objective lens focuses the diffracted beam after the specimen
and determines the final image/diffraction pattern. By changing the excitation strength of the
intermediate lens, it can switch from diffraction mode to image mode. Further, the projection
lens can shift the image/pattern or change the effective camera lens [38]. Finally, the images or
diffraction patterns are recorded with a charge–coupled device (CCD) camera that collects all
image pixels in parallel. In addition to the components discussed above, the apertures play a
significant role in TEM. The condenser aperture (CA) limits the beam spread angle in order to
select beams of specific angle. CA are important in CTEM because they are critical in reducing
lens aberration effect and to enhance the beam coherence. Moreover, objective aperture (OA)
are used to select specific beam for imaging. By inserting the OA, specific beam can be selected
for imaging. For instance, bright field (BF) imaging refers to the case when only the transmitted
beam is selected for imaging, whereas, dark field (DF) imaging refers to the selection of the
diffracted beam for imaging.
Scanning transmission electron microscopy (STEM) can in principle be defined as an inverted transmission electron microscopy (TEM), a relationship best explained through the
reciprocity theorem [38]. In STEM, electrons are stripped from a source and focused into a fine
probe on the specimen by a set of condenser lenses and the objective lens. As schematically
illustrated in Figure 2.1(b), the objective lens in STEM is positioned before the specimen. Here,
the aperture limits the maximum probe angle of illumination. The electron probe is rastered
scanned across the sample by a set of scan coils. And, the resulting signal is collected by de-
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Figure 2.1: Schematic illustration of (a) Transmission electron microscopy (TEM) (b) Scanning
transmission electron microscopy (STEM)

tectors including BF and annular dark field (ADF) detectors. The BF detector collects the
transmitted beam and electrons scattered to low angles, while an ADF detector collects the
electrons scattered to high angles. The detector geometry i.e detector collection range determines the information about the atomic species present in a STEM image.
Similar to CTEM, the various components of the scanning transmission electron microscope
and the corresponding events impacts the overall quality of the electron microscopy imaging.
Some of the major components/events of STEM includes electron emission, lens aberration,
sample–electron interaction, and STEM detectors. Starting at the electron source, the spatial
coherency of the electron beam is a critical factor in determining the achievable resolution
of the STEM gun. Spatial coherency is a measure of the lateral spread of electrons at the
source tip, i.e. the size of the source. An ideal tip, with perfect spatial coherence would emit
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all electrons from a single point but this is realistically imposible. In principle, high quality
STEM images with enhanced spatial resolution are obtained with smaller electron sources.
This is achievable using field emission gun (FEG) source (instead of thermionic emitters) and
small beam sizes (controlled by the convergence angle α). In addition to the electron source,
the lens imperfections strongly influences the spatial resolution of the electron microscope. All
electromagnetic lenses have unavoidable aberrations that distort the electron beam and reduce
the achievable resolution. There are a multitude of different aberrations, ranging from those
that depend on the energy (wavelength) of the electrons, those that depend on the ray in the
aperture plane, and those that depend on the location in the object plane. Arguably, the two
most important aberrations in STEM are chromatic Cc and spherical Cs aberrations. Cc is
due to the spread in energy of the electrons, which results in electrons with different energies
that enter the lens at the same point to be focused differently. Cs is caused by the inequal
lens strength experienced by electrons that travel at different angles with respect to the optic
axis. Consequently, the electrons are unable to focus to a point, leading to image distortion,
and results to limitation in spatial resolution. In modern STEM, aberration corrector is located
above the objective lens and uses multipole lenses to create negative Cs to effectively counter
the positive Cs of the objective lens. The effect of aberration is minimized by balancing the
phase shift, achieved by changing the magnitude of the aberration coefficients [53]. Since Cs can
be reduced by aberration correctors, it is no longer the resolution limiting aberration. Other
aberrations become limiting and are generally of different rotational symmetry and of higher
order [53, 54]. To achieve atomic resolution, however, only a tolerable level of aberration is
needed. The probe corrector on the FEI Titan S/TEM at NCSU, used for atomic resolution
imaging in this dissertation, enables electron beam capable of spatial resolution better than 0.8
Å .
As the electrons interact with the sample, the electron undergoes transmission, absorption
or scattering, which requires a variety of techniques to exploit the information of the different
events. In electron microscopy, electrons that deflect by an angle upon interaction with the
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sample (coulombic interaction with atomic nucleus) with energy loss are known as inelastically scattered electrons. In contrast, elastically scattered electrons do not undergo any energy
loss. High angle annular dark field (HAADF), the main imaging technique and STEM simulation approach used in this dissertation uses the elastic scattered electrons [53, 55] and relies
on the fundamental theory of electron diffraction [56, 57]. Nonetheless, some of the inelastically scattering events include the emission of secondary electrons, Auger electrons, X–ray and
Bremsstrahlung, which are commonly utilized in analytical electron microscopy for chemical
analysis [38].
Elastically scattered electrons that exit the specimen are detected by the angle at which
they are scattered. STEM detectors, usually scintillator photomultipliers, convert the total
incident electron charge acquired over a certain period of time. The number of electrons that
reaches the detector surface is directly related to a relative pixel intensity value in the image.
STEM images are acquired sequentially i.e. no two pixels containing signal from the sample
at exactly the same period in time. The two STEM detector types are bright field (BF) and
annular dark field (ADF) detectors, and they are designed to collect electrons that have been
scattered to different angles. BF detector is a small disk that is centered about the optic axis
of the microscope, and collects electrons that are scattered to very small angles (≤ 10 mrad).
BF–STEM images contain phase contrast information about the sample, similar to HRTEM
imaging technique [54]. Annular dark field (ADF) detector, on the other hand, is a donut–
shaped detector that is centered around the bright field detector, and collects electrons that
have been scattered to high angles, as illustrated in Figure 2.1. The angular range of collected
electrons is controlled by: (1) the size of the detector (fixed) and (2) the camera length being
used (variable). The camera length is the effective distance between the STEM detector and
sample, and it can be adjusted by changing the strength of the post-sample lenses, or making
the detector appear closer to, or further from, the sample. At high scattering angles (≥ 50
mrad), Rutherford scattered electrons are collected by the detector [54]. This is an incoherent
imaging mode where the image pixel intensity is a function of the STEM probe and the atomic
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number (Z) and thickness of the sample, otherwise known as high angle annular dark field
(HAADF) STEM mode. In HAADF–STEM, the intensity produced by the HAADF detector
at each location is an integration of all the collected electrons that have scattered to within
the annular range of the detector. The inner and outer HAADF detector angles for the FEI
Titan at NCSU was measured to be 77 and 260 mrad at 100 mm camera length. This detector
characterization was carried out by determining the ratio of the outer and inner diameters from
the detector image as described in Ref. [58]. Though not considered in this work, the sensitivity
of the HAADF detectors have been reported to be non-uniform and likely to result in minor
errors when comparing simulation with experimental STEM images [59, 60]. An example of
a HAADF–STEM image of strontium titante (STO) along the <100> projection is shown
in Figure 2.2. The heavy strontium atoms (Z=38) correspond to the high intensity columns,
whereas the Ti–O atom columns (ZT i =22, ZO =8) correspond to the less bright positions.

2.3

Multislice STEM simulation

STEM image simulations provide understanding of HAADF image intensities, and are employed
to accurately interprete experimental findings. The multislice algorithm, used in this dissertation, converts a specimen into thin slices, calculates the projected atomic potential for each
slice, then allows for alternating transmittance and propagation of the electron wavefunction
through the specimen thickness. The exit wave function Ψ(n+1) is described as:
h
i
Ψn+1 = FT−1 P(k, ∆z)FT[tn × Ψn ]

(2.1)

where P(k, ∆z ) is the free-space propagator function for slice n, tn is the transmission function for slice n and Ψn corresponds to the wavefunction before slice n. In this approach, a
discrete grid is used to sample the wavefunction and sample potential (i.e. the phase grating).
Consequentially, there is a limit to the information that can be reliably included. This limit
is described by the Nyquist frequency. This frequency corresponds to the maximum spatial
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Figure 2.2: HAADF–STEM image of strontium titanate (STO) along the <001> orientation.
The atom column intensity scales with the atom number of the constituent elements (ZSr =38),
(ZT i =22) and (ZO =8)

frequency that can be sampled by an Nx ×Ny grid. There is no point going out beyond the
Nyquist frequency since we will not correctly sample in that case, and so values of the matrix
beyond this limit must be set to zero. In multislice, overlap of sampled grid causes aliasing in
the image, which appear as higher order spatial frequencies sampled into original grid. Generally, this results in computation errors such as intensities >1. To reach the desired output, the
bandwidth is limited to 2/3·Nyquist [55]. To optimize computation efficiency, the number of
probe positions require thorough consideration. According to Dwyer [61], the maximum number
of probe positions required for a STEM image simulation is governed by the convergence angle
α of the electron probe and the electron wavelength λ. For an orthogonal cell of dimensions
a×b, the number of probe positions is described as:
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M x × My =

 (4a × 4b) · α 2
λ

(2.2)

The finite effective source size (FESS) of the scanning transmission electron microscope is
the combined effect of the condition and alignment of the electron gun (spatial extent of the
source, stage vibrations, lens current fluctuations, etc), and usually on the Å–scale [62, 63]. To
make accurate interpretations when STEM simulation and experimental data are compared,
FESS is incorporated by convoluting the simulation with a round top-hat like function of the
same diameter as the source. FESS is normally expresed as a Gaussian distribution with a
certain full–width at half–maximum (FWHM) [64, 58, 65, 66]. Experimentally, methods for the
measurement of the finite source size shape have been developed by Dwyer et al. [67], but it
requires special samples (diamond), and the approach does not account completely for experimental contributions such as stage vibration. The Gaussian FWHM of the FEI Titan S/TEM at
NCSU was estimated to ∼ 1Å. This was measured by comparing experimental HAADF-STEM
image of <100> Si single crystal standard to frozen phonon multislice simulations as a function
of the diameter of the Gaussian source function.
Further, because the atom column intensities in STEM images are sensitive to atomic vibrations [64], thermal diffuse scattering of electrons from phonons are critical considerations in
STEM image simulations. As the high–velocity electron pass through the the TEM specimen,
the average separation between electrons is much greater than the thickness of the specimen. In
other words, TEM specimen (only a few nm thick) only “sees” a single electron at a time. When
you consider that the thermal vibrations of the crystal are on the order of picoseconds, each
electron can be thought to see a single thermal configuration of the crystal at a time. This forms
the foundation of the frozen phonon (or frozen lattice) approximation [68]. The frozen phonon
method uses the Einstein phonon model, which assumes phonons are uncorrelated vibrations
of every atom in a harmonic potential [69]. Essentially, the idea is to shift the atoms from their
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equilibrium lattice positions by an amount dependent upon the Debye waller factors, B which is
calculated as B =8/π 2 <u 2 >, where <u 2 > is the mean square displacement. B are directionally
dependent described by a second rank tensor [55], however, in electron microscopy, we generally use the isotropic value. These B values are measured using other diffraction techniques
(typically XRD or neutron scattering), or calculated from First–principles by integrating over
all of the phonon modes weighted by the phonon density of states [70]. The atomic scattering
factor is dampened by the Debye waller factor as a function of scattering angle [64]. Further,
static configurations are then simulated in an independent fashion, so that the time averaged
(incoherently averaged) result provides the expected scattered electron distribution.
A major benefit of the multislice approach is that the crystal potential does not need to be
periodic along the z–axis. For instance, this makes it possible to reduce the slice thickness to less
than one unit cell. The smallest slice thickness that can be used is based on the periodicity of
the matrix. For example, L12 –Ni3 Al <100> has two distinct layers (the top surface containing
both Ni & Al and the middle layer containing only Ni) with a/2 distance between them. Figure
2.3 presents a multislice simulation of (10×10) L12 Ni3 Al structure at 50 nm thickness. At 13.5
mrad probe convergence semi–angle (α), the projected potentials were sampled at 3.49 pm/pixel
with 78×78 probe positions. Thermal diffuse scattering was introduced in the simulations using
the frozen lattice model, using root-mean-squared (r.m.s) displacement of 0.083 Åand 0.077
Åfor Ni and Al atoms, respectively, as reported from XRD refinement [71]. The simulated
image was convolved with a Gaussian function, 1 ÅFWHM, to approximately account for the
finite effective source size.
Furthermore, LeBeau et al. have developed methods for quantitative analysis of experimental
HAADF STEM image intensities using STEM simulations. Comparison between experimental
and simulated STEM image intensities yield good agreement to within a few percent [64, 58].
Moreover, this holds true even for very high atomic number elements [72]. For instance, the
method was used to count the total number of atoms in a wedge–shaped gold sample without
the need for calibration standards [73].

22

Figure 2.3: Frozen phonon multislice simulation of 50 nm thick <100> Ni3 Al. The simulation
parameters are as follows: λ = 2.51 pm, Cs = -6 µm, C5 = 2.5 mm, and α = 13.5 mrad.

2.4

Position averaged convergent beam electron diffraction

In this dissertation, sample thickness was estimated by averaging the diffraction pattern over
many different probe positions using the position averaged convergent beam electron diffraction
(PACBED) technique. This technique employs a similar approach for thickness measurement
using convergent beam electron diffraction (CBED) technique. However, the Å–sized STEM
probe enables mapping of thickness at the unitcell–level, in contrast to the ∼nm–size probe in
CBED. Moreover, while electron energy loss spectroscopy (EELS) can be used to determine
the specimen thickness using the log–ratio method [74], these measurements are accompanied
with potential errors due to surface plasmons or contamination layers. In contrast, PACBED
can determine crystal thickness to within ±1 nm, but does not provide a contribution from the
amorphous layer [75, 73]. For each STEM image, experimental PACBED pattern were acquired
at the same location, and compared to frozen phonon multislice simulated PACBED patterns
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to estimate the sample thickness. An example of an experimental PACBED pattern of the L12 –
Ni3 Al phase and the corresponding simulated pattern along <100> is presented in Figure 2.4.
The scanned area from which the PACBED pattern was acquired is 30×30 unit cells. PACBED
patterns of cubic Ni3 Al were simulated using the frozen phonon multislice approach, which
takes into account the influence of thermal diffuse scattering on the Bragg beam amplitudes.
The agreement between experiment and simulation is very good.

Figure 2.4: Experimental and simulated PACBED patterns of an 14.6 nm thick Ni3 Al sample.

2.5

Energy dispersive X-ray Spectroscopy (EDS)

An additional benefit of STEM geometry is the ability to simultaneaously acquire structural
and chemical configuration. This can be useful for investigating chemical behavior at local
features such as grain boundaries, precipitates, interfaces, etc. Low–angle scattered electrons
can be collected with a spectrometer located under the detector and used for electron energy
loss spectroscopy (EELS) [74]. EELS is capable of characterizing the valence of the atoms
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present at defects and interfaces. In addition to compositional information, EELS analysis can
provide electronic and magnetic structure details through the analysis of the fine structure of
ionization edges [74]. Another common analytical technique for compositional analysis is energy
dispersive X-ray spectroscopy (EDS). In STEM-EDS, high-energy electrons ionize atoms within
the sample, producing characteristics X-rays through electron transitions between the electron
shells. These X-rays are then collected by the detector which displays the signals as a spectrum
used to construct an elemental map. The combination of EDS spectroscopy and HAADF–
STEM imaging offers a powerful and unique opportunity to qualitatively and quantitively study
intermetallic structures.
The detector geometry is the most significant limiting factor to the collection of sample
generated X-rays. For a standard Si–Li EDS detector, the solid angle is ∼ 0.13 sr, accounting
for only about 1% of the total x-rays generated. The recent introduction of the state-of-theart ChemiSTEM technology consisting of an ultra-stable, high brightness Schottky field emission gun (X-FEG) and Super-X detector has significantly enhanced analytical capabilities with
STEM. The Super-X detector system comprises of four silicon drift detectors (SDD) symmetrically positioned around the optic axis close to the sample area, as shown in Figure 2.5. The
four quadrant FEI Super-X detector increases the collection to about ∼ 0.7–0.9 sr (collecting
∼6% of X–rays). This corresponds to at least a factor of five increase in collection efficiency, in
comparison to Si–Li detectors [76, 77]. This has significantly improved the signal throughput
and collection efficiency compared to Si-Li detectors [78, 76]. Further, the windowless SDD
reduces absorption that is associated with windowed–detectors, thereby improving the detector
efficiency at low energies and enhancing detection of light elements [78].
Chemical mapping at atomic resolution using EDS is facilitated by the ultrasensitive Super–
X detector system in combination with the Cs -corrected STEM probe. Similar to high angle
annular dark field (HAADF) technique, the inelastic interaction during atomic resolution chemical mapping is effectively local, as a result making the incoherent images directly interpretable
[79, 78]. In recent years, atomic-resolution EDS analysis has been pivotal in solving some pre-
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Figure 2.5: Schematic representation of the Super-X detector from Ref. [76]. Four silion drift
detectors (SDD) are symmetrically position around the optical axis, boosting the collection
efficiency.

velant materials science problems. It was used to determine the structure and chemistry of
nanostructured intermetallic phases formed by spinodal decomposition in AlNiCo alloy when
the phases were undetected from atomic resolution STEM image intensities because the atomic
number were similar [80]. Also, atomic resolution EDS examination of Bi2 Te3 /GaAs sample
was used to reveal the presence of a single layer Ga2 Te3 at the heterointerface [81]. Even with
the advancement in the EDS detector technology, a potential drawback of EDS for atomic scale
analysis is the inefficiency in X-ray signal geernation and collection in comparison to electron
energy loss spectroscopy (EELS). The total number of X-rays collected per pixel for an atomic
resolution map tends to be relatively low (on the order of a hundred) even with the Super–X
detectors acquiring for many minutes because only a small fraction of electrons generate X-rays.
As a result, Poisson noise predominates the atomic resolution EDS signal [78].
X-ray signals generated from the sample can be improved by increasing the dose of high–
energy electron interacting with the specimen by increasing the electron probe. However, this
increases the chances of beam damage. Similarly, increasing the probe convergence angle in-
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creases the electrons reaching the sample. Nonetheless, there is a trade off between the spatial
resolution and channeling when the probe convergence angle is increased. During channeling,
the signal rises rapidly when placed on an atom column as the atoms act to focus the electron probe [82]. Further, channeling effect influences the EDS signal-to-background ratio and
is dependent on sample thickness and constituent elements [78, 83]. Other limitations associated with atomic resolution EDS mapping include probe spreading and the contribution from
thermal scattering [78].
In addition to EDS qualitative analysis, recent advances in EDS detection systems have
enabled new capabilities in quantification microscopy with improved detector efficiency and
high throughput. The Cliff-Lorimer method is a common approach to quantifying EDS spectra
assuming a thin film geometry:
IA
CA
= kAB ·
CB
IB

(2.3)

where CA and CB are weight percent of species A and B, k AB is the Cliff-Lorimer k -factor,
and IA and IB are the X-ray intensities. k -factor is a sensitivity factor that varies with the
X-ray detector, microscope parameters, and spectrum analysis conditions such as background
subtraction and peak-integration method, and best determined from homogenous standard
samples. The common method used to determine the k -factor of materials requires taking
multiple spectra from different parts of the homogenous standard, which generally exhibits a
relatively large error [38].
Electron microscopy data presented in this dissertation were acquired using the aberration–
corrected S/TEM and conventional TEMs at NCSU. The FEI Titan G2 60–300 kV aberrationcorrected high resolution scanning transmission electron microscope (S/TEM) with sub-Ångström
resolution, equipped with a monochromator, high resolution electron energy loss spectrometer,
and a state–of–the–art FEI Super–X energy dispersive x–ray spectrometer. For conventional
bright–field/dark–field TEM imaging, JEOL 2010F and JEOL 2000FX TEM was utilized. The

27

STEM–EDS data for atomic-resolution and large–area chemical analysis were acquired with
beam current of ∼0.04–0.1 and ∼0.2–0.4 nA, respectively. The Bruker esprit software package
was used for postprocessing of EDS maps. When noted, the Q-map function was used to perform
a standard-less single spectrum quantification for EDS spectra. Further, the color intensities
were adjusted for some lower-Z elements to highlight the signals for clarity.
Electron microscopy simulations were ran on the high-performance computing center at
NCSU. For the first part of this research, the frozen phonon multislice simulations utilized
the open source tools developed by Earl J. Kirkland [55] adapted by James M. LeBeau for
computing on computing clusters on the NCSU campus. In the later part of this research, frozen
phonon multislice simulations were calculated using Multislice Creator, an internal source code
developed by James M. LeBeau. Lastly, atomic resolution EDS simulations were performed
using the µSTEM software package [84].

2.6
2.6.1

Techniques
Drift measurement and correction using revolving STEM

Accurate structural quantification of STEM images is hindered by the presence of sample drift
from temperature fluctuation, vibration, etc. A schematic representation of the distortion introduced during STEM imaging of a sample experiencing drift is shown in Figure 2.6(a). Assuming
a constant drift rate, the gray square represents the STEM image which was essentially transformed from the red parallelogram corresponding to the actual distorted scanned area. Thus far,
none of the previous approaches has succeeded in totally eliminating the effect of sample drift
in STEM images. Further, some of these techniques require a reference area for drift correction,
therefore restricting there application to materials with known crystal structures [48].
Nevertheless, new breakthrough techniques have been developed to counter the limitations
of measurement precision in STEM imaging such as poor signal–to–noise ratio (SNR) and image
distortion. Non–rigid registration (NRR) approach is a new image processing technique that
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Figure 2.6: Schematic representation of (a) the distortion introduced during STEM imaging
of a sample experiencing drift (b) RevSTEM technique, where the circle represents the image
rotation. From Ref. [48]
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corrects distortions arising from the serial nature of STEM acquisition that previously limited
the precision of locating atomic columns in STEM images. NRR uses a pixel-wise deformation,
which accounts for image distortions from probe instabilities and sample drift. Yankovich et
al. reported sub–picometer precision enabled by NRR and averaging of HAADF STEM image
series [85]. Furthermore, revolving scanning tranmission electron microscopy (RevSTEM) technique removes sample drift distortion by using a series of short acquisitions with scan rotation
introduced between each frame. Because the image distortion is dependent on the scan angle
and drift vector, by introducing a rotation to the scan coordinate system while imaging the same
region we can encode the drift rate and angle across the series, which can then be measured
and corrected for every frame [48]. A schematic representation of RevSTEM is presented in
Figure 2.6(b), such that the drift vector is rotated relative to the slow scan direction. Note, this
technique enables distortion correction without the need of priori crystal strucutre information.
Furthermore, image averaging the STEM image series significantly enhances the signal-to-noise
ration (SNR), in turn enabling very precise and accurate location of atom column and intensity
[48]. Details on the mathematical description of RevSTEM is available in Ref. [48].
To demonstrate the application of RevSTEM, <100> Ni3 Al is analyzed. The effect of image
drift is mininal in the fast scan direction [100] in the single frame Ni3 Al STEM image shown in
Figure 2.7(a). However, the effect of drift is apparent in the slow scan direction [010], causing
the skewing of the atom columns. The RevSTEM–processed image, in Figure 2.7(b) has been
corrected for drift, and so the orthogonal directions appear as they should i.e. 90◦ apart. For
the RevSTEM image, a total of 40 1024×1024 frames were acquired with a dwell time of
3 µs/pixel. The scan coordinates were rotated 90◦ between each frame [48]. Each RevSTEM
series was then post-processed and averaged with a custom MATLAB program to remove sample
drift and scan distortion. Each atom column was located using a normalized cross-correlation
approach and Gaussian peak fitting. The corresponding histogram of the distance between the
atom columns for the single frame STEM image is presented in Figure 2.7(c). The peak overlap
of the third nearest neighbors (NN) (corresponding to lattice parameter (a)) peak and fourth
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nearest neighbors peak is as a result of the combination of drift distortion, scan noise and
the poor signal–to–noise (SNR) in the single frame image. Therefore, hindering our ability to
perfrom structural quantification on this STEM image. For the RevSTEM–processed image,
Figure 2.7(d), all peaks are well–seperated. In addition, the excellent SNR enables improved
precision and accuracy in the atom column location, resulting sharper peaks.

Figure 2.7: (a) STEM single frame image and (b) RevSTEM–corrected averaged image of
<100> Ni3 Al. Corresponding histogram from (c) single frame and (d) RevSTEM image. The
drift distortion-corrected RevSTEM image results in shape, well–separated peaks.
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2.6.2

Atom column indexing

As discussed earlier, the incoherent nature of HAADF–STEM images enables directly interpretable images. However, thorough structural and chemical analysis in atomic resolution STEM
images requires robust data analysis techniques that provides access to atom column positions
and intensities. Examples of unitcell–level information collected from atomic resolution STEM
images include composition [64], ferroelectric characterization [86] and octahedral tilting in
perovskites [87]. Thus far, there has been minimal focus on efficient techniques to analyze the
numerous atom columns in STEM images. Therefore, necessitating a new broadly applicable
approach that demands minimal user input and overcomes a variety of challenges.
Atom column indexing (ACI) approach simply involves the projection of atomic resolution
images into a matrix representation [88]. Through the combination of two-dimensional Gaussian
fitting and the projective standard deviation [48], atom columns locations are projected onto
two non-collinear reference lattice vectors that are used to assign each a unique (i, j ) matrix
index, as schematically depicted in Figure 2.8. By doing so, generalized atomic resolution image
analysis becomes possible, such as atom column intensity, distance or local strain analysis.
To demonstrate the ACI approach, lets consider the <110> L12 –Ni3 Al test case. From the
RevSTEM image, shown in Figure 2.9(a), atom column locations are determined by normalized
cross–correlation and peak fitting. Along the <110> orientation, the alternating atom column
layers consists of pure Ni sub–lattice and mixed sub–lattice (Ni+Al), as shown in the inset. Variation in the atom column intensities in the RevSTEM, makes it difficult to properly categorize
the sublattice intensities. For example, the corresponding atom column intensity histogram exhibits overlap between the pure Ni and mixed sites, as shown in 2.9(b), due to the minimal
site contrast or thickness variations. Likewise, distance can be easily calculated by using the
position information stored with each atom column object. Each n th nearest neighbor distance
is displayed in the distance histogram in Figure 2.9(c). Note, as n increases, the separation
between n th and (n+1)th near neighbor distance become smaller. Moreover, peak overlaps at
high n th neighbor distances makes it challenging to directly analyze complex structures with
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Figure 2.8: ACI framework begins with the experimental STEM image, identifies atom column
locations using Gaussian distributions, and translates this information into a matrix where each
(i, j ) position can contain various properties. Image from Ref. [88]

large lattice parameters [88].
Further, the atom column intensity map, shown in Figure 2.10(a), directly determined from
the RevSTEM iamge does not provide any convincing evidence of chemical ordering in the L12
phase. However, the chemical ordering is evident in the atom column intensity ratio map, shown
in Figure 2.10(b). In the figure, Ni atom sites have larger values than the the mixed atom sites.
The intensity ratio for each atom column at i,j is calculated as the ratio of the atom column
intensity to the summation over the four nearest neighbor. Further, by employing the matrix
representation approach, the intensity histogram shown in Figure 2.9(b) can be decomposed
into Ni (red) and mixed (gray) sublattices as displayed in Figure 2.10(c). Furthermore, using
the ACI approach, each n th nearest neighbor from Figure 2.9(c) can be separated. The first
seven nearest neighbors are shown in Figure 2.10(d) (different colors) and superimposed on
the original histogram. As highlighted in the inset, even the first and second like neighbor
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Figure 2.9: (a) <110> Ni3 Al with significant intensity variation across the RevSTEM image.
(b) Intensity histogram determined using the peak at each atom column position. (c) Atom
column distance histogram, where the labels indicate the first seven nearest neighbors. Image
from Ref. [88].

distances actually overlap for a few atom column positions. Moreover, with further analysis,
ACI is capable of accurately separating the peaks.
Overall, ACI has proven to be an easily operated technique for atomic resolution analysis
on a site–specific basis. Further, this technique can be employed for interfacial analysis because
it works across interfaces such as planar defects, as long as at least two non–collinear lattice
vectors exist across the interface. Furthermore, ACI is readily applicable to complex structures,
enabling direct and easy image analysis [88].
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Figure 2.10: Atom column intensity (a) and ratio (b) maps determined from the Ni3 Al
RevSTEM image. (c) Decomposed intensity histogram calculated from Ni (red area) and Ni+Al
(gray area) sub-lattices. The total histogram is given by the thick black line. (d) Distance histogram calculated from the first seven nearest neighbors using the matrix index approach.
The enlarged inset shows overlap between the seemingly well separated first and second near
neighbors. Image from Ref. [88].

2.6.3

Residual scan distortion correction

The effect of scan coil distortion prevails even after the specimen drift have been calculated and
corrected in the RevSTEM image series. In effect, hindering accurate measurement calibration
that introduces skewing, expansion, and/or contration globally across the image. Therefore,
Si is used as a calibration standard to quantify the residual scan distortion as modeled by
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a global affine transformation [89]. Along the four-fold <100> Si orientation, atom columns
are located and projected to a matrix representation [88]. Then, the distance and standard
deviation (σn ) of all columns to nth nearest neighbors is measured for each pair. A plot of the
standard deviation of the distance between nth nearest neighbors atom columns measured for
<100> Si before and after correcting residual scan distortion is presented in Figure 2.11. In
an uncalibrated RevSTEM image, distances beyond the first few nearest neighbors experience
increasingly significant skew, dilation, or compression which contracts or expands measurements
that should otherwise be identical [89]. As a result, σn increases with pair distance and tends
to oscillate.

Figure 2.11: <100> Si nth nearest-neighbor standard deviation as a function of pair separation
before and after correcting for residual scan distortion. Image from Ref. [89].

Ideally, σn values in STEM images should not increase as all nth neighbor pair distances
would be identical. Therefore, a least squares regression is employed to minimize the standard
deviation for all nth s to accurately determine the image calibration. Noting that the linear
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residual distortion can be modeled as an affine transformation, T, defined as:




1
0


T=

x1 1 + x2

(2.4)

where x1 and x2 are the shear and expansion/contraction components, respectively. The least
squares algorithm searches over coefficient values until the sum of σi2 is minimized. Upon applying the coeficients to the Si dataset, σn ’s remain consistently around 2 pm to pairs 5 nm
apart as in Figure 2.11.

2.6.4

Geometric phase analysis

Geometric phase analysis (GPA) involves applying a Gaussian mask to lattice planes of interest
in reciprocal space. Displacements are measured by analyzing the local Fourier components of
the lattice fringes, g, in an image by Fourier filtering. The size of the mask used in the filtering
will determine the spatial resolution of the results obtained. The resulting phase image, Pg (r),
describes the positions of the lattice fringes in real space. Any displacement of the lattice fringes
with respect to the reference will result in a phase shift, i.e. a change in the value of the phase
at the position corresponding to the displacement. The phase image is described as:

Pg (r) = −2πg · u(r)

(2.5)

where u(r) is the local displacement with respect to the reference lattice, g [41]. By measuring
two phase images, Pg1 (r) and Pg2 (r), the two-dimensional displacement field, can be determined:

u(r) = −

i
1 h
Pg1 (r)a1 + Pg2 (r)a2
2π
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(2.6)

where a1 and a2 are the basis vectors for the lattice in real space corresponding to the reciprocal
lattice defined by g1 and g2 . The strain tensor can then be obtained by numerical differentiation
[39, 90, 41] as described below:

i,j =

∂uj 
1  ∂ui
+
2 ∂xj
∂xi

(2.7)

GPA analysis in this dissertation was performed using the FRWRtools plugin implemented in
digital micrograph by Christoph Koch.

2.7

Accuracy & Precision

Precision is defined as the spread of measurements in the data i.e. consistently reproducable.
Accuracy describes the closeness to the true value i.e. match a reference, correct value. For
example, the plot of probability density as a function of accidents, in Figure 2.12, illustrates a
measure of accuracy and precision for a data set. The data in Figure 2.12(a) is considered to be
of poor accuracy and precision because the distribution shows no tendency towards a particular
value, and at the same time possessing a large scatter. In Figure 2.12(b), the data is highly
precise but inaccurate because of its tendency towards a particular value. Similarly, a data set
can be highly accurate but lacking precision, as shown in Figure 2.12(c). An ideal measurement
is expected to be exhibit high accuracy and precision, as illustrated in Figure 2.12(d).
Strain precision is defined as the smallest strain value accessibe by the strain measurement
technique [23]. While, strain accuracy corresponds to the deviation of the experimental values
to the expected (or simulated) strain values [23]. According to Hytch et al., the precision and
accuracy of strain measurements depend on their spatial resolution. In general, the higher
the spatial resolution, the less accurate the technique [29]. Strain precision for different TEM
nanoscale measurement techniques is presented in Table 1.1.
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Figure 2.12: Plot of the probability density of accidents illustration (a) low accuracy and
precision (b) poor accuracy and high precision (c) high accuracy and poor precision and (d)
high accuracy and precision.

2.8

TEM sample preparation & experimental setup

All samples were cut to desired dimensions using the Allied Techcut™ 4 low speed saw. TEM
samples were prepared using three main techniques depending on the sample and the experiment. First, cross–section samples were prepared by conventional mechanical polishing using an
Allied High Tech Multiprep™. A Fischione Model 1050 Ar ion mill with a LN2 cooled stage was
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used to thin samples to electron transparency and remove surface contaminations, using the
low energy ion milling recipe detailed in Appendix A. Second, HEA alloy and Ni–based superalloy TEM specimen (except for ferromagnetic alloys) were prepared using a standard twinjet
electropolisher (Struers TENUPOL-2) with an applied potential of 15 V and temperature kept
between -40 – -20 ◦ C. The electrolyte used was 10 % perchloric acid in 90 % methanol. Lastly, to
minimize the sample volume and thus magnetic interactions of ferromagnetic NiCoAlTi alloys
with the electron beam, TEM specimen were prepared via the lift–out technique using a dual–
beam focused ion beam (FIB) microscope (Quanta 3D FEG, FEI) with 30 kV Ga+ , followed by
5 kV Ga+ and 2 kV Ga+ milling to reduce surface damage contamination. TEM specimen were
kept under vacuum and analyzed within 48 hours after preparation to reduce oxide formation.
Further, all TEM specimen were plasma cleaned for 5 – 10 min each time prior to insertion into
the microscope, using a 25/75 O2 /Ar mixture.
Atom probe tomography (APT) experiments presented in this dissertation were performed
by our collaborators in Prof. Krishna Rajan’s research group at Iowa State University. The
major benefit APT is the ease with which it gathers three-dimensional images of hundreds
of millions of atoms. This technique possesses unprecedented spatial resolution and chemical
sensitivity over other microanalysis techniques [91, 92]. APT involves the controlled removal
of atoms from a specimen’s surface by field evaporation and then sequentially imaging and
analyzing them with a special time–of–flight (TOF) mass spectrometer. Atoms are selected
from a region on a specimen’s surface and are then spatially mapped. This technique provides
the highest spatial resolution when combined with depth resolution of one interplanar atomic
layer for depth profiling [91, 92], which enables atomic resolution characterization of chemical
clustering and 3-D distributions of atoms. Further details on APT specimen preparation and
experiments are provided in Appendix A.
X-ray diffraction (XRD) experiments on the Ti–Sn samples were performed by Dr. David
Hook in Prof. Jon Paul Maria’s group at NSCU using PANalytical Empyrean diffractometer
equipped with a variable-slit scanning detector and Cu Kα (λ=1.5418 nm) incident radiation.
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All XRD and nano-indentation experiments on the Ni–based superalloys were performed and
analyzed by Dr. Selva Venilla Raju in Prof. Surendra Saxena’s group at Florida International
University. In situ XRD analysis of PZT samples were provided by Prof. Jacob Jones’s group
at NCSU. Diffraction patterns were continuously collected during crystallization. The curved
position sensitive detector (CPS) on the Inel diffractometer allowed for concurrent measurement
of diffraction intensities over a wide 2θ range during 60s intervals. Thus, each diffraction pattern
represented time/ temperature–averaged information during the 60 s acquisition time. The
temperature was recorded using a thermocouple inside an alumina sample holder. The total
pressure in the furnace was 1 atm and the volume of the furnace was approximately 500 cm3 .

41

Chapter 3

Defect characterization in complex
intermetallic compounds
3.1

Introduction

Titanium alloys and intermetallics are utilized in many applications spanning aircraft production, medical instruments [93] and mechanical dampening [94]. They exhibit outstanding
oxidation and corrosion resistance, low density, and mechanical properties [95, 96]. Further,
the electrical and magnetic properties of the intermetallics offer the potential for additional
functionality. Experimental studies of hexagonal Ti6 Sn5 , for example, revealed a ground state
in close proximity to a non-magnetic-magnetic phase boundary [97]. Moreover, doping Ti6 Sn5
with rare earth elements introduces ferromagnetic instability and ordering [98]. Further, little is
known about defects in Ti6 Sn5 compounds, which may ultimately have important consequences
on properties.
The complex Ti6 Sn5 intermetallic line compound has been reported to exhibit hexagonal,
h-Ti6 Sn5 (space group P 63 /mmc) [95], and orthorhombic, o-Ti6 Sn5 (space group Immm) [99],
phases. The lattice parameters for h-Ti6 Sn5 and o-Ti6 Sn5 are a = 0.9248 nm, c = 0.5690 nm [95]
and a = 1.693 nm, b = 0.9144 nm and c = 0.5735 nm [99], respectively. The phase diagram of
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the Ti-Sn system [100] shows that hexagonal Ti6 Sn5 (h-Ti6 Sn5 ) is energetically favorable above
751o C, and the o-Ti6 Sn5 phase is stable below [97]. Furthermore, the enthalpy of formation, ∆Hf
reported from first-principle calculations [101, 102] for h-Ti6 Sn5 and o-Ti6 Sn5 is -37.25 KJ/mol
and -34.92 KJ/mol, respectively [103]. Given the negligible difference in ∆Hf , either phase may
form depending on processing conditions. For example, experiments have demonstrated that
the h-Ti6 Sn5 phase is typically accompanied by orthorhombic o-Ti6 Sn5 [97].
Defect analysis of complex intermetallic structures is challenging due to their large lattice
parameters (small diffraction vector spacing) and because they possess a large number of atoms
per unit cell, ranging from many tens of atoms up to more than a thousand [104, 105]. The
introduction of aberration correction in scanning transmission electron microscopy (STEM)
has opened the doorway to the characterization of defects in these structures with unprecedented clarity [104, 106, 107]. In particular, high-angle annular dark-field (HAADF) STEM has
proven an invaluable tool for materials characterization as its image intensities scale with atomic
number. For example, aberration-corrected STEM was used to investigate stacking faults and
dislocation cores in the Laves phase Cr2 Hf, as a result, improving our general understanding of
deformation mechanism and phase transformation kinetics in complex structures [106].
This chapter reports the structural characterization of a complex Ti-Sn intermetallic compound, Ti6 Sn5 . From X-ray diffraction, the resulting compound was observed to exist in both
orthorhombic and hexagonal phases. Analysis by electron microscopy revealed that “planarlike” defects form throughout the material. Atomic resolution aberration-corrected scanning
transmission electron microscopy reveals that these planar-like defects represent the coexistence of the orthorhombic and hexagonal phases within single grains. The resulting interwoven
phases range in thickness from a fraction to multiple unit cells and exhibit coherent phase
boundaries with the matrix grain.
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3.2

Experiment & Theory Parameters

Bulk Ti-Sn mixtures were prepared and XRD analysis performed by David Hook in Jon Paul
Maria’s research group. Specimens for electron microscopy were prepared by conventional mechanical polishing, followed by a low-energy ion milling recipe. Conventional bright-/dark-field
images were acquired with a JEOL 2000FX transmission electron microscope operated at 200
kV and equipped with a LaB6 emitter. A probe-corrected FEI Titan G2 60-300 KV S/TEM
equipped with a high-brightness Schottky field emission gun was used for HAADF-STEM imaging at 200 kV. The convergence and collection semi-angles for the Titan S/TEM were 21 mrad
and 76-400 mrad respectively.
Atomic resolution HAADF STEM image simulations were performed using the multislice
approach [55]. The images were simulated using the following input parameters: sample thickness = 20 nm, C3 = -6 µm, C5 =2.5 mm, and the same convergence and collection geometries
that were used during experimental micrograph acquisition. Thermal diffuse scattering was
introduced in the simulations using the frozen lattice model [69] and an estimated root-meansquared (r.m.s.) displacement of 0.09 Å for both Ti and Sn. Simulated images were convolved
with a Gaussian function, 0.1 nm full-width half-max, to approximately account for the finite effective source size [64]. Simulated images of phase coexistence regions were generated by joining
separate simulations of h-Ti6 Sn5 and o-Ti6 Sn5 for the same crystal thickness.

3.3

Phase coexistence in Ti6 Sn5 intermetallics

X-ray diffraction analysis of the as-processed bulk pellet, presented in Figure 3.1, showed the
formation of the Ti6 Sn5 intermetallic with trace amounts of both Ti5 Sn3 and Ti2 Sn5 . The peaks
labeled ‘Other’ correspond to Ti5 Sn3 and Ti2 Sn5 . The presence of the h-Ti6 Sn5 and the o-Ti6 Sn5
phases was confirmed by atomic resolution HAADF STEM imaging as shown in Figure 3.2. The
h-Ti6 Sn5 phase was the most frequently observed throughout the bulk of the specimen. The
crystal structure of h-Ti6 Sn5 consists of ABCB0 ABCB0 stacking sequence when viewed along
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Figure 3.1: Powder X-ray diffraction pattern of the TiSn alloy. h-Ti6 Sn5 and o-Ti6 Sn5 peaks
are indicated, while traces of Ti2 Sn5 and Ti5 Sn3 phases detected are presented as Other phases.
Image from Ref. [108]

[100] projection as seen in Figure 3.2(a). The A planes consist of atom columns containing
both Sn atoms and Ti atoms. The B ‘planes’ exhibit alternating atom column doublets (Ti-Sn)
and triplets (Ti-Sn-Sn). The C-plane contains only Ti atom atoms. The B0 and B planes are
related through a two-fold rotation about the C plane. The stacking sequence of the o-Ti6 Sn5
phase along the [010] projection is nearly identical to h-Ti6 Sn5 except that mirror symmetry is
introduced across the A-planes, such that the sequence becomes ABCB0 AB0 CB.
Comparison of HAADF STEM images from experiment and simulations along the hexagonal < 100 >h (Figure 3.2(b)) shows the the closely-spaced Sn-Ti (doublet) columns have the
brightest intensity and the pure Ti columns have the dimmest intensity. Furthermore, a similar
intensity variation in atomic columns is noted in o-Ti6 Sn5 , in Figure 3.2(c), however, there are
important differences between the HAADF STEM images of the two phases. A chevron-like
pattern is observed for the hexagonal phase, as noted with white lines in Fig. 3.2(b), whereas
mirror symmetry is present across the C planes of o-Ti6 Sn5 (ABCB0 AB0 CB sequence). These
image intensity details are essential for direct identification of the crystal structure and defect
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Figure 3.2: (a) HAADF-STEM image of h-Ti6 Sn5 in the <100> projection. (b) HAADFSTEM image of o-Ti6 Sn5 in the < 010 > projection. (c) Schematic showing stacking sequence
of h-Ti6 Sn5 and o-Ti6 Sn5 structure. Atomic model and HAADF simulations are superimposed
on the HAADF-STEM images. Images from Ref. [108]

structures in this system.
At the microstructural level, conventional transmission electron microscopy revealed planar
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defects throughout the Ti6 Sn5 grains, as indicated in Figure 3.3(a). Individual grains typically
possessed a high density of these planar defects, with roughly 0.10 per nm. Furthermore, selected
area diffraction patterns along [010] showed streaking of the diffraction spots parallel to g100 ,
see Figure 3.3(b). The observed streaks are indicative of randomly displaced (100) planar faults,
and are typically observed with high stacking fault or twin boundary density structures [54].

Figure 3.3: (a) Two-beam dark field TEM imaging of a Ti6 Sn5 grain using g100 reflection. Planar defects are indicated with arrows. (b) [010] zone axis selected area diffraction pattern. The
streaking of the diffraction spots are indicative of high stacking fault faults or twin boundary.
(c) HAADF-STEM image of h-Ti6 Sn5 in the <100> projection with o-Ti6 Sn5 phase embedded
within the matrix. (d) h-Ti6 Sn5 phase embedded within o-Ti6 Sn5 . Image from Ref. [108].

Further, the planar-type defects were investigated with aberration-corrected STEM, where
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they appear as a disturbance in the stacking sequence and a corresponding decrease in the
image intensity, as indicated by the white arrows in Figure 3.3(c). Close examination of the
atomic structure in Figure 3.3(c) suggests the possibility that these defects are the formation of
180◦ domain boundaries, where the chevrons of the [100]h projections mirror across the defect
plane relative to one another. Rather than abrupt boundaries, however, the defects exhibited
nm-scale spatial extent perpendicular to the (100)h fault plane ranging from approximately 1 to
10 nm. Moreover, in regions where the defects appeared to extend beyond a single layer, atomic
resolution HAADF imaging revealed the formation of multiple unit cells of o-Ti6 Sn5 within a
h-Ti6 Sn5 matrix. An example of two unit cells of h-Ti6 Sn5 embedded within an o-Ti6 Sn5 is
shown in the HAADF-STEM image in Figure 3.3(d).

Figure 3.4: Average intensity line profile extracted from a HAADF STEM image of a h-Ti6 Sn5
— o-Ti6 Sn5 phase coexistence region (black, solid line – see indicated area in Figure 3.3(c))
compared with simulation (red, dashed line). Image from Ref. [108].
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These coexistence defects are consistent with the interpretation of o-Ti6 Sn5 within a hTi6 Sn5 matrix. From inspection of Figure 3.3(c-d), image simulations qualitatively reproduce
the features across the boundary. An averaged intensity line profile from experiment is presented
in Figure 3.4 and compared to the simulation. To increase the signal-to-noise ratio, the boxed
region indicated in Figure 3.3(c) was used as a template to find identical phase coexistence
regions within the experimental image using a normalized cross-correlation approach [109].
These regions were subsequently averaged and integrated along [001]h to generate the line
profile. As shown, the image contrast is also in good qualitative agreement when employing the
phase coexistence model.
To complement the results from [100]h , the planar defects were also observed along [011]h ,
as seen in Figure 3.5. The defects again extended beyond a single plane and the structure at
the boundary was inconsistent with anti-phase or domain boundaries, indicating the need for
an alternative structural model to explain the defect features. Rather, the introduction of a
sub-unit layer or layers of o-Ti6 Sn5 provides the necessary symmetry needed to account for the
defect mirror plane and spatial extent. The phase coexistence model is shown schematically in
Figure 3.5. As indicated in the stacking sequence schematic, the stacking sequence for h-Ti6 Sn5
in this projection is DED0 E0 D, where D0 and E0 are related to D and E through inversion
symmetry across the sub-unit boundary. For comparison, the stacking sequence for o-Ti6 Sn5
is simply DEDE. Along the [011] zone, the atom columns project a distinctly different atom
positions along [011]h and [011]o . Similar stacking variants have been observed in Laves phases,
which have three different polytypes (C14, C15 and C36), and can coexist in the same single
alloy system (e.g. Cr-Zr, Cr-Ti) [110, 111]. In addition, complex defects, which are different from
defects in simple closed-packing structures have been observed in Laves phases [112, 113, 114].
The formation of these defects in the Ti6 Sn5 correlates with the minimal difference in
∆Hf for h-Ti6 Sn5 and o-Ti6 Sn5 , and are likely to result from processing conditions. As a
result, these defects may not occur in all cases and will depend upon the kinetics in addition
to the thermodynamic stability. Moreover, these results indicate the possibility that, rather
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Figure 3.5: HAADF images of phase coexistence of h-Ti6 Sn5 and o-Ti6 Sn5 in the <011>
projection. The inset is a schematic for the stacking sequence of h-Ti6 Sn5 and o-Ti6 Sn5 in the
<011> projection. Image from Ref. [108].

than the formation of stacking faults or other planar defects, the coexistence of h-Ti6 Sn5 and
o-Ti6 Sn5 acts to relieve stress during mechanical deformation. Furthermore, given the close
proximity of the hexagonal phase to non-magnetic-magnetic phase boundary, these results may
have important consequences on controlling the magnetic properties of Ti6 Sn5 intermetallic
compounds.
Although, the interfaces between the h-Ti6 Sn5 and o-Ti6 Sn5 phases presented thus far appeared coherent, in some cases, dislocations were present at the onset of the new phases, as
highlighted in the Figure. Using the lattice parameters of h-Ti6 Sn5 and o-Ti6 Sn5 phases, the
coherency strain across (001)o /(001)h is estimated as 1.1%. While beyond the elastic limit, thin
layers can often accommodate strain without dislocations when clamped by a matrix phase.
While the observed reduction in intensity of atomic columns was due to the o-Ti6 Sn5 phase,
some compositional variation may also be present and contribute to reduced mismatch between
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the two phases.
Phase coexistence of hexagonal and orthorhombic phases has also been observed by varying
composition [115], temperature [116], and pressure [117]. For example, structural defects arising
from stacking variants have been observed in the Mg-based pseudo-binary Laves phases [112,
113, 114]. As we have observed for Ti6 Sn5 , Laves phases are capable of coexisting in the same
system where they exhibit abrupt changes in the stacking sequence [110, 111] and similar to
Ti6 Sn5 , the Laves phases exhibit fundamental prototypes with a range of crystal structures,
namely cubic- C14 , and hexagonal- C15 and C36 [110].

3.4

Chapter summary

Through a combination of x–ray diffraction, conventional TEM, and aberration-corrected STEM,
it was demonstrated that the identification of defects in complex intermetallic structures remains
a challenging endeavor. Specifically, conventional TEM analysis can lead to misidentification of
planar defects when phase coexistence occurs. In the case of Ti6 Sn5 planar defects, the coexistence of hexagonal and orthorhombic phases is readily revealed by atomic resolution imaging.
Moreover, the results demonstrate the power of aberration-corrected STEM to fully characterize structural defects in complex structures. Additional work is required to relate the observed
phase coexistence with the mechanical and magnetic properties of Ti6 Sn5 .

51

Chapter 4

Large Area Strain Analysis Across
Multiple Images of Intermetallics
4.1

Introduction

Nanometer scale spatial resolution is often required to elucidate the influence of morphology,
chemical inhomogeneity, and/or defects on strain. For example, the high temperature mechanical properties of Ni-based superalloys rely on a microstructure consisting of ordered γ 0 (space
group P m3̄m) precipitates embedded within a continuous disordered γ (space group F m3̄m)
matrix [1]. In part, the small difference in lattice parameters between γ 0 and γ results in the
formation of coherency strains near the γ 0 /γ interface which helps to impede dislocation motion
[1]. Further, this lattice misfit strongly influences the precipitate morphology and stability under
stress at high temperatures [7]. Therefore, understanding superalloy internal coherency strain
that results from lattice misfit is critical to engineering novel superalloys for high temperature
applications [1].
In this Chapter, strain analysis conducted across the electron microscopy sample using multiple atomic resolution RevSTEM images is demonstrated. As an example, the local internal
elastic strain between the γ 0 and γ phases in undeformed NiAlCr and NiCoAlTi superalloy
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systems is investigated. It is shown that the stability of RevSTEM images, even in the presence of fast sample drift, allows the selection of a single reference area not contained within
images of other strain analysis regions. For completeness, calculate was strain using both a direct real-space approach and GPA, which are found to be in excellent quantitative agreement.
Furthermore, high spatial resolution is used to analyze strain at the nanometer length scale and
below.

4.2

Experiment & Theory Parameters

Cross section TEM samples of <100> Si used for measurement calibration was mechanically
wedge–polished. TEM samples of the Ni-Al-Cr samples were prepared by a standard twinjet
electropolisher. TEM samples of the Ni–Co–Al–Ti superalloy system were prepared using a
dual-beam focused ion beam (FIB) microscope (Quanta 3D FEG, FEI). TEM specimen of the
superalloy were kept under vacuum and analyzed within 48 hours after preparation to reduce
oxide formation. All HAADF-STEM images were acquired with a probe-corrected FEI Titan
G2 60-300 kV S/TEM equipped with a high-brightness Schottky field emission gun (X-FEG)
at NCSU, operated at 200 kV. The convergence and inner collection semi-angles for HAADF
were 13.5 mrad and 76 mrad respectively. For each RevSTEM series, a total of 40 1024×1024
frames were acquired with a dwell time of 2–3 µs/pixel. The scan coordinates were rotated 90◦
between each frame [48]. Each RevSTEM series was then post-processed and averaged with a
custom MATLAB program to remove sample drift and scan distortion. Atom columns in final
images were first located using a normalized cross-correlation template, fit to two-dimensional
Gaussian functions for sub-pixel precision, and then indexed into a matrix representation [88].
Position averaged convergent beam diffraction (PACBED) patterns were recorded for thickness
determination at each image location [73].
Strain,  was calculated in two ways. First, strain was determined by measuring all second nearest Ni-Ni atom column separations, equal to the unit cell repeat distance, along h100i
(x-direction) and h010i (y-direction). The strain was then taken as the average of the strain
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measurements originating from each cell, and determined with reference to the center of a γ 0
precipitate as justified below. Second, GPA was performed using the FRWRtools plugin implemented in digital micrograph by Christoph Koch. Strain maps from GPA were generated
using the 002 family of reflections. To make the reference area available to the GPA algorithm,
the analyzed region and reference RevSTEM images were stitched together across their left
and right boundaries, respectively. A circular aperture (mask size = 1 nm−1 ) was utilized and
smoothed by a cosine function (smoothing parameter = 0.7) .

4.3

Measurement stability between RevSTEM images

For distance measurement from RevSTEM image series, each atom column is located using
a normalized cross-correlation, fit to a two-dimensional Gaussian function, and indexed into
a matrix representation. To demonstrate the level of accuracy and stability of this approach
for lattice parameter measurement, <100> Si was used as a calibration standard because the
lattice parameter is well known (a=5.431 Å ). Eight RevSTEM image series were acquired from
the same region, while maintaining the same operating conditions. A plot of the deviation from
the average is presented in Figure 4.1. The maximum deviation from any two points in the
measurement is 0.42 pm, which represents less than 0.08% of the mean value. Furthermore,
the measured standard error is 0.054 pm representing less than 0.01 % of the mean value.
These results represent an unprecedented level of precision and accuracy in real space analysis.
Moreover, this result demonstrates the outstanding stability of the electron microscope between
different RevSTEM images.

4.4

Real space lattice parameter measurement in Ni–based superalloy system

The stability and measurement precision demonstrated in the Figure 4.1 encourages the direct
crystallographic measurements in RevSTEM images of Ni-based superalloys. Lattice parameter
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Figure 4.1: Deviation of the measured Si lattice parameters from the mean value.

of pure Ni3 Al, γ 0 -NiAlCr and γ-NiAlCr phases were measured from RevSTEM image series. For
example, the nth neighbor distances measured from a RevSTEM image of γ 0 –NiAlCr is displayed
in Figure 4.2(a). The first ten peaks highlighted in the figure correspond to the first ten neighbor
distances. The sharpness and well–separation of peaks is conseqeuntial of the drift correction and
enhanced signal–to–noise ratio using the RevSTEM technique. A representative histogram of
the second-like neighbor (SLN) or lattice parameter distance for the different phases is presented
in Figure 4.2(b). Note, the trend in the lattice parameter is observable from a single RevSTEM
series for each phase [118]. Table 4.1 presents the average lattice parameter and corresponding
standard error from STEM and XRD analysis [119]. The STEM lattice parameter represents
average values from multiple measurements for the three phases. The standard errors for the
STEM measurements represents less than 0.1% of the average lattice parameters, demonstrating
outstanding measurement precision for real space measurement. Further, these STEM values
are in excellent agreement with those measured from XRD analysis. Note, the high spatial
resolution of STEM enables lattice parameter measurement from within the narrow γ matrix
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channels (< 30 nm) in the NiAlCr superalloy. In comparison, peak broadening in the XRD
line profiles, inhibited the extraction of the γ lattice parameter from that of the predominant
γ 0 phase [119]. The variation of the lattice parameter between Ni3 Al and γ 0 Ni3 (Al,Cr) is
primarily consequential of the size effect of the Cr substitutional atoms. The substitution of
larger Al atoms (143 pm) for Cr (128pm) in the Al sublattice results in a decrease of the lattice
parameter of Ni3 Al because of lattice contraction. However, the lattice parameter has been
found to not depend only on the solute choice and concentration for alloying but also on the
thermal history and solidification of the superalloy. Note, the Ni3 Al and NiAlCr superalloys
were synthesized and heat treated in a similar manner.

Figure 4.2: (a) Atom column distance histogram determined from a RevSTEM image of <100>
γ 0 –NiAlCr. The labels indicate the first ten nearest neighbors. (b) Lattice parameter distance
(or SLN) histogram for Ni3 Al, γ 0 -NiAlCr and γ-NiAlCr. Data was obtained from one RevSTEM
image series for each phase.

Furthermore, the incoherent image mode of STEM enables direct measurement of atom
column separation corresponding to the unit cell along the x-direction, ax and y-direction, ay ,
which becomes beneficial for analyzing local features such interfacial coherency strain.
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Table 4.1: Average lattice parameter and error measured from STEM and XRD [119]. The
error for the STEM measurements corresponds to the standard error calculated from multiple
measurements.

4.5

STEM [pm]

XRD [pm]

Ni3 Al

357.3 ± 0.2

357.2 ± 1.3

γ 0 -NiAlCr

356.4 ± 0.2

356.7 ± 0.5

γ-NiAlCr

356.7 ± 0.3

–

Strain analysis in ternary Ni–Al–Cr superalloy system

Crystal Lattice Distortion in Ni-Al-Cr
The points for strain analysis using a representative few hundred nanometer-wide γ 0 precipitate
are shown in the inset of Figure 4.3(a). At each point, an atomic resolution ∼ 8 nm × 8 nm
image is analyzed. The sample thickness is approximately 25 nm across the investigated area,
with less than 5 nm thickness variation between γ 0 and γ phases. Moreover, the measurement
stability was verified by successively capturing RevSTEM images and measuring the average
repeat length, i.e. the lattice parameter a along x- and y- directions. The maximum deviation
observed subsequently is 0.079% and 0.04% for ax and ay , respectively. This stability thus
enables strain measurements to within 0.1% for images across the sample, but with a common
reference area.
As an initial comparison, the average lattice distortion is quantified by measuring the average
ay /ax ratio from across each ∼ 8 nm × 8 nm image. Importantly, tetragonality of the average
unit cell increases as the ratio deviates from unity. While negligible tetragonality is measured
(aoy /aox = 1.002) within the reference area, the ratio consistently increases across the precipitate
towards the γ phase to ay /ax = 1.009, which is indicative of increasing strain. Commonly, this
lattice distortion in Ni-based superalloys results from coherency strain as reported from CBED
analysis [31, 30, 32]. Thus, with the low degree of distortion, the γ 0 precipitate center (region
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O) is selected as a common reference for strain analysis elsewhere in the sample.

Figure 4.3: (a) Average lattice strain as a function of distance to the γ 0 /γ interface along paths
A and B. The approximate locations of the investigated points of the γ 0 precipitate are shown
in the inset.(b) Strain variation along paths C and D. Image from Ref. [50].
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Local Elastic Strain Distribution
Next, the distribution of local strain within the alloy is systematically determined starting at
the center of the γ 0 precipitate, marked (O), through the γ 0 /γ interface. The average xx and yy
from each image along paths A and B is presented in Figure 4.3(a). Along path A, xx and yy are
perpendicular and parallel to the γ 0 /γ interface plane, respectively. With respect to the central
γ 0 region, the strain increases to approximately 0.1% and then suddenly drops to -0.6% within
the γ phase. This relationship is reversed along path B where the large negative strain is now
observed for xx . Note, the strain is maximized in the direction parallel to the γ 0 /γ interfaces
for both paths A and B, indicative of distortion introduced by thermal expansion mismatch
between the phases. While not shown here, the shear strain, xy , is ∼ 0.05%, which is well within
the measurement error and thus not considered further. Also, as shown in Figure 4.3(b), strain
variation along path C is nearly identical to that observed along path A as expected since the
paths are parallel.
In contrast to A and C, the strains measured along paths B and D are inconsistent. While
the strain appears negligible along path D, complete understanding of these trends requires
atomic resolution real-space analysis. Inspection of the interface RevSTEM image for path D,
Figure 4.4(a), shows that the width of the γ channel is < 2 nm. Analysis of the strain within this
narrow channel reveals a fairly abrupt compressive strain at the γ 0 /γ interface shown in Figure
4.4(b). This is further highlighted by averaging a line profile across the interface, Figure 4.4(c),
where directly measured and GPA strain profiles show approximately -0.4% strain within the
γ channel.

Unit-Cell Strain Variation in Ni-Al-Cr
Inspection of atomic resolution images across γ 0 /γ interfaces along paths A and B reveals
important features that cannot be readily captured by nanostrain measurement techniques
such as CBED because of their limitation in spatial resolution. Comparing the γ 0 reference
area, (O), with the γ endpoints along paths A and B, Figure 4.5, shows that the unit-cell strain
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Figure 4.4: (a) RevSTEM image at the path D interface. (b) corresponding strain maps determined directly from RevSTEM and geometric phase analysis (GPA). (c) yy strain profile
across the narrow γ channel. Note that the white arrow in (b, direct measurement) indicates
the direction of the line profile in (c). Image from Ref. [50].

variation is consistently larger in the precipitate than in the matrix (note the same color scale is
used for all images). To quantify this variation, we use the standard deviation, σ for xx and yy
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which are presented in the corresponding figures. On average, this represent a 32.8% and 14.7%
difference in unit-cell strain along the x and y directions, respectively. We hypothesize that
this variation is the result of the random chemical environments for each Al/Cr atom column.
Note that some atom columns will exhibit higher concentration of Cr than others and that the
atomic radius of Cr (r ≈ 0.127 nm) is approximately 13% smaller than Al (r ≈ 0.143 nm) [120].
As a consequence, compressive strain would be introduced in the neighboring Ni sub-lattice for
Cr rich atom columns [71]. These displacements have been indirectly observed previously using
X-ray/neutron diffraction–based methods and a similar effect has recently been observed in a
complex oxide solid solution using RevSTEM [71, 121]. Further investigations are required to
correlate chemistry with the degree of displacement, and this would be discussed in Chapter 6.

Figure 4.5: xx and yy maps for center of γ 0 -O, γ 0 /γ-A and γ-B, respectively. The -2% to 2%
scale was applied to all strain maps to enable direct comparison. σ calculated for each image is
in unit of %. Image from Ref. [50].

Currently, the measurements with RevSTEM consistently show precision of 3-6 pm, mea-
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sured as the standard deviation of repeated interatomic distances within the RevSTEM image.
Measurements with RevSTEM show sub-picometer accuracy in this work. However, Dycus et
al. reported that error between the average in RevSTEM images and XRD is consistently below 0.1% for measurements of interatomic distances ranging from ∼ 4–30 nm [89]. The strain
precision using RevSTEM corresponded to ∼ 0.1%, as measured from standard deviation of
the strain level within an unstrained reference area, i.e. the center of the γ 0 precipitate in the
NiAlCr superalloy.

Surface Relaxation
Surface relaxation of internal stresses upon thinning of TEM foils is an important phenomenon
to consider for strain analysis. Multiphase microstructures are further susceptible to surface
relaxation if their coefficients of thermal expansion differ [32, 122]. We expect the surface
relaxation effect to play a role here, and is the probable cause for the slight crystal distortion
at the center of the γ 0 precipitate. Our tetragonality and strain variation findings are, however,
consistent with those obtained from CBED analysis [32, 26, 28]. Moreover, for this sample we
did not observe a dependence of coherency strain on sample thickness, at least to within our
measurement precision.

4.6

Strain analysis in quaternary Ni-Co-Al-Ti superalloy system

To quantify the elastic strain within the quaternary superalloy system, directly measured lattice
parameters from RevSTEM images are used. In this case, the center of the γ 0 precipitate (with
low degree of distortion) is used as a common reference for strain analysis at region of interest
elsewhere in the sample. Average xx and yy from a γ 0 –precipitate in 15Co alloy along path A
is presented in Figure 4.6 (a). Along path A, xx and yy are parallel and perpendicular to the
γ 0 /γ interface, respectively. Large negative xx strain is observed across the interface, where the
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strain suddenly drop from approximately 0.5 % in the γ 0 to -1.6 % in the γ. This relationship is
reversed along path B, where a large negative strain is observed for yy . The strain gradient is an
evidence of lattice distortion within the alloy, probably as a result of coherency strain introduced
by thermal expansion mismatch between the phases. Lattice distortion was observed to vary
with location within the alloy, peaking in the γ channels for all alloys.
For a closer inspection of the local interfacial strain in the alloys, lattice strain on a unit
cell–per–unit cell basis are overlapped unto the STEM images. RevSTEM images across γ 0 /γ
interfaces and their corresponding strain maps for all alloys are presented in Figure 4.7. In all
cases, the xx and yy are perpendicular and parallel to the γ 0 /γ interface plane. As a result,
the xx strain on average across the entire image is approximately zero. Meanwhile, a relative
compressive strain is observed across the interface in the yy strain maps (direction parallel to
interface) as a result of coherency strain. The compressive strain observed in yy for 15Co alloy
is lesser than in 30Co alloy, while the interface in 30Co appears to have a higher compressive
strain in the γ phase in comparison to 55Co alloy. Absolute lattice parameters for the alloys
measured from neutron diffraction (ND) in Minshull et al. [21], showed that the lattice misfit
between the γ 0 and γ phases increases as the Co and Ti contents increases.
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Figure 4.6: (a) Average lattice strain as a function of distance to the γ 0 /γ interface along path
A in 15Co alloy. (b) Strain variation along path B. Approximate locations of the examined
points within the precipitate are shown in the inset.
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Figure 4.7: RevSTEM image and corresponding xx and yy strain maps across γ 0 /γ interfaces in (a) 15Co alloy (b) 30Co alloy (c) and
55Co alloy. The scale bar represents 2nm. The white arrows highlight the plane parallel to the γ 0 /γ interface.
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For a direct comparison between the neutron diffraction and RevSTEM results, lattice misfit,
δ was calculated:

δ=

2(aγ 0 − aγ )
(aγ 0 + aγ )

(4.1)

where aγ 0 and aγ are the average lattice parameters measured in the γ 0 and γ phases, respectively. δ from the RevSTEM images for all alloys are positive (i.e. aγ 0 > aγ ), as shown in Figure
4.8(a). δ from RevSTEM are much higher than those reported from neutron diffraction, and
this could be as result of a few reasons. First, although the quaternary superalloy system analyzed in this work was adapted from the composition and processing history of the samples
reported in ref. [21], we heat treated our alloys at 750 ◦ C for only 7 days, in comparison to
∼42 days the same alloys was heat treated for in Ref. [21]. This alone could possibly result in
dissimilarities between the different alloys. For example, discontinuous coarsening was observed
in the 55Co alloy by the authors in Ref. [21]. Meanwhile, structural and chemical analysis of
the same sample we analyzed shows no evidence of discontinuous coarsening. Second, the average sample region for RevSTEM analysis is smaller (∼25 nm2 ) in comparison to the larger
sample area (∼mm2 ) for neutron diffraction analysis. Since δ varies at different locations within
the alloy, as demonstrated in Figure 4.6, statistically–averaging techniques like XRD and ND
produce average lattice parameter of the bulk specimen, precluding local information observed
in the STEM images. Spatial sensitivity of STEM technique enables investigation of localized
features such as interfaces, defects, etc. Lastly, lattice parameter measurement in RevSTEM
images is limited by the selected projected along the beam direction, meanwhile, with diffraction techniques it is possible to estimate the lattice parameter in three dimensions, especially
in a material with crystal lattice deformation [21].
Furthermore, contrary to ND results, δ from RevSTEM analysis in 55Co alloy is lesser than
in 30Co alloy. A possible reason for this discrepancy is the high planar fault density observed
in 55Co, a phenomenon that was not reported in Ref. [21]. RevSTEM image across the γ 0 /γ
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Figure 4.8: (a) Lattice misfit calculated for alloys. δ for ND were obtained from Ref. [21]. (b)
STEM image across the γ 0 /γ interface in 55Co alloy. Disturbance in stacking sequence at the
faults are highlighted

interface along the <110> orientation, shown in Figure 4.8(b), consist of {111} stacking faults
in the γ phase. The stacking faults probably developed within the γ matrix to compensate
for the increased coherency strain within the alloy. These planar faults provide a mechanism
for the alloy to relax the high interfacial strain. The high planar density is possibly related
to the relative increase of Co concentrate in comparison to the other alloys. γ partitioning
elements such as Co are known to lower the stacking fault energy (SFE) of the γ matrix, which
dramatically effects the nature of dislocation motion [1]. In the γ phase, deformation occurs
on the {111} close–packed planes, in the close packed directions <110>. The low SFE causes
unit dislocations, a/2<110> to dissociate into pairs of partial dislocations of type a/6<211̄>
+ a/6<1̄2̄1> that are separated by a stacking fault [1, 7]. These defect interaction at the γ 0 /γ
interface is responsible for the exceptional high–temperature strength pertinent to superalloy
systems.

67

4.7

Chapter Summary

To conclude, direct lattice strain measurements across a sample using a single reference area
for multiple images was reported. This was enabled by correcting for drift and scan distortion
using the RevSTEM technique. Unit–cell distance measurement in distortion–free RevSTEM
images with picometer accuracy and precision was demonstrated. In the superalloys investigated, local elastic strain varied as a function of position from the γ 0 /γ interface. The strain
was mainly concentrated in the γ matrix channels, particularly in the direction parallel to the
γ 0 /γ interface. The technique developed through this study also provides a powerful real-space
approach to investigate structure at the atomic scale and should prove to be highly useful for
investigating other more complex systems. The combination of atomic-scale energy dispersive
X-ray spectroscopy for site preference study and unit-cell level lattice strain investigation could
potentially enable a comprehensive chemical pressure study in real space; a task thus far not
possible using real space analysis.
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Chapter 5

Chemical segregation and local site
occupancy
Experimentally, limitations in spatial resolution have restricted direct accessibility to investigate
the site occupancy of solute atoms in L12 –Ni3 Al at atomic resolution. Information analyzed
using conventional techniques for site preference study is averaged from a broad region of
the specimen, precluding local spatial sensitivity [123, 124, 125, 126, 127, 128]. Atom probe
tomography (APT), for example, possesses chemical sensitivity up to single atom analytical
resolution, and has been used to probe the site occupancy of solute atoms in Ni3 Al [129, 130,
131, 132]. However, limited lateral spatial resolution of the APT technique makes it challenging
to resolve individual atomic layers in APT proxigram maps [133]. Alternatively, atom chemistry
investigation on a column-by-column basis has been performed on Ni3 Al at the atomic–scale
using energy dispersive X-ray spectroscopy (EDS)[50] and electron energy loss spectroscopy
(EELS)[134]. High spatial resolution enabled by the sub-Ångström sized probe allows accurate
determination of the structure chemistry of materials with small interatomic spacings. For
example, atomic position of the constituent elements are clearly resolved in the high resolution
chemical mapping of the L12 structure of pure Ni3 Al intermetallic, in Figure 5.1. In the Figure,
Ni–K signal and Al-K signals in elemental EDS maps clearly correspond to the high and low
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intensities atom columns in the HAADF image, respectively, which correlates to the face–
centered and corner positions in the L12 unit cell structure.

Figure 5.1: EDS elemental maps of pure L12 -Ni3 Al intermetallic compound along the <100>
direction. Locations of the constitutent species are clearly resolved in the elemental maps, and
correlate with the HAADF-STEM image.

In this Chapter, a combination of atom probe tomography, and scanning transmission electron microscopy energy dispersive X-ray spectroscopy (STEM–EDS) techniques are used to
quantify the chemical composition and investigate the site preference in the γ 0 phase of Ni–
based superalloy. Further, a combination of RevSTEM and ACI techniques are used to investigate the ordered nano domains in NiFeCrCo high entropy. Lastly, in situ X-ray diffraction
(XRD), conventional TEM and STEM–EDS are used to elucidate the sequence of phase evolution in solution–derived lead zirconate titanate (PZT) thin films on Pt/Ti bottom electrodes.

5.1

Experiment & Theory Parameters

TEM sample preparation
The cast NiFeCrCo high entropy alloy samples were prepared by Alex Zaddach in Prof. Carl
Kochs group at NCSU. PZT sample fabrication and in situ XRD analysis were performed by
Prof. Jacob Joness group in NCSU, and all Ni–based superalloys were prepared at Ames National Lab. TEM specimen for the Ni–Al–Cr superalloy and cast NiFeCrCo high entropy alloy
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(HEA) were prepared using a jet polisher. As for the Ni–Co–Al–Ti superalloys, the assigned
names (15Co, 30Co and 55Co) correspond to the nominal composition of Co in at. %. Because
these alloys are ferromagnetic, TEM specimen were prepared via the lift–out technique using
a dual–beam focused ion beam (FIB) microscope (Quanta 3D FEG, FEI) with 30 kV Ga+ ,
followed by 5 kV Ga+ and 2 kV Ga+ milling to reduce surface damage contamination. TEM
specimen were kept under vacuum and analyzed within 48 hours after preparation to reduce
oxide formation. Cross section TEM samples of PZT thin film on Si substrates were mechanically wedge–polished, followed by a low–energy ion milling recipe as discussed in Appendix A.
For PZT experiments, the TEM sample preparation conditions were replicated on the highest
intensity of Pt3 Pb sample to determine if heating at 180◦ C had any effect on the presence of
Pt3 Pb. A sample was heated on a hotplate at 180◦ C for 5 min, a 30 min diffraction pattern
was recorded, and Pt3 Pb of approximately the same relative intensity was observed. Therefore,
TEM sample preparation did not appear to significantly alter the amount of Pt3 Pb present.
All samples were plasma cleaned for 10 min each time prior to insertion into the microscope,
using a 25/75 O2 /Ar mixture.

Experimental conditions
All high-angle annular dark–field (HAADF) STEM and energy dispersive X–ray spectroscopy
(EDS) data were acquired using a probe–corrected FEI Titan G2 60–300 kV S/TEM at NCSU.
The probe convergence semiangle α and inner collection semi–angles for HAADF were 13 mrad
and 76 mrad, respectively. For each RevSTEM series, a total of 40 1024×1024 frames were
acquired with a dwell time of 2–3 µs/pixel. A 90◦ rotation angle step was introduced between
each successive frame. Conventional transmission electron microscopy was performed using a
JEOL 2000FX LaB6 instrument operating at 200 kV. Elemental EDS data for atomic–resolution
and large area chemical analysis were acquired with beam current of ∼0.05 – 0.1 and ∼0.2 – 0.4
nA, respectively. The Bruker esprit software package was used for postprocessing of EDS maps.
For PZT EDS maps, the Q–map function was used to perform a standardless single spectrum
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quantification for all spectra. Further, the color intensity was adjusted for the lower–Z elements
(Zr, Ti, and O) to highlight the signals for clarity. The EDS maps were formed using the X–
ray lines: Pt–L, Pb–L, O–K, Ti–K, and Zr–K. For all superalloy specimen, EDS maps were
generated using the X–ray K–line for each element. For lattice averaged EDS maps, raw EDS
data were extracted using a custom MATLab code to average the signal into a single unit cell,
employing the lattice-averaging method reported by Ref. [80]. The EDS lattice–averaging code
used is presented in Appendix B. Position averaged convergent beam diffraction (PACBED)
patterns were recorded for thickness determination at each image location [73].

EDS & HAADF image simulation
Three–dimensional periodic supercell of the L12 -Ni3 Al structure with 10×10×140 unit cells
(56000 atoms) were generated for two Co site preference conditions. The lattice parameter of the
unit cell is 3.57 Å, as measured from the RevSTEM image of the γ 0 phase of 15Co. The supercell
compositions were designed to approximately match the APT measured composition of the L12
phase in 15Co. For the first supercell, the composition is 71.27Ni–4.875Co–18.5036Al–5.3482Ti
at.%, where all the Ti were substituted to only Al sublattice, while Co was randomly substituted
for Al and Ni atoms. In the second supercell, the composition is 70.01Ni–4.9875Co–19.157Al–
5.8429Ti at.%, where all Ti and Co exclusively substituted the Al and Ni atoms, respectively.
Atomic resolution EDS simulations were performed using the µSTEM software package [84]
which utilizes a quantum excitation of phonons (QEP) model [135]. The images were simulated
using experimental conditions. Simulated images were convolved with a Gaussian function, 1.3
Å FWHM, to approximately account for the finite effective source size. Blurred maps were
resampled to match the pixel size of the experimental maps. Furthermore, noise was applied to
the simulated maps using a Poisson random function, taking into account the acquisition time,
beam current and detector solid angle to match the experimental EDS maps.
For the NiFeCrCo HEA, frozen phonon multislice simulations of the <110> L12 structure
was performed using the Kirkland formalism [55]. The images were simulated using the following
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input parameters: sample thickness = 20 nm, C3 = -6 µm and C5 = 2.5 mm. At 21 mrad probe
convergence semiangle, the projected potentials were samples at 2.43 pm/pixel and were used to
simulate a 7×7 unit cells STEM images with 86×86 probe positions. Thermal diffuse scattering
was introduced in the simulations using the frozen lattice model and an estimated root–mean–
squared (r.m.s.) displacement of 0.08 Å for all atoms in the supercell. Then, simulated images
were convolved with a Gaussian function, 1 Å FWHM, to approximately account for the finite
effective source size.
All atom probe tomography (APT) experiments were performed by our collaborators in
Prof. Krishna Rajan’s research group at Iowa State University. All X–ray diffraction and nano–
indentation experiments on the Ni–based superalloys were performed and analyzed by Dr. Selva
Venilla Raju in Prof. Surendra Saxena’s research group at Florida International University. In
situ X–ray diffraction (XRD) analysis of the lead zirconium titanate (PZT) thin film were performed by Prof. Jacob Jones’s research group at NCSU. Experimental details on APT specimen
preparation as provided by our collaborators are provided in Appendix A.

5.2

Elemental partitioning between γ 0 and γ phases

Typical of Ni-based superalloys, the NiAlCr microstructure is comprised of γ 0 precipitates in a γ
matrix as shown by the bright (γ) and dark (γ 0 ) regions in the HAADF image in Figure 5.2(a).
The difference in intensities is due to heavier Cr preferentially partitioning into the matrix.
Similarity between the atomic radius of Cr and Ni promotes the preferential partitioning of Cr
to the γ matrix, as observed in the elemental maps in Figure 5.2(a), where the Al and Cr are
inversely correlated. The microstructure consists approximately of 70% volume fraction of γ 0
with a mean size of ∼ 250 nm, embedded within the matrix. The average width of the γ regions
between γ 0 , also known as γ channels, is 30 – 40 nm.
A 3D reconstruction depicting the isoconcentration surfaces for Al (17 at. %) corresponding
to the γ region, and Cr (17.5 at. %), corresponding to the γ 0 region, is presented in Figure 5.2(b).
The concentration profiles (in at. %) across γ 0 /γ inteface plotted in the form of a proximity
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histogram is presented in Figure 5.2(c). The preferential partitioning of Al to the γ 0 and Cr
to the γ is in good agreement with the STEM-EDS results in Figure 5.2(a). The width of the
compositional gradient across the γ 0 /γ interface is ∼3 nm as measured from the concentration
profiles of Al and Cr. The average chemical composition in the γ 0 precipitate is 75.28±0.51 Ni,
17.09±0.44 Al and 7.46±0.31 Cr, and 78.65±0.45 Ni, 3.72±0.21 Al and 17.46±0.42 Cr in the γ
phase.

Figure 5.2: (a) Energy dispersive X–ray spectroscopy (EDS) elemental maps of the NiAlCr
superalloy microstructure. Image from Ref. [50]. (b) 3-D APT reconstruction displaying Al and
iso concentration surface of Cr. (b) The elemental concentration profile across the γ 0 /γ interface.
Al partitions to the γ 0 precipitate, while Cr partitions to the γ matrix.
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For the quatenary Ni–Co–Al–Ti superalloy system, cuboidal γ 0 precipitates are embedded
within the γ matrix, see Figure 6.2. The precipitates morphology is indicative of a substantial
lattice misfit between γ 0 - and γ-phases, consistent with the results reported in Ref. [21]. In 55Co
alloy, the precipitate morphology takes less of a cuboidal form, appearing more like unevenly
sided polygon, or even triangle in some cases. This is possibly a result of the high lattice misfit
in this superalloy system.
Atom probe tomography (APT) was employed to quantify the chemical composition in the
alloys. Three–dimensional atom probe (3DAP) reconstruction of Ni atoms (green), Co atoms
(orange), Al atoms (red) and Ti atoms (blue) and a concentration profile across the γ 0 /γ
interface for 15Co is displayed in Figure 5.4. A uniform phase consisting of Ni, Co, Al and Ti
was observed from EDS and APT analysis in the γ 0 phase, contradicting the notation that both
Ni3 Al and Co3 Ti phases exist in the L12 precipitate.
Average composition of the γ 0 –precipitate and γ matrix (in at. %) for 15Co, 30Co and
55Co alloys are presented in Table 5.1. The partitioning ratio, κi was calculated to quantify
the elemental partitoning behaviour. κi is defined as the ratio of the concentration of element
0

i in the γ 0 phase to the concentration of the element i in the γ phase, i.e. κi =Cγ i /Cγ i , where
i = Ni, Co, Al or Ti. Elements with κi > 1 are considered to preferentially partition to the γ 0
phase, while κi < 1 is considered preferential partitioning to the γ matrix. According to the
partitioning ratio in Table 5.1, Ni, Al and Ti tend to partition to the γ 0 phase. The partitioning
of Ni to γ 0 is less pronounced in comparison to Al and Ti. In contrast, Co segregates to the γ
phase.

5.3

Site preference investigation in L12 phase using atomic resolution chemical mapping

Atomic resolution EDS elemental maps of the γ 0 phase, in Figure 5.5(a), reveals that Cr atoms
predominantly occupy the Al sublattice. Atomic resolution STEM image across the coherent

75

Figure 5.3: HAADF and corresponding EDS elemental maps in (a) 15Co alloy, (b) 30Co alloy,
and (c) 55Co alloy.

γ 0 /γ interface in NiAlCr superalloy system is presented in Figure 5.5(b). In the γ 0 phase, Ni sublattice corresponds to the face-centered sites and Al sublattice corresponds to the corner position
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Figure 5.4: (a) 3D atom probe reconstructed image of 15Co alloy specimen. Ni 2.5% (red),
Co 15% (orange), Al 15% (green), and Ti 100% (blue). (b) Proximity histogram depicting the
compositional transition across the γ 0 /γ interface.

of the cubic unit cell. In contrast, atom columns in the γ region exhibit even intensity because
the constituents form a random solid solution on the face-centered cubic lattice. Chromium
site occupancy results agrees with recent atom probe tomography experiments [132, 129] and
first-principles calculations [93, 136], contrary to reports that Cr exhibits a mixed site occupancy behavior [1]. Kumar et al. identified that Cr preferentially occupies the Al site in Ni3 Al
due to a sensitivity of Cr to the density of states (DOS). Moreover, the mechanical strength is
found to depend more strongly on Ni substitution than on Al [136]. The correlation between the
variation of Cr and Al intensities in the Al sub–lattice is suggestive of random local chemical
fluctuation in the atom column. This topic would be discussed further in Chapter 7.
A representative image of 15Co microstructure, presented in Figure 5.6(a), shows the uni-
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Table 5.1: Average compositions for 15Co, 30Co and 55Co alloys measured from atom probe
tomography (composition in at.%)

Alloy
15Co

30Co

55Co

Phase
γ0

Ni
71.0

Co
4.89

Al
18.75

Ti
5.37

γ

67.67

24.43

7.63

0.48

γ0

61.65

12.80

15.97

9.59

γ

41.19

55.55

2.89

0.44

γ0

42.68

32.72

8.089

16.51

γ

16.33

80.1

2.14

1.40

κN i
1.0525

κCo
0.1999

κAl
2.4582

κT i
11.129

1.4968

0.2305

5.5211

21.793

2.112

0.4084

3.7817

11.775

Figure 5.5: (a) Atomic resolution EDS maps of the γ 0 phase in NiAlCr superalloy. (b)
RevSTEM image of the coherent γ 0 /γ interface along the <100> direction. Images from Ref.
[50]

formly distributed cuboidal γ 0 precipitates in the γ matrix. The precipitates morphology is
indicative of a substantial lattice misfit between γ 0 - and γ phases (>0.3%), consistent with the
results reported in Ref. [21]. High resolution RevSTEM image across the γ 0 /γ interface in 15Co
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alloy is displayed in Figure 5.6(b). In the γ 0 –L12 phase, Ni–sites corresponds to the intense atom
columns, while Al–sites corresponds to the weaker columns. The even intensity is indicative of
random solid solution on the face–centered structure in the γ phase.

Figure 5.6: (a) HAADF image of the cuboidal precipitates in 15Co alloy. (b) RevSTEM image
of the coherent γ 0 /γ interface along the <100> direction. The inset is a schematic illustration of
the L12 –γ 0 unit cell. The A- (green) and B-sites (red) correspond to the Ni- and Al-sublattices.

The incoherent mode of HAADF images enables direct interpretation because atom column
intensities scale with atomic number in the columns [137]. Nonetheless, conclusive remarks on
site preference occupancy in the L12 structure cannot be reached exclusively from the STEM
image. To explore the structure chemistry in the L12 phase at the atomic scale, atomic resolution
STEM–EDS analysis was performed on the TEM specimen. HAADF image, Ni–Kα , Co–Kα ,
Al–Kα and Ti–Kα EDS maps collected from the γ 0 precipitate in the <100> projection for 15Co,
30Co, and 55Co alloys are displayed in Figure 5.7. EDS maps were acquired from the center of
γ 0 precipitates to avoid the compositional gradient at the γ 0 /γ interfaces (see Figure 5.4), with
sample thickness ranging between 20–30 nm for all analyzed areas. For all alloys, it is evident
that Al and Ti preferentially occupy the B-sites, and Ni preferentially occupy the A-site. In
Figure 5.7(a), the site preference of Co is not directly observable for alloy A. It is worth noting
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that despite the relatively low concentration of Co in the γ 0 phase of this alloy (∼5 at. %), the
total counts of Co–K sublattice postion signal detected is roughly the same as that for Ti–K
in the same region. In other words, the Co counts collected were sufficient to resolve the Co at
atomic resolution. The signal–to–noise ratio (S/N) in the chemical maps can be enhanced by
lattice averaging each map, thereby aiding direct visualization of the site preference. Lattice–
averaged EDS maps acquired by averaging over eight unit cells are displayed in the inset for
each map. Site preference of Co to Ni–sites is visually observed in the lattice-averaged maps in
30Co and 55Co alloys, while 15Co shows no clear preference.

Figure 5.7: Experimental EDS maps for the <001> direction of the γ 0 phase in (a) 15Co alloy
(b) 30Co alloy (c) and 55Co alloy. Insets shows lattice-averaged maps with enhanced S/N ratio
to enable direct visualization of the site preference.

Atomic resolution EDS maps were simulated to demonstrate the effect of interatomic spacing
of like atoms on EDS signal. Simulated EDS maps for randomly substituted Co on A– and
B–sites, and Co exclusively substituted on A–sites are presented in Figure 6.3(a) and (b),
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respectively. When the interatomic spacing of Co is reduced by substituting them to both A– and
B–sites, the Co signal appears noisy as a consequence of signal overlap. Thereby, hindering direct
observation of site preference. To further explore the site preference of Co in the experimental
results, experimental EDS maps are compared with simulation.

Figure 5.8: Simulated EDS maps of the γ 0 –L12 structure when (a) Co is randomly substituted
on the A- and B-sites. (b) Co is exclusively occupying the A-sites.

For both experimental and simulated EDS maps, the averaged-maps were replicated and
concentration profiles were vertically–integrated across each entire map. Each EDS signal was
normalized and plotted over two unit cells. Concentration profiles for 15Co alloy and simulated
maps when Co is substituted on both A– and B– sites is presented in Figure 5.9(a). The
two distinct peaks in the profiles are A∗ , corresponding to only the A–site atoms, and B,
corresponding to both A- and B-sites, as schematically illustrated in the figure. Ni signals
peaks at A∗ , while Ti and Al peaks at B for all alloys. Co profile in 15Co alloy appears random
across the entire plot, indicative that Co does not have a site preference, that is, the atoms are
randomly substituted to both sites. Overall, Ni , Al, and Ti signals are in excellent agreement
for both experimental and simulated data. Concentration profiles for 30Co, 55Co, and and
simulated EDS maps when Co exclusively substituted for Ni–atoms are presented in Figure
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5.9(b). Each Co signal peaks at A∗ , confirming that the Co atoms in 30Co and 55Co alloys
preferentially occupy Ni–sites. Results from the simulated EDS maps further substantiates the
postulation that the site preference of Co changes from a random substitution for A– and B–
sites in 15Co to A–site preference in 30Co and 55Co alloys.

Figure 5.9: EDS concentration profiles from (a) 15Co alloy and simulation with random distribution of Co. (b) 30Co and 55Co alloys and simulation with Co fixed on A–sites

Using first–principles calculation, Zhao et al. reported that the strong Al site preference
tendency is a result of the co–alloying atoms keeping far away from each other i.e. tend to be
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non–clustered instead of neighbors. Suggested contributing factors to this non-clustering trend
include the large atomic radii of the elements and their chemical bonding with neighboring host
atoms [138]. Therefore, a possible explanation for the change in site preference behavior of Co in
the Ni–Co–Al–Ti quaternary superalloy systems is that the co–alloying elements adopt a non–
clustering trend i.e. Co exhibits a stronger Ni–site preference as the Ti concentration increases
so that they are well separated from each other. In order to further comprehend the thermodynamic driving force for the site preference behavior observed, sophisticated computational
tools capable of factoring in both the sample thermal history and experimentally determined
chemical composition is required. This is particularly important because it is challenging to
accurately determine the site preference of solute atoms in multi–component alloying systems
(beyond simple ternary systems) using only the current first–principles calculations packages.
Furthermore, point defects besides substitutional alloying elements have not been discussed
because of their relatively low concentrations. In addition, our incapability to unambigiously
observe them with atomic–scale EDS make them difficult to factor into our analysis. However,
point defects such as vacancies (VN i and VAl ) and antisites (NiAl and AlN i ) in L12 –Ni3 Al have
been reported to play an important role in the diffusion mechanism and site occupancy in the
L12 structure [139, 140, 141, 142], but this is beyond the scope of the present work.

5.4

Effect of alloying elements on mechanical properties

To study the effect of alloying on the mechanical properties of Ni–based superalloys, the mechanical properties of the following samples were measured and compared: pure Ni3 Al, boron–doped
Ni3 Al(B–500 ppm) and Ni–Al–Cr alloys were examined using in–situ X-ray diffraction at high
pressures and nano–indentation measurements. Pure Ni3 Al and Ni3 Al(B–500 ppm) consists of
a single L12 structure [119], while the Ni-Al-Cr forms a two–phase composite system consisting
of γ 0 and γ phase. These samples have been seleted so as to systematically investigate the direct
effect of solute site occupation with the corresponding mecahnical properties. B is well–known
as a grain boundary strenthener and ductility enhancer via interstitial alloying in the L12 struc-
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ture [143, 144, 1]. On the hand, we demonstrated with direct high resolution EDS maps that Cr
preferentially occupies the Al sub–lattice in the L12 structure via substitutional alloying [50].
While pure Ni3 Al is a reference for the pristine L12 structure.
The lattice parameter measured from XRD analysis for all samples are presented in Table 5.2. Note, line broadening effect and texturing in the diffraction pattern for the Ni–Al–Cr
superalloy hindered the separation of the γ phase from the γ 0 phase. Similarly, the mechanical
properties of γ 0 and γ phases are indistinguishable within the experimental uncertainty [119].
Bulk moduli for the samples were derived using the Third order Birch-Murnaghan equation
[145, 146] from the pressure–volume data. Hardness and Elastic moduli presented in Table 5.2
were averaged from six measurements. To correlate the hardenss and elastic properties, the
Shear modulus was calculated from the Bulk modulus and the elastic modulus using relation
for homogenous isotropic materials [119]
In reference to the pure Ni3 Al sample, both B-doping and Cr alloying results in E and H
values. However, the bulk modulus increases by ∼ 8% and decreases by ∼ 11% for B-doping
and Cr alloying, respectively. K/G was calculated to quantify the ductility of the samples,
where values >1.5 are considered ductile materials according to the Pugh criterion [147]. B–
doping, results in the highest ductlity, increasing the K/G value by ∼29%. This is as a result
of B segregation to the grain boundary, therefore, enhancing the ductility of the alloy by hindering dislocation motion between grains. In conclusion, grain boundary strentheners such as
B improves the strength and ductility greather than substitutional alloying elements such as
Cr in the Ni–Al alloys. Moving forward, the integration of informatics and density functional
theory (DFT) calculations would significantnly accelerate the creation of a reliable database
correlating on the site preference of alloying elements in the L12 –Ni3 Al with their impact on
the mechanical properties.
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Table 5.2: Mechanical properties data derived from high pressure experiment on alloys [119]. (K 0 set as 4)

Alloy

Lattice parameters
a (Å)

Elastic modulus
E (GPa)

Hardness
H (MPa)

Bulk modulus
K (GPa)

Shear modulus
G (GPa)

K/G

v(Å3 )

Poisson’s
ratio ν

Ni3 Al

3.572± 0.001

45.58

166 ± 5

6.3 ± 0.3

186 ± 6

62

2.66

0.34

Ni3 Al:B

3.577± 0.001

45.80

161 ± 13

4.3 ± 0.3

202 ± 4

59

3.43

0.36

Ni–Al–Cr

3.567± 0.001

45.38

156 ± 9

4.4 ± 0.1

167 ± 6

58

2.86

0.34
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5.5

Ordered nano domains in NiFeCrCo High entropy alloys

High entropy alloys (HEA) offer a new approach to design alloys. They consist of four or more
principal elements with nearly equal atomic ratios [148]. HEAs have been an active topic of
research due to their unique structures and excellent properties. According to Yeh et al. [148],
the high mixing entropy of multi-principal-element alloys made random solid solutions more
stable than intermetallic compounds [148]. The initial rationale behind this design concept is
to maximize the configurational entropy of mixing with the aim to stabilize a solid solution
based alloy with high hardness, strength and stability at high temperatures. Formation of
ordered intermetallics and dissociation into multiple phases is usually not desired. Equiatomic
NiFeCrCo has been of particular interest due to the fact that it is single-phase face centered
cubic (fcc) random solid solution and has a low stacking fault energy [49].
From density functional theory (DFT) calculations, Niu et al. postulated the magnetic
frustration of Cr in NiFeCrCo alloy [49]. In NiFeCrCo HEA, Ni, Fe, and Co are ferromagnetic
elements i.e. electron spins align in the same direction, while Cr is an antiferromagnetic element
i.e. electron spins align in opposite direction to their neighbors. Because of the spin moment
interation between nearest nieghbors (NN), Cr atoms would prefer to be far apart from each
other. DFT calculations results suggests the formation of an ordered phase structure driven by
the reduction in free energy when Cr electrons align with Ni, Fe and Co [49]. To investigate the
presence of these ordered phase within the HEA alloy, cast/annealed sample was characterized
using electron microscopy.
Local atomic and chemical structure were also explored through high angle annular dark field
scanning transmission electron microscopy (HAADF–STEM). This technique is an incoherent
imaging mode, where the image intensities scales with the atomic number and density. The
potential limitation in this analysis is the small difference between the atomic numbers of the
constituents atoms (ZN i =28, ZF e =26, ZCr =24 and ZCo =27). As a result, visually distinguishing
the presence of ordered phase within the fcc matrix becomes difficult. For example, it would be
impossible to visually distinguish the solid solution matrix from the ordered phase displayed in
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Figure 5.10. The HAADF STEM simulation is an ordered phase along <110> likely to form
within the alloy. For this L12 intermetallic structure, Cr was assigned to the corner position
and Ni/Fe/Cr are assigned to the face centered position of the cubic structure. Even though
the composition of the layers alternate between mixed and Cr only along this orientation, the
intensity across the entire image appears even.

Figure 5.10: HAADF–STEM simulation of 20nm L12 (Ni,Fe,Co)3 Cr ordered phase along
<110>. An even atom column intensity is observed despite the chemical variation in the alternating atom planes as highlighted by the schematic.

In the experimental RevSTEM image of the NiFeCrCo sample, presented in Figure 5.11(a),
the atom column intensities indeed appear uniform as expected. Using the atom column indexing
(ACI) technique [88], the atom column intensities are projected to a matrix representation for
further analysis. First, we calculated the ratio of each atom column intensity to the average
intensity of the four nearest neighbors. The intensity ratio, Rij , for an atom column at (i, j )
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can be determined using the equation:
i−1
h X
I(i + s, j + t)
Rij = 4I(i, j)

(5.1)

s,t=±1

where the summation is over the four nearest neighbor indexes. The intensity ratio map for
each atom column is overlapped on the original RevSTEM image, shown in Figure 5.11(b).
The modulating (alternation between high ratio (red) and low ratio (blue)) ratio is indicative
of ordering. To quantify the local ordering, each block of 5 × 5 neighbors is compared to a
completely ordered pattern, which is then used to calculate a correlation coefficient for each
block, presented in Figure 5.11(c). It is expected of a perfectly ordered structure with alternating
intensity to result in a correlation coefficient of 1, while a disordered structure would have zero
correlation. In Figure 5.11(c), the correlation coefficient reaches a maximum of approximately
0.67, which, according to a p-value test generated through comparing these correlations to those
of a simulated random solid solution, is inconsistent with the null hypothesis (p = 7 × 108 ).
Hence, the result strongly suggests the presence of ordered nano domains ranging 2–3 nm in the
bulk HEA. The code used for atom column intensity analysis of the NiFeCrCo HEA RevSTEM
image is presented in Appendix C. Furthermore, chemical analysis using EDS technique at the
microstructre– and atomic–scale was lacking of any indication of Cr segregation within the alloy.
This is rather unsurprising considering the fact that the nanodomains are imbedded within the
matrix, and the probe dechanneling effect of the surrounding matrix negatively affected the
EDS signal.
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Figure 5.11: (a) RevSTEM image of cast NiFeCrCo HEA acquired along the <110> orientation. Circles are plotted around each atom
column with different colors representing (b) intensity ratio and (c) correlation coefficient. The ratio range in (b) is clipped to [0.98 1.02]
to better highlight the presence of ordering. From Ref. [49].
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One of the key materials parameters that influences the mechanical properties of HEAs is the
stacking fault energy (SFE). Understanding the role of SFE will provide a key to the mechanistic
foundation for designing new alloys, including its impact on dislocation core structure, which in
turn influences slip character, ductility, etc. Metals with high SFE deform by dislocation glide,
meanwhile, in low SFE metals, dislocations are more likely to dissociate into partial dislocations
and the spacing between the partial dislocations (the stacking fault) increases with lower SF. As
a result, dislocations remain locked because cross–slipping and climbing becomes more difficult.
The reported SFE for NiFeCrCo HEA is approximately 20 mJ/m2 using a combination of
experimental measurements from XRD with elastic constants determined by VASP and EMTOCPA [149], in comparison to ∼125 mJ/m2 measured for pure Ni. Low SFE materials such as
NiFeCrCo HEA are also more likely to deform by twinning, increasing dislocation storage
capacity, strain hardening rate, and ductility [150].
The high concentration of planar defects present in the NiFeCrCo HEA, highlighted in the
STEM image displayed in Figure 5.12(a) is indicative of the low SFE of the sample. High
resolution RevSTEM images across these defects in the <110> orientation reveals twins of
several different thicknesses, as narrow as one {111} planes (Figure 5.12(b)) or as thick as
ten atomic planes (Figure 5.12(c)). Twins in fcc materials form through the nucleation and
propagation of <112> partial dislocations on adjacent {111} planes. Microtwinnings, such as the
ones shown in Figure 5.12, results in a significant increase in material strength and hardening.
This is primarily because of the decrease in twin interspacing i.e., the average distance that a
dislocation needs to span when travelling from one twin boundary to another during plastic
deformation [151, 152].
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Figure 5.12: (a) HAADF STEM image of NiFeCrCo HEA highlighting the high planar fault
density. <110> RevSTEM images (b) containing two (111) twin boundaries, and (c) two microtwins close to each other.

5.6

Investigation of phase evolution in solution–derived PZT
thin film

Interfacial investigation is critical in functional devices such as ferroelectric thin films because
of their influence on interdiffusion, reactions, and consequently their role on the material properties and functionality [52]. Here, lead zirconate titanate (PZT) ferroelectric thin film was
solution–deposited on platinized silicon electrodes, then heated to induce crystallization of the
ferroelectric thin film. In situ X-ray diffraction (XRD) has been employed to study phase evolution and crystallographic texture in real time during synthesis [153, 154, 155, 156, 157], but
diffraction is limited to observing nuclei that are ≥10 nm in thickness. Moreover, diffraction
techniques such as XRD analysis precludes real space analysis with local spatial sensitivity. In
contrast, scanning transmission electron microscopy (STEM) analysis enables direct structural
and chemical characterizaton of the crystal structure in real space. In this work, a combination
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of in situ XRD and STEM (HAADF and EDS) techniques are utilized to thoroughly understand the interface evolution in solution-derived PZT ferroelectric films deposited on platinized
Si wafers.
Four specimens are presented that reflect the following four states of film evolution: the
highest intensity measured from the Pt3 Pb phase (stage I), the intermediate time between
disappearance of Pt3 Pb and the start of perovskite PZT formation (stage II), at the start of
perovskite PZT formation (stage III), and after full crystallization of perovskite PZT at 700
◦C

(stage IV). Segments of the acquired diffraction patterns for the four samples are shown

in Figure 5.13(top). In the diffraction patterns, the (111) reflection of Pt, (111) reflection of
perovskite PZT, and (111) reflection of Pt3 Pb are highlighted. Representative bright field (BF)
TEM images across the thin film heterostructure are presented in Figure 5.13(bottom). In the
BF TEM image at stage I (Figure 5.13(a), the Pt3 Pb intermetallic appears at the interface
of the Pt and the amorphous PZT film. This intermetallic phase is absent in the stage II
(Figure 5.13b), in agreement with the appearance and disappearance of the Pt3 Pb phase in the
diffraction pattern. The Pt3 Pb base is absent in the BF TEM images at stage III and IV.
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Figure 5.13: Diffraction during thermal treatment of PZT thin films (Top) and bright field TEM images (bottom) of samples after
thermal treatment through (a) stage I (b) stage II (c) stage III and (d) stage IV. Diffraction data show a limited 2θ region of the in situ
XRD patterns measured showing (111) reflections of Pt, Pt3 Pb, and perovskite PZT. From Ref. [52].
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Next, the Pt3 Pb/Pt interface observed at stage is further characterized using high resolution
scanning transmission electron microscopy (STEM). HAADF STEM image acquired from the
Pt3 Pb/Pt interface along the <110> zone axis is presented in Figure 5.14(a).The small difference in atomic number between Pt (Z = 78) and Pb (Z = 82) makes it harder to visually spot
the presence of ordering in the high magnification STEM image of the L12 –Pt3 Pb intermetallic
phase, in Figure 5.14(b). A representative high magnification STEM image of the Pt phase is
shown in Figure 5.14(c). However, the corresponding fast Fourier transform (FFT) of the Pt3 Pb
reveals the presence of (weak) superlattice reflections, an indication of the prensece of ordering. These reflections are absent in the solid solution Pt phase. For further characterization of
the compositional segregation at the large–area and chemistry structure in the thin interfacial
region, we would be using energy dispersive X-ray spectroscopy.
Figure 5.15(a) displays the EDS elemental maps of the thin film heterostructure at stage
1. High magnification EDS maps across the Pt3 Pb/Pt interface, in Figure 5.15(b), reveal an
intermediate layer (yellow layer) with ∼20 nm thickness between the amorphous PZT layer
(green) and Pt layer (red). A number of previous studies have shown that metallic Pb will readily
diffuse into and react with Pt, and the presence of Pt3 Pb is consistent with the Pt-Pb binary
phase diagram Ref. [158, 52]. Atomic resolution chemical mapping of the narrow intermediate
layer along the <110> direction, displayed in the inset, confirm the presence of L12 –Pt3 Pb
intermetallic phase. The ordered L12 structure in this orientation consist of alternating layers
of pure Pt and mixed columns of Pt and Pb. Note, the {110}–type facets between the Pt3 Pb/Pt
interface, in Figure 5.15(b), provide an enhanced description of the Pt/Pt3 Pb interface that was
previously proposed in Ref.[155]. In the prior reference, not enough information was available
at sufficiently small length scales to propose the faceting nature of this interface. The present
results provide this local–scale information.
The absence of an overlap between the Pt and Pb in the EDS maps at stage II, in Figure
5.16(a), is indicative of the absence of the Pt3 Pb intermediate phase in this sample. The same
result was observed from high resolution HAADF–STEM (images not included) analysis of the
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Figure 5.14: (a) HAADF–STEM image acquired across the Pt3 Pb/Pt interface at stage I. (b)
HAADF–STEM image in the Pt3 Pb intermetallic phase. Superlattice reflections are present in
the corresponding diffraction shown in the inset. (c) HAADF–STEM image in the Pt region.
Superlattice reflections are absent diffraction shown in the inset.

PZT/Pt interface. Nonetheless, high magnification EDS maps across the grain boundaries in
the Pt electrode reveals Pb segregation to the grain boundaries, displayed in Figure 5.16(b).
This is consistent with the limited solubility of Pb in Pt away from the Pt3 Pb line compound
[158, 159, 52]. The results in stage II suggest that Pt3 Pb is a transient phase which is not
involved in the nucleation of perovskite PZT, though the next stage in the process (stage III,
Figure 5) will corroborate this more directly.
Similarly, Pt3 Pb intermediate phase is absent in the EDS map of the sample at stage III
displayed in Figure 5.17(a). Since the sample at this stage was quenched at the appearance
of the weak perovskite PZT (111) reflection, the absence of Pt3 Pb confirms that perovskite
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Figure 5.15: STEM and EDS maps for a sample quenched at stage I. (a) HAADF–STEM and
EDS chemical maps across the thin film heterostructure. (b) EDS maps across the Pt/PZT
interface at high magnification show clear overlap between the species. Atomic resolution map
displayed in the inset clearly confirms the presence of intermetallic Pt3 Pb in this region. From
Ref. [52].

PZT nucleates directly on Pt without the direct involvement of Pt3 Pb [52]. Furthermore, it is
observed that Ti and O diffuse through the Pt electrode giving two distinct distributions of Ti:
a Ti chemical signal overlapping with Pt near the bottom of the image, and Ti overlapping with
O to form an amorphous Ti-oxide phase within the bottom half of the Pt electrode. Atomic
resolution HAADF–STEM and EDS (Pt+Ti) map, displayed in Figure 5.17(b) reveal that the
Ti chemical signal overlapping Pt is a L12 –Pt3 Ti intermetallic phase (with high planer density)
that has formed at the Pt/Ti interface.
Figure 5.18 presents the EDS chemical maps of the sample at stage IV, after full crystallization of the PZT layer. In addition to the absence of Pt3 Pb phase, it is observed that there is
an increased diffusion of Ti and O through the Pt electrode. Further, there is an increase of Ti
in the amorphous Ti–oxide phase relative to the Pt–Ti intermetallic. In the present work, the
observation of Pt3 Ti phase at stage III & IV is unintentional. In contrast to the earlier work
[160, 161, 162, 163] we are able to definitively conclude that the alloy does not play a role in
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Figure 5.16: (a) HAADF STEM and EDS maps for a sample quenched at stage II, just after
the Pt3 Pb signal disappears. Note the absence of the overlap between Pb and Pt. (b) Higher
magnification HAADF–STEM and EDS acquired in the Pt layer revealing that Pb diffuses
along the grain boundaries. From Ref. [52].

perovskite nucleation since it is observed at a long distance from the perovskite PZT/Pt interface. Thus, the present results demonstrate that, while the Pt3 Ti intermetallic phase occurs
as a natural consequence of the existence of the Pt/Ti interface, crystallization of PZT occurs
in the present system on Pt. This result is similar to that presented earlier for Pt3 Pb in that
both Pt-Ti and Pt-Pb intermetallics are observed, though nucleation of perovskite PZT occurs
directly on Pt.
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Figure 5.17: (a) HAADF–STEM and EDS maps for a sample quenched at stage III. At stage
III, Ti and O are observed to diffuse towards the surface. (b) HAADF–STEM and atomic
resolution EDS map revealing the formation of highly twinned Pt3 Ti in the Ti-rich region of
the sample. From Ref. [52].

The results from experimental work on these samples were implemented in the next stage
of theoretical analysis to better understand the driving forces for interdiffusion of elements and
stability of the perovskite phase on various substrates. DFT calculations were used to determine
both the adhesion energy and the energy barriers for Pb diffusion across model interfaces.
Furthermore, the preferred diffusion path and associated migration barriers of Pb atoms across
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Figure 5.18: HAADF–STEM and EDS maps for a sample quenched after perovskite PZT has
crystallized in stage IV. Ti and O continue to diffuse towards the surface and form both TiOx
particles (dark regions within the Pt layers) and Pt3 Ti. From Ref. [52]

the possible interfaces were calculated to better understand how diffusion may facilitate the
processes identified earlier. Results from these theoretical calculations are presented in another
publication [52]. In conclusion, a combination of the experimental techniques (in situ XRD and
aberration–corrected STEM with energy-dispersive spectroscopy (EDS)) and theoretical tools
such as (DFT calculations) was used to gain insight on the stability of buried interfaces between
dissimilar materials during synthesis and thermal treatment. These methods, more generally,
provide a combined experimental-theoretical framework that can be adapted to the study of
stability and evolution of other technologically relevant compositions and interfaces [52]
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5.7

Chapter summary

A combination of directly interpretable energy dispersive X-ray spectroscopy (EDS) technique
and atom probe tomography for chemical partitioning study, compositional quantification and
L12 site occupancy investigation in NiAlCr and NiCoAlTi superalloy systems. Cr preferentially partition to the γ matrix, and Cr preferentially occupy the Al sub–lattice in the L12 –γ 0
phase. For a series of sample with varying composition in NiCoAlTi superalloy, Ni, Al and Ti
preferentially partitioned to the γ 0 phase, while Co partitioned to the γ matrix.
Research of site preferences of alloying elements in Ni3 Al can help to better comprehend the
effects of alloying elements in the superalloys. Using atomic-resolution EDS technique we have
demonstrated our ability to directly investigate the influence of alloy composition on site preference of Co in the L12 phase of a quaternary Ni–Co–Al–Ti superalloy system. Co was observed
to occupy both A– and B–sites at low concentrations of Co and Ti, but exhibit a preference for
A–site at high concentrations of Co and Ti, possibly because the co-alloying elements prefer a
non–clustering trend. Experimental EDS results were compared with simulated EDS maps for
two contrasting site preference behaviours of Co atoms, to provide supporting evidence of our
observations.
A combination of density functional theory calculations, RevSTEM imaging and advanced
imaging methods afforded by atom column indexing was used to investigate the presence of
ordered nano domains at the atomic scale in cast NiFeCrCo HEA. Furthermore, high resolution
of twins spanning a wide range of thicknesses was observed in within the HEA microstructure.
Lastly, a combination of in situ XRD and STEM-EDS was used to elucidate the sequence of
phase evolution in solution-derived PZT thin films on Pt/Ti bottom electrodes. The results
show that Pb diffuses from the amorphous film into the Pt bottom electrode and forms Pt3 Pb
early in the process. This Pt3 Pb intermetallic disappears before the perovskite PZT formation,
at which time a Pt-Ti intermetallic is identified near the bottom of the bottom electrode (away
from the PZT phase), and Ti-O regions are identified inside the bottom electrode. The results
from this work indicate that the transient or secondary phases (Pt3 Pb and Pt3Ti) do not play
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a significant role in nucleation of perovskite PZT; perovskite PZT crystallization instead occurs
directly on the Pt (111) surface.
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Chapter 6

Correlation between local chemistry
and lattice distortion
6.1

Introduction

As solute atoms are added to intermetallic compounds, local chemically induced pressure develops and results in picometer–scale atomic displacements. The resultant lattice distortion
influences the mechanical behavior of the host materials, for example, by impeding dislocation
motion [164]. Direct characterization of such pm–scale displacements using electron microscopy
requires a combination of high spatial resolution and picometer precision. As discussed earlier,
RevSTEM enables characterization and removal of sample drift distortion from atomic resolution images without the need for a priori crystal structure information. The enhanced SNR
in RevSTEM images have been utilized for: (1) highly accurate and precise direct lattice parameter measurement to within 0.1 % error and picometer precision in STEM images [89, 88],
(2) real space lattice strain measurement across STEM images using a single reference area to
within 0.1% strain precision [50], (3) unambigious phase identification in a multi–phase material
system [165], and (4) observation of picometer–scale displacements induced by local chemistry
in a complex oxide solid solution [121].
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However, in STEM, the behavior of an electron probe as it propagates through a specimen
has a signifcant influence on acquired data from scattering events of the electron probe. In
particular, oscillation in beam intensity or the tendency of the probe to focus along the atomic
columns, also known as probe channeling, is responsible for the varying atom column positions
with sample thickness [166]. This phenomenon is caused by the electron probe quantum mechanically interacting with the available Bloch state of the crystal [167, 82]. In addition to sample
thickness, the channeling condition is strongly dependent on the probe convergence angle, since
the convergence angle ultimately controls the probe size and the depth of field. Therefore, to
correctly investigate pm–scale displacements at different sample thicknesses, it is important to
thoroughly understand the beam behavior inside a specimen in order to accurately interpret
the lattice distortion information from STEM images.
In this Chapter, picometer–scale atomic column displacements are investigated using the
picometer precision revolving STEM technique. A combination of HAADF–STEM and density
functional theory (DFT) calculations are employed to elucidate the local atom column chemistry
fluctuation and its connection to the lattice displacements. For this study, the model system is
the γ 0 precipitates in Ni-Al-Cr superalloy, which adopts the L12 structure. Systematic studies
on STEM simulations are used to derive optimum experimental conditions to investigate lattice
distortion in the intermetallic structure. Furthermore, the local lattice distortion was observed
to correlate with the local chemistry fluctuation of solute atom concentration in the projected
STEM images.

6.2

Experiment & Theory Parameters

TEM samples of Ni–Al–Cr superalloys were prepared using an electropolisher. Experimental
STEM, PACBED and EDS data were acquired using a probe-corrected FEI Titan G2 60-300
kV S/TEM operated at 200 kV. The convergence and inner collection semi-angles for HAADF
were 13.5 mrad and 76 mrad, respectively. For each RevSTEM series, a total of 40 1024×1024
frames were acquired with a dwell time of 2 µs/pixel. The scan coordinates were rotated 90◦
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between each frame [48].
Density functional theory (DFT) calculations were performed by Aakash Kumar in Prof.
Susan Sinnott’s research group at Penn State university. DFT calculations was performed using
the Vienna Ab initio Simulation Package (VASP) [168, 102, 169, 101, 170]. The exchange–
correlation functional of Perdew, Burke and Ernzerhof [171] was used within the generalized
gradient approximation (PBE–GGA), while projector augmented wave (PAW) [172, 173] scheme
was used to account for the core electrons. An energy-cut off 350 eV was chosen for the plane
wave basis for the expansion of wave functions, and a Monkhorst-Pack [174] k–mesh of 6×6×6
was used in the Brillouin zone integration. The supercells were completely relaxed with respect
to the volume of the cell and the atomic positions with the convergence parameters of 10−7
eV for energy and 10−3 eV/Å for the forces on the atoms. A 2×2×2 supercell of L12 –Ni3 Al
was considered as a reference. Cr was then introduced in the supercell on an Al sub–lattice, as
shown in Figure 6.1. The resulting structure was then relaxed.

Figure 6.1: 2×2×2 supercell of (a) Ni3 Al and (b) Ni3 (Al,Cr) with a Cr atom located on an Al
sub–lattice.

Further, 10×10 supercells at desired thickness were created using a custom MATLab code,
from a simple unit cell of lattice parameter equals 3.57 Å. For L12 –Ni3 (Al,Cr) supercells, binomial distribution function was used to randomly substitute Cr to Al sublattice, so that the
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composition was close to that of the experimentally derived chemical composition (75.28Ni–
17.09Al–7.46Cr in at.%) of the L12 –Ni3 (Al,Cr) phase from atom probe tomography (APT)
experiments. Static displacement vectors were derived by calculating the relative atomic displacements between the relaxed Ni3 Al and Ni3 (Al,Cr) systems. These displacement vectors for
Ni were then applied to the 1st and 2nd nearest neighbor (NN) Ni atoms for every Cr in the
supercell, such that cummulative displacements was allowed for Ni atoms neighboring more
than 1 Cr. Static displacement was not considered for the atoms in the Al sub–lattice because
there was neglible displacements from DFT calculations.
Next, HAADF-STEM simulations were performed using the multislice formalism. The same
collection geometries that were used during experimental acquisition were utilized. At 19.6 mrad
probe convergence semi–angle, the projected potentials were samples at 3.49 pm/pixel and were
used to simulate a 10×10 unit cells STEM images with 112×112 probe positions. The probe
positions were recalculated when the probe convergence semi–angle α was changed using the
equation provided in Ref. [61]. Thermal diffuse scattering was introduced in the simulations
using the frozen lattice model and root-mean-squared (r.m.s.) displacement of 0.083 Å and
0.077 Å for Ni- and Al–sublattices, respectively [21]. Unless stated otherwise, simulated images
were convolved with a Gaussian function, 1 Å full–width half–max, to approximately account
for the finite effective source size. Simulated STEM images were analyzed using the atom column
indexing technique, similarly to experimental data.

6.3

Results & Discussions

The unit cell of L12 –Ni3 Al adopts a cubic structure with Ni occupying the face-centered positions of the cube (Ni sub–lattice) and Al occupies the corners (Al sub-lattice) in the lattice, as
shown in the schematic image along <100> in Figure 6.2(a). RevSTEM image of the intermetallic phase in Ni3 (Al,Cr) is presented in Figure 6.2(b). The sample thickness was estimated to
be 25 nm ± 1 nm from the position averaged convergent beam electron diffraction (PACBED)
patterns. Elemental distribution within the L12 -Ni3 (Al,Cr) using atomic resolution energy dis-
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persive X-ray spectroscopy (EDS) showed that Cr prefentially occupy the Al sub-lattice, as
discussed in Chapter 5.

Figure 6.2: (a) Schematic illustration of L12 -Ni3 Al structure along the <100> orientation. (b)
RevSTEM image of Ni3 (Al,Cr) (c) Average Ni–Ni nearest like neighbor (NLN) distance mapped
around each Al sub–lattice atom column. (d) Average Ni-Ni NLN distance as a function of Al
sub-lattice intensities. (e) Average third NN distance as a function of Ni sub-lattice intensities.

Fluctuation in the Al sub–lattice atom column intensities is directly evident in the STEM
image, where atom columns with high and low intensities corresponding to atom columns with
Cr enrichment and Cr deficiency (Al-rich), respectively. Using ACI technique [88], the atom
column locations in the RevSTEM image were projected into a matrix projection. This technique enabled the easy calculation of the average Ni–Ni nearest like neighbors (NLN) for each
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opposing B sub–lattice atom column i.e. the nearest neigbhor atom columns to the B sub–
lattice as illustrated with the gray lines in Figure 6.2(a). In Figure 6.2(c), each Al sub–lattice
atom column is outlined by the average Ni-Ni NLN distance, where by the maximal contraction
and expansion are colored as blue and red, respectively. Close inspection of the figure reveals
that some Cr-rich columns exhibit relative contraction of average Ni–Ni NLN (blue), while the
Al-rich columns show expansion (red). Further, the average Ni–Ni NLN distances around each
Al sub–lattice atom column as a function of the Al sub–lattice column intensities is displayed in
6.2(d). The average NLN distance exhibits a reasonable linear correlation with the corresponding Al sub–lattice intensities (R∼0.5), providing some evidence of correlation between local
lattice distortion and local chemistry fluctation in the L12 structure. To verify the randomness
of the chemistry–distortion relationship, the average third nearest neighbor (NN) (or average
lattice parameter) around each Ni sub–lattice atom column is plotted as a function of the Ni
sub–lattice column intensities, shown in Figure 6.2(e). In this figure, the average distance measured is not exclusive to the Ni sub–lattice only, but inclusive of the Al sub–lattice distances
too. From the plot, less correlation is observed between the average distance measurement and
the corresponding Ni sub–lattice column intensities (R∼0.3). To further understand the connection between the local lattice distortion observed in the experimental STEM image, similar
analysis is performed on STEM simulations.
From DFT calculations, the substitution of Cr into the Al sub–lattice results in the contraction of the 12 nearest neighbor Ni, as schematically shown in Figure 6.3(a). This can be
considered as an atom–size effect [71], since the atomic radius of Cr (r ∼ 127pm) is roughly 13%
smaller than Al (r ∼ 143pm). Maximum magnitude of static displacement for the NLN Ni atom
is ∼6 pm. Next, (10×10×3) supercells of pure Ni3 Al and L12 –Ni3 (Al,Cr) are generated, and
static displacements are implemented for all 1st and 2nd NN Ni around each Cr atom. STEM
images were simulated using the supercells with static displacement. In the Al sub–lattice, the
probability that a site is occupied by Cr is simply the atomic fraction of Cr in the Al sub–lattice,
X Cr described as:
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NCr
= 0.304
NCr + NAl
NAl
=
= 0.696
NCr + NAl

XCr =
XCr

(6.1)

where NCr amd NAl corresponds to the number of Cr and Al atoms in the L12 structure, respectively. Assuming that the atoms in the Al sub–lattice are randomly arranged, the probability of
Cr–Cr nearest neighbor in the structure, PCr−Cr i.e. probability of finding a Cr–Cr bond pair
is simply the product of the probability of site 1 occupied by Cr and the probability of site 2
occupied by Cr [175]. Further, the probability of Al–Al bond pair, PAl−Al and Al–Cr bond pair
PAl−Cr are described as:

PCr−Cr = XCr · XCr = 0.092
PAl−Al = XAl · XAl = 0.485

(6.2)

PAl−Cr = XAl · XCr + XCr · XAl = 0.423
Furthermore, the number of like bond pairs (A–A), QCr−Cr can be calculated from the total
number of Al sub–lattice atoms NAl–site , the coordination number of atom z, and probability of
A–A bond, PA−A [176]. The coordination number, z of an atom in the Al sub–lattice is same
as that of a simple cubic structure lattice, which is equals to six. The number of Cr–Cr, Al–Al
and Al–Cr bonds can be calculated as shown below:
NAl−site · z · PCr−Cr
2
NAl−site · z · PAl−Al
=
2
NAl−site · z · PAl−Cr
=
2

QCr−Cr =
QAl−Al
QCr−Cr

(6.3)

For example, in a 10×10×3 Ni3 (Al,Cr) supercell (∼ 1 nm thick), QCr−Cr , QAl−Al and
QAl−Cr equals to 83, 436 and 381, respectively, when NAl-site equals 300 atoms.

108

Atom column distances in the simulated STEM images have been analyzed in a similar manner as experimental images. The average Ni–Ni NLN distance map in the ∼1nm pure Ni3 Al
and Ni3 (Al,Cr) STEM simulations subregion is presented in Figure 6.3(b). The correlation between the average lattice displacement and Al sub–lattice atom column intensity fluctuation in
Ni3 (Al,Cr) simulation, and lack thereof in pure Ni3 Al simulation is similar to our observation
in the experimental RevSTEM image. This is a direct evidence of the preservation of projective
structural distortions in atomic resolution images. The trend of the average Ni–Ni NLN distance as a function of normalized Al sub–lattice intensities for Ni3 (Al,Cr) simulation, shown in
Figure 6.3(c), is in good agreement with that observed for experimental data in Figure 6.2(d),
confirming the correlation between the local lattice distortion and local chemical fluctuation in
the atomic resolution images.

6.3.1

Statistical analysis of projected lattice distortion

To investigate the preservation of structural distortion in STEM images, measured lattice distortions of Ni sub–lattice atoms in the projected coordinates and the simulation are compared.
Figure 6.4 shows a velocity plot dislaying the displacement vector with components (δ x , δ y ) at
the point (x, y) for the projected coordinates and simulations of ∼1nm Ni3 (Al,Cr).
The projected coordinates of a supercell with static displacement δ SD
proj was calculated by
averaging the positions along the <001> direction. Then, the average displacements in the
projected coordinates, δ proj was calculated by comparing with the projected coordinates of
Ni3 Al (without static displacements) δ noSD
proj , of the same dimension:

SD
noSD
δproj,x = δproj,x
− δproj,x

(6.4)

SD
noSD
δproj,y = δproj,y
− δproj,y

Similarly, displacement in the atom columns δ sim is calculated as the difference between
the atom column positions in the simulation (with static displacement) δ SD
sim and the simulation
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Figure 6.3: (a) 2×2×2 supercell of Ni3 (Al,Cr) structure illustrating the lattice displacement
of NN Ni atoms when Cr is substituted for Al. (b) HAADF-STEM simulations of 1nm pure
Ni3 Al and Ni3 (Al,Cr) with the average NLN distance outlined around each Al sub-lattice atom
column. The scale bar represent 500 pm. (c) Average Ni-Ni NLN distances versus atom column
intensity from simulated images.

of Ni3 Al (no static displacement) of the same dimensions δ noSD
sim , as measured from the atom
column indexing (ACI) analysis:
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Figure 6.4: Velocity plots of the lattice distortions in (a) the projected coordinates and (b)
STEM simulation of (10×10×3) Ni3 (Al,Cr). Displacement magnitudes ranges from [0 4.6] pm
and [0.003 5.46] pm for each Ni sub–lattice in the projected coordinates and simulation, respectively.

SD
noSD
δsim,x = δsim,x
− δsim,x

δsim,y =

SD
δsim,y

−

(6.5)

noSD
δsim,y

Visually, lattice distortion in the projected coordinates and simulation correlates well in Figure 6.4. However, reliable methods to quantify the correlation were necessary. The correlation
coefficient, corr was calculated as a measure of the strength and direction of linear relationship between the lattice displacements in the projected coordinates δ proj and simulated STEM
image δ sim . The value of corr range from -1 ≤ corr ≤ +1, where strong positive and negative
correlations correspond to +1 and -1, respectively. Moreover, when corr is close to 0, it is indicative of no correlation between the projected structure and simulated image. In Figure 6.4, the
correlation coefficient between the lattice distortion in the projected coordinates and the simulation are 0.95 and 0.96, in the x– and y–directions, respectively. Further, magnitude of static
displacement |δ| for each atom column can be calculated from the x– and y–components. Fur-
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thermore, for convenient comparisons between different conditions, the absolute displacement
∆δ is calculated as:

| δproj
| δsim

q
| = (δproj,x )2 − (δproj,y )2
q
| = (δsim,x )2 − (δsim,y )2

(6.6)

∆δ =| δsim | − | δproj |

6.4

Investigation of projected structural distortion using STEM
simulations

To provide further insight on the optimum experimental conditions for the investigation of
local lattice distortion in the L12 structure, different experimental conditions using STEM
simulations are considered. Some of these conditions include the effect of dynamical scattering,
spatial resolution, probe channeling and sample thickness, and their influence on the ability to
correlate the local chemical variation with the lattice distortion.

The effect of frozen lattice phonon
First, the influence of thermal vibrations on atom column positions in STEM simulations is
explored via frozen lattice phonon approximation. STEM simulations (1 nm thickness) with
frozen phonon configurations ranging from 0–200 are analyzed to systematically study the effect of configuration number on the lattice displacement measured, see Figure 6.5. To aid direct
visualization of the lattice displacements, displacement maps are generated in form of a mesh
grid from the calculated absolute displacements ∆δ at each atomic position, and overlaid on
the STEM simulation. In Figure 6.5, it is observed that at low phonon configurations, there is a
high uncertainty in the location of atomic positions, appearing as large random displacements of
atom columns. As the frozen phonon configurations increases, lattice displacement approaches
that of the projected coordinates. With increase in the configuration, correlation coefficient
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between simulation and projected coordinates as a function of frozen phonon configurations,
see Figure 6.5(f), approaches the projected structure. Ultimately, the ideal condition for lattice
distortion investigation is observed when no frozen phonon is applied to the simulation. Consequently, the STEM simulations moving forward would be performed without applying frozen
phonon configuration since we are more interested in measuring lattice distortion in the images.
Moreover, by neglecting the effect of thermal diffuse scattering, we avoid the computationally
expensive frozen phonon simulations.
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Figure 6.5: Displacement map of STEM simulation with (a) 10 (b) 20 (c) 100 (d) 200 and (e) no frozen phonon configurations (f)
corresponding correlation coefficient between simulation and projected coordinates as a function of frozen phonon configurations. The
scale bar corresponds to 500 pm.
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Role of finite effective source size
In STEM, the finite effective source size (FESS) plays an important role in the achievable
resolution of the microscope, since the spatial resolution is strongly dependent on the size of
the probe diameter [64, 58, 67, 65]. FESS is incorporated into image simulations by convolving
the final image with the source distribution by a Gaussian envelope function [66, 63]. For
example, the same subregion of simulations acquired at different finite effective source sizes is
shown in Figure 6.6. In this figure, the influence of FESS on the spatial resolution sensitvity
is directly observed. At small FESS (0.5 Å), the atom columns are well separated because of
the small probe. At 1.5 Å, the probe becomes too broad to the extent that significant overlap
occurs between atom column.

Figure 6.6: Sub region of STEM simulations performed at different finite effective source size.
The scale bar represents 500 pm.

To systematic study the role of finite effective source size on the lattice distortion observation
in projected STEM images, the full–width at half maximum (FWHM) of the gaussian function
was varied from 0.4 Å –1.3 Å . This range was chosen because beyond 1.3 Å, analysis of the
simulated images was limited by the inability to discern/separate atom columns, and thus,
correctly fit the peaks for all atom columns. At small FESS conditions, as shown in Figure
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6.7, high measurement precision of the lattice displacement is enabled by the improved spatial
resolution. Meanwhile, the measurement precision suffers at high FESS as the atom columns
begin to overlap. Above 1 Å, the correlation coefficient between the projected coordinates and
the simulation drops significantly. This is a result of diminishing spatial resolution required to
precisely locate atom columns. Moreover, the probe–corrected FEI Titan G2 60–300 kV S/TEM
used to acquire experimental STEM images possessess FESS ≤1 Å.

Dependence on sample thickness
As the sample thickness changes, the local atom column chemistry in the Al sub–lattice would
change. Consequently, the local lattice distortion in the Ni sub–lattice would vary with increase
in sample thickness. For example, this is apparent in the Ni–Ni NLN distance maps for the
same sub–region at different sample thickness, presented in Figure 6.8. For 1 nm thick sample,
visual connection can be made between the local chemistry and local lattice distortion, where
the NN Ni exhibit relative contraction around Al sub–lattice atom columns with high column
intensities i.e. high Cr concentration. The chemistry–distortion correlation exists but becomes
less subtle as the sample thickness increases to 8 nm. On the contrary, lattice distortion does
not correlate with the chemistry variation (atom column intensities) in the 20 nm STEM image.
For example, the intensity of the Al sub-lattice atom column, highlighted by the white arrow, is
roughly the same as the intensity of the adjacent atom column, highlighted by the black arrow.
However, the average lattice distortions around these atom columns are indicative of expansion
and contraction, respectively. In other words, correlation studies between the local chemistry
fluctuation and the local lattice distortion is limited to thinner samples.
In addition, probe channeling condition can affect the image contrast to become a function
of sample thickness. A probe positioned near an atom column channels so that most of its
intensity is focused along the column. Above the critical thickess for channeling, the probe
spreads wider than the distance between neighboring atom columns. Displacement maps at
the different sample thicknesses is presented in Figure 6.9. The pattern at 1 nm and 8 nm are

116

Figure 6.7: (a) Displacement map of STEM simulation with (a) 0.4 Å (b) 1.0 Å and (c) 1.4
Å finite effective source size (d) correlation coefficients between displacements in simulation and
projected coordinates as a function of FESS. The scale bar corresponds to 500 pm.

seemingly different because the lattice distortion detected at 8 nm thickness incorporates all
the lattice distortion within that sample thickness region. Further, lattice distortion present at
the lower sample thicknesses are likely to average out in the STEM images of higher thickness
because many unit cells begin to overlap. The lattice displacement pattern does not appear
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Figure 6.8: Average Ni-Ni NLN distance map of the same sub–region of the simulation at 1
nm, 8 nm and 20 nm sample thicknesses. The scale bar in the image represents 500 pm.

to change significantly between 8 nm and 20 nm besides the increase in the displacement
magnitude. The relative increase in displacement magnitude observed between 8 and 20 nm is
probably a result of the probe channeling effect (and the electron probe oscillating within the
sample). Moreover, it was observed that lattice distortion beyond ∼8 nm are not detected in
the STEM images. This depth limitation is restricted to the particular imaging condition for
the simulation.

Figure 6.9: Displacement maps of 1 nm, 8 nm and 20 nm sample thicknesses. The scale bar
corresponds to 500 pm.
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Role of convergence angle
The influence of convergence angle on spatial resolution and probe channeling necessitates the
investigation of the convergence angle on the sensitivity to lattice distortion measurement.
Examples of the same subregion of simulations acquired with four different convergence angles
(10, 13, 18 and 30 mrad) and varying thicknesses (2, 8 and 20 nm) are shown in Figure 6.10.
In this figure, the influence of convergence angle on the spatial resolution sensitvity is directly
observed. At small convergence angles, for example 10 mrad, the spatial resolution is very poor
and can barely resolve the strong Ni atom columns. For large convergence angles (30 mrad),
however, the column–column resolvability is effectively improved such that each atom column
is well separated from thier neighbors. As the thickness increases for all convergence conditions,
the spatial resolution improves as a result of probe channeling. Consistent with the observation
in Figure 6.9(a), local chemistry varies between the sample thicknesses for all convergence
angles.
The effect of convergence angle on the correlation coefficient between the lattice distortions
in the projected coordinates and simulation is considered for a thickness series ranging from 1–
20 nm for probe convergence angles of 13 – 30 mrad is presented in Figure 6.11. The highest
correlation is observed at small sample thickness (< 5 nm) because the beam spreads rapidly
within the sample beyond this thickness. It is observed that the correlation coefficient extend
further at small convergence angles in comparison to large convergence angles. This is due to
the larger depth of field at small convergence angles in comparison to the smaller depth of field
expected at the large convergence angles. As a result, the beam is more likely to spread quickly
at large convergence angles than at the small convergence angle. Moreover, probe channeling
is responsible for the modulating correlation coefficient, especially between 10 – 20 nm. The
correlation is essentially lost at large sample thickness (> 18 nm) and small convergence angle. In
summary, the convergence angle appears to be less significant in the investigation of the lattice
distortion between 13 – 30 mrad in the L12 structure compared to the sample thickness, as long
as the atom columns are well separated. Nonetheless, small convergence angles are seemingly
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Figure 6.10: Sub region of STEM simulations performed at different convergence angles and
thickness. The scale bar represents 500 pm.

better due to enhanced channeling. In comparison, the sample thickness plays a more critical
role.

Effect of displacement magnitude
To investigate the influence of displacement magnitude on the measure lattice distortion, the
displacement vectors for Ni atoms derived from DFT calculations were scaled by ×1, ×2, and
×3 for the L12 structure. The standard deviation of absolute displacement ∆δ is calculated
for each thickness to enable direct comparison between the measured lattice distortions at
each displacement magnitude. Standard deviaation of ∆δ as a function of sample thickness at
×1, ×2 and ×3 static displacements is presented in Figure 6.12. It appears that the standard
deviation of ∆δ scales with the magnitude of static displacement, with the standard deviation
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Figure 6.11: Correlation coefficients between the relative displacement in the projective coordinates and simulation as a function of convergence angle and sample thickness.

of ∆δ increasing with increasing sample thickness. This is because the measurement precision
of lattice distortion suffers with increasing thickness, as previously discussed. Moreover, the
plateau region between 8 – 12 nm sample thickness futher corroborates the maximum thickness
suggested for lattice distortion measurement in the previous section (i.e. ≤ 8nm). Beyond this
sample thickness, the combination of probe channeling effect and the overlap of many unit cells
makes its difficult to interpret the measured lattice distortions.

6.4.1

Quantification of static displacement

Next, STEM simulations with different configurations are generated for different displacement
magnitudes discussed in the previous section at 1 – 7 nm thickness. To ensure randomness,
each STEM image was generated so that it is of a completely different configuration from
the next, although the concentration of Cr in the L12 was kept to within ±0.5 Cr at. % of
the experimental Cr concentration. For each displacement magnitude, standard deviation of
∆δ from five random STEM images is plotted as a function of sample thickness, presented in
Figure 6.13. In this plot, the data set from Figure 6.12 are utilized as a reference point for
each displacement magnitude. Standard deviation of ∆δ for the random configurations also
scale with the displacement magnitude, and above 3 nm, they tend to fit well within reasonable
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Figure 6.12: Standard deviation of absolute deviation ∆δ as a function of sample thickness
(1–20nm) at ×1, ×2 and ×3 magnitudes of static displacement.

range with the reference configuration for the different magnitudes of static displacement. Thus
far, the absolute displacements ∆δ have been calculated using the projected coordinates with
static displacements derived form DFT calculations.
Advanced electronic calculation tools such as DFT calculations have become invaluable resources in understanding atomic interaction. However, access to these sophisticated tools is
restricted. Also, some assumptions were made for DFT calculations and the implementation
of the displacements in the STEM simulations. Some of these assumptions include all Cr exclusively occupy only the Al sub–lattice, and considering the effect of Cr on 1st and 2nd NI
NN atom only. Furthermore, DFT calculations uses linear superposition as a first approximation which may not completely and accurately account for the true effect of solute atoms
in the structure. Therefore, in our attempt to quantify the static displacement in STEM images without prior knowledge of the magnitude, the standard deviation of ∆δ is calculated
from projected coordinates of a pure Ni3 Al, i.e. without any static displacement. For the same
STEM simulations used in Figure 6.13, standard deviation of ∆δ (without static displacement
in the projected coordinates) as a function of sample thickenss at ×1, ×2 and ×3 static dis-
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Figure 6.13: Standard deviation of ∆δ as a function of thickness (1– 7nm) for STEM images
of random configurations at the different magnitudes of static displacement. The trend from
Figure 6.12 is used as a reference.

placements is presented in Figure 6.14(a). As with the previous case, standard deviation of ∆δ
scales with the magnitude of static displacement. The standard deviation of ∆δ with random
configurations as a function of thickness at the different static displacements is presented in
Figure 6.14(b). Similarly, the standard deviation of the random configurations scales with the
displacement magnitude, and fit well within range with the reference configuration. This results
suggest that the magnitude of static displacement can be estimated without a priori knowledge
from DFT calculation. In theory, this indicates that the magnitude of static displacements in
experimentally acquired STEM images can be estimated without DFT calculations.
The calculated absolute ∆δ are within the detection limits of experimental HAADF STEM
imaging, which can achieve picometer precision using Revolving STEM technique. Overall,
these results indicate that the correlation between local chemical fluctuation and local lattice
distortion is possible in L12 Ni3 Al structure. The next step is to acquire acquire RevSTEM
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Figure 6.14: (a) Standard deviation ∆δ (calculated from a projected crystal structure without
static displacement) as a function of sample thickness (1–20 nm) at ×1, ×2 and ×3 magnitudes
of static displacement. (b) Standard deviation of ∆δ as a function of thickness (1– 7nm) for
STEM images of random configurations at the different magnitudes of static displacement.
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images from the L12 –Ni3 (Al,Cr) sample and pure Ni3 Al sample (as reference). The experimental
conditions and sample thickness would be carefully selected so that they are as close as possible
to the optimized conditions for lattice distortion investigation in the L12 structure, determined
from the STEM simulations.

6.5

Chapter Summary

Revolving STEM imaging was used to characterize picometer–scale lattice displacements in L12
Ni3 (Al,Cr) as a result of substitutional alloying of Cr in the Al sub–lattice. Further, we show in
STEM simulations that recent advances in pm–precision STEM imaging may make it possible
to detect this pm–scale distortion in the L12 Ni3 Al structure, and correlate the fluctuation of
the column intensity with the local lattice displacements in the neighboring atomic column
positions. The combination of these techniques with our capability to probe the site occupancy
of atoms using atomic resolution chemical could potentially enable a comprehensive chemical
pressure study in real space; a task thus far not possible using real space analysis. Further, the
synergy of experimental and simulations provides a potential for a complete 3D reconstruction
of local lattice distortion in the intermetallic compounds.
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Chapter 7

Conclusions & Future work
Recent advances in aberration–corrected scanning transmission electron microscopy have opened
a new realm of structural and chemical information at the atomic scale that was previously
unattainable. And when complemented with other techniques, material information that was
previously inaccessible can be probed. In Chapter 3, the atomic resolution STEM characterization of a complex intermetallic Ti6 Sn5 compound revealed the phase coexistence of hexagonal
and orthorhombic phases. The complete structural characterization for this material was performed by complimenting the STEM results with X–ray diffraction (XRD) analysis and STEM
simulations.
Real space structural analysis using STEM have been limited by image distortion and poor
signal to noise (SNR), which affect the measurement precision. However, the recent introduction of revolving STEM (RevSTEM) have now overcome these challenges. By measuring and
removing the sample drift and noise from image series, and subsequently averaging the images,
RevSTEM enables direct crystallographic measurement with picometer precision. Further, data
analysis using atom column indexing (ACI) technique enables the projection of atom column
positions into a matrix representation affording convenient analysis of atom columns and correlation in STEM images. A combination of revolving STEM and ACI techniques demonstrated
the remarkable precision and accuracy of revolving STEM for direct crystallographic measure-
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ments, in Chapter 4. Importantly, the excellent stability between RevSTEM images enabled
direct lattice strain meaasurements across a sample using a single reference area for multiple
images.
Furthermore, the state–of–the–art ChemiSTEM technology consisting of an ultra-stable,
high brightness Schottky field emission gun (X-FEG) and Super-X detector has significantly
enhanced analytical capabilities with STEM. Chemical segregation behavior on the large scale
was investigated using a combination of qualitative EDS analysis and quantitative atom probe
tomography (APT) analysis. By applying the latest advances in EDS technology, a combination of atomic resolution HAADF STEM with atomic resolution EDS is employed for direct site
preference study. Chapter 5 presents qualitative and quantitative analysis of chemical analysis
in Ni–based superalloy using STEM-EDS and atom probe tomography (APT). Site preference
investigation of solute atoms was performed at the atomic scale in Ni-based superalloys using
STEM EDS. Further, STEM–EDS characterization was used to elucidate the sequence of phase
evolution in solution-derived PZT thin films on Pt/Ti bottom electrodes. Furthermore, a combination of revolving STEM and ACI techniques was used to reveal the presence of chemically
segregated ordered nano domains within the NiFeCrCo high entropy alloy microstructure, in
agreement with predictions by density functional theory (DFT) calculations.
Lastly, Chapter 6 demonstrates the connection between the local atom column chemistry
fluctuation and local atomic displacement in the L12 intermetallic structure. Picometer precision
in STEM imaging using revolving STEM enabled the detection of projected structural distortion
in the intermetallic compound. Further, a combination of density functional theory calculation
(DFT) and STEM image simulations is used to obtain the optimum experimental conditions
for the investigation of local lattice distortion in STEM images.

Future work
The possible extensions to this research are multiple. First, it is necessary to extend the structural quantification analysis using revolving STEM so that it would incorporate the surface
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relaxation effect in the thin TEM foil. Further, coupling the highly accurate and precise revolving STEM technique with in situ heating instrumentation potentially offers a means to
systematically study the lattice strain in Ni-based superalloys as a function of temperature.
Second, developing a truly quantitative compositional EDS characterization technique at the
microstructure– and atomic–scale is noteworthy. This would enable a thorough and quantifiable
study of the role of chemical segregation at planar defects and the site preference behavior of
solute atoms in different material systems.

Systematic study of the effect of surface relaxation in TEM specimen
To further lattice parameter measurements in superalloys, there is a vital need to study the
dependence of lattice parameter on the sample thickness. This experiment would be used to
understand the limitations of the unit-cell crystallographic measurement approach. Surface relaxation of internal stresses upon thinning of TEM foil is an important factor to consider during
lattice parameter measurement [26, 177, 30]. Moreover, multiphase microstructure such as the
two–phase composite microstructure in the Ni–based superalloy system are further susceptible to surface relaxation if their coefficients of thermal expansion are different [32, 122]. For
instance, surface relaxation present in the NiAlCr thin foil probably contributes to the slight
crystal distortion observed even at the center of the γ 0 precipitate. To avoid the effect of local
composition fluctuation, annealed Ni3 Al superalloy would be a suitable sample for the surface
relaxation study. Lattice parameter would be measured across multiple regions of the sample
with varying thickness. Experimental results would be complemented with 3D finite element
(FE) analysis of elastic distortions in the bulk and in the thin foil, so as to develop relationships
between unconstrained and constrained lattice parameters as was done in Ref. [28, 6]. Moreover,
this analysis would further our understanding of surface relaxation in TEM foils and enable us
to create models to incorporate this phenomenon in direct STEM measurements in the future.
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Solute–defect interaction
One of the key materials parameters that determines the mechanical properties of structural
materials such as Ni–based superalloy is the stacking fault energy (SFE) and antiphase domain
boundary energy (APB). Hence, understanding the role of SFE will provide a key to the mechanistic foundation for designing new, efficient superalloys, including its impact on dislocation
core structure, which in turn influences slip character, flow stress and ductility. By exploring
the highly accurate and precise crystallographic measurements enabled by the combination of
revolving STEM (RevSTEM) and ACI technique, atomic displacements across the stacking
faults and the distance between planar defects can be accurately measured in real space images
for the estimation of defect energy. Further, by combining these high–resolution RevSTEM
information with atomic resolution EDS and atom probe tomography (APT) result, further
understanding of alloying elements behavior at planar defects can be obtained.
Figure 7.1 presents an atomic resolution EDS map across an antiphase boundary in the γ 0
phase of Ni–Al–Cr superalloy. Here, the solute atom, Cr does not give any indication of a chemical segregation in the map, probably because the Cr EDS signal is not sufficient. Nonetheless,
localized chemcial and structural afforded by the combination to atomic resolution EDS maps
and HAADF images at planar defects can prove to be invaluable in answering some important
materials science problems. Furthermore, the evaluation of defects such as local interactions
between defects and solutes via novel microscopy techniques (aberration corrected scanning
transmission electron microscopy (STEM) and atom probe tomography (APT)) can be linked
back to atomistic simulations such as density functional theory (DFT).

STEM-APT correlative microscopy
Regardless of the continual improvement in the lateral resolution of STEM, now at the subÅngström resolution, the limitations of the sample thickness in the direction of the beam persist.
Atom probe tomograghy (APT), however, possessess an unprecedented chemical sensitivity up
to single atom analytical resolution [132]. Information on chemistry distribution from APT data
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Figure 7.1: Atomic resolution EDS map along the <110> orientation across an antiphase
boundary (APB) in γ 0 –Ni3 (Al,Cr) superalloy.

can be correlated to the STEM result to form a complete model of the local chemistry-structure
relationship.
By doing so, 2-D EDS information from STEM can be combined with 3-D compositional
data from APT to provide a complete understanding of the material chemistry. In this work,
compositional quantification are to be performed on the same needle-shaped specimen using
STEM-EDS and atom probe tomography (APT) studies. By correlating the EDS and APT
results, our knowledge about the true chemical segregation behaviour of solute elements in
the alloys would be improved [178]. Further, this correlative study potentially offers a new
quantitative method for aberration corrected electron tomography. Such that, the chemical
composition data obtained from the two different techniques can be compared to model new kfactor. This way, there no need for a calibration standard with composition stability– currently,
an important requirement for chemical quantification in STEM-EDS. Overall, this approach
would help in developing a new correlative microscopy approach linking atomistic chemical
imaging with microstructural imaging.
Preliminary correlative microscopy analysis was performed on an APT Al needle. Al APT
needle sample was fabricated using electrodischarge machining and FIB technique by our collaborators in Prof. Krisha Rajan’s group at Iowa state university. A sample preparation technique
was developed to reduce the length of the Al needle to a dimension compartible with the TEM
tomography holder (Fischione Model 2050 On-axis Rotation Tomography holder). This pro-
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Figure 7.2: (a) SEM images showing the different stages involved in the APT needle-tip transfer
unto a Cu post. (b) EDS chemical maps of an Al APT specimen. O and Ga signals are a result
of amorphotization and Ga+ surface contaminations during FIB sample preparation.
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cess involves cutting and mounting the needle tip of the specimen unto a 1 mm Cu cartridge
(specimen post by E.A. Fischione Instruments, Inc.) using a dual beam focused ion beam (FEI
Quanta 3D FEG). Since EDS analysis is a non-destructive technique, EDS chemical maps were
acquired from the sample at different rotation settings from -90 to +90 tilt. Upon the completion of the EDS analysis, the sampled specimen were transported to our collaborator at Iowa
state university for APT analysis. Different stages of the sample preparation process of the Al
APT specimen are shown in Figure 7.2(a). EDS elemental maps of the Al specimen is presented
in Figure 7.2(b). From the EDS result, it was discovered that a major limitation to our approach
was the formation of surface contamination and amorphotized area of the needle from exposure
to high energy Ga+ ions. This is probably the case because the sample has been exposed to
Ga+ ions at two different sample preparation stages prior to EDS. Potential remedies to Ga
ion contamination of the APT needles is to use low accelarating voltages (1-2 keV) during the
final stages of milling. Alternatively, the needle-shaped APT specimen could be prepared from
the bulk samples using annular masks [179] at the FIB, thereby limiting the total exposure to
Ga+ ions.
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Elemental partitioning and mechanical properties of Ti- and Ta-containing Co–Al–W-base
superalloys studied by atom probe tomography and nanoindentation. Acta Materialia,
78:78 – 85, 2014.

142

[134] Masashi Watanabe. Atomic-Level Characterization of Grain-Boundary Segregation and
Elemental Site-Location in Ni-Base Superalloy by Aberration-Corrected Scanning Transmission Electron Microscopy, pages 718–723. John Wiley & Sons, Inc., 2010.
[135] B. D. Forbes, A. V. Martin, S. D. Findlay, A. J. D’Alfonso, and L. J. Allen. Quantum
mechanical model for phonon excitation in electron diffraction and imaging using a bornoppenheimer approximation. Phys. Rev. B, 82:104103, 2010.
[136] A. Kumar, A. Chernatynskiy, M. Hong, S. R. Phillpot, and S. B. Sinnott. An ab initio
investigation of the effect of alloying elements on the elastic properties and magnetic
behavior of Ni3 Al. Computational Materials Science, 101:39 – 46, 2015.
[137] S.J. Pennycook and D.E. Jesson. High-resolution incoherent imaging of crystals. Physical
Review Letters, 64(8):938, 1990.
[138] Wenyue Zhao, Zhimei Sun, and Shengkai Gong. Synergistic effect of co-alloying elements
on site preferences and elastic properties of Ni3 Al: A first-principles study. Intermetallics,
65:75 – 80, 2015.
[139] P. Gopal and S. G. Srinivasan. First-principles study of self- and solute diffusion mechanisms in γ 0 -Ni3 Al. Phys. Rev. B, 86:014112, 2012.
[140] Jian Sun, Dongliang Lin, and T.L. Lin. Theoretical and positron annihilation study of
point defects in intermetallic compound Ni3 Al. Acta Metallurgica et Materialia, 42(1):195
– 200, 1994.
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Appendix A

Sample preparation
Ion Milling Recipe
1. The ion mill chamber was cooled with LN2 to below -100 ◦ C
2. Thin mechanically–polished TEM specimen was loaded into the ion mill. The specimen
are less than 0.5 µm, judging from the reddish–orange color of the Si substrate under
back–illumination.
3. The guns are purged for 10–15 mins
4. The stage offset is activated and set to 90 ◦ , so that the sample interface is perpendicular
to the beam from the guns. Also, stage rocking is activate, and the oscillation is set to 30
◦

to minimize thickness variation and preferential milling [180]

5. Double–sector milling recipe presented in Table A.1. The left and right guns are set to
positive and negative sputttering angles, αsputt , respectively.
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Table A.1: Low–energy ion–milling recipe
Energy (keV)
2
1
0.5

Sputtering angle, αsputt (◦ )
±4
±3
±3

Time (mins)
10
20
45

APT Specimen Preparation
Details on atom probe tomography (APT) experiments as provided by Prof. Krishna Rajan’s
research group at Iowa State University are presented below.
For the NiAlCr sample, APT needle shaped specimen were prepared by electrodischarge
machining (EDM), electropolishing, and focused ion beam (FIB) technique.
1. Square cross section rods (0.5 x 0.5 mm2 ) of around 1 cm long were extracted from the
arc melted bulk alloy using a Electro discharge machine (EDM).
2. These rods were then electropolished (using 5% perchloric acid in 95% acetic acid) into
sharp needles.
3. The needle were further sharpened with a focused ion beam (FIB) using Ga+ ion beam
(FEI Helios Nanolab 650) to final tip radius ranging from 45 to 60 µm.
4. These needles were studied using Local Electrode Atom Probe (LEAP 3000X Si). The
experiments were performed at 55K, using laser pulsing mode with at laser energy of
0.3–0.6 nJ/pulse and at pulse repetition rate of 200 kHz.
NiCoAlTi needle–shaped APT samples were prepared with electropolishing.
1. Square cross section rods (0.5 × 0.5 mm2 ) of around 1.5 cm long were cut from the arc
melted bulk sample using electric discharge machine (EDM).
2. Each rod was then submerged halfway in an electrolyte of 10% perchloric acid in 90%
acetic acid, and a potential of ∼25 V, which was gradually decreased to ∼15 V, was
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supplied between a copper electrode in the electrolyte and the rod. This resulted in a fast
reaction that removed material from the sample and generated a relatively sharp tip.
3. After cleaning with water and ethanol drying with air, fine electropolishing was performed
with a Simplex ElectroPointer™ with 2% perchloric acid in 98% 2–butoxyethanol at 8 V
on the already sharp tips to further sharpen them to final tip radii ranging from 30 to 70
nm as determined by SEM analysis.
4. These needles were studied using Local Electrode Atom Probe (LEAP 3000X Si). The
experiments were performed at 55 K using voltage pulsing mode with a pulse frequency
of 200 kHz and an evaporation rate of 0.20%. These initial atom probe results were
reconstructed with voltage mode with a k-factor of 3.30, a detector efficiency of 0.50, and
an image compression factor of 1.650. Interface evaporation control (IEC) events (voltage
decrease due to sudden jump in evaporation rate) were included in the reconstructed data,
as these were fairly common throughout each run.
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Appendix B

EDS Lattice Averaging Script
In the following script, details on how raw EDS data are extracted into a custom MATLab code
to average the signal into a single unit cell are provided, employing the lattice–averaging method
reported by Ref.[80]. As an example, the code lists the parameters for 30Co Ni–Co–Al–Ti alloy.

1

%Convert EDS database files into a tiled unit cell

2
3

%% Convert the data into spectrum images

4

fileName = '/Users/houston/Google Drive/Dapo houston/NCAT B/roi2 onzone areds 6mins 40pA';

5

[out d] = readRawEsprit(fileName);

6

row = 10;

7

energysetting = 1;

8

[Emin, Emax] = energyrange(energysetting);

9

% outputs usable data from the raw EDS files

10

[out2, xaxis, spec] = displayspectrum(Emin, Emax, out, d);

11
12

%plot the EDS spectrum

13

figure(1); plot(xaxis(:),spec(:,1:d))

14

xlabel('energy', 'FontSize', 18);

15

ylabel('counts', 'FontSize', 18);

16
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17

%Establish how many peaks will be used in the fitting

18

numpeaks = 4;

19

%Beginning and end positions of each peak

20

peak1 = 'NiKa'; %Ni-K alpha peak

21

peak2 = 'CoKa'; %Co-K alpha peak

22

peak3 = 'AlK';

23

peak4 = 'CoKa'; %Co-K alpha peak

24

usetransitionprobabilities = 'yes';

25

[peak, bg] = Peakindicator(peak1,peak2,peak3,peak4, numpeaks,usetransitionprobabilities)

%Al-K peak

26
27

beamcurrent = 4.48e-11; %beam current in Ampere

28

time = 180; %dwell time in secs

29

pixx = 64; %pixel size in x-directions

30

pixy = 64; %pixel size in y-directions

31

tilt = 0; %tilt in mrad

32
33

%enter 1 for FWHM(full width half max)or 2 for FWTM(full width tenth max);

34

fitpreference = 2;

35

%finds the background for each peak

36

[background, xbgcell] = backgroundsubtract2(xaxis, bg, Emin, Emax,d,spec);

37

%finds the peak areas and subtracts the background

38

[counts, xaxcell, countbs] = peakarea(Emin, Emax, peak, xaxis, spec, background, xbgcell,d, numpea

39

%fits each peak to a Gaussian

40

[f,f2,f3,f4, xmin, xmax] = peakfittings(xaxcell, countbs, fitpreference);

41
42

% The following are the beginning and end energies in the EDS spectrum.

43

[IMattotalraw,IMat1raw,IMat2raw, IMatcount1raw, IMatcount2raw] = EDSrawcounts(f, f3, out, out2, xa

44
45

%rotate the image so that the atom columns align with the edges of template

46

rotation = -20;

47

IMatcount1raw = imrotate(IMatcount1raw,rotation);

48

IMatcount2raw = imrotate(IMatcount2raw,rotation);

49

figure(1);imagesc(IMatcount1raw)
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50

figure(2);imagesc(IMatcount2raw)

51

%% set integer unit cell bounds

52

x1 = 18; x2 = 66;

53

y1 = 19; y2 = 67;

54

IMatcount1raw = IMatcount1raw(x1:x2,y1:y2);

55

IMatcount2raw = IMatcount2raw(x1:x2,y1:y2);

56

figure(1);imagesc(IMatcount1raw)

57

figure(2);imagesc(IMatcount2raw)

58
59

% set the template

60

ncellsx = 4; % (number of unit cells)

61

ncellsy = 4;

62

xdist = 16; %number of pixels per unit cell

63

ydist = 16;

64

celltemplate = 1;

65
66

clc

67

[sumMat, sumMatEDS1, sumMatEDS2, lineprofileEDS1, lineprofileEDS2] =...

68

EDSaveragingdapo(IMattotalraw, IMatcount1raw, IMatcount2raw,ncellsx,ncellsy,celltemplate,xdist

69
70

meanCo = mean2(IMatcount1raw)

71

meanNi = mean2(IMatcount2raw)

72

stdCo = std2(IMatcount1raw)

73

stdNi = std2(IMatcount2raw)

74
75

numcolors = 2;

76

color1 = 'orange';

77

color2 = 'dapoHue';

78

[MAP] = colorscale(color1, color2, numcolors);

79

[colorEDS1, colorEDS2, colorEDStotal] = colorEDSaveraging(sumMatEDS1, sumMatEDS2, length(sumMatEDS

80
81

%Do you want to shift the centers?

82

shiftx = 0;
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83

shifty = 0;

84

colorEDS1 = circshift(colorEDS1,[-shiftx -shifty]);

85

colorEDS2 = circshift(colorEDS2,[-shiftx -shifty]);

86

sumMat = circshift(sumMat,[-shiftx -shifty]);

87

sumMatEDS1 = circshift(sumMatEDS1,[-shiftx -shifty]);

88

sumMatEDS2 = circshift(sumMatEDS2,[-shiftx -shifty]);

89

%replicate the EDS map

90

repEDS = repmat(colorEDStotal,4,4);

91

figure(3); imagesc(repmat(colorEDS1,3,3)), axis image

92

figure(4); imagesc(repmat(colorEDS2,3,3)),axis image

93

figure(6); imagesc(repEDS), axis image

94
95

%generate line profiles from the EDS maps

96

lineprofile1 = sum(repmat(sumMatEDS1,3,3),2);

97

lineprofile2 = sum(repmat(sumMatEDS2,3,3),2);

98

xaxisdist = [0:length(lineprofile2)-1];

99

%fit the lineprofile to a Gaussian

100

f = fit(xaxisdist',lineprofile1,'gauss3');

101

f2 = fit(xaxisdist',lineprofile2,'gauss3');

102

figure(7); plot(xaxisdist,lineprofile1,'LineWidth',2)

103

hold on

104
105

plot(f,xaxisdist',lineprofile1)
hold off

106
107

figure(8);plot(xaxisdist,lineprofile2,'LineWidth',2)

108

hold on

109

plot(f2,xaxisdist',lineprofile2)

110

hold off
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Appendix C

Atom Column Intensity Ratio Script
In the following script, atom column indexing (ACI) technique [88] is utilized to project the
atom column intensities into a matrix representation for further analysis. Next, the ratio of
each atom column intensity to the average intensity of the four nearest neighbors is calculated.
Furthermore, local ordering in the RevSTEM image is quantified by determining the correlation
coefficient to a completely ordered pattern. The example presented below is for a NiFeCrCo
HEA RevSTEM image.

1

figure; imagesc(ImageSum R); axis image; colormap(jet); axis off %show image

2

imagesc(mini E); axis image % show mini E

3
4

% column intensity from fitresult E

5

col int E=get col int( ImageSum R,fitresult E,0,0);

6

plot(col int E);

7
8

% ratio=get ratio(fitresult,mini,col int,a1,a2)

9

figure;[ratio E,ratio E matrix,col int matrix]=get ratio(fitresult E,mini E,col int E,1,1);

10

plot(ratio E,'o');

11

ylim([0.9 1.1]);

12
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13

%

14

imagesc(ratio E matrix);

15

caxis([0.95 1.02]);

16
17

% ratio correlation from the whole image

18

[ratio E,ratio E matrix]=get ratio(fitresult E,mini E,col int E,1,1);

19

[xydist,weight,pweight,pcount,psigma,Ns]=PPDF intensity correlation(mini E,...

20

fitresult E,ImageSum R,coord angle E,1,scale bar,ratio E);

21
22

% find a subarea and ratio correlation from a subarea

23

mini E sub=mini E(20:40,40:80);

24

[ratio E sub,ratio E matrix sub]=get ratio(fitresult E,mini E sub,col int E,1,1);

25

[xydist sub,weight sub,pweight sub,pcount sub,psigma sub,Ns sub]=PPDF intensity correlation(mini E

26

fitresult E,ImageSum R,coord angle E,1,scale bar,ratio E sub);

27
28

% let us create a randomly distributed intensity

29

col int R=normrnd(mean(col int E),std(col int E),size(col int E));

30

[ratio R,ratio R matrix]=get ratio(fitresult E,mini E,col int R,1,1);

31
32
33

[xydist r,weight r,pweight r,pcount r,psigma r,Ns r]=PPDF intensity correlation(mini E,...
fitresult E,ImageSum R,coord angle E,1,scale bar,ratio R);

34
35

% plot quivers on the different image to check if the outliers at least get the positions correctl

36

f=figure;

37

set(f,'PaperUnits','centimeters','PaperPosition',[1 1 9 12]);

38

font size=11;

39

marker size=4;

40

line width=0.8;

41
42

ratio R=ratio E;

43
44

imagesc(ImageSum R); axis image; axis off; colormap(gray);

45

hold on;
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46

[sx,sy]=size(mini E);

47

hold all;

48

jets=mycmap;

49

upper=1.02;

50

lower=.98;

51
52

for i=1:1:sx
for j=1:1:sy

53

if mini E(i,j) == 0

54

continue;

55
56

end

57

p1=mini E(i,j);

58

if ratio R(p1)==0

59

continue;

60

end

61

ratio color=round((ratio R(p1)-lower)/(upper-lower)*64);

62

if(ratio color<1) ratio color=1; end

63

if(ratio color>64) ratio color=64; end

64

plot(fitresult E{p1}(5), fitresult E{p1}(6),'or','color',jets(ratio color,:),'markersize',
end

65
66

end

67
68

path name='/Users/adedapooni/Desktop/NCSU DATA/HEA/suporting figures/';

69

print(f,'-dtiff', '-r600', [path name,'HEA ratio map.tiff']);

70

print(f,'-dpng', '-r600', [path name,'HEA ratio map.png']);

71

print(f,'-depsc', [path name,'HEA ratio map.eps']);

72
73

% compare random, whole image and sub

74

plot(Ns r(:,3),pweight r,'-ok');

75

hold on;

76

plot(Ns sub(:,3),pweight sub,'-ob');

77

hold on;

78

plot(Ns(:,3),pweight,'-or');
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79
80

% the correlation map for certain size of patches

81

[sx,sy]=size(mini E);

82

ratio R matrix=zeros(sx,sy);

83

for i=1:1:sx
for j=1:1:sy

84

if(mini E(i,j)==0)

85

continue;

86
87

end

88

startx=i;

89

starty=j;

90

break;
end

91
92

end

93

for i=1:1:sx
for j=1:1:sy

94

if(mini E(i,j)==0)

95

continue;

96
97

end

98

ratio R matrix(i,j)=(-1)ˆ((i-startx));
end

99
100

end

101

imagesc(ratio R matrix);

102

daspect([1.414 1 1])

103
104
105

[corr map]=correlation coefficient map(mini E,...
fitresult E,col int matrix,[5 5]);

106
107

[min(corr map(:)) max(corr map(:))]

108
109

% the correlation map for the nearest like atoms

110

col int R=normrnd(mean(col int E),std(col int E),size(col int matrix));

111

for i=1:1:sx
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for j=1:1:sy

112
113

if col int matrix(i,j)==0

114

col int R(i,j)=0;
end

115

end

116
117

end

118

[ratio R,ratio R matrix]=get ratio(fitresult E,mini E,col int R,1,1);

119
120

% Superimpose correlation coefficient map on RevSTEM image

121

f=figure;

122

set(f,'PaperUnits','centimeters','PaperPosition',[1 1 9 12]);

123

font size=11;

124

marker size=4;

125

line width=0.8;

126
127
128

[corr map1]=correlation coefficient map(mini E,...
fitresult E,col int matrix,[5 5]);

129
130

[min(corr map1(:)) max(corr map1(:))]

131
132

imagesc(ImageSum R); axis image; axis off; colormap(gray);

133

hold on;

134

[sx,sy]=size(mini E);

135

hold all;

136

jets=jet(256);

137

lower=0;

138

upper=1;

139

for i=1:1:sx

140
141

for j=1:1:sy
if mini E(i,j) == 0
continue;

142
143

end

144

p1=mini E(i,j);

159

if corr map1(i,j)==0

145

continue;

146
147

end

148

ratio color=round((corr map1(i,j)-lower)/(upper-lower)*256);

149

if(ratio color<1) ratio color=1; end

150

if(ratio color>256) ratio color=256; end

151

plot(fitresult E{p1}(5), fitresult E{p1}(6),'or','color',jets(ratio color,:),'markersize',
end

152
153

end

154
155

path name='/Users/adedapooni/Desktop/NCSU DATA/HEA/suporting figures/';

156

print(f,'-dtiff', '-r600', [path name,'HEA correlation map.tiff']);

157

print(f,'-dpng', '-r600', [path name,'HEA correlation map.png']);

158

print(f,'-depsc', [path name,'HEA correlation map.eps']);

159
160

% statistic analysis for a 5x5 pattern size i.e. what is the possibility of finding ordering

161

r=0:0.005:1;

162

corr r hist=r-r;

163

gt5=zeros(100000,1);

164

for N=1:1:100000

165
166

col int R=normrnd(mean(col int E),std(col int E),size(col int matrix));

167

col int R(col int matrix==0)=0;

168

[corr map1,corr array]=correlation coefficient map(mini E,...

169

fitresult E,col int R,[5 5]);

170
171

temp=hist(corr array,r);

172

corr r hist=corr r hist+temp;

173

gt5(N)=length(corr array(corr array>0.6));

174

end

175

plot(gt5)

176
177

sum(corr r hist)

160

178

plot(r,corr r hist run1,'ro');

179

hold on;

180

plot(r,corr r hist run2/2,'ko');

181

hold on;

182

plot(r,corr r hist run3/10,'yo');

183

hold on;

184

plot(r,corr r hist run4/1000,'b');

185

set(gca,'fontsize',20);

186
187

corr r hist run1=corr r hist; %1000 times

188

corr r hist run2=corr r hist; %2000 times

189

corr r hist run3=corr r hist; %10000 times 556s

190

corr r hist run4=corr r hist; %1000000 times 55600s

191
192

sum(corr r hist(r>0.5))/sum(corr r hist)

193

sum(corr r hist(r>0.6))/sum(corr r hist)

194

sum(corr r hist(r>0.67))

195

sum(corr r hist)

196
197

% number of pixels larger than 0.6 correlation coefficient

198

temp=corr map(corr map>0.6);

199

length(temp)
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