
ABSTRACT 

ZHAO, BINGXIAO. A Predictive Framework for the Heterogeneous Behavior and 
Microstructural Failure Mechanisms in Semi-Crystalline Organic Photovoltaic Thin Films  
(Under the direction of Dr. Mohammed Zikry). 

 

The focus of this research has been to develop a validated microstructurally-based 

computational framework and a nonlinear finite-element fracture methodology that coupled 

essential microstructural characteristics, mechanical response, oxygen diffusion and reaction, 

to predict and fundamentally understand heterogeneous behavior, interfacial delamination 

and film cracking in semi-crystalline organic photovoltaic thin films deposited on flexible 

PDMS substrates. The thin-film system was physically represented as crystalline and 

amorphous phases comprised of P3HT ordered and disordered chains, tie-chains regions, and 

PCBM aggregates. A multiple slip dislocation-density based crystal plasticity framework was 

used to represent the P3HT crystalline phase, elasto-viscoplasticity was used for the 

amorphous phase, and hypoelasticity was used for the PCBM aggregates, tie-chain 

interconnectivity and the flexible PDMS substrate. The interrelated effects of structural 

disorders, molecular packing orientations, crystalline orientations, crystallinity and domain 

sizes on local heterogeneous deformation and microstructural failure mechanisms of organic 

P3HT:PCBM thin films were investigated for coupled mechanical, diffusion, and reaction 

conditions.   

The effects of structural disorders and morphological changes on the mechanical and 

electrical behaviors of semi-crystalline P3HT were analyzed.  The face-on packing 

orientations had higher toughness in comparison with the edge–on packing orientations that 

had higher strengths due to local dislocation-density interaction mechanisms. The higher 



inelastic deformation, associated with face-on orientations, disrupted the conjugation 

structure in the crystalline phase, and this could limit local charge mobility.  

Packing orientations and morphological domain sizes were dominant microstructural 

characteristics that affected local failure mechanisms. Face-on packing orientations resulted 

in extensive inelastic deformation and crystalline rotation due to dislocation density activity, 

which was characterized by ductile failure modes and interfacial delamination. For edge-on 

packing orientations, brittle failure modes and film cracking were predicted, and this was 

based on the lower inelastic deformation and higher film stress in comparison with the face-

on orientations. The higher crystallinity of P3HT and PCBM aggregates associated with 

larger domain sizes, strengthened the film and resulted in extensive film cracking. These 

predictions of ductile and brittle failure modes are consistent with observations of P3HT: 

PCBM thin films deposited on PDMS substrates. This understanding of the local failure 

mechanisms can provide a framework for improving organic film ductility and strength at a 

physically relevant scale through the control of molecular packing orientations and 

microstructural mechanisms. 

A diffusion-reaction process was then coupled to the crystalline-amorphous material 

models and fracture algorithms within the nonlinear FEM framework to investigate oxidative 

degradation and embrittlement failure in semi-crystalline organic thin films. Degradation was 

primarily dominated by the reaction process, instead of the diffusion process, due to the 

length scales of the film thickness generally ranged from 20 to 200 nms. Furthermore, 

packing orientations and crystallinity had a significant effect on degradation and crack 

nucleation sites through localized reaction accumulations. The edge-on film was more 

susceptible to oxidation than the face-on film due to higher local stresses that result in higher 



decrease of local toughness. The coupled effects of diffusion-reaction and mechanical 

stresses accelerated degradation mechanisms of the thin film systems, and this resulted in 

film cracking and delamination occurring at lower nominal strains.  

These validated predictions indicate that the collective and interrelated effects of 

molecular packing orientation, crystalline orientations, crystallinity and domain sizes can be 

optimized at the microstructural scale for failure resistance and long term durability of 

flexible organic thin films under combined mechanical stress and harsh environmental 

conditions pertaining to the oxygen diffusion-reaction. This predictive methodology provides 

a fundamental understanding of how local failure modes, such as film cracking, interfacial 

delamination and oxidative degradation, can be potentially controlled at different spatial and 

temporal scales to account for interrelated microstructural characteristics of thin film systems 

and diffusion-reaction processes.    
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: Introduction CHAPTER 1

1.1 Overview 

1.1.1 Morphology and Mechanics of Organic Photovoltaic Thin Films 

Organic thin films, consisting of semiconducting ploymers, have myriad applications, 

such as solar cells, light-emitting diodes, thin-film transistors, and flexible electronics. This is 

due to their attractive potential flexibility, light-weight, low-cost, and large-area fabrication. 

The active layers of organic bulk hetero-junction (BHJ) solar cells, typically comprised of p-

type conjugated polymer P3HT and n-type fullerene PCBM are widely studied for next-

generation organic photovoltaic systems. P3HT, a semi-crystalline polymer, and PCBM 

fullerenes are mixed in a single solution and spin casted on a flexible substrate resulting in a 

semicrystalline organic thin film blend. Material heterogeneities, film morphologies and 

molecular packing pattens of the active layers at different physical scales not only 

significantly influence the optical and electrical properties, but also the mechanical 

deformation and fracture behavior 1,2,3,4,5,6,7,8,9. 

The microstructure for a semi-crystalline semiconducting polymer generally consists 

of nanoscale crystalline domains bounded by amorphous regions with tie molecules bridging 

neighboring ordered domains 10, which allows for fullerene particles to expand into less 

ordered region. The structural and morphological characteristics of semi-crystalline donor 

material P3HT have significant effects on mechanical behavior and charge transport 3. For 

example, the molecular 𝜋-packing conjugation structure of crystalline domains determines 

the intermolecular electronic orbital overlap and intramolecular transport within crystalline 

domains. For the larger-scale microstructural parameters, domain size and interconnectivity 
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between neighboring domains also influence the macroscopic charge transport 11,2 ;. 

Anisotropy originates from the evolution of the microstructure that is characterized and 

influenced by local packing disorders, orientations, crystallinity, entanglement density and 

connectivity among domains 12,3. The heterogeneities come from different material phases, 

different scales, defects and structural disorders. However, due to the complex polymer 

system at different physical scales and the limitations of experimental techniques, the 

anisotropic evolution of the microstructure and defect formations are difficult to predict. A 

computational framework, therefore, is needed to fundamentally understand and accurately 

represent the microstructure and behavior of plastic OPVs. 

1.1.2 Mechanical and Environmental Stability of Organic Thin Film Devices 

The failure mechanisms of semicrystalline polymers have been investigated for 

structural polymers, such as polyehylene (PE) and polypropylene (PP). These research efforts 

shed light on semiconducting functional polymers with similar microstructural characteristics 

for stretchable and flexible electronics applications. The fracture behavior depends on the 

process of plastic deformation accociated with microstructural mechanisms, such as the 

molecular networks in the amorphous phase and the chain slip activities in the crystalline 

phase，and thermal effects due to the distance between operating temperature and glassy 

temperature 13,14,15. Failure modes could be either ductile or brittle, depending on the 

crystallinity and the morphology of semicrystalline polymers 16,17,18. Furthermore, the 

electrical resistance also increases with crack density, which highlights the need to 

fundamentally understand the local failure mechanisms of bulk semiconducting polymers and 

thin films 8.  
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The thin film failure mechanisms of film cracking and interfacial delamination are 

closely related to the processing conditions and compositions that change film morphology 

and interfacial adhesion 1,19,20,7,21. Although the film toughness of OPV active layers could be 

improved by molecular structures 22,23,24,25, the morphological origin of cohesive and 

adhesive failure behavior of semicrystalline organic thin films on flexible substrates are not 

well understood. Most of the previous thin film modeling efforts have focused on inorganic 

films and  macroscopic linear elastic fracture behaviors of layered structures 26, 27,28. Material 

heterogeneities and microstructrual failure mechanisms, such as the interrelated effects of 

defects evolution, crystalline-amorphous interfaces, packing orientations, crystalline 

orientations, crystallinity and domain sizes on nonlinear fracture and inelastic deformation 

behavior,  have generally not been accounted in previous thin film studies.  

Degradation and Stability of polymers and organic solar cells are important to be 

investigated, because organic materials are more intrinsically susceptible to oxidation than 

inorganic materials. As organic thin film devices exposed to aggressive field environments 

including combined oxygen, moisture, heat and mechanical loadings, both device 

performance and mechancial properties degrade faster due to involved physical and chemical 

processes 29,30. The oxygen and water molecules diffuse into the active layers and react with 

polymeric materials, resulting in chain scission and crack formation. The oxidative 

degradation can be localized both within polymer active layers and at interfaces, the loss of 

structural integrity and interfacial stability generally lead to a reduction of charge transfer 

and extraction 31,32,33. The macroscopic decay curves of either electrical and mechanical 

properties can be measured experimentally, however, that rarely reveals microscopic details 
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of diffusion-reaction processes leading to degradation in structured active layers. Current 

diffusion-reaction models do not accommodate heterogeneity aspects in solid polymer 

degradation associated with local reactions and degradation zones. These, therefore, motivate 

the development of computational models to provide more fundamental understanding of 

local oxidative degradation mechanisms and morphological effects on long term durability 34. 

The fracture toughness of organic thin films can be significantly affected by 

environmental factors 35. Oxidation embrittlement is a degradation process by which 

polymeric materials become brittle due to introduction of oxygen or water molecules. 

Environmentally assisted cracking can occur in degraded polymers when the local stresses 

are below the critical fracture stress. This results from combination mechanisms that can 

involve diffusion, reaction, microstructure, fracture and external loadings. The oxidation 

kinetics at embrittlement of semicrystalline polymers and their origin have been associated 

with microstructural changes 36,37,38,39,40,41. The tensile stress will be dilatational and expected 

to interact with the diffusion-reaction process and accelerate oxidative embrittlement 42. 

However, the links between chemical reactions and microstructral failure mechanisms 

remain relatively unexplored. 

1.2 General Research Objectives and Approach 

The objective of the present work is to develop a microstructurally-based 

computational framework and a nonlinear finite-element fracture methodology that 

incorporates microstructural characteristics, mechanical response and environmental 

degradation to predict both interfacial delamination and film cracking to nucleate and 

propagate. The microstructure was physically represented as heterogeneous multiphases and 
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the influence of structural disorders, molecular packing orientations, crystallinity and PCBM 

aggregates on heterogeneous deformation and local failure mechanisms of organic 

P3HT:PCBM thin films were investigated. 

This framework is then used to identify the dominant microstructural mechanisms 

and failure modes under large inelastic deformation combined with aggressive environmental 

conditions, to further drive processing changes and tailor the design guidelines for optimal 

structural integrity and interfacial stability of flexible organic thin film applications. 

1.3 Dissertation Organization 

This dissertation is outlined as follows: Chapter 2 presents the dislocation-density 

based crystal plasticity formulation for P3HT crystals, the constitutive material models for 

amorphous phase, the microstructural representation of semi-crystalline polymers, and the 

stress-assisted diffusion-reaction model. Chapter 3 presents the microstructure-based failure 

criteria, the computational implementations of overlapping element method and multiphase 

constitutive model. Chapter 4 covers the investigation into the effects of the structural 

disorders and microstructural mechanisms on semi-crystalline P3HT behavior. Chapter 5 

contains the results on heterogeneous behavior and microstructural failure mechanisms of 

organic semi-crystalline thin film blends with distributions of PCBM aggregates. Chapter 6 

outlines the results on diffusion-reaction induced degradation and oxidation embrittlement 

failure in semi-crystalline polymer thin films for flexible electronic applications. Chapter 7 

presents a direct correlation of XRD orientation distributions to the in-plane stiffness of 

semi-crystalline organic semiconducting films. Finally, in Chapter 8 recommendations for 

future research are given. 



 

6 

: Microstructural Modeling and Physical Representation CHAPTER 2

This section presents the dislocation-density based crystal plasticity formulation used 

for P3HT crystals, elasto-viscoplasticity formulation used for amorphous mixture of 

entangled chains and miscible PCBM particles, finite elasticity used for PCBM aggregates, 

tie-chain interconnectivity, and flexible PDMS substrates.  

2.1 Dislocation-Density Based Crystal Plasticity Formulation  

The constitutive formulation for rate-dependent multiple-slip crystalline plasticity, 

coupled to evolutionary equations for the dislocation densities, will be outlined below 43,44  . 

2.1.1 Multiple Slip Crystal Plasticity Kinematics 

The velocity gradient tensor, , is calculated from the deformation gradient as  

     .                         (2.1) 

It is assumed that the velocity gradient can be additively decomposed into elastic and 

plastic parts, and .  These will be further decomposed into the symmetric deformation 

rate tensors,  and , and antisymmetric spin tensors,  and , as 

     , .            (2.2) 

 and  are the inelastic parts of total deformation rate tensor and total spin rate 

tensor, defined in terms of the crystallographic slip rates as 

                                    (2.3) 

where (α) is summed over all slip systems, and  and  are the symmetric and 

anti-symmetric parts of the Schmid tensor in the current configuration respectively. 
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These are defined in terms of the slip plane normal (ni) and slip directions (sj) as 

    and .           (2.4) 

As a measure of plastic strain, the effective plastic shear slip is calculated from the 

plastic deformation rate tensor as 

       .   (2.5) 

The stress is updated using the Jaumann stress rate corotational with the lattice, , 

as 

        ,                           (2.6) 

where  is the fourth-order isotropic elastic modulus tensor defined by 

                (2.7) 

The Jaumann stress rate is related to the material stress rate, , in the reference 

coordinate system as 

 .               (2.8) 

 

A power law relation can be used to characterize the rate-dependent constitutive 

description on each slip system as  

 ,                                                   (2.9) 
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where  is the reference shear strain rate which corresponds to a reference shear 

stress .  is the resolved shear stress on slip system 𝛼. The strain rate sensitivity 

parameter, m, is obtained as 

                 .                                             (2.10) 

The reference shear stress is a modification of the classical forms 45 that relate 

reference shear stress to immobile dislocation-density  as 

                                              (2.11) 

where G is the shear modulus,  is the static yield stress on slip system 𝛼,  nss is 

the number of active slip systems,  is the magnitude of the Burgers vector. The Taylor 

coefficients  are related to the strength of interactions between slip systems and are 

obtained using Frank’s rule to determine energetically favorable interactions for immobile 

dislocation density junction formation 46,47.  

For high strain-rate investigations under the assumption of adiabatic heating, the 

temperature is updated using 

               ,            (2.12) 

where  is the fraction of plastic work converted to heat,  is the mass density,  is the 

specific heat of the material, and  is the deviatoric stress. 
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For P3HT crystals, the crystalline domain consists of ordered packed P3HT molecular 

chains, which results in anisotropic inelastic deformation and defect evolution, governed 

primarily by crystallographic slip 48,49. The evolution of this crystalline structural disorder is 

due to the generation, annihilation, and interaction of dislocations 50. Two possible types of 

disorders are considered for the P3HT semi-crystalline behavior: chain slip parallel to 

backbones and transverse slip perpendicular to backbones. Two chain slip systems and two 

transverse slip systems were assumed 51 to represent the crystalline phase of P3HT  (Table 1). 

2.1.2 Dislocation Density Evolution 

Following the approach of Zikry and Kao 43, it is assumed that, for a given deformed 

state of the crystalline domain, the total dislocation-density, ρ (α ) , can be additively 

decomposed into a mobile dislocation density, ρm
(α ) , and an immobile dislocation-density, 

ρim
(α ) .  

     (2.13) 

During an increment of slip, mobile dislocations may be generated, immobile 

dislocations may be annihilated, or junctions may be formed or destroyed coupling the 

mobile and immobile dislocation densities, leading to the coupled differential equations 

governing dislocation density evolution,  

                      (2.14) 

       .           (2.15) 

The dislocation density evolution follows the formulation of Shanthraj and Zikry 44. 

The mobile and immobile dislocation density rates can be coupled through the formation and 
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destruction of junctions as the stored immobile dislocations act as obstacles for evolving 

mobile dislocations. This is the basis for taking the evolution of mobile and immobile 

dislocation densities as 

dρm
α

dt
= γα gsour

α

b2
ρim
α

ρm
α

!

"
#

$

%
&− gmnter−

α ρm
α −

gimmob−
α

b
ρim
α

!

"
##

$

%
&&,                             (2.16) 

dρim
α

dt
= γα gmnter+

α ρm
α +

gimmob+
α

b
ρim
α − grecov

α ρim
α

"

#
$

%

&
'.                                (2.17) 

where gsour  is a coefficient pertaining to an increase in the mobile dislocation-density 

due to dislocation source, gmnter are coefficients related to the trapping of mobile dislocations 

due to forest intersections, cross-slip around obstacles, or dislocation interactions, grecov is a 

coefficient related to the rearrangement and annihilation of immobile dislocations, and gimmob

are coefficients related to the immobilization of mobile dislocations. 

To couple the evolution equations for mobile and immobile dislocation densities to 

the crystal plasticity formulation, the non-dimensional coefficients in Eqns. (2.16-2.17) are 

determined as functions of the crystallography and deformation mode of the material, by 

considering the generation, interaction, and recovery of dislocation densities as discussed in 

Shanthraj and Zikry 44. These expressions are summarized in Table 2-2, where f0 , and ϕ  are 

geometric parameters. 𝐻! is the reference activation enthalpy, ρs is the saturation density, and 

the average junction length, lc , can be approximated as 

lc =
1
ρim
(β )

β

∑
.                                                                   (2.18)                
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When mobile and immobile dislocation-densities intersect or interact, junctions can 

be formed (see, for example 44). To determine these interactions for the crystalline phase, an 

interaction tensor, nα
βγ , is introduced and defined as having a value of 1 if dislocations on 

slip-systems β and γ  interact to form an energetically favorable junction on slip system 𝛼, 

and a value of 0 if there are no junctions. This interaction tensor is used to map the 

dislocation-density interactions with the corresponding slip system, and the energy criterion 

based on Frank’s rule is used to determine the formation of junctions as 

                     (2.19)

 

To obtain the interaction tensor, nα
βγ , the total number of interactions between slip 

systems has to be considered. For the P3HT crystalline domains, the total interactions can be 

reduced to: the self-interaction between same slip systems, the co-linear interaction between 

slip systems with parallel Burgers vectors, the co-planar interaction between co-planar slip 

systems, and non-co-planar slip systems. The Taylor interaction coefficients, aαβ , represent 

the average strength of the interaction between two slip systems 𝛼 and 𝛽, which are given in 

Table 2-3 for the different interactions. The interaction tensor can be obtained by considering 

the product of each interaction type. It should be noted that the coefficients in Table 2-2 are 

functions of the immobile and mobile densities, and hence are updated as a function of the 

deformation mode 44. 
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Table 2-1 Slip systems for P3HT crystalline phase 

Chain slip systems Transverse slip system 

(100)[001] (100)[010] 

(010)[001] (010)[100] 
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Table 2-2 Coefficients in equation (2.16-2.17) 

g  Coefficients Expression 

gsour
α   

gmnter−
α  lc f0 aαβ

β

∑ ρm
β

ρm
αbα

+
γ β

γαbβ
"

#
$

%

&
'  

gimmob−
α  

lc f0
ρim
α

aαβ ρim
β

β

∑  

gmnter+
α  

lc f0
γαρm

α
nα
βγ aβγ

ρm
γ γ β

bβ
+
ρm
β γ γ

bγ
!

"
#

$

%
&

β ,γ
∑  

gimmob+
α  

lc f0
γα ρim

α
nα
βγ aβγ ρim

γ γ β

β

∑  

grecov
α  lc f0

γα
aαβ
γ β

bββ

∑
"

#
$$

%

&
''e

−H0 1−
ρim
α

ρs

"

#

$
$

%

&

'
'

kT

"

#

$
$
$
$
$
$

%

&

'
'
'
'
'
'
 

 

 

 

 

€ 

bαϕ ρim
β

β

∑



 

14 

Table 2-3 Interaction coefficient values for the four types of reactions between four slip 

systems in P3HT crystals 

Interaction type Taylor interaction coefficient aαβ  

Self 0.5 

Co-linear 0.15 

Co-planar 0.5 

Non co-planar 0 

 

2.2 Constitutive Formulations for Amorphous Phase 

2.2.1 Elasto-viscoplasticity Formulation 

Since PCBM particles are partially miscible into P3HT disordered chains, the 

amorphous phase is a mixture of entangled P3HT chains and PCBM particles 52. We, here, 

assumed that these miscible PCBM particles were smeared out into the amorphous phase 

without geometrical representation.  The glassy temperature, , of the disordered P3HT 

chains is approximately 40!𝐶  53 with a moderate blend ratio of PCBM. Therefore, the 

amorphous phase is in a glassy state at room temperature, and it can be modeled as elasto-

viscoplastic.  

Following the approach by Zhao and Zikry 54, we use Perzyna's viscoplastic model to 

account for the strain induced hardening behavior of the amorphous mixture 55. It is assumed 

that the total strain tensor can be decomposed into an elastic part and a viscoplastic part 56 

as 

Tg

εij
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𝑑𝜀!" = 𝑑𝜀!"! + 𝑑𝜀!"
!"                                                          (2.20) 

where  is the effective plastic strain, and  is the elastic strain. Following the 

same decomposition approach as the finite strain crystalline plasticity approach, the 

symmetric deformation rate tensor  is decomposed into elastic and viscoplastic 

components as 

                                                           (2.21) 

It is assumed that plastic yielding depends on a yield condition, , where  

is effective viscoplastic strain in the amorphous phase. The yielding criterion is defined as 

                                 (2.22) 

where  is the second invariant of the deviatoric stress tensor of 

the amorphous phase. The function  defines the current yield stress, and it is assumed 

to be linear in  as 

                                                       (2.23) 

where is the initial yield stress, and  is the hardening modulus. 
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shear stress can then defined as 

,                                                         (2.24) 

where N is the rate-sensitivity and  is a reference shear strain rate. Hence, 

viscoplastic strains are non-zero only if the flow function ≥ 0. The viscoplatsic 

deformation rate tensor, , is related to effective visco-plastic strain rate   by the normal 

direction , as 

                                                            (2.25) 

                                                          (2.26) 

The accumulated effective viscoplastic strain in the amorphous phase is then given by 

.                                                          (2.27) 

If the viscoplastic strain rates are zero, the deformation is finite elasticity based on the 

elastic deformation-rate tensor (eqn.2.21). 
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2.2.2 Finite Elasticity Formulation 

The significant contributions of tie-chains to the overall mechanical behavior and 

functional properties of semicrystalline systems have been demonstrated 57,2. To address this, 

the portion of tie-chains through the amorphous phase is physically represented as aligned 

regions with the crystalline phase, and modeled as hypo-elastic. The ordered portion of the 

tie-chains, within the crystalline phase, has essentially been smeared out. The tie-chain 

morphology, for the finite element models, was generated with preset geometrical parameters 

that accounted for the chain length and width, curvature, and volume fraction. The pure 

PCBM aggregates consisting of C-C bonds and PDMS substrate were also modeled as hypo-

elastic.  

The finite elasticity hypo-elastic formulation that relates the deformation rate tensor 

to the objective stress rate is  

.                                                     (2.28) 

The stress rate, , is given by 

                                               (2.29) 

where  is  the  objective stress rate and    and are the Lame´ parameters. is 

the total deformation rate and is the total spin rate. 

2.3 Multiphase Microstructural Representation of Semi-Crystalline Polymers 

This semi-crystalline material system is physically represented by crystalline phase, 

amorphous phase and tie chain interconnectivity network to account for different structural 

domains and the packing order effects on local behavior. 
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Multi-slip dislocation-density based crystalline plasticity formulation is presented 

here for the P3HT crystalline phase to account for anisotropic defect evolution. The evolution 

of crystalline structural disorder is due to the generation, annihilation, and interaction of 

dislocations. Two possible types of disorders were taken into consideration for P3HT 

crystals: chain slip parallel to backbones and transverse slip perpendicular to backbones 

(Table 1), which is primarily with respect to the build-in lattice defects among ordered 

packing P3HT chains. There are also two patterns of molecular packing orientation of P3HT 

crystals, such as the face-on and the edge-on.  

2.4 Stress Assisted Diffusion and Reaction 

For diffusion-reaction induced environmental degradation and oxidation 

embrittlement failure, oxygen and water molecules can diffuse into the material system and 

react with the polymer chain backbones, which can cause dilatational distortion and chain 

scission, and interact with the stress field through the pressure  58. The pressure 

is positive for tensile stresses. The stress-assisted diffusion-reaction equation is a 

modification of Fick’s Second law, which can be given by 58–60  

!"
!"
= 𝐷∇!𝐶 − 𝑅 𝐶 − ∇(!!!

!"
𝐶  ∇𝑝) ,                                (2.30) 

where C is the oxygen concentration, D is the oxygen diffusion coefficient of P3HT 61, k is 

the reaction constant 62,  Vo is the partial molar volume of oxygen, and equal to 2.0 ×10-6 

m3/mol 63, T is the absolute temperature. Reaction rate, R(C) = k C, is defined as a linear 

function of oxygen concentration . 

p = Tr(σ ) / 3
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: Fracture Approach and Numerical Method CHAPTER 3

3.1 Microstructure-based Film Cracking and Interfacial Delamination Criteria 

For the P3HT crystalline phase, the crack planes are associated with slip planes 

100 , 010  in the local coordinates, the global orientations of these crack planes for each 

crystal can be obtained through a transformation matrix 𝑇 , which is a function of crystalline 

orientations as 

𝑛!"#!$%&#'( = 𝑇 100 , (010) .                                                (3.1) 

The global orientation of the crack planes in the current configuration is updated at 

each time step, through lattice rotation matrix, 𝑊!"
∗ , as  

𝑛!"#!$%&#'( =𝑊∗𝑛!"#!$%&#!".                                                  (3.2) 

For the other non-crystalline phases in the film, the crack planes are assumed as 

100 , 010   in the global coordinate system, which would be perpendicular or parallel to 

the tensile loading directions based on experimental observations 18. The normal component 

of the traction vector over all the crack planes is monitored, and compared with a critical 

cohesive fracture stress 𝜎!"#$ to determine fracture initiation and propagation as 

𝑡!"#!$%&#'( > 𝜎!"#$,                                                                (3.3) 

where 𝑡!"#!$%&#'( = max !"#!$%&#'() 𝑛!"#!$%!"#$! 𝜎 𝑛!"#!$%&#'( . 

To determine interfacial delamination, normal components of traction at three planes 

were monitored at the film-substrate interface. The normal traction of (011) plane in global 

coordinates represents a combination of interfacial normal and shear stresses to evaluate the 

interfacial strength 𝑡!"#!$%&#'( . The maximum value was compared with the critical 
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interfacial fracture stress 𝜎!"#$. The adhesive strength is assumed to be smaller than the 

cohesive strength of the film so that the interfacial crack would propagate along the 

interface64.  The crack planes and critical fracture stress 𝜎!"#$ for both film cracking and 

interfacial delamination are listed in Table 3-1.  

Table 3-1 Fracture criteria for each phase and interfacial delamination 

Phase type Crack planes 

𝑛!"#!$%&#!" 

𝝈𝒇𝒓𝒂𝒄
𝝈𝒚𝒊

 

(i = a, c) 

P3HT Crystalline  [T]{(100), (010)} 6 

Amorphous mixture (100), (010) 6 

Tie-chain regions (100), (010) 6 

PCBM Aggregates (100), (010) 10 

Interfacial 

delamination 

(100), (010), (011) 1.5 

 

3.2 Failure Criteria for Oxidation Embrittlement 

The failure criterion for oxidation embrittlement is similar to that of cleavage fracture 

outlined in Chapter 3.1, but the diffusion-reaction assisted fracture mode in organic thin films 

and fracture toughness.  

The failure criterion for oxidation embrittlement can be given by 

                                                ,
                                                    (3.4) t fracture >σ c
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The presence of oxygen decreases the critical fracture stress, and the quantitative 

relationship between the critical fracture stress and oxygen concentration and reaction 

consumption, is, therefore, applied on the {100} fracture planes as follows, 

                                                   𝜎! = 𝜎!!𝑒
(! ! ! !"

! )                                              (3.5) 

where σc0 is the initial critical fracture stress on {100} planes at a oxygen 

concentration of 1 ppm, C is oxygen concentration, R is reaction rate, the reaction 

consumption is calculated as an integral.  

To quantify the reduction of critical fracture stress, the decay factor is defined as 

𝑅𝐶𝐹𝑆 = 1− !!
!!!

.                                                     (3.6) 

3.3 Numerical Implementation of Overlapping Element Method 

When the failure criterion is attained in one element, the elastic energy stored in the 

element will be released, and the elastic energy release rate should be related to plastic work 

under large plastic deformation. Numerical instability can be encountered, because the 

resolved shear stresses, slip rates, and dislocation densities can vary widely, due to decreases 

in stiffness caused by introducing crack surfaces. To address these numerical issues, the 

stresses are unloaded after the failure criterion is attained as  

       σ n+1 =σ n ×α
N

,             (3.7) 

where N is the number of unloading steps after failure, and α is the decay factor, which is a 

function of elastic energy Qe and plastic work Qp, and can be written as 

           α = e
−
Qe
βQp  ,                                                                 (3.8) 
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where β is a constant. After the stresses have been unloaded, overlapping elements are 

introduced to represent failure surface. For the limiting case with Qe >> Qp, which means 

little plastic work or brittle facture, the decay factor α goes to zero, and the unloading process 

can be completed in one time step. 

We follow the approach of Wu and Zikry 65, and consider one element with a crack 

defined implicitly by f(X)=0 66. This divides the element domain into two subdomains with 

areas Ae1 and Ae2. The direction of crack propagation would be along the most favorable 

crack plane. The 3D fracture model is implemented in a 2D setting by projecting the 3D 

crack path onto the 2D plane. Adding phantom nodes on top of the existing nodes, the 

original cracked element is replaced by two overlapping elements. The two overlapping 

elements do not share nodes, and therefore can have independent displacement fields. For 

each overlapping element, only the subdomain with area Ae1 or Ae2 (Figure 3.1), 

corresponding to one of the two subdomains for the original cracked element, is considered 

as active. For a 4-node quadrilateral element with one-point integration and hourglass 

control, the internal nodal force vector of the cracked element is given by Song 67. 

                                                         ,                                           (3.9) 

where fe1
int and fe2

int  are the internal nodal force vectors of the overlapping elements, 

and are given by 

                                              ,                            (3.10) 

In summary, the procedure for implementation of the overlapping element method is 

as follows: 
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(1) Monitor failure criterion for the necessary elements, at each time step after 

equilibrium. 

(2) If the failure criterion is satisfied, physically unload stresses to a lower level in the 

following time steps.   

(3) Add phantom nodes after stress unloading is completed, and introduce overlapping 

elements (Figure 3.1).  

(4) Update new residual force and stiffness for overlapping elements, assemble new 

global residual force and stiffness, and solve for the new geometry. 

To account for interfacial delamination, a single layer of elements was inserted 

between thin film and substrate to represent the interfacial crack nucleation and propagation. 

All types of cracks are allowed to occur by monitoring failure criteria for both film cracking 

and interfacial delamination. 

3.4 Computational Implementation of Multiphase Constitutive Material Model 

The total deformation rate tensor, , and the plastic deformation rate tensor, , of 

crystalline phase and of amorphous phase, are needed to update the material stress state. 

The method used here is the one developed 68 for rate-dependent crystalline plasticity 

formulations, and only a brief outline will be presented here. For quasi-static formulation, an 

implicit finite element (FE) method is used to obtain the total deformation rate tensor . To 

overcome numerical instabilities associated with stiffness, a hybrid explicit-implicit method 

is used to obtain the plastic deformation rate tensor, and . This hybrid numerical 

scheme is also used to update the evolutionary equations for the mobile, , and immobile 

Dij Dij
p

Dij
vp

Dij

Dij
p Dij
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densities . An incremental iterative approach with BFGS was used for the quasi-static 

update of the displacements with four-node plane strain quadrilaterals, and the B-bar method 

was used for the control of spurious modes. Details for this approach are given in Shanthraj 

and Zikry 44. 
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Figure 3.1 Decomposition of a cracked element with two overlapping elements. 
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: The Effects of Structural Disorders and Microstructural Mechanisms on CHAPTER 4

Semi-Crystalline P3HT Behavior 

Semiconducting conjugated polymers, such as P3HT, have applications for 

photovoltaic and flexible electronics.  However, charge transport is sensitive to the 

mechanical behavior of the donor P3HT. A computational framework has, therefore, been 

used to identify the microstructural mechanisms, at different physical scales, that affect 

behavior. The approach accounts for the microstructure as an interrelated three-phase model 

that is physically representative of crystalline domains, an amorphous interphase, and tie-

chain bridging regions. Based on our predictions, the face-on packing crystalline orientations 

had higher toughness in comparison with the edge–on packing orientations that had higher 

strengths due to local dislocation-density interaction mechanisms. The higher inelastic 

deformation, associated with face-on orientations, disrupted the conjugation structure in the 

crystalline phase, and this could affect charge. These predictions indicate that the behavior of 

P3HT polymers can be optimized by controlling the packing orientations, the crystallinity, 

the entangled chain density, and the tie chain interconnectivity. 

4.1 The Model and Validation 

The heterogeneous model system of semi-crystalline P3HT is shown in Figure 4.1 

The plane strain model had dimensions of 20 nm by 20 nm. The crystalline domains were 

chosen with dimensions of 5 nm × 15 nm 69. The crystallinity of P3HT was assumed as 40%, 

and the initial material properties for each phase in Table 4-1 were estimated based on 

experimental investigations of P3HT 1. 
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To validate the modeling approach, comparisons were made with experiments on 

bulk P3HT conducted by Koch 3. A convergent plane strain FE mesh of 32,000 quadrilateral 

elements with dimensions of 1 mm by 1 mm was subjected to tensile loading at a nominal 

strain rate of 0.02/s for nominal strains of up to 100%. It was assumed that the crystallinity 

was approximately 40% with initially low-angle random crystal orientations of less than , 

and the volume fraction of tie-chain regions was assumed as 10% for the amorphous phase.  

The nominal stress strain curves for the experimental and computational results are shown in 

Figure 4.2 The maximum difference between the experimental and the numerical stress 

values was approximately 5%. Differences between the predicted and experimental values 

can be due to the three-dimensional experimental aspects and the assumptions for the volume 

fractions of the crystalline and amorphous phases. However, this result is a strong indication 

of the validity of the proposed constitutive formulation and the numerical model.  
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 Figure 4.1 A three-phase heterogeneous model of bulk P3HT: pure P3HT crystals, 

amorphous phase, and tie-chain bridging regions among crystals. Tilt angles between 

the chain axis and the normal of folding surfaces (crystalline interface). 
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Table 4-1 Material properties of each phase 

Properties P3HT crystalline phase 

Young’s modulus, E 0.34 GPa 

Static yield stress, 𝜏! 1 MPa 

Poisson’s ratio, 𝜈 0.35 

Rate sensitivity parameter, m 0.01 

Burger vector, b 3.0 x 10-10  m 

Initial mobile dislocation density, 𝜌! 1.0 E+06 

Initial immobile dislocation density, 𝜌!" 1.0 E+11 

Tilt angle, 𝜑 {20o ; 45o ; 80o } 

Face-on orientation (0o , 𝜑, 0o ) 

Edge-on orientation (90o , 𝜑, 0o ) 

Properties P3HT amorphous phase 

Young’s modulus, E 0.1 GPa 

Static yield stress, 𝜎! 1 MPa 

Poisson’s ratio, 𝜈 0.4 

Rate sensitivity parameter, N 4 

Hardening modulus, G 5 MPa 

Properties Tie-chain regions 

Young’s modulus, E 1.0 GPa 
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Poisson’s ratio, 𝜈 0.4 

 

 

Figure 4.2 Computational and experimental stress-strain curves of bulk P3HT. 
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4.2 Results and Discussion 

4.2.1 Effects of Face-on and Edge-on Orientations on Local Behavior 

The effects of structural disorders and nanomorphology, such as crystalline 

orientations, tilt angles, and tie-chain connectivity, on the mechanical behavior and local 

microstructural evolution of semi-crystalline P3HT were analyzed. A convergent plane strain 

FE mesh of 10,262 elements with dimensions of 20nm x 20nm was subjected to tensile 

loading at a nominal strain rate of 10-2 s-1 (Figure 4.1).  The effects of orientation were 

investigated by modeling face-on and edge-on orientations. The 𝜋-packing direction [010] or 

b-axis of face-on crystals is out of the plane of the substrate, while that of edge-on crystals is 

parallel to the plane of substrate with a 90 degree rotation around the long-chain axis [001] 

from the face-on orientation (Figure 4.3). In this section, the tilt angle between the chain axis 

and the normal axis of folding surface is assumed to be 45 degree for both cases. Therefore 

for the model, the upper crystal is oriented at + 45o (it is assumed that clockwise is positive) 

and the lower one is  - 45o  with respect to the tilt angle (Figure 4.3). 

The total accumulated shear strain in the crystalline domains, due to activity on all 

active slip systems, and the effective plastic strain in the amorphous phase, at a nominal 

strain of 20%, is shown in Figure 4.3 for the face-on and the edge-on orientations. For the 

face-on orientation in Figure 4.3(a), the total plastic shear strain in the crystalline domains 

accumulated adjacent to the interface between the amorphous and crystalline phases with a 

maximum value of 45%. The maximum accumulated effective plastic strain in the 

amorphous phase also accumulated near the amorphous-crystalline interface with a 

maximum value of 25%. These results indicate that most of the inelastic behavior is due to 
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the crystalline phase, and this is consistent with experimental observations by O’Connor 70 

that the amorphous phase is not significantly oriented as the crystalline phase prefers a plane-

on configuration.   

For the edge-on orientation in Figure 4.3(b), the effective plastic strain localized in 

the amorphous zone with a maximum value of 40%. The accumulated shear slip in the 

crystalline domains was concentrated near the terminal points of tie-chain regions at the 

interface, with a maximum value of 65%. In comparison with the face-on orientations, most 

of the inelastic deformation was in the amorphous phase. Due to the incompatible plastic 

deformation of crystalline and amorphous phase, stress concentrations also accumulated at 

the interfaces, (Figure 4.6), with maximum normalized normal stresses of 45 (the stresses 

were normalized by the static yield stress), which would correspond to a value of 45 MPa. 

The local deformation behavior differences between face-on and edge-on orientations 

can be due to the dislocation density interactions on the crystalline slip systems. The most 

active slip system for the face-on orientation was the chain slip system [001](010), and the 

maximum value of the normalized immobile dislocation density on this slip system was 4.5 

E+04. For the edge-on orientation, the most active slip system was the transverse system 

[010](100) with a maximum normalized value of 1.6 E+04 (Figure 4.4), which was 

approximately three times less than that of the face-on case.  

           To further understand and quantify this local behavior, a measure of the interaction 

density normalized by initial immobile dislocation density on slip system (𝛼), which is the 

increase in immobile dislocation-density due to junction formation relative to the decrease of 

mobile dislocation-density, can be defined as 
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.                  (4.1) 

Values of 𝜌!"#$! < 0 indicate that the annihilation of dislocation-density junctions is dominant, 

while values of 𝜌!"#$! > 0 indicate that the formation of dislocation-density junction is 

dominant. In Figure 4.5, the normalized interaction density of the most active slip system of 

the chain slip system [001](010), for face-on orientations, at a nominal strain of 20%, is -

3.9E+03 at the crystalline-amorphous interface, which indicates that junctions were 

annihilated. For the edge-on orientations, the normalized interaction density of the most 

active slip system, the transverse slip system [010](100), is 3.8E+03, with maximum values 

at the terminal points, which indicates that junction formation was dominant.  For the face-on 

orientation, the pair of co-linearly interacting chain slip systems (100)[001] and  (010)[001] 

are the dominant systems, and hence junction annihilation resulted in the higher inelastic slip, 

in comparison with the edge-on orientation case.   For the edge-on case, the transverse slip 

system (100)[010] was the most active, and co-planar junctions formed as the transverse slip 

systems interacted with chain slip systems on each slip plane. The tie molecule regions, 

which are interlinked to the crystalline domains, can hinder dislocation motion along the 

transverse direction that is normal to the tie chain directions, as indicated by the high normal 

stresses. Hence, junction formation resulted in strengthening and high normal stresses at the 

crystalline-tie chain interface (Figure 4.6). These local dislocation interactions and different 

orientations, therefore, can drastically affect deformation behavior. 

The lattice rotation in the crystalline phase, which is a measure of geometrical 

softening attached to the long-chain backbone or the rotation of c-axis of P3HT crystal unit 
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cell, varied from +14 to -14 for the face-on crystals (Figure 4.6a).  There was little lattice 

rotation for the edge-on crystals (Figure 4.6b), and this lack of lattice rotations can be 

directly due to junction formation. It also indicates that chain alignment in the crystalline 

phase with respect to the loading direction affects local behavior.  

The normal stresses (Figure 4.7) were generally tensile for both orientations. There 

were, however, localized regions at the interfaces between tie chain regions and the left 

amorphous phase where both tensile and compressive normal stress occurred.  This is due to 

tie-chain stretching and interfacial compatibilities with the amorphous phase.  The maximum 

normalized pressure at the interface of tie-chain regions in the edge-on case was 25 (Figure 

4.7d), which was twice as large as that of the face-on case with a maximum normalized value 

of 12 (Figure 4.7c). These higher pressures can result in micro-void nucleation and crazing at 

interfaces between aligned tie-chain fibrils and amorphous phase. This is consistent with 

investigations by Mahajan et al. (2010) and Estevez et al. (2000).  

           Based on these results, face-on crystalline orientations have higher toughness and 

ductility in comparison with edge–on orientations that can accumulate higher stresses at 

interfaces. These higher stresses can enhance strengthening, but can also result in brittleness. 

This is consistent with experimental investigations 73, which indicate that ductility can be 

attained by increasing alkyl side-chain length of conjugated polymers, where preferable face-

on orientations were observed in the corresponding morphology of films with long alkyl side 

chains 74. 
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4.2.2 Effects of Tilt Angles: In-plane Crystalline Misorientations 

Due to the long-chain nature of P3HT, the tilt angle between the long-chain axis and 

the normal axis of preferred folding surface, has been observed in samples of high molecular 

weights 75, and this can be considered as initial in-plane misorientations. The polymer long-

chain axis primarily determines the anisotropic absorbance of polarized light along 

backbones. Hence, the effects of initial in-plane misorientations on local behavior were 

investigated for two tilt orientations of and .  These two face-on cases can provide a 

further understanding of in-plane misorienations. 

For the high in-plane misorientation of , the lattice rotation, varied from -  to 

 with the maximum value occurring along the direction of the tie chain regions (Figure 

4.8). There were several localized wavy shear strain bands across the crystalline chain 

backbones. These local chain distortions resulted from high in-plane misorientaitons, which 

can interrupt the local conjugation structure of intra-chain and inter-chain charge transport. 

The maximum accumulated plastic shear strain localized at the top and bottom wavy 

crystalline-amorphous interfaces with a maximum value of 110%.  This instability of 

interfaces may be due to the dislocation density impedance and pile-ups at crystalline-

amorphous interfaces at high strains. The maximum effective plastic strain in the amorphous 

phase was 30%, which is significantly less than that of crystalline phase. The maximum 

normalized total interaction density was -1.7E+04 at the wavy interfaces, and this 

annihilation mechanism results in the accumulation of shear strains in the crystalline regions. 

The immobile dislocation density was a maximum along the wrinkled or highly deformed 

regions, and it resulted in a concentration of high normalized normal stresses with a 

20o 80o

80o 55o

25o
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maximum value of 80.  These local disorders or defects of the crystalline domains at large 

strains are likely due to initial morphological features, such as high in-plane misorientations 

and the interconnectivity of tie-chain bridging regions. These high structural disorders would 

affect charge transport as one source of charge trapping to decrease the local charge mobility 

2,76.  

For the low tilt angle case of , the lattice rotation varied from -30 to 25 with the 

maximum values occurring at the interface along the tie-chain bridging regions (Figure 4.9). 

The maximum accumulated plastic shear strain was 50% in the crystalline phases, and the 

maximum effective plastic strain was approximately 40% in the amorphous phase. The 

negative normalized total interaction density, with a maximum value of – 2.8e+03, is 

significantly smaller than that of the high misorientation case, which indicates that 

dislocation interactions in crystalline domains with low misorientations have lower ductility. 

The maximum normalized normal stress is 40 in the tie-chain regions, which can result in 

micro-void formation due to high triaxiality stresses 71.  

The maximum normal stress was accumulated in tie-chain networks for the high 

misorientation case with a normalized value of 80. This was twice higher than that of a low 

misorientation case, where the maximum stress value was 40 (Figure 4.8d) and (Figure 4.9d).  

The normal stresses accumulated at the crystalline interfaces connecting to tie-chain 

networks with high and low in-plane misorientations are shown in Figure 4.10. For the high 

misorientation case, the normalized normal stress at the crystalline interfaces had higher 

peaks at the terminal points with a maximum normalized value of 26 (Figure 4.10). This 

20o
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indicates that the tie-chains networks, which are stress transmitters to the crystalline domains, 

have a more significant effect on local behavior for high misorientations. 

4.2.3 Effects of Crystalline-Amorphous Volume Fraction 

The effects of three different crystalline volume fractions of 0%, 20%, and 40% on 

overall behavior were investigated. A face-on orientation with a 450 tilt angle was assumed in 

the crystalline domains. The global stress-strain curves for the different crystallinities are 

shown in Figure 4.11. For increasing crystallinities, for a hardening modulus of 5 MPa and a 

tie-chain volume fraction of 10% in the amorphous phase, the stresses and yield stresses 

increased. As noted earlier, this was due to the higher dislocation density interactions.   

4.2.4 Effects of hardening modulus of amorphous phase 

The yielding behavior of well-bridged semi-crystalline polymers is not only related to 

the interplay of the crystalline stability and the amorphous entanglement density 77, but it can 

also be influenced by the tie-chain interconnectivity. The stability of crystals is represented 

by yielding stress, which increases with lamellae thickness 55. For P3HT, the thickness of 

crystalline lamellae is limited as a constant in samples with high molecular weight. 

Therefore, to investigate the interplay between crystalline and amorphous phases, the 

amorphous hardening moduli were varied. The stress-strain curves for different hardening 

moduli of 3 MPa, 5 MPa and 7 MPa, with a crystallinity volume fraction of 40% and a tie-

chain volume fraction of 10% at a nominal strain of 100% are shown in Figure 4.12. As the 

hardening modulus was increased, the overall stresses increased. The hardening modulus is 

proportional to the degree of chain entanglements, and this clearly affects strength.  The 

effects of the tie chains were also substantiated by a case that did not include tie chains with a 
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modulus of 3 MPa. This case has significantly lower stresses that than the cases with the tie 

chains. This clearly indicates that the tie-chain regions increases the resistance of materials to 

inelastic deformation with higher yield stress and larger yield strain, and increased the 

strength of well-bridge semi-crystalline polymers, which has also been observed by Makke57.  
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Figure 4.3 The total accumulated plastic shear strain and effective plastic strain in the 

crystalline and amorphous phase at 20% normal strain with (a) face-on orientation ( 0o

,  ± 45o ,0o ) and (b) edge-on orientation (90o , ± 45o ,0o ). 
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                                (a)                                                                  (b) 

Figure 4.4 The normalized immobile dislocation density (normalized by the initial 

immobile dislocation density) at 20% normal strain (a) on the most active chain slip 

system  [001](010) in P3HT crystals with a face-on orientation (b) on the most active 

transverse slip system  [010](100) in P3HT crystals with an edge-on orientation.       
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                                 (a)                                                        (b) 

Figure 4.5 Normalized interaction density by the initial immobile dislocation density at 

20% normal strain (a) on the most active chain slip system  [001](010) in P3HT crystals 

with a face-on orientation (b) on the most active transverse slip system  [010](100) in 

P3HT crystals with an edge-on orientation.  
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                                  (a)                                                       (b) 

Figure 4.6 Lattice rotations at 20% normal strain with (a) face-on orientation (0o , 

± 45o ,0o ) and (b) edge-on orientation (90o , ± 45o , 0o ). 
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                           (a)                                                                   (b) 

 

                           (c)                                                                    (d) 

Figure 4.7 Contours of (a) normal stress (c) pressure at 20% normal strain with face-on 

orientation (0o , ± 45o ,0o ) and (b) normal stress (d) pressure with edge-on orientation (

90o , ± 45o ,0o ) normalized by static yield stress.  
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Figure 4.8 (a) Normalized total accumulated plastic strain (b) rotation(c) normalized 

total interaction density (d) normal stress at 20% normal strain with a high 

misorientation (0o , ±80o ,0o ). 
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Figure 4.9 (a) Normalized total accumulated plastic strain (b) rotation(c) normalized 

total interaction density (d) normal stress at 20% normal strain with a low 

misorientation (0o , ± 20o ,0o ). 
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Figure 4.10 Stress distribution at crystalline boundaries, which are connected to the tie-

chain regions with a high in-plane misorientation (0o , ±80o ,0o ) and a low in-plane 

misorientation (0o , ± 20o ,0o ). 
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Figure 4.11 The stress –strain curve for different volume fractions of crystallinity. 
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Figure 4.12 The stress-strain curve for different hardening modulus G with a fixed 

crystallinity of 40%. 

4.3 Conclusions 

We have introduced and validated a computational framework to investigate the 

mechanical response of the semiconducting polymer, P3HT. The effects of structural 

disorder and nanomorphology on the mechanical behavior of P3HT have been investigated.  

The face-on crystalline orientations had higher toughness and ductility in comparison with 

edge–on orientations that had higher stresses. These higher stresses can enhance 

strengthening, but can also result in brittleness. Local deformation behavior is significantly 

influenced by orientations and local dislocation density interactions. The formation of local 
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dislocation-density junctions resulted in local strengthening and stress build-up in crystals 

with edge-on orientations. 

For face-on orientations with high tilt angles, chain distortion of ordered regions can 

potentially affect charge transport in organic polymers by acting as morphological traps, 

which  due to the increases in ductility and lattice rotations, These increases in ductility 

resulted in increases in defects, such as dislocation-densities. Therefore, ductility, may not be 

optimal for devices due to local distortions and wavy instabilities.  

These predictions indicated that by increasing the crystallinity, the overall strength of 

the systems, with face-on orientations, also increased. This is due to the local dislocation 

density interactions that resulted in dislocation-density junction formation. A higher density 

of entanglements in the amorphous phase was investigated by varying the hardening modulus 

of the amorphous phase. Higher values of the hardening modulus resulted in higher strength, 

and this indicates that tie-chain interconnectivity can enhance the resistance of well-bridged 

systems to inelastic deformation.  The behavior of P3HT polymers can be, therefore, 

potentially be optimized for desired performance by controlling the packing orientation, the 

crystallinity, the entangled chain density, and the tie chain interconnectivity. 
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: Microstructural Behavior and Failure Mechanisms of Organic Semi-CHAPTER 5

Crystalline Thin Film Blends 

Organic thin films comprised of P3HT semiconducting polymers and PCBM 

fullerenes that are deposited on a flexible polymer substrate, can have myriad applications 

pertaining to flexible and stretchable electronics. However, processing conditions that can 

affect molecular packing and film morphologies significantly change mechanical behavior 

and material failure. Therefore, in this study, a multi-phase microstructurally-based 

formulation and nonlinear finite-element fracture methodology have been developed to 

investigate the failure modes of organic semicrystalline thin films. The multi-phase 

formulation accounts for the crystalline and amorphous behavior, the tie-chains, and the 

PCBM aggregates. The fracture approach accounts for the nucleation and propagation of 

both interfacial and film cracks. Our predictions indicate that packing orientations and 

morphological domain size were dominant characteristics that affected local failure 

mechanisms. Face-on packing orientations resulted in extensive inelastic deformation and 

crystalline rotation due to dislocation density activity, which was characterized by ductile 

failure modes and interfacial delamination. For edge-on packing orientations, brittle failure 

modes and film cracking were predicted based on lower inelastic deformation and higher 

film stress in comparison with the face-on orientations. The higher crystallinity of P3HT and 

larger PCBM aggregates associated with larger domain sizes, strengthened the film and 

resulted in extensive film cracking. These predictions of ductile and brittle failure are 

consistent with experimental observations for P3HT:PCBM films. This understanding of the 

local failure mechanisms can provide a framework for improving organic film ductility and 
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strength through the control of molecular packing orientations and microstructural 

mechanisms. 

5.1 The Model 

Different failure modes have been experimentally observed, by Awartani et al. 1, in 

organic P3HT:PCBM thin films with different crystallinity (Figures 5.2a-b). Two optical 

microscopy images are shown, one for a crystallinity or P3HT aggregate percent of 

approximately 40% (Figure 5.2a) and one for a crystallinity of approximately 30% (Figure 

5.2b). These specimens were loaded in tension with the loading direction normal to the cross-

section, and the optical microscopy images are a top-view of the specimen. As seen from 

these figures, for the higher crystallinity case, there is extensive wrinkling and a large crack 

in the film normal to the loading direction. For the lower crystallinity case, there is some 

interfacial delamination, between the film and substrate, without film cracking. Based on 

these experimental observations, there needs to be a fundamental understanding of how 

different morphologies affect the mechanical behavior and failure mechanisms of semi-

crystalline polymer thin films. Therefore, the interrelated effects of structural disorders, 

molecular packing orientations, crystalline orientations, local domain size of ordered P3HT 

and PCBM aggregates, were investigated to identify the dominant deformation and failure 

modes that affect film behavior at large strains.      

          The proposed nonlinear finite element model system is, therefore, used to understand 

and predict the heterogeneous behavior of the P3HT:PCBM thin films (Figure 5.1). A 

convergent plane strain FE mesh of 30,000 elements with dimensions of 200 nm x 200 nm 

was subjected to a quasi-static tensile loading normal to the cross section at a nominal strain 
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rate of 10-2 s-1. The thickness of P3HT:PCBM thin layer was assumed as 40 nm, and the 

thickness ratio of organic thin layer to the PDMS substrate was taken as 1:4. The volume 

fraction of tie-chain regions was assumed as 5% of the amorphous phase, and the PCBM 

volume fraction was taken as 50%, which would include the physical representation of both 

PCBM aggregates and miscible PCBM particles. These values were chosen to approximate 

the film constituents of the experiments by Awartani et al. (Figure 5.2).  The initial material 

properties and orientations (Table 3) were estimated based on experimental investigations of 

P3HT, PCBM and PDMS 1. Two P3HT crystallinities of 30% and 40%, were used in the 

modeling analysis to be consistent with the experimental investigation by Awartani (Figure 

5.2). The tilt angle, which represents the initial vertical in-plane orientation of P3HT chain 

backbones in ordered regions, was taken as 45! for both face-on and edge-on molecular 

packing orientations. Previously, we investigated the effects of tilt angle changes54, and for 

this study the tilt angle was assumed as fixed at 45! .  The packing direction of face-on 

crystals are assumed normal to the substrate and the edge-on packing direction is parallel to 

the substrate, and this difference in the packing orientation is accounted by varying the out-

of-plane Euler angles by 90!(Table 5-1). Hence, the out of plane Euler angle for face-on 

orientations is 0!, and that of the edge-on orientation is 90!54.  
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Figure 5.1 The multi-phase heterogeneous model of organic P3HT: PCBM thin film. 

P3HT crystals, PCBM aggregates, amorphous mixture of entangled chains and PCBM 

particles, tie-chain bridging regions among P3HT crystals, and PDMS polymer 

substrate are shown. Tilt angles are for the initial P3HT crystalline orientations. 
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(a)                                                                      (b) 

Figure 5.2 Top surface view of failure modes observed by an optical microscopy for 

P3HT:PCBM thin films subjected to tensile loadings normal to the cross-section (a) for  

an approximate crystallinity of 40% (b) for an approximate crystallinity of 30%.   

Table 5-1 Material properties and orientations of each phase 

P3HT crystalline phase 

Young’s modulus, E 0.34 GPa 

Static yield stress, 𝜏!!  1 MPa 

Poisson’s ratio, 𝜈 0.35 

Rate sensitivity parameter, m 0.01 

Burger vector, b 3.0 x 10-10  m 

Initial mobile dislocation density, 𝜌! 1.0 E+06 m-2 

Initial immobile dislocation density, 𝜌!" 1.0 E+11 m-2 

Tilt angle, 𝜑   

Face-on orientation ( , 𝜑, ) 

45o

0o 0o
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Edge-on orientation ( , 𝜑, ) 

Amorphous mixture phase 

Young’s modulus, E 0.1 GPa 

Static yield stress, 𝜎!! 2 MPa 

Poisson’s ratio, 𝜈 0.4 

Rate sensitivity parameter, N 4 

Hardening modulus, G 5 MPa 

Tie-chain regions 

Young’s modulus, E 0.1 GPa 

Poisson’s ratio, 𝜈 0.4 

PCBM aggregates 

Young’s modulus, E 3.0 GPa 

Poisson’s ratio, 𝜈 0.4 

PDMS substrate 

Young’s modulus, E 0.04 GPa 

Poisson’s ratio, 𝜈 0.49 

 

90o 0o



 

55 

5.2 Results and Discussion 

5.2.1 Fracture Behavior of Face-on and Edge-on P3HT Packing Orientations for A 

Crystallinity of 30% 

The effects of P3HT packing orientations on thin film interfacial delamination and 

film cracking were investigated for a thin film with a crystallinity of 30% and P3HT 

crystalline domain sizes that were approximately 5 nm by 10 nm and PCBM aggregates with 

a maximum diameter of 5 nm. Molecular packing orientations were initially assigned as face-

on or edge-on with an initial backbone orientation (tilt-angle) of 45!.  

For the face-on case, at a nominal strain of 27%, an interfacial crack had nucleated, 

propagated, and then it was arrested approximately at the center of the model. The maximum 

normalized (normalized by the static yield stress of the crystalline phase) normal stress was 

12 (Figure 5.3c). This strain is considered as the nominal failure strain, since it corresponded 

to the strain at which the global stress completely unloaded, which is an indication of failure. 

This buildup in stress, as a function of the nominal strain, was significant. At a nominal strain 

of 8%, the normalized stress was 6 (Figure 5.3a), and at a nominal strain of 16%, the 

normalized stress was 8.5 (Figure 5.3b). It’s this large increase in stress that results in the 

crack nucleating and propagating along the interface between the film and substrate. There 

was not much measurable propagation for the larger crack between the nominal strains of 

16% and 27%, with only smaller interfacial cracks nucleating ahead of the larger crack 

(Figure 5.3c). However, there was a notable increase in the crack opening displacement, as 

seen in Figure 3b-c. This delamination is consistent with the experimental observations of 
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Awartani that pertain to Figure 5.2b. Furthermore, similar interfacial cracks have also been 

observed for metallic films on flexible substrates28. 

There was also extensive inelastic deformation associated with this interfacial 

delamination.  The maximum inelastic deformation, which is due to both the amorphous and 

crystalline phases, was 44% (Figure 5.4a). In Figure 4b, the maximum normalized 

(normalized by the initial immobile density) immobile dislocation density of the most active 

chain slip system was 40,000.  This indicates that for the face-on packing orientation, there 

was extensive ductility. This inelastic behavior, as one of interfacial toughening 

mechanisms, is what essentially arrested the interfacial crack front at a nominal strain of 

16% 28,78. The lattice rotation of the P3HT crystals (Figure 5.4c), which is a measure of 

chain alignment, varied from -14! to 10!.  This lattice rotation in the film is related to 

geometrical softening in P3HT crystalline phase 44, which is another mechanism that results 

in inelastic behavior.  

For the edge-on case with the same crystallinity and domain size, at a nominal strain 

of 12%, a crack normal to the loading direction and a small interfacial crack had nucleated 

and propagated through the film (Figure 5.5c). At a nominal strain of 8% (Figure 5.5b), the 

maximum normalized normal stress was 9.0, and at a nominal strain of 4% (Figure 5.5a), the 

maximum normal stress was 8.5, which was a significantly higher stress than that associated 

with the face-on case. The film crack and interfacial delamination results from these high 

stresses, and they nucleated simultaneously at the failure nominal strain of 8%, (the nominal 

strain at which the material could not sustain any further loading).  
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Different local distributions of stress, strain, dislocation densities, crystalline 

rotations, and crack orientations occurred because of packing orientation differences between 

the face-on and edge-on. As seen in Figure 5.6a, for the edge-on case, a maximum inelastic 

deformation of 10% accumulated primarily in the amorphous phase. The maximum 

normalized dislocation density in the crystalline phase was only 500 (Figure 5.6b), and the 

maximum crystalline lattice rotation was only 3! (Figure 5.6c). This indicates that the film 

ductility, for the edge-on case, was affected by the orientation and chain alignment (lattice 

rotation), which were much lower than the ductile face-on case. This difference in failure 

mode is consistent with the experimental observations given in Figure 5.2a.  
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Figure 5.3Normalized normal stress of the face-on thin film by the yield stress of 

crystalline phase at (a) 8% nominal strain, (b) 16% nominal strain, (c) 27% nominal 

strain with failure mode of interfacial delamination.  
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Figure 5.4At nominal strain of 27%, (a) Inelastic deformation of all phases (b) 

Normalized immobile dislocation density, and (c) crystalline rotation.  
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Figure 5.5Normalized normal stress of the edge-on thin film at (a) 4% nominal strain, 

(b) 8% nominal strain, (c) 12% nominal strain with failure mode of film cracking and 

interfacial delamination. 
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Figure 5.6At the nominal strain of 12%, (a) inelastic deformation, (b) normalized 

immobile dislocation density, and (c) crystalline rotation. 
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5.2.2 Fracture Behavior of Microstructural Variables: Higher Crystallinity of 40% and 

Larger Domain Size 

The effects of microstructural variables on mechanical behaviors were also 

investigated for a thin film with a higher crystallinity of 40% and larger domain size (Figure 

5.7). Increasing the crystallinity results in increases of the PCBM aggregates and P3HT 

crystal sizes 79,80,74. The domain size of the P3HT crystals was approximately 15 nm by 20 

nm and that of the PCBM aggregates varied from 5 nm to 15 nm 81. 

For the face-on case with 40% crystallinity and larger domain size, the failure 

nominal strain was 10% (Figure 5.7b). At a nominal strain of 10%, a crack had nucleated 

between large PCBM aggregates in the amorphous phase, it propagated normal to the loading 

direction, and then it was arrested at one of the crystalline interfaces. Simultaneously, an 

interfacial crack had nucleated and propagated along the interface. At the nominal strain of 

4% (Figure 5.7a), the maximum normalized normal stress was 5, in regions between PCBM 

aggregates, which indicates that the large PCBM aggregates were stress concentrators, and, 

therefore, can be sites for film crack nucleation. As the nominal strain was increased to 10%, 

the maximum normalized stress was 10 (Figure 5.7b). This increase in stress is what leads to 

further film cracking.  

The film crack, for this crystallinity and orientation, was at the interface between the 

crystalline phase and amorphous phase. This was due to the large inelastic deformation that 

accumulated in the crystalline phase, which attained a maximum value of 40% ahead of the 

crack front (Figure 5.8a). The maximum normalized immobile dislocation density was 20000 

(Figure 8b), and the crystalline rotation had values between -5! to 15! (Figure 5.8c). The 
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large inelastic deformation and geometrical softening are an indication of the system’s 

ductility, and this ductility is what leads to the cracks in the film being arrested. 

To further understand the effects of crystallinity on interfacial delamination and film 

cracking, the evolution of the normalized most active immobile dislocation density and 

crystalline rotation of critical crystals were obtained for the 30% and 40% crystallinity cases 

as function of the nominal strain (Figure 5.9a,b). The most active slip-system corresponded 

to the chain slip system of (010)[001].  As indicated by these predictions, the system with the 

higher crystallinity had higher dislocation densities than the lower crystallinity case up to the 

nominal strain of 10%, which corresponded to the point at which the higher crystallinity case 

had fracture failure. The lower crystallinity case, due to its ability to withstand higher 

nominal strains, had an accumulation of dislocation densities up to the failure nominal strain 

of 27%.  There was also similar behavior for the lattice rotations in that of the lower 

crystallinity case, lattice rotations continued to accumulate up to the failure nominal strain of 

27%. These differences in failure strain delineate the behavior between ductile and brittle 

behavior. Furthermore, for the brittle case, film cracking inhibits inelastic deformation and 

lattice rotations due to the lower nominal failure strains. This is consistent with experimental 

observations that the overgrowth of PCBM aggregates in annealed films limits the 

mechanical ductility of thin films 7. In other words, by increasing the miscibility of PCBM 

particles with small pure aggregates, film toughness and ductility can be increased 22.  

In the edge-on case, the failure nominal strain was 6%. Several cracks in the film had 

nucleated and propagated only in the amorphous phase. At a nominal strain of 3% (Figure 
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5.10a), the maximum normal stress was 6.5, and there were no cracks. At the nominal strain 

of 6%, several film cracks nucleated, and the maximum normalized normal stress was 12 

(Figure 5.10b) and these values occurred in regions between large PCBM aggregates and 

large edge-on P3HT crystals. In comparison with the 30% crystallinity edge-on case, these 

stresses were higher, and the failure nominal strain was lower with a value of 12%. There 

was also less inelastic deformation in both the crystalline and amorphous phases for the 40% 

crystallinity case. At a nominal strain of 6%, the maximum inelastic deformation was 10% 

near the crystalline interfaces (Figure 5.11a).  The maximum crystalline rotation was 4! 

(Figure 5.11c), and the maximum normalized immobile dislocation density was only 2000 

(Figure 5.11b).  These relatively low values indicate that the behavior is brittle, in 

comparison with the 30% crystallinity case. As these predictions indicate, film cracking for 

the higher crystallinity case mainly occurred due to the large stresses in the film at interfaces 

between the amorphous and PCBM and crystalline.  
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Figure 5.7 Normalized normal stress of the face-on thin film at (a) 4% nominal strain, 

(b) 10% nominal strain with failure mode of film cracking and interfacial delamination. 
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Figure 5.8 The face-on orientation film with 40% P3HT crystallinity at nominal strain 

of 10% (a) inelastic deformation (b) normalized immobile dislocation density, and (c) 

crystalline rotation. 
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Figure 5.9 The strain-induced evolution of (a) normalized immobile dislocation density 

(b) crystalline rotation of critical face-on P3HT crystals above the interface with 

different domain size. 
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Figure 5.10 Normalized normal stress of the face-on thin film at (a) 3% nominal strain, 

(b) 6% nominal strain with failure mode of film cracking of high density. 
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Figure 5.11 The edge-on packing film with 40% P3HT crystallinity at nominal strain of 

6% (a) Inelastic deformation (b) normalized immobile dislocation density (c) crystalline 

rotation 
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Table 5-2 Failure modes of semi-crystalline P3HT:PCBM films 

Failure modes Microstructural variables Predicted Failure 

nominal strain  

Predicted Maximum 

inelastic deformation  

Interfacial 

Delamination  

Face-on, 30% crystallinity 

Small PCBM aggregates 

27% 44%  

 

Film cracking and 

Delamination 

Face-on, 40% crystallinity 

Large PCBM aggregates 

10% 40%  

 

Edge-on, 30% crystallinity 

Small PCBM aggregates 

12% 10%  

 

Film cracking of 

high density 

Edge-on, 40% crystallinity 

Large PCBM aggregates 

6% 10%  

 

 

5.3 Conclusion 

A multiphase microstructurally-based formulation and nonlinear finite-element 

fracture methodology have been developed to investigate the failure modes of semi-

crystalline organic thin films deposited on a flexible substrate. Packing orientations and 

morphologies were dominant characteristics that affected local failure mechanisms of film 

cracking and interfacial delamination.  
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For the low crystallinity case of 30%, face-on packing orientations resulted in 

extensive inelastic deformation and crystalline rotation due to dislocation density activity. 

Hence, for this case the thin film system is characterized by ductile failure modes and 

interfacial delamination. For the edge-on case, a brittle failure mode was predicted due to the 

relatively low inelastic deformation, lower failure nominal strains, and failure occurred due 

to film cracking. Thus, film failure is strongly affected by the packing orientation and 

resulting chain alignment evolution due to crystalline lattice rotation. 

For the high crystallinity case of 40% with larger domain sizes of P3HT crystals and 

PCBM aggregates, in the face-on case there was extensive inelastic deformation, and the 

large PCBM aggregates acted as stress concentrators that resulted in the nucleation of film 

cracks. These film cracks were arrested by the inelastic deformation ahead of the crack front. 

For the edge-on case with the higher crystallinity, there were strengthening effects due to the 

edge-on packing orientations and larger domain sizes, which resulted in higher local stress 

and lower inelastic deformation in comparison with the lower crystallinity case. The lower 

failure nominal strains and inelastic deformation, in comparison with the face-on case, is an 

indication of brittle failure. These predictions are summarized in Table 5-2. This study 

provides fundamental understanding of local failure mechanisms of semi-crystalline organic 

thin films, and a framework for the development of potential guidelines to improve film 

ductility and strength for failure resistant applications. 
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: Environmental Degradation and Oxidation Embrittlement Failure in CHAPTER 6

Semi-Crystalline Organic Thin Films for Flexible Applications 

Degradation and Stability of polymers and organic solar cells are important to be 

investigated, because organic materials are more intrinsically susceptible to oxidation than 

inorganic materials. The oxygen and water molecules diffuse into the active layers and react 

with polymeric materials, resulting in chain scission and crack formation. The oxidative 

degradation can be localized both within polymer active layers and at interfaces. However, 

experimental decay curves rarely reveal microscopic details of diffusion-reaction processes 

leading to degradation in structured active layers, and the links between chemical reactions 

and microstructral failure mechanisms remain relatively unexplored. Therefore, the 

diffusion-reaction process was coupled to the crystalline-amorphous material models and 

fracture algorithms within the nonlinear FEM framework to investigate the heterogeneous 

oxidative degradation and embrittlement failure in semi-crystalline organic thin films. 

6.1 The Model 

The diffusion-reaction process was coupled to the crystalline-amorphous material 

models and fracture algorithms within the nonlinear FEM framework to investigate the 

heterogeneous oxidative degradation and embrittlement failure in semi-crystalline organic 

thin films. A stress-assisted diffusion-reaction model of oxygen was developed to understand 

how mechanical deformation could influence long-term polymer degradation and durability 

in aggressive environmental conditions. The stress assisted diffusion-reaction model is based 

on a modification of Fick’s second law to account for oxidation reaction and interaction with 

hydrostatic pressure. It is assumed that the reaction rate is a linear function of oxygen 
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concentration, and the reaction consumption of oxygen was monitored as an integral of time 

to indicate the accumulation of degradation.  

 An initial oxygen concentration of 1 ppm was chosen, and for the boundaries, a 

constant oxygen concentration of 10 ppm was applied on the right surface of the thin film 

system. Two P3HT crystallinities of 60% and 80%, were investigated. The tilt angle, which 

represents the initial vertical in-plane orientation of P3HT crystals, was assumed as fixed at 

45o. Two packing patterns of P3HT crystals, the face-on and the edge-on packing 

orientations, were investigated. The initial material properties and orientations were 

estimated based on experimental investigations of P3HT and PDMS systems. A convergent 

plane strain FE mesh of 6500 elements was used with a specimen size of 200 nm×60 nm, and 

a quasi-static tensile loading normal to the cross section was applied on the right surface at 

various nominal strain rates of 1.0 × 10-5 s-1 and 1.0 x 10-7 s-1 in the following cases. 

6.2 Results and Discussion 

6.2.1 Oxygen Diffusion-Reaction Induced Degradation 

We investigated how microstructural characteristics affect diffusion-reaction process 

and local oxidative degradation, such as packing orientations and crystallinity.  

The oxygen concentration at a nominal strain of 30%, corresponding to a time of 

20000s, is shown in Figure 6.1 for both face-on and edge-on packing orientations.  For the 

edge-on case (Figure 6.1b), oxygen diffused and accumulated in the amorphous phase 

between crystals, as indicated by the maximum value of 10.03 ppm which was only slightly 

higher than the specified boundary condition of 10 ppm, and the minimum value of 9.94 ppm 

which is slightly lower than the applied value. This non-uniform oxygen concentration 
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distribution was associated with pressure (Figure 6.2 (b)), where the normalized (by the static 

yield stress) pressure in the amorphous phase of the edge-on film ranged from -5 to 9. The 

amorphous phase had compressive stresses in its vertical ligaments and tensile stresses in the 

horizontal ligaments of the film. This indicates that the higher pressure results in higher local 

oxygen concentration. However, for the face-on case, the normalized pressure was generally 

tensile with a maximum value of 3.4 (Figure 6.2a), which was much lower than that of the 

edge-on and correspondingly results in lower oxygen concentration within the film and a 

maximum value of 10.006 located in the substrate (Figure 6.1a).  

The reaction generally followed the same spatial distribution as the concentration, 

since the reaction rate was linearly related to oxygen concentration, and the highest value 

occurs in the amorphous phase indicating the localized degradation zone for both face-on and 

edge-on packing orientations (Figure 6.3). The reaction consumption of oxygen in the face-

on film had a maximum value of 0.15004 ppm, while the edge-on film had a higher value of 

0.1502 ppm associated with the higher local oxygen concentration.  

The local pressure gradient (Figure 6.2) can result from the interrelated effects of 

structural defects and heterogeneous microstructural characteristics, such as film 

morphologies and orientations, crystalline-amorphous interaction and dislocation density 

evolutions. Hence, as shown in Figure 6.2 and Figure 6.4, the packing orientations altered the 

local stresses and the inelastic deformation indicated by the accumulation of shear slip due to 

dislocation density interactions, which could therefore lead to heterogeneous oxidative 

degradation in semi-crystalline organic thin films. 
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The face-on film with a higher crystallinity of 80% was investigated to further 

understand different physically representative microstructures (Figure 6.5). In this case, the 

oxygen concentration magnitude had a larger range of 9.99 -10.01 ppm with some localized 

diffusion and reaction regions. These localized sites had higher concentration magnitudes in 

comparison with the 60% case (Figure 6.1), and this effect can also be seen in the reaction 

field (Figure 6.5b). This behavior can be attributed to the larger range of normalized 

pressures from 0.8 to 3.6 caused by the presence of larger crystalline domain size compared 

to the 60% case. Crystalline plastic shear strains for larger domains accumulated around the 

boundary adjacent to the amorphous phase with a higher maximum value of 0.34, in 

comparison with the lower case where the crystalline plastic shear slip activity were more 

widely distributed and occurred at a higher number of locations. Thus, the higher crystallinity 

in the organic thin films can enhance the heterogeneous degradation behavior and would 

result in larger magnitudes of interfacial reactions. 

6.2.2 Diffusion-Reaction Assisted Interfacial Delamination 

In this section, diffusion-reaction assisted fracture in semi-crystalline organic thin 

films have been investigated. As discussed in Chapter 6.2.1, the dislocation density evolution 

in crystals together with the interaction between crystalline and amorphous phases can results 

in high local stresses accumulated in the amorphous interfacial area. The high local stresses 

cannot only lead to localized oxygen accumulation and reaction, which decreases critical 

fracture stress as embrittlement mechanisms, but also resolve large stress components 

perpendicular to the favorable fracture planes, which act as a driving mechanism for crack 

nucleation and growth along the favorable planes. All types of cracks were taken into 
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considerations, including film cracking and interfacial delamination. Therefore, the stresses 

on all possible crack planes were monitored to determine the failure mode of organic thin 

films with oxidation embrittlement.  

 The oxidation embrittlement behavior of a face-on film at a nominal strain of 10% 

corresponding to 2000,000s was indicated in Figure 6.6.  An interfacial delamination was 

occurred at a lower strain in comparison with the case without embrittlement mechanisms. 

This was attributed to the oxygen accumulation and reaction at the interfacial area. The 

interfacial oxygen concentration, reaction, pressure and decay factor at 10% nominal strain 

were indicated in Figure 6.7. The interfacial oxygen concentration was non-uniform along 

the interface, and it occurred in regions where there was oxygen accumulations (Figure 6.7d), 

but with a maximum value less than the applied boundary condition of 10 ppm (Figure 6.7a). 

Due to this heterogeneous deformation behavior, the maximum oxygen concentration and 

reaction were located within the film between crystalline phases (Figure 6.6 a-b), rather than 

the interfacial area near the substrate. The maximum magnitude of the decay factor along the 

interface can be used to identify the location of delamination nucleation induced by 

diffusion-reaction. Furthermore, the time history of interfacial stress and interfacial fracture 

toughness at the delamination nucleation site were monitored to provide a more detailed 

understanding on how diffusion-reaction processes interact with mechanical behavior, and it 

does lead to embrittlement failure (Figure 6.8). Diffusion-reaction induced delamination 

cracks nucleated at 580,000 s with a 31.3% reduction of critical fracture stress. 

 To further quantify the effects of reaction, a case with a higher reaction constant of 

ten times the first model was used to further understand the thermally activated reaction 
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process (in Figure 6.9). At a nominal strain of 10%, the interfacial delamination initially 

nucleated at the same location (Figure 6.10c), but with a larger delamination area (Figure 

6.10d). The interrelated pressure, oxygen concentration and reaction distributions had similar 

behavior with the lower reaction case, but had a severe reaction spike at the crack front and 

larger pressure free crack surfaces (Figure 6.10a,b,d). The time history plot of interfacial 

stresses and toughness also indicates that the crack nucleated much earlier at a time of 

200,000 s compared with the lower reaction case of 580,000 s (Figure 6.11). Therefore, these 

predictions indicate that embrittlement is mainly due to the accumulation of oxygen and 

reaction ahead of the propagating crack.  Furthermore, the large stresses resulted in a crack 

nucleating at a low nominal strain of 3%. Crack nucleation, at such a low nominal strain, is 

an indication of embrittlement. The reaction process was activated by higher reaction 

constants, (Figure 6.7b, Figure 6.10b), and this results in accelerated degradation and earlier 

delamination. 

 To further understand the coupling effects between diffusion-reaction process and 

mechanical deformation, the delamination behavior was investigated at different strains for 

the same long time period (Figure 6.12). At a nominal strain of 20%, the delamination was 

nucleated at 400,000 s. At a nominal strain of 30%, interfacial delamination nucleated earlier 

at 300,000s, in comparison with the other lower nominal strains.  

For the same mechanical loading conditions, various oxygen concentration boundary 

conditions and diffusion coefficients were applied to investigate the role of diffusion process 

on oxidation embrittlement in thin film systems. As seen in Figure 6.13 and Figure 6.11, the 

higher concentration boundary condition and lower diffusion coefficient didn’t influence the 
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interfacial toughness decay, which indicates that the diffusion process did not play a major 

role in failure, but reaction accumulation did.  

The diffusion-reaction induced interfacial delamination behavior for this edge-on case 

at a nominal strain of 10% was shown in Figure 6.16. Due to the presence of film cracking, 

there were higher stress assisted oxygen concentration and reaction accumulated at the 

interfacial area in front of film cracks. The interfacial stress was higher than that of the face-

on and resulted in earlier delamination nucleation (Figure 6.17). 

6.2.3 Diffusion-reaction Assisted Film Cracking 

For the thin films systems, in addition to delamination there is also film cracking.  For 

the edge-on film, cracks nucleated in the amorphous phase and propagated through the entire 

film thickness at a nominal strain of 10% (Figure 6.15), while there was only interfacial 

delamination for the face-on case (Figure 6.6). At a nominal strain of 7%, the reduction of 

film fracture toughness and film stress on the [001] crack plane of the two packing 

orientations before crack nucleation are shown in Figure 6.14. We can see that the two films 

had the similar fracture toughness, and they decay at approximately 31% with some local 

oscillations related to local microstructural variances (Figure 6.14a,b). The film stress 

resolved on the [001] crack plane of the edge-on film had a peak value in the amorphous 

phase, which was much higher than that of the face-on (Figure 6.14c-d). Hence, different 

orientations had a significant role on crack nucleation sites due to stress-assisted 

heterogeneous oxygen accumulation and reaction.  

The oxidation embrittlement of crack propagating in the amorphous phase is shown in 

Figure 6.18. The high local normal stresses resulted in large pressure and pressure gradients 
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ahead of the crack front (Figure 6.18b). The high pressure gradient ahead of crack front 

would generate a stress driven flux of oxygen toward the crack front, which resulted in the 

accumulation of oxygen ahead of crack front at a concentration of 10.016 ppm (Figure 6.18 

a). The higher concentration and reaction of oxygen embrittled the amorphous phase, and it 

would result in a large reduction of the critical fracture stress on fracture plane ahead of the 

crack front (Figure 6.18c). The high crack opening-mode stresses results in accelerated crack 

growth. The nominal stress-strain curves for the oxygen embrittlement case and for the case 

without embrittlement are shown in Figure 6.18d, and the lower inelastic deformation and 

faster propagation rates clearly indicate film embrittlement. 

6.3 Conclusion 

 A diffusion-reaction process was coupled to the crystalline-amorphous material 

models and fracture algorithms within the nonlinear FEM framework to investigate oxidative 

degradation and embrittlement failure in semi-crystalline organic thin films. Degradation was 

primarily dominated by the reaction process and exposure time, instead of the diffusion 

process. This was due to the length scales of the thickness of thin films that generally ranged 

from 20 to 200 nms. Furthermore, packing orientations and crystallinity had a significant 

effect on degradation and crack nucleation sites through localized reaction accumulations. 

The edge-on film was more embrittled and more susceptible to oxidation than the face-on 

film due to higher local stresses that resulted in higher decrease of local toughness in the 

amorphous phase and extensive film cracking. The coupled effects of diffusion-reaction and 

mechanical stresses accelerated degradation mechanisms of the thin film systems, and this 

resulted in film cracking and delamination occurring at lower nominal strains in comparison 
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with systems that had no diffusion-reaction mechanisms. These degradation mechanisms 

underscore how interfacial delamination and film cracking are affected by the interrelated 

effects of diffusion, reaction, stress accumulations, crystallinity, and packing order. 

 

 

 

 

 

 

 

 

 



 

81 

 

Figure 6.1 Oxygen diffusion behavior in semi-crystalline polymer thin films at 30% 

nominal tensile strain with (a) face-on packing orientations, (b) edge-on packing 

orientations. 
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Figure 6.2 Pressure distributions in semi-crystalline polymer thin films at 30% nominal 

tensile strain with (a) face-on packing orientations, (b) edge-on packing orientations. 
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Figure 6.3 Reaction consumption of oxygen in semi-crystalline polymer thin films at 

30% nominal tensile strain with (a) face-on packing orientations, (b) edge-on packing 

orientations. 
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Figure 6.4 Inelastic deformations in semi-crystalline polymer thin films at 30% nominal 

tensile strain with (a) face-on packing orientations, (b) edge-on packing orientations. 
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Figure 6.5 The face-on film with a high crystallinity of 80% at 30% nominal strain (a) 

oxygen concentration (b) reaction consumption (c) pressure distributions (d) inelastic 

crystalline shear slip  
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Figure 6.6 Diffusion-reaction assisted oxidation embrittlement failure behavior of a 

face-on film (a) oxygen concentration (b) reaction consumption (c) pressure (d) failure 

mode of delamination at nominal strain of 10%.  
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                                        (a)                                                                     (b) 

 

                            (c)                                                                      (d) 

Figure 6.7 Diffusion-reaction assisted interfacial behavior (a) oxygen concentration 

along interface (b) oxygen reaction consumption along interface (c) decay factor as a 

function of oxygen concentration and reaction (d) pressure 
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Figure 6.8 The time history plots of resolved interfacial stress and critical fracture 

stress decayed by oxygen diffusion-reaction at the delamination nucleation site. 
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Figure 6.9 Diffusion-reaction assisted oxidation embrittlement failure behavior of a 

face-on film with a high K (reaction rate) of 10 times (a) oxygen concentration (b) 

reaction consumption (c) pressure (d) failure mode of delamination at nominal strain of 

10%. 
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(a) (b) 

 

                                       (c)                                                                       (d) 

Figure 6.10 Diffusion-reaction assisted interfacial behavior of a high K of 10 times (a) 

oxygen concentration along interface (b) oxygen reaction consumption along interface 

(c) decay factor as a function of oxygen concentration and reaction (d) pressure 
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Figure 6.11 The time history plots of resolved interfacial stress and critical fracture 

stress decayed by oxygen diffusion-reaction at the interfacial delamination nucleation 

site. 
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Figure 6.12 The time history plots of resolved interfacial stress and critical fracture 

stress decayed by oxygen diffusion-reaction at the interfacial delamination nucleation 

site for face-on films under the same environmental conditions but different mechanical 

strains.  
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Figure 6.13 Tme history plots of critical fracture stress at the interfacial delamination 

nucleation site with various diffusion coefficients and concentration boundary 

conditions. 
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                           (a)                                                                       (b) 

 

                          (c)                                                                       (d) 

Figure 6.14 (a) Reduction of film fracture toughness in a face-on film (b) Reduction of 

film fracture toughness in an edge-on film (c) Film stress on [100] crack plane in a face-

on film (d) Film stress on [100] crack plane in an edge-on film. 
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Figure 6.15 Diffusion-reaction assisted oxidation embrittlement failure behavior of a 

edge-on film (a) oxygen concentration (b) reaction consumption (c) pressure (d) in 

elastic deformation at nominal strain of 10%. 
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(a) (b) 

 

                                      (c)                                                                       (d) 

Figure 6.16 Diffusion-reaction assisted interfacial behavior of an edge-on film (a) 

oxygen concentration along interface (b) oxygen reaction consumption along interface 

(c) decay factor as a function of oxygen concentration and reaction (d) pressure. 
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Figure 6.17 The time history plots of resolved interfacial stress and critical fracture 

stress decayed by oxygen diffusion-reaction at the delamination nucleation site. 
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Figure 6.18 Oxidation embrittlement behavior of a pre-cracking in the amorphous 

phase (a) oxygen concentration (b) pressure (c) reaction consumption (d) stress-strain 

curves with and without oxidation embrittlement. 
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: A Direct Correlation of XRD Orientation Distributions to the In-plane CHAPTER 7

Stiffness of Semi-Crystalline Organic Semiconducting Films 

Large charge mobilities of semi-crystalline organic semiconducting films could be 

obtained by mechanically aligning the material phases of the film with the loading axis. A 

key element is to utilize the inherent stiffness of the material for optimal or desired 

alignment.  However, experimentally determining the moduli of semi-crystalline organic thin 

films for different loading directions is difficult, if not impossible, due to film thickness and 

material anisotropy. In this paper, we address these challenges by presenting an approach 

based on combining a composite mechanics stiffness orientation formulation with a Gaussian 

statistical distribution to directly estimate the in-plane stiffness (transverse isotropy) of 

aligned semi-crystalline polymer films based on crystalline orientation distributions obtained 

by X-ray diffraction experimentally at different applied strains. Our predicted results indicate 

that the in-plane stiffness of an annealing film was initially isotropic, and then it evolved to 

transverse isotropy with increasing mechanical strains. This study underscores the 

significance of accounting for the crystalline orientation distributions of the film to obtain an 

accurate understanding and prediction of the elastic anisotropy of semi-crystalline polymer 

films. 

7.1 In-plane Stiffness of the Semi-Crystalline Organic Thin Films 

In Figure 7.1, , is the in-plane crystalline orientation distribution for the face-on 

crystals [(100) in-plane diffraction peak]. It is observed that the crystals can rotate toward the 

axial loading direction during the stretching of the P3HT-PDMS thin film system. The 

crystalline orientation distributions 𝜑!  of P3HT semi-crystalline films were experimentally 

ϕ i
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obtained by XRD2 at different strains for  thermally annealed films (180 °C for 5 minutes) in 

Figure 7.2. As seen from Figure 7.2, these orientation curves, 𝜑! , approximately 

correspond to a Gaussian distribution 𝑁(0,𝜎!), 

 

Figure 7.1 Top view of semi-crystalline polymer thin films and orientation alignment 

induced by mechanical loadings 
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Figure 7.2 High-resolution point detector XRD scan of the scanned P3HT crystalline 

orientation distributions at different strains for annealed films. The background 

scattering was subtracted from the diffraction intensity using a previously described 

methods2 

with a standard deviation, , and a density function of orientations, 𝑓!(𝑥) , as 

 

𝜑! ∼ 𝑁(0,𝜎!  ),                                                  (7.1) 

𝑓! 𝑥 =    !
!!!

𝑒 ! !!

!!! 𝑑𝑥.                                         (7.2) 

 

As seen from Figure 7.2, one standard deviation of the 50% strained film is at 

approximately 15!, and that of the 100% strained film is at approximately 7.5!. The smaller 

deviation of the orientation distributions indicates that a higher percentage of crystals rotated 

σ

σ
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towards the axial loading direction. Therefore, the standard deviation represents the degree of 

alignment, and it decreases with increasing mechanical strains. While the X-ray diffraction 

only measured face-on crystallites, this is considered the in-plane orientation distribution for 

all crystals2
 . 

A representative cell is used to represent an arbitrary two-phase local area consisting 

of the  crystalline phase and the amorphous phase. The orientation of each local 

representative cell is given by , characterized as the XRD-scanned Gaussian distributed 

curves. For transverse isotropy, the local in-plane axial stiffness, 𝑄!!! , along the loading 

direction and the stiffness, 𝑄!!!
  
, perpendicular to the loading direction can be defined as a 

function of the crystalline orientation of each local representative cell 82 as 

 

𝑄!!! 𝜑! = 𝑐𝑜𝑠! 𝜑! 𝑄!! +   𝑠𝑖𝑛! 𝜑! 𝑄!! + 2(𝑄!" + 2𝑄!!)𝑠𝑖𝑛!(𝜑!)𝑐𝑜𝑠!(𝜑!),   (7.3) 

 

𝑄!!! 𝜑! = 𝑠𝑖𝑛! 𝜑! 𝑄!! + 𝑐𝑜𝑠! 𝜑! 𝑄!! + 2(𝑄!" + 2𝑄!!)𝑠𝑖𝑛!(𝜑!)𝑐𝑜𝑠!(𝜑!),   (7.4) 

 

where the in-plane stiffnesses 𝑄!!, 𝑄!!, 𝑄!" and 𝑄!! of the representative cell, were 

estimated experimentally from the in-plane stiffness of the highly aligned film (e.g. 100%-

AN film in Figure 7.2) with an offset orientation 𝜑! near  0! with respect to the loading axis, 

which would indicate an alignment of the loading axis with the crystalline orientations. By 

buckling this 100%-AN highly oriented film along different loading orientations from 0! to 

90! to the previously strain-aligned direction, the experimental data of in-plane stiffness 

i th

ϕ i
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varied continuously between the high value of 𝑄!! loading parallel to the strain-aligned 

direction (𝜑! = 0!) and the low value of 𝑄!!loading perpendicular to the strain-aligned 

direction of the film (𝜑! = 90!) based on eqn. 7.3 83. In other words, the local crystal 

orientation evolves to the loading axis at 𝜑! = 0! in highly aligned films. From experiments 

83 pertaining to loading the film in different orientations and based on a buckling method, the 

in-plane stiffnesses of 𝑄!!= 0.40 GPa, 𝑄!!= 0.22 GPa, 𝑄!"= 0.20 GPa and 𝑄!!= 0.05 GPa 

were obtained.  

The global in-plane stiffness can then be calculated as a function of the local axial 

stiffness based on the distributed orientations of films. The influence of orientation alignment 

on the in-plane stiffness
 
is 

 

𝑄!! 𝜑! = 𝐸 𝑄!!! (𝜑!) = 𝑄!!! (𝑥)𝑓!(𝑥)
!!
!! 𝑑𝑥,                          (7.5) 

 

𝑄!! 𝜑! = 𝐸 𝑄!!! (𝜑!) = 𝑄!!!
!!
!! 𝑥 𝑓! 𝑥   𝑑𝑥.                         (7.6) 

 

7.2 Results and Discussion 

The in-plane transversely isotropic stiffness evolution as a function of increasing 

orientation alignment is shown in Figure 7.3, and this was based on eqns. 7.5-7.6. At a large 

deviation of 90!, 𝑄!! and 𝑄!!  had the same value of 0.31 GPa. This indicates that the global 

in-plane stiffness was initially isotropic due to randomly distributed crystalline orientations. 

By decreasing the standard deviation, the stiffness 𝑄!!  parallel to the loading direction 
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increased to 0.405 GPa, while the stiffness 𝑄!!  perpendicular to the loading direction 

decreased to 0.225 GPa. This indicates that strain-induced transverse isotropy resulted from 

the crystals rotating towards the loading direction. This is consistent with anisotropic 

stiffness evolution observed in other nanostructured polymer films 84 85 86.  

A comparison of experimental and computational data at 0% strain, 50% strain and 

100% strain for an annealing film are given in Table 7-1. The elastic anisotropy degree is 

defined as 𝑄!!/𝑄!! . This predicted ratio increased from 1.0 to 1.8, which was close to the 

experimental values obtained by buckling techniques and estimates (Table 7-1). The 

difference between the experimental and predicted results is because the tensile modulus 

from computational approach is not equal to the compressive modulus obtained from 

experimentally buckling the specimen. Furthermore, it’s difficult to obtain uniform stiffness 

data for each buckling measurement. It should also be noted that for the experimental results, 

the loading axis is varied to obtain the moduli in each direction, but the assumption is that for 

each loading case, the modulus is isotropic. 
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Figure 7.3 The anisotropic evolution of expected in-plane axial stiffness  

Table 7-1 Experimental and computational axial stiffness and anisotropy degree at 

different strains for annealing films (AN)  

 

Axial 

Stiffness 

at strains  

 

0% 

strain 

(GPa) 

 

0% 

strain 

(GPa) 

 

0% 

strain 

 

50% 

strain 

(GPa) 

 

50% 

strain 

(GPa) 

 

50% 

strain 

 

100% 

strain  

(GPa) 

 

100% 

strain 

(GPa) 

 

100% 

strain 

Exp. 

Buckling 

0.3254 0.3479 0.94 0.3816 0.2357 1.62 0.4601 0.2244 2.05 

Comp. 0.3146 0.3146 1.0 0.3930 0.2362 1.66 0.4045 0.2247 1.80 

 

Qxx Qyy Qxx
Qyy

Qxx Qyy Qxx
Qyy

Qxx Qyy Qxx
Qyy
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7.3 Conclusion 

In this study, a statistical composite mechanics model, in combination with XRD 

scanned crystalline orientation distributions, has been developed to predict the transversely 

isotropic behavior of semi-crystalline organic thin films. Based on the predictions, the global 

in-plane stiffness was initially isotropic due to random orientation distributions, and then it 

evolved to transverse isotropy with increasing mechanical straining of the aligned films. 

Furthermore, the anisotropy degree increased significantly as the orientations were almost 

aligned with the loading axis. This study highlights the significance of accounting for the 

crystalline orientation distributions of the film to obtain an accurate understanding and 

prediction of the elastic anisotropy of semi-crystalline polymer films that are consistent with 

experimental measurements. 
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: Summary and Recommendations for Future Research CHAPTER 8

This investigation was focused on developing a validated microstructurally-based 

computational framework and a nonlinear finite-element fracture methodology that coupled 

essential microstructural characteristics, mechanical response, oxygen diffusion and reaction, 

to predict and fundamentally understand heterogeneous behavior, interfacial delamination 

and film cracking in semi-crystalline organic photovoltaic thin films deposited on flexible 

PDMS substrates. Based on results from this research, I am recommending these future areas 

to be investigated: 

• The effects of thermal conduction and thermal expansion should be coupled to the 

mechanical-diffusion-reaction-fracture framework. These temperatures can be used to update 

thermal activation temperatures for diffusion coefficients and reaction rates. 

• A framework should be developed to update dislocation-densities as a function of 

diffusion and reaction mechanisms. These would provide more accurate and 

microstructurally-based understanding of local embrittlement processes. 

• Generalized three-dimensional mechanical loading conditions should be 

investigated for a comprehensive understanding of different failure scenarios. 

• A framework should be developed to account for charge mobility, such that the 

defect behavior can be ascertained for trap formation and electrical charge transport. 

• This framework should be extended to other systems, such as perovskite systems 

and flexible transistor electronics. 
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