
ABSTRACT

LOSEGO, MARK DANIEL. Interfacing Epitaxial Oxides to Gallium Nitride. (Under the direction of
Professor Jon-Paul Maria).

Molecular beam epitaxy (MBE) is lauded for its ability to control thin film material structures

at the atomic level.  This precision of control can improve performance of microelectronic devices

and cultivate the development of novel device structures.  This thesis explores the utility of MBE for

designing interfaces between oxide epilayers and the wide band gap semiconductor gallium nitride

(GaN).  The allure of wide gap semiconductor microelectronics (like GaN, 3.4 eV) is their ability to

operate at higher frequencies, higher powers, and higher temperatures than current semiconductor

platforms.  Heterostructures between ferroelectric oxides and GaN are also of interest for studying

the interaction between GaN’s fixed polarization and the ferroelectric’s switchable polarization.

Two major obstacles to successful integration of oxides with GaN are: (1) interfacial trap states;

and (2) small electronic band offsets across the oxide / nitride interface due to the semiconductor’s

large band gap.

For this thesis, epitaxial rocksalt oxide interfacial layers (~8 eV band gap) are investigated

as possible solutions to overcoming the challenges facing oxide integration with GaN.  The cubic

close-packed structure of rocksalt oxides forms a suitable epitaxial interface with the hexagonal

close-packed wurtzite lattice of GaN.  Three rocksalt oxide compounds are investigated in this

thesis:  MgO, CaO, and YbO.  All are found to have a (111) MO || (0001) GaN; <1`10> MO ||

<11`20> GaN epitaxial relationship.  Development of the epilayer microstructure is dominated by

the high-energy polar growth surface (drives 3D nucleation) and the interfacial symmetry, which

permits the formation of twin boundaries.  Using STEM, strain relief for these ionicly bonded

epilayers is observed to occur through disorder within the initial monolayer of growth.  All rocksalt

oxides demonstrate chemical stability with GaN to >1000°C.

Concurrent MBE deposition of MgO and CaO is known to form complete solid solutions.

By controlling the composition of these alloys, the oxide’s lattice parameter can be engineered to

match GaN and reduce interfacial state density.  Compositional control is a universal challenge to

oxide MBE, and the MgO-CaO system (MCO) is further complicated by magnesium’s high volatility

and the lack of a thermodynamically stable phase.  Through a detailed investigation of MgO’s

deposition rate and subsequent impact on MCO composition, the process space for achieving

lattice-matched compositions to GaN are fully mapped.  Lattice-matched compositions are



demonstrated to have the narrowest off-axis rocking curve widths ever reported for an epitaxial

oxide deposited directly on GaN (0.7° in f-circle for 200 reflection).

Epitaxial deposition of the ferroelectric (Ba,Sr)TiO3 by hot RF sputtering on GaN surfaces

is also demonstrated. Simple MOS capacitors are fabricated from epitaxial rocksalt oxides and

(Ba,Sr)TiO3 layers deposited on n-GaN substrates.  Current-voltage measurements reveal that

BST epilayers have 5 orders of magnitude higher current leakage than rocksalt epilayers.  This

higher leakage is attributed to the smaller band offset expected at this interface; modeling confirms

that electronic transport occurs by Schottky emission.  In contrast, current transport across the

rocksalt oxide / GaN   interface occurs by Frenkel-Poole emission and can be reduced with pre-

deposition surface treatments.

Finally, through this work, it is realized that the integration of oxides with III-nitrides

requires an appreciation of many different fields of research including materials science, surface

science, and electrical engineering.  By recognizing the importance that each of these fields play in

designing oxide / III-nitride interfaces, this thesis has the opportunity to explore other related

phenomena including accessing metastable phases through MBE (ytterbium monoxide), spinodal

decomposition in metastable alloys (MCO), how polar surfaces grown by MBE compensate their

bound surface charge, room temperature epitaxy, and the use of surface modification to achieve

selective epitaxial deposition (SeEDed growth).
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1. Molecular Beam Epitaxy

Epitaxy derives from the Greek words epi (epi) meaning “resting upon” and taxis (taxiz)

meaning “ordered arrangement” [1, 2].  This terminology was first used to describe the oriented

growth of one crystalline material upon another by Royer in 1928 [3].  Royer’s survey of mineral

epitaxy led to basic concepts like symmetry congruency and lattice parameter matching being the

facilitators for epitaxial growth.  By extending the symmetry and lattice periodicity across the growth

interface, epitaxial crystals help satisfy the bonding requirements of the interfacial atoms (bond

distance, number of bonds, bonding direction).  Satisfying these requirements lowers the internal

energy of the system making epitaxial growth the thermodynamically favorable mode (assuming a

low enough temperature to preclude an entropy dominated system) [4, 5].

Throughout the 20th century, new materials synthesis techniques emerged for producing

single crystals and depositing epitaxial films on their surfaces.  Arguably the most versatile of these

deposition techniques is molecular beam epitaxy (MBE), a central focus of this thesis.  Popular

media has described MBE as:

spray painting a surface slowly with atoms or molecules [6]

a vivid depiction lacking scientific eloquence.  Alfred Cho (an originator of modern MBE) describes

the technique thusly:

…a crystal growth technology conducted in an ultrahigh vacuum environment, with
control of the constituent fluxes, to allow for the growth of high quality epitaxial
films with atomic layer precision [7].

Both descriptions focus on the idea that molecular beam epitaxy allows the research scientist to

control materials synthesis on the atomic scale—a powerful tool for certain.

This opening chapter aims to give perspective to molecular beam epitaxy as a tool for

materials synthesis.  The first portion provides a historical perspective to emphasize the original

motivations behind MBE development.  The second portion gives a technological perspective of the

process requirements and equipment demands for conducting MBE experiments—demonstrating

the inseparable link between successful materials synthesis and equipment development.
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1.1 MBE: An Historical Perspective

The origin of molecular beam epitaxy is commonly traced to the “three-temperature”

technique developed by Günther in 1958 [8].  This process was developed to address the inherent

problem with growing III-V compound semiconductors: incongruent evaporation resulting from the

group V elements having a higher vapor pressure than the group III element.  Günther realized that

because the vapor pressure of the V element above the III-V compound was lower than over the

pure material, stoichiometric material could be produced by independently controlling the

temperature of the V element source, the III element source, and the growth substrate [8, 9].

Although Günther’s research involved amorphous substrates and polycrystalline films, the concept

of independently controlling the source fluxes and growth environment was borrowed by others and

evolved into molecular beam epitaxy.

Several early reports exist on the homoepitaxial growth of silicon using molecular beam

deposition [10, 11]; however, the primary driving force for the development of modern-day

molecular beam epitaxy was the growth of III-V compound semiconductors.  The “wide” direct

bandgap of these materials along with their high electron mobility and close lattice match created

an allure for high-speed electronics and photonic applications [2, 12].  These earliest studies (late

1960s and early 1970s) originated from Bell Laboratories in Murray Hill, NJ with John Arthur, Jr.

examining the mechanisms of GaAs growth and Alfred Cho developing the equipment technology

and optimized process conditions for device quality material.

In 1968, Arthur published fundamental studies on the sticking coefficients of Ga and As2 on

GaAs surfaces [13]. Arthur demonstrated that for modest substrate temperature necessary for

epitaxial growth (~500°C), Ga had a sticking coefficient of ~1 while As2 was ~0.  However, if an

adatom layer of Ga was present, the sticking coefficient of As2 became greatly enhanced (near 1).

This understanding revealed that an As2 overpressure could be used to drive an adsorption-

controlled growth mechanism of epitaxial GaAs films where the Ga flux determines the growth rate

of the film.  In 1969, Arthur and LePore first demonstrated epitaxial growth of III-V semiconductors

using molecular beams directed at the substrate as in modern MBE systems [14].   This new

technique was named “molecular beam epitaxy” by Cho et al. in 1970 [15].

In 1971, Cho [16] demonstrated that compositional (GaAs/AlGaAs) and dopant (n/p)

heterostructures could be fabricated by MBE*, confirming that the construction of a superlattice by

molecular beams was possible.  This concept of creating a “superlattice” from the deposition of

epitaxial, alternating, periodic layers of different semiconductors on length scales shorter than the

electron’s mean free path was predicted to split the Brillouin zone and introduce new quantum

                                                  
* Interestingly, Cho’s heterostructures were 170 nm thick so they could be observed with optical microscopy.
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mechanical effects in the electrical properties of the material [17].  Aided by the development of a

computer controlled MBE system [18], Dingle et al. [19] experimentally verified the existence of

quantized electronic states in an AlGaAs/GaAs/AlGaAs superlattice.  Because these superlattices

allowed for the nearly arbitrary control of a material’s electronic bandgap structure and consequent

electronic transport properties, novel microelectronic devices emerged including avalanche

photodiodes, resonant tunneling bipolar transistors, and quantum well lasers.  This new technique

for designing solid-state devices was dubbed “band-gap engineering” by Capasso in his 1987

review of the subject [20].

A subsidiary of bandgap engineering is the concept of modulation doping in which a doped

large bandgap material (AlGaAs) is epitaxially interfaced to an undoped, smaller bandgap material

(GaAs).  This heterojunction creates free carrier injection into the undoped layer causing the

formation of a 2D electron gas (2DEG).  (For a fuller description see Section 3.3.2).  Because the

2DEG is within a material devoid of impurity dopants, electronic mobility is dramatically improved,

particularly at cryogenic temperatures.  First demonstrated by Dingle et al. [21] in 1978 and later

improved by Drummond et al. [22] with the addition of an undoped AlGaAs spacer layer in 1981,

these modulation doped heterostructures led to the highest electronic mobilities ever recorded in a

semiconductor, exceeding 107 cm2/Vs at 1 K [23].  These incredible properties led to both

technological and fundamental scientific advancements.  Modulation doped 2DEG heterojunctions

became the basis of high electron mobility transistor (HEMT) devices [24].  The exceptionally low

lattice disorder of these heterojunctions creates a nearly free 2DEG, which becomes a playground

for study of low-dimensional physics phenomena [25].  This work includes the discovery of the

fractional quantum hall effect, which was awarded the Nobel Prize in 1998 [2, 26].

An important corollary to the development of MBE growth technology is the development of

supporting in-situ characterization equipment, most importantly reflection high-energy electron

diffraction (RHEED).  Because MBE is conducted in an ultrahigh vacuum (UHV) environment, it

naturally accommodates characterization tools that require the incidence or collection of electrons

including electron diffraction and electron spectroscopies.  By obtaining the RHEED equipment of a

departing colleague at Bell Labs [27], Cho was able to incorporate this characterization

instrumentation into his GaAs MBE and demonstrate its utility in the real-time monitoring of film

crystallization [28] and film growth [29].  Unlike low energy electron diffraction (LEED), which was a

more popular film characterization technique at the time, the grazing incidence electron beam

geometry of RHEED allows concurrent film growth and monitoring—a direct feedback loop for the

film growth researcher.  The observation of intensity oscillations in specular and diffracted RHEED

grown in a layer-by-layer (Frank-Van der Merwe) mode.  These intensity oscillations were first
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beams advanced this tool further as a means for monitoring the monolayer deposition rate of films

reported* by Harris et al. in 1981 [30], with Wood [31] providing the scientific basis for their

existence and a more complete explanation published in 1983 [32].

Molecular beam epitaxy is commonly considered ideal for research lab prototyping of novel

material sets; it allows atomic-level design of materials coupled with in-situ, real-time

characterization. A valid query is whether MBE can meet the high-throughput demands of product

commercialization attainable by other production methods such as metalorganic chemical vapor

deposition (MOCVD), sputtering, and liquid phase epitaxy (LPE).  The design of production-level

MBE equipment with multiple wafer handling capabilities and semiconductor growth rates in excess

of 10 mm/hr counter these concerns [33].  Commercialized MBE products are feasible.  A single

MBE can manufacture 1 to 2 million AlGaAs visible wavelength lasers for compact disk players per

month.  If MBE’s unmatched interface abruptness, uniformity, and thickness control is also

considered, it becomes the only viable technique for mass-producing certain device structures [7,

34].

The origin of MBE certainly stems from the III-V semiconductor community.  However, over

the past 50 years since Günther’s initial development of the three-temperature technique, MBE has

evolved to encompass many materials sets including group IV semiconductors, halides, nitrides,

and oxides.  The last of these topics, oxide MBE, is the core focus of this thesis and will be directly

addressed in Chapter 2.  First, however, to appreciate the potential capabilities of MBE for

materials synthesis, it is instructive to examine the stringent requirements of MBE growth, its

necessary equipment, and the opportunities these afford.

1.2 MBE: Technology

Molecular beam epitaxy endeavors to achieve materials synthesis of preeminent quality (in

both purity and crystalline structure) with infinite flexibility in material design.  To realize these

ambitious goals two overarching conditions must be met: (1) material synthesis must be conducted

in ultrahigh vacuum conditions (UHV, considered to be pressures below 10-9 Torr) and (2) source

material must be delivered in a highly controlled manner (both the rate of delivery and

composition).  Synthesizing materials under UHV conditions using molecular flux sources requires

advanced technological equipment with close attention to detail—e.g. vacuum pump selection,

                                                  
* Although first reported in 1981 by Harris et al., Wood claims to have observed the oscillations earlier (1977).
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Fig. 1.1 – A Depiction of MBE Synergy: Illustration of the two pillars of molecular beam epitaxy
(UHV and molecular beams) used to support the goal of atomic-level material design.  Also shown
are the necessary supportive equipment and the fortunate consequence of in-situ characterization.

thermal management, crucible reactivity, and rate monitoring methodologies.  A valuable

consequence of conducting materials synthesis under these two conditions is the incorporation of

in-situ characterization techniques that provide information on material quality to allow optimization

and reproducibility*.  Although not a fundamental objective of MBE, this consequence of in-situ

characterization empowers MBE as a tool for fundamentally understanding nucleation behavior,

growth mechanisms, surface structure, and surface reactivity.  In Fig 1.1, the author attempts to

depict the inter-relationships between the goals and conditions for molecular beam epitaxy with the

equipment requirements and inevitable consequence of in-situ characterization.

The dependence of MBE’s success on the progress of equipment development has led

one author to comment that the rapid advancement in MBE research stems from the willingness of

vacuum manufacturers to embrace the manufacturing of commercial MBE systems and to work

with researchers and industry to meet individual requirements [35].  Considering this sentiment, the

rest of this chapter focuses on equipment considerations for molecular beam epitaxy systems.

Although specific references are included where appropriate, many of these general

concepts can be found in multiple texts and are not referenced directly; the author recommends the

following references for the interested reader: [1, 4, 35–42].

                                                  
* The author likens this result to point group symmetry notation where the first two operations fully describe the symmetry,
while the third is an inferred consequence.
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1.2.1 Achieving and Maintaining UHV

Processing under UHV conditions improve material purity by avoiding incorporation of

residual gas molecules.  The incident flux of residual gas in a vacuum chamber can be calculated

from the Knudsen equation:

† 

F =
NA P

2pMRT
[Eqn. 1.1a]

where F is the flux, NA is Avogadro’s number, P is the chamber pressure, M is the molecular mass

of the gas species, R is the gas constant, and T is the absolute temperature.  A useful variant of

this equation is:

† 

F(atoms/cm2s) = 3.47 ¥1022 P(Torr)
M(g/mol) ¥ T(K)

[Eqn. 1.1b]

 where the units for each variable are as labeled.  Under UHV conditions (10-9 Torr), the residual

gas flux is ~3.5x1011 molecules/cm2s.  Assuming an average surface site density of 1015 /cm2 and a

typical MBE growth rate of 1 monolayer (ML) per second, the calculated contamination for residual

gases with a sticking coefficient of unity would be 350 ppm.  This impurity level is unacceptable for

many semiconductor devices.  Fortunately, the sticking coefficient for residual gases on most

surfaces is far less than unity and material purities on the order of 10 ppb can be achieved [35].

The low rate of surface contamination under UHV also affords the opportunity to characterize the

as-grown surface structure.  Even for a sticking coefficient of unity, 45 min must transpire to deposit

1 ML of contaminants at 10-9 Torr.

Vacuum conditions are also required for realizing a molecular beam.  Molecular flow is

when atomic or molecular species are transported without collision.  Molecular beams produced

from evaporation have a known thermal energy and a consistent flux, which is useful in

understanding growth mechanisms.  Molecular flow is defined by the Knudsen number:

† 

Kn =
lMFP

Dc

[Eqn. 1.2]

where Dc is a characteristic length (source-to-substrate) and lMFP is the mean free path (MFP):

† 

lMFP =
RT

2pa2NA P
[Eqn. 1.3]
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where a is the molecular diameter.  When Kn > 1 (MFP is larger than source-to-substrate

distance), molecular flow occurs.  Assuming an average source-to-substrate distance of 25 cm, the

minimum pressure necessary for molecular flow is ~3x10-4 Torr.  For this requirement, UHV

conditions are more than sufficient.

Proper selection of vacuum pumps is important for readily achieving UHV.  Pumps that

require oil for operation (rotary mechanical pumps, diffusion pumps, and turbomolecular pumps)

are typically avoided to prevent backstreaming of hydrocarbon contaminants.  Instead, capture

pumps are used in most MBE growth chambers.  Liquid nitrogen cooled sorption pumps are

optimal for attaining rough vacuum (~10-3 Torr); subsequently, most MBE’s are evacuated by cryo

pumps, titanium sublimation pumps, sputter ion pumps or some combination of the three.

Perhaps the most important advancement in pumping technology not used by early

pioneers like Günther and Cho is the loadlock chamber.  Isolating the growth chamber while

samples are introduced from atmosphere in an adjoining chamber drastically reduces the pumping

budget.  Besides eliminating the need to constantly remove adsorbed water from the chamber

walls (which can take in excess of a day at modest temperatures, 250°C), growth chamber

isolation also allows effusion cell sources to remain hot, preventing residual gas contamination.

The sample can also be heated in a true UHV environment, which is often essential for proper

surface preparation.  The principal drawback is infrequent servicing, demanding high reliability of all

components.  In advanced MBE systems, certain components are specifically loadlocked for

routine maintenance (e.g. quartz crystal microbalances for crystal replacement).

Construction material selection is also important in reducing the residual gas pressure.

Metal alloys with low vapor pressure constituents are favorable.  Stainless steel alloys 304 and 316

(Fe-Cr-Ni) are preferred because of their chemical stability and low sulfur content (a volatile

species found in other alloys like 303) [4, 37].  Components requiring operation above ~450°C are

typically fabricated from refractory metals: tantalum, tungsten, or molybdenum.  Tantalum has good

thermal shock resistance and remains pliable after incandescent (glowing) heating, making it

preferable for heating elements in effusion cells or substrate holders.  Tungsten has the highest

melting temperature and lowest vapor pressure of any metal; thus, it also finds use as a filament

material.  Molybdenum is the easiest to machine and is commonly used for high-temperature

nuts/bolts and as the substrate holder.

For completeness, sample manipulation in a UHV environment should be mentioned.

Although the details are beyond the scope of this text, novel engineering solutions have been found

for linear motion, rotational motion, and electrical input for UHV environments including the use of

magnetic coupling and ceramic-to-metal seals.
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1.2.2 Controlled Delivery of Atomic Fluxes

The concept of delivering precise quantities of each desired element in a molecular or

atomic beam is a cornerstone of MBE.  The relatively low atomic fluxes (<1015 atoms/cm2s)

commonly associated with molecular beams facilitate epitaxial growth by allowing sufficient surface

diffusion and incorporation prior to deposition of the subsequent ML.  Because the incident species

arrive with only thermal energy (< 0.1 eV), surface processes (diffusion, incorporation, re-

evaporation, etc.) are primarily controlled by the growing surface’s structure and

temperature—providing direct control and easily interpretable insight to the growth process.  In

contrast, other physical vapor deposition (PVD) techniques can create highly energetic species (0.2

to 5 eV for neutral species, 5 to 50 eV for ions) [4], which introduce additional energy to the growth

surface and modify the film growth process (e.g. sputtering, ion-beam deposition, etc.).

Various methods are used for creating molecular beams.  For gases or high-vapor

pressure organics, leak valves can introduce molecular species to UHV chambers from ex-situ

sources.  Electron beams (e-beam) and pulsed lasers (PLD) are also incorporated into some MBE

systems.*  However, the most common source of molecular beams is the effusion cell, pictured in

Fig. 1.2.  Effusion is a process whereby evaporants exit an orifice without collision because the

particle’s MFP is larger than the diameter of the exit aperture.  An effusion cell uses non-inductively

wound, resistively heated wires to evaporate the source charge from a crucible.  Near the opening,

the filament wire is thinner or wound more densely to manage heat loss and prevent condensation

of evaporants which can reduce the flux.  Tantalum is commonly used as the heating filament

because of its thermal cycling integrity.  A thermocouple is placed below the crucible, but still within

Fig. 1.2 – Effusion Cell Schematic: Drawing of effusion cell shown in cross-section.

                                                  
* Note that these techniques provide additional energy to the evaporants (~0.2 eV for e-beam and ~40 eV for PLD).
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the resistively heated coil, to monitor evaporant temperature.  Feedback controllers based on PID

(proportional-integral-derivative) operation maintain the constant temperature necessary for MBE

flux delivery.

Crucible material and geometry play integral roles in effusion cell performance.  The

common crucible material alumina is typically avoided because sintered alumina components

contain many volatile constituents (binder, sintering aids like Mg, etc.).  Graphite or boron nitride

crucibles processed from pyrolytic (chemical vapor deposition) methods are preferred for their

purity and low porosity (less outgassing).  Pyrolytic boron nitride (PBN) is most common because

of its chemical inertness, machinability, and high thermal conductivity (comparable to iron in the

basal plane).  The anisotropy of its thermal conductivity eliminates hotspots on the crucible.  See

Ref [43] for a complete review of PBN manufacturing and properties.  Effusion cells with PBN

crucibles can be safely operated to about 1300°C.  Crucible geometry is important for maintaining

a constant flux.  By using a conical shaped crucible with a wide-mouth opening, evaporant flux

remains stable upon source depletion [35].  The wide opening (compared to the pin-hole of a

Knudsen cell) affords a higher flux for more reasonable growth rates and a lower residual gas

impingement ratio.

Evaporant source purity is of obvious concern in controlling the composition of the atomic

flux.  Source purity in semiconductor MBE may approach parts per billion, requiring the purchase of

high-purity evaporant material.  Purity constraints on high volatility sources can be somewhat

relaxed because few contaminant elements evaporate at their low operation temperature.  As

important to final film purity is the thermal management of the MBE source flange.  Confining heat

to the effusion cells minimizes cross-contamination from spurious evaporation of species

condensed on nearby walls.  Tantalum foil surrounding the crucible manages radiative losses.

Placing the effusion cells within a water or liquid nitrogen cooled shroud further reduces unwanted

contaminating evaporants.

To achieve accurate film thickness, composition, and doping, molecular fluxes must be well

known.  Although RHEED oscillations can be used to monitor deposition rate during layer-by-layer

growth, incident fluxes are often directly measured with quartz crystal microbalances (QCMs).

These devices use an AT cut quartz crystal (~35° with respect to c-axis [1]) under piezoelectric

actuation to monitor the change in vibrational resonance frequency (~5 MHz) with the accumulation

of deposited film mass.  Because a change of 1 Hz is easily detected with respect to a reference

crystal, QCMs have sensitivities on the order of 1 ML of deposit [1, 4].  Thermal management is

again crucial because variation of a few degrees Celsius from the reference crystal can shift the
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resonance frequency by 10 to 100 Hz.  Although QCMs are water-cooled, thermal fluctuations

remain a common problem when shuttering / unshuttering effusion cells.

1.2.3 In-situ Characterization Techniques

The UHV environment of MBE permits a unique opportunity for in-situ characterization.

The sizeable MFP afforded by UHV allows the usage of electron beam probes and electron

emission detection.  The slow rate of surface contamination facilitates studies on surface structure

and surface composition of freshly prepared or deposited surfaces.  Thus, in-situ characterization

can be used to gain fundamental understandings of surfaces or provide feedback for maintaining

optimal film growth conditions.

With geometry permitting, many characterization tools can be used during MBE film growth

including reflection high-energy electron diffraction (RHEED), atomic absorption (AA) spectroscopy,

mass spectrometry, and RHEED total-reflection-angle x-ray spectroscopy (RHEED-TRAXS).  Of

these techniques, RHEED is probably the most prevalent and will be briefly discussed here; the

other techniques are beyond the scope of this text but references are given for the interested

reader [44, 45].

RHEED involves in-plane diffraction of a high-energy (>10 kV) electron beam projected at

grazing incidence (< 3°) on the growth surface; diffracted beams are visible on an opposing

phosphorescent screen as depicted in Fig 1.3a.  Because diffraction occurs on a 2-dimensional

lattice (z ‡ 0), the reciprocal lattice points become reciprocal lattice rods (z* ‡ •).  Since high-

energy electrons are used, the radius of the Ewald’s sphere is considerably larger than the

reciprocal lattice rod spacing.  Consequently, multiple lattice rods within a single zone-axis fall

within the diffraction condition—similar to selected area diffraction (SAD) patterns collected in

transmission electron microscopy.  Energy and angular dispersion of the electron beam causes the

Ewald’s sphere to have finite thickness.  This thickness coupled with its large radius cause lattice

rod intersections to be streaks rather than spots as indicated in Fig 1.3b.  Thus, smooth surfaces

appear as “streaky” RHEED diffraction patterns.  When surface roughness increases, as under the

Volmer-Weber (island) growth mode, the electron beam’s low incidence angle causes transmission

through the surface asperities.  As a result, the diffracted RHEED pattern appears “spotty”

analogous to an SAD pattern.

Although an incredibly useful in-situ monitoring tool, the bombardment of a film with high-

energy electrons can also damage the growing material.  Electron beam damage can cause ion

desorption particularly in materials with strongly ionic bonding.  The charge transfer of an ionic
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Fig. 1.3 – Illustration of RHEED Operation and Diffraction Geometry: (a) depicts the common
geometry used for RHEED analysis during MBE film growth; (b) depicts the intersection of the
Ewald’s sphere and the reciprocal lattice rods in the “reflection” geometry and the resulting
diffraction spots (blue) on the phosphor screen.

bond leaves only the anions with high-energy valence band electrons to fill core level holes of

ejected electrons.  Through Auger relaxation, this constraint leads to positively charged lattice

anions.  Knotek and Feibelman have shown experimentally that O+ ions are ejected from transition

metal oxides under high-energy electron beam bombardment [46].
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Finally optical pyrometry is a technique commonly used (including in this thesis) for

monitoring substrate temperature.  This technique collects blackbody radiation emitted from the

substrate or holder to determine temperature via the Stefan-Boltzmann law.  Temperature

calibration is typically accomplished using phase transformations (e.g. Al-Si eutectic [47]).

Alternatively, a two-color pyrometer can be employed to eliminate the emissivity factor.

1.2.4 Special Considerations for Oxide MBE

Molecular beam epitaxy of oxide materials emerged from fundamental work on oxide

surfaces [42].  The deposition of oxide thin films by MBE flourished in the late 1980s and 1990s

with research in high-temperature superconductors [36] and high-k gate dielectrics [48].  However,

the introduction of an oxidant source created new challenges in equipment design and growth

strategies.

Oxidant species can reduce the inert qualities of some common materials used in MBE

components.  Oxides of the refractory metals molybdenum and tungsten have high volatility.

These volatile species have been attributed to molybdenum contamination in oxide films [36].

Molybdenum sample holders and clips, which see high temperatures and oxidizing environments,

are the principal contaminant sources and are often replaced with stainless steel or Inconel

analogues.  PBN may also decompose to B2O3 and N2 under oxidizing conditions; this reaction is

enhanced when the crucible contains certain liquid metals (e.g. copper and bismuth) [36].  Alumina

crucibles are an alternative [36].  If purity becomes a problem then single crystal sapphire crucibles

may also be purchased [49].

Equipment capabilities can be limited by the use of an oxidant flux.  If an explosive oxidant

is used (e.g. ozone) capture pumps (e.g. cryo-pumps) must be avoided for safety reasons.  The

use of QCMs for deposition rate monitoring also becomes more ambiguous under oxidizing

conditions.  Because the QCM observes different conditions than the growth surface (position,

temperature) film composition (and mass) may vary.  The QCM’s accumulated film may be a metal,

a sub-oxide or a fully oxidized material.  This composition will likely change with oxidant pressure

and could vary significantly from the film deposited on a heated substrate [42].   QCMs are still

useful for metal flux determination pre- and post-deposition and can be used to measure oxidant

flux if first coated with a highly reactive metal (e.g. Cu, Mg) [36], but accurate deposition rate

monitoring during oxide film growth is challenging.  Compared to the compositionally self-correcting

adsorption-controlled growth mechanism of III-V semiconductors, controlling composition in

complex oxide systems remains a critical challenge.
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Oxidant selection is a crucial consideration for MBE growth of epitaxial oxides.  Metal

oxidation at the growth surface should occur more rapidly than film growth to prevent structural

degradation due to sub-oxide phases [42].  Although molecular oxygen (O2) is sufficient to oxidize

Group I, Group II, and rare earth metals, difficulties can arise in depositing oxides containing the

more noble transition metal elements (e.g. Cu, Fe, Zn).  To maintain a sufficient MFP for molecular

beams (see Section 1.2.1) and prolong the lifetime of high-temperature MBE components, oxidant

pressures must be kept below ~10-4 Torr.  To thermodynamically favor oxidation by molecular

oxygen of these more noble metals within this pressure range requires relatively low growth

temperatures (< 600°C) which are often not conducive to epitaxial growth at reasonable deposition

rates [36].  In other instances (Fe) only lower oxidation states can be stabilized (FeO and Fe3O4 but

not Fe2O3) [42].  In the case of zinc, its high volatility requires low growth temperatures to improve

adsorption, causing oxidation to be kinetically impeded [50].  Alternative, more powerful oxidant

sources, including ozone (O3), nitrogen peroxide (NO2), and electron cyclotron resonance (ECR)

oxygen plasma generators (O+, O*), are incorporated into many oxide MBE systems.  These

oxidant sources have been experimentally determined to be nearly perfect oxidants, delivering

oxygen with no kinetic barrier to metal oxidation.  As such, full oxidation only requires a supply of

oxidant flux sufficient to satisfy the crystal structure’s oxygen concentration.  Use of these more

reactive oxidants can reduce necessary growth pressures by 5 orders of magnitude [36].

Growth of oxide thin films by molecular beam epitaxy presents new challenges not

encountered by the more established semiconductor growth community.  New solutions for

equipment requirements, control of film composition, oxidant reactivity, and characterization

techniques (charging problems from oxide insulators) must be considered.  Oxide MBE continues

to be a vibrant area of research to which this thesis aims to contribute.
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2. Epitaxy of Ionic Solids

Ionic solids dominated the earliest work on crystal epitaxy [3].  The aqueous solubility of

ionic salts allowed straightforward crystal growth from supersaturated solutions.  With the

emergence of thin film epitaxy techniques during the second half of the 20th century, material sets

shifted towards metals and semiconductors, which were found to have interesting physics and

were applicable to solid-state devices.  As a result, classical theories on epitaxial growth are based

on the behavior of metallic and covalently bonded materials—those lacking charge transfer.

Beginning in about 1990, interest in epitaxy of ionic materials was renewed.  Much research

focused on oxide superconductors and advanced dielectrics for solid-state devices.  Although

application driven, new insight was also gained about the fundamental differences between epitaxy

in covalent/metallic systems and ionic solids.

This second chapter begins with an overview of the relevant fundamental concepts of

epitaxy from classical theory including the importance of symmetry and lattice misfit.  Epitaxial

growth of alkali halides is considered, establishing the fundamental concepts of epitaxy in a model

ionic solid system.  Next, the impact of polar surfaces and heterointerfaces in epitaxial ionic solid

systems is discussed.  Finally, the chapter concludes with a review of the MBE growth of rocksalt

oxide thin films.

2.1 General Comments on Epitaxial Growth

In this first section, the general process of epitaxial deposition will be considered as a

consequence of geometric constraints.  The following section will comment on the additional

conditions necessary for layer-by-layer film growth, which often improves epilayer crystal quality.

Before continuing, a few definitions should be mentioned.  When a material is epitaxially

deposited on a substrate of the same composition the process is referred to as homoepitaxy.

Heteroepitaxy is the deposition of a dissimilar material.  Unlike homoepitaxy, heteroepitaxial layers

contain interfacial bond strain due to differences in structure.  To describe the crystallographic

relationship between heteroepitaxial layer and substrate the following notation is commonly used:

(HKL) Film || (hkl) Substrate ; [UVW] Film || [uvw] Substrate

where (HKL) || (hkl) are the crystal planes meeting at the epitaxial interface and [UVW] || [uvw] are

collinear crystallographic directions within the growth interface.  A common crystallographic

relationship is the “cube on cube” geometry where (001) || (001) ; [100] || [100].
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2.1.1 Symmetry and Misfit

Two factors principally govern epitaxial growth: (1) symmetry and (2) misfit [42].  These

factors formally establish the physical constraints for epitaxy to occur between two crystals.

Symmetry establishes the general alignment of atomic structure across the interface while misfit

establishes the dimensional constraint for allowing continuation of the crystalline lattice.

For epitaxy to occur, the symmetry of two crystals must align in such a way to allow the

uninterrupted extension of lattice planes across the interface [51].  Symmetry alignment at epitaxial

interfaces can be examined using the 10 two-dimensional crystallographic point groups.  These

point groups include all of the symmetry elements that remain at a planar interface—namely

rotation and mirror symmetry [52].  The two-dimensional symmetry of the substrate surface

determines the possible epilayer orientations.  When symmetry operations of the substrate are not

present in the epilayer, structural variants occur [53].  These variants are equivalently matched to

the substrate symmetry but result in epilayer crystals with different in-plane crystallographic

orientations.  For example (see Fig 2.1), a six-fold symmetric substrate permits two unique but

equivalent orientations of a three-fold symmetric epilayer.

Fig. 2.1 – Variants Caused by Symmetry in Epilayers: The 6-fold symmetric substrate crystal
demands a 60° symmetry operation.  This produces a single variant for a 6-fold symmetric epilayer
crystal (a), but forces two variant orientations in a 3-fold symmetric epilayer (b).  Based on Ref [53]
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For real surfaces that contain atomic steps, variants will inhomogeneously nucleate at step

edges [53].  By mis-cutting the substrate by some small angle (< 5°) from a low-index plane (vicinal

substrates), these step edges can be aligned and thereby allow for the preferential growth of a

single variant [53, 54].  For multicomponent systems, surface chemistry can also contribute to

epitaxial nucleation.  Choice of substrate crystal orientation will determine whether the growth

surface contains lattice plains of stoichiometric composition or a single element [53].  Differences in

surface chemistry change bonding energetics at the epitaxial interface, influencing epitaxial growth.

This interaction is particularly important in ionic materials where electrostatic repulsion between

ions must be minimized.  This constraint is further considered in Section 2.4.3.

While symmetry provides for the in-plane rotational alignment of lattice planes, lattice misfit

determines the amount of spatial separation that must be accommodated to maintain lattice plane

continuity across the interface.  Lattice plane continuity ensures epilayer atoms lie in the energy

minima of the substrate’s corrugation potential [5].  Lattice mismatch strain or lattice misfit (emisfit)

quantifies this mismatch in interplanar spacing:

† 

emisfit =
do,s - do, f

do, f

[Eqn. 2.1]

where do,s and do,f are the symmetrically related, unstrained interplanar spacings of the substrate

and epilayer respectively.  A positive misfit value indicates a film under tensile strain, while a

negative misfit value indicates a film under compressive strain.  A misfit value of < 15% is generally

required for epitaxial deposition [3], although certain systems can accommodate larger misfits [55,

56].  To accommodate this misfit, epilayers can be strained such that their interplanar spacing

perfectly matches the substrate or form misfit dislocations along the interface.  In rare cases,

crystals grow tilted from the principal axis to achieve a lattice match (coherent tilt) [57] or will have

a completely incoherent interface.  Each of the epitaxial lattice accommodation mechanisms are

depicted in Fig. 2.2.  In many cases, multiple mechanisms actively relieve misfit strain.

According to conventional epitaxial theory proposed by Frank and van der Merwe in 1949

[51, 58], the initial few epitaxial monolayers (at minimum) are strained to form a fully coherent

interface with the substrate.  These commensurate epilayers are called pseudomorphic.  In 1963,

van der Merwe [59] showed that for an elastically strained pseudomorphic layer, the strain energy

increases linearly with film thickness (t) and parabolically with misfit strain (

† 

Estrain µ temisfit
2 ). At

some critical thickness, this strain energy exceeds the energy required to form misfit dislocations
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Fig. 2.2 – Interface Strain Accommodation Mechanisms in Epitaxial Films: (a) epilayer
pseudomorphicly strains to match substrate lattice, (b) misfit dislocations form at the interface, (c)
epilayer grows tilted to achieve equivalent lattice periodicity, (d) weak interfacial bonding leads to
fully relaxed growth of epilayer.

and the film relaxes towards its bulk structure.  Relaxation occurs via dislocation formation

throughout the film followed by dislocation migration to the interface.  Once aligned along the

interface these dislocations are referred to as misfit dislocations and act to relieve the misfit strain.

The energies contained within a pseudomorphic film can be large and can dramatically impact film

growth.  Jesser [60] showed that pseudomorphic growth can thermodynamically stabilize a closely

lattice-matched non-equilibrium phase if the equilibrium phase has a mismatch of >10%.  Flynn

[61] showed that solid solutions of immiscible compounds are possible if lattice misfit is reduced for

the alloy.

Upon reaching their critical thickness, pseudomorphic metallic epilayers are observed to

fully relax.  This ideal behavior is a result of the relatively low energy cost for dislocation formation

and motion in metallic systems.  Having a low energy relaxation mechanism also deters strain

stabilization of metastable phases.  Dislocation formation and motion in semiconductors requires

more energy.  Thus, semiconductor epilayers are observed to have higher critical thicknesses

(~100 nm) than metals (~10 nm) and above this thickness, films are typically only partially relaxed

[62, 63].  Strain relaxation in ionic solids is dependent on strain direction. In general, ionic solids
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Fig. 2.3 – Bonding Energy in Ionic Solids: Plot of bond energy vs. bond length for an ionic bond

are capable of accommodating some degree of tensile strain.  However, even small amounts of

compressive strains are usually immediately relaxed through either film buckling or 3D islanding

[42].  This is a result of the anharmonic nature of an ionic bond’s energy potential as shown in Fig.

2.3.  The rate of increase in potential energy for a bond in tension is significantly lower than the rate

of increase in compression. More detail on strain relaxation of alkali halide epilayers is discussed in

Section 2.2.3.

For certain systems under large misfit (particularly ionic solids like alkali halides), a

pseudomorphic layer does not exist and strain is fully relieved within the first monolayer.  For these

systems, strain relief occurs either through the immediate formation of a misfit dislocation network

in the first ML (incoherent interface) or through the formation of pseudomorphic islands whose size

are determined by the magnitude of strain they are willing to accommodate [55].  In systems where

polymorphs exist, domain structures may also emerge to accommodate strain [64].

2.1.2 Film Growth Modes

Epitaxial growth does not infer layer-by-layer film growth.  A system with epitaxially

favorable symmetries and mismatches can have unfavorable interface energetics that preclude

layer-by-layer growth.  When three-dimensional growth occurs, nucleation of all possible structural

variants becomes more likely, increasing the film’s mosaic structure and degrading the epilayer’s

crystal quality.  Thus layer-by-layer growth is preferred in most epitaxial semiconductor systems for

optimal device performance.

The epilayer’s growth mode can be simply predicted by examining the surface energies of

the substrate (gs) and epilayer (gf) along with the interfacial energy (gi).  When gs > gf + gi, then layer-
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by-layer growth (Frank-van der Merwe, F-M mode) is energetically favorable.  When gs < g f + g i,

then island growth (Volmer-Weber, V-W mode) is favorable [1].  Although not directly stated in this

analysis, the two factors identified for epitaxial growth (symmetry and mismatch) do impact the

growth mode via the interfacial energy term.  This term can be thought of as a combination of

interfacial bonding chemistry and mismatch strain [42, 55].  Similar bonding environments and low

misfit strains favor 2D growth.  For pseudomorphically grown films, the increase in strain energy

with film thickness can eventually shift the energy balance to favor 3D growth.  Films that undergo

a change from 2D to 3D growth are said to follow Stranski-Krastanov (S-K) growth.

This energetic balance complicates the deposition of epitaxial multilayers (superlattices)

with atomically smooth interfaces.  Thermodynamically, the higher surface energy component will

favor 3D growth when deposited upon the lower surface energy component.  To solve this problem,

a “surfactant” is included during deposition of the higher surface energy component.  This

surfactant acts to lower the layer’s surface energy. For Fe/Cu multilayers, O2 can act as a

surfactant [65].  The higher surface energy of Fe favors 3D growth.  By including 1 ML of O2 during

Fe deposition, the lower nobility Fe wets the copper surface to maximize bonding to the oxygen

adlayer.  Polar molecules like urea have been shown to stabilize the high-energy (111) face of ionic

rocksalt crystals, presumably by compensating the surface charge yet not incorporating into the

lattice [66, 67].

Of secondary importance in determining film growth mode is surface kinetics.  To achieve

layer-by-layer growth, sufficient thermal energy must be provided to allow adatoms a sufficient

diffusion rate to reach the growth front (often a step-edge) prior to full monolayer deposition.  Thus,

to maintain 2D growth the diffusion rate must be higher than the adsorption rate (incoming flux),

else films will begin to roughen or even become polycrystalline.  An important subset of 2D growth

is step-flow growth.  This mechanism occurs when the surface diffusion length is greater than the

surface terrace width [42].  If the diffusion length is shorter, 2D growth can still occur by 2D island

nucleation and coalescence, however this route increases the probability of nucleating structural

variants.

2.1.3 Epitaxy of Elemental Metals

Epitaxy of elemental metal layers ideally follows the ideas discussed in the preceding

sections.  Composed of a single component and following universal diffusion relations [68], metallic

epitaxy can be simply modeled.  Above some critical substrate temperature that varies with incident

flux, epitaxial metals exhibit smooth growth surfaces.  Using a generalized equation for metal
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Fig. 2.4 – Kinetics of Metal Epitaxy: Plot of the universal surface and bulk diffusion constants of a
metal versus inverse temperature normalized to the melting point.  Minimum surface diffusion
constants necessary for smooth surface growth (10-7 cm2/s) and RHEED oscillations (10-15 cm2/s)
are labeled as well as the maximum bulk diffusion constant to prevent multilayer intermixing
(10-19 cm2/s).  Metallic superlattices with smooth interfaces are demonstrated to have a narrow
process window near 3Tm/8.  Based on Ref [69]

surface diffusion (normalized to the metal’s melting point, Tm) and assuming a typical flux of 1 ML/s

(or ~1 Å/s) and terrace width of 100 nm, Flynn [69] has shown that substrate temperatures above

3Tm/8 are necessary for smooth metal epilayers.  Lower temperatures kinetically limit 2D growth as

discussed in Section 2.1.2.  Flynn compares this to bulk diffusion rates to determine the critical

temperature at which two metallic layers would begin intermixing.  It is shown that metallic

superlattices must be grown below 0.38Tm to maintain chemically abrupt interfaces.  As depicted in

Fig. 2.4, smooth and abrupt metallic superlattices can only be deposited within a very narrow

temperature window near 3Tm/8.  It may be possible to broaden this window by reducing the

incident flux, which would lower the critical temperature for smooth metallic epilayers.

2.1.4 Stabilizing Non-Equilibrium Phases Through Epitaxy

The ability of MBE to stabilize non-equilibrium phases has been previously mentioned.

Polymorphs, solid solutions, and unusual stoichiometries not observed under isothermal bulk

preparation conditions have all been stabilized by MBE [61, 70].  Determining whether such phases

are achieved through kinetic metastability or thermodynamic stabilization depends on the system

under investigation and is often a point of contention in the literature.   The large surface to volume



21

Fig. 2.5 – Epitaxy Versus Graphoepitaxy: (a) Epitaxy results from atomic alignment while
(b) graphoepitaxy results from artificially created surface structures (grooves).

ratio of epitaxial thin films enhances the importance of interfacial energy in the system’s overall free

energy.  Consequently, the lower energy of a coherent interface (~5 to 200 mJ/m2) versus an

incoherent interface (~800 to 2500 mJ/m2) can change the equilibrium phase for a material

deposited as an epitaxial film [70].  Implicit to this equilibrium is pseudomorphic growth; above the

critical thickness, the relaxed film can begin nucleating the bulk equilibrium phase.  For situations

where surface diffusion is sufficiently high to allow epitaxial growth but bulk diffusion sufficiently low

to inhibit phase transformations, kinetic processes can drive metastability. Unlike thermodynamic

stabilization due to a pseudomorphic interface, a kinetically stabilized phase can be grown

“infinitely” thick [70].

Deposition of TiO2 provides an ideal example of thermodynamic epitaxial stabilization.

Rutile is the equilibrium phase while the anatase phase has ~5 kJ/mol higher free energy at room

temperature.  Gorbenko et al. [70] have demonstrated that when grown concurrently at >800°C

phase pure material will deposit on lattice-matched substrates (anatase on (001) STO; rutile on

(1`102) Al2O3).  Because the anatase remains stable upon post-deposition annealing, this system

appears to be in thermodynamic equilibrium [71].

A related phenomenon is graphoepitaxy, which is the ability to induce epitaxial growth on

polycrystalline or amorphous substrates using artificially fabricated surface structures.  If growth

conditions favor fiber-texturing along the growth axis, then a periodic pattern on the substrate

surface can drive crystal alignment within the interfacial plane, creating an epitaxial film [1].  A

comparison of the microscopic vs. atomic alignment of epitaxial and graphoepitaxial films is

depicted in Fig. 2.5.
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2.2 Epitaxy of Alkali Halides

Epitaxial growth of alkali halides (AHs) has been thoroughly studied as a model ionic

system.  Preparation of epitaxial AH films is facilitated by their low sublimation temperatures and

ease in attaining large single crystal substrates.  The predominantly ionic character of alkali halides

is similar to rocksalt oxides, the materials of interest for this thesis.  Consequently, the phenomena

observed in alkali halide epitaxy are similar to rocksalt oxide epitaxy and the theory developed for

alkali halides has been extended to rocksalt oxides.  This section begins with a discussion of how

ionic character influences surface kinetics, then describes the impact on epitaxial growth of AHs,

and finally relates these observations to rocksalt oxides.

2.2.1 Energetics of Adsorbates on Alkali Halide Surfaces

Because alkali halides have >60% ionic character, modeling the atomic bonding in these

systems as purely electrostatic can be very successful (i.e. ignore the covalent component

resulting from molecular orbital overlap).  Consequently, bonding within ionic solids is considered

non-directional.  By summing the attractive (cation-anion) and repulsive (electron cloud overlap)

Coulombic energies the internal energy of an ionic lattice, often called the Madelung potential, can

be computed [72].

Hove [73] has conducted these electrostatic-based calculations to describe the adsorption

and migration energies of AH molecules and A+/H- ions on alkali halide surfaces.  His calculations

are summarized in Table 2.1.  Experimentally, alkali halides are found to sublime molecularly [74].

Because the potential energy difference between adsorbed molecule and adsorbed ions is only ~1

eV while the energy for molecular dissociation is ~5 eV, an evaporated molecular flux will likely

remain a diatomic adsorbate.  For the case of (001) KCl surfaces investigated by Hove, ion

adsorbates (K+ or Cl-) have a calculated binding energy of -0.68 eV, while diatomics bind with

-0.36 eV.  The induced polarization caused by a charged adsorbate accounts for its higher binding

energy.  However, compared to the crystal’s Madelung potential (-7.94 eV), these binding energies

are an order of magnitude less.  This low binding energy is a consequence of the non-directional

bonding of an ionic crystal.  The cohesive electrostatic fields are primarily confined within the

neutral crystal, leaving only an exponentially decaying surface potential to bind surface adsorbates

[62].

Hove calculates an activation energy ~0.23 eV for surface diffusion [73].  This energy is

independent of the induced polarization energy and thus similar for ions or diatomic species.   At

room temperature, the low activation energy for surface migration will allow an adsorbed ion to
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Table 2.1 – Adsorbate Energetics on the KCl (001) Surface: Energy barriers for adsorbate
desorption and diffusion. Average surface resonance times and diffusion distances before
desorption are calculated based on a hop distance of 0.25 nm.  Based on [73]

Adsorbate

Desorption
Energy

Diffusion
Barrier

Surface
Resonance
Time (25°C)

Surface
Resonance

Time (250°C)

Diffusion
Distance
(25°C)

Diffusion
Distance
(250°C)

K+ or Cl- 0.68 eV 0.23 eV 0.03 s 0.4 ms 2 mm 40 nm
KCl 0.36 eV 0.23 eV 0.1 ms 0.3 ns 3 nm 1 nm

diffuse ~1 mm before re-evaporation (0.03 s).  By Hove’s calculations, a diatomic’s lower binding

energy and higher entropy in the gas state shortens its surface resonance time to the order of

nanoseconds.  This leads Hove to conclude that crystal growth via molecular AH fluxes should be

significantly slower than ionic fluxes. [73].  Bjorklund and Spears reach a similar result, but caution

that uncertainty in the pre-exponential term precludes direct conclusions from these calculations

[75].  Further work by Bjorklund and colleagues [76] indicates that adsorbate-binding to ledges is 2

to 10 times greater than adsorbate-binding to terraces.

2.2.2 Atomic Mechanisms of Alkali Halide Epitaxy

The surface energetics of ionic solids enables epitaxial growth phenomena unachievable in

metals or covalent solids (semiconductors).  For example, Yang and Flynn [62, 77] have reported

epitaxial growth of alkali halides at cryogenic temperatures.  The ability to achieve epitaxy with low

thermal input is ascribed to the large disparity in binding energy to terraces versus ledges and the

small activation energy for surface migration.  These surface energetics are summarized in Fig 2.6.

Fig. 2.6 – Depiction of Adsorbates Energetics on Alkali Halide Surfaces:  Surface energies
relative to the vapor phase for species adsorbed to an AH terrace, at an unstable migration site
(hop), and incorporated at a ledge.  Based on Refs: [62, 73]
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Fig. 2.7 – Comparison of Surface Diffusivity for Different Solids: A plot of the surface diffusion
constant versus inverse temperature normalized to the melting point for solids of different bonding
chemistry—ionic, metallic, and covalent (semiconductors).  Minimum diffusivity limits for achieving
smooth films and RHEED oscillations are labeled.  Based on Ref: [62]

Fundamentally, the mechanism for alkali halide epitaxy is similar to metals or single-

component semiconductors.  Adsorbed molecules freely migrate across the surface.  When a low

energy ledge/kink site is reached, the adsorbate becomes incorporated into the epitaxial growth

front [78].  The critical temperature for epitaxy in different materials varies due to a change in the

magnitude of the activation energy for this migration process.  A comparison of surface diffusion

rates is depicted in Fig 2.7.  Diffusion rates of ~10-15 cm2/s are necessary to observe RHEED

oscillations while rates of ~10-7 cm2/s are necessary for smooth growth surfaces [62, 63, 77].  Thus,

smooth surfaces require > 0.55 Tm for semiconductors, > 0.37 Tm for metals and only

> 0.1 Tm for ionic solids.

Epitaxial growth of various chlorides and iodides have been demonstrated at temperatures

as low as –150°C using a growth rate of 50 Å/s.  From these values, Yang and Flynn [62] estimate

the activation energy for surface diffusion to be < 0.2 eV, which is consistent with Hove’s

calculation of 0.23 eV.  Cryogenic epitaxial growth has also been demonstrated to allow solid

solubility of immiscible halide salts [62, 77].  RbF-RbI grown on RbCl phase separates at growth

temperatures of 100°C but forms a metastable disordered alloy at –100°C [62].  Similar alloying

has been demonstrated for the insoluble KCl and KI salts [77]. This unusual behavior is again
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attributed to surface binding energetics.  The strong ledge binding will indiscriminately incorporate

either alkali halide while the cryogenic temperatures prohibit segregation via bulk diffusion.

Because incorporation is a random process, disordered alloys are formed.  Because ordering

energies (~0.1 eV) are an order of magnitude lower than ledge binding energies (~1.5 eV), ordered

alloys are unlikely via MBE growth of ionic solids [77].

Alkaline-earth rocksalt oxides appear to behave similarly to alkali halides.  This is not

surprising as bond ionicity is ~75%, creating a similar low surface potential energy for fast

adsorbate diffusion.  Yadavalli et al. [79] have reported homoepitaxial growth of MgO down to

0.05Tm (100 K) at growth rates of 1 Å/s.  Although immiscible under bulk ceramic conditions,

complete solid solutions of MgO/CaO have also been demonstrated in epitaxial films grown by

MBE [80]. Further discussion of rocksalt oxide epitaxy is reserved for Section 2.5.

2.2.3 Misfit Accommodation in Alkali Halide/Alkali Halide Epitaxy

The requirement of a small misfit strain to achieve epitaxy is relaxed for heteroepitaxial

deposition of alkali halide films on alkali halide substrates.  For metallic and semiconductor

epilayers, a mismatch of < 15% is typically required for epitaxial templating of the substrate with

mismatches of < 1% for the highest quality films.  Epitaxial templating for lattice mismatches of

~40% have been demonstrated in alkali halide systems (e.g. (001) LiF || (001) KBr) [56].

Three regimes of growth have been identified for AH / AH heteroepitaxy [81].  An

illustration of these three growth regimes is provided in Fig. 2.8.  Below 10% misfit strain, films

behave classically.  The initial layers are commensurate with the substrate.  As film thickness

increases, dislocations form throughout the layer to gradually relax the lattice parameter to its bulk

value [56, 81].  Between ~10% and ~20% misfit strains, a fundamentally different relaxation

mechanism occurs.  Films immediately relax to their bulk lattice parameter within the first

monolayer forming an incoherent interface with the substrate [56, 62, 81]. This immediate

relaxation is attributed to the weak and non-directional ionic bonding at the interface.  Step edges

on the substrate surface continue to act as strong binding sites for epilayer nucleation, but weak

film-substrate binding across the rest of the terrace allows the epilayer to grow in a fully relaxed

state.  Yang and Flynn [62] suggest that the two interfacial surfaces be considered “undisturbed” by

one another and that the epitaxial templating be considered a form of “atomic-scale graphoepitaxy”

where the surface ledges act as the aligning patterned structure.  As misfit increases above ~20%,

crystal quality begins to degrade.  Films begin displaying island growth.  The large mismatch

causes repulsive Coulombic interactions at the interface.  The result is a high interfacial energy
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Fig. 2.8 – Misfit Accommodation in AH on AH Epilayers: Ideal RHEED patterns (above) and
expected film structure (below) for heteroepitaxy of AH on AH with (a) < 10% lattice misfit, (b) 10%
to 20% lattice misfit, and (c) > 20% lattice misfit.  Adapted from [81]

that favors 3D growth [81, 82].  An EELS analysis revealed that epitaxial LiF films on KBr (39%

mismatch) do not coalesce until ~14 nm [56].

2.3 Polar Surfaces

In 1979 Tasker introduced a classification scheme to describe surfaces of ionic solids

based on surface charge and dipole moment.  This scheme, which is still used today, is
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Fig. 2.9 – Tasker’s Classification Scheme for Surfaces of Ionic Solids: Depiction of different
surfaces for ionic crystals based on surface charge (q) and dipole moment (m).  Type 1 has q = 0
and m = 0; Type 2 has q ≠ 0 and m = 0; Type 3 has q ≠ 0 and m ≠ 0.  Based on Ref: [83–85].

Fig. 2.10 – Examples of the 3 Types of Ionic Solid Surfaces: (a) (001) MgO surface, (b) (111)
MgO surface, (c) (0001) GaN surface, (d) (110) TiO2 surface, note that for this crystal the surface
type is dependent on the surface termination chemistry.  Adapted from [86]

summarized in Fig. 2.9.  Type 1 surfaces are stoichiometric and therefore neutral.  Type 2 surfaces

have a charge but symmetry precludes the existence of a dipole moment in the unit cell stack.

Type 3 surfaces are polar and have a net dipole moment perpendicular to the surface [83–86].  To
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determine whether an ionic surface is polar, a dipole-free unit cell must be drawn as depicted in

Fig 2.10.  If the edge of this unit cell falls between atomic layers, the surface is non-polar, if the

edge falls on an atomic layer, then it is polar.  Consequently, surface termination can determine if a

surface is polar in some crystals (See Fig 2.10d) [86].  Rocksalt {100} and {110} are Type 1 while

rocksalt {111} is Type 3 (polar) independent of surface termination.

Bulk termination of a polar surface (as depicted in Fig. 2.9, Type 3) is predicted to be

unstable due to a diverging potential.  This instability is a consequence of the internal electric fields

present between charged atomic layers (dipoles).  Fig. 2.11 illustrates the location of electric field

lines for a polar surface (e.g. {111} MgO).  To satisfy Gauss’s Law, field lines exist between dipole

bilayers but are absent between neighboring bilayers. In a real crystal, atomic planes are

approximated to extended infinitely from the polar surface.  Thus, field lines do not exit the crystal

surface because no Gaussian surface could be drawn to completely enclose both surfaces on a

semi-infinite sample (i.e. no fringing fields for a semi-infinite series of capacitors).  Fig. 2.11 also

summarizes relevant equations for calculating the magnitude of this electric field (`E), the voltage

between bilayers (V), and the surface energy (g) for N bilayers (s is charge per unit area of the

atomic planes.) [88].  An analysis of the crystal potential is depicted graphically in Fig. 2.12a.  As

this figure illustrates, the potential of a bulk-terminated polar surface increases monotonically with

crystal thickness.  This divergence in potential is known as the “polar catastrophe.”

Fig. 2.11 – Determination of Electric Field Lines Within an Ionic Solid Having a Polar
Surface: The correct scheme for depicting electric field lines in a {111} rocksalt crystal is
determined using Gauss’s Law.  Scheme 1 is correct, while Scheme 2 is incorrect.  The equations
for the electric field and voltage within a dipole bilayer and the overall surface energy are included.



29

Fig. 2.12 – The Polar Catastrophe:  Depiction of an ionic solid’s electrostatic arrangement and
corresponding plots of electric field and electrostatic potential (voltage) values.  (a) depicts the
polar catastrophe for a bulk terminated ionic solid with a polar surface; (b) depicts a polar surface
where half of the surface charge has been compensated and a stable, finite surface potential is
reached; (c) depicts the electrostatic arrangement necessary to completely cancel the surface
potential—1/4 charge on the surface layer and 3/4 charge on the subsequent layer.  Adapted from
Ref [84, 86-88].

The consequence of the polar catastrophe is that the electrostatic contribution to a polar

surface’s surface energy becomes infinite (or extremely large for a finite sized crystal) [83].  To

lower this energy, a material can respond in one of four ways [85, 86]:

(1) Micro-faceting to form low-energy, non-polar surfaces

(2) Surface reconstruction, including varying from stoichiometric composition

(3) Adsorption of charged, foreign species

(4) Surface pinning of the Fermi level to provide electronic compensation of the surface charge

(may lead to a 2D conductive surface).

Response 1 involves significant mass transport to completely eliminate the polar surface.

Responses 2, 3 and 4 maintain the polar surface by introducing charge balance to the system.  As

depicted in Fig. 2.12b and 2.12c, the acquisition (adsorbates) or redistribution (reconstruction) of

1/2 or 3/4 of the surface layer’s charge can quell the polar catastrophe [84, 87].  Reconstructions
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and adsorbates accomplish this charge balance through “ionic compensation” while Fermi level

pinning is a form of “electronic compensation.”  This ionic versus electronic compensation of

surface charge will be discussed again for polar interface (e.g. LAO/STO) in Section 2.4.3.  The

choice between surface adsorbates and surface reconstruction often depends on the material’s

environment; reconstructions are favored in UHV and at high temperatures—both of which promote

desorption of foreign surface species.

Surface reconstructions are the commonly observed compensation mechanism for

covalent solids, like III-V semiconductors.  Preparation of these reconstructions typically requires

UHV conditions.  These reconstructions have been well-characterized using UHV surface science

techniques.  The structure of polar surfaces in insulating ionic solids like halides and oxides is not

as well understood.  Research in this area has had slow beginnings due to sample charging

difficulties that complicate the use of common surface analysis techniques.  The next three

sections examine the current knowledge in this area.

2.3.1 Polar Surfaces of NaCl Crystals Grown from Solution

Crystals of alkali halide salts grown from supersaturated aqueous solutions have cubic

morphologies with neutral (100) faces as their surfaces.  In 1783, Romé de L’Isle [66]

demonstrated that octahedral NaCl crystals with polar (111) faces could be grown from urea (urine)

solutions.  More recent work by Radenovic et al. has shown that other small molecules with large

dipole moments (like formamide) can also act to stabilize the polar surfaces of NaCl [67].  Surface

XRD experiments reveal that these (111) NaCl surfaces are unreconstructed and likely stabilized

by molecular double layers that provide the necessary charge compensation [89].  The lack of a

reconstruction contradicts theoretical calculations [90].  The choice to compensate with adsorbates

may result from the crystal’s liquid environment rather than UHV conditions.

2.3.2 Surface Structure of (111) MgO Polar Surfaces

The large ionic character of rocksalt oxides has led many to believe that a dramatic re-

structuring (i.e. faceting) is needed to accommodate the high surface energy and large dipole

moment of their polar surfaces.  Henrich’s 1976 experiments [91] on MgO that used LEED and

SEM to reveal 3-fold pyramidal faceting of (111) surfaces were readily accepted for 20 years. In

1991 Gajdardziska-Josifovska et al. [92] demonstrated that single crystal (111) MgO surfaces

heated to ~1600oC in air for 22 to 50 hours formed smooth surfaces with (÷ 3x÷3)R30o

reconstructions.  Elemental analysis revealed only Mg and O on the surface. This reconstruction

remained intact upon 2 months of exposure to ambient atmosphere.  A few years later smooth
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(111) NiO films with (2x2) reconstructions were prepared on (111) Au [93].  These discoveries

piqued new interest in examining the structure of rocksalt oxides’ polar surfaces.

In 1998, Plass et al. [94] revisited the 1976 work of Henrich [91] to more closely examine

the observed {100} faceting.  Plass et al. duplicated Henrich’s preparation of the (111) surface,

including cutting and polishing a single crystal followed by etching in phosphonic acid, ion

sputtering and heating (1100°C) under UHV.  Although etching created a visibly specular surface,

Plass et al. showed by optical, scanning probe, and electron microscopies that the pyramidal facets

emerged during this etching process.  Moreover, these pyramidal features did not change upon

annealing.  Thus, the pyramids observed by Henrich were not a result of faceting upon thermal

annealing but rather etch pits from a chemical treatment.  Upon annealing at higher temperatures

(1700°C), Plass et al. showed that (111) MgO surfaces actually became smoother rather than

increasingly faceted [94].  This evidence strongly suggests that the equilibrium stabilization

mechanism of (111) MgO polar surfaces is not faceting, as mistakenly believed for 20 years.

Careful analysis of the triangular pyramidal structures observed after etching revealed that

rather than the expected {100} low energy planes, facets were comprised of vicinal surfaces, likely

{332} planes [85, 94].  A statistical analysis of the facet angles taken from line scans of AFM

images indicated an average plane inclination of ~10.8°, significantly less than the 54.7° expected

from a {100} surface.  SEM scans taken at multiple tilt angles verify this measurement [94].

When annealed at high temperatures, the mechanism for (111) MgO polar surface

stabilization is believed to be surface reconstruction.  However, unlike semiconductors, these

surface reconstructions are stable in ambient atmospheres for prolonged periods of time (months).

Most reconstruction models are derived from the theoretical octopolar model proposed by Wolf

[90].  In this model a simple cubic lattice with an octopolar basis (MgO)4 (no dipole moment) is

chosen to eliminate the otherwise necessary correction for the surface dipole’s contribution to the

material’s Madelung energy.  A (2x2) reconstruction composed of these neutral octopoles is found

most stable using ab initio calculations.  This reconstruction pictured in Fig. 2.13 involves removal

of 3/4 of the top layer and 1/4 of the next layer [85].  As shown in Fig. 2.12c, this charge

reconfiguration eliminates the surface’s dipole moment, resolving the polar catastrophe and

providing a finite value for the surface energy [90].  As seen in Fig 2.13, this octopole structure can

be considered atomic scale faceting of the {100} surface—the smallest {100} faceting possible.

Besides the (2x2) structure, other reconstructions incorporating this octopole structure including the

(÷3x÷3)R30° and (2÷3x2÷3)R30° have been calculated and observed experimentally upon

annealing to temperatures above 1450°C [85, 95].  The exact structure of a reconstructed (111)

MgO surface appears dependent on process temperature and oxygen pressure [86, 96]
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Fig. 2.13 – The Octopolar Reconstruction for a (111) MgO Surface: Crystal models showing the
octopolar reconstruction in (a) side view, (b) top view, and (c) 3D perspective.  Blue spheres are
oxygen; red spheres are magnesium.

Atomically smooth (111) MgO surfaces with (1x1) reconstructions have also been realized

at lower annealing temperatures [97–99].  This stabilization is believed to result from surface

hydroxylation.  Theoretical calculations indicate that hydroxylated {111} MgO surfaces are actually

lower in energy than bulk terminated {100} MgO surfaces and should be favored under ambient

atmospheric conditions [87, 100, 101].  This prediction has been experimentally proven with MgO

nanocrystals (~170 nm).  Upon dissolution in water of neutral pH at room temperature, these MgO

nanocrystals of initially cubic morphology transform into {111}-faced octahedrons [102].  Thus, the

hypothesis of hydroxyl stabilization of (1x1) reconstructed (111) MgO single crystal surfaces

annealed in ambient at 600oC to 800oC appears valid and has been supported by evidence from

XPS [97] and LEED [98] experiments.

2.3.3 Surface Structure of Epitaxial Films with Polar Surfaces

Epitaxial films deposited along the growth direction of a polar surface may not behave the

same as the polar surfaces of polished/milled/annealed single crystals.  Deposition creates a

dynamic system with more mobile surface adsorbates than thermal annealing alone.  As a

consequence, 3D growth is observed by RHEED immediately upon deposition of (111) alkali halide

films on both (0001) sapphire [62] and (111) GaAs substrates [103].  Similar roughening has been

observed for (111) MgO || (0001) Al2O3 [79, 104].  Experiments on the homoepitaxial growth of

(110) LiF [105] and (110) MgO [106] have shown that {100} facets occur upon growth but not upon
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Fig. 2.14 – Relative Stability Diagram for Polar Surface Compensation Mechanisms:
Comparison of energy states and energy barriers between different mechanisms for compensating
the surface dipoles of a polar surface.

substrate annealing, further supporting the difference between the two environments.  It could be

expected that these faceted epitaxial films may smoothen upon post-deposition annealing or

aqueous immersion akin to their single crystal analogues.  However, an example of a faceted MgO

or alkali halide heteroepitaxial film undergoing surface smoothening via a reconstruction or an

adsorbate layer upon post-deposition processing could not be found in the literature.  A possible

explanation is illustrated in Fig 2.14.  The dynamic surface state of deposited films appears to

prefer faceting, likely following Volmer-Weber growth thermodynamics.  Although this faceted

surface may be higher in energy than the octopolar reconstruction, a large activation energy

impedes surface re-organization.  Studies observing this reconstruction in single crystal samples

overcome this kinetic limitation by starting with an amorphous surface or by using extremely high

temperatures (>1400°C).  The latter option is typically unavailable for heteroepitaxial systems due

to delamination or interfacial reactions.

Atomically smooth (111) surfaces of rocksalt structures have been deposited by MBE but

involve slow deposition rates and/or engineered interfaces.  A smaller crystal thickness reduces the



34

amount of divergence in the electrostatic potential.  Thus, a low interfacial energy may stabilize the

electrostatic potential of a few ML thick film.  Ten ML thick (111) MgO films deposited layer-by-layer

on (111) Ag showed smooth (1x1) surfaces [107].  Image charge in the metal substrate is

suggested to impart additional stability to this system.  Smooth (111) NaCl layers 3 atoms thick

have been deposited on (111) Al surfaces [108].  Depositing a CuBr/CuCl interfacial layer on (111)

GaAs is also reported to allow smooth (111) NaCl deposition [109].  In this system, the copper

halide’s intermediate ionicity is proposed to lower the interfacial energy and encourage 2D growth.

2.4 Interface Considerations in the Heteroepitaxy of Ionic Solids

The weak adsorbate binding and interfacial bonding afforded by the electrostatic bonding

in ionic solid epitaxy depends on an ionic bonded growth surface.  When covalently bonded

substrates are introduced, interfacial bonding changes, resulting in new epitaxial growth modes for

ionic solids.  Electrostatic repulsions can also play a role in the heteroepitaxy of ionic solids of

different crystal structure.  This section addresses the affects of interfacial bonding on ionic solid

epitaxy.

2.4.1 Epitaxial Alkali Halides on Semiconductors

Heteroepitaxial growth of alkali halide on alkali halide can accommodate mismatch strains

as large as 40% [56].  The maximum lattice mismatch for heteroepitaxial growth of alkali halides on

non-ionic solids is significantly lower.  For example, at 150°C (001) NaCl will grow epitaxially on

(001) GaAs (0% misfit), whereas KBr (16.8% misfit) deposits polycrystalline.  KBr remains

polycrystalline on GaAs up to 300°C, at which point it complete re-evaporates from the substrate

[110–112].  If a 2 nm NaCl buffer layer is initially deposited on GaAs, KBr will deposit epitaxially.

The observed lattice parameter of this KBr epilayer matches the bulk value [110].  Presumably, the

NaCl buffer lowers the surface binding energy allowing the KBr to completely relieve its mismatch

strain within the first monolayer.  Similar results have been observed for alkali halide epitaxy on

(001) Si substrates.  Well-matched LiBr (1.1% misfit at RT) grows epitaxially while larger

mismatched NaCl (3.7% misfit) deposits polycrystalline [111].

The above observations indicate that misfit is critical in achieving epitaxy of alkali halides

on covalently bonded solids.  Even small changes in misfit with thermal expansion are sufficient to

alter the film’s growth mode.  At room temperature LiBr has a lattice match of 1.1% with (001) Si

and grows epitaxially.  At 100°C the misfit becomes 1.8%, and polycrystalline growth occurs [111].

NaCl deposited on (001) GaAs is polycrystalline at room temperature (-0.4% misfit) but grows

epitaxial at 150°C (0% misfit).  If room temperature epitaxy is desired, the lattice-matched
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composition NaCl0.94Br0.06 can be used [113].  Note that while epitaxy occurs for 1.1% tensile strain

(LiBr || Si), films under 0.4% compressive strain (NaCl || GaAs) are polycrystalline.  This behavior

stems from the ability for ionic solids to accommodate tensile strains but require immediate

relaxation of compressive strains, as previously discussed (Fig. 2.3).

The marked difference in behavior between heteroepitaxial deposition of AH on AH and AH

on covalent solids stems from interfacial bonding.  As discussed in Section 2.2.3, AH || AH systems

have weak interfacial bonding across terraces that allows for graphoepitaxy-like templating of large

lattice mismatched films.  In many cases, the initial ML is fully relaxed and incoherent with the

substrate.  In contrast, the first ML deposited on a covalent crystal forms a strong, directional,

chemical bond to the substrate.  This covalently bonded interface fixes the nuclei’s crystallographic

direction.  Unless the epilayer has a small mismatch, the rigid AH film is incapable of straining to

form a commensurate interface with the substrate.  Upon coalescence, the differently oriented

nuclei will form a highly mosaic structure or a polycrystalline film [81, 111].  An XPS study of the

LiBr || Si and NaCl || GaAs epilayers found that interfacial chemistry is composed of only Si/Ga

atoms bonded directly to halogen anions [114].  A different interfacial chemistry is observed for

alkaline-earth halogens on silicon (see Section 2.4.2).

To examine the importance of the covalently bonded interface as a template for AH

epitaxy, Saiki et al. deposited alkali halides on passivated Si and GaAs surfaces [111]. Silicon

dangling bonds were passivated with H, while the GaAs surface was passivated with sulfur.  NaCl

grown on S-terminated GaAs at 150°C is polycrystalline.  By completely terminating all dangling

bonds of the GaAs surface with sulfur, the means for templating epitaxial growth of NaCl via

chemical bonds to the substrate was removed. LiBr films deposited on H-terminated Si are

observed to be rougher and exhibit more mosaicity than films deposited on clean Si surfaces.

Because H does not fully passivate the surface, the few remaining unterminated Si sites act as

nucleation centers, leading to a small domain, highly mosaic structure [81, 111].

2.4.2 Epitaxial Calcium Fluoride on Silicon

The (111) CaF2 || (111) Si system is ideal for studying the impact of interfacial bonding

chemistry on epitaxy between an ionic and covalent crystal.  From classical theories of epitaxy,

CaF2 appears ideally suited for epitaxial growth on (111) Si.  Both crystals have similar symmetries

(FCC lattices) with similar lattice constants (-0.6% mismatch at 25°C).  Because the {111} plane is

the lowest energy surface for CaF2 and gCaF 111 < gSi 111, layer-by-layer growth is also predicted.

However, experimental work with this system reveals that 2D epitaxy of high crystalline quality is

only achievable under specific growth conditions that rely on controlling the interfacial chemistry.



36

Critical to the 2D epitaxial growth of CaF2 on (111) Si is the creation of a substoichiometric

Si-Ca-F chemisorbed layer.  (The bonding order, Si-Ca-F, has been verified by XPS [115, 116].)

Temperatures in excess of 500°C are necessary to form an ordered Si-Ca-F surface layer that can

act as a template for epitaxial growth. Below 200°C no interfacial reaction occurs, and films

become either polycrystalline [114] or amorphous [117] depending on the incident flux.  Between

200°C and 500°C, a weak interfacial reaction occurs and CaF2 does not fully dissociate.  Epitaxy

proceeds via small islands.  Above 500°C an ordered Si-Ca-F layer appears resulting in a change

in the surface reconstruction from Si (7x7) to Si-Ca-F (3x1) observable by RHEED [114, 115].  This

new Si-Ca-F chemistry lowers the surface energy making 2D CaF2 growth unfavorable.  This lower

surface energy is exemplified by the rapid desorption of CaF2 from the Si-Ca-F surface (~100 s at

720°C) but not from bulk CaF2 (no desorption in 2.5 hrs at 720°C) [115].

The change in surface energy affects film growth mode.  At high temperatures (>750°C)

and low fluxes, 3D growth occurs [114, 117].  Islands of critical size nucleate homoepitaxial growth

vertically but are impeded from lateral growth due to high desorption rates from the exposed

Si-Ca-F surface.  At moderate temperatures (500oC – 750oC) and high fluxes, laminar growth is

possible [114, 115, 117].  Under these conditions, growth initiates as pseudomorphically strained

CaF2 islands of linear shape nucleated along surface ledges.  These islands slowly coalesce to

form a 2D layer upon which homoepitaxial growth can continue [114, 117].  To maintain a

pseudomorphically strained layer to larger thickness, room temperature deposition can be used to

reduce the misfit strain (-0.6% at 25oC versus –2.4% at 700oC) [114].  Thus, successful 2D

epitaxial growth in the CaF2/Si system requires forming an ordered chemisorbed layer (Si-Ca-F)

followed by a completely coalesced transitional layer that can template homoepitaxial deposition.

2.4.3 Interfaces of Epitaxial Perovskite Oxides

In binary metal oxides, parallel crystalline planes can have heterogeneous composition and

structure.  Consider the {001} planes of a perovskite ABO3.  These planes are either a rocksalt-like

AO structure or a BO2 network depending on how the crystal is sliced.  Note that the chemistry, ion

size, and ion charge change between these layers.  McKee et al. [118] have investigated the

importance of this surface termination on epitaxial growth.  In the prototypical system of BaTiO3

epilayers on MgO, initiating growth with the TiO2 surface (BO2 network) is critical in achieving

single-orientation films.  For this system, both electrostatics and ion size are important in

determining epilayer crystal quality.  The dissimilarity in BaO and MgO lattice parameter precludes

cube-on-cube commensurate growth between these planes.  Although a 45o rotation provides a

better lattice match, it forces the BaO’s and MgO’s cation or anion sublattices to overlap (see Fig.
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Fig. 2.15 – Epitaxial Arrangements for BaTiO3 || MgO:  Depiction of the atomic registry between
an (001) MgO substrate (opaque spheres) and a BaO terminated (001) BaTiO3 film (transparent
spheres).  (a) shows the large misfit (~ -35%) for cube-on-cube arrangement; (b) shows improved
misfit for a 45° rotation but overlap of the cation sublattices.  Anions are blue, cations are red.

2.15).  Experimentally, McKee et al. [118] showed that 1 ML of (001) BaO || (001) MgO forms 3D

islands with both cube-on-cube and ÷2 x ÷2 orientations.  These islands then nucleate multiple

orientations of BaTiO3.  An initial TiO2 layer provides a commensurate interface.  Once the

interface is established, BaTiO3 growth proceeds homoepitaxially and can be deposited with

concurrent fluxes at high growth rates.

Similar electrostatic-driven phenomena have been observed at the LaAlO3 (LAO) / SrTiO3

(STO) interface.  In this system, LAO has planes of net charge (LaO 1+; AlO2 1-) while STO has

neutral planes.  The uncompensated charge at a heterointerface results in a polarization

catastrophe similar to that described for polar surfaces in Section 2.3.  For SrO / AlO2 interfaces,

charge compensation occurs through vacancy formation and cation swapping.  This mechanism of

interfacial compositional roughening is observed in semiconductors heterostructures as well.  In

both instances the interface contains only ions of fixed valence state.  Interfaces containing

transition metal cations have an alternative charge compensation option. For TiO2 / LaO interfaces,
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the Ti cation is observed to acquire a mixed valency.  This “electronic” form of charge

compensation allows for a compositionally abrupt interface [88].  Experimentally, epitaxial STO

grown on AlO2 terminated LAO initially lacks RHEED oscillations, indicating a compositionally

rough interface.  This incoherent interface creates a fully relaxed film within the initial monolayer.

STO grown on LaO terminated STO shows immediate RHEED oscillations and grows

pseudomorphically, indicating a commensurate interface [119]

2.5 Molecular Beam Epitaxy of Rocksalt Oxides

This chapter concludes with a review of epitaxial growth of rocksalt oxides by MBE—with a

focus on the most relevant compositions for this thesis, MgO and CaO.  This section aims to

incorporate all of the ideas presented in the previous sections to provide a complete understanding

of epitaxy in rocksalt oxides.  The section begins with a detailed description of MgO epitaxy,

certainly the most well-studied of the rocksalt oxides, and includes both experimental work and

theoretical calculations.  A summary of work on epitaxial CaO and (Mg,Ca)O solid solutions is then

presented.  The chapter closes with an examination of others’ research on the epitaxial deposition

of rocksalt oxides on GaN.

2.5.1 Molecular Beam Epitaxy of MgO – Global Characteristics

Shortly after demonstrating cryogenic epitaxy of alkali halides, the Flynn group at the

University of Illinois demonstrated high-quality homoepitaxial growth of (001) MgO at 200 K (0.06

Tm) [79].  Epitaxy of MgO is interesting because of its ionic bonding and the volatility of both

components (Mg and O2).  Flynn’s group estimates that at ~250°C the Mg incorporation rate is only

20% to 65% while O2 incorporation is between 0.1% and 2%.  The remaining portions of these

fluxes fail to initially stick or re-evaporate elementally before incorporation [79, 120].  Indicative of

its weak binding to the substrate, a Mg ML deposited at 25°C is found to desorb upon heating with

an activation energy (1.3 eV) close to the cohesive energy of Mg metal (1.56 eV) [79, 121].

At elevated growth temperatures (>250 °C), the reactively deposited MgO system self-

corrects its stoichiometry.  Excess Mg is re-evaporated, maintaining a 1:1 stoichiometry of Mg:O.

Heated substrates exposed to a Mg flux show no accumulation until an oxidizing flux is introduced

to the system [42, 122–124].  This growth mimics the “adsorption-controlled” mechanism commonly

used in GaAs MBE (See Section 1.1) or observed in PbTiO3 epitaxy [125].  A critical difference is

that neither component (Mg or O2) sticks to the substrate without reaction with the other, allowing

either to be delivered in excess without affecting film stoichiometry.
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A hallmark of adsorption-controlled growth is that film deposition rate can be modulated by

the flux of a single component.  Yang et al. [120] demonstrated that MgO deposition initiates at O2

pressures of ~10-7 Torr, and growth rate peaks at ~10-5 Torr.  The Mg flux reaching the substrate is

shown to consistently decline with increasing O2 pressure reaching nearly zero at ~10-4 Torr O2.

Film deposition rate is also observed to decline above 10-5 Torr.  Yang et al. interpret these results

as a consequence of molecular scattering (reduced mean free path).  Consistent with the

adsorption-controlled mechanism, Yang et al. show that deposition rate decreases with

temperature at constant fluxes and that deposition rate increases linearly with Mg flux (FMg) and

with the root of oxygen pressure (pO2) (when normalized to the corresponding decrease in Mg flux).

An empirical relation for MgO deposition rate is suggested:

† 

RMgO = C(TS )FMg pO2 [Eqn. 2.2]

where C(TS) is a fitting factor that varies with substrate temperature (C(Ts) =

0.38x10-20 cm3torr-1/2 at 250oC).

To increase growth rate, an activated oxygen source can be used.  Unlike molecular

oxygen, atomic oxygen can have a significant resonance time on a substrate surface, increasing

the likelihood of reaction with incident Mg species [126].  However, even with an ECR O2 plasma,

Mg incorporation rate remains only 50% at 750°C [122].  Increased deposition rates are observed

for congruent e-beam evaporation of MgO (> 1200oC evaporation temperature).  This increase in

deposition rate was believed to be due to molecular MgO(g) species in the vapor [79].  However,

more recent thermodynamic calculations and mass spectrometry measurements indicate molecular

MgO(g) species to be essentially absent from the vapor, rather Mg(g) and O(g) atomic species are

the primary constituents [127].  Thus, atomic O is the likely contributor to the observed increase in

deposition rate, similar to reactive growth in oxygen plasmas.

Crystalline quality of MgO films prepared by oxidation of Mg metal multilayers are found to

be inferior to growth via simultaneous exposure to both metal and oxidizing fluxes [128].  Seven ML

thick Mg epilayers grown and oxidized at –70oC on (001) Ag are found to be amorphous and not

fully oxidized.  Upon annealing to ~450oC in 2x10-7 Torr pO2, the films crystallize, but a portion of

the Mg remains unoxidized.  The annealed films are (001) oriented but have 3 twinned variants.

These variants are consistent with symmetry expectations for 4-fold (001) MgO nucleation on a 6-

fold HCP (0001) Mg metal epilayer [53].  Co-deposition using concurrent Mg and O2 fluxes at

–70oC leads to stoichiometric, epitaxial (001) MgO films with a single in-plane orientation [128].

In 1994, Chambers et al. [122] completed a detailed study of the homoepitaxial growth of

(001) MgO.  It was found that the defect density and surface roughness of polished MgO crystals



40

could be improved by homoepitaxial growth.  At low temperatures (< 600oC) island formation and

coalescence were observed creating 30 nm terrace widths.  Above ~600oC a step-flow growth

mechanism became active, smoothing the film to < 0.3 nm RMS and increasing terrace widths to

> 100 nm.  These high-temperature epilayers even surpass cleaved surface quality.

2.5.2 Structural Investigations of Ultrathin MgO Films on Metal Single

Crystals

A popular method for limiting sample charging during surface characterization with ionizing

beams is to prepare ultrathin (a few MLs) epitaxial MgO films on single crystal metal substrates.

This style of sample has allowed for detailed observation of crystalline, compositional, and

morphological structure of MgO films using RHEED, LEED, AES, XPS, and STM.  The FCC metals

Au and Ag have the lowest mismatch to MgO (-3.1% and –3.3%), but place the film in

compression—an unfavorable state for ionic solids that can cause film buckling.  A popular

alternative is BCC Mo, which has a 5.5% tensile mismatch and is refractory.  Epitaxy of MgO || Mo

occurs via a 45o rotation such that (001) MgO || (001) Mo ; [100] MgO || [110] Mo [42, 129].  A

similar orientation is observed on (001) Fe [130, 131].

When depositing on low nobility substrates like Mo, the oxygen source must be controlled

to prevent substrate oxidation and maintain a high quality interface.  Controlled film oxidation is

typically accomplished using low fluxes of molecular oxygen [42, 124].  For Mg fluxes of

~6x1012 /cm2s and a substrate temperature of 75°C, Wu et al. [121, 132] have shown that an O2

partial pressure of 10-7 Torr is necessary for complete MgO oxidation.  This pressure / temperature

combination maintains an unoxidized Mo substrate, and films deposited at increased pO2 show no

improvement in crystal quality by LEED.

STM imaging of room temperature deposited 8 ML thick MgO films on (001) Mo are 2D

with 2 to 6 nm randomly shaped domains.  The films are observed to be highly uniform, replicating

the 0.15 nm atomic steps of the underlying Mo substrate [129, 133].  At ~700oC films of higher

crystalline quality can be deposited having 10 nm domains with <100> oriented edges.  At still

higher temperatures (830oC), Volmer-Weber growth is observed [129].  MgO films deposited on a

lattice-matched substrate (Cr0.7Mo0.3 alloy) at 830°C also show islanding [123].  Thus, 3D growth is

not a result of strain but rather unfavorable thermodynamics.  MgO has a higher surface energy

(2.6 J/m2) than Mo/Cr (~2.3 J/m2), and the interfacial bonding between the ionic solid and the metal

is rather weak.
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2.5.3 Mechanisms of MgO Epitaxy – Theoretical Calculations

Theoretical calculations of MgO epitaxial growth have proven valuable in understanding

the thermodynamic and atomistic mechanisms involved in this ionic solid system.  A

thermodynamic analysis of the condensation, evaporation, and oxidation processes by Vassent

and colleagues [134] leads to the Mg flux versus pO2 isothermal (250oC) phase diagram presented

Fig. 2.16 – Phase Fields for MgO Deposition by Molecular Beam Epitaxy: Thermodynamic
analysis of the phase fields expected for films deposited by MBE as a function of Mg flux and
oxygen pressure at 250°C.  Adapted from Ref [134].

in Fig 2.16.  This analysis confirms that at elevated temperatures, Mg volatility acts as a self-

compensating mechanism to ensure single-phase (MgO) growth.  However, at reduced pO2 it is

possible to deposit Mg metal or even completely inhibit growth.

Similar to Hove’s initial work on alkali halide epitaxy, Geneste and colleagues have

conducted a thorough study of adsorbate energetics for (001) MgO homoepitaxy using ab initio

calculations (density functional theory) [135–138].  Their results for adsorption energies and

diffusion (migration) energies are summarized in Table 2.2.  An understanding of surface kinetics

can be garnered from these energies (E) by calculating the mean time (t) between events

(desorption, Edes or migration Emig) using:
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† 

t =
1
n

e
E

kbT [Eqn. 2.3]

where n is the characteristic vibration frequency (~1013 Hz) and kb is Boltzmann’s constant.  The

average number of hops (NHops) an adsorbate can travel before desorbing can be calculated from:

† 

N Hops = e
(Edes -Emig )

2kbT [Eqn 2.4].

Multiplying by the hop distance (~2.5 Å) gives the average diffusion length.  Dividing the diffusion

length by the average desorption time gives a relative surface velocity for each species.

Evident in these calculations is the extremely low binding energy (0.04 eV) of molecular O2

to a (001) MgO terrace (It physisorbs vertically to a Mg site).  Even at room temperature, its surface

resonance time is < 1 ps, allowing no time for reaction or incorporation.  Thus, O2 physisorbed to a

terrace plays no role in MgO growth.  In comparison atomic O binds quite strongly to the (001)

Table 2.2 – Adsorbate Energetics on a (001) MgO Surface: Summary of adsorbate desorption
energies and migration barriers calculated using density functional theory [136].  Surface kinetics
have been calculated from these energies as described in the text.  The hop distance is assumed
to be 0.25 nm.  O(u) – spin-unpolarized atomic oxygen adsorbate; O(p) – spin-polarized atomic
oxygen adsorbate.  Although spin-polarized in the gas state, O must reach a non spin-polarized
state to incorporate into the lattice.

Average Surface
Resonance Time

Average Time Between
Hopping EventsAd-

Species

Desorption
Energy

Diffusion
Barrier

25°C 250°C 500°C 25°C 250°C 500°C

Mg 0.45 eV 0.30 eV 4 ms 2 ns 90 ps 10 ns 80 ps 9 ps

O2 0.04 eV – 0.5 ps 0.2 ps 0.2 ps – – –

O (u) 2.29 eV 1.08 eV 1025 s 109 s 80 s 105 s 3 ms 1 ms

O (p) 1.51 eV 0.38 eV 1012 s 40 s 700 ms 0.3 ms 0.5 ns 0.3 ps

MgO 2.5 eV 0.38 eV 1029 s 1011 s 2000 s 0.3 ms 0.5 ns 0.3 ps

Average # of Hops Before
Desorbing

Avg. Migration Distance
Before Desorbing

Relative Surface Velocity
Ad-

Species 25°C 250°C 500°C 25°C 250°C 500°C 25°C 250°C 500°C

Mg 20 5 3 5 nm 1 nm 0.8 nm 1 mm/s 60 cm/s 9 m/s

O2 - - - - - - - - -

O (u) 1010 106 9000 4 m 0.2 mm 2 mm 10-25 m/s 0.1 pm/s 30 nm/s

O (p) 109 105 5000 1 m 70 mm 1 mm 10-13 m/s 2 mm/s 2 mm/s

MgO 1018 1010 107 108 m 4 m 2 mm 10-21 m/s 30 pm/s 1 mm/s
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surface (1.5 eV to 2.3 eV).  This binding is found to occur through a peroxide bond to an O surface

site.  The mobility of the O adatom is strongly dependent on its electronic configuration*.   Spin-

polarized O adatoms (O(p)) are mobile while non spin-polarized O adatoms (O(u)) remain relatively

stationary.  (See Ref [136] for a discussion of the bonding geometries that lead to this behavior.)

A second highlight of these results is the difference in adsorption behavior when compared

to Hove’s calculations for KCl [73].  Hove predicts low resonance times for KCl (30 ns at 250oC)

and higher resonance times for K+ / Cl- ions (0.4 ms at 250°C); the opposite behavior is predicted

here.  Chemisorbed MgO, with a resonance time of 1011 s at 250oC, will remain adsorbed until it

becomes incorporated into the film.  In comparison, Mg is only physisorbed and can just as likely

desorb as incorporate.  This short resonance time but high mobility for Mg adatoms supports the

experimental observation of the system’s ability to self-compensate stoichiometry.  Not shown in

Table 2.2 are the calculations made confirming strong binding of adsorbates to step-edges or kink

sites on the surface.  The binding energy of a Mg adatom to a ledge can be up to 4 eV [138].

MgO growth is assumed to proceed via the stochastic meetings and subsequent reactions

of atomic adsorbates (Mg(ads) / O(ads)).  No energy barrier is found to exist for the surface

reaction between O(ads) and Mg(ads) to form MgO(ads), despite the geometric rearrangement

necessary to transfer the peroxide bonded O(ads) to a Mg site [137].  Thus, MgO deposition rate is

only limited by the statistical probability of a Mg(ads) and O(ads) finding each other on the MgO

surface.  From this perspective, the observation of greatly enhanced deposition rates for films

grown using atomic oxygen (ECR plasmas or e-beam evaporation) is easily understood.  MgO

growth using molecular oxygen is believed to rely on O2 species landing directly on and

immediately reacting with surface defects to form O adatoms [136].  The probability for this reaction

depends on the surface defect density, which can be quite low.  In comparison, atomic oxygen

immediately sticks to any surface site.  Thus, for the same flux, atomic oxygen provides a higher

concentration of O(ads) leading to a faster growth rate.

Because Mg, O(p) and MgO adsorbates are mobile and immobile O(u) adatoms become

mobile upon reaction with Mg, step-flow growth can be achieved using an atomic oxygen source

[137].  To achieve step-flow at growth rates of 1 ML/s, diffusion lengths for MgO species must be

~1 mm/s (to reach a ledge before covered by the next ML).  To achieve this adsorbate velocity,

Table 2.2 indicates growth temperatures in excess of 500°C are necessary.  This predicted

temperature is consistent with Chambers et al. observing step-flow homoepitaxy >600oC [122].

As stated, O2 is predicted to react with surface defects to form O adatoms [136]. Oxygen

vacancies and Mg adatoms are likely reaction sites for O2 because they place a pair of electrons
                                                  
* The spin polarized (triplet) state is the ground state for gaseous O / O2.  However, in the MgO lattice, oxygen’s electrons
are spin-unpolarized.  Thus, some process must occur to unpolarize the electrons before film incorporation.
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above the valence band edge.  These electrons readily form a chemical bond with the empty

p-states of an O2 molecule. Reaction with a vacancy leaves a bound atomic O on the surface.

Reaction with a Mg adatom is predicted to form a magnesium peroxide (MgO2) intermediate.

(Mgad + O2 ‡ MgOad + Oad is –1 eV while Mgad + O2 ‡ MgO2,ad is -2.37 eV).  These MgO2 species

exothermically react with Mg adatoms to form (MgO)2 clusters, which are immobile and act as

nucleation centers [137].  Thus, even at high growth temperatures, films grown from molecular O2

are expected to nucleate as 2D islands that coalesce; true step-flow growth is probably impossible.

2.5.4 Epitaxial Growth of MgO Films Without (001) Orientation

Compared to (001) MgO epitaxy, few reports exist for (110) or (111) epitaxy.  Essentially

every report indicates rough (3D) growth surfaces faceted with {100} planes [79, 104, 106, 139,

140].  Sapphire substrates (c-plane) are commonly used to template (111) MgO growth.  The 3-fold

upon 6-fold symmetry of the (111) MgO || (0001) Al2O3 system necessitates 2 twinned variants with

a S3 boundary ([1`10] MgO || [10`10] Al2O3 ; [` 110] MgO || [10`10] Al2O3) [53, 139]  The

propensity to facet during film growth may stem from the surface dynamics discussed in Section

2.5.3.  The large thermodynamic driving force for O2 (or O) to “fill-in” (100) surface defect sites may

lead to the formation / stabilization of (100) surfaces.  Basic growth mode thermodynamics also

likely play a role.  Simply considering broken bond density, the bulk-terminated (111) surface can

be expected to have a higher surface energy than the (001) face, helping to drive the system

towards a Volmer-Weber growth mode.  The calculated surface energies are ~12 J/m2 for (111)

MgO versus 2.5 J/m2 for (100) MgO [141].

Only two known reports have been found claiming the deposition of smooth (111) MgO

epilayers.  The first report (mentioned previously) was by Kiguchi et al. for 10 ML thick MgO

epilayers on (111) Ag, which are believed to be stabilized by their small layer thickness and the

metallic substrate [107].  More recently smooth (111) MgO has been reportedly grown on (0001)

SiC.  However, the known volatility of MgO and SiO at the temperatures used in annealing to

achieve the smooth films creates skepticism in the results [142].

2.5.5 Epitaxy of CaO

Only three reports of epitaxial CaO films prepared by MBE could be found in the literature.

In 1996 Migita et al. [143] deposited (001) CaO epilayers on (001) STO and recorded RHEED

oscillations as evidence of 2D growth.  The films are reported to have immediately relaxed.  In

2007 epitaxial (001) CaO was prepared on (001) MgO crystals with the intention of investigating

interfacial strain relaxation in this largely (~14%) mismatched system [144].  Cube on cube growth
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was observed with a rocking curve FWHM of 0.53° reported.  A low temperature (400°C) CaO

buffer layer was included before CaO epilayer deposition (600°C).  RHEED patterns remained

streaky during growth, and an RMS roughness of 1.2 nm over a 2x2 mm2 area was measured.

Due to low dislocation mobility, the buffer layer was completely populated with misfit dislocations.

Strain relief was ascribed to these dislocations.  Work by Iedema et al. [145] investigated

heteroepitaxial deposition of MgO and CaO on (001) Mo.  MgO || Mo exhibited a sharper LEED

pattern than CaO || Mo, indicating smaller mosaic domains perhaps due to compressive strain.

The scarcity of studies on the epitaxial growth of CaO thin films is likely a result of two

reasons.  Unlike SrO and BaO, it forms a poor lattice-match to (001) silicon, leaving it unattractive

for silicon-based microelectronics applications.  Secondly, CaO is significantly more hygroscopic

than MgO forming a thick hydroxide layer (Ca(OH)2) within a few hours of exposure to ambient

atmosphere.  Water molecules adsorb to a CaO surface with an average energy of ~140 kJ/mol

versus ~90 kJ/mol to MgO [145].  This latter problem will be discussed in more detail throughout

this thesis.  Of interest in this regard is a report by Kambe et al. [146, 147] of (111) oriented CaO

films prepared from (0001) Ca(OH)2 films deposited by PLD on cleaved (001) MgO surfaces.

(0001) Ca(OH)2 and (111) CaO have a topotaxic relationship that allows conversion upon heating

to between 500oC and 800oC.  Because of a large lattice mismatch, (0001) Ca(OH)2 deposited fiber

textured on (001) MgO transform into (111) CaO films that are also randomly oriented in-plane.  In

comparison, CaO films prepared directly on (001) MgO were (001) oriented, although no

characterization of in-plane orientation is reported [146].

2.5.6 Epitaxy of MgO-CaO Solid Solutions

Due to a large difference in cation size (Mg2+: 0.86 Å; Ca2+: 1.14 Å), the MgO-CaO binary

system has limited thermodynamic solubility.  As illustrated in its phase diagram (Fig. 2.17), the

maximum solid solutions are Mg0.22Ca0.78O and Mg0.94Ca0.6, accessible at the eutectic temperature

(2370°C). Equilibrium solubility is negligible at room temperature [148].  Inspired by work of

insoluble AH salt alloying via MBE [62, 77], Hellman and Hartford investigated MBE of (Mg,Ca)O

films [80].  These researchers demonstrated that complete solid solubility could be obtained via

MBE.  By growing unstrained (Mg,Ca)O (MCO) films, the observed solubility was proved to be a

kinetics-stabilized metastable state rather than a strain-induced equilibrium state.  Similar to the

alkali halide systems, the ionic bonding of the MgO-CaO system allows for high quality epitaxial

growth at relatively low temperatures.  As a consequence, epitaxial films can be prepared at

temperatures that prohibit significant bulk diffusion and cause phase separation or spinodal
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Fig. 2.17 – MgO-CaO Binary Phase Diagram: Adapted from [148].

decomposition.  Moreover, the large disparity in terrace versus ledge binding energy for adsorbates

on ionic surfaces impedes desegregation during film growth–i.e. once species reach a ledge they

become “locked into” the lattice.  These energetics also preclude alloy ordering.

Hellman and Hartford [80] grew MCO alloys on (001) MgO substrates at 300oC using an

oxygen plasma source.  Films grew with a cube-on-cube heteroepitaxial relationship and film

surfaces were sufficiently smooth to produce RHEED oscillations.  Comparison of XRD measured

lattice constants to RBS determined film compositions verify that the MCO system follows Vegard’s

Law (linear dependency) [80].  LEED patterns taken by Iedema et al. [145] of MCO films prepared

over an entire range of compositions from MgO to CaO showed no indication of phase segregation

as deposited (50°C, 2x10-7 Torr O2).  These ultrathin MCO films were grown on (001) Mo which has

a lattice match near the 60% MgO / 40% CaO composition.  However, films deposited at this

composition had no dramatic improvement in their LEED pattern.  SAD patterns from a TEM

investigation of MCO films deposited on (001) CaO || (001) MgO substrates show no difference in

diffraction spot intensity from the end members, indicating that MCO films are random alloys as

expected [149].

To assess the operational range of MCO films, the thermal budget for decomposing the

solid solution should be considered.  Mg0.45Ca0.55O are found to begin decomposing when

annealed at 500°C for 1 hr in oxygen, with significant decomposition occurring >700°C [80, 145].

PLD prepared (111) MCO films on (0001) ZnO were found to have optimal crystal quality when

grown at 400°C.  At higher temperatures, the XRD (111) MCO 2q reflection increased in width,



47

indicating the onset of compositional unmixing [150].  MCO films prepared by MBE at 600°C with

an oxygen plasma source appear fully alloyed by TEM and SAD, but do decompose within 5 min at

800°C [149]

According to bulk work by Spinolo et al. MCO decomposition is proposed to proceed via

spinodal decomposition [151].  (Bulk MCO was prepared via an engineered chemical

decomposition of dolomite, CaMg(CO3)2).  The decomposition phase observed by Hellman and

Hartford (Mg0.09Ca0.91O) is near the composition expected for the spinodal.  However, their estimate

of the activation energy of decomposition (~0.5 eV) is too small to describe the bulk diffusion

necessary for spinodal decomposition.  These authors propose a surface nucleation process [80].

A high-resolution TEM investigation of (001) MCO films observed decomposing at 800oC by

RHEED reveals lattice spinodal lines.  Interfaces between the unmixed phases show few

dislocations, indicating coherent spinodal decomposition.  The ability to quench in this intermediate

structure, leads these authors to conclude that alloying of MBE grown MCO films is a kinetic driven

form of metastability [149].

2.5.7 MBE of Rocksalt Oxides on GaN

A sizeable amount of device research has been conducted at the University of Florida on

the integration of rocksalt oxides with GaN microelectronics.  (A discussion of their device results

can be found in Chapter 3.)  This group has published less complete descriptions of film structure,

film morphology, and their relation to device performance.  In an early publication [140], MgO films

were deposited using an oxygen plasma source and were found to be oriented (111) MgO || (0001)

GaN.  RHEED reveals a 3D surface structure within 1 nm of growth.  Films deposited at 350°C

showed a needle-like surface morphology while those deposited at 100°C had 3x lower surface

roughness and a more homogenous morphology.  However, these lower substrate temperature

films were observed to grow polycrystalline after about 2 min (5 nm) of deposition.  No rocking

curve values were reported.

Later work by this group has demonstrated the capability of depositing (Mg,Ca)O alloys on

GaN.  These films are again found to have a (111) || (0001) epitaxial relationship by XRD, although

no off-axis scans were reported to verify epitaxy [152].  Appropriate shifts in the (111) reflection

with MCO film composition are reported, although exact peak locations are obscured by the

overlapping (0002) GaN reflection.  When continuously grown, AES depth profiling reveals Ca

segregation to the film’s surface, although XRD confirms that the phase assemblage remains

alloyed.  If grown digitally (alternating fluxes of Mg and Ca), film composition is observed more

homogeneous by AES throughout the film thickness [153].
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3. GaN Electronics

Gallium nitride is a wide, direct band gap (Eg = 3.4 eV) semiconductor first examined for its

blue / UV light emitting properties and more recently for its high-power electronics applications.

Similar to other III-V semiconductors, GaN can be alloyed (e.g. with AlN Eg = 6.2 eV) to create

engineered band structure devices like quantum wells and 2D electron gases.  Unlike most other

III-V compound semiconductors, the equilibrium crystal structure of GaN is wurtzite.  The common

III-V zincblende structure is only accessible through metastable epitaxial growth on cubic

substrates [154].  Having the space group P63mc, wurtzite belongs to the highest symmetry point

group (6mm) allowing a spontaneous polarization.  Because no mirror symmetry exists

perpendicular to its primary rotation axis, uncompensated dipoles are permitted along the c-axis of

the structure [155–157].  Like other polar materials, GaN is both pyroelectric and piezoelectric.

This polarity also enhances the functionality of GaN for electronic applications—a theme that is

addressed throughout this chapter.

Chapter 3 begins with general background on GaN synthesis with an emphasis on

identifying and controlling film polarity.  The theme of polarity extends through the discussion of

device structures, which also highlights the importance of incorporating oxide films for improved or

novel device performance.  The most successful strategies for insulator integration in GaN

microelectronic devices are reviewed.  The chapter concludes with a statement of purpose for the

epitaxial growth of oxides on GaN investigated in this thesis.

3.1 GaN Polarity

During the earliest days of GaN research, the difficulty in experimentally verifying the

polarity of a GaN sample seems only to be matched by the confusion of inconsistent polarity

notation throughout the literature.  To mitigate such confusion in this thesis, it is prudent to

establish some basic definitions. By convention +c or the [0001] direction in the GaN crystal is

given by a vector pointing from a Ga atom to the nearest collinearly bonded N atom.  As

demonstrated in Fig 3.1, the nitrogen-centered tetrahedrons comprised of gallium atoms at the

corners have a face perpendicular to the c-axis that lies in the +c direction relative to its nitrogen

core.  Consequently, [0001] is commonly referred to as “Ga-face polarity”. The gallium-centered

tetrahedrons contain a similar face of nitrogen atoms pointed towards the –c direction, leading to

the nomenclature “N-face polarity” [158, 159].  The most common, equivalent notations for GaN

polarity are +/-c, (0001)/(000`1), and Ga-/N-face polarity or Ga-polar/N-polar for short; these four
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Fig. 3.1 – Clarification of Polarity Nomenclature for GaN:  The central figure shows the GaN
wurtzite crystal structure.  To the left are both the N-centered and Ga-centered tetrahedrons from
which the nomenclature “Ga-face” and “N-face” polarity are derived.  To the right are equivalent
notations for +c and –c polarity in a GaN crystal.

notations will be used interchangeably throughout this text.  One critical detail is that the

terminology “Ga-face/N-face polarity” does not refer to surface termination.  The surface

termination of GaN is independent of polarity; in fact, GaN surfaces are typically terminated with Ga

adatoms irrespective of polarity [160–162].

To visualize the polarity of the wurtzite crystal, it must be treated as a layered structure

with sheets of positive (Ga atoms) and negative (nitrogen atoms) charge.  An evaluation of the

charge center within a unit cell height (depicted in Fig 3.2a) reveals that the spontaneous

polarization points along the –c direction.  In GaN, the magnitude of this polarization is 0.034

C/cm2, creating a bound surface charge density of ~1013 unit charges/cm2 [159].  As discussed in

Chapter 2, wurtzite GaN has a polar surface.  Although the bulk GaN crystal is overall electrically

neutral, the large distance between the two free surfaces leads to poor compensation of the

surface charge.  This locally unfavorable “bound charge” at the crystal surface is shielded by a

“compensating charge layer” composed of ions, electrons, or holes from the interface environment.

(The “environment” can include both internal and external to the crystal; Fig. 3.2b demonstrates

external compensation.)
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Fig. 3.2 – Polarization of Wurtzite GaN: (a) depicts the wurtzite crystal as planes of positive and
negative charge.  Examining a single repeat unit of this structure reveals that the spontaneous
polarization vector (Psp) points towards the [000`1] direction.  (b) illustrates how the bound surface
charge that results from the material’s polarity can be compensated with external species.

Using PEEM (photoelectron emission microscopy) Yang et al. [163] has demonstrated that

GaN surfaces devoid of charge compensating adsorbates in a UHV environment will experience

electronic band bending in the surface region to achieve bound charge compensation.  PEEM uses

collimated, monochromatic UV radiation from a free electron laser to create a scanning probe

image of photoelectron emission.  Dual polarity GaN samples are found to have minimal contrast in

the “atmosphere-exposed” state.  However, upon in-situ high temperature cleaning with ammonia

gas, samples show marked contrast between Ga-polar and N-polar regions when UV energies of

4.9 to 6.2 eV are employed.  These results are interpreted as an indication of a transition from

external ionic adsorbate compensation to band level bending (See Fig 3.3).  Above 4.9 eV, regions

of N-face polarity are observed bright due to photoemission.  Because N-face polarity has a

positive bound charge, electrons are expected to accumulate at the surface resulting in downward

band bending.  Photoemitted electrons will originate from this accumulated region in the conduction

band and the emission energy will be the electron affinity of GaN.  In contrast, Ga-polar
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Fig. 3.3 – Electronic Compensation of Bound Surface Charge in GaN: Band diagrams showing
the expected surface band bending for n-type GaN of (a) N-face polarity and (b) Ga-face polarity.
This type of band bending is only expected for GaN surfaces devoid of charge compensating
adsorbates.  The yellow arrow marked “hn” represents the energy necessary to photoemit an
electron from the system.  (c) PEEM image of dual polarity GaN collected with a 5.6 eV UV beam.
Adapted from Ref [163].

surfaces will deplete to compensate the negatively bound surface charge, resulting in upward band

bending.  Photoemission will originate from the valence band and require an energy of the electron

affinity plus the band gap.  This difference in photoemission energies explains the observed polarity

contrast for PEEM images collected between 4.9 and 6.2 eV (Fig. 3.3c).

Determination of polarity in GaN has historically been a challenge.  The earliest methods

attempted to evaluate polarity using surface termination—a futile effort [164].  Clear differences in

surface properties of opposing polarities in bulk crystals were observed.  Nowak et al. [165] found

solution-grown bulk GaN crystal had one rough polar surface and one smooth polar surface.  Upon

annealing in ammonia, these surface morphologies reversed.  Weyher et al. [166] showed that the

smooth as-grown surface was easily etched by KOH, while the rough surface resisted etching.  In

the late 1990s, convergent beam electron diffraction (CBED) emerged as a semi-reliable technique

for determining polarity, although complex data processing still led to conflicting results [164, 167].

Using CBED to determine polarity, Seelmann-Eggebert et. al. [167] showed that Ga-polar MOCVD

grown GaN films on sapphire had a smooth surface morphology while N-polar samples had

hexagon-based pyramidal hillocks.  The N-polar films could be etched in KOH or NaOH solution

while the Ga-polar films were stable in basic solution.
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In 1998, Hellman critically reviewed the polarity literature and published a “Standard

Framework” for GaN polarity [164].  Hellman proposed these generalities:

1. For as-grown, undoped, bulk GaN samples, the smooth surface is N-face polarity while

the rough surface is Ga-face polarity.

2. When GaN films are grown by MOCVD on sapphire, Ga-polar samples generally have

smooth surfaces, while N-polar surfaces have hexagonal facets.

3. Ga-polar surfaces (0001) are chemically more stable than N-polar surfaces (000`1).

(Exposed to aqueous KOH or NaOH solution or heating above >900°C in H2

decomposes N-polar surfaces, while Ga-polar surfaces retain integrity.)

These statements are now generally accepted and match well with theoretical calculations [162,

168]. A very recent advancement in MOCVD growth strategy for the deposition of smooth N-polar

films on mis-cut sapphire does challenge Point #2 [169].  However, the difference in chemical

stability when exposed to a basic solution (#3) has become the standard measure for GaN polarity.

3.2 Synthesis of GaN Films

The principal challenge facing GaN semiconductor devices is the lack of sufficiently large

single crystal substrates.  Unlike the nearly perfect crystalline structure of silicon or GaAs boules,

GaN microelectronics must be fabricated from heteroepitaxial films.  Sapphire and silicon carbide

are commonly used as substrates due to their similar crystallographic symmetry (c-plane) and non-

reactivity under growth conditions (1000°C in NH3/H2 for MOCVD or 800°C in N* radicals for MBE).

The latter requirement limits the utility of most semiconductor substrates (Si, GaAs).  Unfortunately,

both sapphire and SiC have a significant lattice mismatch to GaN (-6.9% for sapphire, -3.4% for

SiC).  Thus, threading dislocations and film mosaicity must be managed during heteroepitaxial

deposition to achieve optimum electronic performance and optical emission.  A TEM investigation

of the growing GaN/sapphire interface reveals that nearly full relaxation occurs within a monolayer

via misfit dislocations.  The remaining strain (~2.1%) energy increases with film thickness and must

be relaxed through a secondary set of threading dislocations throughout the film thickness.  These

latter dislocations constitute the commonly observed defect structure of heteroepitaxial GaN films

[170].  Sapphire has been more popular in research labs because of its substantially lower cost and

the availability of larger wafers.  Because the GaN films investigated in this thesis are grown on

sapphire substrates, the remainder of this chapter will focus on {0001} GaN || (0001) sapphire

research.

Synthesis methods for III-nitrides are fundamentally challenging.  The incredible stability of

molecular nitrogen makes finding a sufficiently reactive nitrogen source critical to successful
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material processing.  The stability of N2 often forces GaN films to be grown under conditions that

also allow significant rates of decomposition [164].  Controlling deposition versus decomposition

rates is critical for obtaining optimal film quality and morphology.  The most common deposition

methods for device fabrication are metalorganic chemical vapor deposition (MOCVD) and plasma

induced molecular beam epitaxy (PIMBE), as described in the following sections.

3.2.1 MOCVD

MOCVD reactors typically use metalorganic and hydride precursors (Ga(CH3)3, NH3) as

sources for heteroepitaxial GaN deposition.  The relative stability of NH3 necessitates high growth

temperatures (>900°C) to drive precursor pyrolysis and film deposition.  These high temperatures

promote film decomposition.  To prevent N2 loss, high V/III source ratios are used (>2000:1) [171].

Hydrogen and nitrogen are common diluent gases.  Because hydrogen is a byproduct of

the deposition reaction, it can influence reaction thermodynamics.  The sensitivity of N-polar

material to decomposition in H2 also adversely affects MOCVD growth of this polarity.  Films grown

with nitrogen diluent are mass transport limited.  As a consequence, lower V/III ratios (500:1) can

be used and higher quality N-face polarity films can be produced.  The thicker boundary layer

offered by nitrogen also improves film thickness uniformity [172–174].

GaN films grown by MOCVD are typically considered of higher quality than PIMBE grown

GaN layers.  MOCVD GaN films have dislocation densities of ~108 /cm2 and intrinsic free carrier

concentrations of 1016 /cm3 compared to 109 dislocations/cm2 and 1017 carrieres/cm3 for PIMBE

grown films [171].

3.2.2 PIMBE

Because of molecular nitrogen’s unusual stability, an alternative nitrogen source of

sufficient reactivity is necessary for the MBE deposition of GaN.  A plasma induced molecular

beam epitaxy (PIMBE) system is often chosen.  The highly reactive atomic nitrogen species

generated in the remote plasma readily react with the evaporated gallium flux.  Because atomic

nitrogen is more reactive than NH3, PIMBE growth of epitaxial GaN can be conducted at lower

temperatures (700°C – 800°C) than MOCVD films.  PIMBE growth of GaN is usually conducted

under Ga-rich conditions (just prior to Ga droplet formation), which appears to promote surface

diffusion and step-flow growth.  GaN films prepared under N-rich conditions have a faceted,

columnar structure and a rough surface while films prepared under Ga-rich conditions have a lower

dislocation density and a smooth surface morphology [171].
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Until recently, controlling the polarity of GaN films was only possible by PIMBE. This

advantage over MOCVD necessitated its use in experiments that examined the influence of polarity

on device structure and performance.  Recent research at North Carolina State University [172]

and U. C. Santa Barbara [169] has demonstrated that the approach used for controlling film polarity

in PIMBE (described in the following section) can be adapted to MOCVD grown films.

3.2.3 Polarity Control During GaN Deposition

Low-temperature nucleation layers play a critical role in determining the crystalline quality

of heteroepitaxial GaN films grown on sapphire.  The composition, growth temperature, thickness,

and annealing conditions of these nucleation layers control dislocation density, domain structure,

and surface roughness of GaN films.  Most importantly, the nucleation layer establishes polarity.

An early hypothesis for polarity control argues differences in III-O and III-N bond strengths

determine polarity at the sapphire / GaN interface [159].  This explanation is presented pictorially in

Fig. 3.4.  For uncracked, smooth Ga-face polarity films, low-temperature AlN buffer layers are often

used.  The initial Al monolayer within this buffer layer is believed to incorporate with the sapphire

substrate because Al-O bonds are stronger than Al-N bonds.  This chemistry imposes a nitrogen

monolayer, which is singly bonded to the sapphire, as the first atomic plane within the AlN film.

Because this nitrogen monolayer must make three more bonds to satisfy its tetrahedral

coordination, it nucleates III-face polarity.  The polarity of this buffer layer templates Ga-face

polarity in the GaN film.  This interfacial chemistry has been verified by STEM [175]. Ga-face

polarity is also observed when GaN is grown directly on sapphire surfaces that have been

annealed in H2.  This annealing produces an Al-terminated surface that singly bonds to the first N

Fig. 3.4 – Controlling Polarity of GaN Films Grown on Sapphire:  Depiction of how the
interfacial bonding determines the polarity of GaN films. [159, 175]



55

Fig. 3.5 – Lateral Polar Heterostructures: Growth scheme for achieving a lateral polar
heterostructure; different polarities of GaN are separated by inversion domain boundaries.

atomic plane of GaN.  However, because the AlN buffer is not present to provide strain relief, these

films crack.  N-polar GaN films are observed when a sapphire surface is nitridized at elevated

temperature (>950°C) in ammonia.  This nitridation process is believed to force the sapphire’s

initial Al monolayer to bond to three nitrogens, creating a N-polar template [172].

A consequence of localized polarity control is the synthesis of lateral polar heterostructures

(LPHs)—laterally adjacent regions of opposing polarity (Fig 3.5).  By depositing and lithographically

patterning an AlN buffer layer, LPHs of GaN films can be deposited on sapphire substrates.

Experimental results indicate that the LPH is a radiative recombination center with luminescence

superior to conventional doped heterojunction GaN diodes [159].  Original LPH GaN films were

fabricated by PIMBE.  Recent work at North Carolina State University to develop mass transfer

limited MOCVD growth of GaN films has permitted constant growth rates for Ga- and N-polar

material [173, 174].  Under such growth conditions, MOCVD LPHs have been demonstrated [172].

3.3 GaN for Solid State Microelectronics Applications

Interest in III-nitrides was piqued in the early 1990s for use as short wavelength (green /

blue / UV) light emitting diodes (LEDs) and solid-state lasers [176].  Enhancing light emission in

GaN LEDs drove process optimization for improved material quality.  In the 21st century,

researchers have found interest in using wide band gap semiconductors like GaN for high-power,

high-frequency, and/or high-temperature solid-state microelectronics.  These efforts benefit from

the previous process-structure-property optimizations of GaN LEDs.  However, device optimization

often requires integration with other materials including insulators.

This section first addresses the properties of GaN that make it favorable for high-power,

high-frequency, and high-temperature applications.  Common device structures are then described,

with emphasis on how the incorporation of an insulating material could improve device

performance.



56

3.3.1 Potential Advantages of GaN Microelectronics

Since the 1960s, integrated circuits (ICs) have steadily replaced discrete circuits in

communication, transportation, and computing systems to provide the consumer with smaller,

cheaper, more reliable, and more intelligent devices.  Yet these discrete circuits, epitomized by the

triode vacuum tube, still exist in current systems that require both high-power (100W to > 1kW) and

high frequency (>10 GHz) operation including radar and military communication [177, 178].  In

other instances, such as wireless base stations, silicon or GaAs field effect transistors (FETs) now

serve as RF amplifiers and transmitters but suffer from a limited frequency range, complicated

networking to boost power output, and expensive cooling systems to maintain performance [179].

Power FETs fabricated from wide bandgap semiconductors, like GaN, would “rectify” these

problems.

Fig. 3.6a is a generalized depiction of a 3-terminal, solid-state field effect transistor.  In this

device, the gate voltage (#3) modulates the amount of current flow between the source (#1) and

drain (#2) by inducing charge carriers in the channel.  Fig. 3.6b is an idealized plot of the source-

drain current (Is-d) as a function of the source-drain voltage (Vs-d) at varying gate voltages (Vg).

Note that at high Vs-d the potential at the drain becomes sufficient to deplete the channel charge

induced by the gate.  The reduction in channel width (number of carriers) near the drain causes Is-d

to saturate at high Vs-d.  This effect is known as “pinch-off.”  See Ref [180] for more detail.

Fig. 3.6 – The Field Effect Transistor: (a) General depiction of the 3-terminal field effect
transistor; (b) Ideal Is-d vs Vs-d behavior, inset shows how high source-drain voltages lead to pinch-
off of channel carriers and saturation of drain current.
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Intrinsic property differences between GaN and conventional Si or GaAs semiconductors

establish the higher operation efficiency and capacity of GaN devices under high-power and high

frequency conditions.  Table 3.1 summarizes these important properties.  To achieve high

frequency operation necessary for large capacity data transfer, high carrier velocities in the channel

are required. The peak electron velocity in GaN (3x107 cm2/s) is higher than both Si and GaAs.

Because signal attenuation scales with frequency, high frequency operation also necessitates high

power output [179].  The wide bandgap of GaN allows operation at higher power loads than

traditional semiconductors.  Avalanche breakdown is shifted to greater electric fields (> 3 MV/cm),

allowing GaN devices to withstand higher operational voltages and generate higher RF power

outputs.  GaN can easily perform at the standard wireless base station voltage of 28 V, eliminating

the need for voltage step-down electronics, improving efficiency and lowering cost [179, 181].  The

2DEG created in AlGaN/GaN heterostructures has a 10x higher carrier concentration than an

AlGaAs/GaAs junction.  As a consequence of increased carrier density, AlGaN/GaN

heterojunctions can sustain higher current flows, further increasing RF power output [181].

Because the dielectric constant of GaN (9.0) is ~25 % lower than Si (11.8) or GaAs (12.8),

equivalent impedance devices can be fabricated 25 % larger, further increasing RF currents and

RF power output [177].  Alternatively, devices of similar power output can be 25 % smaller,

significantly reducing the size of matching network passives [181].  Lower capacitance also

reduces switching losses in devices [179].

Table 3.1 – Comparison of Semiconductor Properties: Data from Refs [179, 182–185].

Property Silicon GaAs GaN

Ultimate Operating
Temperature 200°C 350°C 700°C

Bandgap (25°C) 1.1 eV 1.43 eV 3.4 eV

Mobility (Electrons) 1350 cm2/Vs 8500 cm2/Vs 1300

Electron
Saturation Velocity 1x107 cm2/s 2x107 cm2/s 3x107 cm2/s

Breakdown Field 0.3 MV/cm 0.4 MV/cm > 3 MV/cm

Thermal Conductivity 1.5 W/K-cm 0.54 W/K-cm 1.3 W/K-cm

Dielectric Permittivity 11.8 12.8 9.0
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The high operation temperature afforded GaN electronics not only serves to eliminate

cooling systems in power FET applications but also permits integration of smart electronics into

harsh environments.  System designers are moving towards distributed networks in which sensors

and control electronics are near the operational systems.  This design reduces wiring, which is

prone to failure.  To implement distributed network design, many systems require high-temperature

electronics, such as feedback control systems in manufacturing processes, telemetry guidance

systems in deep-well drilling, and monitoring devices in turbine engines, aircrafts, and automobiles.

Although these areas represent a niche market for semiconductor electronics, their implementation

could have a large financial and environmental impact through enhanced equipment capability and

efficiency and reduced failure [186].  The wide bandgap of GaN, which acts as a barrier to intrinsic

carrier generation, permits high-temperature device operation.  By 300 °C, intrinsic carriers in

silicon are above the 1015 /cm3 level, matching shallow-doped regions of device structures.  These

thermally generated carriers cause increased reverse bias leakage in rectifying junctions.  In

comparison, thermally generated intrinsic carriers in GaN remain below 1012 /cm3 at 700 °C, not

exceeding 1015 /cm3 until above 1000 °C [179, 186].

The power amplifiers, power converters/inverters, and digital switches necessary for the

wireless communication, power conditioning, and industrial control systems of interest for GaN

microelectronics all require solid-state transistor device structures [179, 181, 187].  The next two

sections discuss the most popular GaN transistor architectures: (1) the heterostructure field effect

transistor (HFET) and (2) the metal-oxide-semiconductor field effect transistor (MOSFET).  This is

followed by a discussion of possible polarity-controlled device structures resulting from GaN’s

unique polar structure.

3.3.2 Heterostructure Field Effect Transistors (HFETs)

The heterostructure field effect transistor, also known as the high electron mobility

transistor (HEMT), is a three terminal device in which the channel is composed of a two-

dimensional electron gas (2DEG) established by an epitaxial heterojunction.  The abrupt transition

in bandgap at the heterojunction interface creates a spatially confined quantum well that supports a

2D electron or hole gas (2DHG) depending on the dopant profile.  The relevant band structure is

depicted in Fig. 3.7.  For the case of a 2DEG, electrons from the more heavily doped AlGaN layer

diffuse into the undoped GaN and become trapped in the quantum well at the interface. The

addition of a metal gate contact creates a second depletion region at the metal/AlGaN junction.

Fig. 3.8 depicts the band structure for a thick AlGaN layer that contains two discrete depletion
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Fig. 3.7 – Formation of a 2DEG or 2DHG from a Epitaxial Heterojunction: (a) Energy band
diagrams demonstrating how n-doped semiconductors of different band gaps combine at a
heterojunction to form a 2DEG.  (b) Band diagram showing how p-doping creates a 2DHG at a
similar epitaxial heterojunction interface.

Fig 3.8 – Energy Band Diagram of an Epitaxial Heterojunction with a Metal Gate: The thick
AlGaN layer has two discrete depletion regions separated by a charge neutral region that shields
the 2DEG from externally applied electric fields.  Heterostructures with these dimensions are not
effective field effect transistors because the 2DEG cannot be modulated by the gate voltage.
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Fig. 3.9 – Energy Band Diagrams for Depletion and Enhancement Mode Operation of HFETs:
(a) For thick epilayers where heterojunction depletion occurs and a 2DEG is generated, HFETs
must be operated in depletion mode. (b) A negative gate voltage is applied to turn off the channel
current.  (c) For thinner epilayers, the Schottky gate contact pins the Fermi level below the
substrate’s conduction band, eliminating the 2DEG. (d) Applying a positive gate bias induces the
2DEG, allowing enhancement mode operation of the device [188].

regions.  For thick AlGaN layers, like that depicted in Fig 3.8, gate voltage cannot modulate

channel current because the charge neutral region shields the 2DEG from the externally applied

electric field [188].  By reducing the AlGaN thickness, the depletion regions merge allowing

modulation of the 2DEG.

Conventional HFET designs operate in depletion mode (normally on at zero gate bias).  A

negative gate bias depletes the 2DEG, reducing drain current  (See Fig. 3.9a and 3.9b).  By

adjusting the layer thickness, dopant profile or metal contact, the quantum well can be de-

populated at equilibrium (See Fig. 3.9c).  Under positive gate bias, the 2DEG is re-populated

allowing source-drain current flow (enhancement mode operation).  Because the 2DEG creates a

high mobility, high electron density channel, HFETs can operate at higher frequencies than

MOSFET structures [180].
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As discussed in Chapter 1, placing the 2DEG in the undoped GaAs layer of an

AlGaAs/GaAs HFET reduces ionized impurity scattering, enhancing electronic mobility.  Further

reduction in ionized impurity scattering can be realized in AlGaN/GaN HFETs through “polarization

doping”.  The polarization discontinuity at an AlGaN/GaN heterojunction interface can induce a

2DEG without intentional doping of either layer [189, 190, 191].  Because the spontaneous

polarization (Psp) of AlN is greater than GaN, the interface will have an excess of either positive or

negative bound charges (depending on polarity).  The sheet charge density (s) of this bound

charge can be quantified by:

† 

s = Psp (bottom layer) - Psp (top layer) [Eqn. 3.1]

This excess bound charge can be locally compensated by the accumulation of either a 2DEG or a

2DHG [192, 193].  Recalling that Psp points along the –c direction in the III-N structure, Fig. 3.10a

illustrates possible compensation situations.

Fig. 3.10 – Polarization Discontinuity Confinement of 2DEGs and 2DHGs in Heterostructures
of GaN and AlGaN:  Comparison of polarization induced interfacial sheet charge (s) at AlGaN-
GaN heterojunctions for (a) completely relaxed films, (b) AlGaN grown pseudomorphically on GaN,
(c) GaN grown pseudomorphically on AlGaN.  The spontaneous (Psp) and piezoelectric (PPE) contr-
ibutions to the polarization are labeled has well as the resulting 2DEG or 2DHG. Based on [191]
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The piezoelectric induced polarization of a pseudomorphic epitaxial layer can further

influence “polarization doping” in GaN heterostructures.  Assuming isotropic in-plane strain (ex = ey)

without shear, the piezoelectric polarization (PPE) of an epilayer is given by:

† 

PPE = e33ez + 2e31ex [Eqn. 3.2]

where e33 and e31 are the piezoelectric constants and ez and ex are the out-of-plane and in-plane

strains respectively.  Through analytical computations, Ambacher et al. [191] demonstrated that

AlGaN films over all compositions have PPE and Psp values that combine for films in tension and

oppose for films in compression.  Thus, pseudomorphic AlGaN layers on relaxed GaN gain

polarization from piezoelectricity while pseudomorphic GaN layers on relaxed AlGaN layers lose

polarization from piezoelectricity as illustrated in Fig. 3.10b and c.  Multiple groups have

experimentally verified these effects of polarity orientation and strain state on 2DEG generation in

MOCVD and PIMBE grown AlGaN/GaN heterojunctions [190–195].

Although the polarization discontinuity explains confinement of a 2DEG in an undoped

III-nitride heterostructure, the source of electrons is not clear.  By studying the effect of AlGaN layer

thickness on 2DEG behavior of AlGaN/GaN heterostructures, the Mishra group at U. C. Santa

Barbara have hypothesized that surface states may donate electrons to the 2DEG [193, 196, 197].

Fig. 3.11 – Source of Electrons for 2DEG in Undoped AlGaN/GaN Heterostructures:  Band
diagrams depicting donor states acting as the source of electrons for 2DEG in undoped
AlGaN/GaN heterostructures with Ga-face polarity.  Uncompensated polarization in the AlGaN
layer creates an internal electric field that bends the band.  (a) For thin films the surface states are
below the Ef and filled. (b) For thicker films the internal electric field moves surface states above
the  Ef and their electrons are donated to the 2DEG.  Adapted from [197]
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Band diagrams illustrating this hypothesis are shown in Fig. 3.11.  Positively charged donor states

are hypothesized to exist on the AlGaN film’s surface, possibly due to dangling bonds or surface

hydroxyls [198].  Below a critical AlGaN layer thickness, these states lie beneath the Fermi level

(Ef) and are filled with electrons.  With increasing film thickness, the polarization field raises the

surface states’ potential above Ef causing electrons to depopulate the surface states and fill the

2DEG quantum well.  The critical Al0.34Ga0.66N thickness for onset of 2DEG behavior in a Ga-polar

heterostructure is theoretically predicted at 3.5 nm and has been experimentally verified [197].  To

achieve a typical 2DEG carrier density of ~1013 /cm2 the surface donor density must be ~1013 /cm2.

This value appears more plausible than accounting for 7x1018 /cm3 bulk donors in an

unintentionally doped heterostructure.

Numerous experimental investigations have demonstrated that the high-frequency power

output of GaN HFETs is substantially less than expected from DC Is-d-Vs-d measurements [196,

199, 200–202].  This phenomena known as “current collapse” or “dispersion” is the primary

obstacle limiting commercialization of HFETs for use as high-frequency, high-power amplifiers.

Current collapse is believed to result from a virtual gate formed from charged surface states

Fig. 3.12 – Current Collapse in AlGaN/GaN HFETs: (a-c) Depiction of virtual gate formation from
donor surface states along the channel of a depletion mode HFET fabricated from a Ga-polar
AlGaN/GaN heterojunction. (d) Idealized Is-d vs Vs-d behavior for HFET under DC bias with load
line.  (e) Is-d vs Vs-d response when a virtual gate with a slow detrapping time is active.  Note that
Imax is lowered causing a reduced power output.  Adapted from Ref [196].
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outside of the defined gate region that disparately deplete the channel.  The effect of a virtual gate

on HFET power output can be understood from the I-V curves and device depiction in Fig. 3.12.

When operated as an amplifier, the load curve VA to VB (Fig 3.12d) provides the maximum

power output (Class A operation).  Following this load curve at high frequencies requires rapid

response from the gate.  If a virtual gate exists and the mechanism for charging / discharging

surface states is slower than the operating frequency, then the drain current will vary from the load

line, reducing power output.  Because the onset of current collapse has been detected at

frequencies as low as 0.1 Hz, the detrapping mechanism of the virtual gate is believed to be on the

order of seconds [196].  The surface states acting as the electron source for the 2DEG are the

suspected charge source for the virtual gate.  Conduction electrons from the nearby gate metal

may repopulate the empty surface donor states, creating a reverse bias virtual gate [196].

Two strategies are utilized to combat current collapse due to virtual gates.  The

“engineering” approach is to incorporate a field plate into the device structure.  This T-shaped gate

creates an electric field over the virtual gate region that prevents electron trapping [178, 203–205].

A second solution is to deposit a passivating dielectric layer on the AlGaN surface.  Silicon nitride

(Si3N4) has been found effective and is commonly used [196, 206].  Whether this dielectric layer

simply blocks electron leakage from the gate metal or fundamentally eliminates surface donor

states by compensating dangling bonds on the AlGaN surface is unclear [196].  If the latter is true,

then the population mechanism of the 2DEG of this system will require critical examination.  In

particular, the possibility of a compensating 2DHG at the dielectric / AlGaN interface should be

evaluated [193].

3.3.3 Metal-Oxide-Semiconductor Field Effect Transistors (MOSFETs)

MOSFETs, or more generally MISFETs (metal-insulator-semiconductor), are three terminal

devices that use the bias of an insulated gate to modulate minority carrier transport within the

source-drain channel.  Fig 3.13 depicts a typical n-channel MOSFET device design along with

band diagrams showing on / off operation.  At equilibrium, the n-p-n structure creates a barrier to

current flow in the channel.  Under reverse gate bias this channel barrier increases restricting

current flow (off-state).  Upon forward bias the source/channel barrier is lowered and current flows

in the channel (on state, see Fig. 3.13c).

Examination of the MOS band diagram (pictured in Fig. 3.14) reveals that majority carriers

accumulate in the channel region upon reverse gate bias (Fig. 3.14b).  Forward gate bias initially

depletes the channel of majority carriers (Fig. 3.14c) creating a region of ionize acceptors.  At a
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Fig. 3.13 – MOSFET Device Structure and Operation: (a) Schematic of an n-channel MOSFET
transistor, (b) Energy band diagram of source-channel-drain for n-channel MOSFET in equilibrium,
(c) Band diagram of n-channel MOSFET under forward bias.

Fig. 3.14 – Energy Band Diagrams for MOS Capacitors: (a) Equilibrium band diagram, (b) MOS
capacitor under reverse gate bias causing holes to accumulate at the semiconductor/oxide
interface, (c) MOS capacitor under forward gate bias, depleting the channel of majority carriers, (d)
MOS capacitor under forward bias greater than the threshold voltage, electrons are generated in
the channel (inversion).
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Fig. 3.15 – Capacitance Versus Voltage for MOS Capacitor with p-doped Semiconductor:
Under reverse bias (negative voltage), majority carriers (holes) accumulate in the channel and only
the oxide’s capacitance is measured.  With increasing forward bias majority carriers drift away from
the interface leaving ionized acceptors (depletion).  The capacitance becomes a series sum of the
oxide and the semiconductor depletion width.  At biases higher than the critical voltage, minority
carriers are generated in the channel (inversion).  The capacitance becomes dependent on the
minority carrier recombination rate and varies between the accumulated and depleted values
depending on measurement frequency.

threshold gate voltage, the Fermi level bends across the intrinsic level, favoring minority carrier

generation in the channel (inversion).  This inversion layer creates the channel’s conduction

pathway in the “on” state.  Similar to HFETs, increasing drain bias eventually pinches off the

inversion layer leading to drain current saturation.

Device performance can be investigated through capacitance-voltage (C-V) measurements

of MOS capacitors (Fig 3.15).  In accumulation, the MOS capacitor has only the capacitance of the

insulating layer (oxide).  As the channel is depleted, the depletion layer’s capacitance is added

serially to the insulating layer.  Upon inversion MOS capacitance is frequency dependent.  At

frequencies greater than minority carrier generation / recombination (>100 kHz), capacitance is

unchanged.  At lower frequencies (<100 Hz), minority carrier response dramatically increases

semiconductor capacitance allowing insulator capacitance to dominate the series summation.

Variations from this ideal C-V response provide information on metal-semiconductor work function

offset, mobile ion charges, and fast interface state trap density (Dit) [180, 207].

Although MOSFETs are the most prevalent solid-state device in silicon-based integrated

circuits, HFETs have dominated GaN power electronics.  Appropriate design of the insulator-
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semiconductor interface (which nature kindly provides for in the Si/SiO2 system) plagues GaN

MOSFET technology much as it has for other III-V compounds including GaAs.  The three major

obstacles are (1) reducing interface states, (2) reducing conduction pathways, and (3) providing

sufficient band offset.  Interface states, which presumably occur due to uncompensated or dangling

bonds at the interface, can pin the Fermi level, inhibiting inversion.  Interface states also trap

carriers in the channel, disrupting device stability and assisting gate leakage tunneling.  Current

leakage through the gate reduces device efficiency.  Thus, if a crystalline insulator is used,

dislocations and grain boundaries, which may provide conductive pathways through the insulator,

must be minimized.  Moreover, the band offset between insulator and semiconductor must be

sufficiently large (>1 eV) to inhibit direct conduction or Fowler-Nordheim tunneling.  This final

consideration is of particular importance when selecting an appropriate insulator for wide bandgap

semiconductors like GaN.

Inducing channel inversion in GaN MOS capacitors also appears challenging.  Minority

carrier generation in wide bandgap materials is too slow to thermally drive inversion even at 300°C.

To observed inversion in GaN MOS capacitors, implantation of “source/drain regions” near the

MOS capacitor has been found necessary to act as sources for minority carrier injection [208, 209].

The impact of intrinsic GaN band bending (due to the spontaneous polarization’s bound charges)

on MOS behavior is also unclear [185, 210].

With a properly designed insulator-semiconductor interface, GaN MOSFETs could

outperform GaN HFETs in many applications.  Unlike HFETs, MOSFETs are generally

enhancement mode devices.  This “normally-off” mode of operation reduces power consumption

and is necessary for certain applications including power switching components [179].  The HFET’s

Schottky barrier gate typically allows more leakage than an MOS gate particular at high operating

temperatures [182, 211].  Also under consideration are amalgamated MOSHFET devices that

combine the low leakage of an MOS gate with the high channel mobility of a heterostructure’s

2DEG [212, 213]

3.3.4 Ferroelectric-GaN Heterostructures for Solid-State Devices

Ferroelectrics are a class of polar materials with degenerate polarization orientations that

can be oriented by applying an external electric field.  In many instances, the polarization domain

structure of ferroelectrics enhances their polarity driven properties.  Thus, ferroelectrics commonly

display unusually large piezoelectric constants, pyroelectric constants, dielectric constants, and

Kerr / Pockels effects.  A review of ferroelectric behavior can be found in reference [214].  The two
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Fig 3.16 – Applications for Ferroelectric Integration with GaN Microelectronics: (a) The high
permittivity of a ferroelectric gate oxide would lower the turn-on voltage for GaN MOSFETs by
placing more of the electric field drop in the semiconductor channel. (b) Direct integration would
allow the ferroelectric gate to act as a non-volatile memory element, which could be non-
destructively read through the source drain current. (c) Ferroelectric gates could act as
environmental sensors (pressure, temperature).  Changes in ferroelectric polarization from external
stimuli would alter source-drain current.

most commonly explored ferroelectrics for thin film technology are the oxide perovskites barium

titanate (BaTiO3) and lead titanate (PbTiO3) and their solid solutions.

Integrating ferroelectrics with GaN could lead to improved device performance and new

device design.  The high dielectric constant of ferroelectrics places most of the electric field of a

MFeS capacitor within the lower permittivity semiconductor (series capacitance).  This lowers the

external field necessary to drive MOSFET channel inversion, a particularly important reduction in

wide gap semiconductors that require significant band bending for inversion.  Numerous authors

have reported reducing the inversion bias from >10 V for normal gate oxides to near 5 V with a

ferroelectric gate [215–217].  Interfacing a ferroelectric to a semiconductor could also improve non-

volatile memory device design.  Current ferroelectric memory technology requires a metal-

ferroelectric-metal capacitor coupled to a MOSFET [218].  With an intimate interface, a simplified

single FET device could be fabricated.  With an applied field, a ferroelectric gate could be

reversibly poled. These two poled states (up or down) would induce different channel currents

(preferably on or off) that could be non-destructively read with the source-drain current [219–221].

Similar structures could operate as new devices known as “smart-FETs”.  Such FETs would utilize
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the strong piezoelectric and pyroelectric properties of a ferroelectric gate to respond to external

stimuli including temperature changes and mechanical stress [222, 223].  Changes in these

environmental stimuli would alter the gate voltage and could be detected in the source-drain

current.  The possible advantages of ferroelectric / GaN integration are summarized in Fig. 3.16.

Chemical reactivity has limited the direct integration of high polarity ferroelectrics, like lead

zirconate titanate (PZT), with common semiconductors, like silicon and GaAs.  Interfacial reaction

layers dilute the ferroelectric’s properties and degrade channel transport. [220, 224].  The greater

thermal and chemical stability of GaN may offer an opportunity to resolve these problems.  GaN

may remain inert under the high temperature conditions (>500°C) necessary for processing high-

quality ferroelectric oxides, allowing for a chemically robust interface.  Thus far, success in

achieving abrupt ferroelectric / GaN interfaces has been mixed.  Early work by Masuda [225]

demonstrated that PZT films pulsed laser deposited (PLD) at 510 °C on cubic GaN showed

significant inter-diffusion, which promoted second phase formation (the non-ferroelectric pyrochlore

phase).  However, incorporation of a 200 nm MgO interfacial layer inhibited interfacial reaction and

favored crystallization of perovskite PZT.  Similar interface reactions have been observed in the

work of Dey and colleagues [226, 227].  According to Fuflyigin et al. PZT films deposited directly on

GaN have random polycrystalline structure while an indium tin oxide interfacial layer promotes

(110) texturing [228].  Recent work by Xiao et al. shows that epitaxial PZT films can be integrated

on GaN devoid of reaction by using a 2 nm PbO / 10 nm PbTiO3 seed layer deposited at 600 °C

[229].  Sol-gel deposited BaTiO3 films on GaN by Kumar et al. [215] show reasonable C-V

response, although direct evidence of an abrupt interface is not reported.

From the standpoint of non-volatile memory design, the permanent polarity of GaN may

prove advantageous.  GaN’s polarity could act to stabilize one of the poling directions of an

overlying ferroelectric film, increasing the retention time of a non-volatile memory element.  Nava

Setter’s group at EPFL (Stolichnov et al. [220, 230]) has reported evidence for this effect by

examining a PZT/AlGaN/GaN multilayer stack.  The effect of poling the polycrystalline PZT layer on

the carrier concentration and mobility of the AlGaN/GaN 2DEG was examined.  The thickness of

the AlGaN layer was chosen to be 20 nm. If too thick, free carriers or ionized impurities within this

interfacial layer could completely screen the 2DEG from the ferroelectric’s bound charge and inhibit

ferroelectric-2DEG coupling.  Too thin and the AlGaN layer may not act as a sufficient diffusion

barrier to protect the channel from interfacial impurities that may degrade 2DEG mobility.  PZT

films were poled by scanning probe microscopy with a +/- 40 V biased tip.  Positive bias poling is

found to be ineffective, creating a random domain structure similar to the unpoled state.  Negative
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Fig. 3.17 – Critical Evaluation of Poling in PZT/AlGaN/GaN Stacks:  Depiction of polarization
direction and simple energy band diagrams for PZT/AlGaN/GaN stacks.  (a) PZT films under
negative bias are observed to pole despite the ferroelectric’s polarization being anti-parallel to the
underlying AlGaN layer.  Poling is likely aided by a Schottky barrier maintaining an insulating PZT
layer. (b) PZT films under positive bias are observed to not pole (random domain structure).  The
negative band offset between AlGaN and PZT is expected to allow charge injection into the
ferroelectric eliminating the field drop in the material.  Based on observations from Ref [220].

bias effectively poles the material with upward polarization as imaged by piezoforce microscopy

(PFM).  The film retains this poled state for up to 3 days.  Hall measurements indicate decreased

2DEG carrier concentration upon negative poling of the PZT gate.  The upward polarization of the

PZT, which places the ferroelectric’s negative bound charge at the PZT/AlGaN interface, acts to

deplete the 2DEG. Thus, polarization switching of a ferroelectric film is found to reversibly

modulated the conductivity of an AlGaN/GaN 2DEG.  Similar hysteretic behavior in

PZT/AlGaN/GaN heterostructures has been reported by Kang et al. [219] and Shen et al. [231].

Stolichnov et al.’s observation of ineffective positive poling of the PZT film on the

AlGaN/GaN heterostructure is worth a brief comment.  As depicted in Fig. 3.17b, positive bias

poling places the ferroelectric polarization parallel with the AlGaN/GaN heterostructure.  This

orientation is expected to be stabilizing, yet Stolichnov et al. report a random domain structure—as

if the ferroelectric immediately depoled.  Instability in the ferroelectric’s polarization could be

expected for anti-parallel arrangement (Fig. 3.17a), indicating a possible mix-up in the reported

poling directions.  Alternatively, this observation may result from the small conduction band offset.

Considering that the bandgap of PZT is ~3.5 eV and the bandgap of the AlGaN layer used is ~4.1

eV, it is likely that the PZT/AlGaN interface has a negative conduction band offset.  Under positive

bias, electrons from the doped AlGaN layer are likely injected into the PZT’s conduction band and

the ferroelectric layer acts as a conductor rather than an insulator. As a conductor, the PZT layer
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accepts only a small amount of the electric field drop and the mobile electrons act to depole the

material.  In comparison, under negative bias no source for charge injection exists. (The Schottky

barrier between PFM tip and PZT film blocks injection.) The PZT acts insulating as expected, and

the material is poled.  The ability to retain this anti-parallel ferroelectric / polar semiconductor state

is of interest for further study and behooves the examination of a ferroelectric on a N-face polarity

sample where polarizations would be parallel and likely more stable.  This example also illustrates

the importance of considering band offsets when incorporating functional dielectrics with wide

bandgap semiconductors; this consideration is of primary concern to this thesis.

Other opportunities for novel device performance of ferroelectric / GaN heterostructures

have also been suggested.  Dey and colleagues envision a micromachined PZT/GaN cantilever as

part of a MEMS RF bandpass filter system [226, 227, 232, 233].  The optoelectronic response of

ferroelectrics may allow waveguides and light scanners to be fully integrated with blue / UV III-N

lasers [225, 228].  Theoretical calculations also indicate that the polarization interaction at the

interface of GaN with an extremely thin (2 nm) ferroelectric layer will create an ohmic contact via

tunneling [234, 235].

3.4 Previous Investigations of Dielectrics on GaN

This section briefly reviews the different classes of linear dielectrics that have been

investigated for GaN device integration.  The number of studies investigating different dielectrics for

both GaN MOSFET gates and HFET passivation layers are too numerous to adequately review in

this thesis.  Instead, a review of the most important and most successful dielectrics for each

application is given including Ga2O3(Gd2O3), SiO2, Si3N4, and epitaxial rocksalt oxides.

3.4.1 Native Oxide (Ga2O3) and Amorphous Ga2O3(Gd2O3)

One strategy for oxide integration is to mimic silicon and design an interface based on the

native oxide, Ga2O3.  The chemical stability and composition of GaN makes this strategy more

feasible than in GaAs electronics.  In the GaAs system, oxygen readily reacts with both elemental

constituents leading to a competition between Ga2O3, As2O5, As2O3 and GaAsO4 formation.  GaN

only forms Ga2O3 while the NOx species (if even formed) is volatilized [185].  These interfaces are

usually complemented with amorphous Ga2O3(Gd2O3) gate dielectrics [185, 211, 236, 237].  Ren et

al. originally showed that this oxide layer could lower gate leakage by 3 to 4 orders of magnitude

relative to a Schottky gate [211].  More recent work by Chang et al. has demonstrated that GaN

MOS capacitors with Ga2O3(Gd2O3) gates can have leakage currents below 10-6 A/cm2 at 1000

kV/cm, Dit values below 5x1011 /cm2-eV, and C-V curves approaching ideal behavior [236].
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3.4.2 Amorphous Silicon Dioxide (SiO2)

Amorphous silicon dioxides is an attractive dielectric for GaN MOSFETs because it’s wide

bandgap is expected to impede leakage currents.  However, because of its low dielectric constant,

high gate voltages are necessary to generate minority carriers.  The ability to achieve low

interfacial trap densities between crystalline GaN and an amorphous SiO2 layer is also uncertain.

In 2000, Khan et al. [212] demonstrated a GaN MOSHFET device with a SiO2 gate.  The

MOSHFET’s Is-d-Vs-d response was comparable to a standard Schottky-barrier metal gate HFET,

but the oxide layer reduced gate leakage currents by six orders of magnitude.  Investigations of

interfacial trap densities have revealed Dit values below 1.5x1011 / cm2-eV when PECVD deposited

SiO2 is annealed between 900oC and 1100oC in H2 or N2 for > 20 min [238–240].  However, even

SiO2/GaN MOS capacitors with high quality interfaces display deep depletion—that is a failure to

reach a constant capacitance value upon reverse bias [238, 240, 241].  This result is not

unexpected.  The low dielectric constant of SiO2 reduces the amount of field drop occurring across

the semiconductor, making inversion and minority carrier generation difficult.  Despite this non-ideal

MOS capacitor behavior, devices fabricated from SiO2/GaN interfaces currently constitute probably

the best MOSFET device performance [242, 243].  A note of concern is the differences in MOSFET

behavior reported for devices prepared with p-channels versus n-channels.  While n-channel

devices (p-doped GaN epilayers with n-type source and drains) display saturating source-drain

currents in the on-state, n-channel devices fail to saturate [242, 243].

3.4.3 Amorphous Silicon Nitride (Si3N4)

The addition of a silicon nitride surface layer has become standard processing for

AlGaN/GaN HFETs to reduce surface states and impede current collapse.  In 2001, Keller et al.

first demonstrated the benefits of amorphous Si3N4 passivation.  Unlike unpassivated AlGaN/GaN

HFETs, which show significant dispersion, Si3N4 passivated devices show nearly identical I-V

response at DC and AC operation [206].  Due to this reduction in current collapse, Si3N4 passivated

HFETs are capable of >6 W/mm power output at 6 GHz compared to ~4 W/mm in standard

unpassivated devices [196].  Use of Si3N4 as a dielectric for GaN MOSFETs has also been

investigated and shows reasonable performance with saturating Is-d-Vs-d curves and a turn-on

voltage of 2.7 V [244].
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3.4.5 Epitaxial Rocksalt Oxides

The alkaline earth oxides including MgO and CaO have large bandgap energies (~ 8 eV),

making them suitable insulators for wide band gap semiconductors.  Many papers have been

published on the integration of rocksalt oxides with GaN for microelectronic devices with nearly all

originating from the groups of Abernathy, Pearton, and Ren at the University of Florida.  In 2002,

these workers showed that MgO epilayers could passivate AlGaN/GaN HFETs surface states

similar to Si3N4 [245, 246].  These authors point out that H contamination from the PECVD process

of Si3N4 can migrate into and degrade gate metals and the semiconductor.  MBE grown oxides

layers do not warrant such concerns.  The interfacial trap density of these MgO/AlGaN

heterostructures is ~3x1011 /cm2-eV with leakage currents not reaching 1 mA/cm2 until 3800 kV/cm

[247].  In 2004 the UF groups demonstrated the first enhancement mode GaN MOSFET based on

a MgO gate.  However, Is-d values did not saturate and the turn-on voltage was greater than 6 V.

Gate leakage currents were also high—on the order of 10-5 A/cm2 at 500 kV/cm for an 80 nm thick

film [248, 249].

The epitaxial MgO films grown at the University of Florida are deposited at 100°C.  XRD

and RHEED confirm that they grow (111) MgO || (0001) GaN [140, 247]  By HRTEM, they are

found to be epitaxial within the first 4 nm and described as “nanocrystalline” over the remaining

thickness [247].  This ordered interfacial structure is argued to be the source of the low interfacial

trap density.  To further lower interfacial trap density, this group has investigated the growth of

lattice-matched rocksalt oxide films using a solid solution of MgO and CaO.  In this work [152] it

was found that (Mg0.5Ca0.5)O with a 1% lattice mismatch was more effective at reducing

AlGaN/GaN HFET surface states than MgO with its 6.5% mismatch.  The structure of (Mg,Ca)O

films are also found to be more crystalline than the MgO epilayers [153, 250], but this may simply

be the result of a higher deposition temperature (300°C).  The band offsets between (Mg,Ca)O and

GaN have been determined by XPS to be 3.36 eV and 0.65 eV to the conduction band and valence

band respectively [250].

3.5 Statement of Purpose

 Although the literature is beginning to fill with reports of “successful” device structures that

incorporate a dielectric / GaN interface, few researchers are focusing on the fundamental science

relating dielectric and interface structure to device performance.  Basic research conducted in

similar areas, such as CaF2 epitaxy on silicon (Section 2.4.2), alkali halide epitaxy on

semiconductors (Section 2.4.1), and (Ba,Sr)O films lattice-matched to silicon [251] (Section 4.1.3)

has proven that an understanding of film processing can improve material and/or interface quality
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and enhance device performance.  Most current reports also fail to address the full complexity

involved when integrating a dielectric with a wide band gap semiconductor. General properties of

interest are a low density of interfacial trap states, low leakage currents, abrupt interfaces devoid of

reaction phases, and high-permittivity to drive band bending in the semiconductor. However, the

importance of each of these properties depends on the device structure of interest. This author

offers the following criteria to consider when selecting and evaluating a dielectric for GaN:

1. A large electronic band offset (> 1 eV) across the dielectric / nitride interface is

desirable at both the conduction and valence band edges to impede charge injection

via Schottky emission.

2. The interfacial chemistry should be robust—able to withstand high process

temperatures necessary for film deposition, device fabrication, and possible

integration of more reactive functional oxides.

3. The interfacial structure (amorphous or epitaxial) must be properly engineered to fully

compensate unsatisfied bonds of the bulk-terminated surface to prevent formation of

interfacial states that cause instability in device performance by altering inversion layer

thickness and increasing dielectric leakage through trap-assisted tunneling.

Using these criteria as a guide, this thesis chooses to explore epitaxial rocksalt oxides of

MgO, CaO, and YbO as dielectric layers for integration with GaN microelectronics.  (This selection

process is fully described in Chapter 4.)  The research in this thesis focuses on gaining a

fundamental understanding of the epitaxial growth in this oxide / nitride system with particular focus

on achieving a solid-solution composition with a lattice-match to {0001} GaN.  Some of the critical

issues addressed in this thesis that are not found in the open literature include:

1. Understanding the relationship between process conditions (temperature, pO2, metal

flux) and oxide epilayer structure (crystalline mosaicity, microstructure, twinning, etc.).

2. Investigating the chemical stability of these oxide layers when exposed to ambient

atmosphere and their interfacial stability with GaN at high temperatures.

3. Evaluating the influence of GaN quality (mosaicity, surface structure) on oxide epilayer

structure and crystalline quality.

4. Studying means for controlling the composition of MgO-CaO solid solutions and the

impact that achieving a lattice-matched epilayer has on the film’s crystalline quality.
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5. Recognizing that the (111) rocksalt growth direction is a polar surface and

investigating how this influences epitaxial growth.

6. Evaluating the mechanisms of current leakage across the oxide / nitride interface and

investigating strategies (band structure, film microstructure, surface treatments) for

modifying and removing these current pathways.

A second deficiency of the open literature is the lack of clear correlations made between

research involving growth of epitaxial rocksalt oxides on GaN for microelectronic devices and the

more basic scientific studies exploring epitaxial growth of ionic materials, particularly MgO.  The

former research community is primarily composed of “solid-state device”-oriented electrical

engineers while the latter is dominated by surface science physicists. This thesis attempts to

correlate these two important fields.  Many of the concepts developed in Chapter 2 of this thesis

are used to guide the research of this thesis and explain observed phenomena including MgO

growth rate dependencies, surface-modification selective deposition of MgO films, CaO-MgO film

alloying, and YbO metastability.

Finally, this thesis aims to contribute to the growing understanding of oxide MBE.  Many of

the common themes of oxide MBE are explored in this thesis including adsorption-controlled

growth, kinetically driven stabilization of non-equilibrium phases, compositional control of multi-

component oxides, and epitaxial growth of polar surfaces.  Particular attention is given to the role of

the oxidant and the utility of a less reactant oxidant (molecular oxygen) in achieving particular

growth conditions necessary to access metastable phases (YbO) or control film composition (MgO-

CaO alloys).
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4. Experimental Considerations

This chapter outlines the process used for selecting epitaxial rocksalt oxides as a dielectric

candidate for GaN microelectronics.  Criteria based on energy band offsets, interfacial chemical

stability, and epitaxial lattice-matching are established.  The MOCVD grown GaN films used as

substrates for epitaxial oxide growth are described, and the consequences of their inherent

variability are discussed.  The chapter concludes with a brief description of the deposition systems

and standard conditions used for epitaxial oxide growth and characterization.

4.1 Criteria for Exploring Epitaxial Rocksalt Oxides for GaN
Microelectronics

The literature reviewed in the previous three chapters highlights the inadequacy of

previous research to fully address all of the factors contributing to the successful integration of a

dielectric material with GaN.  For this thesis, the choice to explore epitaxial rocksalt oxides is based

upon a critical evaluation of the necessary requirements of a dielectric candidate for GaN

microelectronics.  This section establishes the criteria for selecting a possible dielectric to integrate

with GaN and discusses how the epitaxial rocksalt oxides chosen for this thesis (MgO, CaO, and

YbO) meet these criteria.

4.1.1 Electronic Energy Band Offset

The first criterion for a dielectric material intended for GaN microelectronics is that it be

electrically insulating in the device structure.  When used as a gate, current leakage through the

dielectric layer leads to poor device performance and lower efficiency.  Materials with “good”

dielectric properties are not necessarily “good” electrical insulators.  Like any material with a band

gap, incorporation of impurities at shallow-level dopant sites of a dielectric can introduce charge

carriers and allow electrical conduction.  A more subtle cause of mobile charge carrier injection can

occur when a dielectric is interfaced with a material of similar band structure.  If the band alignment

between doped semiconductor and dielectric is small, then charge can be injected via Schottky

emission or tunneling [207].  Both of these processes are exponentially dependent on the height of

the energy barrier separating the semiconductor and dielectric. Fig 4.1 depicts these processes.

As a general rule, a barrier height of at least 1 eV is necessary to achieve acceptable leakage

currents in a material being used as a gate dielectric for MOSFET devices [252].  Robertson et al.

[253] have calculated the conduction band offset between MgO and GaN to be
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Fig. 4.1 – Conduction Mechanisms at Semiconductor / Oxide Interfaces: Band diagrams and
relevant equations depicting (a) Schottky emission and (B) Fowler-Nordheim tunneling for electrons
at a GaN / oxide interface under applied bias.  In this case, electrons face the “conduction band
offset” barrier (FCB); in p-type material, holes would need to overcome the “valence band offset”
barrier (FVB).   The red arrow indicates the rate limiting process–thermal excitation in (a) and
tunneling in (b).  I = current; T = absolute temperature; F = barrier height; Eapp = applied electric
field [207]

2.6 eV, more than sufficient to impede charge injection.  In comparison, the prototypical perovskite

oxide STO (band gap ~ 3.5 eV) is calculated to have a –0.1 eV conduction band offset.  No energy

barrier would exist at a GaN / STO interface, creating a rectifying I-V response from a MOS

structure.  Thus, when searching for a dielectric to integrate with wide band gap semiconductor

microelectronics, unusually large band gaps (> 5.5 eV) are required.  A summary of band offsets

for other relevant dielectrics on GaN are presented in Table 4.1.

Table 4.1 – Summary of Calculated Conduction Band and Valence Band Offsets Between
Oxides and Gallium Nitride: Reported in Ref [253]

Band Gap
Conduction
Band Offset

Valence
Band Offset

MgO 7.8 eV 2.6 eV not reported
STO 3.3 eV -0.1 eV 0.2 eV

Ga2O3 4.8 eV 0.5 eV 1.1 eV
Gd2O3 5.8 eV 1.9 eV 0.7 eV
SiO2 9.0 eV 2.5 eV 3.2 eV
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Whether such strict limits on leakage currents are necessary for materials used in polarity

driven devices is still uncertain.  Based on the work of Stolichnov et al. [220] (Section 3.3.4),

modulation of 2DEG carrier concentration at the AlGaN/GaN heterojuction is possible with

ferroelectric switching of a PZT layer despite being able to only pole in one direction–a

consequence of the rectifying I-V response at the PZT / GaN interface.

4.1.2 Interfacial Chemical Compatibility

Establishing and maintaining a chemically abrupt interface between the dielectric (or

functional oxide) film and semiconductor substrate is important for optimal performance of

microelectronic devices.  Chemically diffuse interfaces reduce electronic mobility within the channel

of a field-effect transistor, limiting current flow, power output, and device efficiency.  Impurity

incorporation in dielectric layers can increase leakage currents through the transistor’s gate.

Interfacial reaction layers of linear dielectrics with low permittivity diminish the performance of

high-k or non-linear functional oxides like ferroelectrics.

Thus, a second criterion for dielectric integration with GaN is a robust interfacial chemistry

capable of withstanding high temperature thermal processing.  Various process constraints may

demand high temperatures stability at this interface.  Functional oxides require high deposition or

annealing temperatures (200°C to 700°C) to achieve the crystalline quality necessary for optimal

functionality.  Activation anneals for dopants implanted in GaN can reach temperatures in excess of

1000°C [254, 255].  Oxides forming stable interfaces with GaN could also be utilized as interfacial

diffusion barriers for the deposition of more reactive functional oxides (e.g. PZT).

Reactions between metal oxides and GaN are expected to proceed via:

MOx + GaN ‡ Ga2O3 + MNx

Fig. 4.2 plots the free energy of this reaction for each of the alkaline-earth rocksalt oxides as a

function of temperature. For all temperatures and compounds of interest, this reaction is

unfavorable (positive free energy).  A more complete analysis of the reactivity between all single

component elemental oxides and GaN at 1000 K has been conducted by D. Schlom at Penn State

University [256].  A summary of his results is included in Fig. 4.2b.  Insufficient availability of

thermodynamic data prevents a complete analysis and advocates the experimental investigation of

oxide / GaN reactivity undertaken in Chapter 9 of this thesis.
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Fig. 4.2 – Reactivity Between Metal Oxides and GaN: (a) Free energy of reaction between 25°C
and 1000°C for alkaline-earth rocksalt oxides computed from Ref [257].  (b) Calculations showing
the elemental oxides stable (white) and unstable (blue) in contact with GaN at 1000 K.  Elements in
yellow lack sufficient thermodynamic data to determine reactivity.  From Ref: [256].

4.1.3 Epitaxy

Microstructural homogeneity is a third critical requirement in choosing a dielectric for

microelectronics applications.  Localized defects in a material’s structure can cause conduction

pathways and premature dielectric breakdown of the material, limiting device performance.  To

achieve a homogeneous structure a completely ordered (epitaxial) or completely disordered

(amorphous) material is required.  Amorphous dielectric layers are prevalent in silicon-based

microelectronics—a consequence of the naturally well-behaved interface formed between Si and

its amorphous native oxide, SiO2.  Through hydrogen passivation, optimal interfacial properties are

achieved [258].  In comparison, McKee et al. [251] has demonstrated that as-grown, lattice-

matched epitaxial films of alkaline-earth oxides on silicon that completely satisfy the interfacial

bonding requirements can have comparable interfacial properties (Dit and channel mobility) to

hydrogen annealed SiO2/Si interfaces.  Thus, a carefully designed epitaxial oxide on GaN should

also be capable of providing device quality performance.  Choosing to investigate an epitaxial oxide

rather than an amorphous material creates the added benefit of use as a template layer for

epitaxial growth of functional oxides like ferroelectrics and ferromagnetics.

A dielectric material with a hexagonal crystal structure would best match the symmetry of

the  {0001} GaN surface.  Unfortunately, a hexagonal oxide with suitable lattice match and band
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Table 4.2 –  Summary of Epitaxial Compatibility Between Oxides and GaN:  Listing of various
hexagonal and cubic single component oxides and their relative lattice-mismatches to GaN.
Electronic band gap data is included as reference as well. [259, 260, 252, 253]

gap is not available (See Table 4.2).  A lattice match of less than 1% would be preferable, while a

band gap of at least 5.4 eV (2 eV greater than GaN’s band gap) is required if the material is

expected to have at least a 1 eV band offset at both the conduction and valence band edges.

Table 4.2 illustrates that the hexagonal rare-earth oxides all have too large of a lattice parameter

for {0001} GaN.  Hexagonal Al2O3 and BeO both have atomic spacings that are too small.

Transition metal oxides, like ZnO, which have the nearest lattice match, have narrow band gaps

due to their d-orbital states.  Forming solid solutions between hexagonal transition metal oxides

and BeO to increase the band gap and improve the lattice match is a possibility [261] but is

commercially unattractive because of the high toxicity of BeO.

The next obvious choice for epitaxially interfacing with GaN is a face-centered cubic (FCC)

crystal structure.  Like the GaN lattice, FCC materials have a close-packed arrangement.

Interfacial symmetry is met by extending the close-packed planes ({111} for FCC, {0001} for HCP)

across the GaN / oxide interface.  A depiction of this epitaxial relationship is shown in Fig 4.3.

Similar to the hexagonal oxides, transition metal oxides with the rocksalt structure have
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Fig. 4.3 – Atomic Registry Between FCC Rocksalt Oxides and HCP GaN: Depiction of the two
structural variants possible for (111) rocksalt oxide epilayers on a {0001} GaN lattice.  Strain
mismatches are listed for the oxides investigated in this thesis.

narrow band gaps (3 to 4 eV), precluding their utility.  In comparison, alkaline-earth oxides have

large band gaps (6 to 8 eV).  The lattice parameter of these oxides varies with metal cation size

allowing atomic spacings both larger (CaO, SrO, BaO) and smaller (MgO) than the {0001} GaN

surface.  MgO and CaO are the two compounds straddling the lattice-matched dimension, with

misfit values of +6.3% and –6.9% respectively.  As discussed in Chapter 2, molecular beam

epitaxy allows access to solid solutions of MgO-CaO over the entire compositional range, with

lattice parameter variation following Vegard’s Law.  Depositing a film of composition Mg0.52Ca0.48O

can then be expected to have ideal atomic registry with the {0001} GaN surface.

Two of the rare-earth elements (Eu, Yb) are also known to form metastable rocksalt oxide

phases.  EuO is unattractive because of its small band gap—a result of its half-filled f-orbital.  YbO

is less well characterized because of its greater instability, but could be expected to have a larger

band gap because of its full f-oribtal electronic structure.  YbO also forms a closer lattice match to

GaN than EuO.  For these reasons, YbO is also investigated in this thesis.

The expectation of a (111) rocksalt oxide growth surface on {0001} GaN presents two

problems.  First, the 6-fold symmetry of the substrate’s 2D lattice allows for two structural variants

in the 3-fold symmetric epilayer (See Section 2.1.1 and Fig. 4.3).  These variants create twin

boundary imperfections in the film’s crystalline structure, degrading its homogeneity.  Second, the

(111) rocksalt oxide surface is a polar surface.  As such, the surface is expected to be unstable

(See Section 2.3) and likely to cause Volmer-Weber growth.  This 3D growth mode can be

expected to increase the nucleation density of structural variants.
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4.2 GaN Substrates

Epitaxial growth of thin films usually occurs on single crystal substrates with atomically

smooth surfaces (i.e. silicon wafers, STO single crystals, etc).  Single crystals of GaN are scarce

and small in size (~1 mm in diameter) [262].  Investigating growth of oxides on GaN single crystals

would also be narrow-minded because all commercial GaN electronics are fabricated from epitaxial

GaN films prepared on sapphire or SiC substrates (See Section 3.2).  These GaN films are

substantially more defective than polished, single crystal substrates and are less of an ideal

template for growth of epitaxial layers.   The GaN substrates used for this thesis were obtained

from a collaborating research group whose goal is to understand GaN growth—not to achieve

reproducibility in every sample.  To this end, a word of caution is offered:  Not all GaN substrates

are created equal.  Being wary of this complication, every attempt is made to prepare full series of

samples from the same GaN wafer when investigating oxide epilayer structural features (film

mosaicity, microstructure) that are expected to depend on GaN crystal quality or surface

morphology.  However, even this precaution is not completely satisfactory as GaN film mosaicity

and surface roughness is known to vary across the diameter of a wafer.

4.2.1 GaN Film Growth

The Sitar group at North Carolina State University prepared all GaN films used as

substrates for this thesis.  {0001} GaN films are prepared on (0001) sapphire substrates in a

vertical, cold-walled MOCVD reactor.  Triethylgallium, trimethylaluminum and ammonia are used as

precursors, and N2 is used as the diluent gas to achieve mass transport limited growth.  A thin (5 to

30 nm) AlN layer deposited at low temperatures and then annealed is used to seed growth of Ga-

face polarity films.  Adjusting the conditions used in preparing this AlN layer (thickness, annealing

temperature, annealing time and annealing atmosphere) dramatically influences the film crystal

quality (dislocation density, inversion domains, surface morphology).  Deposition without an AlN

buffer layer allows growth of N-face polarity films. GaN films are typically 1.2 mm thick and have

w-rocking curve FWHM values of ~350 arcsec, ~900 arcsec, and ~1550 arcsec in the (002), (103),

and (302) reflections respectively.  These values indicate edge and screw dislocation densities of

~1010 /cm2 and ~108 /cm2 respectively [263].  n-type and p-type GaN films are prepared using Si

and Mg doping respectively.  Si-doped samples typically have carrier concentrations of ~1018 /cm3

and mobilities of ~250 cm2/Vs.  More details about GaN film preparation can be found in

S. Mita’s Ph.D. thesis [172].
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4.2.2 Review of GaN Surface Chemistry

Substrate surface preparation is critical for optimizing solid-state device performance.  As

Section 2.4 highlights, interfacial chemistry (surface termination, surface passivation) can also be

important for high-quality epitaxial growth.  These concerns behoove a brief review of GaN surface

chemistry and surface preparation procedures to prepare film surfaces for heteroepitaxial

deposition.

The {0001} surfaces of GaN are commonly observed to have gallium-rich surface

structures.  The dissimilarity in cation and anion chemistry drives this preference.  Nitrogen is

significantly more stable in the bulk tetrahedral bonding environment than gallium.  As a

consequence, singly bonded N adatoms are unstable, preferring to leave the surface as N2.  Ga

adatoms are more closely spaced on the GaN surface as compared to other III-V compounds (e.g.

GaAs) because of nitrogen’s smaller ionic radius than other group V elements.  This smaller

distance between Ga adatoms places them in an arrangement similar to the bonding environment

of Ga metal.  Ab initio calculations reveal that the lateral metallic bonding allowed between Ga

adatoms on a Ga-terminated GaN surface significantly reduces surface free energy [264].  A

variety of surface reconstructions have been observed during PIMBE growth of GaN and are

attributed to different arrangements and concentrations of Ga adatoms [265–267].

GaN surfaces exposed to air are found to have sub-monolayer contamination of O and C

adsorbates [268–272].  The general strategy for preparing semiconductor surfaces free of

contaminants is: (1) use a strong oxidizing agents to form a native oxide layer that displaces

carbon contaminants, (2) remove the oxide layer with an acid [268, 273].  This approach is not fully

effective for GaN because of its stability and resistance to chemical oxidation.  Even strong

oxidizers like H2SO4 and H2O2 or UV / ozone exposure at room temperature are incapable of

forming a complete layer of Ga2O3 and completely removing carbon from the surface [268, 269,

273].  Acid treatments are also found to be ineffective at completely removing the oxide layer [268,

272].  Treatments in HCl are effective in significantly reducing O adsorbates but are found to

replace the O with Cl contaminants.  HF treatments are less effective in reducing O contamination

but do not leave halogen adsorbates.  HF treated surfaces appear cleaner upon thermal desorption

[272]. Thermal treatments in vacuum or an ammonia atmosphere are found necessary to achieve

undetectable levels of surface contaminants [268, 270].  Oxidized carbon adsorbates are removed

between 400°C and 600°C while temperatures in excess of 900°C are necessary for removing

residual C-H contaminants.  At these temperatures GaN begins to decompose and sublime.  Cl is

completely removed by 600°C [270].  Surface morphology of Ga-face polarity samples is

unaffected by HCl and HF chemical treatments [271].



84

4.2.3 GaN Surface Preparation

Similar to other researchers’ findings, an XPS analysis of the as-received GaN surface for

samples used in this thesis (exposed to air for days to months) reveals carbon and oxygen

contamination (see Fig 4.4a).  These surfaces were also found to have a Ga-rich surface

stoichiometry.  The standard procedure used to clean GaN surfaces prior to epitaxial growth was

as follows:

(1) Immersion in 1:1 HCl:H2O solution for 1 minute, rinse with DI H2O, blow dry with N2

(2) Immersion in 1:99 HF:H2O solution for 1 minute, rinse with DI H2O, blow dry with N2

(3) Thermal desorption in vacuum (<10-7 Torr) at 500°C for > 10 minutes

A post-treatment analysis (Fig. 4.4b) confirms that the concentration of contaminants has been

reduced below the XPS detection limits.  Any treatment (chemical or thermal) is found to reduce

the amount of excess Ga on the surface, although a perfectly stoichiometric surface is difficult to

achieve [274].  RHEED consistently shows a (1x1) unreconstructed surface (Fig 4.4d), even when

annealed up to 800°C.  Higher temperatures were avoided to prevent GaN decomposition.

Surface morphology is found to be insensitive to the acid treatments used (Fig. 4.5).  Variations

from this standard cleaning procedure were investigated as means to control film growth (Section

5.7) and improve device performance (Section 9.3.3) and are noted in the text.

Fig 4.4 – XPS Analysis of Surface Contaminants on GaN Surfaces:  XPS data collected from
(a) an as-received GaN sample and (b) after chemical treatment (HCl / HF) and thermal treatment
(500°C UHV, 10 min) indicating the effectiveness of these procedures to reduce O and C
contaminants below detectable limits. [275] (c) & (d) show corresponding RHEED patterns
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Fig. 4.5 – Comparison of GaN Surface Structure Before and After Chemical Cleaning: AFM
images comparing the (a) “as received” GaN surface to (b) the surface after treating with 1:1 HCl :
H2O, 1min and 1:99 HF:H2O, 1 min.  RMS roughness is average value over areas of 2x2 mm2.

4.3 Deposition of Epitaxial Oxides on {0001} GaN

A Perkin-Elmer 435 MBE deposition system originally designed for semiconductor growth

has been converted to an epitaxial oxide deposition tool.  This system is loadlocked to an RF

magnetron sputtering chamber to allow in-situ engineering of interfacial layers and epitaxial growth

of functional oxides.  A schematic of this epitaxial oxide cluster tool is included in Fig. 4.6.

4.3.1 Description of Epitaxial Deposition Tools

The MBE growth chamber is connected to a high-temperature sputter chamber through a

loadlock.  The loadlock is pumped with a turbomolecular pump and can obtain a reasonable

transfer pressure (< 10-6 Torr) within 15 minutes.  A cryogenic pump maintains UHV conditions

(< 8x10-9 Torr) within the main MBE growth chamber. A single capture pump in the growth chamber

is acceptable because molecular oxygen is the oxidant source. Oxygen is delivered through a

45 cm long stainless steel tube directed at the growth surface. This tube collimates the O2 flux,

increasing the local partial pressure of O2 at the substrate [276].  Oxygen delivery rate is modulated

with a leak valve and monitored with an ion gauge located on the opposing wall.

Six effusion cells act as sources of elemental metal constituents.  Evaporant delivery is

accomplished through sublimation of solid sources.  Source charges are heated in PBN crucibles

and mechanical shutters modulate evaporant flux delivery to the substrate. PID controllers hold

effusion cell temperatures to within 1°C of the setpoint.  When not in use, effusion cells are held
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Fig. 4.6 – Epitaxial Oxide Cluster Tool: (a) is a schematic of the epitaxial oxide cluster tool [277]
indicating the (b) source flange for MBE atomic flux deliver, (c) manipulator for sample motion and
heating, and (c) sputter chamber for epitaxial growth of function oxides.  Molybdenum pucks
without central holes were used for growth on GaN samples; image (c) is taken to allow the
tantalum heating elements to be viewed.

approximately 150°C below their operating temperature (~250°C Mg; ~350°C Ca; ~250°C Yb) to

limit gas adsorption.  Evaporant flux rates are measured with a quartz crystal microbalance (Inficon

XTM/2 Deposition Monitor) located in a fixed position directly above the manipulator.

Samples are affixed to a molybdenum transfer puck using molybdenum clips.  The

molybdenum puck is positioned for source delivery using a Perkin-Elmer manipulator. The original

graphite heating element has been replaced with a resistively heated tantalum coil.  Voltage control

of the heating element allows reproducibility to within ~5%.  Sample temperature is monitored with

a Raytek IR pyrometer (Marathon Series) focused on the molybdenum puck.  An emissivity of 0.6
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is assumed for the oxide coated molybdenum puck.  Unfortunately emissivity is observed to vary

with prolonged use (weeks to months), causing variation in temperature observations.

A reflected high-energy electron diffraction system (Perkin-Elmer F 20-330 Analog HEED

Gun System) is incorporated in the MBE chamber to allow real-time monitoring of oxide growth.

The electron gun has a 10 kV accelerating voltage and is operated with a filament current of 2.8 A

and an emission current of 1 mA.  The diffracted beams are imaged with a phosphor screen and

digitally captured with a k-Space acquisition system (kSA 400). The sample manipulator allows for

both rocking along the polar angle and rotation about the azimuthal angle to allow full

characterization of surface periodicity.  If RHEED is used to monitor the entire growth process, a

narrow line of electron beam damage about 0.5 mm in width is usually observed across the surface

of the oxide film.

4.3.2 Procedures for Molecular Beam Epitaxy of Rocksalt Oxides

Before introducing samples to the growth chamber, metal fluxes are measured with the

QCM.  This procedure avoids exposing the sample to a metal flux; it also eliminates radiant heating

of the QCM from the nearby sample manipulator.  Careful attention is given to managing thermal

fluctuations during measurement of metal fluxes.  The QCM is exposed to the metal flux (open

shutter) for > 5 min prior to measuring the flux to allow equilibration with the effusion cell’s radiant

heating.  The flux is then calculated from 2.5 min of mass accumulation.  All QCM measurements

are taken with the density and tooling factors set equal to 1.  This setting allows for direct

measurement of the mass flux (Fmass) using the following conversion from the thickness value

provided in angstroms:

  

† 

Fmass g /cm2s( ) =
Thickness in Å( ) ¥ 10-8

Collection Time( )
[Eqn. 4.1].

From the mass flux and species’ molecular weight (MW), the atomic flux (F) can be calculated:

  

† 

F atoms /cm2s( ) = Fmass ¥
1

MW g /mol( )
¥ 6.022 ¥ 1023 atoms /mol( ) [Eqn. 4.2].

Atomic fluxes of Mg, Ca, and Yb between 1013 and 4x1014 atoms/cm2s are investigated.  Although

deposition rate is also monitored during oxide deposition, the tooling factor is often found to vary

with both substrate temperature and oxygen pressure due to differences in sticking coefficients and
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oxidation rates between the heated substrate and water-cooled QCM.  Metal sources used for

sublimation of metal fluxes include 99.98% purity magnesium filings (Alfa Aesar), 99.5% purity

calcium 1 cm shot (Alfa Aesar), 99.9% purity dendritic ytterbium (Alfa Aesar).

GaN samples of ~2 cm x 0.5 cm in size are scribed from 2-inch diameter wafers, allowing

about 15 to 20 samples per wafer.  After undergoing ex-situ chemical treatment, GaN surfaces are

thermally desorbed (500°C) in the growth chamber.  Just prior to growth (substrate heated, effusion

cells at operating temperature), a background pressure of < 10-8 Torr is commonly achieved.  To

initiate film growth, samples are usually first exposed to the O2 flux followed by opening of the

effusion cell shutter.  For most growths the oxygen shutter is opened unless a more diffuse and

lower local growth pO2 is required.  The reported growth pressures are those measured at the ion

gauge and have not been re-calculated to account for higher local pO2 at the growth surface due to

delivery collimation. The oxygen growth pressure is continually maintained through manual

adjustments of the leak rate during deposition.  For MgO growth, opening the Mg effusion cell

shutter is found to immediately drop the O2 pressure, requiring an increase in leak rate.  After

~5 min of growth, the pO2 is found to reach a steady-state.  No adjustment is usually necessary

during CaO growth.  YbOx growth requires adjustment for at least the first 5 min of growth.  For

some compositions (Yb+YbO) continual modulation is required during the entire growth. Growth is

ended by closing the shutter(s) to the effusion cell(s).

4.3.3 Procedures for Deposition of Ferroelectric Perovskite Oxides

Ferroelectric perovskite oxides of (Ba,Sr)TiO3 (BST) and Pb(Zr,Ti)O3 have been prepared

on both bare GaN substrates and rocksalt oxide || GaN buffer layers.  Epitaxial BST films are

prepared in a separate RF magnetron sputtering chamber requiring ex-situ sample transfer.  Films

are sputtered from a 4-inch ceramic target at 70 W RF power in an atmosphere of 10 mTorr Ar and

at a substrate temperature of 650°C.  Deposition rates of ~1 nm/min are observed.  Epitaxial PZT

films are prepared in the RF sputter chamber incorporated with the epitaxial oxide sputter tool,

allowing in-situ transfer between rocksalt oxide layer and ferroelectric deposition.  This tool has a

1-inch ceramic sputter target and is operated at 30W and 10 mTorr Ar.  PZT films have also been

prepared via chemical solution deposition methods using the inverse mixing order chemistry.  A

brief description of this procedure can be found in Ref [278]; an extensive description can be found

in Ref [214].
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4.4 Characterization Techniques

A variety of tools are employed to characterize the structure and electronic properties of

oxide thin films deposited on GaN surfaces including x-ray diffraction (XRD), atomic force

microscopy (AFM), scanning electron microscopy (SEM), energy dispersive spectroscopy (EDS),

secondary ion mass spectrometry (SIMS), profilometry, current-voltage analysis (I-V), and

capacitance-voltage measurements (C-V).  The conditions used for data collection are briefly

summarized here with more details provided throughout the remaining chapters when necessary.

X-ray Diffraction: Phase assemblage and epitaxial quality of the oxide films is assessed by

XRD using a Bruker AXS D-5000 diffractometer equipped with a High-Star area detector.  Data is

collected in a reflection geometry.  A depiction of the notation used to describe the four circles XRD

characterization is provided in Fig. 4.7.  The copper anode x-ray source is typically operated at

40 kV / 30 mA.  Scans are generally collected for 15 minutes.  This system contains a single, front-

end monochromator and usually operates with a 0.8 mm aperture collimator tube.  At the standard

detector distance of 15 cm, the area detector can collect a range of ~30° is 2q.  This setup allows

standard q-2q scan to be collected at fixed w values.  A typical q-2q scan of an epitaxial film is

collected at a fixed w value rocked to the film’s on-axis reflection; the substrate reflections are

sufficiently intense and nearby in reciprocal space to allow their concurrent collection at this fixed w

value.  For certain experiments, w is scanned as in conventional point-detector XRD operation or w

is sequentially rocked to other reflections to fully understand the epitaxial relationships.  Rocking

curves are collected in both the w  and f  circles to assess epitaxial crystal quality.

Fig. 4.7 – Four Circle X-ray Diffraction:  Picture of a generalized film on substrate sample with
the three axes of rotation labeled (w , c, and f).  The fourth circle (2q) defines the detector
orientation.
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Profilometry: Film thickness is measured using a Dektak step profilometer.  All deposition rates

reported are based on ex-situ film thickness measurements based primarily on profilometry.

Atomic Force Microscopy: A Nanosurf EasyScan 2 atomic force microscope is used to image the

surface structure of the GaN substrates and oxide films.  An AppNano probe tip (ACLA Model type)

with tip radius <10 nm and resonance frequency between 145 and 230 kHz is employed for

imaging.  Micrographs are collected in tapping mode at a scan rate between 1s to 3s per line.

Collection rates of both 256 and 512 pixels per line are used.

Scanning Electron Microscopy:  Two microscopes are used to conduct SEM experiments.  A

Hitachi S-5500 SEM is employed for high-resolution imaging of film surfaces and cross-sections.

This instrument has a cold field-emission gun and an immersion objective lens, permitting

resolution below 2 nm.  A Hitachi S-3200 is used for lower resolution imaging and its EDS

capabilities.

Electrical Characterization:  Oxide films prepared on doped GaN samples are characterized

electrically.  Electrical characterization is carried out on simple metal-oxide-semiconductor (MOS)

stacks.  Indium is used as the ohmic contact to the n-type GaN substrate.  Platinum electrodes

deposited by sputter deposition serve as the top metal contact.  A Keithley 617 electrometer is

employed to characterize leakage currents in the MOS stack.  This electrometer model has the

capability to measure currents down to the pico-amp range.  An HP 4192A impedance analyzer is

used to obtain C-V measurements from the MOS capacitor stacks.
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5. Molecular Beam Epitaxy of MgO on {0001} GaN

Magnesium oxide (periclase) is the prototypical rocksalt oxide.  Its bulk, surface, and film

growth properties have been extensively characterized throughout the literature, and it has been

incorporated into a myriad of applications.  (A search for “MgO” in the ISI databases produces

> 30,000 citations.)  As such, MgO is chosen as the first rocksalt oxide to investigate for integration

with GaN.

This chapter investigates the process-structure-property relations of MgO films grown on

GaN surfaces by molecular beam epitaxy.  Two themes are found to predominantly influence the

growth process and structural features of these MBE grown MgO films: (1) the adsorption-

controlled growth conditions and (2) the polar surface growth direction.  An understanding of trends

identified this chapter is later used to understand carrier transport across oxide / nitride interfaces

and help engineer solid solutions of rocksalt oxides that lattice-match to GaN.

5.1 Adsorption-Controlled Growth of MgO

Like GaAs, MgO deposition follows an adsorption-controlled growth mechanism at high

temperatures.  Unlike GaAs, both sources for MgO growth (Mg / O2) have sticking coefficients near

zero when not in the presence of the associating species.  This dual volatility equates to incomplete

incorporation of both fluxes during growth and an extraordinarily complex deposition rate

dependency on both the incident fluxes and the substrate temperature.  This section establishes

the adsorption-controlled growth mechanism of MgO films deposited on GaN and then attempts to

deconvolute the complexity of controlling MgO deposition rate.  This latter point is essential for

controlling composition in the multi-component oxides proposed for lattice-matching to GaN.

5.1.1 Substantiating Adsorption-Controlled Growth: MgO on SiO2/Si

In the inceptive experiments of this research, MgO was deposited on oxidized silicon

wafers.  Films deposited in this way are (001)-textured with random orientation in f.  Deposition

rates for these samples are calculated from ex-situ profilometry measurements of film thickness.

Similar to all future deposition rate experiments, the film thickness is determined by measuring the

step edge created from the region masked by the molybdenum clip fastening substrate to puck.

Fig 5.1 plots the deposition rate of MgO grown on SiO2/Si substrates at varying temperatures and

oxygen growth pressures.  For low substrate temperatures (room temperature and 125°C), growth

rate is invariant with O2 pressure.  The noise in this data is attributed to the lack of precision in

monitoring the Mg flux during these earliest studies.
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Fig. 5.1 – MgO Deposition Rate on a SiO2 / Si Substrate: (a) Plot showing the measured
deposition rate of MgO films deposited on a SiO2 / Si substrate as a function of O2 growth pressure
for various substrate temperatures (room temperature, 125°C, 250°C). (b) Duplicate plot of
deposition rate at 250°C delineating three growth regimes.

At the 250°C isotherm, MgO film growth exhibits a strong dependency on O2 flux.  In

Fig 5.1b, this dependency is separated into three regimes. In regime I, no deposition is observed

(in 60 min)—a consequence of having two volatile species.  This observation is easily understood

in the context of the theoretical work reviewed in Section 2.5.3.  Low fluxes cause low

concentrations of adatoms.  MgO growth is dependent on the probability of Mg and O adatoms

meeting on a surface.  At low oxygen pressures and elevated temperature (~250°C) too few O

adatoms exist for Mg adatoms to find a “partner” within their limited diffusion distance (~1 nm).

Thus, the deposition rate is effectively zero. In regime II, growth rate increases monotonically with

oxygen pressure.  This behavior is consistent with an adsorption-controlled growth process where

Mg is provided in excess and O2 acts as the growth rate modulating species.  The decay of

deposition rate at high oxygen pressures (regime III) is due to a reduction of the Mg flux reaching

the growth surface.  Exponential decay in the flux of alkaline earth elements sublimed from effusion

cells at oxygen pressures above 10-5 Torr is well documented in the literature [120, 279].  Two

hypotheses currently exist: (1) The high oxygen pressure within the chamber oxidizes the metal

source, reducing the surface area from which it sublimes [279]; (2) The oxygen reduces the mean

free path of the Mg flux [120].  Both hypotheses are disputable.  If the source oxidizes, a

permanent reduction in metal flux is expected (alkaline earths are not reducible at MBE pressures),

yet work done for this thesis and elsewhere [279] demonstrates that the flux returns to its original
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value when the pO2 is reduced (assuming a constant cell temperature).  A possible explanation is

that the oxidized layer is porous and brittle, quickly crumbling from the surface.  In regard to

hypothesis #2, the mean free path at 10-5 Torr O2 is ~8 m (from Eqn. 1.3), considerably longer than

the effusion cell to substrate distance (~25 cm).  The local pressure may be higher due to the

collimated delivery of the O2 flux.  The combination of multiple fluxes (Mg + O2) also increases the

number of scattering species [36].  Section 5.1.3 further investigates the mechanism of deposition

rate decline in the MgO system.

5.1.2 Substantiating Adsorption-Controlled Growth:  RHEED Observations

The adsorption-controlled growth mechanism is next characterized using in-situ RHEED

analysis of Mg / O2 / MgO accumulation on GaN surfaces.  Fig. 5.2 summarizes this investigation.

A clean GaN surface heated to 250 °C and exposed to a Mg flux of 5x1013 atoms / cm2s shows no

accumulation after 3 min (10 MLs of exposure).  Three minutes of 10-5 Torr oxygen exposure also

has no effect on the RHEED pattern.  Growth begins when the substrate is exposed to the Mg and

O2 fluxes simultaneously.

Fig. 5.2 – In-situ RHEED Investigation of Adsorption Controlled Growth of MgO on GaN:
RHEED patterns collected from (0001) GaN at 250°C taken along the <11`20> direction: (a) prior
to flux exposure; (b) after 3min exposure to Mg flux (5x1013 Mg/cm2s); (c) after 3 min exposure to
O2 flux (10-5 Torr); (d) after 3 min exposure to concurrent Mg and O2 fluxes.

In a second experiment, RHEED is used to determine the critical O2 pressure necessary

for growth initiation.  For this experiment the O2 shutter is closed to allow a more diffuse oxygen

delivery that will follow the classical pressure-flux relationship (Eqn. 1.1).  Because the Mg flux

creates a higher reading at the ion gauge than the O2 pressures being investigated, the leak rate
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Fig. 5.3 – Investigation of Critical O2 Pressure to Initiate MgO Accumulation on (0001) GaN:
RHEED patterns taken of GaN exposed to 5x1013 Mg/cm2s at increasing amounts of O2 flux: (a)
no O2 (b) 7.5x10-9 Torr O2 (c) 9x10-9 Torr O2 (d) 1x10-8 Torr O2 (e) 2x10-8 Torr O2; (f) 4x10-8 Torr O2.

for a particular O2 pressure is set with the Mg cell shuttered.  The leak rates is then kept constant

once the Mg shutter is opened.  The RHEED pattern is captured after 4 min of deposition at each

pressure.  Assuming that RHEED is sensitive to 1 unit cell of deposition, no observed deposition

within 4 minutes indicates an accumulation rate below 0.1 nm/min.  As seen in Fig. 5.3, no

deposition is detected until ~2x10-8 Torr O2—at which point the RHEED streaks broaden and

brighten.  Significant deposition begins to occur at 4x10-8 Torr O2.  This pressure corresponds to an

O2 flux of ~1.5x1013 atoms/cm2s.  The sensitivity of this experiment precludes it from confirming the

thermodynamically calculated critical growth pressure of 10-24 Torr (Fig. 2.16).  However, it does

compare well with the critical pressure of ~10-7 Torr O2 for (001) homoepitaxy reported by

Yang et al. [120].  The lower initiation pressure observed here (~4x10-8 Torr) may indicate that the

(0001) GaN growth surface or the (111) MgO growth direction promote accumulation relative to the

(001) MgO surface, possibly due to the higher total density of surface sites or a greater defect site

density.

5.1.3 Critical Analysis of the MBE Growth Rate for (111) MgO Epilayers on

(0001) GaN Using a Molecular Oxygen Source

Fundamental to any thin film process flow is the ability to know and control deposition rate.

This parameter is even more critical when the ultimate goal is to use deposition rate to engineer a

film’s composition.  For these reasons, a complete understanding of the deposition rate for MgO by
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molecular beam epitaxy with a molecular oxygen source is paramount to the overall objectives of

this thesis.  It is not surprising then (considering scientific karma) that the deposition rate for this

system is perhaps the most complicated function possible for an MBE process flow.

General Interpretation of Deposition Rate Results:  Fig. 5.4 presents the experimentally measured

deposition rates for MgO films grown on (0001) GaN as a function of both growth temperature and

oxygen growth pressure.  All films in this series are deposited using a Mg flux of

4x1014 atoms/cm2s.  This relatively high metal flux is used to facilitate growth at higher

temperatures and prevent the necessity of day-long growth runs.  The approach is intended to

establish the upper boundaries on growth temperature and lower boundaries of O2 growth pressure

that allow accumulation of a MgO film at the substrate.  Because of the relatively high Mg:O ratios

encountered in this growth regime, this set of experiments additionally establishes the capacity to

deposit mixed phases (Mg/MgO) in this system.

The growth rates reported in Fig. 5.4 are determined from ex-situ profilometry

measurements of the final film thickness.  Fig. 5.5 reports the deposition rates observed at the

QCM.  These values are computed by taking the total mass per area-time measured at the QCM

during deposition and dividing by the theoretical density for MgO (3.587 g/cm3).  The dotted lines

labeled as “theoretical rate” in Fig. 5.4 and 5.5 represent the rate expected from the calibrated

incident Mg flux of 4x1014 atoms/cm2s (4.47 nm/min).  Fig. 5.5b gives the conversion factor

between the QCM monitored deposition rate and the actual (measured) deposition rate (Ractual /

RQCM).  As discussed in Section 1.2.4, this conversion factor is not just a simple geometric tooling

factor like in many metal or semiconductor MBE processes.  The difference in temperature at

substrate and QCM (water-cooled) can result in drastically different oxidation rates of the metal

oxide, and, as is the case for this system, very different accumulation rates of a volatile species

(e.g. magnesium).  The data presented here actually suggests that the QCM monitored thickness is

relatively meaningless unless its conversion factor has been calibrated for every growth

temperature and O2 pressure of interest (as has been done here).  Because the pressure-rate

dependency for mass collection at the QCM (Fig. 5.5a) is relatively invariant with substrate

temperature (as well it should be since the QCM is water cooled), it shows little correlation with the

more complicated temperature-pressure-rate dependency at the actual growth surface (a result of

Mg’s high volatility).  As a consequence, the conversion factor plot (Fig. 5.5b) strongly resembles

the deposition rate plot (Fig. 5.4a).  One region of note is the process regime between 200°C -

250°C and 10-6 – 10-5 Torr O2; within this limited processing window, the deposition rate and QCM

factor remain relatively constant and also match well with the theoretical deposition rate.
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Fig. 5.4 – Deposition Rate of MgO Films Deposited on (0001) GaN Substrates as a Function
of Growth Temperature and O2 Pressure: (a) Plot of the MgO deposition rate as a function of O2

pressure (flux) at varying substrate temperatures. O flux is calculated assuming ideal gas behavior,
no collimating effects, and accounts for the diatomic nature of molecular oxygen.  The line labeled
“Theoretical Rate” indicates the expected deposition rate (4.47 nm/min) for a Mg flux of 4x1014

Mg/cm2s and a theoretical density of 3.587 g/cm3.  The line labeled “Adjusted Rate” adjust the
theoretical rate using the geometric tooling factor between QCM and manipulator (tooling = 1.065,
rate = 4.76 nm/min). Points labeled with an “X” are visibly metallic after deposition. (b) Same data
replotted as a function of growth temperature at varying constant O2 growth pressures.

Fig. 5.5 – Deposition Rate Monitoring of MgO Growth at the Quartz Crystal Microbalance
(QCM): (a) Plot of the deposition rate calculated from the QCM mass flux during MgO deposition.
Calculated using a theoretical density of 3.587 g/cm3 for MgO.  Theoretical rate is based on the
incident Mg flux of 4x1014 Mg/cm2s.  (b) Multiplication factor to convert QCM deposition rate to
observed deposition rate (Rmeasured/RQCM). The “X” labels samples that are visually metallic.
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MgO Deposition Rate Dependency on Growth Temperature:  Fig. 5.4b plots the measured growth

rate as a function of temperature for various O2 growth pressures.  This data suggests a linear

dependency between MgO deposition rate and temperature.  Interesting to note is the x-intercepts

for each of these isobaric data sets.  At O2 pressures between 10-7 and 10-6 Torr the trend lines

intersect near 400°C, indicating near zero accumulation of MgO using MBE growth condition of

>400°C and < 10-6 Torr O2.  Extrapolating the 10-5 Torr isobaric data indicates that at these growth

pressures, the practical growth temperature range is extended to ~550°C.  A further increase in

growth temperature with pressures above 10-5 Torr O2 is unlikely due to the anomalous decay of

metal flux.  In general when process regions near the maximum allowable temperature at a given

O2 pressure are approached, MgO films lose their specular appearance and homogeneity, possibly

indicating the onset of film roughening.

Explanation for Anomalously High Deposition Rates at Low Temperatures: For growth

temperatures of 250°C and above, adsorption-controlled growth regimes are observed (rate

increases monotonically with O2 pressure).  Within this same pressure range, the deposition rate of

films deposited at room temperature and 100°C are invariant with incident O2 flux.  The deposition

rates measured for films grown at 25°C and 100°C are also notably larger (~45%) than the

theoretical limit expected from the incident Mg flux.  This discrepancy is quite perplexing; growth at

reduced temperatures should improve correspondence between growth surface and QCM (i.e.

without heating the substrate, the sticking coefficient and re-evaporation rate for Mg should be

equivalent at substrate and QCM).  Two hypotheses are proposed to explain this observation:

(Hypothesis #1) The geometric tooling factor between QCM and growth surface

is unusually large.  For this hypothesis to be true a geometric tooling factor of

~1.5 between QCM and manipulator is necessary.

(Hypothesis #2) Films deposited at low temperatures are significantly less

dense than the theoretical value.  This hypothesis requires films to be ~70% of

MgO’s theoretical density.

To simultaneously test these hypoetheses, the following experiment is implemented.  MgO

is deposited at room temperature under an oxygen partial pressure of 10-5 Torr.  GaN samples are

place both on the manipulator and directly next to the QCM crystal (attached with tape).  For this

experiment, the QCM is not water cooled to allow equivalent radiant heating from the effusion cell

to the substrates at both the QCM and manipulator.  If the film thickness of the sample mounted
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near the QCM matches the value calculated from the QCM’s mass accumulation rate, then the film

is fully dense and the observed discrepancy is a result of the geometric tooling factor.  If the film

thickness for the sample at the QCM matches the film thickness at the manipulator but not the

value calculated from the QCM measured mass, then the deposited films are not fully dense.

Table 5.1 presents the results of this experiment.  The deposition rates observed here vary from

those in Fig. 5.4 because the experimental setup precluded calibration of the Mg deposition rate

prior to deposition.  Despite this difference, the results clearly indicate that the deposited films are

substantially less dense than the theoretical value for MgO (~50% less dense).  In comparison, the

tooling factor between QCM and manipulator is only 1.065 (~6%).  Thus, Hypothesis #2 is

concluded to be the origin of the perceived enhanced deposition rate at low deposition

temperatures.

Table 5.1 – Data Summarizing Experimental Investigation of the Geometric Tooling Factor
and MgO Film Density for Room Temperature Deposition:  The first column of data is
computed using the mass accumulation rate measured at the QCM and assuming a fully dense
MgO film (3.587 g/cm3).  The second column is based upon the profilometry-determined thickness
of a sample attached adjactent to the QCM.  The third column uses the profilometry-determined
thickness of a sample located on the manipulator (usual growth position).  The MgO is deposited at
room temperature under an oxygen pressure of 10-5 Torr.

Computed from QCM
Mass Accumulation

Measured for GaN
Sample Adjacent to

QCM

Measured for GaN
Sample on

Manipulator

Film Thickness 564 nm 1015 nm 1081

Deposition Rate 6.3 nm/min 11.3 nm/min 12.0 nm/min

Film Density 3.587 g/cm3 1.99 g/cm3 1.87 g/cm3

Percent Density 100 % 56 % 52 %

A likely explanation for the observed decline in density is the formation of voids via ballistic

deposition (Z1 Structural Zone) [4].  The high deposition rate and low growth temperature combine

to limit (immobilize) surface diffusion resulting in statistical roughening and self-shadowing.  These

mechanism are expected to further exacerbate void formation with increased rates of deposition,

consistent with the larger reduction in density observed during the 2nd experiment versus the

original data set (e.g. in Fig. 5.4 deposition rates of ~6.5 nm/min result in films with ~69%

theoretical density while in Table 5.1 deposition rates of ~11.5 nm/min result in films with ~55%

theoretical density).  Following this reasoning, it is concluded that under a Mg flux of 4x1014

atoms/cm2s, the 200°C isotherm provides sufficient thermal energy to surface adsorbates to permit

lateral smoothening and even epitaxial growth (see Fig. 5.6a).  Films deposited at 200°C
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Fig. 5.6 – Structural Investigation of MgO Films Deposited at Low Growth Temperatures and
O2 Pressures: (a) XRD data collected from MgO films deposited on (0001) GaN at 4x1014

Mg/cm2s, 10-5 Torr O2 at increasing substrate temperatures. (b) Photograph of MgO films deposited
at room temperature using a Mg:O ratio of more than 1 (10-6 Torr O2) and less than 1 (10-7 Torr O2).
(c) XRD patterns comparing MgO films deposited at 200°C, 1014 Mg/cm2, using 10-7 Torr O2 and
10-5 Torr O2.

are at 15% of the melting temperature for MgO (0.15Tm), which is well within the expected

temperature range for Z1 growth (Z2 is expected at >0.3Tm).  Onset of Z2 growth at the relatively

low temperature of 0.15Tm is explained by ionic solid’s unusually fast surface diffusion kinetics (See

Section 2.2 and 2.5.3).

Structural Features of MgO Films Deposited at Low Temperatures:  The crystalline structure of

these porous films deposited at low temperatures and high deposition rates is analyzed by XRD,

with the results presented in Fig. 5.6a.  An XRD evaluation of samples deposited at 10-5 Torr O2

and increasing growth temperatures is shown in Fig. 5.6a.  Evident in this figure is the lack of

significant diffraction intensity for films deposited at 25°C and 100°C compared to the 200°C

deposited sample.  Film thickness cannot explain this lack of intensity as the 25°C and 100°C

deposited samples are at least 25% thicker than the 200°C sample.  Thus, the films deposited at

low temperatures are concluded to contain less crystallinity, i.e. they are primarily amorphous.

Further evidence for their poor crystallinity is that unlike the 200°C sample, which only shows the

111 MgO epitaxial reflection, films deposited at 25°C and 100°C show non-epitaxial reflections for

MgO (200), indicating a polycrystalline structure.  Similar observations of amorphous MgO layers

have been observed when cryogenically deposited Mg layers are post-oxidized and annealed

[128].  Further discussions about the possibility of achieving epitaxial growth at room temperature

are reserved until Section 5.5.4.
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Ability to Deposit Mg / MgO Mixed Phase:  Visually, films deposited at < 200°C using a flux of

4x1014 Mg/cm2s and an O2 pressures of 10-7 Torr are opaque and appear to have a metallic luster

(These samples are plotted with an “X” in Fig. 5.4a and are photographed in Fig. 5.6b).

Considering that the Mg:O flux ratio is >1 under these deposition conditions, partial metal

deposition is plausible (equivalent 1:1 Mg:O flux is labeled with a vertical dotted line in Fig. 5.4).

XRD analysis of these films (Fig 5.6c) reveals their structure to be less crystalline than films

deposited at higher O2 pressures.  However, no diffraction reflections are observed for metallic Mg.

Attempts at transferring these samples ex-situ to conduct XPS characterization were also

unsuccessful in detecting Mg in its metallic state (only the 2+ oxidation state is observed).

However, previous researchers have demonstrated that 7 ML magnesium films that are

subsequently oxidized at 450oC in 2x10-7 Torr pO2 retain some metallic valency and remain

partially amorphous [128].  These findings give credence to concluding that the films deposited

under the above conditions are of mixed Mg / MgO phase with the metallic fraction having an

amorphous structure.  It is significant to note the ability to achieve such structures up to a growth

temperature of 200°C.  At this temperature Mg metal is at 35% of its melting point and should

readily crystallize.  The partial oxidation of these films likely frustrates metallic Mg crystallization.

Self-Correcting Stoichiometry at Elevated Temperatures:  Considering that the Mg:O flux ratio at a

growth pressure of 10-7 Torr is greater than 1, it is important to realize that for deposition

temperatures >250°C, the system is able to self-correct its stoichiometry by re-evaporating excess

Mg.  The precipitous drop in growth rate for films deposited between 200°C and 250°C at the 10-7

Torr O2 isobar indicates activation of the adsorption-controlled growth mode and the ability to self-

correct film stoichiometry.

Fig. 5.7 further quantifies the percentage of Mg and O incorporation in films processed at

these elevated growth temperatures.  For this figure the tooling factor of 1.065 is used to adjust the

4x1014 Mg/cm2s incident flux measured at the QCM to 4.26x1014 Mg/cm2s expected at the

substrate.  Only samples with self-correcting stoichiometry and non-significant fractions of porosity

are included.  Higher O2 growth pressures are also excluded because of the known anomalous

reduction in Mg flux.  Using these constraints, Fig. 5.7a demonstrates that films grown at 200°C

and 250°C (above 10-6 Torr) fully incorporate the incident Mg flux.  This result is significant

because it represents a process regime within which film composition of a co-evaporated alloy

could be completely controlled by the incident Mg flux (assuming the other component also

experiences 100% incorporation).  By 400°C, only 50% of the Mg flux is incorporated at the

maximum growth pressure of 10-5 Torr.
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Fig. 5.7 – Incorporation Rates of Incident Mg and O2 Fluxes into MgO Films Under Varying
Process Conditions:  (a) Incorporation rate of Mg calculated by comparing the inferred flux from
the measured deposition rate to the measured incident Mg flux.  The QCM-manipulator geometric
tooling factor has been used to adjust the incident Mg flux at the growth surface.  (b) O
incorporation rate calculated by comparing the incident O flux to the inferred flux from the
measured deposition rate.  In both cases the inferred flux from deposition rate assumes a fully
dense MgO epilayer (3.587 g/cm3).  Thus, samples that are not fully dense films or have
anomalous Mg decay are excluded from these plots.

The greater than 100% incorporation rate of the O2 flux at low pressures and temperatures

(Fig. 5.7b) is likely caused by the collimated delivery geometry [276].  Through collimation of the

incident O2 flux, the local pO2 at the substrate is higher than at the offset ion gauge.  At pressures

above 10-6 Torr O2, oxygen incorporation rapidly drops below 50%, with only ~3% incorporation for

growth at 400°C.  This low incorporation rate of O2 indicates that within the pressure range of 10-6

to 10-5 Torr oxgyen acts as the “excess” species in the adsorption-controlled growth process while

the Mg flux modulates the growth rate (despite itself still being volatilized).

Anomalous Decay of Mg Flux at Growth Pressures Above 10-5 Torr O2: Similar to growth on

SiO2/Si substrates, MgO growth rate declines at all temperatures as O2 growth pressure increases

above 10-5 Torr.  Interestingly, between 200°C and 350°C, growth pressures are nearly identical at

O2 pressures of 3x10-5 Torr and above, indicating universality in the mechanism for deposition rate

decay.  Further evidence for this is the similarity in the slope of decay at the other isotherms.  Two

mechanisms have been proposed to explain this behavior: (1) oxidation of the metal source inside
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Fig. 5.8 – MgO Deposition Rate with Inert Gas Background:  Plot of MgO deposition rate at a
constant O2 pressure of 1.4x10-6 Torr O2 and increasing amounts of argon overpressure.  The
abscissa plots the total pressure (O2 + Ar partial pressures) during film growth.

the effusion cell, and (2) loss of molecular flow (scattering) due to high chamber pressure.  No

consensus of the dominating mechanism is found in the literature.  To address this quandary a

novel experimental design to test mechanism #2 is proposed.  In this experiment, two gas leak

valves are attached to the MBE source flange.  Molecular oxygen is delivered as usual through one

of the leak valves while the other supplies an argon flux.  The deposition rate for multiple samples

prepared at the same incident O2 flux but increasing amounts of Ar flux is evaluated.  For this

experiment a deposition temperature of 275°C is used.  The challenge encountered is how to set

the initial O2 pressure.  For growth at or above 3x10-5
 Torr, the cryo pump is typically closed and

the system is actively pumped through the loadlock’s turbomolecular pump.  Because this high

pressure regime is the region of interest for this experiment, this pumping strategy has been

employed for all samples in this experiment including those prepared below 3x10-5 Torr.  With the

chamber solely being pumped through the loadlock, O2 is introduced at a pressure of 8x10-6 Torr.

When the sample is then exposed to the Mg flux (4x1014 /cm2s), the O2 pressure drops to a stable

value of 1.4x10-6 Torr.  This value is used as the baseline total pressure in this series of

experiments (Fig. 5.8).  The O2 flow rate is not actively adjusted because this will not be possible

when Ar is introduced.  As Fig. 5.8 demonstrates, the deposition rate (1.6 nm/min) for the sample

prepared at 1.4x10-6 Torr O2 is significantly lower than that expected from Fig. 5.4 (3.5 to

 4.0 nm/min).  This result suggests that the slower pumping speed and lower conductance from

using the turbomolecular pump influences the deposition rate, possibly due to an increase in the

local O2 pressure in the growth regime of the chamber.  When Ar is introduced into the chamber,

deposition rate does decay.  The deposition rate drops by ~34% when argon is used to increase

the total chamber pressure from 3x10-5 to 1x10-4 Torr.  This amount of decrease in the deposition
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rate is similar to that observed when the oxygen is the only species present (~30% drop).  This

result suggests that scattering is a major influence in this pressure regime.  However, oxidation of

the source material cannot be completely ignored.  The observed drop in deposition rate between

1x10-5 and 3x10-5 Torr may simply be caused by metal oxidation resulting from a larger local O2

pressure caused by the transition from cryo-pump to turbo-pump.  Thus, although these results

indicate that scattering does play a role in the anomalous decay in deposition rate, a combinatory

effect between both scattering and source oxidation may also be active.

Summary of Results:  The preceding study represents the most extensive investigation currently

available in the literature concerning the mechanisms and growth behaviors of MgO during MBE

deposition with a molecular oxygen source.  Similar to observations made for homoepitaxial

growth, MBE of MgO films on GaN follow an adsorption-controlled growth process at elevated

temperatures (>250°C).  The critical O2 pressure for growth initiation (10-8 to 10-7 Torr) is consistent

with that previously observed in homoepitaxy (10-7 Torr) [120].  Peak deposition rates at 10-5 Torr

oxygen are also consistent with homoepitaxial data.  This work identifies a constant deposition rate

regime within the process window of 200°C – 250°C and 10-6 – 10-5 Torr O2.  The necessity for

such an extensive investigation into the growth mechanisms of MgO will become evident when this

information is used to engineer novel methods for controlling stoichiometry of rocksalt oxide alloys.

5.2 Crystallography of MgO Epilayers on (0001) GaN

Both the rocksalt and wurtzite crystal structures are close-packed lattices.  The close-

packed planes in wurtzite stack along the [0001] direction (normal to the (0001) surface), while

close-packed planes in the rocksalt lattice stack along the [111] direction (perpendicular to the

{111} planes).  A reasonable expectation is to observe continuity in close-packed plane stacking

across the (0001) GaN / MgO epilayer interface.  The q-2q scan in Fig. 5.9 confirms that the

continuity of close-packed layer stacking is maintained and a (111) MgO || (0001) GaN out-of-plane

epitaxial relationship is established.  Because only reflections from MgO 111 and its multiples are

observed, the film is confirmed to have only <111>-orientation out-of-plane.

To confirm that the film is epitaxial rather than fiber-textured, off-axis reflections must be

examined and found to be discrete rather than continuous.  Before presenting this analysis, it is

instructive to consider the possible in-plane orientations for a (111) rocksalt || (0001) GaN epitaxial

interface.  Fig. 5.10 illustrates two logical possibilities for in-plane orientation.  Orientation #1

perfectly aligns the near coincident site lattice (NCSL) positions for both crystals.  Orientation #2,
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Fig. 5.9 – q-2q Scan of MgO Epilayer on (0001) GaN: XRD scan taken for a MBE deposited MgO
film on (0001) GaN with continuous scanning in w to verify out-of-plane alignment.

Fig. 5.10 – Possible In-Plane Orientations for (111) Rocksalt || (0001) GaN: Drawing of (111)
rocksalt (MgO) lattice planes (blue) overlayed on a c-plane wurtzite (GaN) lattice (green).  Two
orientations are considered.  Orientation #1 places [1`10] MgO || [11`20] GaN while orientation #2
places [1`10] MgO || [10`10] GaN.  The two symmetrically relevant wurtzite planes lying
perpendicular to the c-plane commonly referred to as the m-plane and a-plane are labeled in
orange.  It is useful to mention that families of hexagonal vectors include all permutations of the
first 3 indices and their complete negations.  That is to say, [`1`120] is in the <11`20> family of
vectors but [1010] is NOT in the family of <10`10> vectors.

which occurs via a 30° rotation of the rocksalt lattice along the growth direction, decreases the

number of overlapping sites between NCSL positions.  For this orientation, 3/4 of the rocksalt

atoms sit in interstitial positions while 2/3 of the wurtzite atoms are in interstitial positions.  The

epitaxial strain for these two orientations is similar in magnitude (6.9% for #1 versus 7.4% for #2)

but opposite in direction (#1 places MgO in tension while #2 place MgO in compression).A 360° f-

circle scan of the MgO 200 reflection for a (111) MgO epilayer deposited on (0001) GaN is

presented in Fig. 5.11a.  The out-of-plane reflections are discrete, indicating epitaxial growth of
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Fig. 5.11 – f-Scan and 3D Drawing of the (111) MgO || (0001) GaN In-Plane Epitaxial
Relationship:  (a) Representative 360° f-scan taken from an epitaxial MgO film deposited on
(0001) GaN showing six-fold symmetry in the MgO epilayer. The 200 MgO and 10`10 GaN
reflections are observed to occur at the same f angles. (b) 3D depiction of (111) MgO crystallites
nucleating on a (0001) GaN surface with the in-plane orientation established by the f-scan.  Both
in-plane structural variants are drawn.  Green spheres represent the GaN lattice; red and blue
spheres represent the MgO lattice.  The {100} MgO planes are shown in light blue (parallel with the
200 reflection) and the GaN m-plane is labeled in orange (same zone as the 10`11 reflection) to
help visualize the in-plane alignment established by the f-scan.

crystallites.  200 MgO reflections are observed every 60° rather than the expected 120° for the

3-fold rotational axis along the <111>-direction of the cubic rocksalt crystal structure.  This

observed 6-fold symmetry along the <111>-direction of the MgO epilayer is evidence for two

structural variants with a 60° rotation about the <111>-axis.  This observation is consistent with

Flynn and Eades [53] predictions for two structural variants in system where a 3-fold symmetric 2D

lattice is deposited on a 6-fold symmetric 2D lattice (See Fig. 2.1).  A 3D depiction of these variants

is provided in Fig. 5.11b; a 2D representation was previously shown in Fig. 4.3.  A twin boundary is

expected to separate these two structural variants in the MgO epilayer, increasing the mosaic

structure.  In Section 5.3.1, evidence for 3D nucleation and coalescence of MgO epilayers is

presented.  This growth mode suggests that twin boundaries result from double positioning—that is

the coalescence of two epitaxial MgO nuclei with a 60° rotational offset—rather than internal

growth of a twin boundary within a single nucleation site.

The f-scan in Fig. 5.11a also determines that the MgO 200 reflection and the GaN 10`11

reflection lie along the same in-plane direction (same f angle).  The projection of each of these

plane’s normals onto the c-plane defines the in-plane alignment of the MgO epilayer.  The (10`11)
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Fig. 5.12 – Diagram of Symmetric RHEED Diffraction Directions for a Hexagonal 2D Lattice:
A hexagonal 2D lattice similar to the c-plane of GaN is depicted with green spots.  The lattice
planes and relevant directions that are used to observe symmetric RHEED diffraction patterns on
such surfaces are labeled with dotted lines.  The lattice spacings corresponding to {0001} GaN,
and fully relaxed {111} MgO, and {111} CaO are included for reference.

plane has the same zone-axis, [`1010], as the (10`10) plane (m-plane) as depicted in Fig

5.11b.Thus, the projection of the (10`11) plane’s normal into the c-plane is the same as the

m-plane’s normal, [10`10].  The projection of the (100) plane’s normal into the (111) plane of the

cubic system can be computed with vector math* and is found to lie along the [2`1`1] direction.

Hence, the in-plane alignment can be described as [2`1`1] MgO || [10`10] GaN.

Alternatively, by inspection the MgO (100) plane lies in the same zone as the m-plane.

This alignment corresponds to Orientation #1 in Fig 5.10 (Orientation #2 has the (100) plane in the

same zone as the a-plane). From these drawings, a lower index notation can be used to describe

the in-plane alignment: [1`10] MgO || [11`20] GaN.  The two structural variants in this system are

appropriately described as [1`10] MgO || [11`20] GaN and [1`10] MgO || [`12`10] GaN.  To

                                                  
* Finding the projection of the [100] vector in the (111) plane is found by taking the cross-product of
the vector with the (111) surface normal ( [100] X [111] = [0`11] ) followed by the cross product of
the plane’s normal with the resultant ( [111] X [0`11] = [2`1`1] ).
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Fig. 5.13 – RHEED Diffraction Patterns for MgO Growth on (0001) GaN: RHEED patterns taken
for a GaN surface at 250°C along (a) the <11`20> direction and (b) the <10`10> direction.
Patterns oriented along the same substrate direction for MgO: (c) along GaN <11`20> and (d)
along GaN <10`10>.  To the right are line scans of the intensity profiles of these RHEED image
taken perpendicular to the diffraction streaks.  The abscissa has been converted to reciprocal
space using pattern (a) to calibrate the Ll value.

generalize this in-plane orientation, the notation, which includes all degenerate directions and both

structural variant orientations, is used in the remainder of this text (<1`10> MgO || <11`20> GaN).

The RHEED data collected during MgO epilayer deposition also confirms the <1`10> MgO

|| <11`20> GaN in-plane orientation.  Fig. 5.12 illustrates the two azimuths along which RHEED

patterns show mirror symmetry.  These directions are related by a 30° azimuthal rotation.  The

d-spacing associated with electron beam diffraction along the  <11`20> direction is ~75% larger

than the d-spacing that causes diffraction along the <10`10> direction.  As a consequence, the

difference in diffraction streak spacing should be quite apparent.  This is confirmed in the top two

panels of Fig. 5.13 where the RHEED patterns collected for the GaN surface along each azimuthal

direction are compared.  By keeping the electron beam along a constant azimuthal direction, the in-

plane orientation of the MgO epilayer can be determined.  If  <1`10> MgO || <11`20> GaN growth

occurs then only minor changes in the diffraction streak spacing (due to differences in lattice

parameter) are expected. If the MgO grows <1`10> MgO || <10`10> GaN then an effective 30°

rotation in azimuthal angle is expected, i.e. at a constant azimuthal angle, the RHEED pattern is

expected to change from the <11`20> zone for the GaN substrate to the <01`10> zone for the
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MgO epilayer.  The diffraction patterns in the bottom half of Fig. 5.13 illustrate the former to be the

case, verifying <1`10> MgO || <11`20> GaN growth of epitaxial MgO crystallites on (0001) GaN

surfaces.

The RHEED diffraction patterns for the MgO epilayers shown in Fig. 5.13 are indicative of

3D diffraction from a single crystal material.  No polycrystalline diffraction rings are observed.  The

faint lines between the diffraction streaks in the GaN RHEED patterns are Kikuchi lines, which

develop from diffraction of initially incoherently scattered electrons.  The presence of Kikuchi lines

signifies good crystalline quality.  Less intense Kikuchi lines are often observed for MgO epilayers.

Collected RHEED patterns can also be used to measure the in-plane lattice spacing of the

diffracting surface.  This technique is useful for in-situ monitoring of strain in an epilayer.  To

evaluate the capacity to monitor MgO lattice dimensions, the diffraction patterns in Fig. 5.13 have

been analyzed.  The results in the form of intensity line scans taken perpendicular to the diffraction

streaks are presented to the right of the diffraction patterns.  The spacing between the diffraction

streaks (t) is related to the lattice spacing (d) via:

† 

dt = Ll [Eqn. 5.1]

where L is the distance between the point of beam/sample interaction and the phosphor screen

and l is the electrons’ wavelength.  Both L and l are assumed constant during film deposition and

can be calibrated using the known lattice spacing of the GaN surface.  For example, from Fig. 5.12

the calculated d-spacing for diffracting planes along the [11`20] direction in GaN is 2.76 Å.  The

value of Ll is calibrated using the product of this d-spacing with the measured distance between

the two diffraction streaks (typically measured in pixels).  From this calibrated Ll value, other lattice

spacing values are calculated using their measured diffraction spacing and Eqn. 5.1.  The lattice

spacings reported in Fig. 5.13 for parts b, c, and d have been computed in this way.  The spacing

between diffraction peaks is computed using the midpoint algorithm provided in the kSA 400

software package.  In this study, the MgO epilayers are relatively thick (~10 nm) and expected to

be fully relaxed.  When the measured d-spacing values are compared with the theoretical

d-spacing values calculated in Fig. 5.12 for the GaN lattice and relaxed (111) MgO and (111) CaO

epilayers, all errors are found to be less than 2%.  The largest error is found for the <10`10> GaN

spacing at 1.6%.  Because this value acts as an internal standard, this relatively large variation

indicates that the source of error is likely a change in the distance L during RHEED data collection

due to sample rotation.  To avoid this error, all future investigations relying on RHEED diffraction

spacing analysis are conducted without moving the manipulator.
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5.3 Microstructure of (111) MgO Epilayers Deposited on (0001)
GaN Surfaces

Beyond establishing epitaxial growth in the MgO / GaN system, a study of film

microstructure is also relevant, as this level of material structure is vital to dielectric and insulating

performance.  In the first part of this section, nucleation behavior is considered to gain an

understanding of how the film’s microstructure develops.  In the second section, a high-resolution

scanning electron microscopy investigation is undertaken to investigate film homogeneity and twin

boundary density.  This study also reveal a nano-faceted surface morphology.  Finally, interfacial

structure is probed with scanning transmission electron microscopy, providing further insight into

the strain relaxation mechanism of MgO epilayers on (0001) GaN.

5.3.1 MgO Nucleation on (0001) GaN

RHEED patterns presented in previous sections of this chapter showing MgO depsosition

on (0001) GaN surfaces have suggested a rapid change from diffraction streaks to diffraction spots

upon initiation of MgO growth.  Fig. 5.14 presents a more complete examination of RHEED pattern

evolution during MgO epilayer deposition on (0001) GaN.   As discussed in Section 1.2.3,

diffraction streaks indicate a smooth surface with finite coherence length while diffraction spots

indicate a transmission diffraction pattern caused by a three-dimensional surface structure. The

RHEED investigation in Fig. 5.14 reveals that the MgO epilayer diffraction pattern becomes “spotty”

within the first nanometer of deposition (ca. 2 to 3 Mg-O bilayers).  The nearly immediate

emergence of diffraction spots upon MgO deposition indicates a 3-dimensional nucleation process.

Close inspection of Fig. 5.14b indicates concurrent diffraction streaks from the smooth GaN surface

and the emergence of diffuse diffraction spots from the MgO nuclei.  The spots have a greater

separation than the diffraction streaks, consistent with the smaller lattice parameter of MgO.  This

pattern is interpreted as uncoalesced, relaxed 3D MgO crystals nucleating on the (0001) GaN

surface (similar to Fig. 2.8c).  It is prudent to emphasize that by visual inspection of the 0.25 nm

(~1.5 Mg-O bilayers) RHEED diffraction pattern, MgO nuclei appear relaxed on the GaN surface.

A full characterization of their lattice spacing is presented in Chapter 6 (Section 6.2.2) and reveals

full relaxation within the first nanometer of growth.

The observation of three-dimensional nucleation is consistent with the growth mode

expected for this system.  Because the (111) MgO growth plane is a polar surface, its surface

potential is expected to infinitely increase with film thickness, assuming no active compensating

mechanism (See Section 2.3).  According to classical theories of film growth (Section 2.1.2), a

large epilayer surface energy energetically favors Volmer-Weber growth (island growth).  Beside
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Fig. 5.14 – RHEED Investigation of the Growth Mode of (111) MgO on (0001) GaN:  RHEED
patterns taken along the <11`20> direction of the (0001) GaN substrate during MgO deposition.
MgO is deposited at 0.4 nm/min (350°C, 5x1013 Mg/cm2s, 3x10-6 Torr O2).  (a) GaN surface at
350°C prior to deposition; (b) 0.25 nm MgO; (c) 0.5 nm MgO; (d) 1 nm MgO; (e) 1.5 nm MgO; (f) 2
nm MgO; (g) 10 nm MgO.

island roughening, additional three-dimensional structure may emerge due to surface faceting

along low energy planes as a mechanism to advert the polar catastrophe of the (111) MgO growth

surface.  A recent XPS analysis of the MgO growth mode on (001) GaN also suggests Volmer-

Weber growth.  This work finds that complete coalescence does not occur until an MgO thickness

of 12 to 15 nm [280].

To further investigate nucleation in the MgO / GaN system, the nucleation behavior of a 10

nm MgO film prepared on (0001) GaN is imaged with atomic force microscopy.  Because island

coalescence occurs ~12 nm  [280], this MgO epilayer should be fully nucleated and near

coalescence.  AFM images from this experiment are shown in Fig. 5.15.  Consistent with high-

quality MOCVD grown GaN epilayers, the Ga-face polarity GaN surface shows a spiraled step-and-

terrace morphology (Fig. 5.15a) with sub-nanometer surface roughness.  The MgO nuclei imaged

in Fig 5.15b populate the entire surface, as expected at this film thickness.  The MgO crystallites

appear to nucleate along the step edges of the GaN growth spirals.  Nuclei near the GaN step
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Fig. 5.15 – AFM Investigation of MgO Nucleation Behavior on (0001) GaN: Atomic force
microscopy images taken from (a) a bare (0001) GaN surface and (b) a 10 nm MgO epilayer grown
on the (0001) GaN surface by molecular beam epitaxy.

edges appear brighter (taller) indicating preferential nucleation at these sites.  This preferential

nucleation at step edges is consistent with epitaxial ionic solids favoring incorporation at surface

defect sites (See Sections 2.2.2 and 2.5.3).

5.3.2 Ultra-High Resolution Scanning Electron Microscopy Investigation of
MgO Epilayer Microstructure

The microstructure of MgO epilayers is investigated with a Hitachi S-5500 ultra-high

resolution scanning electron microscope.  This microscope’s combination of a cold field-emission

electron gun (single-crystal tungsten filament) and immersion-lens permits resolution on the order

of 1.6 nm when operating in secondary electron imaging mode at a beam voltage of 1 kV.  Images

in this experiment are collected at 5 kV using a beam current of 10 mA.  The MgO film investigated

is deposited at 300°C, 4x1014 Mg/cm2s, and 4x10-6 Torr O2 on n-type GaN to reduce sample

charging.

Survey scans of the MgO epilayer surface structure and cross-sectional morphology are

presented in Fig. 5.16.  These images reveal a homogeneous and dense microstructure, which is

favorable for dielectric and insulating performance.  Although film growth occurs by a Volmer-

Weber mechanism, 3D nuclei appear to fully coalesce into a dense microstructure throughout the

film thickness. The surface structure exhibits a random pattern of serpentine lines resembling
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Fig. 5.16 – Survey SEM Images of (111) MgO Epilayers on (0001) GaN: (a) Plan view SEM
image of (111) MgO || (0001) GaN; (b) the same film in cross-section.

cooked spaghetti.  These serpentine lines are likely the double positioning twin boundaries

between regions of 60° rotated structural variants.  These twin boundaries appear to form a dense,

circuitous network laterally across the entire film.

A more detailed examination of the MgO epilayer structure is shown in Fig. 5.17.

Immediately evident in these figures is the nano-faceting occurring on the surface.  These facets

have a 3-faced pyramidal geometry (triangular base).  This habit is consistent with that expected

for faceting along the {100} planes of a {111} MgO polar surface.  Previous research on bulk

crystals, though, has demonstrated that 3-faced pyramidal facets observed on single crystal

surfaces are actually high-index {332} type planes [85, 94] (See Section 2.3.2).  The facets on

these surfaces, which are significantly larger in sizes than those observed here, (~2 mm sized

pyramids versus 20 nm sized pyramids), have been attributed to etching pits caused during surface

preparation.  Epitaxial growth certainly provides a substantially different environment for facet

formation, and a reasonable argument can be made that the fast surface diffusion kinetics during
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Fig. 5.17 – High-Magnification SEM Investigation of (111) MgO Epilayers on (0001) GaN: SEM
micrographs showing (a) a plan-view image of the (111) MgO surface, (b) a cross-sectional view of
the MgO epilayer, and (c) a high-magnification investigation of the twin boundary structure.  The
inset of (c) shows a region where two twin boundaries are separated by less than 25 nm.  Note that
this image was originally collected at a magnification of 1,000,000x (!).

MBE growth facilitates formation of low energy {100} facets (See Section 2.3.3).  However, a

critical investigation of angle between facet surface and growth surface is necessary to properly

index the facet plane.

The spatial segregation of structural variants in the MgO epilayer ([1`10] MgO ||

[11`20] GaN versus [1`10] MgO || [`12`10] GaN) can be visualized by observing the orientation of

the pyramidal nano-facets in the plan-view images of Fig. 5.17.  The observed “ridgelines” in these

images correspond to the serpentine pattern observed in Fig. 5.16 and are believed to be the

double positioning twin boundaries formed upon coalescence of two epitaxial crystallites with

opposing variant symmetry.  Close inspection of the pyramidal nano-facet populations on either

side of these ridgelines reveals a rotational misorientation that corresponds to a 60° rotation about

the surface normal.  This 60° rotation is consistent with the orientation relationship established by

XRD between the two structural variant populations.  Thus, these ridgelines are concluded to

represent the twin boundaries of the MgO epilayer.  The lateral spacing between these twin
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Fig. 5.18 – Comparison of AFM and SEM Images of (111) MgO Epilayers on (0001) GaN:
Comparison of feature resolution for AFM and SEM images of (111) MgO || (0001) GaN scaled to
equivalent magnifications (a) ~15,000x; (b) ~45,000x.  The original AFM scan size and original
SEM imaging magnification are included as reference.

boundaries is approximately 50 to 300 nm and corresponds well with the lateral spacing of the

vertical lines observed to run through the film thickness in the cross-sectional image of Fig. 5.17b.

Thus, these vertical lines in the cross-sectional image are also identified as twin boundaries.  From

the cross-sectional micrograph, these twin boundaries are observed to extend nearly perpendicular

to the growth surface and through the entirety of the film thickness.  Fracture planes are also visible

in this image and give some representation of the crystallite in-plane orientation.  However, a

complete interpretation is not possible because the sample is fractured along an arbitrary

crystallographic direction.

AFM and SEM images collected from the surfaces of MgO epilayers on (0001) GaN and

scaled to similar magnifications are presented in Fig. 5.18.  This side-by-side comparison illustrates

that both techniques image a similar serpentine pattern on the MgO epilayer surface.  Using higher

magnification SEM imaging, these serpentine lines are identified as twin boundaries.  Similar

verification of this twin structure with AFM is not possible due to lack of lateral resolution. The

1 x 1 mm AFM image in Fig 5.18b represents the highest practical resolution possible with the

AFM / probe tip combination used in this thesis.  A 1 mm scan collected at a rate of 256 bits per line
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provides a sampling resolution of ~4 nm.  Because the scan probe tip is rated to have an average

radius of ~5 nm, further increases in sampling rate would only produce hollow magnification.  The

lateral features of the nano-faceted structure are barely resolved at this magnification in the SEM

image, while the AFM is only capable of resolving the ridgeline widths (~25 nm).  This resolution for

the AFM is consistent with the general rule of only being able to image lateral features with sizes

greater than the probe diameter (~10 nm).  A specialized AFM tip with a smaller radius and larger

aspect ratio (e.g. nanotube) is likely necessary to image the nano-facets on the MgO surface.

Compared to SEM, the height profile of an AFM image is directly interpretable and

provides excellent resolution (~0.1 nm).  Previous interpretation of the serpentine pattern as being

larger (taller) crystallites that originally nucleate at the step edges may still be valid.  If this

hypothesis is correct, it suggests that the twin boundary structure of the MgO epilayer may be

correlated to the step-edges of the GaN surface.

5.3.3 STEM Investigation of the (111) MgO || (0001) GaN Interface

In collaboration with colleagues at Cornell [281], a high-resolution scanning transmission

electron microscopy investigation has been conducted to study the (111) MgO || (0001) GaN

interfacial structure.  Images are collected in Z-contrast mode with an annular dark field detector.

The STEM images shown in Fig. 5.19 reveal a chemically abrupt interface between the GaN

substrate and MgO epilayer (evident because of the stark Z-contrast between substrate and film).

No amorphous reaction layer is observed and both materials appear to be fully crystalline up to the

interface.  An EELS investigation (not shown) across this interface verifies its chemical abruptness.

An inability to concurrently collect Mg and O or Ga and N edges precludes a direct determination of

the interfacial bonding chemistry.

An examination of the lattice plane spacing in the high-resolution image of the MgO / GaN

interface allows evaluation of the MgO lattice misfit with the substrate and the epilayer strain state.

Fig. 5.20 labels the atomic planes for both the GaN substrate and MgO epilayer at this interface.

Using the locations where the MgO and GaN lattices perfectly align, the periodicity between these

two sets of atomic planes (labeled in red) is measured to be 4.79 nm.  Within this spacing, 16 MgO

planes and 15 GaN planes are counted.  The theoretical atomic spacing along the <11`20>

direction of GaN (ds) is 0.3189 nm and along the <1`10> direction of MgO (df) is 0.2979 nm.

Dividing these spacings into the observed periodicity distance of 4.79 nm gives values of 15.0 GaN

atomic planes and 16.1 MgO atomic planes.  Because these values are in agreement with the

number of planes counted in this image, it suggests that the MgO epilayer is nearly fully relaxed.

Using the fundamental relationship for domain matching epitaxy (DME) [282]:
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Fig. 5.19 – High Resolution Z-contrast Annular Dark Field STEM Images of (111) MgO ||
(0001) GaN Interface: (a) Low magnification image; (b) higher magnification image.  Images
courtesy of Lena Fitting Kourkoutis and Dave Muller [281].

Fig. 5.20 – High-Resolution STEM Image of (111) MgO || (0001) GaN Interface with Atomic
Planes Labeled: Same STEM image as Fig. 5.19b but with the atomic plane periodicity of the
MgO and GaN lattices labeled with yellow and green lines respectively.  The dotted red lines
indicate the period for overlap between the two lattices [281].
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† 

er =
md f

nds

-1, [Eqn. 5.2]

where m and n are integers representing the number of correlated lattice planes in the film and

substrate respectively, a residual tensile strain (er) of 0.36% is computed for the observed m/n ratio

of 16/15.  Theoretically, zero strain via DME is achieved through a mixture of 16/15 (0.36% tensile)

and 15/14 (0.09% compressive) m/n lattice plane ratios.  This number of lattice spacings is rather

large for DME (typical m/n ratios of 1/2 to 6/7 are observed) and the correlation of strain relief over

such dimensions (~ 8 unit cells) as the driving mechanism for epitaxy is perhaps not an

incontestable conclusion.  However, this additional mechanism for strain relief adds to the

understanding of how this material is capable of fully relaxing its strain within the first few

monolayers.  RHEED data suggests that relaxation occurs “almost immediately” upon nucleation.

This high-resolution STEM investigation reveals full relaxation occurs within the initial monolayer.

This phenomenon is observable by inspecting the points along the interface halfway between

locations where the MgO and GaN lattice planes align (middle point between the two red dotted

lines in Fig. 5.20, but more easily visible without the lattice plane labeling in Fig. 5.19b).  At these

points, the first atomic layer of the MgO epilayer becomes diffuse, indicating disorder.  This

disorder is likely associated with the MgO layer sitting at incoherent interface states.  The misfit

strain between epilayer and substrate is relieved within this region.  Sharp atomic contrast

immediately returns for lattice sites imaged along the second atomic layer situated directly above

this disordered region, indicating MgO’s ability to completely relieve the misfit strain within a single

atomic layer.

5.4 Influence of GaN Structure on MgO Epilayer Crystal Quality

Molecular beam epitaxy is typically conducted on single crystal substrates that are often

polished or cleaved to achieve surfaces with atomic-level roughness.  Little consideration is usually

given to variations in surface and crystalline quality of such substrates.  The GaN surfaces used as

epitaxial templates in this thesis are epitaxial layers themselves grown by MOCVD on single crystal

sapphire wafers.  As mentioned previously, variations in crystal quality and surface structure are

expected between GaN samples and even across the surface of a single sample.  The mosaic

structure of the GaN film will certainly impact the crystal quality of an epitaxially deposited oxide

layer.  To investigate this influence, GaN films of varying quality are prepared, and MgO films are

grown on these surfaces under identical process conditions (250°C, 5x1013 Mg/cm2s,  10-6 Torr O2).

Three GaN films are examined in this experiment: two Ga-polar samples of varying crystal

quality and a N-polar sample.  The AlN buffer layer thickness is used to control the structure of
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these GaN films.  A “high-quality” (HQ) Ga-face polarity GaN sample is prepared using an optimal

buffer layer thickness of ~15 nm.  To achieve a “low-quality” sample, the buffer layer thickness is

doubled.  A comparison of in-plane and out-of-plane rocking curve values for these two GaN films

is given in Table 5.2.  Based on rocking curve peak widths, the LQ GaN film has 1 to 2 orders of

magnitude higher dislocation density than the HQ GaN sample. A third GaN sample with N-face

polarity is prepared by omitting the AlN buffer layer.  The microstructure of this film varies

significantly from the other two samples, having ~50x higher surface roughness.  This type of

microstructure is representative of N-polar GaN films grown by MOCVD on sapphire substrates

and is therefore of relevance to investigate.

Table 5.2 – Mosaic Structure of High-Quality (HQ) versus Low-Quality (LQ) GaN: Comparison
of w-circle rocking curve widths for GaN films prepared on a 15 nm AlN buffer layer (HQ) and a 30
nm AlN buffer layer (LQ).  Dislocation densities are approximated based upon [263].

FWHM in w
of GaN 002

FWHM in w
of GaN 302

Approx. Screw
Disloc. Density

Approx. Edge
Disloc. Density

HQ GaN 0.094° 0.42° 5x107 /cm2 1x1010 /cm2

LQ GaN 0.216° 1.0° 5x108 /cm2 7x1011 /cm2

To evaluate the crystalline quality of MgO epilayers, rocking curves are collected in w- and

f-circles for the 111 and 200 reflections respectively.  Table 5.3 compares the rocking curve peak

widths for MgO films deposited on the HQ and LQ Ga-polar GaN samples.  This analysis verifies

that MgO crystal quality is correlated to GaN mosaicity.  Larger peak widths are observed for MgO

films prepared on LQ GaN compared to HQ GaN.  This result confirms that the GaN substrate must

be considered when evaluating crystalline quality of oxide epilayers.

An atomic force microscopy investigation of the surface structure for both the GaN growth

surface and corresponding MgO film is presented in Fig. 5.21.  The HQ GaN sample exhibits the

usual spiraled terrace-and-step morphology commonly observed in GaN films used for

Table 5.3 – Mosaic Structure of MgO Films Deposited on HQ and LQ GaN:  Comparison of w-
and f-circle rocking curves for MgO epilayers deposited on HQ and LQ GaN  surfaces.

FWHM Circle MgO || HQ GaN MgO || LQ GaN

2q 111 0.28° 0.26°

w 111 0.58° 0.67°

f 200 1.34° 1.92°
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Fig. 5.21 –  Surface Structure of Different GaN Surfaces and Corresponding Heteroepitaxial
MgO Films:  Atomic force microscopy images (3 mm x 3 mm) showing the variation in morphology
of various GaN surfaces and the epitaxial MgO films grown on them.  (a) Standard high-quality Ga-
face polarity GaN surface with (b) 100 nm MgO film, (c) low quality GaN with (d) 100 nm MgO film;
(e) N-polar GaN surface with (f) 100 nm MgO film; (g) comparison of RMS surface roughness
(5 x 5 mm2) for each of the GaN surfaces; (h) comparison of RMS surface roughness (2 x 2 mm2) for
MgO films grown on each of the GaN surfaces; (i) comparison of lateral crystallite dimensions for
MgO films grown on each of the GaN surfaces.

Fig. 5.22 – RHEED Patterns for MgO Epilayers Grown on GaN of Varying Crystal Quality:
RHEED patterns collected along the <11`20> azimuth of the GaN substrate for (a) HQ GaN
surface; (b) 10 nm MgO epilayer on HQ GaN; (c) LQ GaN surface; (d) 10 nm mgO epilayer on LQ
GaN surface; (e) N-polar GaN surface; (e) 10 nm MgO film on N-polar GaN.



120

Fig. 5.23 – XRD of MgO Film Grown on (000`1) GaN: Diffractograph taken with XRD area
detector and intensity line scan revealing both (111) epitaxial and (100) fiber textured MgO
crystallites on a N-polar GaN surface.

microelectronic device applications.  A sub-grain microstructure is observed for the LQ GaN film.

This structure is attributed to the high density of threading dislocations causing pinning of lateral

growth fronts.  The pin-holes observed in this image are likely threading dislocation cores that act

to impede lateral growth.  Both of these samples have RMS surface roughness values below 1 nm.

In comparison, the N-polar GaN sample exhibits a completely different surface morphology with an

RMS roughness of 38 nm.  The microstructures of MgO films deposited on the Ga-polar surfaces

are similar.  Crystallite size is invariant (~50 nm on each substrate) while the surface roughness is

~70% larger for the film deposited on the HQ GaN substrate.  MgO films prepared on N-face

polarity GaN exhibit crystallites with significantly larger lateral dimension (~125 nm) and

considerable greater (~10x) surface roughness.

Fig. 5.22 shows RHEED patterns for each of the GaN surfaces and the corresponding

MgO epilayers collected along the <11`20> azimuth.  The extremely rough surface of the N-polar

GaN sample causes the diffraction streaks to separate into spots.  Upon MgO growth, the usual

transmission diffraction patterns are observed.  MgO layers grown on both the HQ and LQ Ga-

polar substrates show diffraction spots with Kikuchi lines between them, indicating an epitaxial film.

The broader spots observed for the MgO epilayer on LQ GaN suggest more mosaic structure.

Most evident from this figure is the emergence of diffraction rings for MgO films deposited on the N-

polar GaN surface.  These diffraction rings indicate the nucleation of non-epitaixal material. The

XRD pattern shown in Fig. 5.23 verifies that this film contains a significant fraction of polycrystalline

material.  A RHEED investigation of Mg adsorption on the N-polar surface showed no difference
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from the Ga-polar surface.  Thus, no polycrystalline reaction layer is expected at the MgO / (000`1)

GaN interface.  The observed polycrystalline phase must nucleate during growth.  The observed

difference in film microstructure for MgO films deposited on N-polar GaN (125 nm vs 50 nm

crystallite size) is likely a result of this polycrystalline phase.  Unfortunately, a direct correlation

between the observed changes in MgO structure and the difference in surface energy for N-polar

versus Ga-polar surfaces cannot be made because of the large (~50x) difference in initial surface

roughness of the GaN templates.  A further discussion on the effects of substrate polarity on MgO

epilayer structure is reserved until Section 5.6 where growth on smooth N-polar surfaces is

examined.

5.5 XRD and Microstructural Investigations of MgO Epilayers on

(0001) GaN as a Function of Growth Parameters

The previous section demonstrated that the structure of MgO epilayers varies significantly

with the quality and surface structure of the GaN substrate.  This section explores the relationship

between MgO epilayer structure and MBE deposition parameters.  To make accurate comparisons,

any series of samples presented together have been prepared on pieces from the same GaN

wafer.  These wafers have properties most similar to the “HQ GaN” discussed in the previous

section.  As a caveat, though, GaN quality is known to vary across the diameter of a wafer, making

it impossible to completely eliminate its influence on MgO crystal quality.

5.5.1 Considerations for XRD Evaluation of Oxide Epilayer Crystal Quality

In the following section and throughout the remainder of this thesis, the “crystal quality” of

oxide epilayers is investigated using the peak widths of XRD rocking curves taken both out-of-

plane (w-circle) and in-plane (f-circle).  In general, heteroepitaxial films with large lattice misfits to

the substrate have networks of dislocations that define a sub-grain structure, referred to as the

film’s mosaicity.  The portion of this mosaic structure that causes crystallites to “tilt” out-of-plane

can be evaluated using an w-circle rocking curve taken symmetrically about the surface normal.

The amount of in-plane “twist” can be evaluated taking a similar rocking curve within the plane of

the film / substrate interface (f-circle).  Collecting such in-plane rocking curves by XRD is

impractical for thin film geometries.  Instead the f-circle rocking curve of the 200 reflection, which is

54.7° from the surface normal is selected for evaluation of the crystallite twist.  Because this is not

a completely in-plane reflection, the f-circle rocking curve width is a convolution of the tilt and twist

mosaicity [283].  Still, direct comparisons of these rocking curve widths provide the ability to

observe trends in crystal quality.
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Fig. 5.24 – Evaluation of the Optics Resolution for the Bruker AXS D-5000 Diffractometer:
FWHM values found for both q-2q scans (blue) and w-circle rocking curves (red) for the 111
reflection of a <111>-oriented silicon wafer using different aperature widths on the Bruker
diffractometer.

The Bruker AXS D-5000 diffractometer has been used for these investigations into epilayer

crystal quality.  Admittedly the optics of this diffractometer are insufficient for quantifying the mosaic

structure.  However, the lack of diffracted intensity from these films due to their low atomic number,

thin geometry, and relatively poor quality (as compared to semiconductor epilayers) makes the use

of higher resolution optics impractical because of the long detection times necessary to achieve

sufficient signal to noise.  Despite these relatively low-resolution optics, the collected data is still

expected to be sufficient to demonstrate trends in crystal quality.  To determine the limit of

resolution, data has been collected from a single crystal <111> silicon wafer at varying collimator

aperture dimensions on the Bruker diffractometer.  A plot showing the FWHM for peaks in q-2q

scans and w-circle rocking curves of the 111 reflection are given in Fig. 5.24.  For most of the

analyses conducted in this thesis, a 0.8 mm aperture has been used; variations from this standard

are noted in the text.

5.5.2 Effect of Deposition Rate on MgO Epilayer Crystal Quality

As discussed in Section 5.1.3, the deposition rate of MgO can depend on three variables

(Mg flux, O2 growth pressure and substrate temperature).  Because the oxygen growth pressure

and substrate temperature may influence growth mechanisms, Mg flux is used to prepare a series

of samples with systematically changing deposition rates to study the impact of growth rate on

epitaxial crystal quality.  This series of samples is prepared using Mg fluxes ranging from 3x1013 to

4x1014 atoms/cm2s at a constant temperature of 350°C and growth pressure of 10-5 Torr O2.  All
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Fig. 5.25 – Investigation of MgO Deposition Rate on Epilayer Quality: (a) Plot of MgO
deposition rate as a function of incident Mg flux, including the ratio of measured deposition rate to
QCM monitored deposition rate (QCM Conversion Factor); (b) FWHM of w-circle rocking curve of
111 MgO reflection and (c) FWHM of f-circle rocking curve for 200 MgO reflection for samples
prepared at varying deposition rates.

films are grown to a thickness of 75 to 100 nm.  Fig. 5.25a confirms that deposition rate varies

linearly with Mg flux matching the dependency observed for homoepitaxial growth [120].  The

conversion factor between QCM monitored mass accumulation and measured film thickness is

relatively constant (~0.78), validating its utility for accurately tracking deposition rate at a fixed

temperature and O2 growth pressure.

The deposition rate at 3x1013 atoms/cm2s is only 0.16 nm/min or about or ~0.01 ML/s.  This

deposition rate is not only impractical for growing films thick enough to characterize by XRD (It took

7.5 hrs to reach a thickness of ~75 nm.) but impurity incorporation become a factor considering the

background pressure prior to growth is ~10-8 Torr, which creates an incident flux of ~0.01 ML/s.

Thus, an evaluation of deposition rate’s effect on crystal quality is important for ascertaining the

maximum rate allowable to avoid deterioration of epilayer quality.  Figs. 5.25b and 5.25c plot the

peak widths for rocking curves taken in w- and f-circle respectively.  Mosaicity causing crystallite

tilt increases above ~1 nm/min while crystallite twist increases above deposition rates of ~0.5

nm/min.  The FWHM values saturate to ~0.43° in w and ~1° in f for lower deposition rates.  In the

next section where the effects of deposition temperature and O2 growth pressure are examined,

deposition rates in the range of 0.5 nm/min to 1 nm/min (~5x1013 atoms/cm2) are selected to

provide reasonable growth rates while maintaining optimal crystal quality.
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5.5.3 Effect of Growth Temperature and O2 Pressure on MgO Epilayer Crystal

Quality and Microstructure

A matrix of MgO samples is prepared at varying oxygen growth pressures and substrate

temperatures to determine the impact on film epitaxy.  All films are prepared at an intermediate Mg

flux (5x1013 atoms/cm2s) to achieve both a reasonable growth rate (0.4 – 0.9 nm/min) and fair

crystal quality (See Section 5.5.2).  All films have a thickness between 75 nm and 100 nm.  The

rocking curve widths in three circles for these films are plotted in Fig. 5.26.  As expected for films of

similar thickness, q-2q peak widths are relatively invariant.  Rocking curve widths in both the w-

circle and f-circle narrow with increasing growth temperature, indicating a reduced mosaic

structure.  This improvement is particularly significant in the f-circle where the FWHM is reduced

by more than 50% when temperature is raised from 200°C to 350°C.  The w-circle rocking curve

widths also suggest some improvement in mosaic structure at reduced O2 growth pressures.  This

observation may be related to the slower growth rate expected at these oxygen pressures.

A scanning transmission electron microscopy (STEM) investigation carried out by

colleagues at Cornell [281] for MgO films prepared at the two temperature extremes (200°C and

350°C) is presented in Fig. 5.27.  These low-angle annular dark field images show strain contrast

in the MgO epilayers.  Films deposited at 200°C have a more complex subgrain structure than

epilayers deposited at 350°C.  The more defective crystalline structure observed for the 200°C

sample is consistent with the greater mosaic structure concluded from the XRD analysis.  From

these images a lateral coherency dimension of 50 to 100 nm in the 350°C deposited epilayer and 5

to 10 nm in the 200°C deposited epilayer is observed.  AFM images of the surface structure for

films prepared at varying substrate temperatures are presented in Fig. 5.28.  Considering the prior

Fig. 5.26 – XRD Evaluation of MgO Epilayer Crystal Quality as a Function of Deposition
Temperature and Oxygen Growth Pressure: Plots of the FWHM of peak widths for (a) the q-2q
scan of the 111 MgO reflection; (b) the w-circle rocking curve of the 111 MgO reflection; (c) the f-
circle rocking curve of the 200 MgO reflection.  Scans collected with a 0.5 mm aperture.
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Fig. 5.27 – Cross-Sectional STEM Images of (111) MgO Epilayers on (0001) GaN: STEM
images taken in strain contrast mode comparing the structure of (a & b) MgO epilayers deposited
at 200°C on (0001) GaN versus (c & d) MgO epilayers deposited at 350°C on (0001) GaN [281].

Fig. 5.28 – AFM Determined Surface Structure of MgO Epilayers Deposited at Varying
Temperatures: 1.5 x 1.5 mm AFM images taken in tapping mode of MgO epilayers deposited on
(0001) GaN surfaces at (a) 200°C, (b) 250°C, (c) 300°C and (d) 350°C; (e) plots the RMS surface
roughness for each epilayer; (f) plots the average lateral dimension of the crystallites.
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discussion on AFM lateral resolution, the observed crystallite dimensions may not accurately reflect

true crystallite size.  However, the general trend of increasing lateral crystal dimension with

increasing growth temperature is consistent with the STEM data.  Surface roughness also

increases with growth temperature.  At 200°C, the surface roughness (1.1 nm RMS) is ~50%

higher than the bare GaN substrate (~0.7 nm RMS) while at 350°C the surface roughness

increases to 2.3 nm RMS.

5.5.4 Room Temperature MgO Epitaxy on (0001) GaN

Previous researchers have demonstrated that highly ionic crystals like MgO can be grown

epitaxially at cryogenic temperatures [62, 77, 79].  The high surface mobility and large affinity for

ledge binding allow this phenomenon—the same characteristics that facilitate metastable alloy

formation in these crystals.  For this latter reason, it is interesting to examine if MgO films will

deposit epitaxially at low temperatures on GaN.  Because equipment limitations preclude cryogenic

growth, room temperature epitaxy is explored.  Fig. 5.29 shows an XRD investigation of MgO films

deposited at room temperature on (0001) GaN surfaces.  Two films prepared with varying

deposition rates as determined by the incident Mg flux are compared.  The film deposited at a high

deposition rate (~7 nm/min using a flux of 4x1014 Mg/cm2s) shows polycrystalline MgO diffraction

rings.  The film deposited at a lower deposition rate (~1 nm/min, 6x1013 Mg/cm2s) appears fully

epitaxial.  A f-scan of the 200 reflection for this film is presented in Fig. 5.29c.  This scan verifies

that the film is not fiber-textured but rather epitaxial with the same crystallographic relationship and

twinned structure found for films deposited at elevated temperatures.

Fig. 5.29 – MgO Films Deposited at Room Temperature on (0001) GaN: Diffractographs
comparing the difference in film structure for MgO layers deposited at room temperature using (a) a
high Mg flux (4x1014 Mg/cm2s) and (b) a low Mg flux (6x1013 Mg/cm2s); (c) shows a f-scan of the
MgO 200 reflection and its alignment with the 10`11 reflection of GaN.
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5.6 MgO Epitaxy on Smooth N-Polar GaN

Recent advancements in the MOCVD preparation of N-polar GaN epilayers on sapphire

have dramatically improved homogeneity of the film morphology [169, 284].  By using a mis-cut

sapphire wafer, step-flow growth becomes possible.  This growth mode maintains surface

roughness at ~1 nm RMS, which is comparable to Ga-polar films.  In this series of experiments,

MgO epilayers are deposited on both a smooth N-polar surface and a standard Ga-polar surface.

The N-polar GaN film is prepared on c-plane sapphire wafer with a mis-cut of 2° along the m-plane.

The HQ GaN film from Section 5.4 is used as the Ga-polar substrate; it was prepared on a nominal

sapphire wafer.  Both GaN surfaces undergo the standard chemical treatment prior to entering

vacuum (1:1 HCl:H2O for 1 min followed by 1:99 HF:H2O for 1 min).  Fig. 5.30 verifies that no

significant changes occur to the surface morphology of the N-polar film upon chemical treatment.

The observed pin-holes are present before and after etching with no noticeable change in shape or

size.  The RMS roughness data suggests that surfaces may become smoother upon acid

treatment.  Prior to deposition, surfaces are heated to 500°C for ~10 min in vacuum.  MgO films are

then deposited at 300°C using a Mg flux of 4x1014 Mg/cm2s and an oxygen growth pressure of

4x10-6 Torr (deposition rate ~3.5 nm/min).

Fig. 5.30 – AFM Investigation of N-Polar GaN Surface Morphology: (a) N-polar GaN epilayer
prepared on a nominal sapphire wafer; (b) N-polar GaN epilayer prepared on a sapphire wafer mis-
cut 2° along the m-plane.  Note the difference in height scale.  (c) N-polar GaN surface as received
after MOCVD deposition; (d) the same surface after cleaning in 1:1 HCl:H2O for 1 min followed by
1:99 HF:H2O for 1 min.
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5.6.1 Characterization of (111) MgO || (000`1) GaN Epitaxial Crystal Structure

Fig. 5.31 presents an XRD investigation into the MgO || (000`1) GaN crystalline structure.

The q-2q scan in part (a) indicates predominantly (111) MgO epitaxy with a small fraction of

polycrystalline phase.  The inset of this figure shows that no polycrystalline phase is observed for

MgO films prepared under identical conditions on a Ga-polar surface.  The volume fraction of

polycrystalline nuclei is small and near the detection limit of the diffractometer.  As a first-order

approximation of the volume fraction of polycrystalline phase, the ratio of the maximum intensities

for the 200 : 111 reflections is computed and found to be ~0.01.  Thus, epitaxial (111) MgO

account for 99% of the film volume.

The f-scan in Fig 5.31b confirms the epitaxial nature of the MgO layer and reveals that the

epilayer has the same in-plane orientation as films deposited on Ga-polar substrates, <1`10> MgO

Fig. 5.31 – XRD Analysis of MgO Films on (000`1) GaN: (a) q-2q scan of MgO epilayer grown on
N-polar GaN.  Inset shows q-2q scan of film grown under identical conditions on HQ Ga-polar GaN;
(b) f-scan of the 200 reflection of MgO and 10`11 reflection of GaN verifying the <1`10> MgO ||
<11`20> in-plane epitaxial relationship and the presence of a 60° rotated structural variant in the
epilayer.

Table 5.4 – Crystal Quality for MgO Epilayers Prepared on (000`1) GaN and (0001) GaN:
FWHM of 111 reflection in q-2q scan, 111 w-circle rocking curve, and 200 f-circle rocking curve for
MgO epilayers deposited on N-polar and Ga-polar GaN.

FWHM Circle MgO || (000`1) GaN MgO || (0001) GaN

2q 111 0.33° 0.31°

w 111 0.73° 0.61°

f 200 2.23° 1.43°
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|| <11`20> GaN.  RHEED patterns collected during MgO deposition (shown in Fig. 5.32)

corroborate this in-plane orientation.  The intensity oscillations along the diffraction streaks for the

bare N-polar GaN RHEED pattern suggest surface roughness, possibly due to the step-and-terrace

morphology of the mis-cut crystal.  Table 5.4 compares the rocking curve widths for epilayers

prepared on the two different polarity substrates.  Unsurprisingly, the MgO epilayer on N-polar GaN

Fig. 5.32 – RHEED Patterns Comparing (111) MgO Growth on (000`1) GaN and (0001) GaN:
RHEED patterns taken along the <11`20> direction of GaN for MgO films deposited on (top) N-
polar GaN and (bottom) Ga-polar GaN.  The first image in each series is the bare GaN surface.

shows higher mosaic structure in both the w- and f-circle rocking curves.  A 20% increase in the

w-circle rocking curve width and a 55% increase in the f-circle rocking curve width are observed.

This increase can partially be attributed to the increased mosaicity of the N-polar GaN substrate.

Compared to the w-circle rocking curve widths of 370 and 1259 arcsec for the 002 and 302

reflections of the Ga-polar GaN sample, the N-polar film has widths of 387 and 1543 arcsec.  The

~20% increase in the out-of-plane reflection certainly contributes to the observed increase in

crystallite twist of the MgO epilayer.  In general, the rocking curve width values reported here for

the MgO epilayer on N-polar GaN represent reasonable epilayer crystal quality.  These values are

comparable to those observed for MgO films deposited at lower temperatures on Ga-polar

surfaces.  The f-circle rocking curve width of 2.23° is also similar to the average FWHM for CaO

epilayers on Ga-polar GaN (see Chapter 6).  Finally, it is worth noting that the f-scan reported here

has been collected without a Eulerian cradle to keep the (200) plane eucentricly positioned.
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5.6.2 Characterization of (111) MgO || (000`1) GaN Microstructure

High-resolution SEM survey scans for a (111) MgO epilayer deposited on a N-polar GaN

substrate are presented in Fig. 5.33.  A direct comparison of microstructure between MgO

epilayers grown on (000`1) and (0001) GaN is presented in Fig. 5.34.  MgO films grown on N-face

polarity GaN have a more inhomogeneous microstructure than films prepared on Ga-polar

substrates.  MgO epilayers on N-polar GaN appear to contain porosity through the sample

thickness, primarily concentrated at the MgO / GaN interface, although the rough fracture surface

obscures a definitive conclusion.  This rough fracture surface does suggest that the

inhomogeneous structure observed in plan-view extends through the film thickness.  The surface

structure of MgO epilayers on (000`1) GaN have regions of 3-faced pyramidal nano-facets similar

to those observed across the entire surface of MgO films deposited on Ga-polar substrates.

However, unlike (111) MgO || (0001) GaN, a network of serpentine twin boundaries is not readily

observable.  Instead, other faceted morphologies are observed with some appearing to have a

cubic character.  Attributing all of the observed inhomogeneities to the polycrystalline phase

observed by XRD is dubious because their frequency is too large for the expected 1% volume

fraction of polycrystalline material.

A clear explanation for the observed microstructure of MgO epilayers on N-polar GaN is

not readily apparent.  The current hypothesis is that the substrate’s polarity is influencing

nucleation behavior and film coalescence.  This hypothesis is supported by the RHEED pattern

showing elongated spots relative to the MgO film on Ga-polar material.  Furthermore, the polarity

direction in GaN is known to strongly influence surface reactivity and surface energy.  These

differences are evident simply from the disparity in MOCVD preparation conditions necessary to

grow high quality films of each polarity.  The standard KOH etch test to determine sample polarity

also indicates an inequality in surface stability and surface energy for the two polarities.  Thus, the

fundamental difference in surface reactivity of a N-polar surface could plausibly influence epitaxial

oxide nucleation and microstructural evolution.  A second explanation is that the sample mis-cut

and difference in GaN surface morphology play a role.  Smooth N-polar surfaces appear to have

less well-defined step-and-terrace structures, resulting in less kink sites for MgO nucleation.

Instead, the pinholes dotting the N-polar GaN surface may be acting as nucleation centers.  Such

nucleation sites may produce misoriented MgO crystallites.  The lower density of pinholes on

N-polar GaN surfaces than step-edges on Ga-polar surfaces may also impact coalescence

behavior.  If a Ga-polar film could be prepared with similar structure on a vicinal sapphire wafer, a

more conclusive discussion of the mechanisms causing these differences in MgO film

microstructure would be possible.
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Fig. 5.33 – Microstructure of (111) MgO Epilayer on (000`1) GaN: High resolution SEM images
of a (111) MgO || (000`1) GaN epilayer taken in both cross-section and plan-view.

Fig. 5.34 – Microstructural Comparison of (111) MgO Epilayers Prepared on (000`1) GaN and
(0001) GaN: High resolution SEM images showing the microstructure of a MgO epilayer on N-polar
GaN (left) and Ga-polar GaN (right).
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5.7 Selective Epitaxial Deposition (SeED)

Various surface treatments are investigated in Chapter 9 as a means to reduce DC

conductivity.  During these experiments, a curious phenomenon was observed for surfaces

receiving a final treatment of concentrated HCl.  As demonstrated in Fig. 5.35, Ga-polar GaN

surfaces treated with concentrated-HCl last resist MgO deposition under growth conditions of low

Mg flux (< 5x1013 atoms/cm2s) and high substrate temperatures (> 350°C).  The XRD pattern in this

figure is collected from the region of the sample where deposition has occurred and confirms that

concurrently deposited MgO films on untreated regions remain epitaxial.

Fig. 5.35 – Observation of HCl Surface Treatment Impact on MgO Growth: (a) By masking with
nail polish, only half of the GaN sample receives a concentrated HCl surface treatment.  (b)
Sample after film growth at 350°C, 5x1013 Mg/cm2s, 3x10-6 Torr O2.  (c) XRD pattern collected from
the region where MgO is deposited.

In Section 5.1.3, the described growth conditions have been determined to constitute

unusually low growth rates (< 0.3 nm/min).  Conceivably, a small perturbation to the system (such

as surface modification) makes deposition energetically unfavorable.  For example, deposition in

the CaF2 || Si system is also prevented at high temperatures once a Si-Ca-F surface layer is formed

(Section 2.4.2) [114, 115, 117].  When a GaAs surface is completely passivated with sulfur, alkali

halide deposition becomes completely incommensurate, causing polycrystalline growth

(Section 2.4.1) [111].  Both of these examples illustrate how chemical passivation of a growth

surface can cause weak interfacial bonding.  At elevated temperatures, this weak attraction

between substrate and adatom flux could prevent deposition.  In further support of this possibility,

the thermodynamic calculations presented in Fig. 2.16 indicate that a process region exists (below

10-23 Torr O2) for no MgO accumulation at the 250°C isotherm [134].  At elevated temperatures (>

350°C) and under surface passivation (possibly with Cl), this “non-accumulation” regime may shift

to higher pO2 values as observed here.
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Fig. 5.36 – Investigation of GaN Surface Structure after Acid Treatment: (a) Aqueous contact
angle measured on GaN surface in virgin state and after consecutive 1:99 HF:H2O treatment (5
min) and concentrated HCl (5 min).  Images are actual photographs of the water droplet on the
GaN surface; color is artificially added to improve clarity.  To the right are AFM images of a Ga-
polar GaN surface in (b) the as-received state and (c) after a 5 min concentrated HCl treatment.

As a preliminary examination of this surface modification, the aqueous contact angle of a

Ga-polar GaN surface is probed in the as-received state, after a 1% HF / 5 min treatment, and after

a concentrated HCl / 5 min treatment.  The results are presented in Fig. 5.36.  The as-received

surface is the most hydrophobic (68°) likely due to adventitious carbon.  The acidic HF treatment is

effective in reducing this contamination (contact angle lowers to 23°), consistent with previous AES

studies [272].  Treatment in HCl further improves aqueous wetting (10°).  The AFM images of

Fig. 5.36 indicate no changes to surface morphology or roughness upon HCl treatment.  Thus, a

change in surface chemistry is hypothesized. A 5 minute acid etch in concentrated nitric acid

proved ineffective in inhibiting deposition.  This result suggests that highly acidic conditions are not

the root cause, leaving passivation via the chloride ion as a likely scenario.  Previous surface

cleaning studies have demonstrated that HCl treatments leave Cl contaminants on the GaN

surface [270, 272].  A halogen could conceivably terminate the GaN surface, dissuading the

formation of a new interface.  Unfortunately preliminary XPS characterization of HCl-treated

surfaces did not detect Cl.  Acid treatments are found to reduce the excess Ga concentration on
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the surface; whether this contributes to the MgO adsorption is unknown. Although not quantified,

immersion in DI water and heating in air to 300°C for 5 min are both found by visual inspection to

reduce the contact angle of an as-received surface.  More detailed studies of these treatment’s

effects on surface chemistry is warranted to better engineer surface structure and interfacial

quality.

The technological implication of this study is that patterned epitaxial oxide structures can

be grown in-vacuo via a directed-assembly approach.  These structures could be used as hard

masks for plasma etching or dopant implantation or allow for the fabrication of a buried dielectric

structure.  This process, termed SeED (Selective Epitaxial Deposition), is demonstrated on a

macroscopic scale in a series of photographs at the top of Fig. 5.37.  First, the entire GaN surface

is treated with 1:99 HF:H2O (5 min) and the regions where deposition is desired are masked (here

with green nail polish).  Next the sample is immersed in concentrated HCl for 5 min and rinsed with

DI water.  The mask is then removed by sonication in acetone, leaving no visible pattern on the

surface.  Finally, an MgO film is deposited by MBE at high growth temperatures (here at 400°C)

and low deposition rates (here at 6x1013 Mg/cm2s, 3x10-6 Torr O2, ~0.4 nm/min ).  The film seen in

this image is ~75 nm thick (3 hours of growth).  Under these conditions and extended deposition

time, some lateral growth from the patterned area is observed.  Further optimization of growth

parameters and understanding of the surface modification is necessary to achieve improved

selectivity.

At the bottom of Fig. 5.37, the lateral resolution of the SeED technique is investigated.

This patterned structure is fabricated with standard photolithographic processes used for

semiconductor microelectronics.  A negative photoresist is utilized to define features.  Upon

developing these features are protected from the HCl treatment.  After stripping the resist, the

features re-emerge upon MgO deposition.  The MgO layers in this image are ~55 nm thick.  The

SEM images of these MgO structures confirm that SeED can provide at least micron-scale lateral

resolution.  All features have sharp, well-defined edges.  The circles have widths of 20 mm width,

the cross 40 mm.  The closest spacing in this pattern is the 30 mm gap between square pads; this

dimension is also well-resolved.  A point of interest is the small defect at the bottom of the

triangular feature.  This defect, replicated from the photoresist mask, is only 7 mm in size and

exhibits sharp lateral contrast between epilayer and substrate.  Replication at this feature size

suggests that the SeED technique is capable of sub-micron resolution if masked appropriately.

These SEM images were collected on a Hitachi S3200 SEM with a thermionic emission

gun operated at 10 kV in secondary electron detection mode.  The observed contrast in these SEM
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Fig. 5.37 – Selective Epitaxial Deposition (SeED): (Top) Demonstration of the SeED process.
First, the regions where epitaxial MgO deposition is required are masked (here with green nail
polish); Second, the exposed portions of the GaN surface are treated with concentrated HCL;
Third, the polymeric mask is stripped with organic solvents; Fourth, MgO is deposited at high
temperatures and low Mg fluxes to provide laterally selective deposition of epitaxial films. (Bottom)
SEM images of SeEDed growth using photolithography to define the regions of surface
modification.  The replicated features are laterally-confined epitaxial MgO films.

images is not compositional (z-contrast), else the MgO regions (avg. Z = 10) would appear darker

than the bare GaN (avg. Z = 19).  The bright imaging of MgO is a result of sample charging.

Despite using a doped GaN substrate, the oxide layer retains a charge under the imaging

conditions.  This charging also causes streaking artifacts that appear in some of the images.

Because this charging precludes z-contrast imaging, an EDS characterization is necessary to

confirm sample composition.  An EDS line-scan analysis taken across a series of concentric rings

is presented in Fig. 5.38.  This analysis indicates emission of Mg and O characteristic x-rays along
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Fig. 5.38 – EDS Line Scans of Across Surface That Underwent SeEDed Growth:  EDS line
scans of the O and Mg K-shell and Ga L-shell characteristic x-rays across a surface where
SeEDed deposition of a MgO epilayer has occurred.  The corresponding SEM image is shown at
the bottom.

the ring features, verifying the brightly imaged regions are MgO films. Only a small drop in Ga

signal is detected from regions covered with MgO.  This observation is consistent with the large

interaction volume expected for a 10 kV electron beam penetrating MgO.  A 10 kV electron beam is

calculated to generated Ga L-shell transition characteristic x-rays at MgO thickness up to ~800 nm

[285].  The 55 nm MgO film investigated here should have little influence on Ga characteristic x-ray

emission.
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6. Molecular Beam Epitaxy of CaO on (0001) GaN

Understanding MgO growth requires an appreciation for magnesium’s low sticking

coefficient and high volatility.  CaO growth differs significantly because calcium has a near unity

sticking coefficient and accumulates readily on a heated GaN surface in the absence of oxygen.

The atomic registry between CaO and GaN is identical to the MgO || GaN system, but the growth

mode and mosaic structure of CaO epilayers appears to be fundamentally different from MgO.

Understanding these differences in deposition behavior, growth mode, and epilayer structure is

crucial to engineering compositionally controlled lattice-matched alloys and interfacial layers for

integration of functional oxides.

6.1 General Considerations for CaO Epitaxy

Calcium metal is less volatile than magnesium.  A plot comparing their volatility is provided

in Fig. 6.1.  Here the atomic flux is computed using Eqn. 1.1 and thermodynamic data for the free

energy of metal sublimation [257].  This figure illustrates that calcium has ~103 lower flux than Mg

over the entire temperature range plotted.  Ytterbium, which is investigated in the next chapter, has

Fig. 6.1 – Thermodynamic Calculations of Mg, Ca, and Yb Vapor Pressures: Plot showing the
vapor pressures of Mg, Ca, and Yb in units of atomic flux over the temperature range of interest to
this thesis.  The red and blue shaded regions are the range of effusion cell operating temperatures
for Mg and Ca respectively.  The region shaded in yellow is the range of flux values reaching the
substrate explored for epitaxial growth (as measured by the QCM).
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an intermediate volatility.  The typical range of effusion cell operating temperatures is highlighted

for Mg and Ca in red and blue respectively.  If the effusion cell opening is ~2 cm in diameter then

the effusing flux is expected to be reduced by ~4x10-4 by the time it travels ~25 cm to the growth

surface [4].  The calculated range of fluxes incident on the substrate (4x1013 – 4x1015 atoms/cm2s)

is consistent with the values measured at the QCM (region labeled in yellow on the plot).

If Fig. 6.1 is now considered to be the re-evaporating flux from the growth surface, then the

intersection of the incident flux regime (yellow shaded region) and the metal vapor pressure curve

should correspond with the critical temperature for adsorption-controlled growth.  For magnesium

this coincides well with the experimental observation of negligible Mg accumulation at the 250°C

isotherm (Section 5.1.2).  Using a similar approach, a Ca flux of ~5x1013 atoms/cm2s is expected to

fully evaporate between 350°C and 400°C.  Experimentally accumulation is observed in this

temperature range.  Further increases in substrate temperature also fail to inhibit accumulation.  At

a growth temperature of 575°C, calcium is observed to react with the GaN substrate to form a

polycrystalline phase (shown in Fig. 6.2a).  When subsequently exposed to oxygen, the CaO film

grows with mixed epitaxial and polycrystalline structure.  This mixed structure is shown by RHEED

in Fig. 6.2b. and is verified by XRD in Fig. 6.2c.  To eliminate polycrystalline growth, an oxygen-first

strategy is investigated.  Upon oxygen exposure at similar temperatures, the GaN surface

Fig. 6.2 – Comparison of Ca-first vs. O2-first Growth Strategies for CaO Epilayers on GaN:
RHEED patterns from a heated GaN surface (a) exposed to a 3x1013 Ca/cm2s flux and (b) the
subsequent CaO film; (c) shows the resulting x-ray pattern with the polycrystalline CaO 200
reflection present.  (d) RHEED pattern from GaN surface exposed to O2, and (e) resulting fully
epitaxial film; (f) corresponding XRD pattern.
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Fig. 6.3 – XRD Analysis of CaO || GaN Epitaxial Structure: (a) w-rocking curve of the in-plane
111 reflection; (b) out-of-plane f-scan of the 200 reflection illustrating the atomic registry with GaN
(<1`10> CaO || <11`20> GaN) and the 60° twinning of the CaO film.

shows no reaction (Fig. 6.2d).  Upon subsequent CaO growth, only epitaxial crystallites are

observed in RHEED (Fig. 6.2e) and XRD (Fig. 6.2f).  Like the MgO films, epitaxial CaO crystallites

grow twinned on the GaN surface, evidenced by the 6-fold symmetry in the f-scan of Fig. 6.3.  The

111 reflection’s w-circle rocking curve width is consistently narrower than MgO.  For the example

given in Fig 6.3, the CaO epilayer is grown at 600°C and has a FWHM of 0.38° in w which is 30%

smaller than the average value of ~0.55° observed for MgO films.  A more in-depth discussion on

the differences in the mosaic structure of CaO and MgO is reserved until Section 6.2.3.

To better understand the necessity of an O2-first growth strategy for CaO deposition on

GaN, the free energy for alkaline-earth metals reacting with GaN to form metal nitrides is computed

Fig. 6.4 – Free Energy of Reaction Between Alkaline-Earth Metals and GaN: Data from  [257].
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and plotted in Fig. 6.4.  As this figure illustrates, the entire group of elements are expected to

reduce GaN.  If the calculations from Chapter 4 (Fig. 4.2), which show stability between alkaline-

earth oxides and GaN, are considered, then the strategy of supplying an excess of O2 appears

justified.  As long as oxidation of the substrate can be avoided, the excess O2 should oxidize the

group II metal before it reacts with the GaN.  This simple analysis illustrates the importance of

understanding metal-semiconductor reactivity as well as oxide-semiconductor reactivity.  Schlom et

al. [256] did not investigate these reactions.  For improved design of MBE grown oxides on wide-

gap semiconductors, these reactions should be more thoroughly explored.

It is interesting to note that although Mg has a higher driving force than Ca to react with

GaN, no reaction is observed.  A possible explanation is a fundamental difference in the sticking

coefficients.  Although thermodynamic data suggests that both metals should have sufficient vapor

pressures to re-sublime from the growth surface, these calculations give no indication of the initial

sticking coefficient upon flux reaching surface.  It is suggested that a significantly lower sticking

coefficient of Mg accounts for its observed reduced reactivity with GaN.

6.1.1 RHEED Investigation of CaO || GaN Nucleation

CaO epilayer film growth is characterized in-situ using RHEED.  Fig. 6.5 is representative

of the RHEED patterns collected as growth initiates.   At 1.5 nm, two discrete sets

Fig. 6.5 – RHEED Investigation During Initial Stages of CaO Epilayer Growth: (a) RHEED
pattern from GaN substrate and (b) corresponding line profile; (c) RHEED pattern for 1.5 nm CaO
epilayer on GaN and (d) corresponding line profile.
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of diffraction streaks are observed; these streaks are clearly delineated in the corresponding line

profiles shown to the right of the image. These two streaks represent concurrent diffraction from

both the GaN substrate and CaO epilayer and indicate a completely incoherent interface.  This

immediate relaxation of the CaO epilayer resembles the behavior observed for alkali halide

heteroepitaxy for mismatches of >10% (Fig. 2.8).  Further discussion of this rapid strain relaxation

in CaO epilayers is discussed in Section 6.2.2 with a comparison to MgO epitaxy.

6.1.2 XRD Investigation of CaO Epilayer Crystal Quality as a Function of

Growth Parameters

Three process parameters are investigated for improving epitaxial film crystallinity:

(1) substrate growth temperature, (2) calcium flux, and (3) oxygen pressure / flux. The growth rates

for each of these series are presented in Fig. 6.6.  Deposition rate remains relatively invariant up to

600°C.  Above this temperature deposition rate begins to decrease sharply, likely due to an

increase in Ca re-evaporation.  Deposition rate is also relatively invariant with oxidant flux.

Variation in oxygen pressure generates a small maximum near 10-6 Torr O2, but this shallow

increase of ~25% is substantially less than the 2x to 5x increase observed for the MgO system.

This data suggests that CaO deposition occurs primarily via metal accumulation followed by

oxidation rather than an adsorption-controlled mechanism (M-O complex adsorbate). The linear

increase in deposition rate with Ca flux is also consistent with this mechanism.

Fig. 6.6 – Deposition Rate of CaO Epilayers on GaN: as a function of (a) growth temperature, (b)
O2 growth pressure, and (c) calcium flux.



142

Fig. 6.7 – XRD Analysis of Rocking Curve Widths for CaO Epilayers on GaN: Plots of the
FWHM of rocking curves taken in w, c, and f as a function of (a) deposition temperature, (b)
oxygen growth pressure, and (c) calcium flux.  Note that (a) has a different y-axis.

Crystal quality is quantified by rocking curves in 3 circles as measured using a 0.8 mm

aperture for the incident x-ray beam. The effect of varying growth parameters on CaO film

crystallinity is presented in Fig. 6.7.  This figure plots the FWHM of rocking curves in w, c, and

f circles, representing the amount of tilt and twist in the crystallites of these films.  Similar to MgO,

substrate temperature is identified as having the most influence on crystalline quality of CaO films.

Below 400°C, crystallinity in CaO films deteriorates.  At 300°C, an 80% increase in FWHM of f is

observed.  By 200°C, the FWHM in w has increased from an average value of 0.40° to 0.56°, and

the off-axis 200 reflection lacks sufficient intensity to reasonably measure a f-circle rocking curve.

The poor crystallinity of CaO films grown at 200°C is further verified by the increase in FWHM of

the 2q peak which averages 0.36° and increases to 0.60° for the 200°C sample.  Note that this is

indicative of crystallinity and not sampling volume as the 200°C sample is marginally thicker (~75

nm) than the average film thickness (60 nm) in this series.

Because growth temperatures above 600°C appear to represent the best alignment in

f, other series were prepared at this temperature.  Variation in oxidant flux affects crystallite tilt

(Fig. 6.7b).  Both w and c show shallow minimum in their FWHM values at growth pressures of 10-6

Torr oxygen.  The series of samples prepared at varying metal fluxes (Fig. 6.7c) are similar in

quality up to 1014 atoms/cm2s.  Similar to MgO, these high fluxes cause a deterioration of the

in-plane alignment.

To more accurately characterize the epitaxial quality of these CaO films, higher resolution

XRD scans were taken (using a 0.1 mm diameter collimator) on a film processed under optimized

conditions:  600°C / 10-6 Torr O2.  FWHM values of 0.32°, 0.24°, 0.52°, and 1.91° are found in 2q,

w, c, and f circles respectively.
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6.1.3 Stability of CaO in Ambient Atmosphere

When left in ambient atmosphere, CaO films rapidly degrade to Ca(OH)2.  Degradation can

be observed within a few hours.  After 2 weeks (Fig. 6.8b) a 200 nm film is almost completely

transformed to Ca(OH)2 .  To impede this reaction, a MgO capping layer (~10 nm thick) is

deposited in-situ.  CaO films with MgO capping layers show no Ca(OH)2 formation by XRD when

left in ambient at room temperature for 30 days (Fig. 6.8c).  This severe instability of CaO in

ambient atmosphere will require further attention if it is selected as a component for GaN

electronics.

Fig. 6.8 – Stability of CaO in Ambient Atmosphere:  XRD scans along with images from
diffractometer’s area detector depicting stability of CaO in ambient atmosphere: (a) Epitaxial CaO
film on GaN immediately after deposition; (b) same CaO film after exposure to ambient atmosphere
at room temperature for 2 weeks; (c) a similar epitaxial CaO film capped with 5 nm MgO exposed
to ambient atmosphere at room temperature for 4 weeks.

Fig. 6.9 – Free Energy of Reaction for Alkaline-Earth Hydroxide Formation: Plot of the
reaction energy for metal oxide with water to form hydroxide.  Colored dots represent
decomposition temperature.  Data from Ref: [257].
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Fig. 6.9 plots alkaline-earth metal oxide reactivity with water to illustrate the thermodynamic

driving force for hydroxide formation in these systems.  Reactivity increases down the group,

accounting for the much higher reactivity observed for CaO compared to MgO.  It is interesting to

note the decomposition temperature (labeled with a “l”) for the hydroxides—250°C for Mg(OH)2

and 425°C for Ca(OH)2.  These temperatures correspond with the growth temperatures observed

for improved epilayer crystallinity, particularly for in-plane alignment (~250°C for MgO and ~400°C

for CaO).  The metal hydroxides are known to have an (0001) M(OH)2 || (111) MO topotaxic

relationship to the metal oxides [146, 147] and recent spectroscopic work indicates that our

molecular oxygen source contains sufficient H2O impurity to allow hydroxide formation [286].  It is

possible that at growth temperatures below the hydroxide decomposition temperature, hydroxide

nuclei form and seed disordered growth in the rocksalt oxide layer.  Epilayer crystallinity improves

above the decomposition temperature because phase purity is improved during growth.

6.1.4 Microstructure of CaO Epilayers

The reactivity of CaO with atmospheric H2O makes microscopy in ambient conditions

challenging; uncertainty will exist as to whether the observed microstructure is representative of the

CaO epilayer or the reacted Ca(OH)2 phase.  The difficulties realized in resolving the small features

of the MgO epilayers are also expected for the CaO films.  For these reasons, AFM is avoided.

Samples prepared for SEM imaging are immediately transferred from the growth chamber to the

microscope, spending < 15 min in ambient atmosphere.  Representative images of both the CaO

epilayer cross-section and surface morphology are presented in Fig. 6.10.  The cross-sectional

images reveal a fully dense film.  Micrographs of the surface morphology are similar to MgO

epilayers, showing nano-facets with 3-faced pyramidal geometry.  Like MgO, twin boundaries are

Fig. 6.10 – SEM Micrographs of CaO Epilayer Microstructure: (a) and (b) are representative
micrographs of the surface structure, (c) and (d) are representative micrographs of the cross-
sectional microstructure.  Two twin boundaries are circled in (a); two “cubic morphology” crystals
are circled in (b).
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observed (highlighted in Fig 6.10a.).  Besides the pyramidal faceted morphology, a small fraction of

cubic morphology features are dispersed across the surface (highlighted in Fig 6.10b).  These

cubic features average 40 nm x 40 nm in size and account for ~1% to 2% of the surface area

fraction.  These features may be defective grains with (100)-orientation.  They are not believed to

be Ca(OH)2 nuclei as they are expected to show 6-fold symmetry consistent with their hexagonal

crystal structure. These crystals appear to show some preference to nucleate at the termination

points of twin boundaries.  Whether these defects extend entirely to the interface, are dispersed as

localized 3D defects throughout the thickness, or are confined to the surface is unknown.  These

features deserve further investigation to better understand their origin and structure.

6.2 Comparison of CaO Epilayers to MgO Epilayers

This chapter has already established fundamental differences in CaO growth versus MgO

growth including metal adsorption behavior and reactivity with GaN.  CaO is also shown to be

significantly more reactive with ambient water vapor at room temperature.  This section further

explores the differences in CaO and MgO, focusing on growth mode and final epilayer structure.

6.2.1 Comparison of Growth Modes Using In-situ RHEED Characterization

Previous work by Craft et al. [280] that modeled XPS signal attenuation as a function of

film thickness revealed MgO nucleates 3-dimensionally and does not coalesce until reaching a

thickness of ~12 nm.  A similar analysis of CaO [287] revealed 2D coalescence within ~ 2 nm of

growth.  Fig. 6.11 presents RHEED data collected in-situ during MgO and CaO deposition that

Fig. 6.11 – RHEED Data Showing Structural Evolution of MgO and CaO Epilayers with Film
Thickness: Top shows RHEED patterns along the <1000> azimuth for MgO || GaN grown at
350°C for thicknesses between 1 nm and 10 nm; bottom shows RHEED patterns along the <1000>
azimuth for CaO || GaN grown at 600°C over the same thickness range.
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corroborates this earlier work.  The MgO RHEED patterns are predominantly “spotty” within 1 to

2 nm of deposition.  This type of RHEED pattern indicates transmitted diffraction resulting from

3D asperities on the surface (3D nuclei).  In contrast, the CaO RHEED patterns remain relatively

“streaky” up to a thickness of 5 to 10 nm.  This “streaky” pattern is evidence of a relatively smooth

surface (2D nucleation and coalescence).  The eventual spotty pattern, which emerges between 5

and 10 nm, indicates that the CaO film surface eventually roughens.  This observed roughening is

consistent with the nano-facets imaged by SEM in Section 6.1.4.  These observations are also

consistent with the XPS data of Craft et al. [280, 287], whom concluded MgO nucleates via a

Volmer-Weber growth mode while CaO follows a Stranski-Krastanov growth mode.

Two factors are suggested to contribute to the difference in MgO and CaO growth mode.

First, Ca has been shown to more readily accumulate on the GaN surface under standard growth

conditions.  This observation suggests a stronger bond at the Ca/GaN interface, implying better

wetting of the surface.  This lower interfacial energy would favor 2D nucleation (Section 2.1.2).  A

second factor may be the reactivity of CaO with H2O.  Work by Craft et al. [286] has demonstrated

that the molecular oxygen source used during growth contains sufficient amounts of H2O

contamination to allow formation of a few monolayers of Ca(OH)2 on the surface of an as-grown

CaO film.  Presence of hydroxyls at the (111) CaO surface during growth are expected to avert the

polar catastrophe by compensating the bound surface charge.  Theoretical [87, 100, 101] and

experimental [102] work suggests that hydroxyl terminated (111) rocksalt oxide surfaces are lower

in energy than bulk terminated (100) surfaces.  Thus, the water vapor contamination and resulting

hydroxylated surface are proposed to act as surfactants (See section 2.1.2) that lower the growth

surface’s energy and make 2D nucleation favorable.  Although the previously presented

thermodynamic analysis (Fig. 6.9) predicts instability for the alkaline-earth hydroxides at the growth

temperature, these calculations are based on bulk thermodynamic data.  The hydroxyls’ stabilizing

effect on polar surfaces will likely shift the surface hydroxide stability window to higher

temperatures.  If this hypothesis is valid, then 2-dimensional MgO nucleation may also be possible

if additional water vapor is introduced during growth.

6.2.2 In-situ RHEED Characterization of Strain Relaxation in MgO and CaO

Epilayers

Common techniques used for RHEED data analysis to gain additional insight into epilayer

growth and structure (e.g. intensity oscillations, lattice parameter calculations) are complicated in

(111) rocksalt oxide epilayers by the rapid emergence of transmission diffraction patterns due to
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Fig. 6.12 – Artifacts Encountered when Calculation Lattice Parameters from (111) MO ||
(0001) GaN:  To the left is a RHEED pattern for a 4 nm thick CaO epilayer on GaN; the central
plots are lattice parameter caculations as a function of distance from the shadow edge; to the right
is the RHEED pattern from the same film at a thickness of 20 nm with the artifacts of diffraction
spot tilt and chevron features highlighted.  Tilt in diffraction spots are believed to indicate a
distribution of in-plane orientations; chevrons in the primary beam are believed to indicate twinning

surface roughening.  Initial CaO epilayer growth has 2D-like diffraction patterns, but as Fig. 6.12

illustrates, artifacts are still present.  In this figure the lattice parameter from {10} streaks is

computed as a function of distance from the shadow edge.  The GaN substrate pattern (not shown)

is used as the reference d-spacing.  The calculated d-spacing for the CaO layer shows non-random

variation with distance from the shadow edge, indicating an uncorrelated phenomenon.  Examining

the d-spacing values computed within the green box reveals a continuous distribution of lattice

spacings centered around the relaxed lattice parameter for CaO.  This variation is not believed to

be representative of an actual distribution of lattice parameters, but instead an artifact caused by a

structural defect in the CaO film.  Examining the RHEED pattern for a corresponding 20 nm thick

CaO film, the diffraction spots are observed to have an obvious tilt (highlighted with red lines).  This

tilt creates a variation in spacing between the {10} streaks that leads to the distribution of calculated

lattice parameters.  These “tilted spots” are interpreted as variation in crystallite in-plane alignment

(variation in f).  Varying the in-plane alignment of CaO crystallites essentially rotates the reciprocal

lattice relative to the Ewald’s sphere resulting in different diffraction conditions.  This distribution of

diffraction conditions leads to the tilt in diffraction spots.  Similar tilt is observed for the diffraction

spots near the shadow edge.
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Fig. 6.13 – Lattice Parameter and RHEED Intensity as a Function of Film Thickness for (111)
CaO || (0001) GaN: Top – Lattice parameter of CaO epilayer calculated from RHEED pattern as a
function of film thickness; Bottom – RHEED spot intensity as a function of thickness for the primary
(00) reflection and the first order (10) reflection.

Fig. 6.14 – Lattice Parameter and RHEED Intensity as a Function of Film Thickness for (111)
MgO || (0001) GaN: Top – Lattice parameter of MgO epilayer calculated from RHEED pattern as a
function of film thickness; Bottom – RHEED spot intensity as a function of thickness for the primary
(00) reflection and the first order (10) reflection.
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The goal of monitoring the epilayer lattice parameter during growth is to determine the

film’s strain state and its critical thickness.  Because the misfit is relatively large (~7%) for the

rocksalt oxides on GaN studied here, full relaxation is expected within a few nanometers.  To avoid

the artifacts described above, the position from the shadow edge known to give the relaxed lattice

parameter value is found for a “thick” (2 to 5 nm) film.  The lattice parameter is then computed at

this position for all thicknesses and the onset of d-spacing saturation is determined. Such an

analysis is presented in Fig. 6.13 and 6.14.   Fig. 6.13 indicates that CaO epilayers are fully relaxed

within ~2 nm.  Fig. 6.14 shows that MgO epilayers are fully relaxed within ~1 nm.  Although they

achieve full relaxation more rapidly, MgO epilayers appear to initially grow pseudomorphically up to

~0.4 nm (or about 1 unit cell).  In contrast, CaO films begin relaxing immediately.  This difference

may be due to the direction of the strain state—that is CaO is compressively strained while MgO is

under tension.  Islanding of MgO nuclei may also allow accommodation of a higher initial strain

state.  Plots of corresponding RHEED intensity show no obvious oscillations for MgO with perhaps

a 1/2 period oscillation in the primary beam for CaO.  This result is expected as oscillations are

only observable for smooth surfaces.

6.2.3 Structural Comparison of CaO and MgO Epilayers

This section compares the structural features of (111) MgO and (111) CaO epilayers grown

under optimized conditions on (0001) GaN substrates (600°C for CaO, 350°C for MgO).  Fig. 6.15

compares the average peak width for q-2q scans and w and f rocking curves from 100 nm thick

films.  This data suggests that MgO and CaO use different defect structures to accomodate

Fig. 6.15 – Comparison of XRD Peak Widths for MgO and CaO Epilayers on GaN: (a) FWHM
of the 111 reflection in a q-2q scan; (b) FWHM of the 111 reflection w-circle rocking curve; (c)
FWHM of the off-axis 200 reflection f-circle rocking curve.
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Fig. 6.16 – Comparison of MgO and CaO RHEED Patterns from 50 nm Thick Films: The
RHEED patterns shown are taken from (a) MgO and (b) CaO films grown at temperatures that
optimize crystal quality (350°C for MgO; 600°C for CaO) and then heated/cooled to an intermediate
temperature (500°C) for diffraction.  Diffraction patterns are collected at the same temperature in
an attempt to normalize distortions from sample charging.  Sample charging and diffraction spot
broadening is observed to occur as temperature decreases.

Fig. 6.17 – SEM Images Comparing the Microstructure of MgO and CaO Epilayers: (a) Plan-
view and (b) cross-sectional SEM images of (111) MgO epilayers on (0001) GaN; (c) Plan-view
and (d) cross-sectional SEM images of (111) CaO epilayers on GaN taken at same magnification.
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their misfit with the GaN substrate.  Defects in CaO cause more crystallite twist (33% wider FWHM

in f) while defects in MgO cause more crystallite tilt (27% wider FWHM in w).  The difference in

defect structure may originate from their opposing strain states—MgO is too small for the lattice

while CaO is too large.  A comparison of RHEED patterns collected under comparable conditions

corroborates this defect structure (Fig. 6.16).  The MgO RHEED diffraction spots are broader than

the CaO diffraction spots, indicating smaller coherence or larger width in w.  CaO diffraction spots

display more tilt; as previously discussed, this tilt is interpreted as a sign of in-plane twist.

A general comparison of epilayer microstructure is provided in Fig. 6.17.  The plan-view

images reveal a higher density of twin boundaries in the MgO epilayers compared to the CaO

epilayers.  In MgO the twin boundaries are networked while most of the twin boundaries in CaO are

spatially isolated from each other.  The mechanism for lattice continuity at the termination points of

these isolated twin boundaries is not well understood and remains open for further investigation.

The higher density of twin boundaries in MgO epilayers is also evident in the cross-sectional SEM

images.  Multiple twin boundaries running vertically through the thickness are observed with

fracture surface lines having mirror symmetry on opposite sides.

The origin of increased twin boundary density is speculated to result from the difference in

growth mode.  MgO nucleation is believed to be dominated by 3D islands that have limited growth

in the lateral direction.  Because both variants nucleate with equal probability and coalescence

occurs slowly [280], a high density of nuclei are expected.  These conditions lead to numerous twin

domains upon coalescence.  In contrast, CaO is believed to nucleate in a more 2-dimensional

fashion where nuclei growth occurs more rapidly laterally than vertically.  This additional lateral

growth reduces the number of nucleation event, limiting the amount of twin boundaries upon

coalescence.
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7. Stabilization of Rocksalt YbO by MBE

The previous two chapters focused on oxide systems having large free energies of

formation and a single product phase.  These properties derive from the electronic structure of the

alkaline-earth elements—low ionization potential and single oxidation state.  This chapter examines

an oxide from the lanthanide series—ytterbium oxide.  It has a similarly low ionization potential,

allowing rapid oxidation.  However, its more complicated electronic structure (f-orbital at the

HOMO-LUMO gap) establishes the possibility for multiple oxidation states and multiple phases,

including Yb2O3, Yb3O4, and YbO.  The last of these compounds, the metastable rocksalt YbO

phase, is of interest as a candidate for epitaxial integration with GaN as a possible alloying agent

with MgO that is less sensitive to atmospheric exposure than CaO.  However, no previous report

exists for synthesizing YbO in thin film form.  This chapter begins with a brief history of previous

research examining stabilization of the YbO phase in the bulk.  Following this review, results are

presented for preparing phase pure YbO polycrystalline films on SiO2/Si substrates by molecular

beam deposition.  The mechanism for achieving this stability—kinetics versus thermodynamics—is

discussed.  Finally, epitaxial growth of YbO on (0001) GaN is presented, and its crystal quality is

compared to MgO and CaO.

7.1 Review of Research on the Stabilization of YbO

The entire series of lanthanide elements (Ln) form stable, insulating sesquioxides (Ln2O3)

that are isostructural with the mineral bixbyite [288].  These oxides contain trivalent lanthanide

cations in which the 6s25d1 valence electrons are ionized.   Although lower lanthanide oxidation

states are common in many chalcogenide and halide compounds [289, 290], they are less common

in the lanthanide oxides.  The stability of EuO is well established in both the bulk [291] and thin film

[292–294] form.  The divalent Eu cation is stabilized by transferring the 5d1 electron to half-fill the 4f

orbital.  Similarly, divalent Yb may be stabilized by transferring the 5d1 electron to completely fill the

4f orbital.  However, the electron transfer to form Yb2+ is less favorable than the formation of Eu2+

because of the spin pairing energy required for filling the f-orbital.

The physical properties of YbO are not well established.  The few reports [295, 296] of the

early lanthanides stabilized as monoxides (LaO, CeO, PrO, NdO, SmO) indicate metallic character

in which one of the f-orbital electrons is delocalized allowing the lanthanide to retain a trivalent

oxidation state.  YbO is expected to be more similar to EuO, having a divalent oxidation state that

establishes a bandgap in the material [295].  EuO is found to have a small bandgap (1.2 eV [259])

and semiconducting properties.  This band structure results from the half-filled f-orbital.  The
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completely filled f-orbital of YbO is expected to expand the band gap.  The crystal orbitals of YbO

should parallel the alkaline-earth oxides, with a valence band composed of filled oxygen p-orbitals

and a conduction band composed of empty Yb s-orbitals.

 Thermodynamic calculations of the Gibbs free energy of reaction between metal

lanthanides (Ln) and their sesquioxides (Ln2O3) to form the lanthanide monoxide (LnO):

Ln +Ln2O3 ‡ 3LnO          (Rxn. 7.1)

have produced small negative values for EuO formation (-10 kcal/mole) and small positive values

for YbO formation (8 to 13 kcal/mole) at room temperature and atmospheric pressure [296, 297].

These calculations are consistent with the greater difficulty in experimentally synthesizing YbO

versus EuO.  Initial reports of YbO synthesis by Yb2O3 reduction with carbon were later disproved

as a cubic ytterbium oxicarbide phase (Yb2OC) that structurally resembled YbO [297–299].

Likewise, cubic phases with similar lattice parameters to YbO can be stabilized with H and N

anions [300].

Phase pure bulk YbO has been synthesized using Rxn. 7.1 under high-pressure conditions

(> 1.5 GPa) [300–302].  Under high-pressure, the close-packed structure of the rocksalt phase

becomes more favorable than the low-density bixbyite structure.  The YbO phase has been verified

by elemental analysis and magnetic measurements (divalent Yb is diamagnetic), and it appears to

Fig. 7.1 – Phase Diagram for Ytterbium Oxide: Phase diagram as a function of pressure and
temperature for ytterbium oxide showing the high-pressure stabilization of phases containing
divalent Yb, e.g. Yb3O4 and YbO. Data adapted from [300, 301].
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be metastable at ambient conditions.  A mixed valence phase (Yb3O4) is also observed at high

pressures and high temperatures [300, 301].  A phase diagram of ytterbium oxide stability is

reproduced in Fig. 7.1.  Higher temperatures increase the free energy of formation for YbO.  Thus,

a low temperature synthesis process is more likely to stabilize the monoxide phase [297, 303].

Divalent Yb cations have also been stabilized in solution with CaO [304, 305].  These solid

solutions, which are stable with up to 60 mole % YbO, appear to contain ~10% trivalent Yb species

that are electronically balanced by cation vacancies [305].  This solid solubility is facilitated by the

similarity in cation size (Yb: 1.16 Å; Ca: 1.14 Å).

More recently, the YbO phase has been identified on the surface of metallic Yb films

exposed to 1 monolayer of oxygen at cryogenic temperatures (50 K).  At higher temperatures

(300 K), O was found to diffuse into the film and create trivalent Yb cations [306].  This is consistent

with bulk data that suggests lanthanide metals have negligible solubility for oxygen and all but Eu

oxidize directly to the sesquioxide form at room temperature in the oxygen partial pressure range of

10-100 to 10-80 Torr [288].

7.2 Synthesis of Polycrystalline YbO Films

Although previous work indicates that direct oxidation of bulk ytterbium metal yields only

the sesquioxide [288, 306], the slow kinetics of bulk reactions during low temperature growth with

molecular beams can be sufficient to access non-equilibrium oxidation states.  In Chapter 5, it was

shown that at low temperatures (< 200°C), high metal fluxes (> 4x1014 Mg/cm2s) and low oxidant

fluxes (< 10-7 Torr) a mix of Mg / MgO can be deposited using a molecular oxygen oxidant.  Similar

conditions are expected to limit the oxidation of ytterbium and allow access to the metastable

monoxide phase. (See Fig. 7.2 for diagram illustrating this approach.)  Accessing metastable

oxidation states through control of the molecular beam oxidant source is not without precedent e.g.

EuO [293] and FeO [307].

In this section, molecular beam deposition (MBD) is used to deposit polycrystalline YbOx

films on SiO2/Si substrates.  By avoiding epitaxial growth, the mechanism for stabilization of the

non-equilibrium phase can be assessed.  Without a coherent epitaxial interface, thermodynamic

stabilization via reduction in interfacial strain energy can be eliminated as a possible mechanism.

Instead, a kinetic mechanism of stabilization is proposed.  When the Yb:O2 flux ratio is near unity,

the film lacks the capacity to form the sesquioxide phase—an insufficient concentration of oxygen

exists in the film for Yb2O3 formation.  By maintaining a low growth temperature, bulk diffusion will

be limited, preserving the YbO phase.
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Fig. 7.2 – Accessing the Metastable YbO Phase via Molecular Beam Deposition: B y
controlling the oxygen to ytterbium flux ratio film phase assemblage can be controlled.  The low
growth temperature limits bulk diffusion preventing further oxidation during growth.  (a) For high
O2:Yb flux ratios, Yb2O3 is expected; (b) For matched O2:Yb flux ratios YbO is favored.

For all of the films grown in these studies, the O2 flux is shuttered to achieve lower local

oxygen pressure at the growth surface.  This step is found necessary to access the YbO phase.

7.2.1 Evaluation of Optimum Growth Temperature

The effect of growth temperature is investigated within a regime of oxygen flux expected to

stabilize the YbO phase (8x10-8 Torr O2).  Under isobaric conditions, an increase in temperature

thermodynamically favors a lower oxidation state, e.g. Ellingham diagrams always have negative

slopes.  However, substrate temperature is also expected to affect surface diffusion, reaction

kinetics, and Yb re-evaporation rate—all favoring Yb2O3 formation at higher temperatures.  Thus,

monitoring phase assemblage as a function of growth temperature can provide insight towards the

mechanism for phase stability.

Diffraction data from a series of YbOx samples prepared at 8x10-8 Torr / 5x1013 Yb/cm2s for

a series of temperatures is presented in Fig. 7.3.  The volume fraction of Yb2O3 remains relatively

constant between 25°C and 300°C, although crystallinity does appear to increase (narrower peak

widths at elevated temperatures).  Films deposited at 350°C are largely Yb2O3.  At this

temperature, an increased rate of Yb re-evaporation and oxidation kinetics is likely stabilizing the

sesquioxide stoichiometry.  This abrupt transition to Yb2O3 with increasing temperature supports a

kinetic stabilization mechanism.

This evaluation of phase assemblage versus growth temperature indicates substrate

temperatures up to ~300 °C are optimal for kinetically limiting Yb2O3 formation and crystallizing

phase pure YbO material.  Because the previous rocksalt oxides (MgO and CaO) have shown

dramatic improvement in epilayer quality with increasing growth temperature, it is prudent to
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Fig. 7.3 – YbOx Phase Assemblage as a Function of Growth Temperature:  Y b Ox films
deposited at 5x1013 Yb/cm2s / 8x10-8 Torr O2 (shuttered) and varying growth temperatures between
25°C and 350°C.

investigate the deposition of YbO at the highest temperatures possible.  With this in mind, the

following sections choose to focus on achieving single-phase YbO films in the temperature range of

250°C to 300°C.

7.2.2 Evaluation of Optimum Yb:O2 Flux Ratio

When Yb and O2 fluxes are properly balanced, preferential stabilization of the YbO phase

is expected (Fig. 7.2).  If excess oxygen is supplied, the higher oxidation state phase (Yb2O3) will

form.  Conversely, a higher relative Yb flux will result in Yb metal deposition.  Some breadth can be

expected in this phase field due to the compositional self-compensating effects of Yb re-

evapoation.  To optimize this ratio, two series of polycrystalline YbOx films are prepared under

isothermal conditions (250°C substrate temperature) on SiO2/Si substrates.  In the first series, the

oxygen pressure (flux) is systematically varied for each sample from the background pressure

(1.5x10-8 Torr) to 3x10-5 Torr at a constant Yb flux (5x1013 atoms/cm2s).  XRD data collected from

select samples in this series are presented in Fig. 7.4.  With increasing growth pressure, the phase

assemblage transforms from metallic Yb to YbO to Yb2O3 as expected.  In the second series of

samples, the metal flux is systematically varied from 2x1013 to 8x1013
 at a constant oxygen

pressure (5.5x10-8 Torr).  XRD for this series of samples is presented in Fig. 7.5.  Here, an
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Fig. 7.4 – YbOx Phase Assemblage as a Function of O2 Growth Pressure:  Y b Ox films
deposited at 5x1013 Yb/cm2s / 250°C and varying O2 pressures, 1.5x10-8 to 3x10-5 Torr O2.

Fig. 7.5 – YbOx Phase Assemblage as a Function of Yb Flux:  YbOx films deposited at 5.5x10-8

Torr O2 / 250°C and varying Yb fluxes, 2x1013 to 8x1013 atoms/cm2s.

increase in Yb flux favors metallic deposition while decreasing Yb flux allows sesquioxide

formation.  Thus, both the O2 flux and the Yb flux can be used to control phase assemblage,

consistent with the kinetic mechanism proposed for this system.  At the 250°C isotherm, Yb fluxes

near 5x1013 atoms/cm2s and O2 pressures near 5.5x10-8 Torr allow deposition of phase pure YbO.

Controlling the oxidant flux is critical to accessing the non-equilibrium YbO phase.  Limited

experimentation with an ozone oxidant indicates phase pure YbO is inaccessible at any flux.  Thus,
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Fig. 7.6 – Influence of O2 Delivery Method on YbOx Phase Assemblage: YbO deposited at
250°C, 5x1013 Yb/cm2s, and 5x10-8 Torr O2 with the O2 port (a) shuttered or (b) unshuttered.

the use of molecular oxygen may be critical to stabilizing non-equilibrium phases with reduced

oxidation states.  Similarly, the mode of molecular oxygen delivery is found to influence the YbO

metastability window.  Fig. 7.6 presents a comparison of YbOx films deposited under identical

conditions but varying delivery geometries: (a) shuttered O2 nozzle to create a diffuse oxygen

atmosphere or (b) unshuttered delivery of the collimated molecular O2 beam.  (Figs. 7.4 and 7.5

are prepared using the former.)  These different delivery methods result in different phase

assemblages.  While a shuttered oxygen source gives phase pure YbO (Fig. 7.6a), the film grown

under direct exposure (Fig. 7.6b) is more oxidized, containing phases with trivalent ytterbium.

Direct exposure to the molecular oxygen beam creates a higher local pO2 near the substrate,

increasing film oxidation.

For the case of shuttered oxygen delivery, the pressure measured at the ion gauge can be

assumed equivalent to the oxygen pressure at the substrate.  Consequently, the O2 impingement

rate at the growth surface can be directly computed from the impingement rate equation (Eqn. 1.1).

At the optimized O2 pressure of 5.5 x10-8 Torr, the impingement flux at the growth surface is

~2x1013 O2 /cm2s.  Accounting for the diatomic nature of molecular oxygen, we find that under

optimal YbO growth conditions, the oxygen source is delivered (~4x1013 O atoms/cm2s) at

approximately the same rate as the Yb flux (~5x1013 Yb atoms/cm2s).  The discrepancy in these

numbers is likely due to not including a tooling factor when measuring the Yb flux and the non-unity

Yb sticking coefficient / re-evaporation rate.  This apparent matching in stoichiometry between

atomic sources and film composition further supports the hypothesis of kinetics stabilizing the

metastable YbO phase.  Comparable oxidation kinetics have been observed for similarly
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electropositive group II elements; Lettieri et al. reported full oxidation of SrO at a flux ratio of

6x1013 O atoms/cm2s to 7x1013 Sr atoms/cm2s [308].

The mechanism for self-correcting stoichiometry through metal re-evaporation is not as

effective in YbO as in MgO because multiple phases are permitted in the Yb/O2 system.  Although

a finite process window does exist, it is relatively narrow.  The above investigations indicate that

perturbations of < 20% in Yb:O2 ratio are sufficient to form mixed phase material.  Given the

limitations in the accuracy of measuring and monitoring process conditions (temperature, pressure,

flux), exact reproducibility may not be possible in other MBE systems.  However, an observation

made during YbO growth addresses this problem.  At optimal YbO conditions, oxygen pressure

remains constant for a fixed leak rate (past the initial ~5 min of deposition).  When not at optimal

YbO growth conditions, the oxygen flux systematically changes during deposition and requires

continual re-adjustment of the leak rate to maintain a constant growth pressure.  For example,

when a mixed phase of YbO and Yb2O3 occurs, O2 pressure increases as growth proceeds;

alternatively, when a mixed phase of YbO and Yb occurs, O2 pressure decreases as growth

proceeds.  These behaviors are consistent with the mixed phase formed.  When YbO and Yb2O3 is

formed, the system has an excess of oxygen for YbO formation, which raises the pO2 in the

chamber—that is the system attempts to self-correct.  When YbO and Yb are formed, the system

requires additional O2, including the material deposited on the walls.  The Yb-coated walls then act

as a capture pump, decreasing the pressure (pO2) of the chamber.

7.2.3 Structural Investigation of Phase Pure YbO Films

Using the previous optimization studies, phase pure polycrystalline YbO films are prepared

on a SiO2/Si substrate.  Representative XRD data, an AFM image, and elemental analyses are

presented in Figs. 7.7 and 7.8.  Structurally, these film appear to contain only the monoxide

rocksalt phase (Fig. 7.7).  Diffraction reflections for the sesquioxide structure are not detected.  The

phase remains stable for at least 5 months when left in ambient atmosphere, indicating less

reactivity with H2O than CaO.  AFM imaging reveals an average grain size of ~30 nm.

Although contamination is unlikely in the ultra-high vacuum environment of the MBE growth

chamber, elemental analysis is performed to verify the purity of the YbO phase.  This precaution is

necessary because ytterbium oxicarbide, hydride, and nitride are known to have similar structure

and lattice parameter to YbO [297, 300].  The general compositional analysis by EDS presented in

Fig. 7.8a confirms that the film is composed of Yb and O.  The observed carbon peak is likely

surface contamination—a problem commonly encountered during e-beam exposure.  However, to
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Fig. 7.7 – Strutural Investigation of Phase Pure Polycrystalline YbO Film on SiO2/Si: (a) XRD
pattern for phase pure YbO film; (b) XRD scans taken over a period of 5 months indicating
temporal stability of the YbO phase at ambient temperature and pressure; (c) AFM image of YbO
film, RMS is over 1 x 1 mm2.

Fig. 7.8 – Compositional Analysis of Phase Pure YbO Films: (a) EDS spectrum and (b) SIMS
depth profile of phase pure YbO films.
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verify that carbon and hydrogen are not present in the bulk, a SIMS analysis is conducted.  Unlike

EDS, SIMS is sensitive to low atomic weight, electronegative elements (C, H, N). The SIMS depth

profile presented in Fig. 7.8b confirms only oxygen is present in significant quantities.  Hydrogen,

carbon and nitrogen are all found to be at or below the 1 at% level.  Considering both the elemental

analysis and the diffraction data, it is concluded that these films are the non-equilibrium rocksalt

ytterbium monoxide (YbO) phase.

7.2.4 Analysis of YbO Thermal Stability

Ex-situ annealing studies are performed to evaluate the extent of YbO metastability.  XRD

scans from annealed YbO films are presented in Fig. 7.9.  The YbO phase appears stable up to

200°C, and begins to transform to the Yb2O3 phase through the mixed valence Yb3O4 phase at

300°C.  The activation energy for this transformation appears relatively independent of oxygen

pressure.  This observation is consistent with the fact that at atmospheric pressure, Yb metal

oxidizes directly to Yb2O3 at between 10-80 and 10-100 atm pO2 [288]. Thus, at a critical temperature

(~300°C), the system is afforded sufficient energy to overcome the activation barrier to transform

into Yb2O3 independent of the atmospheric oxygen content.  The observed transformation

temperature (300°C) is consistent with the upper temperature limit determined for depositing YbO

films (Section 7.2.1).  Thus, 300°C is proposed to be the critical thermal stability limit for YbO.

Fig. 7.9: – Thermal Stability of Ytterbium Monoxide: (a) Series of XRD scans for YbO films
annealed in vacuum (10-6 Torr) for 30 min at varying temperatures; (b) Series of XRD scans for
YbO films annealed in air for 30 min at varying temperatures.
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7.3 Epitaxial Deposition of (111) YbO || (0001) GaN

With only small modification, the optimal conditions for polycrystalline YbO film growth are

found to give single-phase epitaxial YbO films on GaN.  Although the growth temperature is limited

to < 300°C, the high surface mobility of this ionic solid system should allow for epitaxial growth,

similar to the MgO and CaO systems.  XRD scans for an epitaxial YbO film on GaN prepared at

5x1013 Yb atoms/cm2s, 4.5x10-8 Torr O2 and 265°C are presented in Fig. 7.10.  Note that the

deposition temperature is raised from the polycrystalline growth study to improve crystal quality.

Fig. 7.10 – Structural Characterization of Epitaxial (111) YbO || (0001) GaN: (a) q-2q XRD scan
of YbO film on (0001) GaN deposited at 5x1013 Yb/cm2s, 4.5x10-8 Torr O2 amd 265°C; (b) f-circle
scan illustrating 6-fold symmetry and <1`10> YbO || <11`20> GaN in-plane orientation; (c) AFM
micrograph of YbO epilayer on GaN.

Consequently, a lower O2 pressure is required to maintain single-phase YbO growth due to

elevated Yb re-evaporation.  The q-2q scan (Fig 7.10a) reveals a single-phase epitaxial YbO film

with no indication of Yb2O3 or Yb3O4 crystallites.  The epitaxial relationship is identical to MgO and

CaO epilayers.  YbO growth occurs along the <111> direction providing an uninterrupted close-

packed arrangement across the nitride / oxide interface.  The off-axis f-scan (Fig. 7.10b) confirms

6-fold symmetry in the 200 reflection, indicative of 60° in-plane twinning of the cubic crystal.

However, the growth conditions for YbO contrast dramatically with MgO and CaO.  The ratio of

oxygen flux to metal flux is typically 10 to 100 times higher for these systems.  In fact, MgO will fail

to accumulate at the growth conditions used for YbO (See Section 5.1).  This indicates that Yb has

a higher sticking coefficient / longer surface resonance time than Mg.

An AFM image of the epitaxial YbO film is presented in Fig. 7.10c.  The observed grainy

microstructure is similar to epitaxial MgO films on GaN surfaces and results from the 3D growth

mode.  The crystallites have a lateral dimension of ~50 nm, which is comparable to epitaxial MgO
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Fig. 7.11 – Comparison of Epilayer Quality for Rocksalt Oxides Prepared at Similar Growth
Temperatures: Average FWHM values in (a) 2q, (b) w, and (c) f (200 reflection) for MgO films
grown at 250°C, CaO films grown at 300°C and YbO films grown at 265°C on (0001) GaN.

films grown on GaN under similar growth conditions.  The RMS surface roughness is 1.0 nm over

5 x 5 mm2, considerably smoother than the polycrystalline analogue (~2.3 nm over 1 x 1 mm2).

Rocking curves from the 111 reflection have FWHM values of 0.62° and 1.77° in 2q- and

w-circles respectively.  FWHM in f for the 200 reflection is 4.1°.  These values are generally larger

than rocking curve widths of MgO and CaO films grown under optimized conditions (w ~0.5° ; f ~

1.2° for MgO / w ~0.4°, f ~ 2.2° for CaO).  The relatively poor crystal quality of the epitaxial YbO

film likely stems from its thermodynamic instability and the low growth temperature required

tomaintain phase purity.  Fig. 7.11 compares the crystal quality of the three compounds prepared at

similar temperatures (265°C for YbO, 250°C for MgO and 300°C for CaO).  Although YbO remains

significantly worse in the w-circle, f widths between YbO and CaO are comparable.  Comparison to

CaO epitaxy is appropriate because of the similarities in the cation properties (Cation size: Yb =

1.16 Å ; Ca = 1.14 Å / Lattice Misfit to GaN: YbO = -7.7% ; CaO = -6.5%) and sticking coefficients.

(Yttberbium metal appears to accumulate on the heated growth surface with a sticking coefficient

between that of Mg (~0) and that of Ca (~1) – Metal Melting Points: Yb: 1097 K ; Ca = 1112 K ; Mg

= 922 K). Significant improvement in crystallite twist (FWHM f < 2.5°) is observed for CaO films

grown above 400°C (Section 6.1.2).  Similar improvement with growth temperature is arguably

possible for YbO, but unlikely to be practically achievable due to the thermally driven

transformation into the sesquioxide phase.
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Fig. 7.12 – Comparison of Phase Assemblage for YbO and (Yb,Ca)O Polycrystalline Films:
XRD patterns for YbOx films prepared under similar growth conditions on SiO2/Si (5x1013 Yb/cm2s :
5x10-8 Torr O2 shuttered, 285°C) with and without a Ca flux.  (Yb,Ca)Ox film has ~25% Ca.

Fig. 7.13 – Comparison of YbO and (Yb0.92Ca0.08)O Epilayers on GaN: (a) q-2q XRD scan of
(Yb0.92Ca0.08)O film deposited on (0001) GaN, “ * ” marks rogue phase; (b) f-scan of 200 reflection
confirming epitaxial relationship.  Comparison of rocking curve widths in (c) the w-circle and (d)
the f-circles for (Yb0.92Ca0.08)O and YbO epilayers.
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One possibility for improving crystalline quality of YbO is to extend the phase’s thermal

stability through solid solution alloying with CaO.  Previous work on bulk solid solutions of (Yb,Ca)O

showed that the alloy could be synthesized without high-pressure techniques [304, 305], indicating

greater stability than the pure YbO phase.  Preliminary work on alloy deposition of (Yb,Ca)O thin

films indicates solid solubility also increases the phase space in thin films.  Fig. 7.12 compares the

phase assemblage of two YbOx films deposit at similar conditions with and without a Ca flux

present.  An optimal Yb:O2 flux ratio is used (5x1013 Yb/cm2s : 5x10-8 Torr O2 shuttered), but the

substrate temperature is raised to improve cystallinity.  The pure YbOx film has a significant volume

fraction of the sesquioxide phase because of Yb re-evaporation (See Section 7.2.1). However, by

incorporating ~25 at% Ca into the film, a phase pure rocksalt oxide structure is achieved.  It is

interesting to note that the alloyed films acquires a <001> fiber texture with the surface normal.

Similar conditions for (Yb,Ca)O alloy growth are applied to a GaN substrate to determine if

epitaxial crystalline quality can be improved.  An XRD analysis of a (Yb0.92Ca0.08)O film grown at

285°C and 5x10-8 Torr O2 (shuttered) on (0001) GaN is presented in Fig. 7.13.  This figure

demonstrates that rocksalt (Yb,Ca)O grows epitaxially with <111> orientation on (0001) GaN.  The

small shoulder to the right of the AlN peak is either 0002  Ca(OH)2 (which has a topotaxic

relationship of (0001) || (111) with CaO) or 200 YbO (from a population of <001> fiber texture

similar to the polycrystalline sample).  An w-rocking curve comparison (Fig. 7.13c) with the pure

YbO || GaN sample illustrates an improvement in crystal quality—the FWHM decreases by 50%.

Peak widths in f remain relatively constant.  Future experiments should investigate if CaO alloying

can increase stability to ~400°C, the critical temperature for significant crystallite twist alignment in

the CaO system.
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8. Engineering Rocksalt Oxide Solid Solutions for
an Epitaxial Lattice-Match to GaN

Previous work [251] with dielectric / silicon interfaces has demonstrated that lattice-

matching oxide layers to semiconductors reduces interface trap density and improves performance

of device structures that use voltage modulated gates.  The previous three chapters have focused

on growth of single component oxides intended to act as end-members in a solid solution phase

with a variable lattice parameter that can be engineered through alloy composition.  Understanding

the growth processes in each of these end-members is important for designing a strategy for

controlling composition in the solid solution.  Compositional control of complex oxides certainly

remains one of the universal challenges for oxide MBE.

Hume-Rothery rules and the available phase diagram data predict insolubility between

MgO / CaO and MgO / YbO due to a large difference in cation size (>30% for Mg vs. Ca/Yb).

However, previous researchers have demonstrated that solid solutions within the Mg-Ca-O system

can be synthesized using molecular beam deposition (See Section 2.5.6).  Similar demonstrations

in alkali halide systems provide evidence that the formation of metastable alloys is a global

characteristic of ionic solid MBE.  Thus, solid solubility is expected to extend to the Mg-Yb-O

system.  However, many open questions remain.  Because the metastable YbO phase requires

unusually low O2 growth pressures, Mg may not deposit under these conditions.  Will YbO

condensation facilitate Mg adsorption?  Will the presence of the rocksalt MgO phase expand the

stability window for YbO?  Additional questions exist for Mg-Ca-O solid solutions.  For instance,

how does one control film composition in a solid-solution phase when one cation is volatile and the

other is not?  What is the thermal stability limit for this phase?  Will the strain energy associated

with the epitaxial interface extend this stability window?

The intent of this chapter is to develop deposition strategies for growing epitaxial rocksalt

oxide solid solutions on (0001) GaN and to examine methods for controlling alloy composition to

achieve a lattice match to GaN.  Additional characterization is conducted to address the questions

posed in the above paragraph.

8.1 Solid Solutions of the Mg-Yb-O System

In the previous chapter, metastable growth of YbO was determined to occur when the Yb

and O2 fluxes were supplied at equal molar ratios.  For reasonable metal fluxes, relatively low

oxygen growth pressures (~5x10-8 Torr) are required to maintain YbO phase purity.  Over-oxidation
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Fig. 8.1 – Phase Assemblage of (Mg,Yb)O Films: Co-deposited Mg-Yb-O films deposited
concurrently on (a) (0001) GaN and (b) SiO2/Si substrates.  Films were deposited at 250°C, 5x10-8

Torr with total metal fluxes ~5x1013 /cm2s.  Three pairs of samples were prepared at varying Mg:Yb
flux ratios: (1) 2 Mg : 3 Yb; (2) 3 Mg : 2 Yb; (3) 7 Mg : 3 Yb.

causes formation of the thermodynamically stable sesquioxide phase Yb2O3 while under-oxidation

leaves metallic Yb.  The low oxygen pressures required for YbO stabilization are incompatible with

pure MgO deposition (See Section 5.1.3).  The adsorption-controlled growth mechanism for MgO

leads to near zero accumulation at O2 growth pressures below 10-7 Torr for standard growth

temperatures of >250 °C.  Thus, a clear overlap in process space for epitaxial growth of both YbO

and MgO films is not immediately evident.  It is hypothesized that through co-deposition Mg’s

sticking coefficient will be enhanced while the rocksalt template of MgO will facilitate stabilization of

the YbO phase to higher oxygen growth pressures.

Fig. 8.1 presents XRD data for co-deposited Mg-Yb-O (MYO) films prepared on GaN

surfaces and SiO2/Si substrates at 250°C.  Immediately evident is the importance of an epitaxial

template for the crystallization of the film at these temperatures.  For all cases studied, MYO films

remain relatively amourphous on SiO2/Si substrates despite each of the end-members forming

crystalline films when deposited independently on similar substrates at the same temperature.  The

“amorphous diffraction hump” observed is centered near the reacted MgYbOx phase (discussed

below).  The inability to grow a polycrystalline film of this phase at these temperatures may indicate

a complex crystal structure.  Alternatively, incomplete oxidation of the metal flux may also be

causing an amorphous structure similar to that observed in MgOx films deposited at low

temperatures, low pO2 values, and high Mg fluxes (See Section 5.1.3).
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For films prepared on (0001) GaN, all observed phases are epitaxial, given each

reflection’s spot-like shape in the XRD area detector image (not shown).  At low Mg fluxes, the two

oxides appear to phase separate into independent regions of epitaxial YbO and MgO, although

some amount of alloyed composition may exist beneath the substrate peaks.  As the Mg flux

increases, a reaction phase appears.  At a 7:3 Mg:Yb ratio, this reaction phase is the only

remaining constituent.  A definitive identification of this phase has not been possible.  It is

suggested that this phase is a derivative of the layered structure found in many rare earth oxide /

iron oxide alloys including the YbFe2O4 phase [309, 310].  A substitutional structure of Yb(FeMg)O4

is known to exist and has a basal plane reflection (009) near that of the observed reaction phase

[309].  As Mg2+ cations can substitute for Fe2+ in this structure, it may be possible that Yb3+ cations

can substitute for Fe3+.  Irregardless, the failure to form a solid solution precludes utility of MYO

films forming a lattice-matched phase to GaN.  Although the possibility exists that other growth

conditions (higher growth temperatures or higher oxygen pressures) may provide more desirable

results, the Mg-Yb-O system does not easily lend itself to lattice parameter engineering of the

rocksalt oxide structure.

8.2 Solid Solutions of the Mg-Ca-O System

Significant resources have not been invested in improving the Mg-Yb-O system because

Mg-Ca-O (MCO) is known to form a solid solution when synthesized by molecular beam deposition.

The primary challenge for the MCO system is establishing compositional control such that the

lattice-parameter can be engineered to match (0001) GaN.  When using molecular oxygen as the

oxidant, incorporation of the volatile Mg constituent is expected to be a function of temperature and

O2 growth pressure.  As a ternary system with two volatile species (Mg and O2), composition

control becomes more difficult than the AlGaAs ternary, which has only one volatile specie

(allowing simple composition control via the Al : Ga flux ratio).  MCO is most similar to MBE growth

of PbTiO3 [125] and other perovskites like LiNbO3 [311] and BiFeO3 [312] that have a volatile metal

component.  Unlike these materials, MCO lacks a stoichiometric phase that is thermodynamically

favored.  As a complete solid solution, no free energy of formation exists for the formation of a

specific stoichiometry as is the case for “line” compounds like PbTiO3 and LiNbO3.  If a certain

composition is desired (such as Mg0.52Ca0.48O to lattice-match with GaN), then process parameters

must be carefully controlled to achieve it.  No thermodynamic barriers exist to inhibit few percent

variations in composition—except perhaps reductions in interfacial strain energy.
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Fig. 8.2 – XRD Characterization of an MCO Epilayer on (0001) GaN: (a) In-plane q-2q scan of
the MCO 111 reflection with the reflections representing phase separated MgO and CaO
components highlighted; (b) f-circle scan of the MCO 200 reflection indicating 60° twinning and
the standard atomic registry (<1`10> MCO || <11`20> GaN).

An example of an in-plane q-2q scan and out-of-plane f scan for an MCO film of near 50/50

composition is shown in Fig. 8.2.  Co-deposition forms primarily a solid solution phase; only

extremely weak reflections are observed for either end-member indicating <1% phase separation.

The 111 reflection of the MCO epilayer is obscured by the overlapping substrate peaks (GaN and

AlN).  Peak overlap remains an issue even for the higher order 222 reflection, resulting in an

inability to accurately determine the lattice parameter using in-plane diffraction.  To circumvent this

problem, the 200 out-of-plane reflection is used to compute d-spacing and from this value the film’s

composition.

An in-situ RHEED characterization study of MCO epilayer growth is presented in Fig. 8.3.

This film is deposited at 400°C with a 2 Mg : 1 Ca metal flux ratio at a growth pressure of 10-6 Torr

oxygen.  The RHEED diffraction patterns captured during the early stages of growth appear to

have characteristics between those observed for each end-member (Fig. 6.11).  Thus, the MCO

nucleation process appears to be intermediate of the 3D islanding observed for MgO and the 2D

coalescence observed for CaO.  Fig. 8.3e tracks the lattice parameter as a function of film

thickness.  This plot indicates that the film is initially MgO-rich.  Although this observation is

consistent with the incident flux ratio, it is surprising that the less volatile Ca flux does not dominate

during growth initiation.  Additional studies are suggested to confirm that this observation is

repeatable and not an artifact of 3D diffraction.  According to Fig. 8.3e, the MCO film reaches its

bulk lattice parameter (composition) by a film thickness of ~2 nm.  The lattice parameter calculated

at film thicknesses >2 nm is consistent with the d-spacing measured by ex-situ XRD, validating use

of RHEED to monitor MCO composition during film growth.
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Fig. 8.3 – In-situ RHEED Characterization of MCO Epilayer Growth on (0001) GaN: Images
showing the RHEED diffraction pattern for MCO layers of (a) 0.5 nm, (b) 1 nm, (c) 2 nm, and (d) 6
nm thickness.  (e) Plot of the MCO film lattice parameter as a function of film thickness with the
lattice parameter values for the end-members and GaN lattice labeled.  The lattice parameter
calculated from ex-situ XRD measurements is also shown.

8.2.1 Compositional Control of MBE Grown (Mg,Ca)O Epilayers

To explore the process space for controlling composition of the MCO film, five isothermal

series ranging from 200°C to 600°C were prepared at varying Mg : Ca flux ratios.  The absolute Ca

flux (3x1013 Ca/cm2s) remains constant in these series of samples while the Mg flux is varied

appropriately.  Before depositing each sample, each of the fluxes are calibrated with the QCM as

described in Chapter 4.  The oxygen growth pressure for each series is kept constant at a value of

10-6 Torr.  Film composition is determined using the 2q position of the off-axis 200 reflection.

Based on previous work, Vegard’s law is expected to hold for the MgO-CaO alloy [80], so

composition is mapped as a linear interpolation between the d-spacings of the MgO and CaO {200}

planes.  The height error during XRD analysis is corrected by setting the 0002 reflection of GaN to

34.6°.

A graphical depiction of phase space mapped out in this experiment is presented in

Fig. 8.4.  Note that the solid solubility of this system encompasses the entire range of

compositional possibilities between pure MgO and pure CaO.  As expected from the results of

Chapters 5 and 6, the difference in Mg and Ca volatility and sticking coefficient profoundly

influences final film composition even for films prepared at a constant metal flux ratio.  For

example, at an incident flux ratio of 4 Mg : 1 Ca, the final film composition increases from 15 mol%

MgO to 80 mol% MgO as the substrate temperature is lowered from 600°C to 300°C.
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Fig. 8.4 – MCO Compositional Map for Isothermal Series Prepared at Varying Mg : Ca Flux
Ratios:  Plot of MCO film composition (in mol% MgO) as a function of the incident Mg : Ca flux
ratio.  The gray dotted line represents the expected final film composition assuming complete
incorporation of the incident metal fluxes.  The blue dotted line represents the composition
providing a perfect lattice-match to GaN.  Isothermal series are color-coded.  All samples are
prepared at 10-6 Torr O2.

In Fig. 8.4 the dotted gray line represents a final film composition that matches the ratio of

the incoming metal fluxes.  Above substrate temperatures of ~300°C, film stoichiometries deviate

from this ideal condition.  This result implies that at higher substrate temperatures, the rate of Mg

re-evaporating from the growth surface is significantly higher than Ca re-evaporation.  By 500 °C

the ability to achieve a final film composition of (Mg0.52Ca0.48)O, necessary for a lattice-match to

GaN, seems impossible at the current oxygen growth pressure (lattice-matched composition is

highlighted with a blue dotted line).  At 600 °C the final film composition is invariant to the incident

Mg flux, remaining at a fixed composition of 15 mol% MgO.  At these elevated temperatures

(600°C), it is prudent to consider if thermodynamic solubility is impacting the final film composition.

According to the phase diagram (Fig. 2.17), solid solubility for MgO in CaO at 600 °C is below 3.5

mol %.  The observed composition is substantially higher (15 mol%).  Thus, film composition is

hypothesized to still be dominated by a kinetic limitation based upon the re-evaporation rate of the

Mg component.  It is also relevant to note that at these elevated temperatures (500°C to 600°C)
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Fig. 8.5 – MCO Composition Map for Isothermal Series Prepared at Varying O2 Growth
Pressures:  Plot of MCO film composition (in mol% MgO) as a function of oxygen growth pressure.
All samples are prepared at a Mg:Ca flux ratio of 2:1. The gray dotted line represents the expected
final film composition assuming complete incorporation of the incident metal fluxes.  The blue
dotted line represents the composition providing a perfect lattice-match to GaN.  Isothermal series
are color coded.  All samples are prepared at 10-6 Torr O2.

and low Mg fluxes (3x1013 to 1.2x1014), MgO is not expected to accumulate as a single phase.  The

ability to incorporate any MgO into these films under these conditions indicates that the CaO co-

deposition is facilitating MgO accumulation on the growth surface.  It is likely that only when an

incident Mg atom lands close to a step edge formed by the CaO growth surface does it incorporate

into the film.  Thus, the saturated fraction of MgO incorporation may represent the fraction of step

edges on the growth surface.  MgO willingness to incorporate at these ledges also demonstrates a

stronger binding to the CaO lattice than the GaN lattice.

Applying the understanding of MgO accumulation following an adsorption-controlled

mechanism, film composition is also investigated as a function of oxygen growth pressure.

Increasing the oxygen growth pressure is expected to increase the MgO accumulation rate.  Using

this approach, it may be possible to achieve the lattice-matched composition (52/48) at higher

growth temperature, which may improve crystal quality.  To investigate this hypothesis, a similar

series of MCO samples are prepared but at a constant Mg : Ca flux ratio of 2 : 1.  The phase map

from this series of experiments is presented in Fig. 8.5.  As expected, the MgO fraction increases in

the final film composition as oxygen growth pressure increases.  At a growth temperature of 400°C,
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the composition saturates around 58 mol% MgO at pO2 values above 10-6 Torr.  Saturation in film

composition does not occur until near 10-5 Torr O2 for growth at 500°C and 600°C.  These

temperatures saturate at composition of 43 mol% and 36 mol% MgO respectively.  These

compositions remain below the 52 mol% value necessary for a lattice match to GaN.  Whether a

further increase in the Mg : Ca flux ratio at the highest oxygen growth pressures could push

compositions up to 52 mol% has yet to be investigated.  However, because little change is

observed between flux ratios of 2:1 and 4:1 in Fig. 8.4, lattice matching at temperatures at or above

500°C appears unlikely.  If such temperatures are found to be more desirable for MCO lattice-

matched films, a more oxidizing source such as O3 or an O plasma will be necessary to enhance

Mg incorporation.

These investigations demonstrate that with a molecular oxygen oxidant, MCO film

composition is strongly dependent on three variables: (1) metal flux ratio, (2) growth temperature,

and (3) oxygen growth pressure.  To engineer the composition (and lattice parameter), it is

desirable to simplify these dependencies.  Fig. 8.4 indicates that the factors influencing

composition can be reduced to a single variable (metal flux ratio) if temperature is reduced to

< 300°C and growth pressures are kept above 10-6 Torr O2.  If higher growth temperatures are

desired (>300°C), then the number of variables can be reduced to two (metal flux ratio and

temperature) if oxygen pressure is kept above 10-5 Torr (Fig. 8.5).  Under these growth conditions,

temperature could act as the “feedback control” for film stoichiometry; this process parameter can

both be rapidly adjusted and in-situ monitored during deposition.  For growth above 500°C and O2

pressures > 10-5 Torr, it appears possible that film stoichiometry will only depend on temperature.

Temperature control of film composition in this system offers a unique method for the deposition of

compositionally graded epilayers.  This method may result in improved film quality over simply

adjusting metal fluxes since CaO shows deteriorated crystal quality below 500°C while MgO fails to

accumulate above 500°C.

8.2.2 Consideration of Thermal Expansion Mismatch Between MCO and GaN

At this point it is constructive to consider the thermal expansion mismatch between the

MCO epilayer and the GaN / sapphire substrate and how this changes the lattice-match

composition of an MCO film.  The coefficients of thermal expansion (CTE) for GaN and sapphire

are 5.6 ppm/°C and 7.3 ppm/°C along the <1000>-directions respectively [158].  The exact thermal

expansion coefficient for an MCO film is unknown, but the general range of CTE values for MgO

and CaO crystals is between 10 ppm/°C and 15 ppm/°C over the range of deposition temperatures
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Fig. 8.6 – Plot of MCO Composition for Lattice-Match to GaN Accounting for CTE Mismatch:
Plot of the MCO lattice-match composition to GaN computed using a CTE for GaN of 5.6 ppm/°C
and the expected range of CTE values for an MCO film.

explored [313].  Because the MCO film expands at a faster rate than the GaN lattice, the MCO

composition providing a lattice-match to GaN will change with deposition temperature.  For this

system, the MgO fraction must be increased with temperature to reduce the amount of lattice

expansion.  Fig. 8.6 plots the composition of an MCO layer necessary to achieve a lattice match to

GaN over a temperature range of 25°C to 1000°C.  Over the temperature range explored

experimentally (200°C to 600°C), the lattice-matched composition changes by only ~3.5%.

Although this factor should be kept in mind, the amount of error introduced is likely not important at

our current level of process control.

8.2.3 Comparison of MCO Crystal Quality to End-Member Epilayers

As an epilayer approaches the d-spacing of the substrate lattice, the atomic registry at the

interface improves and nucleating crystallites are expected to have better in-plane alignment.  As

discussed previously, the degree of in-plane alignment or “crystallite twist” can be semi-quantified

by the f-circle rocking curve width of an out-of-plane reflection.  Fig. 8.7 compares f-circle rocking

curves for an MgO epilayer prepared at 350°C, a CaO epilayer prepared at 600°C, and an MCO
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Fig 8.7 –Crystallite Twist of MCO Films Compared to End-Members: Normalized f-circle
rocking curves for the 200 reflection of CaO (red), MgO (blue), and (Mg0.56Ca0.44)O (green)
epilayers on GaN.  The MCO film has a 0.79% mismatch to (0001) GaN.  To the right is a graph of
the FWHM of each of these rocking curves and the corresponding percent reduction in peak width
of the film above it.

film with less than 1% mismatch to GaN prepared at 400°C.  The FWHM for the MCO film is 0.79°.

In general, the f-circle rocking curves for MCO films prepared under these conditions are

consistently narrower than the end-members with values <1.25° and often below 1°.  These values

also represent the best reported in the literature for an epitaxial oxide grown directly on GaN.  This

accomplishment is more impressive considering the poor XRD optics used to collect these rocking

curves (0.8 mm collimated beam on Bruker AXS diffractometer with an area detector).

8.2.4 Thermal Stability of the MCO Alloy

Section 8.2.1 demonstrated that elevated growth temperatures (>500°C) are unlikely to

allow deposition of an MCO alloy lattice-matched to (0001) GaN when using molecular oxygen as

the oxidant.  However, besides the difficulty with Mg incorporation, MCO films deposited at these

elevated temperature have also been observed to have broader 2q peak widths than films

deposited at lower temperatures.  This observation is believed to indicate decomposition of the

metastable MCO alloy.  Besides disrupting crystal quality during growth, it is also prudent to

investigate the thermal stability of MCO films after deposition to determine their available thermal

process window for incorporation in solid-state device manufacturing.
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Fig. 8.8 – XRD Analysis of Thermal Decomposition of a (Mg0.58Ca0.42)O Film on (0001) GaN:
Images (a-d) are captures of the XRD area detector diffraction spots observed for an MCO film
heated in vacuum at varying temperatures for 60 min.  Note that (a & b) are collected at a fixed f
position optimized for the MCO 200 reflection while (c & d) are collected by scanning 5° in f to fully
capture any reflections between MgO 200 and CaO 200.  This scanning in f causes the increased
intensity of the GaN 101 reflection.  (e) XRD line scans of the 200 rocksalt oxide reflections for all
annealing temperatures investigated. (f) Plot of the FWHM of the 200 MCO reflection in part (e). (g)
In-plane XRD verifying epitaxial phase segregation in the 111 reflection as well.

Previous work on MCO thermal stability, which was summarized in Section 2.5.6, found

decomposition of (001) MCO (45/55) films to begin at 500°C in O2, with more rapid decomposition

occurring above 700°C [80, 145].  MCO films heated to 800°C in vacuum were found to

decompose within 5 min [149].  A clear mechanism (spinodal decomposition or heterogeneous

nucleation) for this unmixing is not agreed upon.  In this experiment an MCO film prepared at

400°C on (0001) GaN (Mg0.58Ca0.42O, 1% strain) is diced and then heated in vacuum (< 10-6 Torr)

for 60 min at various temperatures.  The XRD analysis for each sample is presented in Fig. 8.8.
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For this system, a thermal input between 700°C and 750°C is found necessary for significant

decomposition of the alloy.  The width of the 200  reflection provides a semi-quantitative

representation of the decomposition process; compositional fluctuations in the material will have

varying lattice parameters which will cause broadening of the 200 reflection in 2q.  Fig. 8.8f plots

the 200 reflection FWHM at increasing annealing temperatures.  The film annealed at 500°C

actually has a narrower reflection than the as-deposited sample.  This likely represents improved

crystal quality rather than greater composition homogeneity.  The FWHM value monotonically

increases for annealing temperatures above 500°C, indicating a finite amount of alloy unmixing

prior to the massive decomposition that occurs at 750°C.  Note that this broadening of the 200

MCO reflection and the lack of detectable reflections for 200 MgO and CaO is indicative of spinodal

decomposition rather than heterogeneous nucleation.

The mechanism for decomposition at temperatures > 750°C is difficult to ascertain.  The

200  MCO reflection in Fig 8.8c (750°C) blends with the 2 0 0 MgO reflection indicating a

compositional gradient consistent with spinodal decay.  However, the lack of intensity between the

200 MCO reflection and 200 CaO reflection is suggestive of heterogeneous nucleation.  A temporal

investigation at this isotherm quenching in the structural evolution may elucidate the mechanism for

decomposition.

The sample annealed at 900°C has 200 rocksalt oxide reflections with 2q values of 37.64°

and 42.80° which correspond to compositions of Mg0.06Ca0.94O and Mg0.98Ca0.02O.  The higher

solubility of MgO in CaO is consistent with other experimental and theoretical results for both

thermodynamic equilibrium and spinodal decomposition in this system [80, 148, 149, 151].  The

compositions observed here for the unmixed phases have lower solubility than previous

experimental work.  Hellman and Hartford [80] found 9 mol% MgO solubility in CaO for

Mg0.45Ca0.55O thermally decomposed in oxygen, while Li et al. [149] found that Mg0.7Ca0.3O

spinodally decomposed to Mg0.53Ca0.47O and Mg0.12Ca0.88O at 800°C in vacuum.  Our findings of

5.7 mol% MgO solubility in CaO and 1.9 mol% CaO in MgO are in fact closer to the thermodynamic

limits of 3.5 mol% MgO and 0.7 mol% CaO observed in bulk samples at 1350°C by Doman et al.

[148].

Finally, it is interesting to note that the MCO film remains predominantly epitaxial upon

decomposition as evidenced by the diffraction spots in the XRD area detector images and the

singular 111 reflections of the in-plane q-2q scan (Fig. 8.8g).  Further investigations into the

microstructure of these phase-separated epitaxial structures could be of interest and aid in

understanding self-assembly in nano-structured composites of functional oxides (multiferroics)

[314].
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8.2.5 Ambient Stability of the MCO Alloy

In Section 6.1.2, CaO films were demonstrated to be unusually reactive with water vapor.

When left in ambient atmosphere at room temperature, CaO films began converting to Ca(OH)2

immediately, with nearly full conversion of a 200 nm film within 2 weeks.  A similar experiment has

been conducted with a 70 nm MCO film of Mg0.58Ca0.42O composition (~1% mismatch) grown at

400°C and not capped with MgO.  An XRD analysis of its phase assemblage over a period of two

weeks is presented in Fig. 8.9.  This data suggests that the MgO imparts additional stability to the

system such that no hydroxide phase is detectable by XRD after 2 weeks in ambient.  Recalling

that despite the overlap of 2q angle, Ca(OH)2 diffraction reflections were immediately apparent in

the diffractographs of Fig. 6.8 because of their off-axis orientation.  From the diffractograph in

Fig. 8.9c, it can be concluded that hydroxide formation in the MCO epilayer is below the XRD

detection limits (< 2 nm).  The 2q position of the off-axis MCO 200 reflection also remains constant,

indicating no change in alloy composition.  Thus, MCO alloys with compositions that nearly lattice-

match to GaN exhibit promising ambient stability that may preclude the necessity for device

encapsulation.

Fig. 8.9 – Evaluation of Ambient Stability of an Un-encapsulated Mg0.58Ca0.42O Epilayer on
GaN:  XRD data collected from an MCO film immediately after deposition, 1 day later, and 2 weeks
later examining both the (a) off-axis reflections, (b) on-axis reflections, and (c) diffractograph.
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9. Evaluation of Epitaxial Rocksalt Oxides on GaN
for Device Performance

The previous four chapters have primarily focused on the MBE growth of epitaxial rocksalt

oxides on GaN and how process parameters affect the material’s structure.  The purpose of this

chapter is to evaluate the properties of these rocksalt oxide / GaN heterostructures as they relate to

integration in wide-gap semiconductor devices.  This evaluation is conducted following the criteria

established in Chapter 4.  First, the thermal stability of the interface between epitaxial oxides and

GaN is experimentally examined.  Second, the integration of epitaxial ferroelectric oxides is

explored.  Finally, the electrical performance of simple MOS capacitors fabricated from these

oxides on GaN are evaluated.  This electrical characterization focuses on the I-V characteristics of

MOS capacitors.  The necessity of a “wider-gap” rocksalt oxide interfacial layer to lower current

leakage and the density of interfacial states is considered for different device architectures.

9.1 Thermal Stability of Oxide / Nitride Interfaces

The chemical stability between an oxide epilayer and its substrate at elevated

temperatures is of interest for designing device process flows.  For instance, GaN device

processing can require thermal anneals near 1000°C for dopant activation or Ohmic contact

formation [254, 255].  Integration of epitaxial functional oxides will also require high temperature

deposition or crystallization anneals.  If a reaction phase forms at the oxide / GaN interface, then

the device performance of both the semiconductor and dielectric components will be degraded.

Thus, an understanding of the thermal stability of the oxide / GaN interface is of interest for solid-

state device design.

9.1.1 Interfacial Thermal Stability of Epitaxial Rocksalt Oxides on GaN

An in-depth study is undertaken to investigate the thermal stability between GaN and the

epitaxial rocksalt oxides examined in the previous chapters of this thesis.  For these experiments

the epitaxial oxide (~100 nm) is deposited at a relatively low temperature (~300°C).  The wafer is

then diced into multiple samples that are annealed at varying temperatures (600°C – 1100°C) in a

controlled atmosphere tube furnace.  One series of samples is annealed in air.  A second series is

annealed in a reducing environment (5% H2 / 95% N2 continuously flowed at ~1 slm) to remove the

possibility of O2 diffusing to the interface and facilitating Ga2O3 formation.  All samples are directly

inserted into the hot-zone of a furnace pre-heated to the desired temperature, annealed
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Fig. 9.1 – Thermal Stability between MgO and GaN: (a) XRD patterns collected from (111) MgO
|| (0001) GaN annealed at varying temperatures in air; (b) XRD patterns collected from (111) MgO
|| (0001) GaN annealed at varying temperatures in a reducing atmosphere.  Reflections labeled in
green are for MgO.  Arrows in red represent reaction phases.

for 30 min, and then promptly removed.  Samples annealed in the reducing atmosphere are

enclosed in the atmosphere for 5 min prior to insertion into the hot-zone to allow a steady-state

atmospheric composition to be reached.  The sample remains in this atmosphere during cooling.

The extent of interfacial reaction is evaluated by XRD.  Although XRD is not the most sensitive

technique to interfacial reactions, it should provide a basic guide to the interfacial stability.  The

Bruker AXS diffractometer equipped with an area detector used for this study is expected to have

the capability of detecting a reaction layer having a thickness of 1 to 5 nm.  Furthermore, the

thermal annealing conducted in these experiments is considerably longer (30 min) than expected

for a true GaN device process flow, which will likely use rapid thermal annealing (~1 to 5 min).  By

using longer time at temperature, a larger fraction of reaction products are expected making them

easier to detect by XRD.

The results for the thermal stability study of MgO epilayers deposited at 250°C on GaN are

presented in Fig. 9.1.  Samples heated in air begin to react at 950°C with clear reaction phases

evident at 1050°C.  The observed reaction phases partially match reflections for Ga2O3 and

MgGa2O4, indicating possible oxidation of the GaN substrate followed by a solid-state reaction

between the two oxides.  This mechanism for interfacial reaction is further supported by the lack of

reaction observed when annealing in a reducing environment (Fig. 9.1b).  The diffraction patterns

for MgO epilayers annealed in 5% H2 / 95% N2 remain invariant up to 1100°C at which point the

MgO film delaminates upon cooling (thus the lack of a 111 MgO reflection). Delamination is not

surprising as the thermal expansion mismatch between substrate (5.6 ppm/°C for GaN, 7.3 ppm/°C
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for sapphire along <1000>-direction [158]) and MgO epilayer (~12 ppm/°C [313]) is substantial (~5

ppm/°C).  This mismatch in the CTE results in a compressive strain of 0.55%.  Although the film is

in compression, this strain is ~40% larger than that observed at fracture (0.4%) for MgO single

crystals loaded in tension [315].  A picture of this delaminated film is provided later in Fig. 9.4b.

It is interesting to note that although GaN is known to decompose (in vacuum) [316] or

oxidize (in air) [317] at temperatures above ~850°C, no deterioration in the GaN peak intensity is

observed until 1100°C.  This result indicates that an oxide film can act as a protective capping layer

preventing GaN decomposition.

To determine the feasibility of oxygen diffusion as the initiator for interfacial reaction, the

characteristic diffusion distance (x) is estimated using the relationship x = (DO2t)
0.5. An oxygen

diffusivity (DO2) of ~7.5x10-21 cm2/s has been measured for (001) MgO epilayers at 1050°C [318].

For the experimental annealing time (t) of 30 min, this diffusivity results in a diffusion distance of

only 0.4 Å, far less than the film’s thickness of ~100 nm.  However, it is well known [319–321] that

self-diffusivity in MgO is enhanced along grain boundaries.  The measured oxygen diffusivity along

grain boundaries in polycrystalline MgO samples at 1050°C is ~7.3x10-15 cm2/s.  This diffusivity

gives a diffusion distance of ~36 nm in 30 minutes of annealing.  Thus, it is likely that the twinned

structure of these MgO epilayers is assisting oxygen diffusion to the MgO / GaN interface and

causing the observed reaction phases.

Fig. 9.2 presents the results for the thermal stability of CaO epilayers deposited at 300°C

on (0001) GaN.  These samples were not capped with MgO and therefore prone to hydroxylation.

They were also prepared before the importance of an O2-first growth strategy was realized, causing

a small fraction of polycrystalline phase (200 reflection).  Similar to MgO, reaction phases are

observed at temperatures > 900°C when samples are annealed in air.  These phases are loosely

identified as Ga2O3 and Ca5Ga6O14 although other mixed oxide phases may also be present.

Samples annealed in a reducing atmosphere show no indication of a reaction phase, again

supporting the hypothesis that oxygen diffusion is the source of interfacial reactions when

annealing in an ambient atmosphere.

Fig. 9.3 presents the results for the thermal stability of a YbOx film deposited on (001) GaN

at 350°C.  Because the rocksalt YbO phase is expected to transform to Yb2O3 above annealing

temperatures of ~300°C, no attempt is made at depositing epitaxial YbO layers.  Instead, strongly

<111>-textured Yb2O3 layers are grown and the stability of these oxides is evaluated with respect

to GaN.  As seen in the “as deposited” scans, a fraction of the initial film has the mixed valence

phase Yb3O4.  However, even at the lowest annealing temperature (600°C, and even in the
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Fig. 9.2 – Thermal Stability between CaO and GaN: (a) XRD patterns collected from (111) CaO
|| (0001) GaN annealed at varying temperatures in air; (b) XRD patterns collected from (111) CaO
|| (0001) GaN annealed at varying temperatures in a reducing atmosphere.  Reflections labeled in
green are for CaO.  Arrows in red represent reaction phases.

Fig. 9.3 – Thermal Stability between YbOx and GaN: (a) XRD patterns collected fromYbOx films
deposited on (0001) GaN annealed at varying temperatures in air; (b) XRD patterns collected from
from YbOx films deposited on (0001) GaN annealed at varying temperatures in a reducing
atmosphere.  Reflections labeled in green are for YbOx phases.  Arrows in red represent reaction
note the reflections for monoclinic Ga2O3.

reducing environment), the film is fully converted to the thermodynamically favored Yb2O3

phase.Similar to MgO and CaO, a reaction is observed at annealing temperatures > 900°C in air

but not in the reducing environment.  In this case, the diffraction reflections observed for the

reaction phase match well to the monoclinic form of Ga2O3.  This indicates no reaction between

Yb2O3 and Ga2O3 unlike the MgO and CaO systems.
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Fig. 9.4 – Photographs of Film Degredation / Delamination after High-Temperature
Processing:  (a) Image of a YbOx film on GaN as-deposited and after annealing at 1000°C and
1100°C in 5% H2 / 95% N2 showing the hazy appearance of the 1100°C sample; (b) Image of a
MgO film on GaN as-deposited and after annealing at 1050°C and 1100°C in 5% H2 / 95% N2

showing the delamination that occurred at 1100°C.

The XRD scan for the Yb2O3 / GaN sample annealed at 1100°C in a reducing environment

shows a deterioration in the 0002 GaN peak intensity.  This decay in peak intensity suggests

decomposition of the GaN film.  Visually, the film becomes hazy compared to the sample annealed

at 1000°C or the as-deposited sample (see Fig. 9.4a).  This result implies that the Yb2O3 film is less

effective at protecting the GaN substrate from decomposition than MgO or CaO epilayers.  This

reduced capacity for retaining GaN integrity may stem from the film’s polycrystalline nature and its

originally mixed phase assemblage.

9.1.2 Thermal Stability of the Interface Between Rare Earth Oxides and GaN

A second study of thermal stability between oxides and GaN has been undertaken to

include a larger materials set.  MgO and CaO are again included for completeness, but oxides from

the lanthanide series of elements are also investigated, including Sm2O3, Dy2O3, Ho2O3 and Yb2O3.

These oxides are known to be stable in contact with silicon [322] but a lack of thermodynamic data

precludes predictions about their stability with GaN [256].  All oxides are prepared on (0001) GaN

surfaces at 500°C except MgO, which is deposited at 300°C.  The CaO epilayer is capped with ~10

nm of MgO.  Note that this capping layer is readily detectable in the XRD pattern, indicating that

this technique should have sensitivity to reaction layers considerably thinner than

10 nm (~1 to 5 nm sensitivity).  Each sample is diced into three pieces.  Two of the pieces have

been annealed in a reducing atmosphere (5% H2 / 95% N2) for 4 hours at either 727°C (1000 K) or
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1000°C.  These temperatures are selected because thermodynamic predictions have all been

based upon the 1000 K isotherm [256, 322], and 1000°C is a temperature of interest in the device

processing of GaN microelectronics.  The extended annealing time is expected to allow the

formation of sufficient reaction product such that it is detectable by XRD.  Only a reducing

atmosphere is investigated because a universal upper limit of 850°C to 900°C for processing in air

has already been established in the previous section.  Both the XRD line scans and diffractometer

area detector images are provided for full investigation of interfacial reactions.

The results for this series of experiments are presented in Figs 9.5 to 9.10.  Both the MgO

(Fig. 9.5) and CaO (Fig. 9.6) epilayers show no indication of reaction phases consistent with the

shorter annealing times probed in the previous section.  None of the rare-earth oxides show any

reaction phases at the 727°C (1000 K) isotherm.  Changes in the XRD patterns are all attributed to

phase changes in the materials.  Because deposition conditions of these oxides have not been

optimized, many of the films are of mixed phase that include metastable structures, which

inevitably transform into polycrystalline equilibrium phases upon annealing.  For example, the

Dy2O3 sample (Fig. 9.8) has a significant fraction of the metastable high-pressure phase in the

as-deposited film.  Upon annealing to 1000°C, polycrystalline diffraction rings are observed that are

consistent with reflections for the equilibrium Dy2O3 bixbyite structure.  None of the peaks observed

match the known dysprosium nitride or dysprosium gallium oxide phases (DyN, Dy3Ga5O12),

suggesting that no reaction has occurred at the interface.  Similar conclusions are reached for the

Ho2O3 film and the Yb2O3 film.  However, the data collected from the Sm2O3 / GaN sample

suggests the possibility of a reaction phase.  This conclusion is complicated by the fact that Sm2O3

has two phases (cubic and monoclinic) that are very similar in free energy with a phase transition

near 350°C.  Although the high temperature monoclinic phase is observed in the as-deposited film

and is expected to remain stable upon annealing, some of the reflections observed at high

temperatures could align with the pattern for the cubic phase.  However, these reflections appear to

more fully match the diffraction angles of the Sm3GaO6 phase, which would imply that an interfacial

reaction has occurred in this system.  More complete characterization of this sample (TEM, RBS,

and perhaps SIMS) would be necessary to confirm a reaction.  However, it is interesting to note

that Sm2O3 is the earliest elemental oxide studied in the lanthanide series.  Future investigations

could benefit from examining other early lanthanide oxides (Ce2O3 or Nd2O3) as they could provide

evidence for a trend in reactivity.  The theoretical calculations of Schlom et al. [256] have indicated

that Ce2O3 should be stable in contact with GaN at 1000 K, whether this will hold to 1000°C is

currently unknown.
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Fig. 9.5 – Thermal Stability of the MgO-GaN Interface:  XRD line scans and diffractometer area
detector images for (a) a MgO film deposited on (0001) GaN at 300°C and then annealed at (b)
727°C and (c) 1000°C for 4 hours in a reducing atmosphere (5% H2 / 95% N2).

Fig. 9.6 – Thermal Stability of the CaO-GaN Interface:  XRD line scans and diffractometer area
detector images for (a) a CaO film deposited on (0001) GaN at 500°C and then annealed at (b)
727°C and (c) 1000°C for 4 hours in a reducing atmosphere (5% H2 / 95% N2).

Fig. 9.7 – Thermal Stability of the Sm2O3-GaN Interface:  XRD line scans and diffractometer
area detector images for (a) a Sm2O3 film deposited on (0001) GaN at 500°C and then annealed at
(b) 727°C and (c) 1000°C for 4 hours in a reducing atmosphere (5% H2 / 95% N2).
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Fig. 9.8 – Thermal Stability of the Dy2O3-GaN Interface:  XRD line scans and diffractometer area
detector images for (a) a Dy2O3 film deposited on (0001) GaN at 500°C and then annealed at (b)
727°C and (c) 1000°C for 4 hours in a reducing atmosphere (5% H2 / 95% N2).  The peak labeled
Dy2O3 Hi P is being assigned to a high-pressure phase of dysprosium oxide.  Upon annealing, this
phase is observed to transform to the equilibrium bixbyite phase.

Fig. 9.9 – Thermal Stability of the Ho2O3-GaN Interface:  XRD line scans and diffractometer area
detector images for (a) a Ho2O3 film deposited on (0001) GaN at 500°C and then annealed at (b)
727°C and (c) 1000°C for 4 hours in a reducing atmosphere (5% H2 / 95% N2).  The shoulder of the
Ho2O3 222 peak is believed to indicate a small fraction of the less stable hexagonal structure.

Fig. 9.10 – Thermal Stability of the Yb2O3-GaN Interface:  XRD line scans and diffractometer
area detector images for (a) a Yb2O3 film deposited on (0001) GaN at 500°C and then annealed at
(b) 727°C and (c) 1000°C for 4 hours in a reducing atmosphere (5% H2 / 95% N2).  The as
deposited film is mixed phase between fully oxidized Yb2O3 bixbyite and the mixed valence Yb3O4.
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9.2 Templates for Deposition of Epitaxial Functional Oxides

One reason for investigating the thermal stability of rocksalt oxide / GaN interfaces is to

evaluate their applicability as interfacial layers for epitaxial deposition of functional oxides like

perovskite ferroelectrics and multiferroics.  Previous research has demonstrated that many of these

functional oxides (PZT for instance) react with GaN using standard synthesis conditions [220,

225–227].  This section examines some preliminary work investigating the integration of

(Ba,Sr)TiO3 and Pb(Zr,Ti)O3 ferroelectric films with GaN and the impact that interfacial layers have

on film structure and interface compatibility.  Evaluating the importance of having a wide-gap oxide

(MgO/CaO) at the interface as a barrier to current injection is reserved until Section 9.3 where

electrical testing is discussed.

This section examines both the integration of sputtered (Ba,Sr)TiO3 (BST) layers and

chemical solution deposited (CSD) PZT layers with (0001) GaN.  The focus is on improving the

structure of these films through processing conditions.

9.2.1 Epitaxial Deposition of BST Films Directly on GaN and on Epitaxial

MgO Template Layers

RF magnetron sputtering is used to deposit BST thin films from a 4-inch diameter

(Ba0.6Sr0.4)TiO3 ceramic target (Superconductor Materials, Inc).  All depositions are carried out

using a 10 mTorr argon plasma and a substrate temperature of 650°C to promote epitaxial growth.

Adhering the GaN/sapphire substrate to a metal (titanium) disc with silver paste is found necessary

to achieve good, uniform thermal contact.

A temperature of 650°C is sufficient for epitaxial deposition of BST thin films if the

deposition rate is kept below ~2 nm/min.  Further improvements in epitaxial quality are seen for

deposition rates of ~1 nm/min.  A comparison of XRD data collected for BST films deposited

between 10 nm/min (300 W RF power) and 1 nm/min (60 W RF power) is provided in Fig. 9.11.

For the highest deposition rates (Fig. 9.11a, 10nm/min), films are polycrystalline (diffraction arcs)

with both a <111>- and <110>-oriented out of plane texturing (high intensity at c = 0°).  As the

deposition rate is decreased to 2.5 nm/min, (111) epitaxial crystallites appear (diffraction spot), but

a small fraction of polycrystalline phase remains.  At a deposition rate of 1 nm/min, the film appears

fully epitaxial. These observations are consistent with standard theories for epitaxial growth that

predict slower deposition rates allow more time for surface diffusion and epitaxial templating from

the substrate.
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Fig. 9.11 – Effect of Deposition Rate on Crystalline Structure of BST Thin Films on GaN:
Diffractographs from XRD area detector illustrating the crystalline structure of BST thin films
deposited by RF magnetron sputtering at 650°C directly on GaN at varying deposition rates (a)10
nm/min (300 W RF power), (b) 2.5 nm/min (125 W RF power), (c) 1 nm/min (60 W RF power).

Fig. 9.12 – Structural Characterization of (111) BST Epilayers on (0001) GaN:  (a) q-2q scan of
BST epilayer on GaN; (b) w-circle rocking curve of 111 BST reflection; (c) f-circle scan of 200 BST
reflection indicating 60° in-plane twinning and a <1`10> BST || <11`20> GaN epitaxial relation
similar to rocksalt oxide epilayers; (c) 3 mm x 3 mm AFM image of BST epilayer surface.
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Fig 9.13 – Near Coincident Site Lattice Positions for Epitaxial Perovskites on Wurtzite:
Illustration of two possible NCSL orientations for a perovskite epilayer on a wurtzite lattice (a)
“Perimeter” orientation where the wurtzite sites fit along the perimeter of the {111} perovskite plane
(outlined with a dotted black line); (b) “Centered” orientation with a wurtzite lattice point at the
center of the {111} perovskite lattice plane.  Note that this drawing focuses on crystal symmetry
and assumes a lattice misfit of zero for both orientations. This depiction also only shows the {111}
AO3 planes; the {111} B planes would only have B-site cations at the corners of the dotted
triangles.

A 3 circle diffraction investigation of the epitaxial (111) BST film deposited at 1 nm/min is

provided in Fig. 9.12.  The epilayer has (111) BST || (0001) GaN orientation similar to epitaxial

rocksalt oxides.  The FWHM in w and f is 0.34° and 2.73° respectively.  The f-scan indicates a

<1`10> BST || <11`20> GaN in-plane relationship with 60° in-plane twinning also similar to rocksalt

oxide epitaxy.  However, unlike the rocksalt oxides explored, perovskite oxides have a viable

second in-plane orientation.  These two near coincident site lattice (NCSL) geometries are

presented in Fig. 9.13.  The observed “perimeter” orientation has a 14% tensile mismatch, while

the “centered” orientation (30° rotation) has a –1.3% compressive mismatch.  The relatively large

lattice parameters of rocksalt oxides (4.21 Å for MgO vs 3.95 Å for BST) precludes the centered

orientation.*  The smaller primitive lattice of the perovskite structure makes this “centered”

orientation a closer lattice match.  However, despite the relatively small lattice match, BST

epilayers grow with “perimeter” orientation.  This preference is likely the result of the NCSL

matching for this orientation.  All positions are filled for the “perimeter” geometry while 3/4 of the

NCSL positions remain unmatched in the “centered” geometry.

                                                  
* The rocksalt oxide lattice is incapable of accommodating a cation smaller than Mg to reduce its
lattice parameter.  Smaller cations (e.g. Be, Zn) are no longer capable of octahedral coordination
and instead crystallize into structures with tetrahedral coordination (e.g. wurzite).
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Fig. 9.14 – Z-Contrast STEM Images of (111) BST Epilayers on (0001) GaN: Annular dark field
STEM images showing the cross-sectional microstructure of epitaxial BST films on GaN [281].

Fig. 9.12d shows an AFM image of the BST epilayer surface.  Similar to MgO epilayers,

the BST film has a grainy microstructure, likely a consequence of the in-plane twinning and the

possible faceting on the (111) surface.  A closer examination of the BST epilayer microstructure

has been conducted with colleagues at Cornell using cross-sectional scanning transmission

electron microscopy (STEM) operated in Z-contrast mode.  Annular dark field images captured

during this investigation are presented in Fig. 9.14.  These images reveal a dramatically different

microstructure than those presented for MgO epilayers in Section 5.3.3 and 5.5.3.  These BST

epilayers are clearly comprised of discrete epitaxial crystallites (30 o 40 nm in size) that are likely

separated by 60° twin boundaries or large in-plane orientation misfits.  The high-magnification

image indicates that the interface between BST and GaN is chemically abrupt but not fully

crystalline.  Lattice fringes are evident in the film bulk, but a dark band spans most of the interface.

This dark band is interpreted as a network of misfit dislocations that act to relieve the 14%

mismatch strain.  The high-magnification image suggests that near the center of the crystallite, the

epilayer remains ordered almost entirely to the interface (< 1 unit cell of disorder).  Moving laterally

away from the crystallite center, the disordered region increases (2-3 unit cells thick) until a grain

boundary is approached.  Despite the low crystallinity at this interface, the BST epilayer maintains

a relatively low mosaic structure (0.34° FWHM in w), especially considering the large lattice misfit

and chemical inhomogeneity found at this interface.
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Fig. 9.15 – Crystal Quality of Epitaxial BST Films Deposited on GaN and MgO / GaN
Templates: FWHM of peak widths in 3 circles (2q, w, and f) for BST epilayers deposited directly
on GaN (red), a MgO epilayer deposited at 200°C (blue) and a MgO epilayer at 350°C (light blue).

A final question of interest is the effect of an interfacial rocksalt oxide layer on the structural

quality of BST epilayers.  Rocksalt oxide interfacial layers may find utility for maintaining a

chemically stable interface at high temperatures (See Section 9.2.2) or providing an engineered

electronic band structure that impedes charge injection (See Section 9.3).  Thus, understanding

their influence on BST epitaxial growth is of significance.

For this experiment, epitaxial BST films are prepared directly on GaN and on 20 nm MgO

templates.  Two 20 nm MgO templates are used, one prepared at 200°C and the other at 350°C.

XRD is then used to evaluate the diffraction peak widths in 3 circles for the BST films and the

results are presented in Fig. 9.15.  As expected for similar film thicknesses, the peak widths in 2q

remain relatively constant.  Also as expected, BST films deposited on higher quality MgO epilayers

(350°C) have narrower rocking curves than films prepared on the poorer quality MgO templates

(200°C).  The rocksalt oxide template layers appear to improve the in-plane alignment of BST

epilayers (narrower FWHM in the f-circle).  However, the BST layer still retains more twist than the

MgO template (~1.25° FWHM for 350°C MgO epilayer vs. 1.78° for BST film).  Most surprising is

the large increase in BST tilt mosaicity when a MgO template is employed (> 3 fold increase in

w-circle rocking curve width).  These BST rocking curve widths are also significantly greater than

the rocking curve widths for the MgO template layer (0.4° to 0.5°), indicating that this (111) BST ||

(111) MgO heterointerface may be unfavorable.  Previous investigations [118] of (001) BaTiO3

layers on (001) MgO crystals have shown that NCSL orientations with cation or anion overlap are

highly unfavorable at the largely ionic BaO / MgO interface.  Improved crystal quality is observed

when interfacial chemistry is controlled using a TiO2 seed layer that has improved lattice match and

reduced ionicity (See Section 2.4.3).  A similar problem occurs for (111) BST || (111) MgO ; <10`1>
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BST || <10`1> MgO epitaxy (Fig. 9.13a) where 1/3 of the NCSL positions have Ba atoms sitting on

Mg sites assuming a BaO3 / Mg interface or 2/3 of the NCSL positions have O atoms sitting on O

sites assuming a BaO3 / O interface.  If the chemistry of this interface is more closely controlled

using MBE deposition, improved crystal quality may be possible.

9.2.2 Thermal Stability of BST Epilayers on GaN

The previous section demonstrated that epitaxial BST films can be prepared by RF

magnetron sputtering on GaN surfaces without interfacial reaction.  A second order concern is the

thermal stability of this interface for post-processing of device structures.  Fig. 9.16 presents the

results from a thermal stability study conducted for an epitaxial BST film deposited directly on

(0001) GaN.  Similar to the previous studies, a diced sample is heated at varying temperatures in a

reducing atmosphere (5% H2 / 95% N2) for 30 min.  XRD scans indicate a possible reaction at

1000°C and greatly reduced peak intensity at 1100°C, suggesting decomposition of the GaN.

These results show the possible necessity of including an interfacial layer with improved chemical

stability when device process conditions require thermal treatments of > 1000°C.

Fig. 9.16 –  Thermal Stability of the (111) BST || (0001) GaN Interface: XRD data (area detector
images and integrated line scans) of (a) epitaxial BST films prepared directly on (0001) GaN
surfaces and then annealed at (b) 900°C, (c) 1000°C and (d) 1100°C in a reducing atmosphere
(5% H2 / 95% N2) for 30 min.

9.2.3 Chemical Solution Deposition of PZT Films on GaN and MgO / GaN

Some preliminary work has been conducted on the chemical solution deposition (CSD) of

PZT thin films on GaN substrates and (111) MgO || (0001) GaN epitaxial templates.  These films

are processed using standard CSD procedures optimized for PZT microstructure and ferroelectric

response [214].  An inverse mixing order solution is prepared (0.4 M in methanol) and further

chelated with acetylacetone immediately prior to deposition.  Spun-on layers are dried at 300°C for
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Fig. 9.17 – Comparison of Crystalline Structure for CSD PZT Films on GaN and MgO / GaN
Templates: XRD patterns (area detector images and integrated line scans) for CSD PZT films
prepared on (a) a bare GaN surface and (b) a MgO epilayer.

5 min. on a hotplate.  Final films are only two spun-on layers thick (~200 nm) and fired in air at

700°C for 20 min.  Problems with MgO delamination during processing are resolved by annealing

the 10 nm MgO film at 700°C prior to deposition.  Fig. 9.17 compares the structural evolution of

PZT films crystallized on bare GaN and on a MgO / GaN epitaxial template.  Neither sample shows

any indication of a reaction phase at the PZT / substrate interface.  Films crystallized directly on

GaN have a random, polycrystalline orientation and as such, peak intensities match well with those

given in the powder diffraction file.  PZT films deposited on MgO template layers show textured

growth indicating preferred nucleation from the substrate interface.  Thus, these MgO templates

appear more promising than bare GaN surfaces for promoting epitaxial growth of PZT thin films

from a chemical solution deposition route.

9.3 Electrical Performance of Epitaxial Oxides on GaN

For successful integration of epitaxial oxides into GaN microelectronics, it is essential to

establish basic relationships between epilayer / interfacial structure and electrical performance.

Much of the preceding portions of this thesis have focused on processing methods for controlling

oxide epilayer structure and engineering a fully coherent interface.  In this section, simple

investigations are undertaken to probe the electrical performance of these oxide / GaN

heterostructures and to test previous hypotheses about structural characteristics that are expected

to improve electrical device performance.
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Rocksalt oxides were originally selected for investigation in this thesis because their large

band gap is expected to act as a current barrier in device structures requiring an insulating

dielectric layer.  Although their dielectric performance is also of interest, the relatively low dielectric

constant for these materials may preclude their use for inversion-based device structures.  For

these reasons, the focus of this section is on evaluating current leakage through the oxide layer.

9.3.1 Electronic Performance Considerations for Oxide / Gallium Nitride

Heterostructures in Different Device Architectures

Before examining the experimentally measured DC leakage currents in the epitaxial oxide

layers fabricated for this thesis, it is important to consider the implications that these currents may

have in actual device performance.  For this discussion, electron current flow is considered

because of the greater maturity in III-nitride electron-transport devices versus hole-transport

technologies.  Fig. 9.18 presents the direction of electron current flow for a simple MOS capacitor

under accumulation and depletion/inversion.  In Chapter 4, the conduction band offset between

dielectric and wide-gap semiconductors was identified as a possible complication for the integration

of functional oxides.  As Fig. 9.18 demonstrates, current leakage due to injection across this

interface (GaN to oxide) is only a problem when the semiconductor is in accumulation.  Assuming a

metal contact with sufficiently large work function is chosen for the gate, leakage currents during

depletion/inversion should be no larger than on a traditional silicon platform, regardless of the band

offset at the oxide / III-nitride interface.

Traditional device structures like MOSFET logic circuits, IGBT power amplifiers, or

MISFETs operate their MOS capacitor structures under biases that create depletion / inversion.  If

designed as a normally-off device (enhancement mode), then inversion is required to switch the

device on; if designed as a normally-on device (depletion mode), then depletion is required to turn

the device off.  Thus, such devices are unlikely to operate in accumulation* and their performance

may not suffer dramatically from a small conduction band offset at the semiconductor / dielectric

interface (except for reverse leakage through the gate).  Two other fundamental challenges face

these traditional device structures: (1) the wide band gap of GaN requires considerably more

voltage to deplete / invert than more traditional semiconductor platforms; (2) interfacial traps

formed at oxide / III-nitride interfaces reduce channel mobility and possibly cause current collapse

                                                  
* Depending on design, depletion mode devices may require biasing towards accumulation to
overcome a built-in voltage or to acquire more charges in the channel to enhance current flow.
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Fig. 9.18 – Direction of Electron Current Flow in MOS Capacitor:  Band diagrams showing the
direction of electron current flow for a MOS capacitor under bias for (a) depletion of the n-type
semiconductor or (b) accumulation of the n-type semiconductor.

under high frequency operation.  Incorporation of a high-k dielectric layer may solve the former

problem but exacerbate the latter.  A possible solution is to include a lattice matched epilayer (such

as the MCO alloy investigated in this thesis) as a low-Dit interfacial layer for high-k integration.

Current leakage during accumulation becomes important when considering unconventional

device architectures, particularly those involving the integration of ferroelectric oxides.  Such

devices, including non-volatile memory FETs and Smart-FETs, rely on switching and retention of

polarization in a ferroelectric material (See Section 3.3.4).  Switching the polarization of a

ferroelectric layer requires the capability to sustain an electric field in two opposing directions.

Consequently, polarization switching in MFeS device structures will require both depletion and

accumulation within the semiconductor.  If upon accumulation, current flows through the

ferroelectric layer, then the mobile charges will disrupt dipole alignment and poling will not occur.

Because most functional oxides have band gaps near that of GaN (3.5 – 4 eV vs. 3.4 eV for GaN),

band gap engineering of a Schottky emission blocking layer will be necessary to allow complete

switching.  However, the necessity to have a fully switchable ferroelectric layer versus a “half-

switchable” ferroelectric layer is not currently clear (See Section 3.3.4 for a full discussion).

As a final note, Fig. 9.19 is included to review the different forms of carrier transport across

a dielectric / conductor (n-GaN) interface [207].  Schottky emission is the thermal activation of

electrons over an energy barrier (conduction band offset).  Tunneling is a quantum mechanical
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Fig. 9.19 – Mechanisms for Carrier Transport Across a Conductor / Dielectric Interface: Band
diagrams showing different forms of conduction across a conductor / dielectric interface.  In this
case, n-type GaN serves as the conductor.  Relevant expressions relating the measured leakage
current to applied voltage and temperature are included. (a) Schottky emission; (b) tunneling (both
direct and Fowler-Nordheim tunneling are depicted); (c) Frenkel-Poole emission.

process by which electrons probabilistically pass through an energy barrier.  Direct tunneling and

Fowler-Nordheim tunneling (tunneling into the dielectric’s conduction band) are included jointly

because their I-V dependencies are indiscriminate.  Frenkel-Poole emission (trap-assisted

tunneling) involves enhanced thermal emission of charged species within trap states of the

dielectric.  The applied electric field acts to lower the energy barrier for their thermal emission [323].

This process is closely related to trap-assisted tunneling as this is often the mechanism for

populating trap states near the dielectric / semiconductor interface that subsequently become

thermally excited through a Frenkel-Poole emission process.  In the following sections, the I-V

dependencies provided in Fig. 9.19 are used to evaluate the conduction mechanisms at the epi-

oxide / GaN interface.

9.3.2 General Examination of Current Leakage in Epitaxial Rocksalt Oxides

on n-type (0001) GaN

All electrical investigations for this thesis have been carried out using silicon doped

(n-type), Ga-polar GaN substrates.  The carrier concentrations for these substrates range from

5x1017 /cm3 to 3x1018 /cm3.  Indium serves as the ohmic contact to the n-GaN substrate.  Simply

pressing the indium onto the GaN surface provides ohmic behavior, although contacts are

commonly annealed at 575°C for 20 min in N2 to improve reliability and contact resistance.

Fig. 9.20 demonstrates the linear current-voltage (I-V) response for these contacts.
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Fig. 9.20 – Current-Voltage Characteristics of Indium Contacts to n-type GaN: I - V
measurements made between two indium contacts press-fit to an n-type GaN surface.  The blue
line is as press-fit and the red line is after annealing at 575°C for 20 min in nitrogen.

To test the electrical performance of oxide / GaN epitaxial heterostructures, simple MIM

capacitors are fabricated by sputter deposition of platinum electrodes through a shadow mask onto

the surface of an oxide epilayer.  This shadow mask provides electrode sizes ranging from 70 mm

to 520 mm in diameter.  The I-V response between the indium ohmic contact to n-type GaN and the

platinum top electrode is then measured with a Keithley 617 electrometer.  As a precaution against

photo-excitation, all measurements are made in a dark box.  A diagram of this setup and a

photograph of a test sample are shown in Fig. 9.21.  This figure also shows representative I-V data

collected from epitaxial rocksalt oxides on n-type (0001) GaN.  The MgO and CaO epilayers are

both ~300 nm thick (the CaO is 270 nm + 30 nm MgO capping layer).  The MCO layer (composition

55 mol% MgO / 45 mol% CaO, +0.65% mismatch to GaN) is only 20 nm thick with no capping

layer.   The most striking feature in these I-V measurements is the asymmetric current flow;

significantly more current flows under GaN accumulation (+ bias to Pt electrode) than GaN

depletion (- bias to Pt electrode).  This asymmetry is representative of a difference in charge

transfer across the two oxide interfaces.  Because the GaN is n-type, electrons are assumed to be

the source of current leakage through the oxide layer.  Under negative bias, electrons originate

from the Pt / oxide interface.  The high work function of Pt (5.65 eV [324]) and near zero electron

affinity of these alkaline-earth oxides (calculated to be –0.2 eV for MgO and –0.7 eV for CaO [325])

implies that a large conduction band offset (> 5.6 eV) at this interface will prevent electron injection

into or tunneling through the oxide layer.  The comparatively low leakage currents observed for

negative biasing is likely representative of the epi-oxide’s inherent resistivity (“bulk”
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Fig. 9.21 – Representative I-V Measurements from Epitaxial Rocksalt Oxides on (0001)
n-GaN: To the left is a depiction of the experimental I-V setup which involves depositing platinum
top contacts to the oxide epilayer and using indium to make an ohmic contact to n-GaN. In this
setup a positive voltage represents placing the n-GaN into accumulation while a negative voltage
depletes the n-GaN.  A photograph of a test sample is included in the upper left corner. To the right
are representative I-V measurements made for a 300 nm MgO, 300 nm CaO and 20 nm
Mg0.55Ca0.45O epilayer on n-GaN.

value).  Under positive bias, electrons originate from the oxide / GaN interface—that is electrons

are injected from GaN into the oxide.  It is charge transport across this interface that is of interest.

The “wider-gap” of rocksalt oxides is intended to act as an engineered energy barrier to charge

transport across this interface and allow the integration of ferroelectric oxide layers that can be

reversibly poled.  The more rapid increase in leakage current observed for positive bias in Fig. 9.21

suggests that despite its “wider” bandgap, charge transport across this interface is still significant.

Previous XPS measurements of the electronic band structure at MgO and CaO

heteroepitaxial interfaces with GaN indicate sufficiently large conduction band offsets (3.2 and 2.5

eV respectively) to impede Schottky emission [280, 287], suggesting that another mechanism is the

source of the observed current leakage.  To determine this mechanism, an analysis of the I-V

dependencies is undertaken.  The MCO / GaN film is chosen because it is representative of the

film thickness intended for ferroelectric integration.  It also shows the lowest leakage currents in

depletion mode (despite being the thinnest) and has the highest dielectric breakdown field.

Fig. 9.22 presents I-V data for this MCO / GaN heterostructure collected to voltages just before

dielectric breakdown.
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Fig. 9.22 – Modeling of Leakage Current Mechanisms in MCO Epilayers on (0001) n-GaN: (a)
Plot of I-V for a 20 nm Mg0.55Ca0.45O epilayer on n-GaN.  To the right are plots fitting the linearized
dependencies of I-V response for (a) Frenkel-Poole emission and (b) tunneling to the leakage
current behavior of the MCO/GaN heterostructure under positive bias (accumulation).

The data in Fig. 9.22 demonstrates that when in depletion these MCO epilayers can

withstand electric fields up to ~5 MV/cm.  At these fields, the current leakage remains below

10-6 A/cm2.  This level of current leakage is sufficient for most traditional device motifs.  An

examination of the accumulation mode leakage current behavior suggests that two conduction

mechanisms are active.  By fitting the I-V characteristics to the dependencies of different

conduction mechanisms, it is concluded that Frenkel-Poole emission is active up to ~ 1000 kV/cm

while tunneling currents dominate at higher electric fields.  While Schottky emission provides a

reasonable fit to the data at low fields (R2 = 0.9978 vs R2 = 0.9980 for Frenkel-Poole), it is not

considered a likely conduction mechanism because of the previous XPS measurements for

conduction band offset in this system.  Temperature dependent measurements will be necessary to

confirm this conclusion.  The tunneling observed at high fields is tentatively labeled as Fowler-

Nordheim in nature.  If the band alignment for an MCO alloy can be considered a weighted average

of its two endmembers, then this MCO composition should have a conduction band offset of ~2.85

eV with GaN.  If the built-in voltage is further assumed to be near zero, then the observed tunneling

turn-on voltage of 2.6 V approximately corresponds with the voltage necessary to bend the MCO

conduction band below the GaN conduction band minimum and allow Fowler-Nordheim tunneling.

9.3.3 Investigation of Surface Treatments on DC Leakage in CaO Epilayers

The I-V analysis conducted in the previous section suggests that the larger leakage

currents observed for epitaxial rocksalt oxide / GaN heterostructures in accumulation are partially

the result of a Frenkel-Poole emission mechanism (dominating at low voltages).  This mechanism
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Fig. 9.23 – Modeling of Leakage Current Mechanisms for CaO Epilayer on n-GaN
Undergoing a 50% HCl / 1% HF Surface Treatment: Plots fitting the linearized dependencies of
I-V response for (a) Frenkel-Poole emission and (b) tunneling to the positive bias (accumulation)
leakage current behavior of the MgO/CaO/GaN heterostructure labeled A in Fig. 9.24.  The n-GaN
pre-treatment for this sample consisted of a 1 min 1:1 HCl:H2O immersion / DI rinse / 1 min 1:99
HF:H2O immersin / DI rinse / 500°C thermal desorption in vacuum for 1 hour.

often initiates by electrons tunneling across the interface to nearby defects or trap states in the

dielectric.  Once in the trap states, the applied electric field enhances their thermal emission into

the dielectric’s conduction band.  Interfacial trap states at oxide / GaN interfaces are well-known to

reduce channel mobility in gate-modulated device structures [179].  It is thus unsurprising to find

that these defect states enhance current leakage across this interface.

In an attempt to reduce the number of electronic defect states at the oxide / III-nitride

interface, various pre-deposition surface treatments of the GaN substrate are explored.  Because

the reproducibility of MCO composition remains somewhat variable (± 3 mol%), the end-member

CaO is chosen as the test structure. Fig. 9.21 demonstrated that CaO epilayers exhibit lower

leakage currents than MgO epilayers.  This reduced leakage is hypothesized to result from CaO’s

2D nucleation behavior and lower twin boundary density—this latter structural feature (twin

boundaries) may in fact be a source of the interfacial defect traps and also explain the higher

leakage current values observed for MgO under negative biasing (depletion).  Fig. 9.23 models the

leakage current behavior under accumulation for this CaO film.  Similar to the MCO / n-GaN data

modeled in Fig. 9.22, leakage across the CaO / GaN interface is dominated by Frenkel-Poole

emission.  Because conduction appears to occurs by this single mechanism, the CaO / GaN

interface can act as a model system for studying the effects of GaN surface treatments on the



201

Fig. 9.24 – Examination of n-GaN Surface Preparation on Current Leakage in CaO Epilayers:
To the left is a plot of I-V response for 25 nm MgO / 75 nm CaO / nGaN heterostructures.  To the
right is a table describing the surface preparation conditions used for each sample.  All chemical
concentrations (ratios) are give in volume % except the 40 wt% NH4F aqueous solution.  Also note
that sample A has a thickness of 30 nm MgO / 270 nm CaO.

reduction of interfacial trap state density.  Attempts to fit the MgO / GaN leakage current data to a

simple interface transport model were unsuccessful, suggesting that this conduction process is a

combination of multiple mechanisms including transport along the twin boundaries.

For this study, all CaO films are grown to 75 nm with a 25 nm MgO capping layer.  CaO

epilayers are deposited at 600°C with a Ca flux of 5x1013 atoms/cm2s and an oxygen pressure of

4x10-6 Torr.  MgO is deposited at 300°C, 5x1013 Mg/cm2s, 4x10-6 Torr O2.  Multiple I-V

measurements are collected from each film.  Representative curves from each data set are

presented in Fig. 9.24 along with the surface treatment conditions.  The chosen surface treatments

reflect previous work from the literature [209, 249, 268, 270–272, 326-329] and an attempt to

investigate a range of pH conditions (50% HCl pH < 1 / 6% HF, pH ~1 / 1% HF

pH ~2 / 6 NH4F : 1 HF pH ~6 / NH4F pH ~7 / NH4OH pH ~12).  This study indicates that a final

chemical treatment in non-acidic solutions (C and D) results in higher leakage current densities

under depletion mode biasing.  The most successful treatment is one similar to that reported by

researchers at the University of Florida [249, 209] involving an HCl etch followed by a buffered HF

etch (Sample E).  The CaO epilayer prepared on this GaN surface exhibits low current leakage

(< 10-7 A/cm2) in depletion mode biasing out to a breakdown voltage of > 2 MV/cm.  This

demonstration outperforms the University of Florida’s reported leakage currents of ~10-4 A/cm2 at



202

Fig. 9.25 – Modeling of Leakage Current Mechanisms for CaO Epilayer on n-GaN
Undergoing a 50% HCl / 1:6 HF:NH4F Surface Treatment: Plots fitting the linearized
dependencies of I-V response for (a) Frenkel-Poole emission and (b) tunneling to the positive bias
(accumulation) leakage current behavior of the MgO/CaO/GaN heterostructure labeled E in Fig.
9.23.  The n-GaN pre-treatment for this sample consisted of a 5 min 1:1 HCl:H2O immersion / DI
rinse / 5 min 1:6 HF:40 wt% NH4F aqueous (buffered oxide etch) / DI rinse / 600°C thermal
desorption in vacuum for 1 hour.

2 MV/cm for MOS capacitors prepared using similar surface treatment and an 80 nm MgO

dielectric layer [249].  Under accumulation biasing, leakage currents remain below 10-4 A/cm2 up to

2 MV/cm, again approximately one order of magnitude lower than the reports from U. Florida.

Fig. 9.25 models the I-V characteristics of sample E under positive bias (accumulation)

assuming either Frenkel-Poole emission or tunneling.  This linearization procedure clearly

illustrates that only a tunneling mechanism is active at this interface.  This result suggests that the

HCl / buffered oxide etch (HF/NH4F) surface treatment has modified the interface states in this

system and has significantly reduced if not eliminated the Frenkel-Poole contribution to current

leakage across the oxide / III-nitride interface.  By eliminating this mechanism, the turn-on voltage

at which exponentially increasing leakage is observed has shifted to +4 V.

A capacitance-voltage measurement collected from this CaO epilayer on GaN is presented

in Fig. 9.26.  The hysteresis with voltage direction is indicative of mobile charge carriers.  Similar to

previous reports [208, 209, 238], deep depletion is observed in these MOS capacitors because of a

low minority carrier generation rate that results from GaN’s large band gap.  Other researchers

have implanted regions with complimentary dopants near the gate or applied external biases to
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Fig. 9.26 – Capacitance-Voltage Response of CaO Epilayer on (0001) n-GaN:  Vol tage
dependent dielectric measurements made on the MgO / CaO / GaN heterostructure labeled “E” in
Fig. 9.23.  Measurement is collected at room temperature, 5 MHz, with an oscillator strength of
0.05 V.

enhance minority carrier generation and observe inversion in their GaN-based MOS capacitors

[208, 209].  Such investigations have not been carried out in this work.  By taking the average

capacitance value within the accumulation regime (~12.2 pF), an oxide permittivity of 12.7 is

computed.  This compares favorably with the value of 11.8 expected for CaO [259].

9.3.4 Measurements of Current Leakage for Ferroelectric Oxides on GaN

Fig. 9.27 plots the I-V characteristics of an epitaxial BST film and CSD PZT film deposited

directly on n-type Ga-polar GaN.  Representative curves for I-V behavior in epitaxial MgO and CaO

on n-GaN are plotted as reference.  The BST film is 70 nm thick while the PZT film is 200 nm thick.

Both show significantly higher leakage current levels in accumulation mode than either the MgO or

CaO epilayer.  This observation is consistent with the expectation of a small conduction band offset

facilitating Schottky emission at the perovskite oxide / GaN interface.  To further investigate this

hypothesis, the I-V data collected for the BST / GaN heterostructure is fit to three possible

conduction models.  These results are presented in Fig. 9.28 and demonstrate that Schottky

emission best represents the observed I-V response, confirming a small conduction band offset.
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Fig. 9.27 – Evaluation of Leakage Current for Ferroelectric Thin Films Deposited on (0001)
n-GaN:  Plot of the I-V characteristics of both a 70 nm epitaxial BST layer and a 200 nm CSD PZT
layer deposited directly on n-GaN.  The I-V responses for a 300 nm MgO and 300 nm CaO epilayer
are included as reference.

Fig. 9.28 – Modeling of Leakage Current in BST / n-GaN Heterostructures:  Plots showing the
linearization of I-V data from a 70 nm BST / n-GaN heterostructure under positive bias
(accumulation) for (a) Schottky emission, (b) tunneling, and (c) Frenkel-Poole emission.
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10. Conclusions and Future Work

The ubiquitous theme of this thesis is to approach dielectric integration with wide band gap

semiconductors from a fundamental understanding of oxide epitaxy on GaN surfaces.

Conceptually, a fundamental understanding of the process-structure-property relations in this

system is expected to provide direction to further solid-state device improvement.  Three criteria

established in the Statement of Purpose (Section 3.5) and further explored in Chapter 4 become

characteristic benchmarks by which to evaluate the success of this integration.  Throughout this

thesis, these three characteristics, (1) band offset, (2) thermal / chemical stability, and (3) lattice-

matching, are experimentally evaluated for varying epitaxial oxide systems.  Through these

fundamental investigations, new ideas have emerged about the importance of these criteria in

device design.  New challenges have also emerged to limit dielectric performance, including the

influence of the polar oxide growth surface on double positioning twin boundary formation.

This final chapter begins by summarizing the major outcomes of this thesis.  Many of the

fundamental discoveries uncovered here have also created new questions.  To address these

questions, the chapter concludes with an outline of future experiments to pursue in order to further

advance our understanding of epitaxial oxide growth on nitride surfaces.

10.1 Conclusions

Wide band gap semiconductors offer a new paradigm for solid-state device application––

expanding current applicability to higher temperature, higher frequency, and higher power

operation.  Integration of dielectric layers into these wide gap semiconductor devices would

improve performance.  The addition of functional oxide layers could provide opportunities for novel

device structures such as single-component non-volatile memory elements or smart-FETs.  This

thesis has examined the integration of epitaxial oxide layers with the wide band gap semiconductor

GaN.  A focus of this work has been rocksalt oxide epilayers.  These materials represent a

promising oxide interface to GaN.  Their large band gap should prevent current flow across the

oxide / nitride interface.  The ability to alloy these materials through MBE allows lattice-parameter

engineering to achieve a 0% mismatch to GaN, thereby reducing interfacial state density.  These

concepts and others have been addressed in this thesis and are briefly summarized in this section.

10.1.1 General Characteristics of Rocksalt Oxide Epilayers Grown on GaN

Chapter 4 describes the motivation for pursuing the epitaxial growth of rocksalt oxide

layers on a wide band gap semiconductor like GaN.  As part of this thesis’s theme to gain a
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fundamental understanding of oxide epitaxy on GaN, it is essential to characterize the basic

structural features of these epilayers.  For all of the rocksalt oxide epilayers (MgO, CaO, YbO, and

(Mg,Ca)O) grown on (0001) GaN, on-axis XRD confirms (111) growth, consistent with a continuous

stacking of close-packed layers across the oxide / nitride interface.  Both off-axis XRD experiments

and RHEED data collected during oxide deposition confirm a <1`10> RO || <11`20> GaN in-plane

orientation, indicating complete overlap between all near coincident site lattice (NCSL) points.

Deposition of epitaxial (Ba,Sr)TiO3 perovskite films show the same epitaxial orientation, despite

having an even larger lattice mismatch.  These diffraction studies also confirmed the presence of

two in-plane variant nucleation orientations, as expected for the growth of a 3-fold symmetric

crystal on a 6-fold symmetric lattice.  The nano-faceting that results on the (111) polar surface of

these oxide epilayers allows the lateral distribution of these variant nucleation events and their

resulting double positioning twin boundaries to be imaged by high-resolution microscopy.  Cross-

sectional SEM images show that despite a high density of twin boundaries, these epilayers are fully

dense.  The cross-sectional STEM investigations undertaken in this work reveal that strain

relaxation in these rocksalt oxide epilayers occurs within a single monolayer, despite having lattice

mismatches on the order of 7%.  Such immediate relaxation is also observable through in-situ

RHEED monitoring of the film’s lattice-parameter.  This ability to immediately relieve strain is

consistent with previous work on epitaxy in ionic solid systems.  The STEM images of the

MgO/GaN indicate strain relief occurs through lattice disorder occurring every 15 to 16 lattice points

in the oxide epilayer.  This ability to relieve strain through simple disorder rather than dislocation

formation is a consequence of the non-directional bonding environment permitted by an ionic solid.

Thorough investigations are undertaken in this thesis to examine the impact of epilayer

growth conditions on crystalline quality.  Deposition rates below ~1 nm/min are shown to give the

best film quality.  For MgO, growth temperatures must be kept above ~300°C to achieve the lowest

rocking curve widths and dislocation densities.  CaO films show improvement at temperatures

above ~500°C.  Interestingly, these two temperatures correspond with the decomposition

temperature for each of their metal hydroxide phases, indicating a possible correlation to hydroxide

incorporation as a deterrent to epitaxial crystal quality.

10.1.2 Comparison of MgO and CaO Epilayer Growth

This thesis has illustrated how a difference in the nucleation process for MgO and CaO

films grown on GaN surfaces results in dissimilar microstructures.  MgO is observed to nucleate

three-dimensionally (Volmer-Weber), conceivably due to the high energy associated with the (111)

MgO polar growth surface.  This 3D growth is perhaps perpetuated by the fast diffusion rates along

(100) surfaces and strong binding to other “kink” sites ((111) surfaces for instance).  This 3D
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nucleation process dictates that regions of the GaN surface remain exposed for extended periods

of time.  Full coalescence is not believed to occur until a film thickness of 15 nm is reached.  This

permits a prolonged nucleation time resulting in a relatively large number of nuclei.  Upon

coalescence, this high density of nuclei results in a high density of twin boundaries.  In contrast,

CaO nuclei are observed to be more 2-dimensional with lateral growth occurring more rapidly than

vertical growth.  It is hypothesized that this is a consequence of surface hydroxyls acting as

surfactants during growth and lowering the energy of the (111) polar CaO growth surface.

Because CaO nuclei coalesce more rapidly than MgO nuclei, CaO epilayers are observed to have

a lower twin boundary density.  CaO epilayers grown on n-GaN consistently show lower electrical

current leakage than similarly deposited MgO epilayers.  The higher leakage current density

observed in MgO epilayers is believed to originate from the more prevalent twin boundary defect

structure found in these layers.

A second possible contributing factor to MgO’s 3D growth is the high volatility of Mg metal.

While Ca is observed to stick to the GaN growth surface, a Mg flux will fail to accumulate at growth

temperatures >250°C.  The higher sticking coefficient of Ca may allow a higher degree of lateral

growth.  This thesis spends considerable time considering the impact of Mg volatility on MgO

growth rate and Mg incorporation into MCO alloyed films.  These data sets are highly beneficial for

the future engineering of MgO and MCO epilayers.  These examinations have also demonstrated a

utility of Mg’s volatility—the ability to laterally control epitaxial deposition through surface

modification.  This discovery behooves further investigations into similar systems such as MgO

growth on GaAs / Si with S / H passivation respectively or deposition with other volatile ionic

materials such as the alkali halides.

10.1.3 Achieving Metastability Through Molecular Beam Epitaxy

A second theme that became a part of this thesis through necessity is achieving

metastability through molecular beam epitaxy.  Both ytterbium monoxide and the (Mg,Ca)O

rocksalt alloy are non-equilibrium phases which this thesis has demonstrated can be stabilized as

epitaxial layers on GaN.  However, unlike many non-equilibrium phases accessed through MBE,

neither of these phases are stabilized through epitaxial strain.  Instead, the growth environment

dictated by the supplied fluxes in the MBE growth chamber determines their formation.  This

strategy to MBE metastability is most evident for the YbO phase, which is shown to even be

stabilized in polycrystalline form on an amorphous SiO2 substrate surface.  This thesis

demonstrated the first example of YbO formation in thin film form and demonstrated that thermal

activation of >300°C is sufficient for transformation to the equilibrium Yb2O3 form independent of

the oxygen partial pressure.  MCO is found to be considerably more stable, able to withstand
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decomposition up to ~700°C.  This phase also appears to be more resistant to hydroxylation than

its CaO end-member.

10.1.4 Evaluating Oxide Epilayers on GaN Using Established Criteria

This thesis has experimentally investigated the performance of oxide epilayers deposited

on GaN based on the three criteria established in Chapter 4: (1) chemical stability at the oxide /

nitride interface, (2) electronic band offset at the oxide / nitride interface, (3) epitaxial lattice-

matching at the oxide / nitride interface.  Thermal stability studies conducted in a reducing

atmosphere verify the thermodynamically predicted stability between rocksalt oxides and GaN up

to and above 1000°C.  However, Ca metal is found to react with GaN surfaces, indicating that a

knowledge of metal / GaN stability as well as oxide / GaN stability is important in designing growth

strategies for integrating oxides with GaN.  Fortunately, unlike silicon, GaN resists oxidation

permitting a simple O2-first growth strategy to avoid such metal / nitride reactions.  Multiple rare-

earth oxides (Yb2O3, Dy2O3 Ho2O3) are also demonstrated to have good chemical stability with

GaN up to 1000°C.  BST epilayers, in contrast, appear to react around 1000°C.

The impact of conduction band offset at the oxide / nitride interface is evaluated by

measuring the leakage current in simple MOS capacitor structures.  Leakage current in MOS

capacitors formed from epitaxial BST layers deposited on n-GaN are found to have 3 to 5 orders of

magnitude higher leakage current densities than MOS capacitors formed with rocksalt oxide

epilayers.  Current transport under accumulation voltage in BST MOS capacitors fits well to a

Schottky emission model, consistent with the small band offset expected for these

heterostructures.  In contrast, leakage mechanisms in CaO / n-GaN MOS capacitors is dominated

by Frenkel-Poole emission, indicative of a trap-assisted tunneling mechanism.  Investigations into

possible GaN surface treatments, revealed that a buffered HF etch produces structures that only

showed quantum mechanical tunneling.  This result suggests that such surface treatments reduce

interfacial states at the oxide / nitride interface.

Oxide epilayers with a lattice-match to GaN have been fabricated by alloying MgO and

CaO using MBE.  Alloyed films with lattice mismatch of < 0.5% to GaN have been demonstrated.

These MCO films have in-plane f-circle rocking curve widths of ~0.79°, representing the best

values ever reported for an oxide grown directly on (0001) GaN.  These films can also withstand

electric fields in excess of 5 MV/cm.

10.2 Directions for Future Work

MOS Capacitors:  Further investigations are warranted in understanding leakage across the oxide /

nitride interface.  As a first step, the inability to reversibly switch the polarization of a ferroelectric
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oxide directly incorporated on GaN should be directly related to the asymmetry of the

I-V response (Schottky emission) of a simple MOS capacitor.  This experiment will require

ferroelectric domain structure imaging via piezo-force microscopy.  As a second step, the

incorporation of a CaO / MCO interfacial layer should be investigated for improving reversible

polarization switching.  In such experiments, the buffered HF surface treatment should be used to

improve accumulation bias leakage.

Integration of functional oxides may also require grading the rocksalt oxide composition to

transition from a lattice match for GaN to a lattice match for the functional oxide.  Early results

indicate that CaO is too large to seed epitaxial growth for PZT.  One possibility would be to grade

the MCO composition towards pure MgO by lowering the growth temperature after initial deposition

of a lattice-matched MCO alloy on (0001) GaN.  Alloyed rocksalt oxide epilayers with periodic

changes in composition could also be used to introduce “speed-bumps” in the electronic band

structure, to further impede device leakage.

Methods for Improving Crystal Quality:  Several methods for improving crystal quality in oxide

epilayers remain unexplored.  Growth on mis-cut substrates could be expected to limit the

nucleation of structural variants by breaking the surface’s 6-fold symmetry.  However, this advance

must come from the GaN growth process, because simply growing on a mis-cut sapphire surface

will not pre-determine a step-and-terrace morphology for the GaN surface.  More oxidizing oxidant

sources should also be examined.  It is possible that such sources will enhance the sticking

coefficient of Mg, driving a more 2-dimensional growth process.  Such films may then show a

reduction in twin boundary density.  More oxidizing sources are also expected to drive full

incorporation of Mg in MCO alloys, permitting more straightforward control of film composition.

Polar Oxide Surfaces:  Rocksalt oxide epitaxy on (0001) GaN is fundamentally interesting for

further advancing the understanding of polar oxide surfaces.  The (111) rocksalt oxide is a polar

surface and therefore energetically unstable.  Surface reconstructions and / or surface adsorbates

are believed to represent the lowest energy state for these surfaces.  Yet, (111) MgO and CaO

epilayer surfaces are observed to reduce their surface energy through nano-faceting.  Currently,

faceting is believed to be along the {100} crystal planes.  Future experiments should confirm these

crystallographic planes by measuring their angle with respect to the planar growth direction.  This

experiment can be carried out by either collecting multiple SEM images at varying degrees of

sample tilt or using line profiles in high-resolution AFM.  A measured angle of 54.7° could confirm

{100} faceting.  Further investigations could involve attempts to change the surface energy

minimization mechanism.  One approach would be to “amorphousize” the surface through ion
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milling followed by annealing to drive a surface reconstruction similar to that observed for single

crystal samples.  A second approach would be to immerse the sample in water for some time to

allow dissolution and surface hydroxylation to stabilize a smooth (111) surface with hydroxyl

termination.  If the latter approach is successful, it would suggest the ability to grow smooth (111)

rocksalt oxide surfaces on (0001) GaN by including H2O vapor as a surfactant in the growth

chamber.

As a final note, materials with the fluorite structure may be of interest to pursue.  The (111)

planes in these cubic crystals are non-polar, and are in fact the low energy surface.  As a

consequence, they should favor 2-dimensional nucleation and growth.  However, their near

coincident site lattice relation with (0001) wurtzite should first be explored and the ability to form a

lattice-match to GaN determined.
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