
ABSTRACT 
 

GOLLAPUDI, SRIKANT. Creep Mechanisms in Titanium Alloy Tubing. (Under the 
direction of Prof. K. L. Murty.) 
 
Titanium and its alloys are important technological materials with applications in a wide 

variety of industries viz. aerospace, chemical, electrical, biomedical to name a few. cp-Ti 

and Ti-3Al-2.5V are two such alloys which find applications in the chemical (both cp-Ti 

and Ti-3Al-2.5V) and the aerospace industry (Ti-3Al-2.5V). During service the material 

is subjected to a multiaxial state of stress and high temperatures. Consequently, an 

understanding of the material’s behavior under different stress states and high 

temperatures is necessary.  

With this in mind, high temperature creep studies were carried out on cp-Ti and Ti-3Al-

2.5V tubing under a biaxial state of stress. A biaxial state of stress is described by an α 

value of 2 and is achieved by internal pressurization with argon of closed ended tubing. 

Here α is the stress ratio defined by the ratio of the hoop stress to the axial stress. A burst 

testing facility was employed to characterize the creep behavior of cp-Ti whereas a 

biaxial creep testing facility was utilized for studying Ti-3Al-2.5V.  

Creep studies on cp-Ti indicated a transition in mechanism from a power law controlled 

creep behavior at lower stresses to a power law breakdown controlled creep behavior at 

higher stresses. TEM studies on the crept specimens displayed microstructural features 

that were in accordance with the parametric conclusions. Subgrains were found to 

constitute the microstructure of specimens crept at lower stresses whereas a network of 

random dislocations characterized the higher stress tested specimens.  

Similar studies on recrystallized Ti-3Al-2.5V indicated transitions in mechanisms as a 

function of the applied stress and temperature. At low normalized stresses (regime I) the 

creep parameters suggested Coble creep as the possible rate controlling mechanism. In 

the intermediate normalized stress range (regime II) grain boundary sliding was found to 

be the rate controlling mechanism whereas tests at the high normalized stresses (regime 

III) suggested dislocation climb. Subsequently, TEM studies were performed on 

specimens corresponding to each of the three regimes.  



The microstructures of specimens and subsequent model correlations showed that a slip 

band model based on dislocation climb along slip band-grain interfaces instead of Coble 

creep was the rate controlling mechanism in regime I. Whereas, the TEM micrographs of 

specimens crept in regime II showed a significant amount of dislocation activity near 

grain boundaries suggesting the involvement of GBS. However, the microstructures of 

specimens crept in regime III were not entirely forthcoming in identifying the mechanism 

of creep. Even though subgrains were found to decorate the microstructures of regime III 

specimens, it was intriguing to observe the presence of jogged screw dislocations. To 

obtain a clearer picture, systematic studies were carried out as a function of stress on 

specimens crept in regime III. The studies revealed that, with increasing stresses, a 

transition in rate controlling mechanism from dislocation climb to the motion of jogged 

screw dislocations occurred. 

Furthermore, the effect of alloying was studied by comparing the microstructures of 

specimens of cp-Ti and Ti-3Al-2.5V crept in the five power law creep regime. It was 

seen that the presence of alloying elements assists the formation of jogs on screw 

dislocations. The effect of stress ratio was also understood by comparing the five power 

law crept microstructures of Ti-3Al-2.5V (obtained in the present work) with previous 

studies at different stress ratios. The comparison revealed that the difference in 

microstructures seen in the α = 1 stress state from the α = 0 and α = 2 stress states might 

be due to the studies carried out in different normalized stress ranges.   
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OVERVIEW 
The aim of the study was to understand the different mechanisms of creep governing the high 

temperature deformation of two titanium based alloys, cp-Ti and Ti-3Al-2.5V, under a 

biaxial state of stress. In this regard, tests were carried out on cp-Ti using a burst tester and 

on Ti-3Al-2.5V using a biaxial creep tester. The results obtained, their analysis and relevant 

conclusions are elucidated in the following chapters. A chapter has also been dedicated to 

provide a review of the different creep mechanisms in general and their relevance in titanium 

alloys. In addition to the studies on cp-Ti and Ti-3Al-2.5V, a few creep studies were carried 

out on Pb-Sn solders, nc-Al and nc-Zn-22Al using the impression creep technique. 

Chapter 1 provides a general description of titanium, mainly a history of the metal, a 

classification of titanium and its alloys and creep behavior of these alloys. In addition to this 

the different mechanisms of creep are described.  

Chapter 2 describes the experimental set-up utilized for the creep studies on cp-Ti and Ti-

3Al-2.5V. A burst tester consisting of a booster and a furnace was used for the studies on cp-

Ti. The burst tester is assisted by an air-compressor that enables the attainment of high 

pressure levels necessary for the studies. On the other hand, creep studies on Ti-3Al-2.5V 

tubing were carried out on a biaxial creep tester. Subsequently, the microstructures of the 

crept specimens were characterized through a transmission electron microscope (TEM). 

Description of an impression creep tester that was employed to study the creep behavior of 

Pb-62Sn solder, nc-Al and nc-Zn-22Al has been also provided.  

Chapter 3 elucidates the different results obtained during rupture studies on cp-Ti. The burst 

testing technique was found reliable for characterizing the creep behavior of cp-Ti. A 

transition in mechanism from a power law controlled to a power law breakdown controlled 

deformation was identified. TEM studies on deformed specimens corroborated the same. 

This work was published in the journal Materials Science and Engineering A. 

Chapter 4 deals with understanding the mechanisms of creep in Ti-3Al-2.5V tubing studied 

using a biaxial creep tester. From the stress versus strain rate results it was possible to 

identify the different regimes of creep deformation in this alloy. Parametric studies revealed 

that regime I could be described by a stress exponent of one and an activation energy equal to 

the grain boundary diffusion energy. A diffusional creep mechanism was suggested to be the 
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rate controlling mechanism. Regime II was found to be controlled by grain boundary sliding 

and regime III was found to be dislocation climb controlled. Observation of jogged screw 

dislocations suggested that regime III could be controlled by the motion of these dislocations.  

Chapter 5 investigates the actual creep mechanism that is rate controlling in regime I. The 

observation of distinct slip bands in the crept microstructures of specimens corresponding to 

regime I suggested that the rate controlling mechanism could be dislocation climb at slip 

band grain interfaces and not Coble creep as intuition would suggest. Correlations of 

experimental data with slip band model and the theoretical Coble creep model established the 

same.  

Chapter 6 provides the conclusions of the detailed studies carried out to identify the rate 

controlling mechanism in regime III. Systematic studies as a function of stress and 

subsequent TEM studies on the crept specimens showed that dislocation climb is the rate 

controlling mechanism at lower stresses and the motion of jogged screw dislocations at 

higher stresses. A model was proposed to rationalize this transition in mechanism.  

Chapter 7 describes the possible effects of alloying content and stress ratio on the rate 

controlling mechanism in the five power law creep regime.  

Chapter 8 outlines the relevant conclusions drawn from our creep studies on cp-Ti and Ti-

3Al-2.5V. The scope for future work is also discussed.  

An Appendix section has been created to include the impression creep studies carried out on 

Pb-62Sn solder, nc-Al and nc-Zn-22Al. Appendix 1 is dedicated to the creep studies on Pb-

62Sn, whereas Appendix 2 provides a review of the different creep studies carried out on 

nanocrystalline materials and Appendix 3 questions the presence of conventional creep 

mechanisms as rate controlling during deformation of nanocrystalline materials.  
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CHAPTER-1 
 

LITERATURE SURVEY 
 

1.1 TITANIUM AND ITS ALLOYS  
 
1.1.1 Introduction  

Titanium is a light weight, silver gray transitional metal. It has an atomic number of 22 and 

possesses an atomic weight of 47.9. It has a density of 4.5 g/cm3 that is higher than aluminum 

but lower than steel. The metal has a high melting point of around 1940 K and boils at 

temperatures around 3560 K. Titanium is a popular commercial metal due to its high specific 

strength (strength to weight ratio) and its good corrosion resistance. Chemically the metal has 

been found to be similar to zirconium [1, 2].   

Titanium is the 9th most abundant element present in the earth’s crust and is the 4th most 

abundant structural metal only after Aluminum, Iron and Magnesium. It constitutes about 

0.62% of the earth’s crust and is rarely found in its pure and noble form.  In its natural form, 

it has been found to exist in the form of minerals like rutile, ilmenite, anatase, brookite and 

sphene. These minerals are widely distributed in the earth’s crust and the lithosphere and are 

found in all living and non-living organisms. Even though the metal is relatively abundant, it 

is difficult to extract and is thus expensive [1, 2].  

1.1.2 History 

The discovery of titanium is accredited to William Gregor. The metal was discovered in the 

year 1791 when Gregor was carrying out experiments on menachanite. Later the metal was 

discovered by M. H. Klaproth in the ore rutile. He named the metal as titanium, after the 

Greek God Titans. Even though the discovery of titanium took place in the 18th century, it 

was not until the 19th century that the first isolation of titanium from its ore took place. 

Russian scientist Kirrilov carried out the first significant isolation of nearly metal in the year 

1891. Subsequently, Hunter and co-workers achieved the isolation of pure titanium by 

reacting titanium tetrachloride with sodium in a heated steel bomb. The process was found to 

produce small pieces of titanium. Titanium was also produced by a group of Dutch scientists 

who carried out reduction of titanium tetra-iodide. Kroll inspired by these isolated 

experiments investigated the different methods for efficiently isolating titanium. These 
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experiments eventually led to the development of a process for isolating titanium by 

reduction with magnesium in 1937. This process, now known as the Kroll’s process, is still 

the primary process for producing titanium. The first products made from titanium were 

introduced in the 1940s and included such things as wires, sheets, and rods. It took nearly a 

decade before the laboratory scale production of titanium pioneered by Kroll could be 

adapted industrially for large scale production. In 1948, DuPont became the first company to 

begin the commercial production of titanium.  Initially, titanium was used as a structural 

material but over the years has found applications in a variety of industries such as aerospace, 

chemical, biomedical, electrical etc. [2].  

1.1.3 Classification of titanium alloys  

Titanium at room temperature possesses a hexagonal close packed (hcp) structure. At 

temperatures above 1155 K, it undergoes a phase transformation and attains a body centered 

cubic (bcc) structure. The room temperature phase of titanium is known as the alpha (α) 

phase and the high temperature phase with a bcc structure is known as the beta (β) phase. The 

transformation temperature for the α β reaction has been found to be a function of alloy 

content and is strongly influenced by the interstitial elements nitrogen and oxygen. It has 

been observed that some elements promote higher transformation temperatures whereas 

others promote lower temperatures. Elements like Aluminum and Tin that promote higher 

temperatures are known as α-stabilizers and elements like Vanadium, Molybdenum, 

Chromium and Copper that decrease the transformation temperature are known as β-

stabilizers. Zirconium has been found to act both as an α and a β stabilizer. 

On the basis of the type of phase constituting the alloy, titanium and its alloys can be 

classified as α-based, β-based or α+ β based. Depending upon the content of the β-stabilizing 

element, some alloys could be classified as near α titanium alloys.  Thus it is possible to 

design different titanium alloys by modifying the composition and also by imparting a 

thermo-mechanical treatment. Thermo-mechanical treatment causes the evolution of 

additional phases. For example, the β-phase can transform into martensitic α-phases upon 

cooling. Similarly, secondary phases can precipitate or be formed by deliberate alloy 

additions. Phases such as ω, α2 (Ti3Al), interface phase and γ (TiAl) play a role in 

determining the properties of titanium alloys.  
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1.1.3.1 α alloys: 

Unalloyed Ti and its alloys with stabilizers like Al, Ga or Sn either present single or in 

combination as in Ti-3Al-2.5Sn possess a hexagonal close packed structure and are known as 

α-titanium alloys. These alloys have been found to possess satisfactory strength, toughness, 

creep resistance and weldability. Moreover, the absence of a ductile-brittle transformation 

renders these alloys suitable for cryogenic applications. The room temperature strength of 

these alloys has been found to be low and heat treatment has been unsuccessful in any 

enhancements [4].  

Among the α-alloys are grades with high aluminum contents. These grades due their small 

beta content have been identified as super alphas. The most popular α-alloy is Ti-5Al-2.5Sn 

and the extra low interstitial (ELI) grade of the same composition. This grade is available in 

all commercial wrought forms and castings and is used in numerous aerospace applications.  

Under the α-classification are five alloys classified as near α. Of these Ti-8Al-1Mo-1V is 

most commonly specified. Special annealing cycles have been developed for this grade. They 

have been found to enhance its creep strength and fracture toughness while permitting it to 

maintain good strength levels. The other near α titanium alloys are Ti-2.25Al-11Sn-5Zr-

1Mo-0.2Si (IMI # 679), Ti-5Al-6Sn-2Zr-2Mo-0.25Si, Ti-6Al-2Sn-1.5Zr-1Mo-0.35Bi-0.15Si 

(Ti-11) and Ti-3Al-2.5V [3]. 

1.1.3.2 β -alloys: 

The β-phase alloys are obtained by the addition of stabilizers like Mo, V, Cr and Cu. These 

alloys can be made to exist at room temperature by the addition of sufficient quantities of the 

alloying elements mentioned. The β-alloys possess properties that are different than the α-

alloys. These alloys cane be readily formed at room and slightly higher temperatures and 

have better weldability. These alloys are however prone to ductile-brittle transformation 

(commonly seen in bcc alloys) and are hence unsuitable for low temperature application.  

Generally, these alloys are not cast. Some of the β-alloys that are commercially viable are Ti-

15Mo-5Zr and Ti-15Mo-5Zr-3Al and Ti-11.5Mo-6Zr-4.5Sn. 

1.1.3.3 α + β alloys: 

These are alloys whose compositions, usually at room temperature are such that they support 

a mixture of α and β phases. Eventhough, it has been seen that many β-stabilized alloys in 

thermodynamic equilibrium are two-phase, in practice the α+β alloys usually contain 
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mixtures of both α and β stabilizers. The simplest of such alloys is the Ti-6Al-4V. A lot of 

research has been devoted to the development of this alloy. Eventhough, this alloy is difficult 

to form even in annealed condition, the α+β alloys in general exhibit good fabricability as 

well as high room-temperature strength and moderate elevated-temperature strength. These 

alloys contain about 10 to 50 % of β-phase at room temperature; these alloys are not 

weldable when the β-content is greater than 20 %. Heat treatment can be used to control the 

properties of these alloys. Heat treatment changes the microstructural and precipitational 

states of the β-component.   

 Generally the α-β alloys vary widely in composition and therefore in their characteristics. At 

one end of the range is the highly beta stabilized and deep hardening alloys such as Ti-6Al-

2Sn-4Zr-6Mo and Ti-6Al-6V-2Sn which provide high strength at room temperature and 

intermediate temperatures. At the other end are the lean α-β compositions such as Ti-6Al-4V. 

The comparatively high aluminum content in Ti-6Al-4V gives the alloy excellent strength 

and elevated temperature properties. This alloy is considered as the general purpose titanium 

alloy and is available in all wrought forms and castings.  

A unique α- β alloy is Ti-3Al-2.5V. This alloy is at times referred to as the one-half of Ti-

6Al-4V alloy. This alloy also falls under the category of near α-titanium alloys.  

 

1.1.4 Microstructure of titanium alloys 

Titanium alloys have been found to exhibit a wide range of microstructures. The 

microstructures are dependent on the alloy chemistry, processing and heat treatment. The 

ability of titanium alloys to possess different microstructures is due to the broad range of 

phase transformations they undergo. Some of these transformations are related to the α β 

allotropic transformations, while others are precipitation reactions that involve the formation 

of metastable transition phases and equilibrium phases that occur during the decomposition 

of the metastable α or β phases. The different types of phases generally seen in titanium 

alloys have been indicated in Table-1. Titanium alloys when heated above the β transus 

temperature are in single phase β. On cooling through the β transition temperature, β can be 

transferred to various equilibrium and non equilibrium phases, depending upon the cooling 

rate and alloying content. For example, faster cooling of β yields a martensiticα′ (hcp) 

structure or α ′′ structure. 
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Table 1: Different phases observed in Titanium Alloys [5] 

Phase Symbol Description 

α Low temperature allotropic form of titanium with hcp structure 

β High temperature allotropic form of titanium with bcc structure 

α2 Ti3Al, has an ordered hexagonal structure DO19

B2/β2 Ordered bcc phase with CsCl structure; Ti2AlNb ordered version of 

high temperature bcc allotrope 

O Ti2AlNb with orthorhombic structure 

γ TiAl with L10 structure; extends over wide range of Al content 

α’ Nonequilibrium phase due to martensitic transformation, hcp 

structure 

α’’ Martensite with orthorhombic structure 

ω High pressure allotrope of titanium with hexagonal structure 

Intermetallic precipitates Depending on composition, several intermetallic precipitates can 

exist 

B1/β’ bcc phases of different composition than matrix 

 

However, with increasing β stabilizing element, there is an increasing tendency to formα ′′   

overα′ . On the other hand, on slower cooling, β transforms by nucleation and growth into a 

Widmanstatten α phase. The structure is as shown in Figure 1. The morphology of the 

Widmanstatten α phase may change from a colony of similarly aligned α laths to a basket 

weave arrangement with an increase in cooling rate or alloying content. The lamellar 

structure has also been found to become finer with increasing cooling rate. It has also been 

seen that for slower cooling, the α phase is formed on prior β grain boundaries. In addition to 

the transformation products like α,α′ andα ′′ , the microstructure can retain a small amount of 

β phase depending upon the alloying content. The amount of retained β obtained on cooling 

increases with increasing solute content.  

In highly stabilized β alloys, it has been found that the β is completely retained as a 

metastable phase on fast cooling. But in some compositions athermal ω phase may form in 

the β phase upon quenching. The athermal ω phase forms as very fine precipitates. The 

metastable β phase decomposes upon subsequent aging to precipitate fine α phase. The aging 

leads to significant increase in strength, while ductility decreases.  
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Figure 1: Widmanstatten α structure with α phase formed at prior β grain boundaries [5]  

 

Solution treatment above the β transus followed by cooling down to room temperatures 

yields microstructure that are known as “transformed β ′′ or β heat treated structure. In 

addition to the α-phase morphologies that result from martensitic transformation or 

nucleation and growth of the α phase, thermo mechanical processing at temperatures in the 

two-phase α+β region has an important effect on the α-phase morphology. 

Thermomechanical treatment below the β transus temperature (in the α+β phase field) results 

in the recrystallization of α phase with equiaxed morphology (known as primary α). The 

relative volume fraction of the primary α and transformed β can be controlled by solution 

treatment temperature in the two phase field and cooling rate from the solution treated 

temperature. The β phase present at the solution treated temperature undergoes 

transformation to α/α′ /α ′′  depending upon the cooling rate and β-phase chemistry. Such 

microstructures are known as α+β structures or equiaxed α + transformed β structures. It has 

been observed that the α+β structures exhibit much finer β grain size than β heat treated 

structures. The reason being that the diffusion rates in β phase is high and this causes the 

phase to grow. On the other hand, in the presence of α phase, the growth of the β phase is 

restricted and thus a finer β grain size is obtained for α+β structures [5]. 
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1.1.5 Application of titanium alloys 

The relatively high expenditure for extracting titanium from its ore is not a deterrent for its 

wide spread application. The primary reasons behind the diverse applications of titanium are 

1) high strength to weight ratio and 2) good corrosion resistance. 

Thousands of titanium alloys have been processed and developed till date to meet the 

requirements of different industries. These alloys as already described earlier, fall into four 

different categories. α, β, α + β and near α titanium alloys. The α alloys have satisfactory 

strength and good creep resistance but suffer from poor formability. The β alloys on the other 

hand possess good formability but suffer from the lack of good creep strength. The α + β 

alloys combine the good properties of either alloys. Thus by varying the relative content of α 

and β alloys and also by varying different microstructural parameters, it is possible to design 

different alloys to meet the requirements of several industries.  

One of the earliest application of titanium and its alloys was in the aerospace industry. In 

fact, the aerospace industry is the largest user of titanium products. The high strength to 

weight ratio of titanium facilitates its application as a component material for airplane parts 

and fasteners. It is also used as material for gas turbine compressor blades, heat shields, 

casings and engine cowlings.  

Moreover, as titanium possesses good corrosion resistance, it is considered as an important 

material for the metal finishing industry. Here it is used for making heat exchanger coils, jigs, 

and linings. Moreover, titanium's resistance to chlorine and acid makes it an important 

material in chemical processing. It is used for the various pumps, valves, and heat exchangers 

on the chemical production line. The oil refining industry employs titanium materials for 

condenser tubes because of corrosion resistance. This property also makes it useful for 

equipment used in the desalinization process. The chemical industry uses titanium alloy as 

material for pressure vessels. The high strength, creep and corrosion resistance renders it as 

an important pressure vessel material.  

In recent years, titanium has gained widespread popularity as a biomaterial. It is chiefly used 

in the production of human implants because it has good compatibility with the human body. 

In fact, one of the most notable recent uses of titanium is in artificial hearts first implanted in 

a human in 2001. Other uses of titanium are in hip replacements, pacemakers, defibrillators, 

and elbow and hip joints.  
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Finally, titanium materials are used in the production of numerous consumer products. It is 

used in the manufacture of such things as shoes, jewelry, computers, sporting equipment, 

watches, and sculptures. As titanium dioxide, it is used as a white pigment in plastic, paper, 

and paint. It is even used as a white food coloring and as sunscreen in cosmetic products [2]. 

 

Table 2: Specific titanium alloys used for different applications [6]. 

Alloy Alloy type Applications 

99.0 %  Ti Unalloyed Surgical Implants, High Speed Fans, Gas Compressor 

99.5% Ti Unalloyed Airframes, Heat Exchangers 

Ti-5Al-2.5Sn α Aircraft Engine compressor, Steam Turbine Blade 

Ti-5Al-2.5Sn(low O2) α High Pressure Cryogenic Applications 

Ti-8Al-1Mo-1V Near α Parts and Cases for Jet Engine Compressors 

Ti-8Al-1Mo-1V Near α Airframe and Jet Engine Parts 

Ti-3Al-2.5V Near α Airframes, Reflux Towers, Filters and Pressure vessels 

Ti-6Al-4V α+β Rocket Motor Cases, Pressure Vessels 

Ti-7Al-4Mo α+β Missile forgings and Ordnance Equipment 

Ti-13V-11Cr-3Al β High Strength Fasteners and Honey Comb Panels 

Ti-8Mo-8V-2Fe-3Al β Tough Airframe Sheet and Fasteners 

 

As is clear from Table 2, titanium and its alloys find applications in a variety of industries. 

Titanium and its alloys during service as a material for gas turbine blades, steam turbine 

blades, pressure vessels and heat exchangers experience high temperatures and multi axial 

state of stresses. This makes it necessary to understand the creep behavior of these alloys 

under conditions of high temperatures and stresses. The following section will provide an 

understanding of the creep behavior of titanium alloys in the light of different high 

temperature deformation mechanisms. 
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1.2 MECHANISMS OF CREEP 

Creep is defined as the time dependent plastic deformation of material experiencing a 

constant load/stress. Creep usually occurs in materials at temperatures significantly higher 

than room temperature, unless room temperatures are high homologous temperatures for a 

given material. Creep is generally represented by strain-time curves. A typical strain time 

curve, also known as a creep curve, is as shown in Figure 2.  

 

Figure 2: A typical creep curve [7] 

The curve as indicated in the above figure consists of 3 different regions; the primary, 

secondary and the tertiary creep region. Usually the primary creep region commences only 

after the material experienced an instantaneous strain, ε0. The instantaneous strain is a result 

of sudden loading of the material. The instantaneous strain is composed of elastic 

(recoverable on release of load), anelastic (recovers with time) and plastic (non-recoverable) 

components. Though the applied stresses for creep are smaller than the material’s yield 

strength, the instantaneous strain is composed of a plastic strain component.  

The primary creep region, as the name suggests, describes the first or initial stage of creep 

deformation. Such a region is characterized by a strain rate, decreasing with time. The 

decrease in strain rate continues till the secondary stage is attained. In the secondary creep 
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region, the strain rate of deformation remains constant. This is evident from the above figure 

with the secondary creep region described by a straight line indicating a constant slope. The 

secondary stage strain rate is the minimum strain rate of creep deformation. The creep life of 

any material can be estimated through knowledge of the secondary stage creep strain rate. 

The last stage of creep deformation is the tertiary creep regime. The material undergoes 

deformation at very high strain rates and eventually fractures. The tertiary stage of the creep 

curve is usually smaller in comparison to the primary and the secondary stage. In fact, a 

significant amount of the total strain experienced by a material corresponds to the secondary 

stage creep regime.  

1.2.1 Nature of the creep curve 

The previous section described the different regions of a creep curve and their corresponding 

characteristics. Mechanistically, the creep curve is a result of the changes occurring in a 

material at a microstructural level. The creep curve is basically the outcome of a competition 

between the processes of strain hardening and recovery. Materials usually strain harden 

during plastic deformation. The strain hardening is a kind of defense mechanism in response 

to an applied stress. Now, further plastic deformation can occur only if the applied stress 

exceeds the increase in flow stress of the material due to strain hardening. Alternatively, 

deformation can proceed at the initial applied stress if the material softens. The mechanism 

of recovery acts to soften a deformed specimen thus allowing further plastic deformation. 

Thus creep of a material is the outcome of a competition between the mechanisms of strain 

hardening and recovery. In the primary stage, the rate of strain hardening is greater than the 

rate of recovery. This is due to the formation of a more resistant creep substructure. In the 

secondary stage of creep, the rate of strain hardening is balanced by the rate of recovery and 

deformation occurs at a constant strain rate. In the tertiary stage of creep, the increase in 

applied stress due to reduction in specimen cross-sectional area overhauls the rate of strain 

hardening. The reduction in specimen cross-sectional area can be due to necking or internal 

void formation. The tertiary creep is often associated with metallurgical changes such as the 

coarsening of precipitate particles, re-crystallization or diffusional changes in phases present. 

Figure 3 depicts the four types of creep curves that have been generally observed. The shape 

of the creep curve is dependent upon the initial condition of the material prior to deformation.  
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Figure 3: Illustration of the different types of creep curves [8] 

Curve A is a typical creep curve observed in several materials. The curve consists of a 

primary stage characterized by a decreasing strain rate, a secondary stage where deformation 

proceeds at a constant rate and a tertiary stage where the material deforms at very high strain 

rates and eventually fails. Such type of creep curves are usually exhibited by annealed metals 

and certain alloys. In comparison to curve A, curve B depicts a very small primary creep 

stage. In fact, it appears as if the material enters steady state immediately. Such a type of 

curve is obtained when the substructure pertaining to creep remains constant. Curves of type 

C are obtained from materials that have been previously crept at a higher stress. The 

increasing creep rate over the primary creep stage is due to the recovery of the substructure 

corresponding to the previous steady state condition. The sigmoidal type of creep curve 

(curve D) suggests the nucleation and spread of slip zones until a steady state is achieved.  

Such kind of creep behavior has been exhibited by certain dispersed phase alloys.  

In certain cases, it is possible that the total creep curve is in the primary stage and the 

secondary and tertiary creep stages are not attained at all. Such a type of creep curve has been 
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seen for materials tested at low temperatures (T<0.3TM). At such temperatures, effects due to 

diffusion are suppressed and the entire deformation is dislocation controlled. The primary 

creep strain rate tends towards a value of zero. The strain hardening due to long range 

dislocation interactions precludes an uninhibited or a constant rate of creep deformation. The 

absence of recovery processes due to the low test temperatures allows the strain hardening 

process to be the creep controlling mechanism. This eventually leads to an increase in 

strength of the material to a value upstaging the applied stress value. Further deformation can 

only occur under the application of a higher stress or in the presence of a higher temperature. 

Such a behavior is described as an exhaustion creep behavior and the creep curve can be 

described by a logarithmic creep equation [8].  

1.2.2 Standard Creep Equations 

The dependence of creep rate on time was described by a power series [9] 

 in
i

i
i ta −∑=ε  (1) 

Where ε is the creep rate, ai and ni are functions of both temperature and stress.  

The primary stage of a normal creep curve, viz curve A can be described by (1) when n 

attains a value of 2/3. In such a case, the time dependence of creep strain (ε) is described by 

the equation  

  (2) 3/1
0 tβεε +=

ε0 is the instantaneous strain, β is a constant and t is time. Equation (2) is in accordance with 

the time law of creep proposed by Andrade [10]. Such an equation is only valid at higher 

temperatures when recovery is significant.  

For steady state creep, n = 0. The creep curve is then described by  

 tsεεε += 0  (3) 

where sε is the steady state creep rate. The total creep curve consisting of the primary and 

secondary and tertiary region can be then described by  

  (4) 33/1
0 ttt s γεβεε +++=
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where describes the tertiary component of the creep curve. There were several other time-

creep law equations proposed to describe creep data. One of them is the Garofalo’s equation 

[11] given by  

3tγ

  (5) te s
rt

t εεεε +−+= − )1(0

where εt is the limit for transient creep and r is the ratio of the transient creep rate to the 

transient creep strain.  

In comparison to the normal creep equation, the logarithmic creep behavior is usually 

described by the following equation 

 )1ln(0 tγαεε ++=  (6) 

where α and γ are constants. This equation indicates that over a long period of time, the strain 

rate of deformation tends to become zero.  

From the above discussion it is clear that creep deformation is a function of the applied 

stress, temperature and the initial microstructure of the material. Consequently, the strain rate 

of deformation, ε can be expressed as  

 ),,( turemicrostrcuTf σε =  (7) 

where σ is the applied stress and T is the test temperature. 

1.2.2.1 Effect of stress and temperature: 

The steady state strain rate of creep deformation, at a given temperature, has been found to be 

directly dependent on the applied stress. The functional dependence of strain rate on stress 

can be expressed by Norton’s law [12] 

  (8) n
s Kσε =

where K is a constant and n is the stress exponent. Similarly, for a constant applied stress, the 

rate of creep deformation increases with increasing temperature. The effect of temperature 

can be understood by including an extra term indicated in the following equation  

 ⎟
⎠
⎞

⎜
⎝
⎛ −′=

RT
Q

K cn
s expσε  (9) 

where K ′ is another constant and Qc is the activation energy of deformation. The activation 

energy of deformation is dependent upon the rate controlling creep mechanism. The 
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mechanism of creep could be controlled through diffusion of vacancies or by motion of 

dislocations etc.  

The effect of stress and temperature is clearly illustrated by Figure 4. As is depicted with 

increasing stress and temperature, the instantaneous strain at the time of stress application 

increases, the steady state creep rate is increased and the rupture lifetime is diminished.  
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Figure 4: Illustration of the effect of stress and temperature on creep behavior of any given 

material [13] 

1.2.2.2 Effect of microstructure: 

The analysis of any creep data is done by assuming the microstructure to be constant. Some 

of the microstructural features that could change during the course of a test are phase 

composition, precipitate size and distribution and grain size. Thus to estimate the different 

creep parameters and to determine the mechanism of creep, it is necessary to keep the 

microstructure constant. To this end, materials are usually heat treated at temperatures higher 

than the test temperature. Even though thermal stabilization establishes a constant 

microstructure during the course of a test, stress assisted processes altering the microstructure 

cannot be ruled. Non equilibrium structures viz. nanocrystalline materials undergo stress 

assisted microstructural changes that prevent the attainment of a constant creep 
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microstructure. Creep tests on such materials should be carried out at stresses lower than the 

critical stress at which microstructural changes could be initiated.  

The most important microstructural parameter that plays a major role in controlling the creep 

properties of a material is the grain size. The dependence of the strength of a material on its 

grain size can be understood through the Hall-Petch relation that states that materials with 

finer grain sizes possess greater strength than materials with larger grain size. On the 

contrary, under creep conditions the reverse is true. Finer grain sized materials creep faster 

than coarse grained materials at higher temperatures and at lower stresses. There are certain 

creep mechanisms that operate faster in finer grained materials in comparison to coarse 

grained materials. Hence, it is necessary to have knowledge of the grain size of a material. 

The dependence of the steady state creep rate on the grain size is understood through the 

following equation 

 ⎟
⎠
⎞

⎜
⎝
⎛ −′′= −

RT
Q

dK cnp
s expσε  (10) 

where K ′′ is a constant, d is the grain size and p is the grain size exponent. As is clear from 

equation (10) at a given stress and temperature, finer grain sized materials would creep faster 

than a coarser grained material.  

1.2.3 The Dorn equation 

A material experiences transitions in mechanisms when the applied stress or the test 

temperature is varied. Also as has been discussed in a previous section, for the same 

temperature and stress combinations, a material can creep through different mechanisms if 

the grain size is different. In fact, as equation 10 would suggest, a material creeps with higher 

strains rate for smaller grain sizes. For smaller grain sizes, creep could occur by diffusion of 

vacancies through the grain boundaries. But larger grain sized materials, for the same stress 

and temperature conditions, could creep by dislocation based processes or by lattice diffusion 

processes. In order to illustrate the effect of stress, temperature or microstructural changes on 

transitions in mechanisms it is necessary to suitably modify equation 1. Dorn proposed a 

dimensionless equation which would appropriately describe the effect of changes in stress, 

temperature and microstructure on mechanisms of creep. The modification is as follows 
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As shown in Figure 5, changes in stress and temperature for a given constant microstructure 

of the material inflicts upon a change in the stress exponent value [51]. At lower stress 

values, the mechanism of deformation appears to proceed with a stress exponent of 3, 

whereas at higher normalized stress values, the mechanism of deformation operates with a 

stress exponent value of around 7. The diffusivity value utilized for constructing the plot 

corresponds to the lattice diffusion activation energy of tin. For mechanisms that would 

operate with activation energies different than the lattice diffusion activation energy, the data 

points would fall on separate lines. This plot thus illustrates the advantage of the Dorn plot 

[8] in describing with ease the effect of stress and temperature changes on the mechanism of 

creep deformation in a given material. 

 
Figure 5: Dorn plot for Pb-60Sn solder [14]. 

1.2.4 Identifying the mechanisms of creep 

It is possible to identify a particular mechanism of creep through knowledge of the grain size 

exponent (p), the stress exponent (n) and the activation energy (Qc). The following table 
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describes the different mechanisms of creep and their relation to the creep parameters p, n 

and Qc. In addition to these three parameters, the relevant mechanism of creep can be 

identified through knowledge of the creep constant A present in (11). Each mechanism of 

creep possesses a distinct value of A . The different values of A  and their implication in 

identifying the creep mechanism will be discussed at a later stage.  

The mechanisms of creep can be broadly classified to be of two types; Diffusion based 

processes and Dislocation based processes. Coble and Nabarro-Herring (N-H) are 

mechanisms of deformation that fall under the category of diffusion based processes. Harper 

Dorn (H-D), Viscous glide and Dislocation climb are mechanisms of creep that fall under the 

category of dislocation based processes. Grain Boundary Sliding (GBS) appears to proceed 

by a combination of diffusion and dislocation based processes. The mechanism of Power 

Law Breakdown is not well understood [15].  

 

Table 3: Identification of the particular mechanism of creep through knowledge of the creep 

parameters, n, p and Qc.  

Creep Mechanism n p Qc A 

Nabarro-Herring (N-H) 1 2 QL 12 

Coble 1 3 Qgb 150 

Harper-Dorn (H-D) 1 0 QL 3 x 10-10 

Grain Boundary Sliding (GBS) 2 2 Qgb 200 

Viscous Glide 3 0 Q 6 

Dislocation Climb 5-7 0 QL 6 x 107

Power Law Breakdown >7 0 - - 

Where Qgb is the grain boundary diffusion activation energy and QL is the lattice diffusion 

activation energy.  

As is clear from the Table 3, a stress exponent value of one would suggest that the 

mechanism of deformation could be Coble, Nabarro-Herring or Harper-Dorn creep. But 

knowledge of the grain size exponent or the activation energy would establish the mechanism 

of creep. For example, a stress exponent of one and an activation energy equal to the lattice 

diffusion activation energy would suggest the mechanism of creep to be either N-H or H-D. 
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But if the grain size exponent is equal to two, then it would establish that the mechanism of 

deformation is N-H. On the other hand, if the steady state strain rate is found to be 

independent of the grain size (p = 0), then the mechanism of creep is H-D. In addition to 

these parameters a knowledge of the creep constant A can help in identifying the exact creep 

mechanism.  

1.2.5 Mechanisms of Creep: The n = 1 regime 

A stress exponent value of 1 suggests the mechanism of creep to be Coble, N-H or H-D 

controlled. But as discussed in the previous section in order to establish the exact mechanism 

of creep it is important to determine the grain size exponent and the activation energy. In this 

section, these mechanisms will be discussed.  

1.2.5.1 N-H and Coble Creep: 

The possibility of creep occurring by stress assisted diffusional mass transport through the 

lattice was first considered by Nabarro [16] in 1948 and Herring [17] in 1950. A few years 

later, Coble [18] proposed that grain boundaries could also provide an alternative path for 

stress directed diffusional mass transport to take place. Figure 5 provides a schematic of N-H 

and Coble creep mechanisms. 

 
Figure 6 a. Schematic of N-H creep. Mass transport occurs through grain. 

        b. Schematic of Coble creep. Mass transport occurs via grain boundaries. 

 

As is indicated in the above figure, under the application of a stress, grain boundaries normal 

to the applied stress will develop a higher concentration of vacancies. On the other hand,   

grain boundaries parallel (lateral grain boundaries) to the applied stress will experience 
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compressive stresses and will have a reduction in vacancy concentration. This causes a 

concentration difference between the two boundaries leading to a flux of vacancies (atoms 

diffuse in the opposite direction) diffusing from the normal grain boundaries to the parallel or 

lateral grain boundaries. The diffusion of vacancies can occur through the lattice (N-H) or via 

grain boundaries (Coble creep). The diffusion of vacancies or the motion of atoms from one 

grain boundary to another leads to a crystal strain which in turn contributes to the 

deformation of the grains and consequently the material. The calculations of the steady state 

flux of vacancies and the corresponding steady state creep rate lead to the following relation 

for N-H and Coble creep. 
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where equation (11) corresponds to Nabarro-Herring creep and equation (12) corresponds to 

Coble creep. Also BH is the N-H constant and has a value around 12 to 15, DL is the lattice 

diffusivity, Ω is the atomic volume and k is the Boltzmann’s constant. BC is the Coble 

constant and has a value of 148, DB is the grain boundary diffusivity and δB is the grain 

boundary thickness. From the above relations it is understood that the creep strain rate varies 

linearly with stress and is inversely proportional to the grain size. Usually with decreasing 

grain size, it is observed that Coble creep dominates N-H creep and vice versa. But when 

both the mechanisms operate in parallel the strain rate can be expressed by  
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where Deff is the effective diffusion coefficient and is given by  
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The constant B in equation 13 is equal to 14. From equations 13 and 14, it is clear that grain 

boundary diffusion will contribute greater to the creep rate for larger DB/DL ratios and for 

smaller grain sizes. However with increasing temperature N-H creep has a greater tendency 

to become the rate controlling mechanism. 
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In the derivation of the N-H and Coble creep equations, the following assumptions were 

made: 

1) The grain boundaries are perfect sources and sinks of vacancies 

2) The initial dislocation density of the crystal is low. This implies that the only sources 

and sinks for vacancies are the grain boundaries. 

 Since their discovery both N-H and Coble creep have been found to occur in a variety of 

materials and experimental results have agreed well with the proposed theory [19-24].   

1.2.5.2 Harper-Dorn Creep: 

At high temperatures under the application of low normalized stresses, materials display 

creep behavior that could be termed as diffusional creep behavior. The steady state creep rate 

is found to be linearly dependent on the applied stress and the creep activation energy is 

equal to the lattice diffusion activation energy. But a lack of dependence of the steady state 

creep rate on the mean grain size would suggest the operation of a mechanism different from 

a diffusional creep mechanism; this mechanism is known as the Harper-Dorn creep. The 

steady state H-D creep rate can be expressed as  

 
kT
bDA L

HD
σ

ε =  (16) 

where AHD is a constant. The Harper-Dorn creep [25] mechanism was discovered for the first 

time by Harper and Dorn in aluminum in the year 1957. Tests were carried out on aluminum 

at normalized stress (σ/E) values lower than 5 x 10-6 and at temperatures close to the melting 

point. The grain size under consideration was around 3.3 mm and was slightly larger than the 

thickness of the specimens studied. Subsequent tests, over the years, on a host of other 

materials led to a belief that H-D creep is seen only in large grained materials at very low 

stresses and high temperatures. The primary characteristics of high temperature H-D creep 

are summarized below [9]: 

1) The stress exponent is equal to one. 

2) The creep rate is independent of grain size and similar creep rates are observed both 

in polycrystals and single crystals. 

3) The activation energy of creep is equal to the activation enthalpy of lattice diffusion. 

4) The creep curves show a distinct primary stage which is followed by a steady state 

stage. 
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5) There is a random and reasonably uniform distribution of dislocations in specimens 

crept to the steady state. 

6) The dislocation density is low of the order of 5 x 107 m-2, and is independent of stress. 

Recent studies show that H-D creep can be rate controlling at intermediate temperatures. 

Creep studies in alpha titanium [26], beta cobalt [27], alpha iron [28] and alpha zirconium 

[29] have shown the presence of a H-D regime at homologous temperatures around 0.35 to 

0.6 for applied stresses around 9 x 10-5 G and grain sizes smaller than 500 μm. The main 

features of such a regime have been outlined by Cadek and are as follows [9]: 

1) A well defined steady state creep rate is observed. 

2) The creep rate may be controlled either by lattice diffusion or by dislocation core 

diffusion. 

3) Creep could occur at several orders of magnitude higher than what was previously 

thought. 

4) A threshold stress was observed for steady state creep; the stress was not dependent 

on grain size. 

5) A transient creep was seen, but the transient strains were relatively small and their 

duration short. 

Several models were proposed to understand the mechanism of H-D creep. The models of 

high temperature H-D creep were discussed in detail by Langdon and Yavari [30]. More 

recently Kumar et al. [31] summarized the experimental results obtained on ceramic single 

crystals. Purity of crystals and a low initial dislocation density were cited as necessary 

conditions to unequivocally establish the presence of H-D creep as a viable mechanism of 

deformation. 

1.2.6 The n = 2 regime: Grain Boundary Sliding 

Grain Boundary Sliding as a mechanism of creep is usually observed at temperatures higher 

than 0.4 Tm. GBS is typically a response of grain boundaries (usually high angle) to an 

applied shear stress and is supposed to occur by the relative motion of grains along a 

common boundary or along a narrow zone immediately adjacent to the boundary. The 

relative motion of grains along a common boundary is known as Lifshitz GBS when the 

accommodating process is diffusional creep [32]. On the other hand, when the process of 

accommodation occurs by glide and climb of dislocations, the GBS process is termed as 
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Rachinger sliding [33].  GBS with the deformation limited to a zone around the boundary 

comes under the category of Rachinger sliding.  

Accomodation is necessary to avoid the formation of voids at the grain boundary. Strain 

compatibility and relaxation of stress concentration is only possible through the process of 

accommodation.  

1.2.6.1 Accommodation through diffusional flow: 

Ashby and Verall [34] proposed a model to describe the process of GBS accommodated by 

diffusional flow. According to this model 
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and σ0 is the threshold stress.  

 
Figure 7: Illustration of the process of GBS accommodated by diffusional flow [15] 

As shown in Figure 6, a natural outcome of diffusional flow during GBS is grain switching. 

The grains change their neighbors during the process of sliding and such a change is assisted 

by diffusional flow. The threshold stress term present in equation (16) appears due to an 

increase in grain boundary area; a resultant of the grain switching process. Though this 

model was successful in explaining the experimentally observed switching of grains during 

deformation but failed to predict the stress dependence of strain rate. Moreover, Spingarn and 

Nix [35] suggested that grain switching cannot be entirely attributed to diffusional flow as 

the diffusion paths are physically incorrect.  
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1.2.6.2 Accommodation through dislocation movement 

The earliest model to explain GBS accommodated by dislocation movement was proposed by 

Ball and Hutchison [36]. Later modifications to this model were brought about by Langdon 

[37], Mukherjee [38] and Arieli and Mukherjee [39]. The Ball and Hutchison model is well 

illustrated by Figure 7. As shown in the figure, when the grains tend to slide under the 

application of a shear stress, strain incompatibilities and stress concentrations are developed 

at triple points [36] and grain boundary ledges [38]. Dislocation emission from these ledges 

and triple points is a natural consequence of the stress concentration.  The emitted 

dislocations traverse across the grain diameter until they encounter the opposite grain 

boundary. At this point the dislocations start piling-up and generate a back stress that 

prevents the further emission of dislocations. To enable further deformation, the lead 

dislocation at the pile-up climbs into or along the grain boundary. Thus the rate controlling 

step is the climb of dislocations at the grain boundary.  

 
Figure 8: Illustration of the Ball-Hutchison model of GBS accommodated by dislocation 

movement [15] 

Gifkins [40] presented a similar but slightly different model to explain the mechanism of 

GBS. This was known as the “core and mantle “model and considered the grain as the core 

and the regions adjacent to the grain boundary as the mantle. All deformation was assumed to 

occur only in the mantle region of the grain. This model and the rest of the models predicted 

strain rates which had an n = 2 dependence of the applied stress.  

According to this model 
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where p = 2 or 3 and D = DL or DB depending on whether the motion of the dislocations is 

along the lattice or along the grain boundary respectively.  

Superplasticity which is the ability of a material to exhibit high tensile elongations before 

failing is primarily attributed to GBS. The mechanism of deformation in superplastic 

materials is supposed to be in accordance with the mechanisms discussed in this section.  

1.2.7 The n = 3 regime: Viscous Glide 

The n = 3 regime though in principle corresponds to the power law controlled (n = 4-7) creep 

mechanism but differs from the same at a mechanistic level. The power law controlled creep 

mechanism (as will be discussed in the following section) is mostly dislocation climb 

controlled. In contrast the n = 3 regime is dislocation glide controlled. Such type of behavior 

is usually exhibited by alloys and hence the n = 3 regime at times is referred to as alloy type 

creep behavior. The creep behavior of materials can be then classified into two groups; class 

A and class M.  

The creep behavior of solid solutions or class A alloys at intermediate stresses and for 

specific material parameters consists of 3 regimes. As shown in Figure 8, with increasing 

stress the stress exponent changes from 5 (region I) to 3 (region II) and back to 5 (region III).  

The creep behavior illustrated in Figure 8 is a consequence of a competition between two rate 

controlling mechanisms; dislocation climb and dislocation glide. A stress exponent of 5 is 

obtained when dislocation climb is the rate controlling mechanism and stress exponent of 3 is 

obtained when the rate controlling mechanism is dislocation glide.  The region II known as 

the three power law creep regime is also known as the viscous glide regime. Viscous glide is 

described by the following equation [15] 
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where A is an interaction parameter that depends upon the viscous process controlling 

dislocation glide.  

The viscous process can be of different types. According to Cottrell and Jaswon [41], the 

dragging force could be the segregation of solute atmospheres to moving dislocations. The 

dislocation velocity in this case is controlled by the rate of migration of the solute atoms. 

Fisher [42] suggested that the viscous process had its origin in the destruction of the short 

range order in solid solution alloys. The disorder created by dislocation motion would result 

 26



in the formation of a new interface; the interfacial energy becomes the rate controlling 

process. Suzuki [43] suggested that the dragging force was an outcome of solute atoms 

segregating to stacking faults. There are suggestions that the obstacle to dislocation motion 

could be due to the stress induced local ordering of solute atoms. The ordering of the region 

surrounding a dislocation reduces the total energy of the crystal pinning the dislocation.  

 
Figure 9: Illustration of the creep behavior of class A type materials [15] 

The three power law creep region has been usually observed to occur in solid solutions with a 

large atom size mismatch. Alloys with higher concentration of the solute atoms seem to 

prefer the three power law creep regime as a viable creep mechanism. In fact, for very high 

concentrations of the solute atoms, the regime III could be suppressed. In addition, in class A 

alloys, usually primary creep region is characterized by an increasing slope (increasing strain 

rate). This is in sharp contrast to class M alloys that exhibits a normal primary creep curve 

with a decreasing strain rate. Some of the different alloys that exhibit three power law creep 

behavior are Al-Zn, Al-Ag, Al-Mg and Ni-Fe alloys. 

1.2.8 The n = 4-7 creep regime: Five power law creep  

The five power law creep regime is observed at higher stresses and lower temperatures. The 

five power law creep regime is generally controlled by dislocation climb but describing it as 
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dislocation climb controlled creep is not appropriate. This is because some of the other creep 

regimes such as GBS could also be dislocation climb controlled.  

The five power law creep regime is regularly displayed by class M alloys and can be 

described by  
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where A is a constant and Qc is the activation energy corresponding to the rate controlling 

mechanism. The activation energy indicated in equation (20) is the apparent activation 

energy. This is because the effect of temperature is not included in equation (20). The true 

activation energy can be obtained from the following equation 
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The temperature normalized stress, 
E
σ  term includes the effect of temperature, and thus the 

value of obtained from equation (21) is the true activation energy. The activation energy 

thus obtained has been found to be equivalent to the lattice self diffusion activation energy.  

cQ′

1.2.8.1 Subgrains and Frank Networks 

Subgrains are microstructural features that are characteristic of five power law creep regime. 

The formation of subgrains and other dislocation networks is a natural consequence of plastic 

deformation during creep. During plastic deformation the total dislocation density increases. 

Concurrent with an increase in dislocation density is the increased work hardening 

particularly due to long range stresses acting on the dislocations. In the presence of the long 

range stresses, the dislocations tend to arrange themselves into low energy configurations. 

These low energy configurations are basically walls of dislocations inside a grain. The grain 

is thus divided into many smaller sections resulting in the formation of subgrains. The 

subgrains are thus an outcome of creep plasticity. The subgrain size, λ, is an important 

microstructural feature of five power law creep regime. In fact, it has been empirically 

determined that the subgrain size (λ) varies with applied stress σ according to [44] 
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The dislocations within a subgrain usually form three dimensional networks known as Frank 

networks. These networks impede the movement of dislocations and can cause strengthening 

known as network strengthening. All the dislocations that are not associated with subgrain 

boundaries usually form Frank networks.  

1.2.8.2 Mechanisms of five power law creep: 

There are several models that have been proposed to describe the rate controlling mechanism 

in the five power law creep regime. The general consensus is that the five power law creep 

regime is diffusion controlled. This is evident from the equivalence between the activation 

energy for creep and the self diffusion activation energy. Thus all models that have been 

proposed to understand the five power law creep regime are built around the concept of a 

dislocation climb controlled creep mechanism.   

The earliest model to describe creep by dislocation climb was proposed by Weertman [45]. 

Weertman [45] considered the creep processes to be a result of the glide and climb of 

dislocations; climb being the rate controlling process. The glide motion of dislocations is 

impeded by long range stresses due to dislocation interactions and the stresses are relieved by 

dislocation climb and subsequent annihilation. The rate of dislocation climb is determined by 

concentration gradient existing between the equilibrium vacancy concentration and the 

concentration in the region surrounding the climbing dislocation. By assuming that the 

mobile dislocation density follows the Taylor’s hardening law, Weeertman [45] was able to 

derive a relationship which is known as the “natural” or the “Three Power Law” equation. 

Another model that considered the non-conservative motion of dislocations was proposed by 

Barrett and Nix [46]. This model came to be known as the Jogged Screw Dislocation model. 

The rate controlling mechanism is the motion of screw dislocations containing edge jogs. The 

edge jogs impede the motion of the screw dislocations and the non conservative motion of 

the edge jogs becomes the rate controlling mechanism. This model is similar to the 

Weertman’s [45] model in the sense that the rate of climb of the edge jogs is dependent on 

the concentration gradient established by the climbing jogs. In the original model Barrett and 

Nix assumed the jogs to be of atomic height, but recently Viswanathan et al. [47] have shown 

that these jogs could be several times larger than atomic dimensions. The modified jogged 

screw model proposed by Viswanathan et al. was found to explain the creep behavior of 

titanium aluminides and some other titanium alloys satisfactorily. 
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Ivanov and Yanushkevich [48] were the first to identify subgrain boundaries as important 

rate controlling features. The subgrain walls were suggested as obstacles to the motion of 

dislocations emitted within the subgrain. Subsequent plastic deformation could occur only 

when the dislocations were annihilated at the subgrain boundaries. This annihilation process 

is climb controlled. There are few other Network and Recovery based models [15] that 

appear attractive. These models consider the dislocation networks (Frank networks) present 

inside the subgrains to explain the hardening and recovery during creep.  

1.2.9 The n > 7 creep regime: Power Law Breakdown 

Creep regimes with a stress exponent greater than 7 are described as the power law break 

down regime. There are certain dispersion strengthened alloys that exhibit high stress 

exponents, but such a behavior is rationalized by invoking a threshold stress for the operation 

of the mechanism of five power law creep. 

The Power Law Breakdown (PLB) also known as the exponential creep regime is described 

by 
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where A and B are constants. It has been observed that the PLB regime occurs at σ > 10-3E. 

At such high stresses, the dislocation density increases manifold and thus PLB could be 

controlled by the motion of dislocations. However the mechanism of steady state creep 

deformation in the PLB regime is not clearly resolved.  

The activation energy, QC, for PLB has been found to be smaller than the activation energy 

for lattice diffusion, QL. In fact, the activation energy was found to be equal to the activation 

energy for pipe diffusion suggesting that the mechanism of deformation could be dislocation 

climb but facilitated by short circuit diffusion of vacancies through the large number of 

dislocations generated at high applied stresses. Sherby and Burke [49] suggest that vacancy 

diffusion due to vacancy supersaturation at high applied stresses can be associated with the 

rate controlling mechanism. Others have suggested that breaking down of subgrain walls 

[50], cross-slip or cutting of forest dislocations [51], instead of dislocation climb could be the 

rate controlling mechanism.  

In any case PLB remains poorly understood and this is due to the relatively small number of 

studies that have been carried out in this regime.  
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1.3 CREEP OF TITANIUM ALLOYS: EXPERIMENTAL OBSERVATIONS AND 

RELEVANT CONCLUSIONS  

As discussed in an earlier section, titanium and its alloys can be classified into mainly 3 

groups: α, β and α+β. The α-phase has a hexagonal close packed structure and the β-phase 

has a body centred cubic structure. Naturally each phase has its own set of mechanical 

properties. Creep is one such mechanical property that is expected to be different in each 

phase on account of the structural differences. Thus, this particular section aims at discussing 

the different studies carried out in each of the different alloys and identify the structure 

induced differences in creep behavior.  

Several studies have been devoted towards understanding the creep behavior of titanium and 

its alloys. Creep studies carried out on titanium have indicated the operation of different 

mechanisms depending upon the applied stress, the test temperature and grain size of the 

material. Low temperature (~ -80 °C) creep studies on titanium suggest the rate controlling 

mechanism to be thermally activated overcoming of barriers [52]. These barriers can be 

attributed to the presence of interstitial solute atoms. The tetragonal distortion generated by 

the interstitial solute atoms causes the material to harden and thus creep at low temperatures 

involves recovery of the hardening due to the solute atoms. The presence of alloying 

elements like aluminum, silicon etc. has been found to enhance the creep resistance. For 

example, the increase in creep resistance due to the presence of silicon in solid solution was 

attributed to the strong interstitial dynamic strain aging. Higher the silicon content, higher 

was the creep resistance. Precipitation of silicon to form Ti5Si3 was found to reduce the creep 

resistance [53].   

Mechanical twinning and slip have been suggested as viable mechanisms of ambient 

temperature creep in titanium alloys. Though initially, twinning was discounted as a creep 

mechanism due to the limited amount of deformation associated with the process [54], recent 

studies by Ankem and coworkers [55-57] has established time dependent twinning as a 

suitable mechanism of deformation. Ambient temperature investigations in α-Ti-0.4 % Mn 

alloy showed the coarse grained alloy to be more favorable for twin formation [55]. In 

contrast to α-titanium, studies carried out on β-Ti-13Mn alloy showed very little creep strain 
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at ambient temperatures [56]. Moreover the microstructure did not indicate any twin 

formation and instead consisted of coarse planar and wavy slip lines.  

Ambient temperature creep was also observed in α-β titanium alloys [57]. Creep was mostly 

of a primary or transient type and was found to be dependent on the microstructure. Greene 

and Ankem carried out microstructural studies on crept α-β titanium alloys and concluded 

that the alloy deforms by fine slip in α-phase, coarse slip in the β-phase and α-β interfacial 

sliding.  Some of the factors that govern the ambient temperature creep in α-titanium alloys 

are cold work, precreep strain, alloying elements and grain size. On the other hand, the 

factors affecting the ambient temperature creep behavior of α-β titanium alloys are heat 

treatment, morphology of phases and type of alloying elements.  

High temperature creep studies on α-titanium have revealed that diffusional creep 

mechanisms dominate at low stresses and high temperatures, whereas dislocation based 

processes dominate at high stresses and low and intermediate temperatures. Detailed low 

stress (~ 2 MPa) creep studies were carried out on α-titanium (grain size varying from 34-443 

μm) by Malakondaiah and Rao [58]. A Newtonian viscous creep behavior was exhibited by 

titanium in the temperature range of 823-1088 K. At smaller grain sizes (~65 μm), Coble 

creep was found to be the rate controlling mechanism. A transition to a Nabarro-Herring 

creep regime was observed with increasing grain sizes. For grain sizes larger than 110 μm, 

Harper-Dorn creep became the rate controlling mechanism. The observation of H-D creep at 

temperatures around 0.5Tm is in contrast to the observations of H-D creep in Al [25], Sn [59], 

Al-Mg [60, 61] alloys where the test temperatures were around 0.9 Tm.  

A power law creep mechanism was found to be rate controlling at higher stresses. A stress 

exponent value of 4.2 was obtained and the activation energy was equal to the lattice 

diffusion activation energy (~242 kJ/mol). Climb of edge dislocations has been considered to 

be the power law creep mechanism. An alternative mechanism of creep has been proposed by 

Mills and co-workers [62-65] for understanding the deformation of titanium at higher stresses 

and intermediate temperatures. On the basis of microstructural evidence, Mills and co-

workers modified the jogged screw dislocation model to describe the creep behavior of 

titanium and its alloys. The presence of jogs taller than atomic dimensions were first noted in 

γ-TiAl [47]. By incorporating these taller jog heights in the original jogged screw model, the 
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creep behavior of γ-TiAl was well described. The modified jogged screw model has also 

been extended to certain α-titanium alloys (Ti-6242) [65].  

Creep studies on β-titanium assume significance due to their implications in understanding 

the deformation behavior of α-β titanium alloys. Very few studies have been carried out on 

beta-titanium alloys [66, 67] and these studies mostly correspond to the power law creep 

regime. Schuh and Dunand [68] summarized the creep studies carried out on polycrystalline 

β-titanium. The tests were mostly carried out in the temperature range of 900 – 1300 °C. 

Analysis of the creep data yielded a stress exponent value of 4.2 and an activation energy 

value of 153±20 kJ/mol.  

A bulk of the high temperature creep studies are dedicated to the α-β titanium alloys. Ti-6Al-

4V is one such titanium alloy which has found applications in several industries. Thus, 

understanding the creep behavior of Ti-6Al-4V would serve to understand the creep behavior 

α-β titanium alloys in general. Ti-6Al-4V was originally considered as a superplastic alloy 

but Lee and Backofen [69] on the basis of their experimental results found it difficult to 

rationalize its deformation behavior. A temperature related strength inversion and an inability 

to measure the activation energy of deformation was ascribed to the transformation plasticity 

sensitivity of the α-β phase proportion in the alloy. β-modified Ti-6Al-4V alloys exhibited 

better superplasticity. Meier et al. [70] studied the effects of the α-β phase proportion on the 

superplasticity of Ti-6Al-4V alloys. By varying the content of the β modifying element, iron 

in this case, Meier et al. were able to develop alloys that had the β-content varying as a 

function of temperature and iron content. A stress exponent value of 2 was obtained in the 

temperature range of 725 to 825 °C. The stress exponent was found to be independent of both 

the temperature and fraction of the β-phase. The constant value of the stress exponent was in 

contrast to results obtained by Lee and Backofen [69]. Analysis of the creep results yielded 

an activation energy value of 485 kJ/mol. The activation energy is about 1.6 times higher 

than the activation energy for lattice diffusion and the high value of activation energy was 

interpreted to be the sum of the activation energy values of lattice and GBS. A threshold 

stress model was also not ruled out. Recently Barboza et al. [71] carried out creep studies on 

Ti-6Al-4V alloy. β - phase constituted about 12 % of the alloy and was mostly present at α-

grain boundaries. The creep tests were performed in the temperature range of 500 - 600 °C 

for a stress range of 291-520 MPa. The activation energy was determined to be around 310 
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kJ/mol and the stress exponent values were found to be 8.9 and 4.1 for 500 °C and 600 °C 

respectively. Dislocation climb assisted by pipe diffusion was proposed as the rate 

controlling mechanism at lower temperatures, whereas dislocation climb assisted by lattice 

diffusion was proposed as the rate controlling mechanism at higher temperature. In another 

study, Reis et al. investigated the effect of environment on the creep behavior of Ti-6Al-4V 

alloy [72]. Creep tests were performed in an environment of air and nitrogen in the 

temperature of 500 - 700 °C. Dislocation climb was found to be the rate controlling 

mechanism for the stress range investigated. The resistance to creep was found to be higher 

in the nitrogen atmosphere than in air. The increased creep resistance in the nitrogen 

atmosphere was attributed to the tenacious nitride layer formed on the surface. On the other 

hand, lower creep resistance in air was suggested as an effect of oxidation. Oxygen has been 

found to stabilize α-phase and thus causes an increase in the surface concentration of α [73]. 

Surface stresses generated due to the larger thermal expansion of α-phase causes extensive 

creep deformation. Subsequently, Barboza et al. investigated the creep behavior of Ti-6Al-

4V with a Widmansttaten microstructure [74]. Creep tests at 500 and 600 °C yielded stress 

exponent values of 11.3 and 5.2 respectively. A threshold stress model was adopted to 

rationalize the high stress exponent values. The threshold stress model yielded a stress 

exponent value of 4. This was consistent with a mechanism of dislocation climb assisted by 

lattice diffusion. A couple of models were suggested as possible explanation for the origin of 

threshold stress. At low strain rates, the threshold stress bears out of the stress necessary to 

overcome precipitates and atmosphere drag. On the other hand, at higher strain rates, the 

cross slip of extended dislocations on the basal planes to prismatic and pyramidal planes and 

dislocation climb is the origin of threshold stress [75, 76]. The creep behavior of the Ti-6Al-

4V alloy with a Widmansttaten structure was compared to that of α-titanium and certain 

composites like TiBw/Ti, TiCp/Ti-6Al-4V. The creep resistance of Ti-6Al-4V was found to 

be better than all of these materials. The higher creep resistance of Ti-6Al-4V was attributed 

to the presence of α/β interfaces that act as obstacles to dislocation motion. Moreover, the 

alloy under consideration had a grain size around 395 μm; at such large grain sizes grain 

boundary sliding and rate of diffusion of oxygen along the grain boundaries is reduced. As is 

clear from the above discussion a host of parameters viz. material structure, grain size, 

external environment, alloying elements, impurities effect the creep behavior of titanium 
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alloys. Transitions in creep mechanisms occur as a function of above parameters along with 

the applied stress and temperature conditions. The creep mechanisms operating under 

different conditions of stress and temperature can be represented by a map called the 

deformation mechanism map.   

The deformation mechanism map as an effective way of representing the creep behavior of a 

material was developed for the first time by Ashby. The map indicates the different 

mechanisms of creep operating in a material as a function of stress, temperature and grain 

size. The effect of strain rate is usually included in the deformation mechanism map.  

Okazaki et al. were the first to develop a deformation mechanism map for titanium [54]. The 

map depicted the different mechanisms operating in different stress and temperature regimes. 

At lower stresses and temperatures, Coble creep is found to be the rate controlling 

mechanism. Mechanical twinning was suggested as a possible mechanism of creep at lower 

temperature, but was not considered due to its limited amount of deformation. With 

increasing temperature, N-H creep replaces Coble creep as the rate controlling mechanism. 

On the other hand with increasing stresses, dislocations based processes, mainly dislocation 

glide and climb, become the rate controlling mechanisms. The map also indicates the effect 

of grain size of the material. With decreasing grain size, the Coble creep regime extends to a 

larger stress and temperature range. The N-H creep and the dislocation based creep regimes 

are accordingly suppressed. The α β phase transformation is also indicated in the 

deformation mechanism map. As is clear from the figure, the phase transformation does not 

seem to cause any shifts or changes in the range of operation of the creep mechanisms.  

The deformation map of titanium was further developed by Sargent and Ashby [77]. As 

shown in Figure 10, Sargent and Ashby [77] included the effect of strain rate on the 

operating regimes of the creep mechanisms. Titanium with an average grain size of 100 μm 

was utilized for this study. In contrast to the deformation map developed by Okazaki et al. 

[54], Sargent and Ashby [77] indicate that the transformation from α β phase is 

accompanied by a decrease in the extent of the diffusional creep. This difference can be 

alluded to the structural differences between the α (hcp) and β (bcc) phase. The α phase has a 

more close packed structure and naturally has a smaller diffusivity in comparison to the β 

phase that has a more open structure.  
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Sargent and Ashby [77] considered the parameters summarized in Table 4 for constructing 

the deformation mechanism map. Tanaka et al. modified the map further when they added 

the ambient temperature creep behavior of commercial purity titanium [78]. Cp-Ti was found 

to creep significantly at room temperature and creep at higher stresses and ambient 

temperatures was found to occur with a stress exponent and activation energy equal to 5 and 

10 kJ/mol respectively.  

 

 

Figure 10: The deformation mechanism map constructed by Sargent and Ashby for titanium 

with a grain size of 100 μm [77] 
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Table 4: Material data for α-Ti and β-Ti [77]. 

 
 α-Ti β-Ti 
Crystallographic and Thermal Data   
Atomic volume (m3) 1.79 x 10-29 1.81 x 10-29

Burgers vector, (m) 2.95 x 10-10 2.86 x 10-10

Melting temperature, Tm (K) 1957 1933 
Transformation temperature, TT (K) 1155 1155 
 
Modulus 

  

Shear Modulus at 300 K, G0 (MPa) 4.36 x 104 2.05 x 104

Temperature dependence of Modulus -1.24 -0.62 
 
Lattice Diffusion (Tracer) 

  

Pre-Exponential, D0v(m2/s) 8.6 x 10-10 1.9 x 10-7

Activation Energy, Qv (kJ/mol) 150 153 
 
Lattice Diffusion (Creep) 

  

Pre-Exponential, D0c(m2/s) 1.3 x 10-2 -- 
Activation Energy, Qc (kJ/mol) 242 -- 
 
Boundary Diffusion 

  

Pre-Exponential, δDob (m2/s) 3.6 x 10-16 <5.4 x 10-17

Activation Energy, Qb (kJ/mol) 97 153 
 
Core Diffusion 

  

Pre-Exponential, acD0c (m4/s) 7.8 x 10-29 1.6 x 10-26

Activation Energy, Qc (kJ/mol) 97 153 
 
Power-Law Creep 

  

Exponent, n 4.3 4.3 
Dorn Constant, A 1 x 103 1 x 105

Activation Energy, QC (kJ/mol) 242 153 
Normalized Breakdown Stress, β 3.5 x 10-3 3.5 x 10-3

 
Obstacle Controlled Glide 

  

0°K Flow Stress, τ/G 1.5 x 10-2 5 x 10-3

Pre-Exponential, γ (s-1) 106 106

Activation Energy, ΔF/G b3 0.14 0.14 
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CHAPTER-2 
 

EXPERIMENTAL SET-UP 
 
High temperature creep studies were performed on titanium alloys procured in the form of 

tubing. Creep tests were chiefly carried out on commercial purity titanium (cp-Ti) and a near 

α-titanium alloy Ti-3Al-2.5V. The creep tests on cp-Ti were carried out using a burst tester.  

The burst testing machine enables the determination of the rupture properties of any given 

material. On the contrary, creep tests on the Ti-3Al-2.5V alloy were carried out on two 

biaxial creep testing machines. One of these machines was purchased from Applied Testing 

Systems (ATS) whereas the other one was indigenously developed at the Nuclear Materials 

laboratory. Following creep tests, Transmission Electron Microscopy (TEM) studies were 

carried out on the specimens. TEM specimens were prepared at the Nuclear Materials lab 

using a combination of grinding and polishing techniques. Disks with a diameter of 3 mm 

were punched out from the specimens subsequent to the grinding and polishing. These disks 

were then subjected to electro-polishing using a FISCHIONE electropolisher to obtain 

electron transparent specimens suitable for TEM investigations. Following this microscopy 

studies were then carried out on a TOPCON 002B model electron microscope that is one of 

the two microscopes at the Atomic Resolution Electron Microscopy Facility of the Materials 

Science and Engineering department.  The following section will provide a brief description 

of the different machines and instruments used during the course these studies.  

2.1 The Burst Testing Machine 

The burst testing machine facilitates the testing of tube specimens as a function of pressure 

and temperature. The machine consists of a gas booster, a furnace where the specimens can 

be contained and heated to different temperatures and booster and furnace controls. In 

addition the machine is assisted by an air compressor which activates the motion of the 

piston in the gas booster in the process enabling the attainment of different pressures. Argon, 

an inert gas is used for internally pressurizing the specimens. The gas booster is programmed 

so as to achieve a maximum pressure of 12 ksi. Boosting of argon gas to higher pressures is 

automatically prevented. The furnace on the machine can maintain temperatures up to 773 K 

with an accuracy of ± 1 K. Once the specimen is pressurized, a pressure switch in-line with 

the pressure circuit activates a timer. Upon rupture, the timer stops and thus accurately 
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recording the time to rupture. Along with this, the burst machine has been modified so that 

the furnace cools down upon rupture. This prevents exposure of the ruptured specimens to 

undue heating in case of non-attendance for a long time. Burst specimens were prepared out 

of cp-Ti tubing. A typical specimen is shown in Figure 2. The specimen is around 12.5 cm 

long and has a diameter of around 9.6 mm. On both ends of the specimen, 3/8’’ Swagelok 

fittings were installed. One end of the specimen was closed whereas the other was open to 

allow for internal pressurization with Argon. After installation of the specimen on the 

machine and subsequent initiation of the test, the pressure in the system was monitored until 

rupture. The pressure was regulated and kept constant during the course of the test. On 

conclusion of the test, the ruptured specimen was removed and uniform circumferential 

elongation or UCE of the specimen was determined using a non elastic thread. The UCE was 

used for creep analysis and this part is described in a following chapter.    

 

 

Gas Booster (under lid)

Burst Testing Furnace

Booster and Furnace Controls 

 

Figure 1: Burst Testing Machine 
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Figure 2: A typical burst specimen 

2.2 The Biaxial Creep Testing 

Biaxial creep testing was carried out on two biaxial creep testing machines as shown in 

Figure 3 and Figure 4. One of these machines was an ATS series 2330 lever arm tensile 

loading machine with a 20:1 ratio capable of imposing tensile loads ranging from 0-5000 kg. 

A three zone ATS series 3210 furnace was installed on the machine which could attain very 

high temperatures (~1300 K). The machine was also assisted by the gas pressurization 

system on the burst testing machine. Internal pressurization of the specimens was achieved 

by installing a tee joint on the top of the specimen and piping in argon supply from the burst 

machine. The gas pressurization system on the burst machine facilitates the internal 

pressurization of the specimens. The booster controls on the burst machine enable the 

attainment of different pressure levels required for creep testing. The other biaxial creep 

testing machine is similar to the ATS machine except that the pressure levels and tensile 

loads achievable are significantly lower than the first. 

2.2.1 Creep Test Specimens 

The specimens used in the creep tests were 25 cm long recrystallized Ti-3Al-2.5V tubing. A 

typical creep specimen is shown in Figure 5. The specimen consists of the titanium tubing 

with 3/8’’ Swagelok fittings for the tee and end caps. These particular fittings were chosen 

because of their sealing mechanism (compression ferrules) which grip very tightly and 

provide a very tight seal with less chances of any gas leak. Such specimens can also be used 

for uniaxial testing because tensile loads can be easily transmitted by using the Swagelok 

fittings as grips.  

2.2.2 Creep Test Data Acquisition 

Both the creep machines are provided with a data acquisition system that enables online 

measurement of the rate of deformation of the material. The rate of deformation can be 

calculated from the creep curves. The biaxial nature of the test requires recording of the 

Open end for pressure inlet Closed end 
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strain in both the hoop and the axial direction. To achieve this, the creep specimens are 

usually installed on an extensometer shown in Figure 6. Attached to the extensometer is a 

Linear Variable Differential Transducer (LVDT) that records the axial strain of the specimen. 

Basically the extensometer transfers the axial strain of the specimen to the LVDT. On the 

contrary, the diametral expansion of the specimen is recorded by a Techmet 700 series 

Lasermike. The Lasermike consists of a laser scanner that, a receiver and a data reader. The 

Laser scanner emits the laser that passes through a slit created on the walls of the furnace and 

is received by the receiver situated on the opposite side of the furnace. In between the laser 

beam is obstructed by the specimen that is attached to the biaxial tester. The width of the 

laser beam that is obstructed by the specimen is a measure of the instantaneous diameter of 

the specimen.  

The response of the Lasermike and the LVDT is sent to a data acquisition box ( IOtech 

Personal Daq/55 in the case of the ATS machine and MCC Daq in the case of the machine 

built at our lab). The data acquisition box converts the analog voltages into a digital signal 

that is transmitted to the computer via a USB cable. A data acquisition software is installed 

on the computer which acquires data at a sampling rate pre-determine by the user. 

LABVIEW 6.1 was the software used for the ATS machine whereas TRACERDAQ was the 

software used for the new machine. The voltage responses are converted into strain values 

and plotted in a graph that updates itself periodically depending on the acquisition rate.  

2.3 TEM Specimen Preparation 

The TEM specimen preparation involves the steps of cutting, grinding, punching, polishing 

and finally electropolishing. At the outset, cylindrical samples are sectioned from the gage 

region of the specimen. These samples are further longitudinally sectioned and these sections 

then undergo grinding on coarse polishing papers (grit size 80). Grinding on these coarse 

papers makes these sections flat and thin. These flat samples are then punched to obtain 3 

mm diameter disks. These disks are then polished down to a thickness of less than 100 μm 

using fine polishing papers with a grit size of 1200. Once the disks attain a thickness smaller 

than 100 μm, they are electropolished. Electropolishing is usually done on a FISCHIONE 

electropolisher shown in Figure 7. An electrolyte made from 90 % methanol and 10 % 

perchloric acid is used for this step. A dry ice bath is created to achieve temperatures around 

– 40 °C. The process of electropolishing is most effective at this temperature and it is 
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possible to get really shiny specimens. The process is complete when a tiny hole is formed in 

the specimen. The formation of hole is indicated by an alarm installed on the electropolisher. 

The regions around the hole are usually electron transparent and the best TEM micrographs 

can be obtained from these regions. 

 

 
Figure 3: Biaxial Creep Testing Machines at the Nuclear Materials Laboratory. 

2.4 Transmission Electron Microscopy  

TEM studies were carried out on the crept cp-Ti and Ti-3Al-2.5V specimens using a 

TOPCON 002B model instrument. The instrument in located in the Atomic Resolution 

Electron Microscopy (AREMC) facility at Engineering Building I. This is a TEM operating 

at 200 keV and with a spherical aberration Cs = 0.4 mm. Ultra high resolution pole pieces are 

installed on this TEM that impose a limit on the tilt range of the specimen stage. Figure 8 

provides a picture of the TOPCON. Bright Field, Dark Field images and Diffraction Patterns 

photographs were taken using the TEM. The negative films were developed in a Dark Room 

facility that forms a part of the AREMC. 
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Lever Arm 

Laser Scanner

Air Compressor 

Specimen 

LVDT 

 

Figure 4: A description of the different parts constituting the biaxial creep machine. 

 

 

 

Tee for internal pressurization End Cap 

Figure 5: A typical biaxial creep specimen. 

 

 

 

Specimen Extensometer

2’’ gage length 
LVDT 

Figure 6: An extensometer for measurement of axial strain 
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Power supply Jet polisher 

Figure 7: The FISCHIONE electro jet polisher. 

 

 
 

Figure 8: The TOPCON 002B transmission electron microscope. 
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2.5 The Impression Creep Testing Technique 

In addition to the work carried out on Titanium alloys, some creep studies were performed on 

Pb-Sn solders and nanocrystalline Al and Zn-22Al. An impression creep technique was 

adopted to characterize the creep behavior of these materials.  

Impression creep testing as a technique of determining the creep characteristics of a material 

was developed by J. C. M. Li and coworkers. Subsequently a number of other investigators 

have worked on this technique and established impression creep testing as a good substitute 

for conventional creep testing.  In this test a cylindrical indenter with a flat end is allowed 

under the action of a stress to make a shallow impression on the surface of the specimen. The 

depth of penetration of the indenter at a given stress is measured as a function of time to get 

the impression creep curve. It has been observed that the impression creep data correlates 

well with conventional creep data, and thus it offers several advantages over the latter, viz., 

small quantity of testing material, temperature and stress dependences of creep rate 

obtainable on a single material, constant stress at constant load and absence of tertiary creep 

stage. Taking into account all these facts, the creep characteristics of Pb-62Sn solder, nc-Al 

and nc-Zn-22Al were determined using the impression creep route.  

The Nuclear Materials laboratory houses two impression creep machines as shown in Figure 

9 and 10. Each machine consists of a 3-zone heating furnace and an impression creep jog that 

is installed on the creep machine frame. The impression creep jig acts to hold the punch and 

allows for seating the specimen. Attached to the jig is a LVDT that records the axial 

displacement of the cylindrical punch during deformation. The LVDT is connected to a Data 

Acquisition Box that acts as interface between the LVDT and the monitor. Data acquisition 

software on the monitor, TRACERDAQ, displays the displacement of the punch as a 

function of time. Figure 11 provides a close view of the impression jig and shows the 

different kind of punches utilized for the studies. For the creep studies on Pb-62Sn solders, 

one mm cylindrical punches were used whereas for the nc-Al and nc-Zn-22Al specimens, 

150 μm and 300 μm specimens were used respectively. The punch dimensions depend on the 

thickness of the specimen studied. The punch diameter should be less than one third of the 

thickness of the specimen under study. This is to prevent the plastic zone developed under 

the punch during deformation from interacting with the bottom surface of the specimen in 

which case faulty results would be obtained.  
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Figure 9: The impression creep machine equipped with a furnace, a jig, a LVDT and a 

monitor. 

 
Figure 10: The other impression creep machine. 
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Figure 11: The impression creep jig and the cylindrical punches used for the creep studies on 

Pb-62Sn solders, nc-Zn-22Al and nc-Al. 
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OF CP-Ti VIA BURST TESTING∗

G. Srikant1, B. Marple2, I. Charit2 and K. L. Murty1, 2

1Materials Science and Engineering 
2Nuclear Engineering 

North Carolina State University, Raleigh, NC 27695. 

 

ABSTRACT 

An understanding of the stress rupture behavior of Ti alloy tubings is of primary importance 

for structural applications in energy technology. The stress rupture properties were evaluated 

using burst testing of closed-end thin-walled tubing at varied test temperatures and internal 

pressures. The rupture data are correlated using the Larson-Miller parameter. The uniform 

hoop strains were also measured along with rupture times from which the strain-rates were 

calculated. These results were fit to Monkman-Grant relation with the aim of extrapolating to 

in-service stress levels. The activation energy for deformation was calculated from the 

Arrhenius equation, and the experimental data were analyzed using Dorn parameters. The 

analysis indicated a transition from a power-law controlled creep regime to power law 

breakdown. TEM studies corroborated the transition in mechanism from power-law region to 

a power-law breakdown region. 

Keywords: cp-Titanium; Burst testing; Power law creep; Power law breakdown 

1. INTRODUCTION 

Titanium and its alloys have been traditionally used for structural applications in aerospace 

industry due to their high strength to weight ratio. Moreover titanium possesses good 

corrosion resistance which permits its application in chemical industries. This warrants a 

study of the creep behavior due to the high temperature and pressure experienced by the gas 

carrying tubing. Thus creep and burst behaviors of these thin walled tubings need to be 

studied under varied internal pressures and temperatures. Burst testing [1-2] simulates the in-
                                                 
∗ Published in Materials Science and Engineering A. 
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service conditions experienced by tubing and hence has been employed here to investigate 

the creep behavior of cp-Ti. 

2. EXPERIMENTAL  

Cp-Ti used in the study was obtained in the form of thin-walled tubing in a recrystallized 

condition as indicated by the equiaxed microstructure shown in Figure 1. The tubing with an 

outer diameter of 9.58 mm and a wall thickness of 0.58 mm were internally pressurized to 

different levels with argon and tested in the temperature range of 523 K to 773 K. The 

composition of the cp-Ti is included in Table 1. Burst testing was performed using a 

sustained gas pressurization system (ATS model 1815) capable of gas pressurization to 

around 100  MPa. The system is equipped with a timer which records the time taken for the 

specimen to burst and an oven capable of reaching temperatures up to 773 K. Figure 2 shows 

a typical cp-Ti burst specimen and the axial position dependence of the diameter was 

determined using a Laser telemetric extensometer. An average value of the circumference 

away from the burst position was determined and this in turn was utilized to estimate the 

uniform circumferential elongation (UCE).  

3. RESULTS AND DISCUSSION 

The UCE was calculated from the following relation:  

 ⎟⎟
⎠

⎞
⎜⎜
⎝

⎛
=

0

ln
d

d
UCE   (1) 

where d is the average uniform diameter of the burst specimen and d0 is the original diameter 

of the un-burst specimen. The UCE takes into account the strain till the point of rupture but 

does not consider the strain in the region of rupture where strains are high and deformation 

occurs in an unstable fashion. The hoop stress was calculated from the internal pressure using 

the relation for thin walled tubing 

 
t

pd

2
=σ  (2) 

where σ is the hoop stress, p is the internal pressure, d is the diameter and t is the thickness of 

the tubing. Plot of the stress (σ ) versus the time to rupture (tr ) is shown in Figure 3. The 
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steady-state strain-rate was evaluated using the UCE and the corresponding value of the time 

to rupture, 

  
rt

UCE
=ε  (3) 

The Larson-Miller parameter (LMP) was calculated using the following relation 

 )(ln CtTLMP r +=  (4) 

where T is the test temperature in K, tr is the rupture time in hours and C is a constant chosen 

as 20 for cp-Ti. A plot of the rupture stress and the LMP is depicted in Figure 4. The stress 

and the LM parameter were correlated through the following relations  

 σ (MPa) = 567.27 - 0.0317 × LMP (5) 

 The LMP is an efficient design parameter and hence the stress-LMP plot can be utilized to 

predict the time to rupture under a given condition of stress and temperature.   

A plot of the steady state strain rate against the time to rupture, as shown in Figure 5, 

establishes the Monkman-Grant relationship, 

 = 0.164 ± 0.0039 (6) Ktr =
.

ε

where K is a material parameter while the strain rate incorporates both the stress and 

temperature dependencies. The activation energy for deformation was evaluated using the 

stress and temperature variations of the strain-rates as shown in the Arrhenius plots (Figure 

6). True activation energy was obtained taking into account the temperature dependence of 

the elastic modulus [3]:  

 E (GPa) = 130.55 - 0.0777 T (7)    

where T is K. Thus obtained values for Ti (354±20 kJ/mol) are considerably higher than the 

self diffusion activation energy (150 kJ/mol) for Ti. Figure 7 depicts the relationship between 

normalized rupture time (tre
-Q/RT) and normalized stress (σ/E) for cp-Ti. As will be clear later, 

the stress indicating the change in slope of the curves in Figure 7 corresponds to a transition 

from a power-law creep regime at low stresses to one of a creep regime with exponential 

stress dependence. To verify the above assertion, dimensionless strain rate is plotted against 
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normalized stress in Figure 8. Majority of the data points corresponded to normalized stress 

values greater than 10-3 which indicates the presence of a power law breakdown (PLB) 

region. Such a region is described by the following relation 

  (8) ETBRTQ eAe c //
.

σε −=

An exponential fit was found to describe most of the data points except for those below 

σ<10-3E. For these low stress data points, power law dependence with a stress exponent 

around 7 was observed for cp-Ti. Weiss and Semiatin [4] reported a much lower value of 4 

for the stress exponent. A stress exponent of 7, in the temperature range of 0.2-0.5 Tm, 

observed in our studies on cp-Ti is suggestive of a climb controlled creep; however, the 

activation energy is noted to be greater than that for self diffusion.  

Various theories have been proposed to explain the mechanism operating in the high stress 

power-law-breakdown (PLB) region [5-7]. Pharr [8] proposed a mechanism which attributed 

the origin of PLB to the mechanical instability of sub-grain boundaries. Such a mechanism 

proceeds by the conversion of sub-grain boundaries into cells with redundant dislocations 

and involves a reduction in the dislocation spacing with increasing stress. TEM studies were 

carried out on the burst specimens to understand the microstructural changes accompanying 

the process of creep. In order to be certain that any microstructural features seen in the burst 

specimens were developed due to creep deformation and were not features originally part of 

the unburst specimen, TEM studies were carried out on the as-received unburst specimens. 

Figure 9 provides an electron micrograph of the unburst specimen showing the presence of 

random dislocations. No subgrains or any other microstructural features characteristic of 

creep deformation were seen in the unburst specimen. On the other hand, the microstructure 

of the burst specimens depicted the presence of features usually associated with creep 

deformation. Figure 10 (a) shows the TEM micrograph of cp-Ti tested at the stress and 

temperature conditions of 70.6 MPa and 773 K (corresponding to a σ/E value of 9×10-4). The 

existence of a power-law controlled creep region for this combination of stress and 

temperature can be confirmed by the observation of dislocation sub-structures that are 

generally characteristic of a sub-grain boundary. In Figure 10 (b), the dislocation sub-

structures disappear for the stress and temperature combination of 207.4 MPa and 523 K 

(corresponding to a σ/E value of 2.3×10-3) which is in accordance with the hypothesis 
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proposed by Pharr [8]. The effect of temperature on the mechanical stability of sub-grain 

network has been assumed to be negligible. The TEM micrographs indicate a breakdown of 

sub-grains with higher stresses. A compilation of the activation energy for creep obtained by 

various groups is provided in Table 2. There has been a considerable scatter in literature in 

the Qc value of cp-Ti and the activation energy obtained in this work is in agreement with 

that reported by McQueen et al [10] and Koppers et al [11].   

4. CONCLUSION 

The rupture properties of cp-Ti were studied by employing the burst testing technique. The 

rupture data were fit to both the Larson-Miller parameter and Monkman-Grant relation. The 

normalized (for temperature) strain-rates vs normalized (through temperature dependent 

elastic modulus) stress clearly indicated a sharp change revealing the inherent dangers 

involved in blind extrapolation of short-term (high temperature and high stress) data to in-

serve conditions of low temperatures/stresses. The dislocation microstructural changes 

associated with the transition from power-law creep to PLB region were correlated with 

existing theories. The burst testing technique was established as a reliable method for 

evaluating the creep properties of materials.  
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Table 1: Chemical composition of cp-Ti (in weight percent) 

 Fe O C H N 

Cp-Ti 0.2 0.18 0.1 0.01 0.03 

 

Table-2: Compilation of creep activation energies reported for cp-Ti. 

Reference Qc (kJ/mol) 

G. Malakondaiah and P. Rama Rao [10] 242 

H. J. McQueen and D. L. Bourell [11] 360 

M. Koppers, et al [12] 303 

H. Tanaka, et al [13] 240 

Present study 354±20 
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Figure 1: Optical micrograph of cp-Ti at a magnification of 500 X indicating the 
                equiaxed microstructure. 
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Figure 2: A typical burst specimen of cp-Ti. 
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Figure 3:  Plot of stress against the rupture time for cp-Ti. 
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Figure 4: Illustration of the effect of stress on the Larson-Miller parameter. 
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Figure 5: Plot depicting the agreement of the Monkman-Grant relation. 
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Figure 6: Determination of the activation energy after taking the effect of stress 
                           into account. 
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Figure 7: A plot of normalized time against normalized stress illustrating a transition in 
                mechanism of deformation. 
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Figure 8: A plot of temperature compensated strain rate against normalized stress 
           depicting the transition in mechanism from a power law controlled to 

                         power law breakdown regime. 
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Figure 9: TEM micrograph of the as-received specimen depicting random dislocations. 
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Figure 10 (a) TEM micrograph at magnification of 39 kX depicting a subgrain boundary at   
                      a stress and temperature of 70.6 MPa and 773 K respectively.  
                     
                (b) TEM micrograph at magnification of 59 kX depicting random dislocations at  
                      a stress and temperature of 207.4 MPa and 523 K respectively.   
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ABSTRACT 

Creep tests were carried out on Ti-3Al-2.5V alloy tubing in the temperature range of 450-

600 oC under the condition of closed-end internal pressurization. Creep data thus obtained 

were analyzed to obtain the parametric dependencies (stress exponent and creep activation 

energy). Transitions in creep mechanisms were noted as the stress exponent varied from a 

lower value of 1 through 2 to a higher value of 5 with increasing stress where the activation 

energy assumed values of 232 and 325 kJ/mol respectively. The creep mechanisms were 

elucidated in the light of standard creep models supported by the transmission electron 

microscopy study. New microstructural observations may warrant new explanations to fully 

decribe the deformation mechanisms. 

 

Keywords: titanium alloys; creep; diffusion; dislocations; transmission electron microscopy 

 

1. INTRODUCTION 

Titanium and its alloys find extensive use in a range of applications including aerospace, 

marine, chemical and medical industries for one or more of the following attributes like high 

specific strength, good creep resistance, bio-compatibility and good corrosion resistance. The 

creep behavior of titanium and its alloys has been widely studied. The studies fall into three 

different categories depending upon the phases constituting the alloy. The α-Ti alloys possess 

a hexagonal structure and the β-Ti alloys a body centered cubic derived structure whereas the 

α+β based Ti alloys possess a composite structure and this causes a distinct creep response 

for each of alloys.  
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The alpha or near alpha-titanium alloys generally possess a microstructure consisting of 

grains of alpha phase with beta distributed at the grain boundaries or at triple points. Due to 

the relatively small amount of beta phase, it is considered to have a minimal influence on the 

creep behavior of alpha-titanium alloys. The mechanism of creep deformation at low stresses 

and high temperatures in alpha-titanium alloys has been found to be controlled by the motion 

of vacancies along grain boundaries or through the lattice. For larger grain sizes, Harper-

Dorn creep has been claimed to control the creep behavior of alpha-titanium alloys [1]. At 

higher stresses and intermediate temperatures corresponding to the power law creep regime, 

dislocation climb has been observed to be the rate controlling mechanism [2]. This is 

corroborated by the observation of sub-grain boundaries that are usually a result of 

dislocation climb. The Power Law Breakdown (PLB) regime is approached at still higher 

stresses. Such a regime is supposed to be controlled by the breakdown of the sub-grain 

boundaries resulting in the formation of redundant dislocations [2, 3]. At lower temperatures, 

the creep of titanium has been proposed to be controlled by the thermally activated 

overcoming of interstitial solute obstacles [4]. Twinning has also been suggested as a 

mechanism of creep deformation of alpha-titanium alloys at room temperatures [5]. Twins 

were predominantly found in the larger grain sized material and were absent in the smaller 

grain sized material.  

The alpha+beta titanium alloys, on the other hand consist of a mixture of alpha and beta 

phases. These generally contain around 10 -50 % beta and the microstructure could be 

equiaxed or lamellar also referred to as a Widmanstatten structure. Barboza et al. 

investigating the creep behavior of Ti-6Al-4V found this alpha + beta alloy with a 

Widmanstatten structure to exhibit a creep behavior characteristic of a dispersion 

strengthened material [6]. A threshold stress model was found to explain the creep behavior 

of this material and the alloy was found to deform at creep rates two to three orders of 

magnitude smaller than alpha-Ti for the same range of temperatures and stresses studied. The 

lower creep rates can be attributed to the strengthening of titanium caused by additions of 

solutes such as aluminum and vanadium. In general, it has been observed that the addition of 

alpha stabilizers like aluminum suppress deformation mechanisms such as twinning. 

Moreover, the relative stability of the beta phase could cause a significant shift in the 

mechanism of deformation at ambient temperatures. Jaworski and Ankem compared the 
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deformation behavior of two alpha-beta alloys Ti-6.0Mn and Ti-8.1V [7]. Higher creep strain 

in Ti-8.1V in comparison to Ti-6.0Mn was attributed to the formation of stress induced 

martensite in the beta-phase and a greater number of twins in the alpha-phase. The formation 

of stress induced martensite was found to be related to the reduced stability of the beta phase. 

The higher stability of the beta-phase in Ti-6.0Mn retards the formation of stress induced 

martensite and instead twinning assumes the primary mechanism of deformation. The 

morphology of the Widmanstatten structure has also been found to determine the extent of 

creep deformation. Miller et al. noted that coarser oriented colonies in a Widmanstätten show 

higher creep strain than a Widmanstätten alloy with a finer basketweave microstructure and 

an alloy with a martensitic structure [8]. The high creep strain was attributed to planar slip 

passing through beta platelets for the length of a whole colony. Thus, the long slip-lengths 

with widely spaced deformation barriers are responsible for the maximum creep strain. 

 Relatively few studies have been carried out to investigate the deformation behavior of 

beta-titanium alloys [9-12]. This could be perhaps due to the fact that carrying out 

experiments on beta-titanium alloys requires high temperatures (T > 882 °C). Also oxidation 

of the titanium alloy becomes a major issue at such high temperatures. Nevertheless, the 

interest in the creep behavior of beta-titanium alloys is primarily due to its implications in the 

deformation behavior of two phase alpha-beta titanium alloys. Creep studies on beta-titanium 

alloys generally correspond to large grain sizes of the alloy and this is due to the fact that the 

alpha-beta transformation temperature is around 882 °C. Schuh et al. [12] compiled the creep 

studies carried out on beta-titanium alloys and by assuming a suitable value for the elastic 

modulus plotted all the data to obtain a stress exponent of 4.2. A stress exponent value 

varying between 3 and 10 suggests a power law controlled mechanism of creep. An 

activation energy value of Q = 153 ± 20 kJ/mol was found to suitably describe the data points 

when plotted according to the Bird-Mukherjee-Dorn equation.  

From the above discussion it is apparent that the creep behavior of the titanium alloys is 

influenced not only by the different phases constituting the microstructure but also by the 

morphology of the phases. Even though alpha-beta titanium alloys dominate the alpha-

titanium alloys due to their varied applications, still the α-Ti alloys have been used over a 

wide range of temperatures because not only do they not exhibit a ductile-brittle transition 
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(important for cryogenic applications) but also possess reasonable elevated temperature 

strengths. 

Ti-3Al-2.5V is one such near α-titanium based alloy which has been primarily used in the 

aerospace industry as material for compressor blades of a jet engine and in the chemical 

industry for manufacturing pressure vessels and filters. During service, the material 

experiences high temperatures and a multi-axial state of stress thus warranting a study 

simulating the observed conditions. Although its sister alloy (Ti-6Al-4V) has been 

extensively investigated, creep properties of Ti-3Al-2.5V alloy have not been studied in 

detail thus far. Most creep studies on titanium alloys have been carried under a uniaxial state 

of stress using the conventional single lever arm loading method.  Previous studies on Ti-

3Al-2.5V have been carried out mainly under uniaxial (α = 0/ =zσσθ ) and an equi-biaxial 

( 1/ =zσσθ ) states of stress, where θσ  and zσ  are the hoop stress and axial stress, 

respectively [13]. Even then, there is no detailed account of creep studies under the closed 

end internal pressurization ( 2/ =zσσθ ). Hence, this study was undertaken to understand the 

fundamental creep mechanisms operating during the creep of Ti-3Al-2.5V alloy tubing under 

closed end internal pressurization. 

 

2. EXPERIMENTAL 

Ti-3Al-2.5V alloy was procured in the form of tubing. The tubing has outer diameter of 

9.58 mm and a wall thickness of 0.5 mm. The as-received material was in a cold worked state 

and was annealed at 700 °C for 4 hours to achieve an equiaxed microstructure. The 

microstructures of the as-received and the annealed material are as shown in Figure 1. The 

mean linear intercept grain size of the annealed material was measured to be 6.6±0.4 μm.  

The ratio of the wall thickness to the outer diameter is less than 0.1 thus indicating that a 

thin wall approximation is applicable (i.e. negligible radial stress). Thus, the hoop stress ( θσ ) 

and axial stress ( zσ ) are calculated using the following relations  

 ⎟
⎠
⎞

⎜
⎝
⎛=

t
dpi 2θσ   (1)
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t
dpiz 4

σ  (2)

  

where pi is the internal pressure, d is the mean diameter of the tube and t is the wall 

thickness. Thus, closed end internal gas pressurization leads a biaxial stress state (α) of 2. 

.Creep tests were performed on the annealed material in the temperature range of 723-873 K. 

Figure 2 shows a typical specimen used for the closed end internal pressurization creep tests. 

The set-up shown in Figure 3 was used for performing the creep tests and consists of a Laser 

extensometer and an LVDT (Linear Variable Differential Transducer) to measure the hoop 

and the axial strain, respectively. The Laser extensometer employs a laser to measure the 

outer diameter of the creep specimen at any given instant and the hoop strain is thus 

calculated using the change in the diameter of the specimen. The corresponding axial strains 

are in most cases very small or almost negligible. In a recent study on a Zr-based alloy tubing 

[14], it has been demonstrated that the hoop creep data obtained from the burst test (which is 

equivalent of a 2:1 creep test) and ring creep tests (giving creep properties in the hoop 

direction) are actually equivalent. This study is thus focused on the hoop creep behavior 

under internal pressurization. Further, we have not examined any texture effect herein, and 

thus no attempt has been made to explain creep anisotropic properties. 

Although argon gas was used to pressurize internally and chances of inside oxidation was 

minimal, no protective atmosphere was used in the furnace to protect surface oxidation of the 

outer surface of the tube. The hoop strain thus calculated at higher temperatures can be 

inaccurate when the oxidation of titanium contributes to a significant increase in the diameter 

of the tubing. Previous studies have demonstrated that coatings made of platinum, gold etc. 

can effectively resist surface oxidation of Ti alloys [15]. To minimize the interference of 

oxidation, gold coated specimens were used for the tests conducted at 600 °C. The specimens 

were coated in a pulsed laser deposition chamber. Further, oxidation studies were carried out 

on Ti-3Al-2.5V in the temperature range of 550-700 °C to determine the oxidation kinetics 

(see the Appendix), and thus the extent of oxidation for a given period of time. It was found 

that temperatures at or below 550 °C the rate of oxidation is very small and thus gold coating 

is not necessary for tests carried out in the temperature range of 450-550 °C. However, creep 
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tests on specimens with and without coating at 500oC were done to confirm that coating does 

not affect the inherent creep properties of the specimens.  

The biaxial state of stress was achieved by internally pressurizing the specimens with 

argon. The creep set-up is assisted by an air-compressor and a gas-booster that generate the 

required argon pressures. On completion of the creep tests, the specimens were cooled down 

under load to preserve the microstructural features characteristic of the final creep condition. 

Samples were then sectioned from the gage length region of the crept specimens for 

transmission electron microscopy studies. The sectioned samples were mechanically polished 

down to thicknesses around 150 μm and then 3 mm disks were punched out of the samples. 

These disks were then jet-electropolished in a Fischione twin jet polisher using a solution of 

90% methanol and 10% perchloric acid solution at a temperature around -40 °C. The low 

temperature was achieved by the use of a dry ice bath. The jet-electropolished specimens 

were examined under a TOPCON 0002B transmission electron microscope (TEM) to 

investigate the deformation microstructures. 

 

3. RESULTS AND DISCUSSION 

3.1. Stress Exponent (n) and Activation Energy (Q) 

Figure 4 shows typical creep curves obtained in the hoop and axial direction for a given 

stress and temperature condition. As is clear from the figure, the strain in the axial direction 

is considerably smaller in comparison to the strain in the hoop direction. This can be 

attributed to the fact that internal pressurization generates a hoop stress that is two times the 

axial stress and thus causes greater deformation in the hoop than in the axial direction.  

Taking this into account, further analysis was carried out by considering the deformation in 

the hoop direction only. The creep curves obtained in the hoop direction for different 

temperature and stress conditions were analyzed to determine the steady state creep rate. The 

stress exponent (n) values were determined by fitting the data to the standard creep equation, 

 RT
Qn c

e
E

A
−

⎟
⎠
⎞

⎜
⎝
⎛=
σε  (3) 

where ε  is the hoop strain rate, A is a constant, σ is the applied hoop stress, E is the elastic 

modulus, n is the stress exponent, Qc is the creep activation energy, R is the universal gas 
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constant and T is the test temperature. A log-log plot of the steady state strain rate,ε , against 

the applied normalized stress ⎟
⎠
⎞

⎜
⎝
⎛

E
σ  for different temperatures is shown in Figure 5. Therein 

three distinct regions can be observed. In region I, a stress exponent of 1 was observed for 

low normalized stress values, whereas stress exponent values of 2 and 5 were obtained in 

region II and region III, respectively.  

The normalized stress values were determined by considering the dependence of the 

elastic modulus (E) on the test temperature T (in °C), and this was found to be [16] 

E (GPa) = 130.55 - 0.0777 T. (4) 

The activation energy (Q) of deformation for region-II and region-III was determined for a 

given stress from a semi-log plot of ε , against the inverse of temperature (T-1, T in K). 

Figures 6 and 7 show such plots for region-II and region-III, respectively. An activation 

energy (Q) value of 232 ± 25 kJ/mol was obtained for region II whereas a Q value of 325 ± 

20 kJ/mol was obtained for region-III. Due to an insufficient number of data points in region 

I, the activation energy could not be determined using the above method.  

A stress exponent value of 2 combined with an activation energy value of 232 ± 25 

kJ/mol obtained in region II points towards the operation of a grain boundary sliding (GBS) 

related mechanism of deformation. On the other hand, a stress exponent value of 

approximately 5 and an activation energy value of 325 ± 20 kJ/mol in region-III suggest the 

operation of a dislocation climb based creep mechanism. The activation energy for such a 

case should be comparable with that of lattice diffusion of the base element of the alloy. The 

value of QIII observed in this study compares well with those obtained by other researchers 

[1-3, 17-22].  Moreover, the ratio of QII/QIII = 0.7 and this agrees well with that expected for 

grain boundary sliding. In general the activation energy for grain boundary sliding (Qgb) is 

around 0.5-0.8 Ql.  

The stress exponent value of 1 obtained for region-I suggests the operation of a 

Newtonian viscous creep mechanism. The exact mechanism (Coble, Nabarro-Herring or 

Harper-Dorn) of deformation in region I can be established through knowledge of the 

activation energy of deformation. Due to the lack of sufficient number of data points, the 

activation energy of deformation for region-I could not be calculated. But it can be 
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determined as a first approximation by fitting the data to each of the likely creep models and 

choosing whichever offers the best correlation. The details are given in the next section.  

 

3.2. Comparison of creep mechanisms with standard creep models 

The high temperature deformation behavior is often described by the following 

phenomenological equation 
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where k is the Boltzmann’s constant, D is the appropriate diffusivity, b is the burgers vector 

and the remaining terms are as defined previously. 

A stress exponent of 1 in region-I suggests a vacancy diffusion controlled mechanism of 

creep. The diffusion of vacancies can occur either through grain boundaries (Coble creep) or 

through the lattice (Nabarro-Herring creep). Harper-Dorn creep involving motion of 

dislocations also exhibits a stress exponent of 1, but this may not be the case here because 

this type of creep has generally been observed at high homologous temperatures and 

generally seen in large grained materials. However, this study was carried out in the 

temperature range 0.36–0.45 Tm. Even though, Malakondaiah and Rao [1] observed the 

operation of Harper-Dorn creep in the temperature range of 0.5-0.52 Tm in alpha-Ti but the 

grain size of their material (≥110 μm) was significantly larger than that used in this study 

(~6.6 μm).  

Three mechanisms of diffusional creep (Coble, Nabarro-Herring and Harper-Dorn) can 

be described by the following creep equations [23]  
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The constants were calculated for each of the three creep mechanisms by assuming an 

activation energy of Qgb = QII = 232 kJ/mol (0.71QL) for Coble creep and Ql = QIII = 

325kJ/mol for N-H and H-D creep. It is observed that the Coble constants for the data points 

corresponding to 823 and 873 K in region I are 2.3 × 108 and 5.8 × 108, respectively. These 

are significantly higher than the theoretical Coble constant value i.e. 100, and the difference 

is clearly revealed in Figure 8. On the other hand, the N-H (H-D) constants for the 823 and 

873 K data points in region-I turn out to be 5.45×105 and 6.45×105 (0.0011 and 0.0013), 

respectively and are several orders of magnitude larger than the ideal N-H (H-D) constants. 

On the basis of the above analysis, it appears that none of the standard viscous creep 

mechanisms describe region I.  

Similar analyses were carried out for regions II and III to substantiate the earlier 

determination of pertinent rate-controlling creep mechanisms. In Figure 9, the data in region 

II were fitted to the following a standard GBS model proposed by Ruano and Sherby [24] 
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where L is the mean linear intercept grain size. The activation energy used for this analysis is 

the same as determined for region-II. The grain boundary sliding constant was calculated for 

the data points corresponding to the creep data in region-II, and are found to be ~108. Thus, 

the creep mechanism in region II can be attributed to grain boundary sliding controlled by 

grain boundary diffusion. Similarly for region III, the data were fitted to the Weertman’s 

model involving climb of edge dislocations [25]. The standard creep equation for dislocation 

climb is [23] 
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106 - dislocation climb (10) 

 76



where n = 4-7. The constant for region III by fitting the data to the above model was found to 

be 1.7×107, and this is somewhat smaller than the Weertman’s creep constant (6×107) for 

dislocation climb (Figure 10) though it is well within an order of magnitude. 

 

3.3. Transition in creep mechanisms 

The diffusivity value used in the above equation corresponds to the lattice activation 

energy. The transitions in creep mechanisms from a dislocation climb controlled creep at 

higher normalized stresses to a GBS controlled creep at intermediate normalized stresses to a 

viscous creep at low normalized stresses is clearly illustrated in Figure 11. This observation 

is consistent with the prediction by Langdon [26] that there might be a GBS dominated 

regime in between the Newtonian viscous regime at lower stresses and dislocation climb-

controlled creep at higher stresses. An important thing to note is that, even though the data 

points corresponding to the higher normalized stress values fall on a single line, the data 

corresponding to intermediate and lower normalized stress fall on separate lines. This is 

because of a temperature dependence of the transition from one mechanism to another. 

Moreover, the adoption of lattice diffusion activation energy for plotting Figure 11 reveals 

the inherent differences among the creep mechanisms.  

3.4. Substantiating creep mechanisms through TEM examination 

Although parametric dependencies have long been used to predict the operating creep 

mechanisms, it is prudent to verify those assertions through microstructural examination. 

TEM was used to study the fine structural details in recrystallized and as-crept specimens. At 

the outset, the annealed material was studied under a TEM to observe the different 

microstructural features present in the material prior to the creep deformation. Figure 12 

shows a representative bright field TEM micrograph of the recrystallization-annealed 

specimen. The micrograph clearly depicts the equiaxed grain structure present in the 

annealed material. Although only a few of the grains display the presence of more or less 

straight dislocations (Figure 13), the overall dislocation density in this material is low as 

expected of a typical annealed material. Hence, any new microstructural features observed in 

the crept specimens that are different from those of the annealed material would suggest that 
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they have been generated during the creep process, thus indicating the micro-mechanisms 

involved. 

 

3.4.1. Microstructural observations in region-I 

In region-I, the creep mechanism is thought to be controlled by the diffusion of vacancies 

along the grain boundaries (Coble creep). In general, microstructural changes in terms of 

dislocation interactions are least expected in this region because of the very nature of the 

deformation process. The n=1 region is usually associated with low stresses and high 

temperatures. At very low stresses when σapp is < σY dislocation based processes can be 

precluded. The microstructural features observed during diffusion creep has been a subject of 

regular debate [27-31]. In fact, there are suggestions that diffusional creep might be non-

existent. The basis of such a suggestion is the absence of microstructural features that are 

unique or characteristic of diffusional creep and are observed for all materials.  

The first experimental evidence for diffusional creep was provided by Squires etal. [27]. 

They predicted the formation of denuded zones near transverse grain boundaries as an 

evidence for the operation of diffusional creep. Diffusion of vacancies through the lattice (i.e. 

N-H creep) was assumed to be the governing mechanism. However, neither the stress 

exponent nor the activation energy was calculated to corroborate the micrographic 

observations. Microscopic evidence for diffusional creep was also presented by Jaeger and 

Gleiter [28] in bamboo structured copper coated with a thin film of alumina. The appearance 

of new surfaces devoid of alumina films was attributed to grain elongation, a natural outcome 

of vacancy diffusion.  

Ruano et al. [29] reasoned against the observations of Squires et al. [27] as insufficient 

evidence for the diffusion creep that was not supported by any numerical calculations. 

Recently, Thorsen and Bilde-Sorensen [30] summarized the different arguments in favor and 

against the existence of a diffusional creep regime. They considered the denuded zones as 

insufficient evidence, and instead provided experimental evidence of deposition of material 

at the transverse grain boundaries during diffusional creep. They proposed the deposition of 

material at transverse grain boundaries as a strong evidence for diffusional creep in tune with 

the theoretical understanding. They further suggested that such a process proceeds by the 
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climb and glide of grain boundary dislocations. Support for the existence of diffusional creep 

has further been provided by Greenwood [31], Bilde-Sorensen and Smith [32], Burton and 

Reynolds [33] and Owen and Langdon [34].  

Recently, Viswanathan et al. [35] studied the deformation microstructure of a Ti-6242 

alloy that underwent a diffusional creep deformation process, and found no particular 

dislocation arrangements or interactions. In fact, they observed a decrease in the dislocation 

density for such a mode of deformation in comparison to a power law controlled mode of 

creep deformation. There were no observations similar to those made by [27, 28 and 30]. 

More recently, Wilshire and Battenbough [35] suggested the absence of any dislocation 

processes for a diffusional creep regime while investigating creep and creep fracture of 

polycrystalline copper. They did not provide any detailed microstructural evidence for 

diffusion creep. Rather they mentioned that there were observations of slip lines in this 

regime. 

In this work, we have conducted TEM studies on the crept specimens drawn from the 

viscous (n = 1) creep regime. Figure 14 shows the TEM micrograph of a specimen deformed 

at 600oC under a hoop stress of ~16 MPa. The micrograph depicts the presence of elongated 

band-like features. It is important to note at this point that no such features were present in 

the as-recrystallized alloy. Twins generally are unlikely to form in such a fine-grained 

material such as the present alloy (~6.6 µm). Now the twins formed due to deformation 

generally takes a lenticular shape but the band-shapes present in the crept specimen are not 

lenticular at all. Therefore, the conjecture that these band-like are twins can be rejected. 

Moreover, twins are usually expected to form in coarse grained materials at lower 

temperatures and high strain rates. These bands seem to be highly coordinated between 

grains and are determined to be slip-bands.  

Assuming these elongated bands to be slip bands, the Spingarn-Nix model [37] based on 

the climb of dislocations at grain boundaries was invoked. The data corresponding to Region 

I was modeled according to the following expression 

 δσ
λ

ε gbSB D
kT

d Ω
= 4

50   (11) 
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Where d is the mean linear intercept grain size, λ is the slip band spacing, Ω is the atomic 

volume, δ is the grain boundary width and the other terms have their usual meanings. Figure 

8 shows the agreement between the data corresponding to region I and the above model for a 

slip band spacing of 225 nm. The slip band spacing under consideration was measured from 

the TEM micrograph in Figure 14. Although the model appears to describe the data in region 

I satisfactorily, experiments are necessary to establish the conditions of slip band formations, 

and also to check the validity of this model for different conditions of stress and temperature. 

 

3.4.2 Microstructural observations in region-II 

GBS has been attributed to be the rate controlling mechanism in region II. In general 

grain boundary sliding has been proposed by Ball and Hutchison [38] to be occurring by the 

glide and climb of dislocations. Dislocations emitted from the ledges of the grain boundaries 

travel within the grain to the opposite grain boundary where they pile up. The back stress 

developed due to the pile-up prevents further emission of dislocations from the ledge. For 

further deformation to occur the back stress needs to be relieved by dislocation climb. Figure 

16 provides a schematic of the process of grain boundary sliding proposed by Ball and 

Hutchison [38].  

There have been several attempts to understand the mechanism of sliding at an atomic 

level. Gleiter et al. [39] carried out TEM studies and suggested that the sliding occurs by pure 

glide and not by glide and climb. Ishida and Brown [40] through diffraction contrast 

experiments on a TEM proved that the grain boundary dislocations are undissociated and 

retain their crystallographic Burgers vector. Fallout of such an observation is that the sliding 

mechanism is assisted by the climb and glide of grain boundary dislocations. Langdon [41] 

summarized the various observations and concluded that the requirement of a high activation 

energy (equivalent to lattice diffusion activation energy) for sliding indicates that such a 

mechanism proceeds by the glide and climb of dislocations. He proposed that grains can be 

considered to consist of an outer shell, a zone adjacent to the grain boundary, which 

accommodates most of the deformation during grain boundary sliding. Offsets developed in 

prior scratches have also been shown as evidence for grain boundary sliding mechanism.  
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TEM studies on the specimens corresponding to region II revealed the presence of 

dislocation arrangements as would be expected for grain boundary sliding. Figure 16 (a) 

shows an array of dislocations similar to that generally observed in pile-ups. The spacing 

between the dislocations gradually increases as we move away from the grain boundary. 

Here, no sub-boundary formation, jogged dislocations or band-like structures (such as in n=1 

regime) were observed. Observation of dislocation arrangements similar to dislocation pile-

ups combined with the stress exponent and activation energy values confirms the operating 

mechanism in region II to be grain boundary sliding assisted by the dislocation glide and 

climb. Moreover, as per the model, enhanced dislocation activity should be expected in 

regions around the grain boundary and Figure 16 (b) depicts this. A lot of dislocations are 

emitted from the grain boundary and they appear to travel across the grain to the opposite 

grain boundary.  

 

3.4.3 Microstructural observations in region III 

Region III with a stress exponent of 5 and an activation energy value corresponding to 

the lattice diffusion activation energy is the so called five power law creep region. The creep 

mechanisms in this regime have been widely studied. Nabarro [42] summarized different 

models of power law creep and identified the shortcomings of each model. The Weertman 

model takes into account the glide of dislocations from sources of a given density [25]. 

Dislocations spread from these sources to form edge dislocation dipoles. These dipoles are 

removed by dislocation climb assisted by lattice diffusion to form low energy boundaries 

resulting in the subgrain formation. This model predicts a stress exponent of 4.5 if it is 

assumed that the density of dislocation sources is independent of the applied stress. Nabarro 

[42] invoked the principle of similitude for dislocation glide showing that the dislocation 

source density is inversely proportional to the applied stress and thus a stress exponent value 

of 3 could be expected. On the other hand, the power law creep model proposed by Spingarn 

and Nix [37] considered the grain boundaries as rate controlling. Slip in adjacent grains leads 

to the formation of steps in the common grain boundary and the smoothing of the grain 

boundary was suggested to be the rate controlling process. This model predicted a stress 

exponent of 5. However, the creep rate was found to be dependent on the grain size. Nabarro 

questions the accuracy of the model on the basis that the good numerical agreement found 
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between the model and experiments was due to a misreading of the activation energy units. A 

new model based on the elimination of edge dislocation dipoles was proposed by Nabarro 

[42] as suitable to explain the observed creep rates and activation energies.  

In this work, TEM studies were carried out on a specimen that underwent a stress change 

experiment at 500 oC. The final stress was 211.5 MPa ( 31002.3 −×=
E
σ ) and this corresponds 

to a data point in region III. The TEM micrographs reveal the formation of subgrains as is 

evident from Figure 17 (a). Also shown in Figure 17 (b) is the dislocations arrangement to 

form low angle boundaries. The observation of subgrains and a stress exponent of 5 obtained 

for region III is consistent with the Weertman’s model. That involves the climb of edge 

dislocations. This is further validated by the empirical relation that is usually considered for 

sub-grain forming materials [43]: 
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The dimensionless relation predicts the sub-grain size (λ) that could be expected for a 

given stress level (σ). The subgrain size measurements using the sub-grain microstructure 

observed in Figure 17(a) indicated a size of approximately 1.2 μm.   The corresponding crept 

sample was that of one tested at a temperature of 500 °C and a stress of 211.5 MPa. The 

empirical subgrain size corresponding to the above test conditions was predicted using 

equation (12) and was found to be 1.9 μm. This value compares well with experimental 

measurements thus confirming the presence of sub-grains and the operation of a mechanism 

controlled by climb of edge dislocations in region III. Moreover, the TEM micrographs do 

not show any kind of dipole formation, thus dispensing the Nabarro model [42] for this 

particular study. TEM studies were also carried out on a specimen crept at a temperature and 

stress of 550oC and 127 MPa ( 3109.1 −×=
E
σ ). The dislocation sub-structures observed for 

this specimen are completely different from those seen for the 31002.3 −×=
E
σ  case as is 

shown in Figure 18. This shows the formation of dislocation structures similar to jogged 

dislocations. These structures are in a way similar to those studied by Viswanathan et al. [35, 

44-46]. Observation of jogged dislocations indicates that perhaps the jogged screw 
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dislocation model [47] or its modification proposed by Viswanathan et al. [44] may play a 

role in elucidating the creep mechanisms in region-III. 

 

3.4.4 The jogged screw model and its modification 

The jogged screw model proposed by Barrett and Nix [47] considers the jogs on screw 

dislocations as impediments to dislocation motion and thus the rate controlling mechanism is 

the motion of jogged dislocations. A stress exponent of 3 was obtained by Barrett and Nix in 

their work on Fe-3%Si. The steady state strain rate as per this model is given by 

 ⎟⎟
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where ρs is the mobile screw dislocation density, D is the self-diffusion coefficient, α is the 

number of atoms per unit cell, b the Burgers vector, ao is the lattice parameter and λ is the 

average spacing between jogs. The mobile screw dislocation density from experimental 

calculations was found to be proportional to σ3. One of the assumptions made by Barrett and 

Nix for developing the model was that the jog height is of atomic dimensions (~b) and is 

independent of stress. 

Viswanathan et al. [44] and subsequently Karthikeyan et al. [48] revised the model on the 

basis of their experimental observations in titanium aluminides. They found the jog height to 

be significantly larger (~100b) than the atomic dimensions from tilting experiments in TEM 

and modified the jogged screw model to take into account the stress dependence of jog height 

with stress. The mobile screw dislocation density in this case was assumed to follow the 

Taylor dislocation ( ) and the modified jogged screw dislocation model gives 2σρ ∝
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where β is a constant, D is lattice diffusivity, hd is the maximum jog height that can be 

achieved for a given stress level, α is a constant, G is the shear modulus, Ω is the atomic 

volume, λ is the jog spacing and the rest of the terms are the same as defined previously. The 

average jog height is represented as βhd. 

Given the presence of jogged screw dislocations in the crept specimens (n=5), the 

possibility of validity of the modified jogged screw model for the creep of α-Ti alloys needs 
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to be studied. Significantly, the jogged screw dislocations observed in this study are not well 

formed and can rather be described as segmented. Moreover, well formed jogged screw 

dislocations observed by Vishwanathan et al. [46] during TEM studies on a crept α phase 

based Ti-6242 alloy samples actually correspond to tests carried out at a stress level of 

( 3106.4 −×=
E
σ ) that is higher than the stress levels ( 3100.2 −×=

E
σ ) corresponding to jog 

formation in Ti-3Al-2.5V. The observation of sub-grains in conjunction with segmented 

jogged screw dislocations at lower stress levels in comparison to well formed jogged screw 

dislocations at higher stress levels indicates that there is a possible transition in mechanism 

that is too subtle to be revealed as a marked change in stress exponent. Such a fact can be 

established by studying the effect of stress on the microstructural changes occurring in power 

law controlled creep regime.  

 

4. CONCLUSION 

Creep studies were carried out on thin-walled Ti-3Al-2.5V tubing under closed-end 

pressurization. The creep mechanisms were identified by correlating the creep results with 

the standard creep models. It is observed that at higher temperatures and low temperatures 

creep is apparently controlled by dislocation climb along slip band boundaries whereas 

transitions to grain boundary sliding and power law creep occur at higher stresses and lower 

temperatures. TEM studies validated the grain boundary sliding and power law creep 

regimes. Even though the parametric dependencies point towards the operation of Coble 

diffusion creep, the microstructural features observed in the diffusional creep regime suggest 

the possible operation of a mechanism controlled by dislocation climb along slip band 

boundaries. Controlled experiments are necessary to validate the operation of this 

mechanism. Attempts were also made to understand the power law creep regime in the light 

of the modified jogged screw model. Further investigations are necessary to correlate the 

power law creep regime with the jogged screw model. 
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Oxidation studies were carried out on the Ti-3Al-2.5V alloy to determine the oxidation kinetics. Accurate hoop strain measurements 

are critical while studying the creep behavior under a biaxial state of stress. This requires the continuous measurement of the diameter 

of the tube over the duration of the creep test. Oxidation at higher temperatures can interfere with the exact determination of the 

diameter of the tube. Gold coated specimens were used to restrict the extent of oxidation and thus facilitate proper hoop strain 
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Reference Material T (K) Q (kJ/mol) Method 

G. Malakondaiah and P. Rama Rao [1] α-Ti 823-1088 241 Creep 

G. Srikant et al. [2] cp-Ti 523-723 354±20 Creep 

M. J. R. Barboza et al. [3] Ti-6Al-4V 773-873 415 Creep 

M. J. R. Barboza et al. [17] Ti-6Al-4V 773-873 319 Creep 

M. Koppers et al. [18] α-Ti 873-1133 303±2 RT*

H. Tanaka et al. [19] cp-Ti 298-873 240 Creep 

S. Ranganath and R. S. Mishra [20] α-Ti 823-923 236 Creep 

Y. Mishin and C. Herzig [21] α-Ti 873-1133 302 RT*

J. Warren et al. [22] Ti-6Al-4V 1033-1173 240 Creep 

Present study Ti-3Al-2.5V 723-873 325±20 Creep 

48. S. Karthikeyan, G. B. Viswanathan and M. J. Mills, Acta Mater., 52, 2004, 2577-2589. 

Table 1: A compilation of the lattice diffusion activation energy determined in α-Ti. 

47. C. R. Barrett and W. D. Nix, Acta Metall., 13, 1965, 1247-1258. 

*RT – Radio Tracer 
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measurements. At the same time oxidation tests were carried out separately to estimate the 

amount of error in the diametral measurements induced by oxidation scale formation.   

Oxidation tests were carried out in air in the temperature range of 823-973 K. The weight 

change due to oxidation was periodically recorded and was plotted as a function of time. 

Figure A1 shows the effect of oxidation, quantified as the change in weight of the material, 

as a function of time for different temperatures.  The figure indicates that the rate of 

oxidation increases with increasing temperature. Oxidation kinetics was found to be of 

parabolic nature in the temperature range of 823-923 K but was approximately linear at 973 

K. The weight changes were converted to corresponding thickness changes and the thickness 

change as a function of time is shown for tests carried at 823 and 873 K. The density of TiO2 

was utilized for calculating the thickness change. 

 Thickness change (mm) = 1.89 x 10-7 t0.5/unit length at 823 K   A1 

                        Thickness change (mm) = 8.76 x 10-7 t0.5/unit length at 873 K               A2 

The contribution of oxidation to the total strain can be determined from the above equations. 

The strain contribution (diameter increase due to oxidation) due to 10 days of oxidation will 

be 1.833 x 10-5 and 8.49 x 10-5 at temperatures 823 and 873 K respectively. Thus the error 

induced due to oxidation is very small and hence can be neglected. Moreover tests at 873 K 

were carried out for a maximum period of 2 days and thus the contribution of oxidation to the 

hoop strain measured will be still smaller and thus can be neglected. Eventhough oxidation 

does not interfere with the hoop strains measured, but micro-mechanistically the presence of 

oxygen in the titanium lattice could alter the creep behavior of Ti-3Al-2.5V.  
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Figure 1. a) Microstructure of the as-received material 
        b) Microstructure of the re-crystallized material 
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Figure 2. A typical creep specimen 
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Figure 3. Creep machine set-up 
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                Figure 4. Typical creep curves obtained in the hoop and the axial direction 
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Figure 5. Normalized stress versus strain rate plot depicting the presence of three different  
               regimes of creep. 
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Figure 6. Arrhenius plot to determine the activation energy for region II. 
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Figure 7. Arrhenius plot to determine the activation energy for region III. 
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Figure 8. Correlation of region I with theoretical Coble-creep model 
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Figure 9. Correlation of region II with grain boundary sliding model 
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Figure 10. Correlation of region III with the Weertman model for dislocation climb 
                 controlled creep. 
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Figure 11. A plot of normalized stress against normalized strain rate depicting the effect of 
                 temperature on the transition in mechanisms. 
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Figure 12. TEM micrograph of the annealed material showing the distribution of equaixed 
                  grains. 
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Figure 13. TEM micrograph of the annealed material indicating the straight nature of the 
                 dislocations. 
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Figure 14. Microstructure of the re-crystallized specimen tested at 873 K and 15.28 MPa 
                 corresponding to region I. 
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Figure 15. Mechanism of grain boundary sliding as per the Ball-Hutchison model [31] 
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Figure 16 a) Dislocation pile-up similar to those expected in grain boundary sliding. 
                b) Enhanced dislocation activity in regions adjacent to the grain boundary. 
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Figure 17 a) TEM micrograph corresponding to region III indicating the formation 
                     of sub-grains 
                b) Dislocations decorating the low-angle sub-boundaries. 
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Figure 18. TEM micrograph from a specimen tested at 823 K and 127 MPa. The test 
                 corresponds to a point in region III. Micrograph shows the presence of jogged  
                 like structures. 
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Figure A1. The oxidation behavior of Ti-3Al2-.5V at different temperatures 
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ABSTRACT 
 

At high temperatures and low stresses, materials usually deform via a Newtonian mechanism 

of creep. Such a creep mechanism exhibits a stress exponent of one and an activation energy 

equal to the lattice diffusion activation energy (Nabarro-Herring creep) or grain boundary 

activation energy (Coble creep). At times a stress exponent of 1 has also been attributed to a 

Harper-Dorn mechanism of creep controlled by motion of dislocations. Even though viscous 

creep models have been experimentally established, a clear understanding of the 

microstructural features associated with these mechanisms is still lacking. In this particular 

work, results obtained from low stress and high temperature creep experiments on Ti-3Al-

2.5V alloy will be presented. Analysis of the obtained results yielded a stress exponent equal 

to one and activation energy equal to that for grain boundary diffusion energy. TEM studies 

of the deformed specimens reveal a microstructure consisting of distinct slip bands. A creep 

model based on climb of dislocations at slip bands intersecting grain boundaries was found to 

explain the results better than the conventional mechanisms of viscous creep.  

1. INTRODUCTION 
The creep deformation behavior of a material can be described by the constitutive equation 

[1]  
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where p is the grain size exponent and n is the stress exponent. Knowledge of the grain size 

exponent, stress exponent and the activation energy enables the identification of the rate 

controlling mechanism of deformation. For example, a stress exponent value of one would 

suggest diffusional creep to be the rate controlling mechanism; a stress exponent value in the 

range of 4 to 7 would indicate a dislocation based process to be the rate controlling 
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mechanism. At the same time, for a stress exponent value of 1, if the grain size exponent is 3, 

then the rate controlling mechanism is Coble creep [2]; while a grain size exponent of 2 

would suggest Nabarro-Herring (N-H) creep [3,4] to be the rate controlling mechanism. N-H, 

Coble along with Harper-Dorn (H-D) creep [5], fall under the category of Newtonian viscous 

creep mechanisms. Unlike H-D creep controlled by the motion of dislocations, N-H and 

Coble creep are controlled by the diffusion of vacancies either through the lattice (N-H) or 

through grain boundaries (Coble) and hence are considered as diffusional creep mechanisms. 

Diffusional creep mechanisms in general have been found to operate at low stresses (~10-5E) 

and high temperatures (> 0.4Tm). At such low stresses, dislocation multiplication and motion 

is usually ruled out and thus the rate controlling mechanism is due to the diffusion of 

vacancies.  Figure 1 provides a schematic of diffusional creep mechanisms. As shown in the 

figure, under the application of a stress, a concentration gradient of vacancies is created that 

causes atoms to diffuse from the grain boundaries parallel to the applied stress to 

perpendicular grain boundaries. A natural consequence of the vacancy/atom diffusion is a 

change in the grain shape. There is a tendency for the grains to get elongated in the direction 

of the applied stress. The elongation of grains in the above figure is slightly exaggerated.  

 

 

Figure 1 a. Schematic of N-H creep. Mass transport occurs through the grain. 

  b. Schematic of Coble creep. Mass transport occurs through the grain boundaries. 
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The first microstructural evidence for diffusional creep was provided by Squires, Weiner and 

Phillip (S-W-P) [6]. Squires et al. carried out creep studies on Mg-0.5Zr at 723 and 773 K. 

The initial microstructure had a uniform distribution of inert ZrH2 particles and investigation 

of the microstructure of the crept specimen, as shown in Figure 2, depicts the presence of 

regions denuded off the inert particles.  

 

Figure 2: Observation of denuded zones in a Mg-0.5Zr alloy [6] 

These denuded zones mostly formed near transverse grain boundaries.  Squires et al. 

attributed the formation of denuded zones to diffusional creep of the Mg alloy. Under the 

application of a stress, Mg atoms diffuse from parallel grain boundaries to the transverse 

grain boundaries causing a slight elongation of the grains. The inert particles do not travel 

along with the Mg particles and their absence adjacent to the transverse grain boundaries 

causes the formation of denuded zones. In subsequent years, denuded zones have been 

observed by other groups in Mg-Zr [7] and Mg-Mn alloys [8]. Even though the formation of 

denuded zones as a consequence of diffusional creep appears reasonable, it has been a matter 

of regular debate [9-13].  

Jaeger and Gleiter [14] carried out experiments on a bamboo structured copper coated with 

Al2O3 film. Diffusional creep experiments were carried out on the copper at a temperature of 

around 1348 K. At the conclusion of the creep experiment, it was observed that the alumina 

film fractured at a few places. The fracturing of the alumina film was ascribed to the 
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deformation incompatibility of the alumina film and the copper beneath. The copper grains 

elongated under the application of the stress whereas the alumina film did not deform to the 

same extent causing fracturing of the film. The elongation of the copper grains was ascribed 

to the diffusional creep deformation.  

In another study, Timmins and Arzt [15] investigated the diffusional creep behavior of an 

ODS Inconel superalloy. The material had a highly elongated grain structure and an 

anisotropic creep behavior was observed with the diffusional creep rates in the transverse 

directions higher than that in the longitudinal direction. The transverse and longitudinal 

directions under discussion relate to the grain boundaries. Microstructural examination of the 

specimens crept in the transverse direction revealed the formation of regions, adjacent to the 

grain boundaries, devoid of the γ ′precipitates.  

In order to refute the arguments presented by Ruano and co-workers [9,10] in favor of GBS 

and dislocation creep as the basis for formation of denuded zones, McNee et al. [16] carried 

out detailed experiments on OFHC grade copper in the diffusional creep regime. A stress 

exponent value of one and activation energy equal to the grain boundary diffusion energy 

suggests the operation of a diffusion creep mechanism. A surface scratch technique was 

employed to establish the operation of a diffusional creep mechanism. In addition to 

measurements of the surface scratch displacements, grain boundary grooves were identified 

and subsequently quantified through an AFM. Grooves were formed predominantly on 

boundaries transverse to the applied stress. Formation of grain boundary grooves and scratch 

displacements can occur via a diffusional creep mechanism. Grain boundary grooves were 

suggested as a microstructural feature characteristic of diffusional creep.  

Thus, some of the microstructural features, characteristic of diffusional creep are denuded 

zones, grain elongation and grain boundary grooves. But, as our present work shows, under 

certain conditions, the microstructure may not reveal any of the above features but could still 

correspond to a Newtonian creep regime.   

2. EXPERIMENTAL 

The current study was carried out on a titanium alloy (Ti-3Al-2.5V) procured in the form of a 

tubing. The initial as-received material was recrystallized by annealing at 973 K for four 

hours. Optical metallography of the annealed material revealed a grain size of around 6.6 μm.  
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Following optical metallography, the annealed tubing was internally pressurized with argon 

and tested at 823 and 873 K (0.44 Tm). The tubing has an outer wall diameter of 9.58 mm and 

a wall thickness of 0.5 mm. The ratio of the wall thickness to the outer diameter is less than 

0.1 and hence a thin walled tube approximation can be used while calculating the stresses. 

The hoop stress was thus calculated using the following equation 

 
t

Pd
2

=θσ  (2) 

where P is the internal pressure, d is the outer wall diameter and t is the wall thickness. A 

LASER extensometer and a LVDT were attached to the creep machine to facilitate the online 

measurements of the hoop and the axial strain. The axial strain was found to be significantly 

smaller than the hoop strain and thus further analysis considers the hoop strain only. Figure 3 

shows a plot of the creep curves obtained for different stresses at 873 K. Figure 4 provides 

one of the creep curves obtained at a stress of 10.6 MPa.  The creep curve shows an initial 

primary creep region that is followed by a secondary steady state creep stage. Also included 

in an inset in Figure 4 is a plot of the instantaneous strain rate against time of creep. The inset 

describes the attainment of a steady state of creep.  

The strain rate values obtained from tests conducted at 823 and 873 K were plotted as a 

function of the normalized stress (σ/E) in Figure 5. The stress exponent, n, was determined 

from the plot and was found to be one. The activation energy of deformation was also 

determined by studying the constant stress temperature dependence of the strain rate of 

deformation. A semi-log plot of strain rate of deformation against temperature is shown in 

Figure 6. An activation energy value of 232 ± 20 kJ/mol obtained from the plot was found to 

be smaller than the dislocation climb activation energy (~325 kJ/mol) obtained from a 

separate study on titanium. An activation energy smaller than dislocation climb (usually 

lattice diffusion controlled) activation energy suggests the operation of a mechanism 

controlled by grain boundary processes.   
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Figure 3: Creep curves at 873 K. 

 

Figure 4: Creep curve at 10.6 MPa and 873 K. Inset shows the attainment of steady state. 
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Figure 5: Normalized stress versus strain rate response of Ti-3Al-2.5V at 873 K. 

 
Figure 6: Arrhenius plot for determining activation energy. 
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3. RESULTS AND DISCUSSION 

A stress exponent of 1 at low stress suggests a viscous mechanism of creep controlled either 

by N-H, Coble or H-D. From their low stress creep studies on α-Ti carried out in the 

temperature range of 0.43 to 0.56 Tm, Malakondaiah and Rao [17] found that N-H and H-D 

were rate controlling only at larger grain sizes (> 60 μm).  For grain sizes smaller than 50 

μm, Coble creep was found to be the rate controlling mechanism. The Ti-3Al-2.5V alloy 

used for the current study has a grain size of around 6.6 ± 0.4 μm and for such fine grain 

sizes Coble creep appears to be the most appropriate viscous creep mechanism. In addition to 

a singular stress exponent the observation of activation energy smaller than the lattice 

diffusion activation energy suggests the rate controlling mechanism to be Coble creep. To 

verify the existence of Coble creep, the creep data was plotted according to the Dorn 

equation. The grain boundary diffusion activation energy obtained from Figure 6 was used 

for constructing the plot. The data was compared with Coble creep model predictions 

determined according to the following equation 
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Figure 7 provides a plot of the creep data correlated with the Coble creep model predictions. 

As is apparent from the plot, there are several orders of magnitude difference between the 

creep data and the Coble creep predictions. In order to understand the discrepancy between 

the creep data and the Coble creep predictions, TEM studies were performed on the crept 

specimens. Any material undergoing deformation according to a Coble creep mechanism 

should demonstrate a microstructure consisting of elongated grains or any kind of 

microstructure characteristic of a diffusional creep deformation. Surprisingly, TEM studies 

on a specimen crept at 873 K and at a stress of 15.9 MPa (σ/E = 2.54 x 10-4) did not show the 

presence of any features characteristic of diffusional creep. Instead, the microstructure as 

shown in Figure 8 displays the presence of elongated band like structures. Diffraction pattern 

analysis showed that these bands correspond to a (0001) zone axis. These band like structures 

cannot be identified as twins, for the creep test conditions are entirely different from the 

conditions necessary for twin formation. Twinning as a mechanism of deformation occurs 

only when slip is restricted and as such is usually seen at low temperatures and at high strain 

rates. Moreover, finer grain sized materials do not show a tendency for twin formation [18]. 
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In the present case, the microstructure is from a test carried out at 873 K. Twin formation is 

not favorable at such high temperatures and can be thus discounted. Also, the titanium alloy 

being studied has a grain size of around 6.6 μm and for such small grain sizes, twinning is 

usually suppressed.  

However in order to unequivocally establish the nature of the bands, HRTEM studies were 

carried out on bands seen in a specimen tested at 32 MPa (σ/E = 5.08 x 10-4) and 873 K. As 

is clear from the HRTEM micrograph (Figure 9), the band has a slightly different orientation 

from the rest of the grain. To establish the orientation of the grain and the band and to 

determine the nature of the band, diffraction patterns of the same were obtained. Figure 10 

provides the diffraction patterns (D.P) of the band and the corresponding grain. The D.P of 

the grain corresponds to a  ( )3121  zone axis and the D.P of the band for the same zone 

conditions suggests a different orientation. First of all, the diffuse nature of the band’s D.P 

does not allow proper determination of its orientation. Moreover, a closer look at the D.P 

shows that the spots are slightly smeared out. In addition a couple of extra spots appear in the 

D.P of the band. Smearing of diffraction spots is usually associated with localized 

deformation that causes distortion of atomic planes and in turn affects the nature of the 

diffraction spots; whereas the appearance of extra spots can be attributed to the large number 

of dislocations present within the band [19]. The presence of a large number of dislocations 

within the band coupled with the absence of spots suggests the lack of a crystallographic 

relation between the grain and the band. Consequently, these bands can be identified as slip 

or shear bands. Another account on which the bands cannot be labeled as twins is that the 

twinned regions are often bounded by parallel or nearly parallel sides. The bands shown in 

Figure 8 and 9 do not have parallel boundaries. Thus, it can be concluded that these bands are 

not twins but are a result of slip.   

Having established the nature of these bands, it is necessary to understand the possible 

contribution of these bands towards the creep deformation of the alloy; also the role these 

bands play in the Newtonian viscous creep of the alloy. The presence of slip bands and the 

inability of Coble creep model predictions to describe the experimental creep data suggest 

the operation of a possibly different mechanism. In fact a slip band model proposed by 
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Spingarn and Nix was found to provide a good description of the experimental creep data 

(Figure 7). 

λ = 250 ± 50 nm 

Theoretical Coble creep model 

 

Figure 7: A BMD plot of the creep data obtained at 823 K and 873 K. Comparisons with 

Coble creep model and the Spingarn-Nix model are shown.  

1.75 μm

1 1 

2 

3 

 
Figure 8: Bands observed in Ti-3Al-2.5V specimens crept at 873 K at a stress of 15.9 MPa. 

Inset provides the diffraction pattern of the corresponding grain.  

 117



 
Figure 9: HR

evident across the boundary. 

 
Figure 10: Determination of the orientation of the grain and the band. 

TEM images of a band and the corresponding grain. A change in orientation is 
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The Spingarn-Nix model 
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Where λ is the slip band width, l is the slip band length, Ω is the atomic volume, δ is the 

grain boundary thickness and the rest of the terms are as defined before.  The slip band 

length, l, can be considered equal to the mean linear intercept grain size, d.  The strain rates 

calculated from equation 4 were used for making the comparisons in Figure 7. 

 
The close agreement between the slip band model and the creep data obtained for the n =1 

regime indicates that the mechanism of Newtonian viscous creep is based on the climb of 

dislocations at slip bands blocked by grain boundaries. This is further established by Figure 8 

where the slip band marked “1” appears to be sheared in a fashion similar to as shown in 

Figure 11. The value of the slip band width indicated in Figure 8 was determined from 

electron micrograph images of slip bands.  
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Figure 11: Schematic of the slip band model. 

The formation of slip bands is in general described by the Frank-Read model of dislocation 

ultiplication. Avalanches of dislocations loops emitted from dislocation sources interact 

with the free surface resulting in the formation of slip bands. Such bands are usually 

characterized by the presence of a high dislocation density; a feature displayed by the bands 

shown in Figure 8 and 9. In fact, the observation of a large number of dislocations suggests 

that conventional diffusional creep mechanisms such as Coble creep and N-H cannot be the 

operating mechanisms.  

4. CONCLUSION 

The microstructure of Ti-3Al-2.5V specimens crept in the Newtonian viscous creep regime 

was found to consist of distinct bands. These bands were identified as slip bands through 

HRTEM analysis. Subsequently, a slip band model proposed by Spingarn and Nix was 

invoked to rationalize the discrepancy in the experimental strain rates and Coble creep model 

predictions. The origin of the slip bands is unclear at the moment but the observation of a 

large number of dislocations in the vicinity of the bands suggests the operation of a Frank-

Read model of dislocation multiplication. 

 

m
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ABSTRACT 
Creep studies on titanium alloys have usually suggested the climb of edge dislocations as the 

five power law rate controlling mechanism. However, recent studies on titanium alloys 

attribute the motion of jogged screw dislocations as the five power law creep mechanism. 

The observation of subgrains (indicating climb of edge dislocations) in certain titanium 

alloys and jogged screw dislocations in others suggests that there could be close association 

between the two mechanisms. This work aims at identifying the five power law rate 

controlling mechanism in a α-titanium alloy. Subsequently, systematic studies were carried 

out on recrystallized Ti-3Al-2.5V crept in the five power law creep regime. Creep tests were 

carried out on the alloy at 773 K (0.39 Tm) at different stress levels. Following this TEM 

studies were carried out on the crept specimens. TEM studies suggest that with increasing 

stresses there is a transition in mechanism from an edge dislocation climb controlled to a 

motion of jogged screw dislocation controlled creep. A model was proposed to explain this 

transition. 

1. INTRODUCTION  
The creep behavior of a given material, at a constant grain size, can be described by the 

following equation [1] 
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where A is a constant, n is the stress exponent, E is the elastic modulus and Qc is the 

activation energy. The rate controlling mechanism of creep can be identified through 

knowledge of the stress exponent and activation energy. For example a stress exponent 

varying between 4 and 7 and for the activation energy equal to the lattice diffusion activation 
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energy, the deformation behavior is termed as five power law creep that is generally 

governed by the climb of edge dislocations (EDC). At times materials deform with a stress 

exponent of 7 but the activation energy is equal to that required for dislocation pipe diffusion 

and in such cases the deformation mechanism is termed as low temperature climb.  

The mechanism of five power law creep has been well studied and widely documented and 

has been found to occur mostly in pure metals and class M alloys. Recently Kassner and 

Perez-Prado [1] reviewed the different mechanisms of creep and identified mainly five 

mechanisms of five power law creep. These are the edge dislocation climb model proposed 

by Weertman [2], the Barrett-Nix [3] model based on motion of jogged screw dislocations 

(MJS), the Ivanov-Yanushkevich [4] model based on dislocation sources within subgrains, 

the network models [5] and the recovery based models [6]. Among all these mechanisms, the 

edge dislocation climb model also known as the pill-box model proposed by Weertman [2] is 

widely considered as the most suitable description of five power law creep. As such the 

operation of an edge dislocation climb controlled mechanism is coincident with the formation 

of a creep microstructure consisting of distinct subgrains. These subgrains are separated by 

low angle boundaries comprising of dislocations. Thus these subgrains and subgrain 

boundaries are symbolic of the operation of an edge dislocation climb controlled mechanism.  

It is well known that the presence of jogs of edge character on screw dislocations impedes the 

motion of the screw dislocations. A model based on this fact was proposed by Barrett and 

Nix [3] and found as a viable rate controlling mechanism during creep of Fe-3%Si alloy. The 

original Barrett-Nix model is described by the following constitutive equation 
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Where ρs is the mobile density of screw dislocations, D is the self diffusion coefficient, α is 

the number of atoms per unit cell, a0 is the lattice parameter and λ is the average spacing 

between jogs. The model was based on the assumption that the jogs were of atomic height, 

invariant of stress and were point sources/sinks of vacancies. The model was able to 

satisfactorily describe the creep behavior of Fe-3%Si. 
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Recently Viswanathan et al. [7] modified the jogged screw model to explain the creep 

behavior of a near γ Ti-48Al alloy. TEM studies on the crept microstructures showed the 

presence of jogs significantly taller than atomic heights. These jogs were termed as superjogs 

and by incorporating the significantly higher jog height into the jogged screw model the 

creep behavior of the titanium alloy was adequately explained.  Subsequently, Viswanathan 

et al. [7, 8, 9, 10] and Karthikeyan et al. [11, 12] explored the applicability of the modified 

jogged screw model to other titanium alloys. By rationalizing the formation of tall jogs and 

by understanding the stress and temperature dependence of the jog height and jog spacing, 

the jogged screw dislocation model was suitably modified to explain the creep behavior of 

titanium alloys in general. In all of their studies, the absence of subgrains and the concurrent 

presence of jogged screw dislocations in the crept microstructures were cited as the main 

reason for proposing the modified jogged screw dislocation model as the primary rate 

controlling mechanism in titanium alloys. 

However, several creep studies on alpha titanium and other titanium alloys in the five power 

law creep regime have suggested climb of edge dislocations as the rate controlling 

mechanism [13-21]. Subgrains and low angle dislocation boundaries characteristic of a 

dislocation climb controlled creep regime have been frequently seen in the crept 

microstructures of alpha titanium and other titanium alloys [14, 19-20, 22].  

The observation of subgrains and sub-boundaries in the crept microstructures of certain 

titanium alloys and the observation of jogged screw dislocations as the microstructural 

features in other alloys suggests that there could be a possible transition/correlation in 

mechanism that needs to be understood. Such a transition could be influenced by stress or 

temperature and studies are necessary to understand the effect of the same. In this present 

work, we attempt at understanding the effect of stress on the five power law creep controlling 

mechanism in a near α-Ti alloy, Ti-3Al-2.5V.  

2. EXPERIMENTAL 

Ti-3Al-2.5V was procured in the form of tubing. The as-received tubing was in a cold 

worked condition with a microstructure consisting of elongated grains characteristic of the 

forming process.  The as-received material was annealed at a temperature of 973 K to attain a 

completely recrystallized microstructure consisting of equiaxed grains with a mean linear 
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intercept size of 6.6 μm. Subsequently, creep studies were performed on the alloy tubing 

under a stress ratio (α) of 2. Where, the stress ratio, α, is defined as  

 
zσ

σ
α θ=  (3) 

and σθ and σz are the hoop stress and axial stress respectively. Tests were carried out at a 

temperature of 773 K.  Internal pressurization with Argon enabled the application of the 

desired creep stresses. By varying the applied pressure it was possible to carry out the tests at 

different hoop stresses. The deformation of the material was monitored using a Laser 

extensometer and a LVDT. The Lasermike measures the instantaneous diameter of the tubing 

which in turn enables the measurement of the hoop strain whereas the LVDT allows 

determination of the axial strain of the tubing.  It was observed that the hoop strain was 

significantly larger than the axial strain and thus further analysis considers the hoop strain 

only. Figure 1 provides the creep curves obtained from stress change tests at a temperature of 

773 K. Figure 2 provides a creep curve corresponding to an applied stress of 170.5 MPa. 

Provided in an inset in Figure 2 is a plot of the instantaneous strain rate ε  against the time of 

creep t.  Following this the steady state strain rate of deformation was plotted as a function of 

the applied stress in Figure 3. A stress exponent of 6 was obtained. The creep activation 

energy obtained from a previous study was found to be 325 ± 20 kJ/mol [22]. This is 

equivalent to the activation energy for lattice diffusion. A stress exponent value of 6 and 

activation energy equal to the lattice diffusion activation energy suggests a mechanism of 

creep controlled by climb of edge dislocations. But as was discussed in the previous section, 

the modified jogged screw dislocation model has been claimed to be more appropriate for 

describing the creep behavior of certain α-titanium alloys. In order to verify the actual rate 

controlling mechanism of creep, TEM studies were carried out on the crept specimens. It is 

believed that stress could have a major role in determining the rate controlling mechanism in 

the five power law creep regime.  

In order to understand the influence of stress on the rate controlling mechanism in the five 

power law creep regime, creep tests were performed in the n = 6 regime at 191 MPa, 213 

MPa, 234 MPa and 266 MPa. Subsequently, TEM studies were performed on the crept 

specimens to study the microstructural features developed as a result of the creep 

deformation. Prior to this, TEM studies were carried out on the annealed material. This was 
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done to unequivocally establish the features seen in crept specimens as developed due to the 

process of creep and not as those associated with the annealed material. TEM specimens 

were prepared using a twin jet electropolisher. Electropolishing was done at low 

temperatures (233 K) attained using a dry ice bath  using an electrolyte of composition 90 % 

Methanol and 10 % Perchloric acid. The electron microscopy was performed on a TOPCON 

002B.  

 

 
 

Figure 1: Creep curves at 773 K. 
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Figure 2: A plot of instantaneous strain rate against time for the stress-change test. A steady 

state of deformation is indicated by a constant strain rate. 

 
Figure 3: A plot of steady state strain rate against the applied stress. A stress exponent of six 

was obtained.  
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3. RESULTS AND DISCUSSION 

The TEM micrographs of the as-received annealed material as shown in Figure 4, depict the 

recrystallized equiaxed α grains. A small amount of β phase is distributed mostly on the triple 

points. Some of the grains show the presence of straight dislocations with very little 

interaction amongst them. The microstructure does not show the presence of subgrains or any 

kind of jogged dislocations. Figure 5 provides the microstructure of a annealed specimen 

crept at 191 MPa. The microstructure shows the formation of subgrains which is expected of 

a specimen crept in the five power law creep regime. At the same time another micrograph 

corresponding to the same specimen indicates the presence of some jogged dislocations. A 

careful look at the figure reveals that these jogged dislocations are not well formed and are 

discontinuous. The TEM micrographs from a specimen tested at 213 MPa are shown in 

Figure 6. The figure illustrates the formation of subgrains as well as a Frank network of 

dislocations within the grain. These features again establish the fact that the specimen 

corresponds to a five power law creep regime where edge dislocation climb (EDC) is usually 

the rate controlling mechanism. Another micrograph from the same specimen, shown in 

Figure 6 (b), depicts the presence of jogged dislocations that are better formed and more 

continuous. Micrographs taken from a specimen crept at 234 MPa depict the presence of 

subgrains. The micrograph as shown in Figure 7 displays the formation of a subgrain with 

boundaries made out of dislocations. Finally TEM investigations on the specimen crept at 

266 MPa yields surprising results. Even though the specimen corresponds to a five power 

law creep regime subgrains were not found. Instead the microstructure as displayed in Figure 

8 shows the clear formation of a high density of jogged dislocations. Not only are these 

jogged dislocations well formed but they are also continuous. The absence of subgrains and 

the presence of a large number of well formed and continuous jogged dislocations suggest 

that this data point could actually correspond to a creep regime controlled by the motion of 

jogged dislocations (MJS). This would indirectly mean that there has been a transition in 

mechanism from an edge dislocation climb controlled mechanism at lower stresses to a 

jogged screw dislocation controlled mechanism at higher stresses. This transition is perhaps 

too subtle to be easily revealed by a change in stress exponent.  
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Figure 4: a) TEM micrograph of the annealed as-received specimen showing the  

         equiaxed grains.  

               b) Micrograph showing straight dislocations with little interaction present in the  

                   grains. 

In defence of a transition from EDC controlled creep to MJS controlled creep 

The observation of subgrains and jogged screw dislocations in the same specimen would 

suggest a close relation between the mechanisms of edge dislocation climb and motion of 

jogged screw dislocations. As mentioned before, the application of the jogged screw 

dislocation model to explain the five power creep behavior of titanium alloys was done on 

the premise that the crept microstructure was devoid of subgrains. More recently, Moon et al. 

tested the applicability of the MJS model to the creep behavior of Zircaloy-4 [23]. The MJS 

model was found to describe the five power law creep behavior of Zircaloy-4 quite 

satisfactorily. In a similar study on Zircaloy-4 Hayes et al. [24] and Nam et al. [25] found the 

presence of subgrains in the crept microstructure. The observation of subgrains was 

considered to be a natural outcome of the creep of Zircaloy-4 in the five power law creep 

regime. Moon et al. repudiate the suggestions of Hayes et al. and Nam et al. on the basis that 

the subgrains were observed in specimens that had undergone over 20 % creep strain. Instead 

Moon et al. emphasize the need to investigate specimens crept to around 1 % strain; strain 

levels at which steady state is usually attained and as such the microstructures of these 
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specimens will be better representative of the rate controlling mechanism. In support they 

present creep curves that show the attainment of steady state at strains smaller than 1 % and 

microstructural studies on these specimens indicate the presence of a large number of jogged 

screw dislocations. On this basis the MJS model was suggested as the most appropriate 

mechanism describing the five power law creep behavior of Zircaloy-4. A similar argument 

can actually be placed for α-titanium alloys as they have a structure similar to that of α-Zr. 

On the contrary, the microstructures investigated in the present study (shown in Figure 5 and 

Figure 7) correspond to specimens crept to around 2.5 % and 5 % strain respectively. The 

observation of such distinct subgrains at relatively small strain levels indicates that the EDC 

mechanism was well underway during the initial stages of creep and had a major role in 

establishing the steady state of creep. In comparison the microstructure of the specimen crept 

at 266 MPa did not show the presence of any subgrains. This specimen actually experienced 

a series of stress change tests and the test was stopped at the highest stress level of 266 MPa. 

At this point the specimen had undergone a strain of around 8 %. If the subgrains seen in the 

earlier specimens were a result of the gradual process of deformation to larger strains and not 

connected with the attainment of the steady state, they should have been observed in the 

specimen crept at 266 MPa.  Instead a high density of jogged screw dislocations were seen 

thus suggesting a transition in mechanism from a EDC controlled regime at lower stresses to 

a MJS controlled regime at higher stresses.  

To conclude we will present certain facts and arguments that would, at least qualitatively, 

clarify the existence of such a transition: The proposal begins by invoking an important fact 

about rate controlling mechanisms i.e. when two parallel mechanisms are in operation, the 

faster one becomes rate controlling. Whereas, when two sequential mechanisms are in 

operation, the slower one becomes rate controlling. Now coming to the current case, let us 

assume that the five power law creep regime in titanium alloys experiences the operation of 

both the EDC and MJS mechanisms. Now the EDC model considers the climb of edge 

dislocations as rate controlling whereas the MJS model considers the motion of jogged screw 

dislocations as rate controlling. The nature of the dislocations involved in each case makes 

these processes independent of each other’s operation. Thus, the total strain rate of 

deformation can be written as  
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 MJSEDCtotal εεε +=  (4) 

Where totalε  is the strain rate of deformation corresponding to the five power law creep 

regime, EDCε is the deformation rate corresponding to the climb of edge dislocations and 

MJSε is the strain rate corresponding to the motion of jogged screw dislocations. In either of 

the mechanisms, deformation essentially occurs by the glide of dislocations. In the case of 

the EDC model, the glide of edge dislocations emitted by F-R sources constitutes the total 

strain of deformation. These edge dislocations tend to pile up when they encounter long 

range stresses from dislocations lying on parallel slip planes. Further emission of dislocations 

occurs only when the lead dislocation climbs up and annihilates. Thus the climb of edge 

dislocation becomes the rate controlling mechanism (in this case the glide and climb of 

dislocations is sequential and the slower step becomes rate controlling). Such a process is 

usually seen to occur at low and intermediate stresses and high temperatures (10-4 to 10-3E). 

At low stresses the edge dislocations are unable to overcome the long range stresses exerted 

by dislocations lying on parallel slip planes and consequently climb.  

The jogged screw dislocation developed by Mills and co-workers [7-12] is slightly different 

in its operation. In the original model Barrett and Nix [3] attributed the formation of edge 

jogs on screw dislocations to the intersection of screw dislocations on different slip planes. 

Instead on the basis of their microstructural observations, Mills and co-workers [7-12] 

suggested the formation of jogs on screw dislocations was actually due to the collision of two 

migrating kinks formed on two different glide planes. As the screw segment advances under 

the application of stress, kinks would continue to collect at the jogs leading to formation of 

taller jogs. These taller jogs impede the motion of the screw dislocations and lead to the 

formation of cusped dislocations. Further motion of the screw dislocations requires the non-

conservative motion of the tall jogs. Thus the thermal activation assisted non-conservative 

motion of these jogs becomes the rate controlling step.  

In order to account for the continuous generation of screw oriented dislocations, Mills and 

co-workers suggested that the tall jogs would tend to act as F-R sources once they attained a 

critical height. With increasing jog height, jog dragging becomes difficult and hence the near 

edge segments by pass each other to emit a new dislocation. Viswanathan et al. [7] suggested 
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that the critical jog height (hd) required for dislocation emission was a function of the applied 

stress (σ) as per the following relation 

 ( )σνπ −
=

18
Gbhd  (5) 

At larger stresses, the critical jog height necessary is reduced and vice versa. This relation 

was later modified by Karthikeyan et al. [12] but the functional dependence remained the 

same. This means the jogs can act as F-R sources only when they grew to sufficient heights. 

However, at lower stresses the rate of growth of jogs will be smaller. This is so because the 

rate of growth of jogs is dependent on the rate of collision of migrating kinks which in turn is 

directly dependent on the applied stress. With the motion of screw dislocations getting 

impeded by the presence of small jogs, formation of taller jogs required for emission of new 

dislocations is delayed. Thus the strain contribution due to the motion of jogged dislocations 

is reduced. Consequently, the strain rate due to the motion of jogged dislocations is smaller 

in comparison to the glide and climb of edge dislocations. As both these mechanisms are 

independent of each other the faster one becomes rate controlling. Thus at lower stresses, the 

glide and climb of edge dislocations becomes rate controlling and this is manifested in the 

form of subgrains and sub-boundaries. 

However at higher stresses, the EDC model breaks down. The breakdown of EDC model has 

been explained by several mechanisms. Instead in the presence of higher stresses, the jogs 

find it easier to grow and achieve a critical height thus leading to the emission of a large 

number of dislocations. In addition to jog dragging and dipole bypass another mechanism 

called dipole dragging becomes operative. Thus, the MJS model becomes operative at higher 

stresses. This is evident from the large number of jogged dislocations observed at higher 

stresses. Moreover, the MJS model suggests an exponential dependence of the creep strain 

rate on the applied stress. An exponential dependence is usually seen at higher applied 

stresses. This indicates that even mathematically, the MJS model appears more appropriate to 

explain the creep behavior of titanium alloys under higher applied stresses. 
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Figure 5: a) TEM micrograph of the Ti-3Al-2.5V specimen crept at a stress of 191 MPa 

                   showing the presence of subgrains. 

     b) Another region of the same specimen showing the presence of a few discon- 

                    -tinuous jogged screw dislocations. 

Zhang and Deevi [26] investigated the five power law creep behavior of a nearly lamellar 

TiAl based alloy, Ti-47Al-4(W,Nb,B). Creep tests were carried out at a constant temperature 

of 1033 K at a wide range of stress values. TEM studies were carried out on the crept 

specimens to understand the dislocation substructure evolution. Microstructural studies 

indicated a change in the dislocation substructure with increasing stress. At lower stresses 

(~140MPa), a lot of curved random dislocations were observed. Whereas at higher stresses 

(~500 MPa), a large number of cusped dislocations characteristic of the operation of jogged 

screw dislocation mechanism was observed. In addition a lot of dislocation loops, debris and 

bypassed segments were seen in the specimen tested at higher stress. In either case, the 

specimens were crept to a steady state creep strain of around 0.7 %. The random curved 

dislocations were attributed to the operation of a dislocation climb controlled creep 

mechanism and the jogged dislocations were attributed to a jogged screw dislocation 

mechanism. The difference in dislocation substructures was rationalized in terms of a 

transition in creep mechanism. Zhang and Deevi on the basis of these experimental 

observations concluded that at lower stresses (n~5) the material exhibits a class II type of 

creep behavior and at higher stresses (n>5) a class I type of creep behavior is seen. Even 
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though a stress exponent of 5 was seen at lower stresses, subgrains were not seen in the crept 

microstructure. The absence of subgrains was attributed to the nature of the alloy. 

Dislocation generation at lower stresses in an intermetallic is difficult and subgrain or sub-

boundary formation requires a high density of dislocations. Thus, at lower stresses subgrain 

formation was precluded.  

The alloy investigated by Zhang and Deevi is similar to the one studied by Viswanathan et al. 

[7]. Viswanathan et al. carried out their creep studies on γ-TiAl at a nearly similar 

temperature as that of Zhang and Deevi but at a higher stress range.  Viswanathan et al. 

carried out their tests at σ/E varying between 6.3 x 10-4 and 2.23 x 10-3 and saw a jogged 

screw dislocation model as the rate controlling mechanism. Their microstructural 

investigations were restricted to a specimen crept at σ/E = 1.3 x 10-3. On the other hand 

Zhang and Deevi studied the creep behavior of titanium aluminides in the σ/E range of 5.1 x 

10-4 to 3.2 x 10-3 and noted a dislocation climb controlled mechanism for σ/E varying 

between 5.1 x 10-4 and 9.5 x 10-4 and a jogged screw model for stresses greater than this. 

This shows that there is indeed a transition in mechanism that Viswanathan et al. did not 

observe due to their investigations at higher stress ranges.  

4. CONCLUSION 

The five power law creep behavior of a recrystallized near α-titanium alloy, Ti-3Al-2.5V was 

investigated. A stress exponent value of 6 and activation energy equal to the lattice diffusion 

activation energy suggested dislocation climb as the chief rate controlling mechanism. But, 

the observation of jogged screw dislocations in addition to subgrains in the crept 

microstructure indicated a close relation between the two mechanisms. TEM investigations 

on specimens crept at different stresses showed a gradual transition in mechanism from a 

dislocation climb controlled creep at lower stresses to the motion of jogged dislocations as 

the rate controlling step at higher stresses.  
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1 μm 715 nm
 

Figure 6 a) Distinct subgrains in a specimen crept at 213 MPa and 773 K. 

                     b) Discontinuous jogged dislocations observed in the same specimen. 

 

 1.07 μm

 
Figure 7: Observation of subgrains in a specimen crept at 234 MPa and 773 K. 
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Figure 8: a) Micrograph of a specimen crept at 266 MPa and 773 K. A grain with a lot of 

                    jogged dislocations is shown. 

               b) Illustration of the presence of a large density of jogged dislocations.  
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CHAPTER-7 
 

EFFECT OF ALLOYING AND STRESS RATIO ON THE FIVE POWER LAW 
CREEP BEHAVIOR OF TITANIUM ALLOYS 

 
The five power law creep behavior of two titanium based alloys, cp-Ti and Ti-3Al-2.5V was 

investigated. The chemical composition of each of these alloys is as shown in Table-1 and 2.  

Table 1: Chemical composition of cp-Ti given in weight percent of each element 

O Fe H C N Ti 
0.18 0.2 0.01 0.1 0.03 Bal. 

 

Table 2: Chemical composition of Ti-3Al-2.5V given in weight percent of each element 

Al V O C Fe N H Ti 

2.91 2.42 0.12 0.05 0.03 0.02 0.013 Bal. 

 

1. EFFECT OF ALLOYING 

Microstructural studies on cp-Ti 

Burst testing was adopted to study the rupture behavior of cp-Ti. Details of the burst testing 

technique have been provided in one of the earlier chapters. The strain rates of deformation 

were calculated by determining the uniform circumferential elongation and the time to 

rupture. As is understood, under the application of higher stresses, the material bursts in a 

smaller time period and vice versa. The normalized strain-rates of deformation were plotted 

as a function of the normalized stress according to the Dorn equation. Figure 1 provides the 

Dorn plot. It is seen from the plot that at lower stresses the material deforms with a stress 

exponent of 7 and at higher stresses an exponential function appears to describe the data 

points better. The activation energy of deformation was found to be equivalent to the lattice 

diffusion activation energy. It is thus established that at lower stresses the creep behavior is 

mostly controlled by climb of edge dislocations. Whereas at higher stresses, a power law 

breakdown (PLB) mechanism appears to govern the creep behavior.  TEM studies were 

carried out on specimens crept in both the n=7 regime and the PLB regime. In addition TEM 

studies were carried out on the as-received specimens to understand the kind of 

microstructural features associated with the same and thus differentiate them from the 

features seen in the crept specimens. Figure 2a and 2b show the electron micrographs of the 
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as-received specimen and Figure 3a and 3b show the electron micrographs of specimens 

crept in the n = 7 regime. As can be seen from the micrographs in Figure 3a and 3b, sub 

boundaries comprised of dislocations are formed in the specimen crept in the n = 7 regime. 

Such boundaries are usually indicative of the operation of an edge dislocation climb 

controlled regime.  Comparison with the electron micrographs in Figure 2a and 2b shows that 

such features were absent in the as-received material. This further establishes that the sub-

boundaries were a result of the deformation of cp-Ti in the five power law creep regime.  

Microstructural studies on Ti-3Al-2.5V 

The creep behavior of recrystallized Ti-3Al-2.5V tubing was investigated using a biaxial 

creep set-up. Details of the biaxial creep set-up have been provided in an earlier chapter. The 

hoop deformation of the tubing was monitored using a Lasermike and the axial deformation 

using an LVDT. Under a biaxial state of stress, the hoop strain was found to be significantly 

larger than the axial strain. The strain rates of deformation along the hoop direction were 

plotted against the normalized stress values according to the Dorn equation. Figure 4 

provides the Dorn plot. Transition in creep mechanisms were seen with increasing stresses. 

The activation energy of deformation was determined for the five power law creep regime 

and was found to be equivalent to the lattice diffusion activation energy. This suggests the 

operation of a dislocation climb controlled mechanism. TEM studies were subsequently 

carried out on the specimens crept in the five power law creep regime. Most micrographs 

showed the presence of distinct subgrains as would be expected for a five power law creep 

regime. In addition to the subgrains and sub-boundaries a few jogged dislocations constituted 

the micrographs of these specimens. The jogged dislocations were found to be discontinuous 

in specimens crept at lower stresses in the n = 5 regime but were well formed and larger in 

number in specimens tested at higher stresses. Figure 5 a shows the presence of distinct 

subgrains in a specimen crept at 191 MPa and 773 K. Whereas Figure 5 b identifies the 

jogged dislocations in the same specimen. Figure 6 corresponds to a specimen tested at 266 

MPa and 773 K and shows the presence of a large number of well formed jogged 

dislocations. These jogs impede the motion of the screw dislocations and thus the non-

conservative motion of these jogged dislocations becomes the rate controlling step. 

Viswanathan et al. [1] observed continuous jogged dislocations in γ Ti-48Al alloy and found 

these jogs to be taller than atomic height. They incorporated these taller jogs into the jogged 
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screw dislocation model proposed by Barrett and Nix [2] and found the modified model 

provided a better description of the creep behavior of the alloy. Even though stress strain rate 

analysis indicated a stress exponent of 5, the crept specimens were devoid of subgrains.  On 

this basis, Viswanathan et al. [1] suggested that the modified jogged screw (MJS) dislocation 

model was controlling the creep of γ Ti-48Al.  In a later work, Viswanathan et al. [3] 

extended the model to other titanium alloys and also outlined the important conditions 

required for the formation of tall jogs on screw dislocations.  These conditions are as follows: 

a) Screws are compact such that cross-slip is relatively easy 

b) Screw orientation is favored due to strong lattice friction 

c) Jog-pair and kink-pair expansion is sluggish due to lattice or solute friction. 

Viswanathan et al. [3] from their microstructural studies on crept α-titanium alloy (Ti-6Al-

2Sn-4Zr-2Mo) suggested that its creep behavior was governed by the MJS model rather than 

the expected climb of edge dislocations model. In contrast in our current studies on cp-Ti 

(hcp structure), we find the absence of any jogged dislocations (Figure 3a and 3b). In 

addition to this we find sub-boundaries that bear evidence to the operation of a dislocation 

climb controlled mechanism. The discrepancy in our current observations from those of 

Viswanathan et al. [3] on an α Ti-6242 alloy suggests that alloying should be playing an 

important role. Cp-Ti has a relatively small content of alloying elements in comparison to Ti-

6242. In this regard, if the condition c for the formation of tall jogs is invoked then it would 

suggest that the presence of higher alloying elements concentration would cause the 

dislocations to become jogged due to the sluggish jog and kink pair expansion. This fact is 

further corroborated by our observations on Ti-3Al-2.5V that is a near α-titanium alloy. 

Jogged dislocations, even though not as continuous as those observed by Viswanathan et al. 

in γ Ti-48Al or in Ti-6242, were characteristic of the specimens crept in the five power law 

crept region (Figure 5b and 6). The absence of jogged dislocations in cp-Ti but their presence 

in Ti-3Al-2.5V further establishes the fact that alloying seems to have an effect on the 

formation of jogs. Higher the alloying content, greater is the tendency for the formation of 

tall jogs on screw dislocations.  The observation of continuous jogged dislocations in γ Ti-

48Al can thus be attributed to the high concentration of aluminum. In addition to alloying 

content, stress apparently has an effect in determining the rate controlling mechanism. Well 

formed continuous jogged dislocations appear to form at higher stresses rather than at lower 
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stresses. Microstructural observations in Ti-3Al-2.5V show that at for σ/E = 2.7 x 10-3 

smaller number of jogged dislocations are seen whereas for σ/E = 3.8 x 10-3 large number of 

well defined jogged dislocations are found. The microstructural observations of Viswanathan 

et al. [3] on Ti-6242 validate this fact. They investigated the microstructure of a specimen 

crept at σ/E = 4 x 10-3 and found a large number of jogged dislocations. The important 

conclusions from the above discussion are that both alloying content and applied stress have 

an important influence on determining the governing mechanism in the five power law creep 

regime of titanium alloys.  

 

 
 

Figure 1: Dorn plot illustrating the transition in creep behavior of cp-Ti. 
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Figure 2. a) Electron micrograph of an as-received specimen showing the random 

distribution of dislocations. 
b) Another micrograph showing the random distribution of dislocations. 
 
 
 

 b 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 3 a) Dislocation arrangement to form a low angle grain boundary in the n = 7 regime. 
         
              b) Another evidence of sub boundary formation in the n = 7 regime. 

1.3 μm 900 nma b 
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Figure 4: Creep data of Ti-3Al-2.5V plotted according to the Dorn equation. 
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a b 

 
Figure 5: a) TEM micrograph of the Ti-3Al-2.5V specimen crept at a stress of 191 MPa 

                   and 773 K (σ/E = 2.7 x 10-3) showing the presence of subgrains. 

     b) Another region of the same specimen showing the presence of a few discon- 

                    -tinuous jogged screw dislocations. 
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. EFFECT OF STRESS RATIO 

 power law creep behavior of recrystallized Ti-3Al-2.5V 

850 nm

Figure 6: Well formed jogged dislocations in Ti-3Al-2.5V specimen crept at 266 MPa and 

773 K (σ/E = 3.8 x 10-3). 

 

2

Murty et al. [4] investigated the five

under an equibiaxial state of stress. An equibiaxial state of stress is defined by a stress ratio 

(α) value of one. Where the stress ratio α is defined as  

 
zσ

σ
α θ=    (1) 

Creep tests were carried out at 673 K at different stresses. Following this systematic TEM 

to form a network. The tendency of these dislocations to form a network is more evident in a 

studies were carried out on the crept specimens. The TEM micrographs are shown Figure 7. 

As can be seen from the figure there appears to be a gradual change in microstructural 

features with increasing stress. The TEM micrographs of specimens crept at 140 and 160 

MPa show the presence of jogged dislocations. These dislocations are noted to be 

discontinuous and appear to be random in their arrangement. Interestingly at a higher stress 

(180 MPa), dislocations with an edge character seem to be preferred which is clearly 

indicated by their distribution in Figure 7c. Moreover, these dislocations display a tendency 
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specimen crept at 189 MPa (Figure 7d) and is conclusive in the microstructure of a specimen 

crept at 211 MPa (Figure 7e). Low angle grain boundaries comprised of dislocations were 

seen in the specimen crept at 211 MPa. These boundaries also known as subgrain boundaries 

are usually characteristic of specimens crept in the five power law creep regime.  

Similar studies were carried out on recrystallized Ti-3Al-2.5V under a uniaxial state of stress. 

In this case the TEM studies suggest a trend opposite to what was observed in the specimens 

tested under equibiaxial stress conditions. The electron micrographs are shown in Figure 8. 

As is shown in figure 8a the microstructure of a specimen crept at a stress of 243 MPa shows 

the presence of distinct subgrains. The boundaries of these subgrains become unstable and 

release dislocations. This is seen in the electron micrograph of the specimen crept at 293 

MPa (Figure 8b). At even higher stress values, the subgrains totally disappear and a large 

number of redundant dislocations appear to characterize the microstructure (Figure 8c). A 

comparison of the microstructures in Figure 7 and Figure 8 suggests that there is an inherent 

difference in the way the dislocation substructure evolves in each case. In the case of the 

specimens crept under an α = 1 condition, subgrain formation is seen to occur with increasing 

stress but specimens crept under an uniaxial state of stress (α = 0), the subgrains are found to 

breakdown with increasing stress. In fact a large number of dislocations are generated at very 

high stresses. In the case of tests carried out under an equibiaxial state of stress, the 

specimens experience stresses of equal magnitude in both the axial and the hoop direction. 

But, under uniaxial state of stress, the material experiences stresses only in the axial 

direction. On the other hand our recent microstructural observations on specimens crept 

under an α = 2 condition could verify if the difference in microstructural features is due to the 

effect of stress ratio. For experiments carried out under a biaxial state of stress (α = 2), the 

specimens would experience stresses in both the hoop and the axial direction. Certainly, the 

stress in the hoop direction is twice the stress in the axial direction but that does not 

tantamount to considering the axial stress negligible (for example the uniaxial stress state has 

stresses acting in only one direction). With this argument, we have microstructures on 

specimens crept under three different stress states. The microstructures of recrystallized Ti-

3Al-2.5V specimens crept under an α = 2 stress state depict the formation of subgrains at 

lower stresses that breakdown at higher stresses (Figure 5 and 6). In fact a large number of 

jogged dislocations characterize the microstructure of specimens crept at higher stresses 

 145



(Figure 6). A similar behavior has been shown by specimens crept under uniaxial conditions. 

Comparisons between the different stress states would make a better sense if the normalized 

stress (σ/E) instead of absolute stress is taken as the basis of comparison. The micrographs 

shown in 8 correspond to normalized stress values ranging from 3.1 x 10-3 to 4.5 x 10-3. 

However similar calculations cannot be made for the specimens tested under an biaxial or 

equibiaxial state of stress.  In the case of a biaxial state of stress, components of stress are 

developed in the axial direction in addition to the hoop direction. For the equibiaxial state, 

the stress applied in both the axial and the hoop direction is the same. Hence, before making 

any comparisons with an α = 0 case, it is imperative to determine an equivalent stress that 

would be a better representative of the stress state. The equivalent stress can be calculated 

from the following relation 

 ( ) ( ) ( )
( )1

)( 222
2 −+−+−
=

PRPR
g

σσσσσσσ
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here R and P are the anisotropy parameters found to be 6 and 0.5 [1]. 

knowledge of the equivalent stress it is possible to determine the normalized stress for each 

W respectively With 

case and it is noted that the micrographs in Figure 7 (α = 1) correspond to a normalized stress 

varying from 2.4 x 10-3 to 3.7 x 10-3 whereas the micrographs in Figure 5 and Figure 6 

correspond to normalized stress values of 3.8 x 10-3 and 5.3 x 10-3.  With an idea of the 

normalized stress values corresponding to each stress state it is easier to understand the trend 

suggested by the micrographs. The normalized stresses in the α = 1 case are smaller than that 

of tests performed in the α = 0 and α = 2 conditions. Hence it is not surprising that the 

subgrains are still stable with increasing stresses. On the other hand the stresses in the 

uniaxial and the biaxial tests are at a relatively higher level. In this case the subgrains form 

first and then tend to decompose (in a stress change test) or do not form at all (in a virgin 

test). Thus, the effect of stress state is better understood if comparisons are made taking the 

normalized stress into account rather than the absolute stress into account.  
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Figure 7: Microstructural features in recrystallized Ti-3Al-2.5V tubing crept at 773 K under 

equibiaxial stress conditions. The figures a, b, c, d and e correspond to specimens crept at 

140 MPa, 160 MPa, 180 MPa, 189 MPa and 211 MPa respectively [1].  

 

 
a b c

 

Figure 8: Microstructural features in recrystallized Ti-3Al-2.5V crept at 773 K under uniaxial 

stress conditions. The figures a, b and c correspond to specimens crept at 243 MPa, 293 MPa, 

351 MPa respectively [1].  
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3. CONCLUSION 

Microstructural investigations on cp-Ti and Ti-3Al-2.5V specimens crept in the five power 

law creep regime indicate that alloying has an effect on the dislocation substructure 

developed during creep. The cp-Ti specimens did not show the presence of any jogged 

dislocations but the Ti-3Al-2.5V specimens did. This difference can be attributed to the 

presence of aluminum and vanadium that increase the tendency for jog formation. The effect 

of stress ratio on the dislocation substructure was investigated in crept Ti-3Al-2.5V 

specimens. When the substructures were compared on the basis of the applied normalized 

stress it could be realized that the anomalous nature of the substructures in the α = 1 case was 

actually a result of experiments carried out at normalized stress values smaller than that 

studied for the α = 0 and α = 2 case. 
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CHAPTER-8 
 

CONCLUSIONS AND FUTURE WORK 
The creep behavior of two titanium alloys, cp-Ti and Ti-3Al-2.5V was studied using the 

burst testing technique and the biaxial creep testing technique respectively. The burst 

testing technique enabled an understanding of the rupture properties of cp-Ti. The Larson 

Miller parameter and the Monkman-Grant constant were determined from the rupture 

data. Strain measurements from the burst specimens and their correlation with rupture 

time and stress was utilized to determine creep parameters like stress exponent and 

activation energy. A plot of the temperature compensated strain rate against the 

normalized stress indicated a transition in creep mechanism. At lower stresses a stress 

exponent of 7 was noted whereas an exponential function was found to describe the creep 

data at higher stresses. A stress exponent of 7 combined with an activation energy (354 ± 

20 kJ/mol) equal to the lattice diffusion activation energy suggests a dislocation climb 

controlled mechanism at lower stresses. The exponential dependence at higher stresses 

indicates the operation of a power law breakdown (PLB) mechanism. TEM studies on the 

specimens crept at lower stresses displayed the presence of sub-boundaries composed of 

dislocations whereas the microstructure of specimens crept at higher stresses depicted 

random dislocations as would be expected for a PLB controlled regime.  

Creep studies were carried out on recrystallized Ti-3Al-2.5V alloy under a biaxial state of 

stress. The recrystallized material had a very fine grain size (mean linear intercept grain 

size of 6.6 μm). Studies were carried out on this material over a stress range (1.7 x 10-4 to 

4.9 x 10-3) and temperature range (723 to 873 K). Subsequently, the creep data was 

analyzed to determine the stress exponent and the activation energy. The stress exponent 

was found to vary from a value of 1 for a normalized stress range of 1.7 x 10-4 to 6 x 10-4 

to a value of 2 in the normalized stress range of 6 x 10-4 to 3 x 10-3 and a stress exponent 

of 5 in the normalized stress range of 3 x 10-3 to 5 x 10-3. The creep activation energy was 

found to be 232 ± 20 kJ/mol for the normalized stress range of 1.7 x 10-4 to 3 x 10-3 and 

assumed a value of 325 ± 20 kJ/mol in the normalized stress range of 3 x 10-3 to 5 x 10-3. 

The lower activation energy was found to correspond to the grain boundary activation 

energy whereas the higher activation energy corresponded to the lattice diffusion 
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activation energy. A stress exponent of one and activation energy equal to the grain 

boundary diffusion energy would suggest the rate controlling mechanism to be Coble 

creep. On the other hand a stress exponent value of two combined with activation energy 

equal to the grain boundary diffusion activation energy indicates the rate controlling 

mechanism to be grain boundary sliding. Finally a stress exponent value of five and an 

activation energy value equal to the lattice diffusion activation energy suggest the rate 

controlling mechanism to be climb of edge dislocations.  

In order to supplement these parametric conclusions, TEM studies were performed on 

specimens corresponding to each creep regime. Surprisingly, the specimens crept in 

regime I (stress exponent of one and an activation energy equal to the grain boundary 

diffusion activation energy) did not show any features characteristic of a diffusional creep 

controlled mechanism. Instead the microstructure was found to be characterized by 

distinct slip bands. Furthermore it was seen that the creep data of regime I did not 

correlate well with a theoretical Coble creep model but agreed well with a slip band 

model proposed by Spingarn and Nix. However TEM studies on specimens crept in 

regime II (stress exponent of two and activation energy equal to grain boundary diffusion 

activation energy) displayed the presence of significant dislocation activity in and around 

the grain boundary thus establishing the involvement of grain boundary processes as the 

rate controlling step. Correlations of regime II with a grain boundary sliding model 

showed good agreement thus confirming grain boundary sliding as the rate controlling 

step. Though regime III (stress exponent of five and activation energy equal to the lattice 

diffusion activation energy) was found to be controlled by dislocation climb, the TEM 

studies showed presence of jogged screw dislocations in addition to subgrains and sub-

boundaries. Subgrains and sub-boundaries are a natural consequence of the process of 

dislocation climb and clearly suggest the involvement of dislocation climb as the 

governing mechanism of regime III. Moreover correlation of the creep data of regime III 

with the Weertman’s model of dislocation climb controlled creep showed reasonable 

agreement thus strongly indicating that climb of edge dislocations should be the rate 

controlling step. However the observation of jogged screw dislocations in the crept 

microstructure was intriguing because it suggests that the modified jogged screw 

dislocation model might be rate controlling the regime III. In order to determine the rate 
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controlling mechanism of regime III, TEM studies were carried out as a function of the 

applied stress. The specimens crept at lower stresses were found to possess distinct 

subgrains and discontinuous jogged screw dislocations. But the specimen crept at the 

highest stress did not show the presence of any subgrains. Instead the microstructure 

consisted of a high density of jogged screw dislocations. This suggests that with 

increasing stresses a transition in mechanism from a dislocation climb controlled 

mechanism to the motion of jogged screw dislocation controlled mechanism would occur. 

A model was proposed to explain the same. Finally, the microstructures of the cp-Ti and 

Ti-3Al-2.5V specimens crept in the five power law creep regime were compared. The 

microstructure of cp-Ti did not show the presence of any jogged dislocations whereas Ti-

3Al-2.5V did. The absence of jogged screw dislocations in cp-Ti was attributed to low 

amount of alloying elements. The presence of alloying elements has been found to 

influence the formation of jogs on screw dislocations.  

In addition to this, it was intended to find out if the stress state had any effect on the 

mechanism of five power law creep. To this end, microstructures of specimens crept in 

the five power law crept regime under a stress ratio (α) of 0, 1 and 2 were compared. The 

microstructures of specimens crept under the α = 1 stress state showed jogged screw 

dislocations at lower stresses but subgrains at higher stresses. On the other hand the 

microstructures of specimens crept under α = 0 and α = 2 stress states showed the 

presence of subgrains at lower stresses and jogged dislocations at higher stresses. The 

difference in microstructures was rationalized by calculating the equivalent stresses for 

each stress state and by taking into account the effect of temperature on the elastic 

modulus. It was found that the microstructures in the α = 1 stress condition corresponded 

to normalized stresses varying from 2.43 x 10-3 to 3.67 x 10-3. However, the 

microstructures in the α = 0 and the α = 2 stress state corresponded to normalized stresses 

varying from 3.1 x 10-3 to 4.5 x 10-3 and 3.8 x 10-3 to 5.3 x 10-3 respectively. The 

difference in the magnitude of the normalized stresses studied for each stress ratio 

explains the difference in microstructures. The microstructures in the α = 1 stress state 

correspond to lower normalized stress values where subgrain breakdown has not been 

initiated and thus subgrains were seen at higher stresses. But, the microstructures in α = 0 

and α = 2 stress states correspond to higher normalized stress values where eventually the 
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subgrains breakdown and large number of jogged screw dislocations are seen. This 

explains the difference in microstructures found in each case and in fact indicates that 

perhaps the stress ratio does not influence the mechanism of creep in the five power law 

creep region.  

Even though, the creep studies performed on titanium alloys and a subsequent analysis of 

these studies was successful in explaining some of the different experimental 

observations, a clearer picture evades on certain fronts. First of all, it would be interesting 

to check the grain size exponent corresponding to regime I. This would actually be a very 

definite way of verifying the presence of Coble creep in regime I. Moreover, this will 

reveal the effect of grain size on the operation of the slip band model. Hence, it is 

important to carry out the same studies on a different grain sized material. Studies on a 

different grain sized material would also help in determining the grain size exponent of 

regime II. Knowledge of the grain size exponent would act to establish the operation of 

grain boundary sliding as the rate controlling mechanism in regime II.  

There is also a need to understand if alloying has a dominant effect on the rate controlling 

mechanism.  Preliminary observations do suggest that the microstructural differences in 

cp-Ti and Ti-3Al-2.5V is possibly due to the higher content of alloying elements in Ti-

3Al-2.5V and their absence in cp-Ti. However, systematic studies are required to 

establish the fact. It is important to verify if stress has an effect (as was seen in Ti-3Al-

2.5V) on the microstructural features of cp-Ti specimens crept in the five power law 

creep regime. Moreover, the effect of temperature on the rate controlling mechanism in 

five power law creep regime needs to be investigated. It would also be interesting to 

perform the same studies at ambient temperatures and identify the effect of alloying on 

the rate controlling mechanism. 

Finally the effect of texture on the transitions in mechanisms is worth considering.  
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APPENDIX 1 
IMPRESSION CREEP BEHAVIOR OF Pb-Sn EUTECTIC SOLDERS 

ABSTRACT 

To date, the creep behavior of Pb-Sn eutectic solders has been extensively studied. However, 

there still exists much disagreement on the deformation mechanisms for creep in these solder 

alloys. In this study, impression creep tests at various stresses over a temperature range of 

25-130oC were carried out on a Pb-Sn eutectic solder. A stress exponent value of ~3 was 

obtained with an activation energy of 55-65 kJmol-1, which implies the operating 

deformation mechanism might be interfacial sliding. The present results are compared with 

those obtained from the literature and analyzed in the light of existing creep models. 

1. INTRODUCTION 

Solders are used extensively in electronic industry as a component of the printed circuit 

boards. Printed circuit board is a thin plate on which chips and other electronic components 

are placed. Soldering is primarily used to provide an electrical contact for the chips and other 

components with the printed circuit mother board. Thus it is essential to understand 

mechanical properties of the solder for insuring the integrity and reliability of the solder 

connections. Eutectic lead-tin solders have traditionally been used for this purpose. These 

solders are preferred over others because of their easy availability, low cost, low melting 

temperatures and good wettability. Despite these advantages, the use of these solders is being 

scrutinized because of the impact of Pb content on human health and environment. 

Nevertheless, the use of Pb-Sn solders has not diminished, and efforts are being made to 

improve the performance of these solders.  

Even though Pb-Sn eutectic solders have been studied extensively but till date the 

mechanism and the constitutive relations governing the high temperature behavior remains 

highly debated. This is due to the fact that various groups have observed different values of 

the stress exponent and activation energy. Avery and Backofen [1] were among the earliest to 

investigate the creep behavior of Pb-Sn eutectics and observed 3 distinct regions in the stress 

and strain rate plot. The low strain rate region (I) was observed to be essentially Nabarro-

Herring creep whereas the intermediate strain rate region (II) and high strain rate region (III) 

were governed by superplasticity (grain boundary sliding) and dislocation climb, 
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respectively. Subsequently, gathering data from stress-relaxation tests, Murty [2] could not 

observe a distinct region at low strain rates. In a concurrent work of Mohamed and Langdon 

[3] corroborated the existence of a unique low strain-rate regime as found by Avery and 

Backofen [1] but suggested an unidentified mechanism characterized by a high stress 

exponent rather than the Nabarro-Herring creep. The confusion regarding the behavior of the 

different regions persisted with the observation of variable stress exponent values. Burton [4] 

proposed that grain coarsening during testing could contribute to a systematic error in stress-

strain rate values. This, in turn, can give rise to an under- or overestimate of stress exponent. 

Cagnon et al. [5] suggested the dependence of the stress exponent on the applied stress and 

proposed a constitutive relation incorporating the effect of stress. There have been continuing 

efforts in the form of different models to unravel the apparently inexplicable behavior of Pb-

Sn eutectic solders. This work aims at reviewing different models in light of our recent 

results obtained through impression creep testing.  

Impression creep testing as a technique for determining the creep characteristics of a material 

was developed by Li and coworkers [6]. Subsequently, a number of researchers have worked 

on this technique and established impression creep testing as a good substitute for 

conventional creep testing. In this test, a cylindrical indenter with a flat end is allowed under 

the action of a stress to make a shallow impression on the surface of the specimen. The depth 

of penetration of the indenter at a given stress is measured as a function of time to get the 

impression creep curve. It has been observed that the impression creep data correlates well 

with conventional creep data, and thus it offers several advantages over the latter, viz., small 

quantity of testing material, temperature and stress dependences of creep rate obtainable on a 

single material, constant stress at constant load and absence of tertiary creep stage [7-10]. 

Taking into account all these facts, the creep characteristics of Pb-Sn solders were 

determined using the impression creep route.  

2. EXPERIMENTAL 

A solder alloy of composition 60Sn-40Pb (wt.%) was used for this study. Small specimens of 

dimensions 2 cm × 1 cm × 1 cm were used for the testing. A steel cylindrical punch of 

diameter 1 mm was used for penetrating the specimen. Prior to testing, these samples were 

annealed for 2 h at 423 K. The grain size of these samples was determined using the mean 
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linear intercept technique [11]. The impression creep setup consisted of a cylindrical 

impression jig as shown in Figure 2. The design of the jig enables a uniaxial alignment of the 

indenter and the specimen, and prevents any undesirable bending stresses. Also, care was 

taken to ensure the parallelism of the faces of the specimen. Creep tests were performed in 

air at 298-403 K for various stress levels in the range of 12-85 MPa. It is important to note 

that the given stress levels are the impression stress (σi ) values and need to be converted to 

compression stress (σc) for correlation with the conventional creep results. The compression 

stress (σc) is obtained by the following equation  

 σi = 3σc  (1) 

The displacement was measured through a Linear Variable Differential Transducer (LVDT) 

and was recorded through a data acquisition system. The displacement (δ) was converted to 

strain (ε) through the following relation  

 ε = δ /d  (2) 

where d is the diameter of the indenter.  

3. RESULTS AND DISCUSSION 

The microstructure of the Pb-60Sn before testing is shown in Figure 1. The grain size was 

found to be ~1.2 μm. The creep curves at different stress levels and a temperature of 343 K 

are shown in Figure 3. The creep curve at the stress of 44.5 MPa exhibited a primary stage 

followed by a secondary stage. The curves at higher stresses did not show any primary creep 

because the stress increments were carried out at the same impression spot. This also 

indicates that there was no subsequent arrangement of the dislocations or any change in the 

dislocation density. The steady state strain rates were determined from the creep curves and 

were plotted against the modulus-compensated stress (σ/G) values in logarithmic 

 equation  

 

                          

coordinates. This analysis was guided by the well-known Dorn
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ave the stress exponent value. The effect of temperature on the 
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The variation of the strain rate with normalized stress at different temperatures is shown in 

Fig 73 

Pa is hown n Figu . A linear fit was given to the data points and the slope of the fit 

f the plastic deformation in a lamellar 

ase boundaries. The variation of n 

 rate region (II) to be grain boundary diffusion dominated 

ure 4. The variation of steady state strain rate with temperature at a constant stress of 

M  s  i re 5

yielded the creep activation energy. Experiments were also carried out with indenters of 

diameters 1.6, 1.99 and 2.49 mm at a stress and temperature of 44.5 MPa and 343 K, 

respectively. Figure 6 illustrates the effect of the indenter size on the impression velocity. It 

is observed that the impression velocity is a linear function of the indenter size which 

indicates that the steady state strain rate is constant.  

3.1 Are n and Q dependent on stress and temperature ? 

Cagnon et al. [5] proposed an activation volume model to explain the variation of the stress 

exponent with stress. The model is characteristic o

material in which moving dislocations interact with ph

from 2-10 was explained in terms of phase boundary sliding. The high values of n observed 

at large stresses were due to accommodation along disturbed boundaries and the low values 

were compared to that exhibited during superplastic deformation and were rationalized as 

accommodation along more planar boundaries. Concurrently Langdon and Mohamed 

investigating the activation energies for superplastic flow in Pb-Sn eutetics observed that the 

stress exponent at low strain rates  

(~ 10-6 – 10-5 s-1) was around 3 - 4.5, at intermediate strain rates (10-5 – 10-2 s-1) was around 2 

and at high strain rates was in the range of 5-7. Langdon and Mohamed found the creep 

behaviour in the intermediate strain

but in the low strain rate region (I) to be lattice diffusion dominated. They suggested the 

operation of a mechanism intermediate of diffusion creep and grain boundary sliding in 

region I.  The stress exponent values obtained in this work are in contrast to those found that 

by Langdon and Mohamed. The stress exponent values as shown in Figure 6 were found to 

fluctuate from 4.5 to 2.5 for the strain rate range of (10-6 – 10-3 s-1). Figure 6 provides a 

comparison of the current work with results obtained by other groups. The stress exponent 

was found to reduce gradually with stress rather the fluctuation observed in this work.  Rai 

and Grant [13] investigated superplasticity in Al-Cu alloys and found the strain rate 

sensitivity (m) to be a variable below a critical amount of strain. Subsequently Ghosh and 
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Ayres [14] attempted to determine this critical strain for Pb-Sn eutectics and found it to be 

around 5%. The dependence of m on strain (ε ) suggests a latent dependence of stress 

exponent (n) on stress (σ). As 

    m = f (ε ) 

and                                           m = 1/n 

hence                                        n = f (ε ) 

thus                                          n = f (  ) 

The implication of the dependence of  on ε is that the thermo-mechanical history of the 

r eter. Elsewhere Burton suggests that the grain 

rement or decrement could lead to a systematic error 

so                                             n = f (
.
ε ) 

σ

m

material becomes a significant pa am

coarsening during stress /temperature inc

in the stress – strain rate relationship. This in turn could cause a fluctuation in the stress 

exponent value. Stress increments in impression creep are carried out at a single location at a 

particular temperature and thus the contribution due to coarsening cannot be ignored. 

Moreover Cline [15] has observed shape instabilities of eutectic composites at elevated 

temperatures. Weatherly and Nakagawa [16] and subsequently Lin et al. [17] have modeled 

the deformation induced microstructural instability in Pb-Sn eutectics. Kashyap and Murty 

[18] observed considerable coarsening during superplastic deformation of Pb-Sn eutectics 

and their results provide experimental support to the theoretical models. They also found the 

activation energy (Q) to be a function of the temperature. At temperatures less than 135 °C 

the activation energy (Q) was found to be that of grain boundary diffusion in Tin but at 

temperatures higher than that the Q was found to be that of lattice diffusion in Lead. Earlier 

Grivas et al. [19] also observed concurrent grain growth during superplastic deformation of 

Pb-Sn eutectics but found distinct values of n in region II and III. In region I they observed 

an apparently large n and high Q. Baker [20] carried out stress relaxation tests on Pb-Sn 

solders and found rather constant values of Q and denied the influence of temperature. At 

low strain rates (less than 10-5 s-1) the n values were found to fluctuate in the range of 2-4. 

Recently, Yang and Li [21] carried out Impression test of Pb-Sn eutectic and found the n and 

Q values to be dependent on temperature. Their results are in contrast with those of Darveaux 

and Banerji [22] who determined the n and Q values to be relatively independent of stress 
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and temperature. The activation energy in this work was found to be dependent on the stress 

value but the values fluctuated close to that of grain boundary diffusion in Tin. Figure 7 

provides a comparison of our data with that observed by other groups. The above discussion 

indicates that coarsening during deformation can be a significant parameter to cause a 

fluctuation in the stress exponent values. At the same time as suggested by Langdon and 

Mohamed, a mechanism intermediate of diffusion creep and superplastic deformation cannot 

be ruled out. We speculate that the variation in the n values may be a result of the fluctuation 

in the mechanism governing the deformation. We look at the various models proposed to 

understand the strange behavior of Pb-Sn solders.  

3.2 Constitutive model governing the deformation in Pb-Sn eutectics   

 A number of constitutive models have been proposed to explain the behavior. Ashby and 

Verall [23] proposed a model which explained the sigmoidal relationship observed between 

tion occurred by grain the stress and the steady state strain rate. They suggested that deforma

boundary sliding accommodated by diffusional flow of vacancies. The salient features of this 

model include predicting a variation of n in region I and II. Moroever the model predicts that 

the activation energy in regions I and II is intermediate to Qgb and Ql. Our results are in 

harmony with the above model as the activation energy values observed in this work are in 

the range of 55 kJ/mol to 79 kJ/mol and these are intermediate to 45 kJ/mol and 105 kJ/mol 

which are the Qgb and Ql of Tin respectively. Yang and Li carried out impression test on Pb-

Sn eutectic alloy and found the activation energy and stress exponent to be functions of stress 

and temperature. They proposed a constitutive relation based on a hyperbolic sine function 

which is of the form 

                                            ( )kT
b

RT
QVV σsinhexp0 ⎟

⎠
⎞⎜

⎝
⎛−=                                           (5)     

and a mechanism governed by interfacial sliding between the eutectic phases. Even though 

the relation gives a single value of the activation energy but the effect of stress on the stress 

exponent is  forth a constitu not described. Shi et al. [24] put tive relation that takes into 

account the thermal activation of dislocations and their preferred mode of motion. They 

assumed that both dislocation core diffusion and lattice diffusion contribute to the diffusive 

transport of matter and thus an effective diffusion coefficient was defined to include both the 

mechanisms. Whether the contribution to the diffusion coefficient is from lattice diffusion or 
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from core diffusion is dependent on the dominating mechanism The model was able to 

predict the variation of n and Q. In fact they plotted the normalized strain rate against the 

normalized shear stress on the basis of this model and found all the data points lie on a single 

linear fit with n = 2.5 and Q = 52.5 kJ/mol. Recently Rani and Murthy [25] suggested a 

model based on attractive junctions [26-27] as a mechanistic explanation of the n and Q 

dependence on stress and temperature. An increase in stress assisted by temperature leads to 

unzipping of the attractive junctions of glide and forest dislocations. The glide dislocation 

continues to move uninhibited until it encounters another forest of dislocation. The model is 

similar in nature as to that given for observation of Luders bands in yield point phenomenon. 

This model provides an explanation to the activation energy dependence on temperature but 

does not explain the fluctuation of n. The stress exponent n determines the steady state strain 

rate of a creeping material. Any fluctuations in stress required due to the zipping and 

unzipping of attractive junctions can cause a variation in strain rate but should not effect n. 

Moreover, while determining the stress exponents the dependence of the shear modulus on 

temperature was overlooked. Room temperatures are high homologous temperatures for 

these low melting solders and under such conditions the effect of temperature on shear 

modulus cannot be ignored. Even though the model seems to provide a qualitative 

explanation for the behaviour of these eutectic solders, it lacks in a quantitative description. 

We suggest that the Bird-Mukherjee-Dorn equation can be a good substitute for all the 

different equations and models. A plot of the temperature compensated strain rate against the 

normalized shear stress was given to all the data points. Figure 8 compares the results of the 

current work with those obtained by other groups. Most of the data points fall in narrow 

range of shear stress and strain rates with an n value of approximately 3. Considerable scatter 

is observed in the data obtained from the work of Grivas et al. This is probably due to the fact 

that they carried out tests on specimens of different grain sizes and hence the grain size 

dependence has to be incorporated.  A n value of around 3 and activation energies in the 

range of 55-79 kJ/mol points out towards a mechanism which is different than both lattice 

diffusion and grain boundary diffusion. The mechanism could possibly be governed by 

dislocation motion. Figure 9 illustrates the effect of the punch radius on the impression 

velocity. A linear dependence of the impression velocity on the punch radius is observed. 

This suggests a mechanism governed by dislocation motion [28].   
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4. CONCLUSION 

The deformation of Pb-Sn eutectics at high temperatures was determined by using the 

impression creep technique. The stress exponent and activation energy values were observed 

temperature and stress respectively. These values were compared with 

ed and T. G. Langdon, Phil. Mag., 32, 697, 1975 

. Baudelet, Acta Metall., 25, 71, 1975 

tat. Sol., 70, 63, 1982 

, 456 

Mat. Sci. Engg., 357 A, 

rant, Metall. Trans., 6A, 385, 1975 

E Cline, Acta Metall., 19, 481, 1971. 

, 1977. 

. and Engg., 50, 205, 1981 

, 1979 

to be dependent on 

those obtained earlier by other groups. The various mechanisms proposed were examined in 

light of the current data. The reviewed literature suggests that no single mechanism has been 

able to explain the anomalous behavior of Pb-Sn eutectic. In fact the large scatter in data 

suggests that experimental conditions and material history might have far reaching 

implications in deciding the creep behavior of the material.  
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Figure 1: Optical micrograph of Pb-Sn eutectic at a magnification of 1000 X.  

               Darker phase is Pb rich and the lighter phase is Sn rich. 
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Figure 2: Impression creep jig. 
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Figure 3: Creep curves for different stresses at a temperature of 343 K. 
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Figure 4: A log-log plot of the steady state creep rate versus the normalized shear stress. 
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Figure 5: Steady state strain rate at different temperatures at impression stress of 73 MPa. 
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Figure 6: Variation of the stress exponent with temperature. 
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Figure 7: Variation of the activation energy with stress. 
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Figure 8: Plot of the temperature compensated strain rate against the normalized shear 

                     stress. 
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Figure 9: Dependence of the impression velocity on the punch diameter 
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APPENDIX 2 
CREEP OF NANOCRYSTALLINE MATERIALS: A SHORT REVIEW 

1. INTRODUCTION 

Nanocrystalline materials are a novel class of materials with grain sizes smaller than 100 nm 

and with a large fraction of the material constituted by grain boundaries. These materials are 

processed by different techniques like mechanical alloying, electrodeposition, atomic spray 

deposition and equi channel angular processing. The nc-materials developed through these 

techniques are considered as non-equilibrium structures and store a large amount of energy; 

most probably as dislocation tangles. In fact, the formation of nanograined materials through 

mechanical alloying is thought to occur by the generation of a large number of dislocations 

that arrange together to form grain boundaries. On this basis the grain boundaries in nc-

materials can be supposed to be consisting of a high density of dislocations. Thus, the smaller 

the grain size larger is the density of dislocations in the grain boundary.  

Recently, anomalous grain growth behavior was observed by Zhang et al. [1] in 

nanocrystalline copper. Grain growth under an indenter was studied as a function of the 

loading time at different temperatures. The rate of grain growth was found to be highest at 

liquid nitrogen temperatures and decreased with increasing temperature which is counter 

intuitive. Moreover, the observation of grain growth at liquid nitrogen temperatures indicates 

that the grain growth is entirely stress driven with little contributions from thermal activation. 

Li [2] rationalized this observation using a dislocation emission from a two dimensional wall 

model. Grain growth occurred by the stress assisted emission of extra dislocations from the 

grain boundary and these dislocations traveled across the length of the grain and got absorbed 

in the opposite grain boundary.  A critical stress that depends on the number of extra 

dislocations in the grain boundary was identified for dislocation emission. This critical stress 

was found to decrease with increasing number of extra dislocations in the grain boundary. 

Regular stress assisted emission of dislocations from the grain boundary ultimately led to 

growth of grains with smaller grains coalescing to form larger grains. Li [2] also rationalized 

the small grain growth rate at larger grain sizes as due to the larger distances the dislocations 

had to travel to get absorbed in the opposite grain boundary. Even though the model 

qualitatively explains the decreasing grain growth rate with increasing grain size, a physical 

explanation of the same backed by a mathematical model is lacking. The implication of the 
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above discussion is that apparently there is another factor that could control the decreasing 

grain growth rate at increasing grain sizes. The grain size dependence of the critical stress 

was not established by the model proposed by Li [2]. There is a possibility that the critical 

stress increases with increasing grain sizes and this can be attributed to the decreasing 

number of extra dislocations in the grain boundary. Other sources of dislocations like grain 

boundary ledges could also decrease with increasing grain size. With decreasing number of 

dislocation sources, it can be concluded that the critical stress for dislocation emission 

increases with grain size.   

Even though Zhang et al. [1] showed grain growth in nc-Cu at different temperatures, the 

tests were carried out a constant stress. This can be concluded on the basis that the 

microhardness indentations are geometrically similar and thus it is not possible to achieve 

different stress levels. Thus the stress dependence of the grain growth rate needs to be 

investigated. The implication of such a study will be in understanding the creep behavior of 

nanocrystalline materials.  

The creep of nanocrystalline materials has not been widely studied and hence a proper 

understanding of this topic has still eluded the scientific community. The small number of 

creep studies can be attributed to the fact that creep studies generally require a good amount 

of material and also a system that could test the small specimens. Processing nanocrystalline 

materials in large quantities is still a major challenge even after two decades of their 

discovery and this inhibits extensive creep testing of nanocrystalline materials.  

2. CREEP OF NANOCRYSTALLINE MATERIALS 

The earliest investigation of creep in nanocrystalline materials was carried out by Nieman et 

al. [3] The room temperature creep behavior of nc-Pd with an initial average grain size of 10 

nm was investigated at stress values of 130 MPa and 148 MPa. Tests were consecutively 

carried out on the same specimen and minimum strain rates obtained were 1.4 x 10-8 s-1 and 

7.3 x 10-9 s-1 for 130 MPa and 148 MPa respectively. Maximum creep strains of 0.4% were 

attained during the course of this study. The decrease in minimum strain rate with increasing 

stress is interesting as this is different from what is expected in conventional materials that 

tend to creep at a faster rate with increasing stress. The creep curves were characterized by an 

initial linear region and then a steady state with constant slope was achieved. The observation 

of a linear primary creep regime in nanocrystalline materials is baffling because the primary 
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creep regime in conventional materials is usually understood as a region characterized by a 

continuously decreasing creep strain rate. Moreover, it is difficult to tell if steady state had 

been achieved because of the small amount of creep strains allowed. Subsequent room 

temperature creep tests on nc-Cu with an initial average grain size of 25 nm produced creep 

curves which could be described by a logarithmic function. The creep curve for one of test 

reported in the article consisted of a linear primary creep region followed by an apparent 

steady state. Tests on coarse grained Cu with an initial grain size of 50 μm also produced 

creep curves which could be described by a logarithmic function. More importantly, the 

difference between the nc-Cu and coarse grained Cu is in the nature of the primary creep. 

Whereas the coarse grained Cu showed a primary creep with decreasing strain rate, the nc Cu 

depicted a primary creep regime with a more or less constant strain rate. The difference in the 

creep curves of nc-Cu and conventional Cu is shown in Figure 1. Significantly, the steady 

state creep rate in nc-Cu was found to be two orders of magnitude smaller than those 

predicted by Coble creep. Interestingly two tests carried out on the same nc-Pd sample 

(initial average grain size 10 nm) at increasing stress values of 130 MPa and 148 MPa 

yielded steady state creep strain rates (SSCR) of 1.4 x 10-8s-1 and 7.8 x 10-9s-1 respectively. In 

conventional materials, with increasing stress an increasing strain rate is expected. But, the 

opposite behavior exhibited by nc-Pd indicates that the mechanism of deformation in nc-

materials is different from that in coarse grained materials. 

 Subsequently Wang et al. [4] investigated the effect of temperature on the creep behavior 

of nc-Ni-P. Tensile creep tests were carried on nc-Ni-P (with an average grain size of 28 nm) 

at a stress of 146 MPa in the temperature range of 543-593 K. Grain size measurements on 

the crept specimens by X-Ray diffraction did not indicate any concurrent grain growth. 

Importantly, the steady state creep was supposed to be achieved at strains as low as (0.40–

1.0) %. The activation energy of deformation in nc-Ni-P (grain size 28 nm) was found to be 

smaller in comparison to the value obtained on material with grain size 257 nm. Grain 

boundary processes were proposed as governing the creep behavior of nanocrystalline 

materials whereas dislocation based processes were suggested as governing the deformation 

in larger grain sized materials (eg. 257 nm Ni-P).In another study, the stress dependence of 

creep in nc-Ni-P was determined and a stress exponent of 1.2 and 2.5 was found in 

specimens with grain size 28 nm and 257 nm respectively. Again the maximum creep strains 
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achieved were smaller than 1% suggesting that steady state may not have been achieved. The 

tests on the nc-Ni-P were carried out at 543 and 573 K and the stresses were in the range of 

55-135 MPa.  Combining the activation energy and the stress exponent values, a grain 

boundary diffusion process (perhaps Coble creep) was proposed as the mechanism of creep 

in nc-Ni-P. Kong et al. [5] undertook a similar work on Ni-P and Fe-B-Si nc-alloys with 

grain sizes in the range of 27-28 nm and showed that there is a transition in mechanism with 

decreasing grain size. Grain boundary diffusion processes were suggested as controlling the 

creep of nanocrystalline materials whereas grain boundary sliding accommodated by 

dislocation motion was proposed as controlling the creep of comparatively coarse grained 

materials (grain size around 250 nm). The primary creep region of the nc-materials was 

found to follow Andrade’s law that states 

  (1) 3/1
0 tβεε +=

The instantaneous strain 0ε and the constant β were found to be a function of temperature 

and increased with increasing temperature. The stress dependence of these constants was not 

investigated. 

During the same period, Sanders et al. [6] carried out extensive tests on nc-Cu, nc-Pd and nc-

Al-Zr samples prepared by inert-gas condensation technique. Studies were carried out on nc-

Cu and nc-Pd in the temperature range of 0.24 Tm – 0.48 Tm and tests on nc-Al-Zr were 

carried out in the temperature range of 0.48 - 0.63 Tm. In all cases the creep curves resembled 

curves predicted by a logarithmic creep equation. The maximum creep strain achieved was 

around 1.2%. Grain size measurements on the crept specimen indicated grain growth from 

the starting sizes of 15-30 nm to grain sizes over 100 nm. Steady state was observed for nc-

Al-Zr only at 0.53 Tm for a stress of 42 MPa. The strain rates obtained from the creep tests on 

all these materials were atleast 3- 4 orders magnitude smaller than those predicted by Coble 

creep or grain boundary sliding models. In fact for the temperature range studied, the 

nanocrystalline materials exhibited lower strain rates than their conventional counterparts. 

The lower strain rates of nc-materials were rationalized as due to the presence of a lot of low 

angle boundaries and due to the absence of significant dislocation activity. The tensile creep 

behavior of nc-Cu was also investigated by Cai et al. [7] The nc-Cu with an initial average 

grain size of 30 nm was processed by an electro-deposition technique. Annealing 

experiments on the electrodeposited nc-Cu revealed grain growth at temperatures greater 
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than 100 °C. All creep tests were carried out in the temperature range of 20 – 50 °C to avoid 

grain growth and their consequent effect on the creep curves. A typical creep curve obtained 

from nc-Cu at 142 MPa and 40 °C showed the presence of a primary creep region following 

Andrade’s law, a proper steady state region and a small tertiary region. Steady state creep for 

the conditions discussed was found to commence at strains greater than 4 %. This is in 

contrast with the observations made on nc-Cu, nc-Pd and nc-Ni-P by some other groups 

where steady state was attained at even smaller strains. The stress exponent and the 

activation energy values were determined from stress change experiments carried out for 

each temperature. The steady state creep rate (SSCR) was plotted as a function of the stress 

applied. It was seen that the SSCR increased almost linearly with the stress (σ) applied 

prompting the authors to suggest the presence of a threshold stress (σ0). The threshold stress 

was determined for each temperature and was found to decrease with increasing temperature. 

The activation energy was determined and was seen to be close to the activation energy for 

grain boundary diffusion in nanograined copper. Moreover, the SSCR values were seen to be 

very similar to those predicted by Coble creep model. The presence of a threshold stress was 

attributed to the inability of the grain boundaries to be perfect sources and sinks of atoms or 

vacancies. Hence, the rate of diffusion along grain boundaries was suggested to be limited by 

the emission or absorption of atoms at the grain boundaries. In short, the creep of 

nanocrystalline copper was attributed to interface controlled diffusion creep.  

The early studies on nc-materials mostly indicated a grain boundary diffusional creep 

controlled mechanisms but a few isolated creep studies on nc-Al-Mg suggested otherwise. 

Hayes et al. [8] achieved significantly higher values of the stress exponent (n = 8) from their 

tests carried out at 300 °C. Stress exponents greater than 2 generally indicate a dislocation 

controlled creep process. But dislocation activity in nc-materials is usually suppressed due to 

the image forces exercised by the large fraction of grain boundaries. Thus the observation of 

a stress exponent value of 8 is intriguing. Moreover, conventional Al-Mg generally exhibits a 

class I type of creep behavior and in stark contrast the nc-Al-Mg showed a class II type of 

creep behavior. The observation of a high stress exponent and the corresponding inability of 

grain boundary sliding (GBS) to be a rate controlling mechanism was investigated through 

TEM studies. TEM studies indicated the presence of fine scale precipitates along the grain 

boundaries which were suggested as inhibiting the motion of grain boundary dislocations 
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thus precluding GBS from being the mechanism of deformation. Creep curves corresponding 

to stress values of 27.5 and 48.2 MPa were presented and the maximum creep strains 

achieved for each case were 0.05% and 0.1 % respectively. The creep curves obtained from 

nc-Al-Mg were found to be similar to those exhibited by class II materials in the way that 

these curves consisted of a primary creep regime with a decreasing strain rate. In that case for 

the small creep strains achieved, the material could be still in the primary creep region and 

the steady state creep rates considered for analysis could be inaccurate leading to a higher 

value of the stress exponent. Also a well defined primary creep region was not observed 

previously in nc-materials. Experimental SSCR’s smaller than the Coble creep model 

predictions were also observed by Kolobov. [9] during their studies on nanostructured Ni and 

copper with grain sizes around 300 nm and 200 nm respectively. The observation of small 

strain rates was attributed to the formation of meso and macro level localized plastic 

deformation bands. 

To rationalize the observation of strain rates lower than those predicted by Coble-creep, 

Ogino [10] proposed a grain deformation model. The grains elongated during creep 

deformation leading to an increase in the grain boundary area and subsequently the grain 

boundary energy. Thus a part of the applied energy was being used up as grain boundary 

energy and in consequence only a small driving force was available for creep deformation to 

occur. Interestingly, if one considers that deformation causes a change in the grain 

dimensions, the strain rates predicted by Coble creep model will automatically be different 

from the experimentally obtained creep strain rates. This is because the Coble creep 

predictions will take into account the initial grain size and not the grain size stabilized during 

creep which has different (possibly larger) dimensions than the starting grain size. Now the 

strain rates predicted by Coble creep model have an inverse dependence on the grain size as 

shown in the following relation 

 
31

⎟
⎠
⎞

⎜
⎝
⎛∝

dcobleε  (2) 

Thus, smaller the grain size, greater is the strain rate. This explains the observation of creep 

strain rates in nc-materials (where the grain size during creep is significantly different from 

initial grain size) smaller than Coble creep model predictions. The model proposed by Ogino 

[10] satisfactorily explains the observation of smaller SSCR’s in nc-materials but is 
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intriguing if one tries to rationalize the increasing grain boundary energy. An increase in 

grain boundary energy will cause the grains to grow further so as to reduce their energy and 

in the process contribute to the creep deformation. In such a case the mechanism of 

deformation is different from the diffusional controlled creep mechanisms and comparisons 

of the experimental creep rates with those predicted by diffusional based creep mechanisms 

is wrong. Ogino’s [10] model also invoked the concept of threshold stress to explain the 

reduction of driving force available for creep.  

The presence of a threshold stress during creep as proposed by this model validates the 

experimental observations made by Cai et al. [7] during their experiments on 

electrodeposited nc-Cu. In a subsequent work on cold-rolled nc-Cu, Cai et al. [11] found the 

creep behavior of the cold rolled copper to be controlled by a grain boundary sliding 

mechanism. A stress exponent of 2 and activation energy similar to the activation energy for 

grain boundary diffusion indicates a GBS mechanism of creep. The difference in creep 

mechanisms of cold-rolled nc-Cu and electrodeposited nc-Cu with a similar average initial 

grain size was attributed to the increased mis-orientation of the grain boundaries in the cold-

rolled copper. Larger number of grain boundary dislocations with a smaller Burgers vector 

meant GBS accommodated by dislocation emission from the grain boundary becomes the 

creep controlling mechanism. In comparison, the limited number of dislocations in the 

electrodeposited nc-Cu compels it to creep by diffusional processes. At stress values below a 

particular level, the cold rolled nc-Cu did not exhibit any creep strain and thus a threshold 

stress was invoked to explain this observation. The nature of the threshold stress in the cold 

rolled material was found to be different from the relaxed material and this was attributed to 

the difference in the microstrain levels. A higher level of microstrain was proposed to result 

in a greater threshold stress of creep.  

Li et al. [12] studied the compression creep behavior of ED-nc Cu and compared their results 

with those obtained by Cai et al. [7] The compression creep behavior of ED-nc Cu was found 

to be similar to that of coarse grained copper. On the basis of this observation, Li et al. [12] 

suggested that perhaps the higher SSCR’s observed by Cai et al. [7] in ED nc-Cu was a result 

of the tensile testing technique. The higher SSCR was suggested to be influenced by the 

impending fracture of the specimen. Subsequently, the suggestion of a possible Coble creep 

mechanism explaining the high SSCR’s was dispelled.  
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Recently, Kottada and Chokshi [13] carried out compression creep studies on nc-Ni with an 

initial average grain size of 40 nm. These tests were carried out in the stress and temperature 

ranges of 1000-2000 MPa and 300-373 K. Steady state was not achieved in their material 

even after creep deformation upto 28% (Figure 2). This is counter intuitive as conventional 

materials tend to achieve steady state quickly at higher stresses. Moreover, creep deformation 

was found to induce grain growth in the material with the average grain size of the specimen 

crept at 373 K and 2000 MPa increasing to 60 nm from an initial average grain size of 40 nm. 

This indicates that the lack of steady state could be attributed to a lack of grain size stability 

which in turn depends on the creep stress level. 

The stress exponents were determined for different values of creep strain. The stress 

exponent values increased from 8 to 12 as the creep strain increased from 1% to 4%. This 

study highlights an important fact that the stress exponent is a function of the creep strain and 

thus the different stress exponent values achieved by different groups could be because of the 

different creep strain values allowed before steady state was thought to commence. Primary 

creep in conventional class II materials (metals fall under this category) involves the 

arrangement of intragranular dislocations to form subgrains. Steady state creep is thought to 

begin when the subgrain stabilizes at a particular value. The subgrain size was calculated 

using the following empirical relation 
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where σ is the applied stress, G is the shear modulus, b is the burgers vector and λ is the 

subgrain size. Using this relation Kottada and Chokshi [13] determined the subgrain size to 

be around 200 nm that is significantly larger than the initial grain size. Thus the primary 

creep in the nanocrystalline Ni cannot be explained as occurring due to arrangement of intra-

granular dislocations. Moreover, lattice dislocations have generally been considered to be 

absent due to the small grain sizes. Kottada and Chokshi [13] invoke the concept of 

geometrically necessary dislocations to explain their observations of strain hardening in ED 

nc-Ni and suggest that grain boundary sliding/migration/rotation coupled with intra granular 

dislocation creep controls the mechanism of deformation. At a similar time, Chauhan et al. 

[14] investigated the creep behavior of nanostructured cryomilled Al 5083 alloy. The milled 

material had an initial average grain size of 300 nm and creep studies on this material showed 
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the stress exponent and activation energy increasing with decreasing applied stress. Such a 

behavior was rationalized by invoking a threshold stress for creep deformation. The threshold 

stress was speculated to be originating from milling induced impurities segregating to the 

grain boundary thus inhibiting sliding. The possibility of threshold stress originating due to 

the impurities locking down the lattice dislocations and thus inhibiting viscous glide was also 

not ruled out. The stress exponent and activation energy values obtained after incorporating 

the threshold stress into the creep analysis pointed towards a GBS controlled creep 

mechanism. The latest work on creep of nanocrystalline materials was carried out by 

Mohamed and Chauhan [15]. Detailed investigations were carried out on ED nc-Ni with an 

initial average grain size of 25 nm. A double shear technique was adopted and creep curves 

were generated at different stresses at a temperature of 373 K. The experiments achieved 

SSCR’s covering a large range from a value as small as 10-9 s-1 to a higher value of 

approximately 10-4 s-1. The creep curves were characterized by an initial linear region 

followed by a decreasing strain rate region similar to primary creep and finally a steady state 

as seen in conventional creep curves. The stress exponent determined from the SSCR and 

stress plot was found to increase with stress and varied from 4.5 to 30. The apparent 

activation energy value was also found to be a function of the stress varying from 126 kJ/mol 

to 141 kJ/mol. These values are smaller in comparison to the grain boundary activation 

energy value of 156.2 kJ/mol.  

Grain size measurements carried out on the crept specimens showed that during creep, the 

grain size increased from an initial value of 25 nm and stabilized at a steady state creep value 

of 40 nm. The variation of the stress exponents and activation energy with stress was justified 

through the use of a dislocation accommodated boundary sliding model. Dislocation 

emission primarily occurs from triple points where a stress concentration builds up during 

sliding. The emitted dislocations travel to opposite grain boundaries where they get 

annihilated through climb. A stress concentration factor is invoked to explain dislocation 

emission from triple points. The stress concentration factor enables the achievement of 

higher stresses necessary for dislocation emission. The model can be described through the 

following relation 
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Where γ  is the SSCR, b is is the burgers vector, d is the grain size corresponding to steady 

state, Dgb0 is the grain boundary diffusion coefficient, Qgb is the grain boundary diffusion 

activation energy, R is the universal gas constant, T is the temperature of the test, M is the 

stress concentration factor, τ is the applied shear stress and k is the Boltzmann’s constant.  It 

was found that for an M value of 20, the model accurately predicts the stress strain rate 

behavior of the material. The model was able to predict the experimental SSCR accurately by 

considering a constant value of the grain size at steady state. It is intriguing that the steady 

state grain size is independent of the stress applied. On the basis of the observations made by 

Kottada and Chokshi [13] in their experiments on a similar ED-nc Ni, it can be argued upon, 

that achievement of steady state in nc-Ni or in general, nc-materials, is stress dependent. 

Moreover, Kottada and Chokshi [13] did not observe steady state even after attaining 

compressive creep strains upto 28% at a temperature of 373 K and 2000 MPa and in contrast 

Mohamed and Chauhan’s [15] experiments on nc-Ni at 373 K and 151 MPa showed the 

attainment of steady state at a strain value of approximately 12%. This indicates that the 

attainment of steady state is dependent on applied stress. Also, if one closely compares the 

creep curves in nc-Ni obtained by Mohamed and Chauhan [15] at stress values of 76 MPa 

and 151 MPa, it will be evident that in the test at 76 MPa a steady state is found to be 

achieved at creep strains around 5 % whereas the steady state in the test at 151 MPa was 

found to be attained at strains around 12%. This clearly suggests that the commencement of 

steady state is dependent on the applied stress. Now, the work by Mohamed and Chauhan 

[15] shows that the initial transient region during creep of nc-Ni corresponds to grain growth 

and steady state is achieved only when the grain size stabilizes. So, on this basis it can be 

suggested that if steady state is achieved at lower strains, then the grain size stabilizes at 

lower values and when steady state is achieved at higher strains, the grain size stabilizes at 

higher values. Thus, the steady state grain size for two significantly different applied stresses 

cannot be the same and any analysis considering a constant grain size during creep will 

provide anomalous values of stress exponents. Though, the steady state grain size is now 

understood to be dependent on the applied stress, this may not be revealed from tests carried 

out in a low stress range.  

The different mechanisms that have been suggested to explain creep of nanocrystalline 

materials have been summarized in Table 1. The table also provides the normalized stress 
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value at which the tests were carried out, the initial grain size of the material, the amount of 

primary creep observed before steady state was achieved and if concurrent grain growth was 

seen. As is clear from Table-1, a clear understanding of the creep behavior of nc-materials is 

still eluding. Recent experiments by Zhang et al. [1] showed grain growth concurrent with 

creep and also suggest that the creep (indicated by decrease in hardness) continued to occur 

for as long as 105 to 106 seconds. Moreover, a linear fit was seen when the hardness data 

were plotted as a logarithmic function of time. This suggests that perhaps an exhaustion 

mechanism (usually described by logarithmic function) could be the rate controlling 

mechanism. Further detailed studies are needed to validate the same. 
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Figure 1: Comparison of the creep curves obtained at room temperature from nc-Cu (grain 

size 25 nm) and conventional copper (grain size 60 μm) [3]. 
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Figure 2: Creep curves obtained during compression tests on nc-Ni with an initial average 
               grain size of 40 nm. The plots display an increasing εtr value with increasing stress 
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185

Material Processing 

technique 

σ/E 

(× 10-3) 

dini  

(nm) 

εtr (%) Grain  

growth 

n Q 

(kJ/mol) 

Mechanism Ref. 

Pd IGC 1.07 - 1.23 10 0.27 - 0.35 Not 

Mentioned 

_ _ - 3 

Ni-P MS+A 0.33-0.88 28 0.3 - 0.4 No 1.2 68.5 GBD 4 

Fe-B-Si MS+A 0.5-0.8 28 0.15-0.22 No 1.2 144 GBD 5 

Cu IGC 0.25-0.27 25 No steady 

state 

Yes - - Exhaustion 6 

Cu EDS 1.13-1.68 30 1 - 3 No 1 68.5 ICDC 7 

Al-Mg Cryomilling 0.48-0.96 300 0.05-0.1 Not 

mentioned 

8 - D-P 

interactions 

8 

Ni EDS 5.68-11.38 40 No steady 

state 

Yes 8-12 115 GND 13 

Ni EDS 0.37-1.25 20 0.05-0.1 Yes 4.5-30 126-141 DABS 15 

Table 1: A summary of the creep studies carried out on different nanocrystalline materials and the mechanisms proposed. 

ICDC: Interface Controlled Diffusion Creep 

MS+A: Melt Spinning + Annealing 

GBD: Grain Boundary Diffusion 

IGC: Inert Gas Condensation 

EDS: Electrodeposition 

 

 

 



D-P interactions: Dislocation Particle interactions 

GND: Geometrically Necessary Dislocations 

DABS: Dislocation Accomodated Boundary Sliding 

 

 

 186



APPENDIX 3 
 

DO NANOCRYSTALLINE MATERIALS EVER ATTAIN  
A STEADY STATE OF CREEP? 

 
 

ABSTRACT 

A stress assisted grain growth model is presented to explain the discrepancies in creep results 

obtained over the last few years. A lack of steady state of creep as observed by certain 

researchers is accounted for by this model. Results from impression creep tests on nc-Al and 

nc-Zn-Al validate the presented model. 

1. INTRODUCTION: 

Among all the mechanical properties of nanocrystalline materials, creep has been the least 

understood property. This is because creep studies require a decent quantity of material, and 

production of bulk-nanocrystalline materials on a large scale has still not been realized. 

Moreover, creep studies on a small quantity of nanocrystalline materials require the setting 

up of a testing facility capable of testing miniaturized specimens. Due to the cited reasons, 

extensive creep studies on nanocrystalline materials have not been possible and whatever few 

studies that have been published leave a few questions unanswered. One such question 

concerning the creep of nanocrystalline materials is the achievement of steady state during 

creep. In this particular work we aim to provide a brief review of some of the creep studies 

carried out on nanocrystalline materials and mainly concentrate on critically analyzing some 

of the results on nanocrystalline nickel reported by Mohamed and Chauhan and Kottada and 

Chokshi. The analysis takes into account stress assisted grain growth to explain the 

discrepancies in creep information published in literature. In support a stress assisted grain 

growth model will be proposed.  

1.1 Creep of conventional materials: 

Conventional materials under creep assisted deformation generally exhibit a behavior that 

can be divided into three stages. Stage I or the primary creep region where a competition 

between mechanisms of strain hardening and recovery leads to a continuously decreasing 

strain rate of deformation, stage II or a secondary creep region (also known as a steady state 

creep region) where an equilibrium between the mechanisms of strain hardening and 
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recovery leads to deformation at a constant strain rate and finally, stage III or the tertiary 

creep region that is characterized by local plastic deformation and finally failure. The tertiary 

creep region is generally absent in compression creep tests. The creep behavior of 

conventional materials can be classified into different groups depending upon the shape of 

the creep curves they exhibit [1]. As shown in Figure 1, the creep curves can attain any one 

of the following shapes. In Curve A, stage I can be described by a decreasing strain rate and 

such a shape is usually displayed by annealed metals and alloys. The primary creep is due to 

the formation of a more resistant substructure. The creep curves of type B  

are characterized by a very small stage I and a steady state is immediately attained. Absence 

of a primary creep region suggests a substructure that remains constant during creep. Creep 

curves of type C are obtained when the material has been previously crept at a higher stress. 

The increasing strain rate in stage I denotes the recovery of a substructure pertinent to the 

steady state condition. Type D creep curves are sigmoidal in shape and are observed when 

the mechanism of deformation takes place by the nucleation and spread of slip zones until 

steady state is achieved. Such a behavior is generally displayed by dispersed phase alloys.   

A comparison of the creep curves of conventional and nanocrystalline (nc) materials will 

establish the distinct creep behavior of nc materials. Figure 2 provides a creep curve obtained 

from a room temperature creep test on nc-Cu and compares with that obtained on 

conventional copper [2]. The initial nc-Cu had a grain size of 25 nm and the test was carried 

out at a stress of 150 MPa. The creep curve shown above consists of an initial linear region 

where the strain rate is significantly large and there is a sudden transition to a secondary 

stage that resembles a steady state of creep. A close look at the secondary stage indicates a 

decreasing strain rate that is not overtly apparent. Such a behavior was found to be 

appropriately described by a logarithmic creep relation. As is clear from Figure 2, the creep 

curves obtained from nc-Cu are different from those obtained on coarse grained copper. The 

transition from stage I to stage II occurs at larger strains for a coarse grained copper. 

Moreover, the transition from the initial linear region to the steady state regime is not as 

sharp as that experienced by nc-copper. The observation of a similar logarithmic creep 

behavior for coarse grained copper would suggest that the creep behavior of nc-Cu and 

coarse grained copper is identical.  
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In a similar work by Sanders et al. [3], creep studies on nc-Cu, nc-Pd and nc-Al-Zr were 

carried out at different temperatures. A logarithmic creep relation was found to describe the 

creep curves appropriately.  In their work on nc-Ni-P (grain size 28 nm) Wang et al. [4] and 

later Deng et al. [5] showed the creep behavior of Ni-P to be diffusional controlled. The low 

activation energy (in comparison to lattice diffusion activation energy) and a stress exponent 

value of 1 suggest a grain boundary diffusion controlled creep behavior (mostly Coble 

creep). Intriguingly, very small creep strains were allowed (a maximum of 1%) and at such 

small strains it is difficult to establish the achievement of a steady state [6]. As will be 

discussed at a later stage, the strain to steady state is an apparent function of the applied 

stress and terminating the tests at such small strains will prevent the attainment of a steady 

state. 

Post creep grain size measurements indicated the absence of concurrent grain growth. This 

could be possibly due to the relatively small creep strains achieved and also due the adoption 

of a XRD technique for measuring grain size. Cai et al. [7,8] studied the effect of cold-rolling 

on the creep behavior of electrodeposited nc-Cu. In the absence of cold-rolling, the material 

exhibited a stress exponent of 1 and an activation energy corresponding to grain boundary 

diffusion energy whereas the cold rolled nc-Cu underwent deformation with a stress 

exponent of 2 ( and Q = Qgb). The difference in behavior was attributed to the development 

of microstrain in the cold-worked copper which causes a change in the grain boundary 

character. The cold-rolled copper in turn develops a preference for grain boundary sliding 

over diffusional creep. A threshold stress model was found to describe the creep behavior of 

both the electrodeposited and the electrodeposited followed by cold-rolling nc-Cu. The 

threshold stress was attributed to the inability of the grain boundaries to act as perfect sources 

and sinks of vacancies (atoms). Hence the grain boundary diffusion was suggested to be 

controlled by the emission and absorption of vacancies in the grain boundaries leading to a 

threshold stress. Tensile creep tests were used for the studies and the maximum strains 

achieved were around 5 % with the test ending at fracture. In another study, Cai et al. [9] 

investigated the nature of the primary creep strain. The primary creep strain was found to 

obey Andrade’s law. A closer look at the primary creep strains plotted as a function of stress 

and temperature (Figure 3) reveals a dependence of the primary creep strain on the modulus 

compensated stress. For a σ/E value of 1.15 x 10-3 a primary creep strain of 1.25 % was 
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observed, whereas at a σ/E value of 1.30 x 10-3 a primary creep strain value of 3.0 % was 

attained. A cursory examination of the differences in primary creep strain values as a 

function of modulus compensated stress values would attribute them statistical but as our 

work will show, these differences are due to concurrent grain growth which causes an 

increase in the primary creep strain with increasing stress. Moreover, conventional coarse 

grained materials generally exhibit a decreasing primary creep strain with increasing stress or 

so to say steady state is achieved faster with increasing stress. This indicates a difference in 

the creep behavior of nanocrystalline materials and conventional materials at a micro-

mechanistic level.  

1.2 Creep studies on nc-Ni by Kottada and Chokshi and Mohamed and Chauhan: 

Recent studies on nc-Ni by Kottada and Chokshi [10] revealed some interesting facts about 

the creep behavior of nc-materials. Creep studies were carried out under compression at very 

high stresses in the temperature range of 300-400 K. Interestingly the material did not attain a 

steady state even upto 28 % creep strains. Grain size measurements on the crept specimens 

indicated grain growth concurrent with the creep deformation. The grain size increased from 

an initial value of 40 nm and stabilized at around 60 nm. As suggested by Kottada and 

Chokshi [10], a cursory glance of the creep curves might suggest attainment of steady state, 

but a plot of creep strain rate (ε ) against creep strain (ε) suggests otherwise. Moreover, the 

stress exponent was plotted as a function of the creep strain and yielded values increasing 

from 8 to 12 with creep strains increasing from 1 % to 4 % respectively.  Another facet of the 

experimental results that was not discussed by the authors was the shape of the creep curve as 

a function of the applied stress. As the creep curves in Figure 4 indicate, the transition from 

the initial linear region to a pseudo steady state is a function of the applied stress. A transition 

strain of approximately 3% can be identified for the creep curve corresponding to a stress 

value of 1000 MPa and a transition strain value of around 22 % can be identified for the test 

at 2000 MPa. The tests under comparison correspond to a test temperature of 373 K. This 

behavior as will be pointed out in detail at a later stage is a characteristic of the creep 

behavior of nc-materials. There is an apparent stress dependence of the creep strain that 

requires a detailed understanding. Kottada and Chokshi [10] attributed the absence of a 

steady state to an increasing strain hardening. The strain hardening in turn was suggested to 

be due to the development of geometrically necessary dislocations which cause a hardening 
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of the grain boundaries. The hardened grain boundaries are unable to emit dislocations and 

this limits the plastic flow.  

Burdovic et al. [11] while carrying out tensile loading tests on nc-Ni did not observe any 

significant strain hardening. The lack of strain hardening indicates the absence of any 

dislocation storage during deformation. Kottada and Chokshi [10] refute the above 

observation attributing the non-observation of strain hardening to the lack of tensile ductility 

in nc-Ni. But, strain hardening in nc-materials due to dislocation storage or interactions is 

difficult to envision if one considers the small grain sizes. The small grain sizes restrict 

dislocation activity and the strain hardening observed in compression tests should be due to 

entirely different reasons.  

In another study on nc-Ni, Mohamed and Chauhan [12], investigated the creep behavior of 

nc-Ni at 393 K (0.23 Tm) using the double shear technique. The as-received electrodeposited 

nc-Ni had an initial grain size of about 20 nm. The creep tests yielded stress exponents 

increasing from 4.5 to 30 with stress and the apparent activation energy was found to be 

smaller than the grain boundary diffusion energy. Grain size was found to increase with 

creep strain and it was observed that the grain size stabilized around 40 nm when steady state 

was achieved. Activation volume determined from stress change tests was found to be around 

20 b3. A small value of activation volume indicates dislocation activity occurring over small 

distances and this is expected in small grain sized materials. On the basis that the grain size 

stabilized around 40 nm once steady state was achieved, Mohamed and Chauhan [12] 

invoked a dislocation accommodated sliding model to rationalize their observations made in 

nc-Ni.   

 ⎥
⎦

⎤
⎢
⎣

⎡
−⎟⎟

⎠

⎞
⎜⎜
⎝

⎛
⎟⎟
⎠

⎞
⎜⎜
⎝

⎛ −
⎟⎟
⎠

⎞
⎜⎜
⎝

⎛
⎟
⎠
⎞

⎜
⎝
⎛= 12expexp9

3

2
0

3

kT
bM

RT
Q

b
D

d
b gbgb τγ  (1) 

The model included a stress concentration factor, M, which is related to the activation 

volume. The presence of an exponential function in the model is assists in predicting the high 

stress exponent values observed and the stress dependence of the activation energy is also 

explained by the model. However, the observation of a constant grain size at steady state and 

more importantly the steady state grain size being independent of the applied stress is not 

easily understood. First of all a careful examination of the creep curves shows that the 
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primary creep strain (εtr) is a function of the applied stress, σ. For an applied stress of 76 

MPa, the εtr is around 4.5 %, whereas at a higher stress value of 151 MPa, the εtr is around 

12.5 %. Moreover, the primary creep regime as shown in Figure 5 coincides with concurrent 

grain growth.  It can be thus concluded that the primary creep in nc-Ni is a result of grain 

growth and if the dependence of εtr on the applied stress is taken into account then it will 

suggest that the grain growth is dependent on the applied stress. Since εtr is directly 

proportional to the applied stress, the extent of grain growth should also follow suit. In 

conclusion, it can be said that the grain size at steady state should not be the same for two 

different stress values and in fact should be higher for a higher applied stress value. In 

contrast, the observation of a constant steady state grain size value of 40 nm by Mohamed 

and Chauhan [12] can be due to the inadequacy of TEM to distinguish between not widely 

different grain size distributions. Moreover the stress values utilized for the creep tests fall 

within an order of magnitude and so the steady state grain size for each of the stresses 

considered though different may not have a significant bearing on the strain rates predicted 

by the model. However, as the authors restricted themselves to a relatively low stress range 

of creep tests, behavior at higher stresses remains misunderstood. In fact, it is possible that at 

higher stresses steady state may not be achieved in accordance with the observations of 

Kottada and Chokshi [10]. In such a case the model proposed by Mohamed and Chauhan 

[12] might breakdown, more so because the grain size at steady state will be entirely 

different. Also, as shown by Kottada and Chokshi [10], the stress exponent is dependent on 

the creep strain and increases with creep strain. Thus, the variation in stress exponents with 

stress could be due to the different creep strains considered while calculating the stress 

exponent.  

1.3 Grain growth in nanocrystalline materials: 

Recently, Zhang et al. [13, 14] carried out microhardness measurements on nc-Cu at different 

temperatures. The hardness measurements were carried out as a function of the loading time. 

With increasing dwell times of the indenter, the hardness was observed to drop. The drop in 

hardness was at first perceived as occurring due to exhaustion creep, but TEM studies on the 

regions around the indent showed a change in the grain size distribution. The average grain 

size was found to increase as a function of the dwell time. Amazingly, the grain growth was 

found to be rapid at cryogenic temperatures than at room temperatures. This observation is 
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contrary to popular belief that grain growth is usually thermally activated. Observation of 

grain growth at cryogenic temperatures indicates that the grain growth was stress driven and 

did not get assisted in any way by thermal activation. In fact, annealing experiments on 

nanocrystalline materials have revealed that these materials are thermally stable upto 

sufficiently large temperatures. This unique observation led to a number of studies trying to 

rationalize the effect of stress on grain coarsening in nanocrystalline materials. Prior to these 

experimental observations,  Haslam et al. [15] carried out molecular dynamics simulations to 

investigate the effect of grain growth on grain boundary diffusion creep and grain boundary 

sliding during the deformation of a nanocrystalline Pd with an initial grain size of 15 nm. On 

the basis of their simulations, grain growth was found to be a result of a complex interplay 

between grain boundary diffusion, grain boundary sliding and rotation. The deformation was 

attributed to a grain growth enhanced GB diffusion creep. A threshold stress was found to be 

present to initiate deformation in both GB diffusion creep and grain growth enhanced GB 

diffusion creep. For an applied stress below the threshold stress, the material would not 

deform. The origin of the threshold stress was suggested to be in accordance with the model 

proposed by Ashby and Verall [16].  Importantly, the simulations were carried out on an 

initial microstructure consisting of a large number of high angle GB’s. These high angle 

GB’s consist of overlapping dislocation cores and hence possess continuously distributed 

mis-coordinated atoms along the GB. A small fraction of low angle GB’s were also present 

and these boundaries were characterized by more or less isolated dislocation cores. 

Significantly, the simulations revealed the high diffusional activity of the high angle GB’s 

and their consequent contribution to GB migration. On the other hand the low angle GB’s 

were found to be relatively inactive. During the course of the simulations, the high angle 

GB’s were found to gradually convert to low angle GB’s by the release of dislocations and in 

the process eliminating a grain boundary. The grain growth was thus supposed to occur by 

the emission of dislocations from a shrinking GB. This is in contrast to the observations of 

Estrin et al. [17] where the disappearance of GB’s during grain growth was attributed to 

vacancy formation for elimination of GB excess volume. In another study Schiotz [18] 

carried out atomic scale simulations on nc-Cu under a cyclic state of stress and observed 

strain induced grain coarsening. A major part of the deformation was observed to occur at the 

grain boundaries and enhanced grain boundary mobility during deformation was understood 
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to allow grain boundary migration and consequently grain growth. In fact the deformation 

was totally attributed to grain boundary processes and any involvement of dislocations was 

precluded due to the small grain sizes and larger fraction of grain boundaries.   

Even though the mechanism of grain growth assisted by grain boundary diffusion processes 

(mainly Coble creep and GBS) seems attractive, the creep of nc-Cu at cryogenic 

temperatures is difficult to understand. At such low temperatures, diffusion processes are 

suppressed and any deformation has to be stress assisted. Li [19] rationalized this observation 

using a model that considered dislocation emission from a two dimensional wall. Grain 

growth was suggested to occur by the stress assisted emission of extra dislocations from the 

grain boundary and these dislocations traveled across the length of the grain and got absorbed 

in the opposite grain boundary.  A critical stress that depends on the number of extra 

dislocations in the grain boundary was identified for dislocation emission. This critical stress 

was found to decrease with increasing number of extra dislocations in the grain boundary. 

Regular stress assisted emission of dislocations from the grain boundary ultimately led to 

growth of grains with smaller grains coalescing to form larger grains. Li [19] also 

rationalized the small grain growth rate at larger grain sizes as due to the larger distances the 

dislocations had to travel to get absorbed in the opposite grain boundary. Even though the 

model qualitatively explains the decreasing grain growth rate with increasing grain size, a 

physical explanation of the same backed by a mathematical model is lacking. To draw a 

conclusion from the above discussion, it can be suggested that there is apparently another 

factor that could control the decreasing grain growth rate at increasing grain sizes.  

The grain size dependence of the critical stress was not established by the model proposed by 

Li [19]. There is a possibility that the critical stress increased with increasing grain sizes. The 

increase in critical stress with grain size can be attributed to the decreasing number of extra 

dislocations in the grain boundary. Other sources of dislocations like grain boundary ledges 

could also decrease with increasing grain size. With decreasing number of dislocation 

sources, it can be concluded that the critical stress for dislocation emission would increase 

with grain size.  Yet another reason could be the conversion of high angle GB’s into low 

angle GB’s. The MD simulation results of Haslam et al. [15] reveal the conversion of high 

angle GB’s into low angle GB’s as a mechanism of grain growth. Also, the low angle GB’s 

were shown to be stable contributing little to the stress assisted grain growth process. Thus, 
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the increase in threshold stress with increasing grain size can be rationalized as due to the 

decreasing number of high angle GB’s available for dislocation emission and consequent 

grain growth.  

The uncertainty in identifying the steady state of creep in nc-materials, the inability in 

determining the exact mechanisms of creep (if at all if a steady state was attained) and the  

observation of grain growth concurrent with creep deformation suggests that an approach that 

combines both the experimental and computational observations is necessary. In this work 

we present a simple model that relates to the various experimental observations and invokes a 

threshold stress (as observed in simulations and experiments) for grain growth initiation [20]. 

This model will be appropriately backed by experimental results obtained from impression 

creep studies on nanocrystalline materials (nc-Al, nc-Zn-Al).  

2. MODEL FORMULATION 

A threshold stress based model to explain creep of nanocrystalline materials: 

The model is based on the requirement of an applied stress greater than the threshold stress 

for grain growth initiation. The applied stress provides the driving force (energy) for grain 

growth but as observed in experiments, the driving force is expended as grains grow. The 

decrease in driving force (energy) can be attributed to the threshold stress that increases with 

grain size. The physical basis for an increasing threshold stress is the decrease in the number 

of high angle grain boundaries available for grain growth. This in turn, as discussed 

previously, is because of the conversion of the high angle grain boundaries into low angle 

grain boundaries under the application of a high stress.  Grain growth ceases once the applied 

stress comes into equilibrium with the threshold stress of the material with a grain size larger 

than the starting material.  

The model is as follows and is for any temperature T 

Applied stress = σapp  (2) 

Threshold stress for an instantaneous grain size, L = σt  (3) 

Driving force for grain growth = K (σapp-σt)  (4) 

Threshold stress for an initial grain size, L0 = σt0  (5) 

Grain growth rate = 
dt
dL   (6) 

Threshold stress dependence of the grain size, σt = f (L)  (7) 
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More appropriately,
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and 
app

tP
σ
σ 0= . 

The corresponding strain due to grain growth can be calculated through,  
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A plot of the strain as a function of time is shown in Figure 6. An important assumption 

made while extracting creep curves is that the creep strain is entirely due to grain growth and 

grain boundary migration. As shown in the figure, for an applied stress greater than the initial 

threshold stress, the material creeps by grain growth and attains a “pseudo” steady state that 

corresponds to a decreasing driving force for grain growth. Once the applied stress reaches 

equilibrium with the threshold stress, further creep due to grain growth ceases. A comparison 

of the creep curves for two different stress values, each greater than the initial threshold 

stress provides interesting observations. As is clear from Figure 7, at a higher stress, the 

transition to a pseudo steady state of creep occurs at higher strains (εtr). For example in the 

figure 6, for a higher applied stress σapp,2, the transition strain εtr,2 is around 0.20 and for the 
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applied stress, σapp,1, the transition strain εtr,1 is 0.03. The dependence of the transition strain 

on the applied stress is a characteristic of the creep curves obtained by several groups. 

Moreover, as shown in Figure 8 at even higher stresses, the pseudo steady state of creep as is 

obtained at lower stresses is not seen. The absence of a steady state even after the attainment 

of creep strains up to 0.45 is in one way similar to the observations made by Kottada and 

Chokshi [10]. Also, an examination of the creep curves in Figures 6, 7 and 8 shows the 

presence of an initial more or less linear region that gradually curves towards a pseudo steady 

state of creep. This observation is also a characteristic of the creep curves obtained by 

Kottada and Chokshi [10] and has also been seen in the work by Mohamed and Chauhan 

[12].  

It seems attractive to consider the initial linear region that lasts for higher strains at larger 

stresses as a steady state of creep. Such an assumption will provide faulty values of stress 

exponents and activation energy. Even though the strain rates corresponding to the pseudo 

steady state of creep are extremely low, any analysis which takes into account these strain 

rates to obtain the stress exponents and activation energy values will yield confusing results. 

This could be one of the primary reasons for the wide variation in stress exponent values 

obtained during creep studies on nanocrystalline materials. So far the model has been able to 

qualitatively explain the nature of the creep curves obtained from nc-materials. But, the most 

important conclusion that can be drawn from these creep curves and the proposed model is 

that nc-materials cease to creep after a certain period of time. A close inspection of the creep 

curves presented in Figures 6 and 7 shows the gradual stabilization of the creep curves after 

sufficiently large times. Further deformation occurs with extremely small strain rates of 

deformation. This can be easily attributed to the increasing threshold stress with increasing 

grain size. Subsequently, when the applied stress comes into the threshold stress of the 

enhanced grain size, the material ceases to creep. This can have far-reaching implications in 

the structural applications of nanocrystalline materials.  

The stabilization of the creep curves with time as predicted by the model is in contrast to the 

experimental observations made by Zhang et al. [13]. The continuous decrease of hardness 

even after long dwell times (upto 39 hours), seen in nc-Cu can be explained as a result of the 

extremely large stresses present at the tip of a diamond indenter. Hence, even after a 
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significant amount of grain growth, the applied stress does not come into equilibrium with 

the instantaneous threshold stress.  

Moreover, the dependence of the threshold stress on the grain size is also indicated by the 

experimental results on nc-Cu obtained by Zhang et al [13]. For an initial grain size larger 

than 200 nm, the decrease in hardness as a function of dwell time is rather slow in 

comparison to copper with a grain size of 50 nm. Moreover, conventional coarse grained 

copper does not display any hardness changes even after a long period of time. The above 

observations establish the dependence of the threshold stress on the average grain size of a 

nanocrystalline material.  

3. EXPERIMENTAL 

Impression creep of nc-Al and nc-Zn-Al 

Impression creep studies were undertaken on nc-Al and nc-Zn-22Al [21]. The initial material 

had an average grain size of 25 nm and 50 nm respectively. The nc-Al was obtained in the 

form of disks through HPT of compacted ball-milled powders. On the other hand, nc-Zn-Al 

was obtained through a combination of cryomilling and room temperature milling. The nc-Al 

disks were found to have a uniform grain size throughout the specimen and had an initial 

specimen thickness of 0.55 mm. The nc-Zn-Al sample also in the form of a disk had an initial 

thickness around 2 mm. Impression creep tests were carried out on nc-Al in the temperature 

range of 293 K to 381 K, whereas tests on nc-Zn-Al were carried out in the temperature 

range of 293-348 K. Care was taken that the cylindrical punches had tip diameters at least 

one third the specimen thickness. This is necessary to prevent any interactions between the 

plastic zone and the bottom of the specimen. Any interactions will cause creep deformation 

to be affected by the substrate resistance to deformation and consequently lower strain rates 

of deformation will be obtained. In lieu of this requirement, a 0.15 mm diameter punch was 

utilized for the nc-Al specimens and a 0.3 mm diameter punch was used for the nc-Zn-Al 

samples. Figures 9 and 10 provide the characteristic creep curves obtained from the 

impression creep tests on nc-Al and nc-Zn-Al respectively. The creep curve shown in Figures 

9 and 10 resemble the creep curves predicted by the grain growth model described in a 

previous section. Also shown in the inset is the absence of a steady state of creep even after 

the attainment of creep strains around 28 %. Moreover, strain rates predicted by Coble [22] 
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and GBS [23] model as shown in Table-1 are significantly different than those observed 

during experiments.  

Table-1: Comparison of experimental strain rates with Coble and GBS model predictions. 

T (K) σ/E minε  maxε  L0 (nm) Coble GBS 

293 3.93 x 10-3 1.35 x 10-7 1.62 x 10-6 25 9.93 x 10-5 2.42 x 10-7

293 6.97 x 10-3 7.99 x 10-5 5.12 x 10-4 25 1.76 x 10-4 7.61 x 10-7

293 7.89 x 10-3 2.3 x 10-5 1.60 x 10-4 25 1.99 x 10-4 9.76 x 10-7

381 2.27 x 10-3 2.12 x 10-7 4.0 x 10-6 25 2.83 x 10-1 2.0 x 10-4

381 2.90 x 10-3 4.02 x 10-7 1.68 x 10-6 25 3.62 x 10-1 3.27 x 10-4

381 3.55 x 10-3 1.45 x 10-6 1.31 x 10-5 25 4.44 x 10-1 4.89 x 10-4

381 3.88 x 10-3 1.71 x 10-6 1.49 x 10-5 25 4.84 x 10-1 5.83 x 10-4

 

The above table provides a comparison of the minimum and maximum strain rates obtained 

from impression creep curves of nc-Al with those obtained from Coble and GBS model 

predictions. The following equations were considered as appropriately describing the Coble 

and the GBS models 
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As the table indicates, the strain rates obtained from the creep curves at 293 and 381 K are 

significantly different from those predicted by Coble creep and GBS models. Even if grain 

growth is taken into account and a larger grain size is considered, the difference in 

experimental strain rates and Coble and GBS predictions remains appreciable. The Coble and 

GBS predicted strain rates are larger than those predicted by experiments. This observation 

implies the absence of diffusional or GBS rate controlling mechanisms. At small grain sizes, 

one would expect these mechanisms to be rate controlling, but the non-equilibrium nature of 

the nanocrystalline structures renders the creep deformation to be grain growth controlled. 

On the basis of the above discussion, it can be concluded that creep in nanocrystalline 

materials is entirely grain growth controlled and takes place only at stresses greater than the 

 199



threshold stress corresponding to an instantaneous grain size. Thus, a steady state of creep is 

never established and deformation due to grain growth ceases once the applied stress comes 

into equilibrium with the threshold stress corresponding to the instantaneous grain size. Thus 

the material ceases to creep and remains stable unless an increase in stress or temperature is 

carried out. 

4. CONCLUSION 

A simple grain growth based model was developed to explain the discrepancies in creep 

information observed in the last few years. The model satisfactorily explained the 

experimental results obtained from impression creep experiments on nc-Al and nc-Zn-Al.  
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Figure 1: Illustration of the different kinds of creep curves seen in conventional materials 
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Figure 2: Comparison of the creep curves obtained from nc-Cu (grain size 25 nm) and 
               conventional copper (grain size 60 μm) [2] 
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Figure 3: Illustration of the dependence of primary creep strain on the applied stress and 
               temperature; plots 1 and 2 correspond to σ/E values of 1.30 x 10-3 and 1.15 x 10-3  
               respectively. The primary creep strain (εtr) increases with increasing σ/E value [9]. 
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Figure 4: Creep curves obtained during compression tests on nc-Ni with an initial average 

                  grain size of 40 nm. The plots display an increasing εtr value with increasing  
                  stress [10].  
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Figure 5: Creep curve obtained at a stress of 151 MPa. Also shown is a plot of grain size as a 
               function of time indicating grain growth concurrent with creep. The inset illustrates  
               the primary region of the creep curve [12]. 
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Figure 6: Creep curve from model predictions 
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Figure 7: Illustration of the dependence of the primary creep strain (εtr) on the  
               applied stress (σ) 
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Figure 8: Illustrations of the absence of a steady state at a higher applied stress 
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Figure 9: Creep curves from nc-Al obtained through the impression test technique. Inset 
               shows the absence of a steady state of creep. 
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Figure 10: Creep curve from nc Zn-22Al alloy obtained through the  

                                      impression test technique. 
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