
ABSTRACT 

GOBIEN, JEREMY MICHAEL. Creep Properties of a Zinc-Aluminum Die-casting 
Alloy as a Function of Grain Size. (Under the direction of Dr. Carl Koch.) 

Zinc and its alloys are a large component of the metal die-casting industry.  Recent 

research on zinc alloys have focused on both creep resistant formulations for high 

temperature applications as well as high fluidity formulations for ultra-thin die-casting 

technology.  The described research describes the creep behavior of an ultra-fine 

grained Zn-Al die-casting alloy which was optimized for high fluidity.  The creep 

studies were carried out over a range of grain sizes. 

It was found that the limit of refinement of the grain size during cryogenic ball-milling 

was the low end of the ultra-fine grained regime.  The chosen milling time for use in 

the research that follows was found to have a volume average grain size of 260nm 

with a relatively large standard deviation of 85nm.  Targeted heat treatments were 

performed at varying temperature and time.  Pre and post-heat treatment 

microscopic examination revealed a well behaved Hall-Petch relationship within the 

ultra-fine grained regime.  Using this information an additional microstructure of 510 

nm volume average grain size was chosen for an additional microstructure of 

interest for study using the impression creep technique.  A highly annealed 

microstructure was also produced using near melting temperatures and long terms 

in order to remove most of the grain boundaries from the specimen to show the 

effect they have on the creep behavior. 



It was found that for both the as-milled condition and the first annealed condition, 

having volume average grain sizes of 260 and 510nm respectively, that stress 

exponents near 1 were seen at low stresses transitioning to values in the range of 4-

7 at elevated stresses.  A stress exponent of 1 along with activation energy values 

near that of grain boundary diffusion for both cases suggest Coble creep as a 

potential creep mechanism for the ultra-fine grained samples.  Evidence of a 

threshold stress was seen in the as-milled condition suggesting an interference 

mechanism with the grain boundary diffusion process.  The possibility of oxide 

dispersions could explain the threshold stress that provides the high grain growth 

exponents (relative to a nominally pure material) encountered; however, microscopy 

of the specimens was inconclusive showing relatively few nanocrystalline 

dispersions to explain such a result.  This suggestion also does not explicitly explain 

the threshold stress disappearing for the ultra-fine grained annealed microstructure.  

An additional explanation is that of the ball-milling process leading to non-uniform 

segregation of Al to the grain boundaries as has been suggested in the literature on 

other alloys processed by ball milling.  If true this process could explain the 

disappearance of the effect after annealing since it is energetically favorable for Al to 

form a stable second phase under equilibrium conditions.  This precipitation could 

explain the removal of the non-uniform segregation and subsequent absence of a 

threshold stress for annealed specimens. 



Highly annealed ball-milling specimens as well as sand-castings of the alloy of 

interest were tested for comparison to coarse grained tensile creep results.  The 

data shows stress exponent values very close to those of tensile creep tests on 

coarse grained sand castings.  
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 CHAPTER - 1  

 Zn-Al BACKGROUND INFORMATION  
 

1.1 Introduction 

Die-casting is a manufacturing process wherein molten metal is force fed into a 

reusable mold called a die which is typically made of steel.  Typical feed pressures 

range from 7 to 35 MPa (1 to 5 kpsi) [1].  These molds can have complex shapes while 

producing high quality parts with excellent dimensional accuracy and engineered 

surface finishes („near net shape‟) ranging from polished to heavily textured depending 

on the application.  Paints and coatings also are easily applied with a minimum of 

surface preparation.  Depending on the complexity of the part and the creativity of the 

part and mold designers the final product may require little to no final machining before 

use.  The die-casting process is most suitable for high volume mass production where 

the relatively large expense of the die can be spread out over large populations of parts 

to be produced.  Because of the forced feeding of the material rapid production rates 

can be achieved, especially for parts with thin dimensions which cool rapidly.  Thin 

section die-castings can have fill times measured in the tens of milliseconds.  

Advancements in die-casting technology are pushing the limits of small section 

thickness through the development of high fluidity alloys capable of maintaining the 
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liquid state during the mold injection even through sections as thin as 0.3mm or less [2, 

3, 4].  A side effect of thinning the dimensions of the die-cast parts is a reduced grain 

size in the final parts.  The fine grain size is a product of both the large area/volume 

ratio of the thin mold providing an increased availability of heterogeneous nucleation 

sites as well as the rapid solidification providing a large under-cooling which produces a 

large driving force for solidification to occur [5]. The push for production of such thin 

sections is primarily economic with the result being lighter parts.  Lighter parts result in 

lower overall mass for large assemblies of parts such as cars or airplanes.  Lighter 

weights result in reducing operating costs such as fuel in addition to the initial cost 

savings to produce each individual part.  Since the parts are metal as opposed to plastic 

they can still have significant mechanical strength and durability even at such small 

dimensions.    

Zn based alloys are a major component of the die-casting industry due to its low cost, 

low melting point, high strength along with reasonable ductility, and low wear on molds 

[2].  The majority of Zn die-casting alloys are heavily zinc rich (75-97 wt%) with Al (3-25 

wt%) being the next major constituent [6].  The remaining major alloying elements 

include Mg, Cu, Fe, and Pb. The following research is focused on a modified version the 

ZAMAK 7 alloy which is a higher purity form of the widely popular ZAMAK 3 alloy.  The 

ZAMAK chemical composition consists of 3.9-4.3 wt% Al, < 0.020 wt% Mg, < 0.010 wt% 

Cu and the balance of Zn.  This alloy was chosen primarily for its improved fluidity (and 
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therefore capability to produce thin sections) while maintaining its hot-chamber die 

castability [4, 7] as well as the ease of production via mixing pure powders.  Higher 

aluminum content alloys are generally cast using the slower cold-chamber process due 

to the corrosive behavior of the molten metal on the iron-based plunger rings and the 

higher melting temperatures increasing the Zn-Al-Fe reaction kinetics. Goodwin 

describes in his recent research [7] a modified Zamak 7 alloy which achieves noticeable 

improvement in fluidity using a specially designed test mold (Figures 1.1 and 1.2) at 

industrial production conditions and may provide a path for even further improved ultra-

thin wall die casting technology. 
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Figure 1.1. Four cavity die used in a die casting trial [7]. 
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Figure 1.2. Schematic (a) and actual (b) view of the stepped flow fluidity test portion of 

the four cavity mold.  Dimensions shown in millimeters [7]. 
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Mechanical attrition is a popular technique for producing ultra-fine grained (UFG) and 

nanocrystalline (NC) material [8].  Since the initial study of nanocrystalline material by 

Gleiter [9] using the inert gas condensation methods hundreds of papers have been 

published discussing the mechanical properties of various nanocrystalline materials.  

Meyers has contributed an exhaustive review of nanocrystalline materials [10] including 

synthesis methods, mechanical properties, deformation mechanisms, and modeling with 

nearly four hundred references.  The wide ranging interest in the very finest grain size 

polycrystalline materials possible stems from their observed and proposed improved 

mechanical properties [10]; the principal of which are yield strength, ductility, strain 

hardening, strain-rate sensitivity, creep, and fatigue.  Some of the proposed 

improvements such as increased yield strengths have been seen in many cases [11]; 

however enhanced and even acceptable ductility remains elusive for most research at 

the highest strengths unless care is taken to prevent internal flaws from causing 

premature failure [12].  Due to the limited sample sizes available for bulk nanocrystalline 

material, microhardness and nano-indentation tests are the most popular mechanical 

property tests.  Artifact free processing of these types of samples is generally the 

biggest challenge in the field of high strength materials. 

The goal of this project is to produce material via the ball-milling technique followed by a 

detailed study of its mechanical properties over a range of grain sizes from the near-

nanocrystalline to the fine-grained.  The ball milling technique as well as the 
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microstructural and mechanical tests used in the described research will be covered in 

detail in Chapter 2.  Creep of the material over a range of grain size and temperature 

will be the primary focus of the study with the hope of gaining a further understanding of 

the creep of Zn based die-casting alloys over a wide range of grain size.  The creep of 

conventional grain size Zn alloys has shown less than desired improvement even with 

detailed study of many different chemical compositions [13].  The original target 

properties of a maximum elongation of 1% at a creep stress of 31MPa at 140ºC for 1000 

hours proved elusive with the best performing alloy only achieving 161 hours at the 

given stress and temperature before reaching 1% elongation.  Even within the data 

there was significant scatter and it was postulated that grain size may have more of an 

influence than originally thought. The described research that follows will aim to shed 

light on this issue.   

1.2 History of Zn-Al alloys 

The ZAMAK family of alloys was developed in the 1930s and advanced by the New 

Jersey Zinc Company who developed an improvement to the zinc purification process to 

remove Pb impurities.  The Pb impurities were leading to a failure commonly known as 

“zinc pest”.  This failure was caused by inter-granular corrosion which first manifested 

itself as surface pitting and eventually led to complete failure of the part.  The name 

ZAMAK is a German acronym for the primary alloying elements Zink (zinc), Aluminium, 

MAgnesium and Kupfer (copper).  All alloys within the family have the common 
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characteristic of a 4.0 wt% Al composition.  The most common ZAMAK alloy is #3 while 

#s 2, 5, and 7 are produced but on much smaller scales (6).  Each of the alloys differs in 

their chemical compositions, as listed in Table 1.  These alloys have a number of 

excellent properties such as low cost, high strength and stiffness, and ease of use in 

hot-chamber die casting machines for large scale production.  However, they are 

unsuitable for service at high temperatures due to their exceptionally poor creep 

properties [3]. Over the years research has lead to improvements in the creep 

properties of the zinc based alloys through both increasing the wt% of the primary 

alloying element Al (the ZA alloys), and through smaller additions of other alloying 

elements including Al, Ba, Co, Cu, Mg, Ni (14) as well as Li, Cr, Ti, and Ca [15].  More 

current research is leaning towards Al and Cu as being the most desirable two alloying 

elements for creep resistance with the ACuZinc alloys patented by General Motors in 

1991 [16] and a ternary eutectic alloy  being jointly developed by the Council for 

Scientific and Industrial Research (CSIR) and the International Zinc Association (IZA) 

[17] each showing improved creep resistance.   

While improved creep resistance is certainly of great importance for materials subjected 

to high temperature service the alloys that best suit that purpose may not be the most 

desirable for the high fluidity needs of thin section die casting.  A recent article co-

written by IZA along with two metal casting companies outlined the results of a fluidity 

experiment wherein a modified version of the ZAMAK 7 alloy demonstrated enhanced 



 

 9 
  

cavity fill capability in a specifically designed mold to test the limits of thin section 

castability [7].  This alloy incorporated a near eutectic Zn-Al ratio while reducing the 

content of Mg, Cu, Fe, and Pb.  

1.3 Microstructure of near eutectic Zn-Al alloys 

The Zn-Al phase diagram is shown in Figure 1.3.  Values for the phase diagram are 

taken from an article from the Journal of Phase Equilibria by Okamoto [18].  Zinc and 

aluminum form a binary eutectic at 5 wt% Al with a minimum melting temperature of 

382ºC.  A 4.5 wt% alloy will begin to solidify from the melt at around 385ºC and undergo 

a short freezing range of 3-4ºC (L  -> α‟+β).  After freezing, a small volume fraction of a 

heavily Zn rich hcp β phase is embedded in a matrix of lamellar eutectic which is a 

mixture of the β phase and an fcc α‟ phase containing around 18 wt% Al.  As the alloy 

further cools Al is continuously precipitated from the β phase because its solid solubility 

in zinc decreases from its maximum value of 1.1 wt% at T=382ºC with decreasing 

temperature.  Over this same temperature range the α‟ phase has increased its Al 

content to 22 wt%.  At 275ºC a eutectoid decomposition (α‟+β -> α+β) of the α‟+β phase 

occurs where an Al rich (68.4 wt% Al) fcc α phase is formed.  Further cooling results in 

additional precipitation of Zn from the α phase although some excess Zn will remain in 

solution even at room temperature while the β will be nominally pure Zn at room 

temperature.   
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Due to the rapid solidification that takes place in die-casting, especially for ultra-thin 

sections, a metastable condition may exist immediately after casting where the 

equilibrium microstructure may not be reached until a period of months to years unless 

a normalizing heat treatment is performed post die-casting [19].  The first metastable 

phase to decompose is the supercooled α‟ into the eutectoid α+β followed by the 

precipitation of the supersaturated Al from the β phase in the form of α phase [19].  At 

each step there is a roughly 0.05% volume contraction.  

1.4 Chemical and mechanical properties of Zn-Al alloys 

ZAMAK 3 is the general purpose pressure die-casting alloy consisting of over 70% of 

die-castings produced in North America by weight [6].  This alloy is popular due to its 

combination of mechanical properties with exceptionally low manufacturing costs.  

ZAMAK 3 has a nominal aluminum composition of 4 wt% with moderate levels of copper 

and magnesium present (Table 1).  ZAMAK 7 is specified as a lower Mg content version 

of ZAMAK 3 which exhibits increased fluidity allowing it to either be cast at lower 

temperatures or to fill thinner moulds [19].  Some Mg is beneficial due to its 

improvement in intergranular corrosion resistance.  In addition to low Mg levels, 

increasing the Al content has also been shown to improve fluidity [20].  The eutectic 

composition (5 wt%) has the highest fluidity however this composition is of little practical 

use due to its very low impact strength [21].  A modified version of ZAMAK 7 with higher 

Al and the same low Mg content in comparison to ZAMAK 7 has been developed which 
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shows noticeable improvement in fluidity [7].  The chemical compositions of the alloys 

described are shown in Table 1.  The major drawback of all the near-eutectic alloys is 

their exceptionally poor creep resistance [3].  ILZRO 16
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Figure 1.3. Schematic phase diagram for Zn-Al system. Data from [18]. 
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 [22] is an alloy developed specifically to improve creep resistance; however it is only 

cold-chamber die-castable.  The alloy contains only trace amounts of Al and is shown 

for creep comparisons only.  Tests have shown that ILZRO 16 has about the same 

creep resistance at 177ºC as ZAMAK 3 at room temperature [23].   

 

Table 1.1. Typical composition of Zinc pressure die-casting alloys [24]. 

  Alloy 

  ZAMAK 3 ZAMAK 7 
ZAMAK 7 
(modified) ILZRO 16 

Element         

Aluminum 3.9-4.3 3.9-4.3 4.50 0.01-0.04 

Copper < 0.25 < 0.25 0.07 1.0-1.5 

Magnesium 0.01-0.06 0.005 0.01 < 0.02 

Iron < 0.1 0.075 0.01 < 0.04 

Titanium - - - 0.15-0.25 

Chromium - - - 0.1-0.2 

          

Application 
General 

Use 
High 

Fluidity 
Ultra-high 

fluidity 
Creep 

resistance 

 

Zinc alloys, like all alloys, have varying mechanical properties with temperature.   Most 

hcp metals do not experience a ductile-to-brittle transition temperature [25] however Zn 

and Zn-Al alloys [19, 26, 27] are an exception to that rule.  ZAMAK 3 for example 

transitions from its room  temperature impact strength  to nearly zero impact strength 

over a narrow temperature range of 0-10ºC [19].  Even above the DBTT, when working 
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with Zn alloys all mechanical property data should be considered as a strong function of 

temperature.  Decreasing strength and increasing elongation at fracture are typical 

trends as temperature is increased [19].  Thin section die-castings are not in 

microstructural equilibrium when ejected from the die and therefore changes in 

mechanical properties will take pace with time.  The fine grain sizes that result from the 

pressure die casting process does provide superior properties.  As much as a 40% 

increase in tensile strength has been noted for sections reduced from 4mm to 0.5 mm 

[19]; however the loss of strength on aging at elevated temperature occurs more quickly 

with thinner sections [19].  In pure Zn recrystallization occurs at room temperature which 

provides little hardening due to deformation with complete recrystallization being seen in 

as little as 24 hours in some cases [19].  Due to this recovery mechanism, strain-

hardening and creep resistance is negatively affected.  Further discussion of the creep 

properties of Zn and its alloys is found is later sections of this work.    
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Table 1.2. Mechanical Properties of Zn alloys at varying temperature. *ZAMAK 3 and 7 
alloys aged 10 days at 95ºC, ** Brinell – 500kg.  Data from [19]. 

 

 

1.5 Application of Zn-Al alloys 

Even before Zn was known as a pure material it was being used by the Romans where 

it was melted in the form of calamine (a zinc-carbonate ore) with copper to form brass.   

Due to its low melting point it was not isolated for many hundreds of years later.  Zinc 

smelting started in Asia in the 16th and 17th centuries and soon spread to Europe.  In the 

Typical Mechanical Properties of Zn alloys at 20ºC.  Pressure Die-cast and aged* 

Property Zamak 3 Zamak 7 ILZRO 16 

Ult. Tensile Strength (MPa) 241 241 230 

Elongation (%) 16 18 5 

Hardness** 72 67 76 

Impact Energy (J) 55.6 55.6 24.5 

        

Typical Mechanical Properties of Zn alloys at 95ºC.  Pressure Die-cast  

Property Zamak 3 Zamak 7 ILZRO 16 

Ult. Tensile Strength (MPa) 195 193 - 

Elongation (%) 30 29 - 

Hardness** 43 44 - 

Impact Energy (J) 54 54 - 

        

Typical Mechanical Properties of Zn alloys at -40ºC.  Pressure Die-cast  

Property Zamak 3 Zamak 7 ILZRO 16 

Ult. Tensile Strength (MPa) 309 309 - 

Elongation (%) 3 3 - 

Hardness** 91 90 - 

Impact Energy (J) 2.7 1.4 - 
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19th century, sheet Zn was used for roofing and for coatings on steel.  A purer form of 

zinc produced by electrolytic processes in the 1920‟s allowed for the modern Zn die-

casting industry to develop.  Modern world uses of primary Zn by weight fall into three 

major categories of Zn coatings (~35%), alloying for brass (~20%), and die-

casting(~15%) with the remainder falling into more specialized categories [19]. 

Early casting methods such as sand casting and later plaster mold casting allowed for 

intricate shaped metal parts with good surface finishes possible; however, they had the 

large disadvantage of having to destroy the mould each time to remove the cast part.  

The natural evolution of this process was to find a re-usable mould.  At first gravity-fed 

iron moulds allowed for the mould to be re-used many times.  Eventually, the moulds 

were pressure fed to improve accuracy and appearance of the cast parts.  These 

pressure die-casting machines were patented as early as the 1850‟s.  Zinc has a higher 

melting point than lead and tin but possesses superior mechanical properties.  This in 

combination with the ability to hot chamber die-cast certain Zn based alloys has led to 

its position as a desirable material for low-cost high volume metal parts.  High melting 

point alloys of copper, aluminum, and some zinc alloys cannot be hot chamber die-cast 

where the plunger is integrated directly into the furnace which holds the metal.  This is 

due to either contamination from the plunger and cylinder affecting the alloy composition 

or the molten metal reacting with the plunger rings resulting in their premature failure. 

These high melting point materials must instead be cold-chamber cast where the metal 
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is ladled into the plunger from an external furnace for each cycle.  The most commonly 

used mechanical properties of three Zn based alloys are given in Table 2. 
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CHAPTER - 2 

SYNTHESIS AND PROPERTIES OF UFG ZN-4.5%AL 
 

2.1 Synthesis of Nanocrystalline and Ultra-fine Grained Metals 

2.1.1 Introduction 

Study of the so called “microstructure” of solid matter became possible primarily due to 

the development of the optical light microstructure and opened an entire new world to 

the science community.  From biologists to materials scientists, the study of the 

structure-property relationship began to evolve.  For metallurgists, it became obvious 

that small grain sizes provided attractive properties such as increased strength and 

toughness in structural applications.  Methods were developed which intentionally 

refined the 3D geometry of the polycrystalline material to achieve these properties.  The 

methods developed range widely from simple mechanical deformation in a cold-rolling 

process to advanced heat treatment schedules designed to precipitate out fine 

secondary phases.  The “micro” in microstructure refers to the least significant 

dimension measurable using a light microscope, the micron (μm).  Observation of 

micron scale features was a significant advancement considering its fine size of 10-6 

meters or 1/1000
th
 of a millimeter.  Nanocrystalline materials became a significant 

research field within materials science following the work by Gleiter [1] in the 1980‟s 

where bulk material was first described as having average grain sizes on the 
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nanocrystalline scale.  Although the term nanocrystalline suggests features having 

nanometer scale (10-9 meters), the actual dividing line between nanocrystalline and 

ultra-fine grained material differs between some references.  A recent review by Meyers 

[2] suggests 250nm as the upper limit for nanocrystals whereas Koch [3] and most 

others describe nanocrystalline material as being below 100nm.  For all the following 

discussions nanocrystalline will refer only to material with an average grain size below 

100nm whereas ultra-fine grains will be those between 100nm and 1μm.  The reason 

this distinction is made is that it has been shown that at such fine grain sizes material 

properties change primarily due to the ever increasing fraction of the atoms which lie in 

the intercrystalline regions [4] including grain boundaries and triple junctions.  Within 

these regions the atomic arrangements are different from those of the ordered 

crystalline lattice [5].  Using a regular fourteen sided tetrakaidecahedron as the grain 

shape where the hexagonal faces represent grain boundaries and edges represent 

triple junctions the volume fraction of intercrystalline region (Vt
ic) can be calculated as a 

function of grain size (d) by the equation [6] 

𝑉𝑡
𝑖𝑐  = 1 − [

𝑑 −  Δ

𝑑
]3 

where the grain boundary thickness (Δ) is assumed to be 1 nm [7].  The output of the 

equation shows that the volume fraction of intercrystalline region decreases from a 
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value of just under 50% at 5 nm to just over 1% at 250 nm.  A graph of volume fraction 

versus grain size is shown in Figure 1.  

 

Figure 2.1 Volume fraction intercrystalline region versus grain size. 

 

This plot shows that above 100 nm the volume of intercrystalline region is a small 

contribution to the overall volume of the material.  Below 100 nm the volume fraction 

increases rapidly so that property changes below this value will likely be primarily due to 
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the increase in intercrystalline regions.  The following sections will discuss the general 

categories of synthesis methods of nanocrystalline and ultra-fine grained materials with 

emphasis placed upon mechanical attrition which is the focus of this project. 

2.1.2 Synthesis methods 

Synthesis methods for nanocrystalline and ultra-fine grained materials are classified into 

two major categories; bottom up and top down processing.  Each of these two 

categories can then be subdivided into an additional two categories of one or two step 

processes to produce bulk material.  In the bottom up approach solids are produced 

from the atomic or molecular scale to the macroscopic scale.  The design and 

arrangement of the atoms may be optimized to produce desirable properties.  The top 

down approach utilizes initially coarse grain size materials which are refined to produce 

the nanostructures.  For both bottom up and top down processing methods the final 

goal is always to produce bulk material.  For the one-step processing methods bulk 

material is the direct result of the processing method.  In two-step methods a 

consolidation step must be incorporated to produce bulk material from the processed 

material.  The major synthesis methods are summarized in table 1.1 with regard to their 

bottom up or top down category as well as the need for an additional consolidation step 

for the as-processed material.  As there are multiple methods within each category 

(such as ball milling and and severe plastic deformation within solid state processing) as 

well as multiple possible post processed conditions within a single method (such as in-
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situ consolidated ball-milling) each category can fall into multiple or all of the types of 

processing listed.  Each category and individual method is discussed in detail in a text 

edited by Koch on nanostructured materials [3].  The following section discusses the 

solid state processing method of ball milling which will serve as the primary material 

processing method for this project.  

Table 2.1 Major nanostructured material synthesis methods. 

Synthesis method Bottom Up Top Down One Step Two Step 

Inert Gas Condensation X     X 

Chemical Synthesis X   X X 

Solid State Processing   X X X 

Electro-Deposition X   X   

 

2.1.3 Ball milling 

  2.1.3-a Introduction 

Solid state processing of materials to the nano an ultra-fine scale is possible due to 

processing conditions which inflict shear conditions upon the material at very high strain 

rates between 101 - 104 s-1 [3].  The process is shown schematically in Figure 2.2.  

Mechanical attrition was developed by Benjamin in the late 1960‟s as an industrial 

process to produce new alloys and phase mixtures [8] and sinter them using powder 

metallurgy techniques [9].  This allowed for alloys and composites to be produced that 

were not possible via conventional casting processes.  The plastic deformation at high 
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strain rates and frequencies refines the grain structure through the creation of small-

angle and high-angle grain boundaries within the originally coarse single or 

polycrystalline structure.  Through this process of “pumping” energy into lattice defects 

such as grain boundaries average grain size refinement has been reported from factors 

of 103 – 104  with minimum average grain sizes below 20 nm possible for brittle and high 

melting point materials [10]. When milling dissimilar elements the process is sometimes 

referred to as mechanical alloying. 

 

Figure 2.2. Schematic view of a ball-powder impact during ball-milling. 
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  2.1.3-b Process variables 

The most important variables in the ball milling process are the kinetic energy of the 

milling media, the temperature at which the milling operates, the atmosphere under 

which milling takes place, and finally the material the milling vessel and media are 

composed of [11].   

The kinetic energy of the milling media depends most strongly on the type of mill used 

along with the internal mechanics of the system.  Low energy mills generally incorporate 

large material capacities with low energy impacts over very long time periods.  These 

types of mills include attritor mills and smaller tumbler mills, although some larger 

tumbler mills (cylinders on the order of several meters in diameter) may allow for 

enough kinetic energy to build up due to gravity to classify them as high energy mills in 

special cases.  The large volume of material processed makes these types of mills 

suitable for industrial applications.  For laboratory scale production high energy mills are 

generally used.  A popular model is the SPEX shaker mill.  This mill shakes the charge 

of powder and balls in all three perpendicular directions in a figure 8 pattern at high 

frequency.  The high energy of this mill allows for a typical reaction to take place an 

order of magnitude faster than a low energy mill [11].  The total sizes, size distribution, 

as well as the number of balls also play a role in the velocity and resulting kinetic energy 

of the impacts with low numbers of large balls having the highest kinetic energy per 

impact.  Too dense a packing results in a reduced mean free path and therefore 
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reduced velocity of each ball.  Typical ball mass-to-powder ratios are near 10:1 are 

used with 5 grams of powder being a typical charge mass [11]. 

Temperature can also greatly influence the milling process.  When operated at ambient 

temperature with no active cooling it is thought the internal temperature at the impact 

sites rises some 100-200 º C [11] with the overall temperature of the vial saturating 

around 50 ºC with no active cooling and 35ºC with a simple fan for air cooling [12].  The 

saturation temperature of the vial was also a function of the number of balls in the vial 

with higher masses of balls creating more heat [12].  This increase in temperature 

modifies the balance of defect generation and thermal recovery and slows or limits the 

refinement of the grain size.  Reducing the temperature of the milling system to 

cryogenic levels (77K) will have the effect of slowing the thermal recovery processes 

leading to a more rapid refinement of the microstructure [10, 13] and has also been 

shown to reduce common contamination elements in the ball milling process including 

oxygen, nitrogen, and iron [14] for some materials. 

The atmosphere under which ball milling takes place is one of the primary sources for 

potential contamination [11].   If milling is done under an air environment oxygen and in 

some cases nitrogen can react with or be absorbed by the material.  Reactive elements 

which readily form oxides are at most risk with 10 atomic percent contaminations not 

unusual [11].  Inert atmospheres such as argon are most effective at preventing oxygen 

and nitrogen pickup during the milling process.  Loading of the sample in an argon filled 
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glove-box in combination with an O-ring seal on the vial itself will minimize the 

contamination concerns from the atmosphere.  Exposure of the pure or alloyed powder 

to oxygen after milling must also be avoided due to the very large surface area of the 

fine milled powder. 

When high energy mills such as the SPEX shaker mill are used contamination from the 

milling vial and media can become a concern.  The most common system uses a steel 

vial and ball bearings which can lead to iron as well as chromium contamination.  The 

degree to which contamination can occur has multiple factors including the chemical 

affinity between the milled material and the milling media and the degree to which the 

milled material tends to cold weld to the milling media.  If the material has a low 

chemical affinity and the milled material tends to cold weld or “coat” the vial for 

subsequent milling the contamination will be minimized.  If chemical purity is of the 

highest concern the balls and container lining can be made of the same or similar 

material as is being processed. 

  2.1.3-c Evolution of microstructure 

During the ball milling process the metal powder particles are subjected to repeated 

severe plastic deformation events due to collisions between the milling balls as well as 

the between the milling balls and vial walls.  The powder particles that are trapped 

between these collisions deform and/or fracture again and again with increasing time.  

Benjamin described the mechanical alloying process in a series of distinct steps [8].  
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Initially the powder particles are flattened by a micro-forging process during the collision 

events.  Extensive cold-welding follows with a composite lamellar structure forming of 

the ductile platelets from the first step.  After additional milling time the composite 

lamellar particles are further reduced in size and microstructure dimension and true 

alloying begins.  The heat produced by the collision events along with the enhanced 

diffusion paths of the lattice defects being created allows for enhanced diffusion within 

the structure.  Finally true atomic level alloying is complete along with a highly refined 

microstructure.  These observations were made with simple metallographic techniques 

and although accurate do not fully explain the mechanisms by which the nanostructures 

form.  Fecht proposed the first description of the underlying formation mechanism for 

nanostructure via mechanical attrition [15]. In his work he describes three stages; first, 

deformation is localized in shear bands with a high dislocation density.  Eventually these 

dislocations annihilate and recombine to small-angle grain boundaries in between the 

grains.  Finally the orientation of the grains becomes random and the small-angle grain 

boundaries are replaced by high-angle grain boundaries. 

Typical values for the ultimate reduced grain size in fcc, bcc, and hcp metals has been 

seen to vary between 10 and 20nm [10].  Generally, lower melting point metals will have 

difficulty reaching the smallest grain sizes as at a given temperature since the defect 

generation and thermal recovery balance will be more favored towards recovery at 

higher homologous temperature, as shown in figure 2.3. 
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Figure 2.3 Minimum grain size versus melting temperature [10]. 
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2.2 Mechanical properties of NC/UFG Metals 

2.2.1 Introduction 

The potential to synthesize materials with strengths approaching theoretical value 

(G/10) led to research on ultrafine grain materials early in the 1960‟s (1).  It was 

observed that the mean distance between substructural barriers measured 

perpendicular to wire axis decreases continuously with increasing strain and that flow 

stress of drawn wire is related to the spacing of substructural barriers in terms of 

drawing strain.  This follows logically from the Hall-Petch equation [2-4] that 

𝜎𝑦 = 𝜎0 +
𝑘

 𝑑
      (1) 

where ζy is the yield strength, ζ0 is a friction stress representing the overall resistance of 

the crystal lattice to dislocation movement, k is a constant, and d is the grain size.  The 

ability to produce material with ultrafine and eventually nanocrystalline scales led to 

expectations of materials with extremely high strength as is predicted by the Hall-Petch 

equation.  As previously discussed the field of nanostructures began to expand rapidly 

after the research of Gleiter [5] in the 1980‟s.  Literature on Hall-Petch behavior can be 

grouped two distinct classes.  In the first case a positive Hall-Petch behavior is 

maintained throughout NC grain sizes [6-8] although in some instances the slope is 

lower at the finest grain size.  In the second case a negative Hall-Petch slope is 

observed at the smallest grain sizes [9-11]. 
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2.2.2 Microhardness, yield strength, and the Hall-Petch equation 

Vickers hardness is a simple and non-destructive way to assess the mechanical 

behavior of materials even when very small volumes are available for testing.  This is 

unlike typical tensile testing where relatively large and defect free samples are 

necessary to obtain acceptable data.  It has been shown that the Vickers hardness (HV) 

of a material scales with its yield stress (ζy) as 

3 ζy = HV       (2) 

which allows for tensile properties to be approximately inferred even without performing 

a tensile test [12].  When relatively flaw free material is produced strength increases of 

an order of magnitude over the coarse-grain values have been observed [4].  Samples 

produced from a variety of processing methods and evaluated with varying analytical 

methods from different research groups often show significant scatter.  Better 

understanding of the consolidation of bottom-up approach methods along with the 

addition of top-down methods has reduced this effect to some extent.  The typical 

vehicle to display data on strength and grain size is the Hall-Petch style plot where 

either hardness or yield strength is plotted versus the inverse square root of grain size 

(d-1/2).  An example plot is shown in Figure 2.4.  It should also be noted that when a 

grain size is quoted for a given material it is normally an average value, typically 

averaged by number or volume of grains.  Volume average grain size is generally 

preferred because it better reflects the influence of the larger grains even if they are few 
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in number. The true nature of the grain size can only be fully described with a detailed 

histogram showing the number or volume fraction over a series of grain size ranges. An 

example of a typical grain size histogram is shown in Figure 2.5.  The displayed data 

shows a number average grain size of 418 nm with a standard deviation of 180nm for 

Zn-Al material subjected to heat treatment following cryogenic milling.  This very large 

standard deviation shows that the histogram is very wide relative to the scale.  Over 300 

grains were measured to obtain the distribution. 

 

Figure 2.4. Hall-Petch plot of cryogenically ball-milled Zn-Al [13] and pure Zn [8]. 
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Figure 2.5. Grain size histogram of Zn-Al after 4 hours of cryogenic milling followed by 
24 hours annealing at 250ºC. 
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2.2.3 Tensile properties 

The tensile properties of nanocrystalline and ultra-fine grained materials are thought to 

be limited by flaw populations within the materials along with reduced work hardening 

rates leading to plastic instabilities from strain localization in tension [4].  Research by 

Shen et al. [14] investigated the modulus values of nanocrystalline Fe, Cu, Ni, and Cu-

Ni through nanoindentation techniques and found that modulus values differed from 

conventional values by only 5% in the worst case of the smallest grain sizes (7nm Fe).  

When tensile tests are attempted on nanocrystalline material micro-sized specimens are 

used to minimize the influence of imperfections during the test [15] and because it is 

difficult to produce large samples.  This testing philosophy is similar to ceramics where 

sample volume affects the probability of flaw limited properties.  Flaws in the material 

can include pores and incomplete bonding between particles, each of which can act as 

crack nucleation sites with large stress concentrations.  Many nanocrystalline materials 

exhibit enhanced yield strengths as is predicted by the Hall-Petch relation.  After the 

elastic region has been exceeded the samples must exhibit sufficient plastic ductility to 

become a commercially viable material.  Multiple research efforts have been aimed at 

producing nanocrystalline Cu with appreciable ductility.  Two that stand out include in-

situ consolidated Cu produced by a combination of cryogenic and room-temperature 

ball milling [16] as well as a bimodal grain distribution produced by cryogenic rolling and 

careful annealing [17].  The in-situ consolidated ball-milled copper achieved very high 
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strengths as well as 14% uniform elongation whereas the cryogenic rolled and annealed 

copper achieved moderately lower strength values but an impressive 30% uniform 

elongation.  Both of these research results show that for flaw free material significant 

tensile ductility can be obtained even for high strength nanocrystalline material.  

2.2.3-a Superplasticity 

Superplasticity is the ability of a crystalline solid to deform plastically to very high 

strains; in some cases to several thousand percent its original gauge length [18].  

Deformation during superplastic flow results in very little change in the shape of the 

grains within the material since the resulting strain is due to grain boundary sliding 

(GBS).  Grain boundary sliding is the motion of grains past one another under the action 

of an applied load with little or no permanent change in the grain shape.  Grain 

boundary sliding is discussed further as a creep mechanism in later chapters.  In a 

similar nature to the Hall-Petch equation where grain size was shown to influence the 

yield strength of a material a constitutive equation was developed to relate grain size to 

superplastic flow [18]: 

휀 = 𝐴
𝐷𝑏𝜇𝑏

𝑘𝑇
 
𝑏

𝑑
 

2
 
𝜎

𝜇
 

2
     (3) 

Where 휀  is the strain rate, Db is the coefficient of grain boundary diffusion, μ is the shear 

modulus, b is the Burgers vector, k is Boltzmann‟s constant, T is the temperature of 
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testing in Kelvin, d is the grain size, and ζ is the flow stress,  Based upon this equation 

one would expect that under optimal conditions a decrease in the grain size of a 

material would result in an increase in the occurrence of superplasticity at lower 

temperatures or higher strain rates [18].  Equiaxed initial grain structures are also 

exhibit higher levels of superplastic behavior than high aspect ratio grain structures due 

to the increased accommodation that must be done to prevent void formation during 

GBS.     

Research by Matsubara et al. [19] has shown that for the Mg-9wt%Al metal alloy 

elongations of up to 840% were seen under optimal conditions of 473K and a strain rate 

of 3.3X10-4 s-1.  Temperatures and strain rates above and below this condition resulted 

in a reduced elongation to failure.  A plot of elongation to failure versus strain rate for 

the material at various temperatures is shown in Figure 2.6. 
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Figure 2.6. Elongation versus strain rate for Mg-9Al at varying temperature [19]. 
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2.3 Synthesis and Properties of UFG Zn-4.5%Al 

2.3.1 Introduction 

Nanocrystalline (NC, grain size <100nm) and ultra-fine-grained (UFG, grain size 

>100nm but <1000nm) materials receive a significant amount of research interest due 

to their potentially superior mechanical properties in comparison to their conventional 

grain size counterparts [1].  Research in the field has resulted in materials with very high 

hardness but sometimes low to moderate ductility [2-5]. The limitations in tensile 

ductility are believed to be a conflict between producing specimens of sufficient physical 

dimension for traditional mechanical testing while also preventing processing artifacts 

such as porosity, poor particle bonding, or impurities [6].  Once artifact free specimens 

are produced they must be capable of sustained strain hardening to prevent necking 

instabilities in tension.  Nanostructured materials are most often produced by either a 

one or two step procedure.  The two step approach involves the consolidation of 

powders with a nano-crystalline grain structure [7] while the one step procedure directly 

results in bulk nanostructures.  Two step processes include high energy ball milling [8] 

and inert gas condensation [9] while one step processes include equal channel angular 

pressing [10], and electrodeposition [11]. 

 Most current work in nanostructured materials at room temperature focuses on 

high strengths while trying to maintain acceptable ductility levels.  Acceptable ductility is 
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normally defined as >5% uniform elongation in tension for most structural applications.  

Some of these strategies include in-situ consolidation of pure elements [12], production 

of nano-twins [13], and second phase precipitates [14].  In each case >10% uniform 

elongation was seen at room temperature while maintaining the very high strength of 

the nanostructured material.  These results are in contrast to the superplastic behavior 

of UFG/NC alloys [15-16] where high homologous temperatures and strain rates are 

employed yielding uniform elongations of several hundred percent.  Although the 

transition from conventional grain sizes to nanostructures yielded a reduction in the 

temperature needed for superplastic flow (from > 0.5 Tm to < 0.4 Tm), room temperature 

superplasticity is still not seen in most systems due to the high melting points of the 

respective materials.  Zinc is one material where room temperature superplasticity has 

been observed with the addition of either very small [16] or larger [17] amounts of 

aluminum. The larger eutectoid aluminum composition has been well documented with 

respect to its superplastic behavior and has even been proposed as an alternative to 

steel in some components for commercial and residential high-rise construction in 

seismically active regions [18]. 

 The discrepancy in mechanical behavior between low temperature and high 

temperature regimes was characterized in the early 20th century by Rosenhain [19] who 

introduced the concept of an equicohesive temperature.  He hypothesized that below 

such a temperature grain boundaries were “strong” and above this temperature grain 
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boundaries were “weak”.  It is now known that at high temperatures grain boundaries 

are fast diffusion paths and can in some special cases readily accommodate grain 

sliding.  Westbrook [20] later showed that for most materials the transition from high 

temperature behavior to low temperature behavior occurs around 0.55 Tm for 

conventional grain size materials, where Tm is the absolute melting temperature. Dieter 

[21] also covers the topic in his well known text.  The empirical Hall-Petch equation 

predicts an increase in strength as the grain size decreases [22]. 

𝜎𝑦 =  𝜎0 + 𝑘𝑑−0.5       (1) 

where ζy is the yield strength, ζ0 is a friction stress, k is a constant, and d is the grain 

size.  Where, in the region of validity for this empirical equation, an increase in strength 

can be seen by decreasing the average grain size in a material.  Literature on Hall-

Petch behavior can be grouped two distinct classes.  In the first case a positive Hall-

Petch behavior is maintained throughout NC grain sizes [23-25] although in some 

instances the slope is lower at the finest grain size.  In the second case a negative Hall-

Petch slope is observed at the smallest grain sizes [1, 26-27]. 

 The present research study aims to produce Zn-Al alloy material with a range of 

grain sizes from near nano-crystalline to the fine grained regimes through high energy 

ball milling and subsequent thermal processing.  The mechanical properties of the 

material will then be studied using the indentation creep method, miniaturized tensile 
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testing, and micro-hardness testing.  It is hoped that this information will help in 

predicting creep mechanisms in future ultra-thin Zn-Al die castings where extremely 

rapid solidification can lead to very fine grain structures. 

2.3.2 Experimental procedures 

Pure Zn(99.9%) and Al(99.97%) powders were ball milled at cryogenic temperatures 

(T= 77K) using a modified SPEX ball milling machine to produce mechanically alloyed 

Zn-4.5wt% Al specimens.  The cryogenic milling was performed for periods of 1 to 10 

hours at a ball to powder mass ratio of 10:1 and 5 grams of powder.  Liquid nitrogen 

was continuously flowed into the vessel holding the ball milling vial to maintain the 

cryogenic conditions.  The resulting powders were consolidated at room temperature 

into solid discs using a punch and die at 1 GPa.  All powders were loaded and removed 

from the sealed vials in an atmosphere controlled glove box with a load lock under high 

purity argon with an operating rating of less than 1ppm O2.  

The consolidated discs were tested using a Vickers microhardness testing machine as 

well as a specially designed micro-tensile testing machine.  The tensile testing machine 

uses a 2x1 mm gauge length/width specimen and tests at constant strain rate.  Tensile 

testing specimens were CNC machined out of consolidated discs for the milled material 

and out of as-cast plates for the die-cast material.  The gauge section had the same 

dimensions in both cases.  Specimens produced for testing had at least a 300μm 

thickness to ensure all physical dimensions were significantly larger than the underlying 
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microstructure (100x as large for the worst case of die-castings with an average grain 

size of 2-3μm).  The testing machine has a displacement resolution of 5 µm and a load 

resolution of 0.1 N.  Uniform elongation was calculated graphically using the Considere 

criterion where 𝑑𝜎 𝑑휀 = 𝜎 (21).   

TEM specimens were produced using a focused ion beam.  A discussion of alternative 

specimen preparation techniques and the difficulties encountered is given in the 

appendix of this document.  TEM images were taken using a Hitachi field emission 

microscope in conventional bright field and dark field modes.  Grain size measurements 

were taken using ImageJ to measure the 2D area observed in the TEM/SEM images.  

No correction was made to account for sectioning errors due to non-midline observed 

cross-sections. The resulting observed grain area was converted to a grain diameter 

using a circle for the grain shape approximation.  This same diameter was used to 

estimate 3D volume and subsequent volume fractions. X-ray diffraction results were 

recorded on a Rigaku X-ray diffractometer.  

Sand cast ingot specimens were obtained from Eastern Alloys Inc and had the ZAMAK 

7 composition.  This higher purity form of the popular ZAMAK 3 die-casting alloy was 

chosen to be more directly comparable to samples produced from pure powders.   The 

10 kg ingots were gravity cast and air cooled.  Die-cast specimens were also of the 
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ZAMAK 7 composition and were hot-chamber die cast at a die temperature of 200°C 

(0.72 Tm) in thicknesses ranging from 1 mm to less than 0.5mm.   

2.3.3 Results 

Grain size measurements of the as-milled material were initially attempted using X-ray 

diffraction line broadening using the Scherrer formula [28]. The line broadening results 

were too narrow to specify a specific grain size; however this result can predict that the 

average grain size will be above 100 nm.  X-ray intensity versus 2θ results are shown in 

Figure 2.7.  From the X-ray data it was determined that the Zn and Al exist as two 

phases as predicted by the phase diagram.  The major peaks for both pure Zn and Al 

are visible, although the Al peaks are much weaker due to its 4.5wt% contribution.  The 

location of the peaks was the same as for the pure phase suggesting no solid solution 

of Al in Zn or vice versa existed.  Impurity pickup from vial and milling media are 

possible during the ball milling process in general, however a high degree of coating of 

the vial with the Zn-Al powder is believed to minimize this effect for this series of 

experiments.  For each 5g experiment only 1-2g of free powder was obtained in each 

trial.  The remaining mass was coating the vial and ball-bearings.  

TEM imaging was used to acquire an accurate description of the grain size distribution 

of the as-milled specimens.   A representative TEM image can be seen in Figure 2.8.  It 

was found that the number and volume average grain size of the as-milled material is 

167 and 260nm respectively with a relatively large standard deviation of ~75nm in each 
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case (Figure 2.9).  The as-milled microstructure will be referred to as having a 260nm 

grain size for simplicity since volume average grain size should be more representative 

of the mechanical behavior of the material.  All histograms collected contain data from 

at least 200 grains to produce a representative distribution for each processing 

condition. 

The Vickers microhardness [21-22] of the cryo-milled Zn-4.5%Al alloy was tested as a 

function of milling time, up to 10 hours of total milling time.  It was found that the 

hardness of the alloy increases significantly in the first hour from its conventional grain 

size value of <200 MPa to 300 MPa. After the initial hour of milling the hardness 

continues increases slowly with values saturating near 400 MPa at up to 10 hours of 

cryo-milling time.  Specimens received from industry that had been die-cast into very 

thin sections showed a very high hardness of 900 MPa while coarser grained sand 

castings showed a hardness of just over 700 MPa.  Hardness results are shown 

graphically in Figure 2.10. The results for cryo-milled material are in contrast to previous 

research within our group on pure Zn.  Zhang [29] reports a rapid increase in hardness 

during the first half hour of cryo-milling from a coarse grain value of 300 MPa to a 

maximum value of over 800 MPa.   
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Figure 2.7. Relative X-ray diffraction intensity versus 2θ for cryo-milled Zn-4.5%Al. 
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The true-stress versus true strain results are plotted in Figure 2.11.  Using a 0.2% offset 

the yield strength of the cryo-milled and die-cast material was found to be 70 and 277 

MPa respectively.  The cryo-milled material tested had been subjected to four hours of 

milling time.  Perhaps more interesting than the yield strength of the cryo-milled material 

was its high level of ductility.  The true stress versus true strain graph shows 10% 

uniform elongation and over 60% elongation to failure with some sustained strain 

hardening seen. The Considere construction for determining uniform elongation is 

shown in Figure 2.12.  
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Figure 2.8. SEM images of (A) sand cast and (B) die-cast Zn-4.5%Al. TEM bright/dark 

field image of cryo-milled Zn-4.5%Al (C/D).  
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Figure 2.9. Grain size histogram with number and volume fraction of grains versus grain 

size in the as-milled condition. 
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Figure 2.10. Hardness data versus milling time for cryo-milled Zn-4.5%Al. As-received 

die-cast and sand-cast Zn-4%Al also shown for comparison. 
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Figure 2.11. True stress versus true strain for cryo-milled and die cast Zn-4.5%Al. 
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Figure 2.12. Graphical (a) and mathematical (b) Considere construction for determining 

uniform elongation.  
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2.3.4 Discussion 

Recent advances in the zinc die-casting industry have led to castings with thicknesses 

less than 0.5 mm [35].  Die-castings of this type result in grain sizes on the order of 1-3 

μm and lamellar spacing on the order of 100-200nm in the eutectic regions.  This fine 

die-cast structure shows improved strength (ζy = 270 MPa vs 220 MPa) and 

comparable elongation to failure (13%) in comparison to its coarse grained, sand-cast 

counterpart.  Future advancements in die-casting may push the grain size of the 

resulting parts into the UFG regime where the coarse casting structure will no longer be 

able to form due to the rapid solidification of the parts.  To simulate the potential 

mechanical properties of these castings specimens with UFG microstructures produced 

by ball-milling have been studied.  When the eutectic structure is broken up during cryo-

milling the strength gains were lost, however the ductility was even further improved.  

Work softening of Zn-Al alloys has been reported previously by Yamamoto et al [31].  

The work softening phenomenon in Zn rich alloys was explained as being a result of 

precipitation of dissolved Al resulting in a lowering of the recrystallization temperature 

leading to more rapid recovery and recrystallization of the plastically deformed material.  

The excellent ductility is most likely due to traditional dislocation mechanisms [31] with 

additional ductility possible due to grain boundary sliding [31].  The grain size was 

refined to the low end of the UFG scale where dislocation activity is still possible within 

individual grains as opposed to true nano-crystals where dislocation activity is nearly 
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entirely suppressed [32].  Grain boundaries contributing to ductility is generally 

perceived as a high temperature phenomenon; however the low melting point of Zn 

coupled with the highly refined grain size leads to a likelihood of the equicohesive 

temperature of the material being near or even below room temperature. In the same 

way that the equicohesive temperature defines a transition from low temperature to high 

temperature behavior, it is logical to think of a specific temperature (say room 

temperature) where a range of grain size would involve the same type of transition.   

Similar results for the high ductility of UFG/nc pure Zn have been reported by Zhang 

[29] where similar processing (ball-milling) and grain size (~180nm) results slightly 

higher strength but almost identical ductility.  The level of ductility is attributed to grain 

boundary sliding indirectly due to the equiaxed post-deformation grain structure, as well 

as molecular dynamics simulations showing large values of viscous grain sliding without 

crack or cavity formation [33].  The major difference in the pure Zn work and the present 

Zn-Al alloy work is that for pure Zn in-situ consolidation of the material was required for 

acceptable flaw free material.  For the Zn-Al alloy powder consolidation as a second 

processing step resulted in reasonably flaw free samples. 

2.3.5 Conclusions 

 These results obtained for Zn-4wt%Al produced by various processing methods 

indicate that Zn-Al thin-section die castings have mechanical properties in tension which 

are superior to their coarse grained counterparts produced by sand-casting.  As thin 
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section die casting advances continue to push the limits in section thickness the kinetics 

of solidification may prevent the formation of the lamellar structure of the eutectic 

composition.  In this case the mechanical properties may tend to resemble those seen 

in UFG samples produced by high energy cryogenic ball milling where a more uniform 

randomly distributed two phase microstructure exists.  For the ball milled UFG 

microstructure very high ductility levels were seen.  The deformation mechanisms could 

be a combination of traditional dislocation activity in the larger grains, coupled with GBS 

by the nano-scale grains.  Future creep experiments will attempt to show the actual 

mechanisms operative at these grain sizes. 
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CHAPTER - 3 

ANNEALING OF UFG ZN-4.5%AL 

3.1 Thermodynamics of refined microstructures 

3.1.1 Introduction 

Application of thermodynamics to metals and metal alloys allows for prediction of 

equilibrium and a description of the changes that will take place as a system moves 

towards that equilibrium.  The reason any system might undergo a transformation is that 

the current state of the system is unstable relative to the equilibrium final state.  This 

change is measured using the concept of Gibbs free energy (G) [1-2] 

G = H – TS      (1) 

where H is the enthalpy, T is the absolute temperature, and S is the entropy.  A system 

is within an equilibrium condition when the derivative of G is zero.  In this condition the 

system shows no desire to change indefinitely so long as all external conditions remain 

constant.  Systems can exist in a number of local equilibrium conditions but only a 

single global equilibrium.   These concepts form the basis of phase diagram theory [2-3] 

and are fundamental concepts used to develop many aspects of materials science and 

engineering.   
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An important issue not addressed by the concept of Gibbs free energy is the rate or 

mechanism by which a system will move from one state to another.  The diffusion of 

atoms is one of the fundamental mechanisms which fills this gap and allows for a 

description for a decrease in free energy to take place.  The two main forms of diffusion 

depend on the type of site occupied by the atom in question [1].  Substitutional diffusion 

occurs when atoms swap places with vacancies in the lattice resulting in an opposing 

flux of atoms and vacancies.  Interstitial diffusion occurs when atoms (typically those 

with a smaller atomic diameter) migrate through the space between the atomic lattice 

positions.  The vibrational energy of atoms increases with increasing temperature along 

with an increase in the occurrence of vacancies with increasing temperature.  The net 

result is that with increasing temperature the probability that an atom can make a 

successful jump from one lattice position to another dramatically increases with 

increasing temperature [1].  Diffusion is most conveniently described mathematically by 

an Arrhenius type equation [1] 

𝐷𝐴 =  𝐷0𝑒𝑥𝑝
−𝑄

𝑅𝑇
   (2) 

where DA is the diffusion flux of A atoms, Do is a constant pre-exponential factor, -Q is 

the activation energy barrier, R is the universal gas constant, and T is the absolute 

temperature.  In an imperfect crystal such as a polycrystalline metal not all paths of 

diffusion will be equal.  Some paths such as grain boundaries and dislocations will have 
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a lower activation energy barrier (Q) which results in higher diffusion rates along these 

types of structures at equivalent temperatures [1].  Both grain boundaries and 

dislocations are associated with a more open structure which is the physical cause 

leading to the experimental result of lower activation energy.  Diffusion through a perfect 

lattice (assuming  the presence of vacancies which are required for self diffusion) will 

always be slower than diffusion along grain boundaries and dislocations [4].   

3.1.2 Stored energy in grain boundaries 

Bragg and Burgers proposed the idea that a simple low angle tilt boundary between two 

adjacent crystals could be described as an array of dislocations.  Their geometric 

construction showed that the higher the angle of tilt between the boundaries the closer 

the spacing of the dislocations using the equation  

sin
𝜃

2
=  

𝑏

2𝑑
      [3] 

where b is the Burgers vector of a dislocation, d is the spacing between the dislocations, 

and θ Is the simple tilt angle between the crystals.  Research on small angle boundaries 

following this hypothesis confirmed the results by finding closely spaced dislocation etch 

pits which followed perfectly linear patterns along grain boundaries in magnesium 

specimens.  This simple presentation of the geometry of grain boundaries does not 

represent the general case for most materials where more complicated high angle grain 
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boundaries involve much more complex boundary conditions and more complex 

combinations of tilt and twist together.   

Because atoms are displaced from their normal lattice positions due to the presence of 

both edge and screw dislocations there is a strain energy increase as well.  A grain 

boundary in its simplest form is an array of dislocations so that the energy of grain 

boundaries is normally expressed in terms of energy per unit area (γb = J/m2).  Using 

the simple low angle tilt geometry described above the Shockley-Read equation was 

developed to describe the change in grain boundary energy with increasing tilt angle as 

[5] 

𝛾𝑏 =  𝛾𝑜𝜃 𝐴 − 𝑙𝑛𝜃       (4) 

where γ0 = μb/[4π(1-ν)], μ is the shear modulus, ν is Poisson‟s ratio, A = 1 + ln(b/2 πr0), 

and r0 is the dislocation core radius.  Comparisons of the theoretical equation with 

experimental data showed good correlation over wider angular ranges than originally 

thought although this is believed to be a fortuitous result [5].  The experimental data 

shows that high angle grain boundaries (25º+) for the particular material investigated 

showed nearly constant comparable energies per unit area versus angle to the 

maximum value from the low angle theoretical equation after their initial rapid increase 

up to ~ 20º of mismatch.  In addition to strain energy due to dislocation cores in low 

angle boundaries, the disordered and potentially amorphous local regions of high angle 
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boundaries cause an increase in the disorder or entropy of the system.  For very fine 

grain sizes the ratio of grain boundary area to the volume of the crystals can become 

very large leading to a large driving force towards increasing the mean grain size.  Any 

processing method which reduces the mean grain size can be thought of as storing 

energy in the material.  Grain boundary energy can also be expressed as a surface 

tension since J/m2 = N/m.  In this way the grain boundary can the considered as 

equivalent to the surface tension on a liquid surface.  This shows that under static 

equilibrium conditions a junction of three grain boundaries would have equal dihedral 

angles of 120º between the boundaries whereas boundaries between crystals of 

different phases would exhibit smaller or larger angles dependent upon the relative 

surface tensions of the phases in question. 

3.1.3 Thermally activated recovery and recrystallization 

Cold working a metal involves plastic deformation at temperatures below roughly one 

half of its homologous melting temperature.  During deformation a finite fraction of the 

energy expended is stored in the metal as lattice defects created by the deformation.  

These defects can include point defects, dislocations, and area defects such as grain 

boundaries.  Increasing the rate or severity of deformation, reducing the temperature, 

and sometimes even changing the composition of the metal each increase the amount 

of energy retained.   Even simple cold working operations can increase the dislocation 

density of an annealed coarse metal by a factor of 106.  The mechanisms through which 
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deformed materials attempt to return to their lower energy equilibrium state often involve 

atom or vacancy motion and are therefore very sensitive to temperature. 

The first stage of annealing is recovery where some properties of the material, such as 

increases in resistivity, which experienced changes due to cold working, tend to move 

back towards their original values without any apparent change to the observed 

microstructure [5-6].  Research on recovery in deformed metals can be found in several 

review articles [7-8].  Anisothermal annealing curves using differential scanning 

calorimetry (DSC) show a wide and slow energy release rate when recovery is the only 

operative change [5].  In a study of cold-worked pure nickel, it was shown that electrical 

resistivity was slowly improved during the isothermal anneal but that hardness was 

completely unaffected until the later recrystallization phase occurred [9].  For some 

materials complete recovery may not be possible when high levels of initial strain are 

introduced.  In these materials recrystallization will occur prior to the completion of 

recovery [10].  Pure Zn however has been shown to completely recover to its original 

structure even after deformation to very high strains [11].  It was also shown that the 

percentage of recovery possible increased with increasing annealing temperature. 

The stacking fault energy (SFE) is a material property which determines the extent to 

which unit dislocations dissociate into partial dislocations.  High SFE materials tend to 

maintain the unit dislocation structure and suppress partial dislocation formation.  This 

allows for the climb and cross slip of edge dislocations which is the basic mechanism of 
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recovery.  Materials with low SFE tend to form many partial dislocations which inhibits 

dislocation climb and therefore recovery.  Zn and Al are both high SFE materials 

compared to some metals such as Au or Cu which means that significant recovery 

should be possible during annealing processes.  

The process of recovery consists of two distinct mechanisms.  The first is dislocation 

annihilation where the initial high energy non-equilibrium dislocation density is reduced 

by annihilation of dislocation dipoles lying on the same glide plane.  Dislocation dipoles 

are dislocations of opposite Burgers vector.  However, when the dipoles lay on different 

glide planes they must both glide and climb to annihilate each other in the case of edge 

dislocations or cross slip in the case of screw dislocations.  The climb of dislocations is 

a thermally activated process so dislocation annihilation is accelerated at elevated 

temperatures.  The kinetics of dislocation annihilation is discussed in detail in the 

literature [6]. An additional recovery mechanism is sub-grain formation.  Following 

annihilation the remaining dislocation population will try to arrange into the lowest 

possible energy configuration.  Polygonization is a process shown by Cahn [12] to 

provide for such a low energy configuration.  The dislocations produced by bending of a 

single crystal were shown to form dislocation walls called tilt boundaries during 

recovery.  The energy per dislocation decreases during this process and results in a 

driving force for the formation of low angle grain boundaries where the tensile strain 

field in the region below the extra plane of one dislocation overlaps the compressive 
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strain field of the lower dislocation [6]. Both climb and glide are involved in the 

rearrangement of edge dislocations during polygonization. When dislocations of two or 

more Burgers vectors interact they form two or three dimensional networks called cell 

structures.  The driving force to form these structures also provides for coarsening of 

their dimensions following formation.  The kinetics of sub-grain growth [5] is similar to 

the grain growth kinetics to be discussed in following sections. 

Recovery and recrystallization are distinctly different processes.  Recovery is a 

homologous process where widespread changes occur in a similar way.  The rate of 

recovery is always a decreasing function of time as the driving force for the reaction is 

expended.  On the other hand, recrystallization is quite different.  It more closely 

resembles a nucleation and growth process wherein it may begin very slowly and build 

up to a maximum reaction rate and eventually slow to a finish.  A plot of percent 

recrystallization versus log of time at isothermal temperatures shows the typical S-curve 

behavior of the nucleation and growth process [5].  Increasing temperatures result in 

rapidly decreased time to achieve full recrystallization.  Increasing the amount of cold 

work prior to annealing also promotes more rapid recrystallization.  During 

recrystallization new strain free grains form in some parts of the specimen and the 

growth of these new grains consume the deformed or recovered microstructure.  

Recovery and recrystallization are competing processes and are both driven to lower 

the stored energy of the deformed state.   
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3.1.4 Grain growth 

For a fully recrystallized metal the driving force for grain growth is due entirely to the 

opposing surface and volume energies.  The grain boundary and the lattice adjacent to 

it are on average more distorted than the center of the grains.  To reduce this energy 

the grains want to expand resulting in a net reduction in grain boundary area per unit 

volume and an increase in average grain volume [4-5].  Grain growth for a pure metal 

will be considered first since it is the simplest case.  Afterwards complications due to 

alloying and impurity elements will be added. 

For a simple case such as a 2D array of soap bubbles [5] it can be shown that over time 

the number of soap cells or “grains” decreases with time while the geometrical scale of 

the cells vary in size around a mean scale and this mean increases with time.  Grain 

growth can also be considered in terms of a pressure P which drives the growth as [6] 

𝑃 =
𝐴𝛾

𝑟        [5] 

where A is a constant, γ is the grain boundary energy per unit area, and r is the radius 

of curvature of the grain.  This equation shows that for very small grains there is a large 

pressure driving grain growth.  The mean cell diameter is a convenient way to quantify 

the aggregate dimensions of the entire array.  Defining a mean or average grain size 

accurately is difficult at best since real solids consist of grains that have non-trivial 3D 

shape, can consist of a wide range of size and shape within a single specimen, and are 
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most often measured in a 2D cross sectional view.  The most common manual method 

of grain measurement involves drawing random lines of known length across a 

micrograph and counting the number of grain boundaries crossed per unit length, the 

reciprocal of which is often used to approximate grain size [5] even though there is no 

direct geometrical relationship between the two.  Quantitatively this term more closely 

resembles the grain boundary surface area in a unit volume [5].  Computer analysis of 

digital micrographs allows for accurate 2D area measurements to be made of each 

individual grain within a micrograph which can be used to estimate the volume (and 

therefore the diameter) if the assumption can be made that the grains are equiaxed.  

If we consider that atomic motion between grains is due solely due to the relative 

curvature of two adjoining grains in a way that large grains grow at the expense of 

smaller ones then [5] 

𝑑𝐷

𝑑𝑡
=

𝐾′

𝐷
       [6] 

where D is the mean diameter, t is time, and K‟ is a constant.  Integration of this 

equation results in 

𝐷2 = 𝐾𝑡 + 𝐷0
2      [7] 

or  

𝐷 = 𝑘𝑡𝑛 + 𝐷0     [8] 
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where Do is the grain size at t = 0, k = K1/2, and n is the grain growth exponent which is 

less than or equal to 0.5 depending on the purity of the metal. This simple equation, 

although relying on many broad assumptions, has been shown to fit observed data for 

very pure materials closely [5] where the mean diameter grows as the square root of the 

time.  In practice most isothermal grain growth experiments result in data which 

corresponds to a grain growth exponent (n) near 0.3 or less where the presence of 

impurities hinders grain growth.  The exponent is also not a constant with increasing 

temperature as most experiments show it approaches the ideal value of 0.5 as the 

melting point is approached.  Research on recrystallized deformed aluminum [13] 

suggests that average grain volume is log-normal and that the spread of the distribution 

depends on the degree of deformation with large deformations having the smallest 

spread.  Strain-induced grain growth has been observed for some metals after small or 

moderate amounts of cold work [5].  Strain-induced grain growth is expected only for 

metals where recrystallization has not completed or where there is residual strain 

caused by uneven rates of recrystallization [5].  In this mechanism there are no new 

grains formed; instead the boundaries of some grains move at the expense of others.  

The moving boundary leaves behind a crystalline region which is lower in its strain 

energy. 

As already stated impurity atoms added either intentionally or unintentionally can result 

in suppression of grain growth.  This effect is analogous to the interaction seen between 
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impurity atoms and dislocations where the elastic stress field around the impurity atom 

and the stress field of the dislocation interact.  There is strain energy associated with 

the grain boundaries which can be reduced by the migration of impurity atoms to the 

grain boundary. These migrations can hinder the continued motion of the grain 

boundary and slow grain growth.  This effect manifests itself as a reduction in the grain 

growth exponent from its ideal value of ½. Impurity elements which distort the lattice the 

most will tend to have the largest effect on grain growth. 

Atoms not dissolved in the matrix material form second phases which can also interact 

with grain boundaries.  These second phases can be intentionally added during alloying 

or can be unintentionally added during processing as impurities.  For this discussion it 

will be assumed that second phases present are fine and evenly dispersed within the 

matrix metal.   The mathematical description of this type of grain growth suppression is 

credited to Zener and is commonly referred to as Zener pinning or Zener drag [6, 14].  

In his model the grain boundary is modeled as a straight line moving towards a 

spherical second phase particle.  As the grain boundary interacts with the particle it 

assumes a curved shape in which the grain boundary tries to maintain itself normal to 

the particle surface.  The effect was postulated to be larger for smaller and more 

abundant particles.  Larger less abundant second phase particles which form at higher 

temperatures will have a much smaller effect.  Dissolution of second phase particles at 

high temperatures will also remove the effect.  In some materials, the grain growth can 
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be almost completely suppressed even at relatively high temperatures with grain growth 

exponents on the order of 0.02 [15] and with only a 30ºC further increase in temperature 

show a grain growth exponent of 0.42 which is much closer to the theoretical value due 

to second phase dissolution. 

Both particle pinning and solute drag are kinetic grain size stabilization mechanisms.  A 

third mechanism for stabilizing grain size involves eliminating the driving force for grain 

growth altogether and is known as thermodynamic stabilization [4, 16-18].  This type of 

grain growth stabilization involves varying the effective grain boundary free energy per 

unit area by increasing the excess amount of some solute element on the grain 

boundary.  When the correct combination of solute element and concentration is 

achieved a metastable thermodynamic equilibrium can be achieved where all grain 

coarsening is stopped as there is no driving force for grain growth to occur.  The 

reduction in the driving force for grain growth is due to the doping-induced decrease in 

the specific grain boundary energy [18]. 
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3.2 Annealing and Grain Growth of UFG Zn-4.5%Al 

3.2.1 Introduction 

The first section of this chapter discussed the theories behind the observed 

phenomenon of thermally activated grain growth for both the ideal case of pure metals 

and also the more realistic case of metals containing impurities or metal alloys [1-2].  It 

was shown that for pure metals grain growth follows a square root dependency of time 

(n=0.5) while for metals containing impurities or second phases grain growth will 

proceed more slowly with a cube root or potentially much smaller dependency (n< 0.3) 

due to a variety of techniques [3] including kinetic [4] and thermodynamic [5] grain 

growth suppression. The goal of the following experiments is to study the effects grain 

size has on the creep of the Zn-Al alloy of interest which was discussed in chapter 1.  

To study the grain growth effects in the alloy it is necessary to first take the refined 

microstructure described in chapter 2 and thermally anneal it to coarser grain structures.  

Since the material processed by cryogenic temperature ball milling has an ultra-fine 

grain structure with a number and volume average grain size of approximately 167 nm 

and 270 nm respectively there is appreciable grain boundary energy to provide a driving 

force for thermally activated grain growth [1].  The following series of experiments will 

attempt to systematically study the grain growth phenomenon for the Zn-Al alloy of 

interest which consists of 4.5 wt% Al.  The results will allow for targeted heat treatments 

to be used to achieve known grain structures in a repeatable fashion. 
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3.2.2 Experimental Procedure 

The cryogenic ball milling process was described in detail in chapter 2.1 and 2.3.  It will 

be only briefly reviewed here.  Pure Zn and Al powders were mechanically alloyed by 

the ball milling process at liquid nitrogen temperatures for 4 hours to both alloy the pure 

metals and to refine the microstructure.  TEM microscopy of the resulting material 

showed an ultra-fine grain structure with a volume average grain size of approximately 

260nm.  The histogram of grain sizes seen was relatively broad ranging from under 

50nm to over 400nm and representing a standard deviation of around 75nm.  The 

refined microstructure was subjected to iso-thermal annealing at temperatures ranging 

from 200ºC (T/Tm = 0.72) to 340ºC (T/Tm = 0.94).  To accurately control temperature 

over the entire range of room temperature to near the melting point of the alloy, two 

annealing processes were used.  At lower temperatures a silicone oil bath and hot-plate 

were used.  The silicone oil was rated for continuous use up to 250ºC.  The temperature 

was monitored using a mercury thermometer placed directly into the bath itself.  For 

annealing at higher temperatures than 250ºC a tube furnace was employed which had 

the capability to enclose the samples in a vacuum environment during annealing.  The 

mild vacuum level achieved using only a rotary-vane pump (tens of milli-torr is typical for 

a rotary vane pump) was sufficient to prevent any significant oxidation of the annealed 

samples.  Any surface oxides that did form were minimal and able to be removed with 

only a few seconds of polishing with fine alumina on a standard metallographic polishing 
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wheel.  The temperature of the furnace was monitored using a thermocouple placed in 

direct contact with the specimens within the vacuum tube. 

Microhardness was used to initially characterize all specimens since hardness has been 

shown to be at least partially a function of the grain size of a material via the Hall-Petch 

relationship discussed in chapter 2.2.  After the annealing and hardness measurements 

several targeted samples were chosen for microscopy study by a combination of TEM 

as well as ion-channeling contrast imaging using a focused ion beam machine.  A more 

detailed discussion on the microscopy techniques used and the reasons behind 

choosing them are discussed in the appendix. 

3.2.3 Results 

The cryogenically ball milled Zn-Al alloy was isothermally annealed at temperatures of 

200, 250, and 285ºC for times ranging up to 5 days (120 hours).  As expected the 

elevated temperatures caused a softening of the material as measured using a Vickers 

microhardness testing machine.   The results of the hardness measurements versus 

temperature and time are shown in Figure 3.1. Next, selected samples were 

characterized using a variety of microscopy techniques to describe their underlying 

microstructures as fully as possible.  This data was obtained in order to describe the 

Hall-Petch behavior of the alloy where the material softens as the grain size increases. 

The as-milled microstructure is shown using bright and dark field TEM in Figure 3.2.  A 

mildly annealed microstructure subjected to 200ºC for an hour is shown in Figure 3.3 
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also using bright and dark field TEM.  Figure 3.4 shows a more extensively annealed 

specimen where the sample was held at 250ºC (T/Tm = 0.80) for 24 hours.  Finally 

Figure 3.5 shows a sample annealed at 340ºC (T/Tm = 0.94) for 7 days.  The number 

and volume fractions versus grain size for each of the first three cases can be seen in 

Figures 3.6-8.  The data is summarized in Table 3.1.  A grain size histogram was not 

possible for the coarsest microstructure due to a lack of visible zinc grain boundaries 

within the field of view. The data described by the Hall-Petch relationship can be used to 

estimate the average grain size of the annealed samples described in Figure 3.1.  Both 

number and volume average grain size are valid methods of quantifying grain size 

however volume average will be used here.  Figure 3.10 uses the volume average Hall-

Petch relationship and estimates the grain size versus annealing time and temperature.  

The grain growth exponents were calculated using concepts developed in the previous 

chapter.  The grain sizes were raised to varying exponents and plotted versus linear 

time until a straight line was obtained.  The exponent which resulted in a plot with the 

highest degree of linearity was taken as the grain growth exponent for the alloy at that 

particular temperature. 
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Figure 3.1. Microhardness versus annealing time at various annealing temperatures.
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Figure 3.2. Bright and dark field TEM of the as-milled microstructure. 
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Figure 3.3. Bright and dark field TEM of a sample annealed at 200ºC for 1 hour.    
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Figure 3.4. Ion channeling contrast image of a sample annealed at 250ºC for 24 hours. 
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Figure 3.5.  Ion channeling contrast image of a sample annealed at 340ºC for 7 days.
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Figure 3.6. Number and volume fraction versus grain size for the as-milled 

microstructure. 
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Figure 3.7. Number and volume fraction versus grain size for a sample annealed at 

200ºC for 1 hour. 
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Figure 3.8. Number and volume fraction versus grain size for a sample annealed at 

250ºC for 24 hours. 
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Table 3.1.  Summary of annealing schedules with data for number and volume average 

grain size and measured hardness. 

  

Annealing 
Schedule 

Number Average  
Grain Size (nm)  
[Std Deviation] 

Volume Average  
Grain Size (nm)  
[Std Deviation] 

Hardness 
(GPa) 

As milled 167 [75] 260 [85] 0.34 

15min @ 
200C 195 [80] 290 [94] 0.32 

1hr @ 200C  320 [104] 410 [140] 0.27 

24hrs @ 
250C 418 [181] 650 [222] 0.23 

7 days @ 
340C N/A N/A 0.19 
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Figure 3.9.  Hardness and grain size data plotted in the Hall-Petch style. 
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Figure 3.10.  Volume average grain size versus annealing time and temperature as 

calculated from the Hall-Petch equation. 
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Figure 3.11.  Grain size versus annealing time for various temperatures. 
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3.2.4 Discussion 

As expected the elevated temperatures experienced during targeted annealing 

treatments resulted in both reduced hardness and an increase in the number and 

volume average grain sizes based upon the Hall-Petch equation.  The Hall-Petch slope 

of the number average grain size was lower than that of the volume average grain size.  

This is due to the extra weighting given to larger grains within the grain population when 

volume average is taken on such wide grain size distributions.  As a result at the same 

calculated grain size the volume average specimen would have a higher hardness 

compared to the number average.  For very narrow grain size distributions this 

difference would be smaller.  Another noticeable effect was that as the hardness of the 

material approaches 0.2 GPa the relationship between hardness and grain size fades.  

Specimens annealed at 340ºC (0.94 T/Tm) for 7 days were measured to have the same 

hardness as those annealed at 275ºC (0.84 T/Tm) for only 3 days.  This weak 

temperature dependence makes direct microstructural feature estimation from hardness 

alone difficult and prone to large errors.  Grain sizes are not quoted for material 

annealed to below 0.2 GPa in hardness and are therefore not included in any Hall-Petch 

data.  This effect is also responsible for the large positive error bars seen in Figure 3.10 

for the sample annealed at 285ºC. The tensile strength of pure Zn is normally quoted 

around 0.4 GPa [6] before alloying or cold working which corresponds to an estimated 

hardness around 0.13 GPa as a reference point for the present data.  Direct 
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measurements of grain size for specimens annealed above 250ºC (0.8T/Tm) were 

attempted by electron/ion microscopy as well as conventional polishing and chemical 

etching techniques but with little success.  For the electron/ion microscopy techniques 

production of areas large enough to display contrast for Zn grain boundaries was not 

practical with the equipment available while etching techniques were unable to 

distinguish any microstructural detail over large scales.  Only the fine dispersion of Al 

precipitates was visible.   

Development of the Hall-Petch relationships shown in Figure 3.9 allows for estimation of 

the average grain size from the hardness data measured in Figure 3.1.  Figure 3.10 

shows that the application of time and temperature to the refined Zn-Al microstructure 

results in rapid initial coarsening for the first few hours at the elevated temperatures 

tested.  At times above 24 hours for 200ºC and 250ºC (0.72 and 0.80 T/Tm) the rate of 

coarsening slows considerably while at 285ºC the slowdown in coarsening is less 

abrupt.  This is consistent with other annealing experiments where second phases are 

present [4] which report high grain growth exponents at low homologous temperatures 

with exponents approaching that of pure metals as one approaches melting 

temperatures for the material.  The grain growth exponents calculated from the 

annealing experiments are 0.014, 0.077, and 0.167 for 200ºC, 250ºC, and 285ºC 

respectively.  The equations used for the calculation are discussed in the previous 

chapter.  For an ideal pure metal, the theoretical grain growth exponent would be 0.5 
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while most nominally pure metals experimentally show grain growth exponents closer to 

0.3 due to impurities slowing the grain growth [2, 4].  The grain growth exponent of 

0.167 for 285ºC has a high degree of uncertainty since very large positive error bars are 

associated with the independence of the hardness and grain size correlation as the 

specimens approach 0.2 GPa hardness associated with grain sizes above 700nm.   

3.2.5 Conclusion 

Throughout the ultra-fine grained regime the cryo-milled Zn-Al alloy studied followed a 

well behaved Hall-Petch relationship between the measured grain size and hardness of 

the metal.  Different slopes to the Hall-Petch relationship were measured depending on 

the type of grain size averaging used with the volume average showing a larger slope.  

This is due to the relatively large standard deviations seen in the grain size histograms.  

In both cases the slope was larger than that found for pure Zn [7].  As the grain size 

approaches a micron, the limit of the definition of ultra-fine, the linear relationship 

between hardness and the inverse square root of grain size becomes difficult to confirm 

experimentally.  

The existence of the fine, stable Al precipitates along with the possibility of a fine oxide 

dispersion leads to very low grain growth exponents compared to ideal pure metals due 

to the pinning effect the precipitates have on the moving Zn grain boundaries.  The 

nanocrystalline oxides seen are thought to be a result of oxygen contamination during 

the cryo-milling process. 
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CHAPTER - 4 

CREEP OF ZN-4.5%AL AS A FUNCTION OF GRAIN SIZE 
 

4.1 Creep of crystalline materials 

4.1.1 Introduction 

Creep is the time dependant plastic deformation of a material at constant load [1].  

Plastic (permanent) deformation is a kinetic process which occurs by a number of 

competing mechanisms.  Although plasticity is often first taught in terms of a tensile test 

where a material exhibits a defined yield strength, below which strain is elastically 

recovered and above which plastic flow is relatively rapid, this case is only true at 

absolute zero temperature [2]. In reality there are a number of atomic scale processes 

competing over varying ranges of stress, temperature, and time to dominate the plastic 

deformation mechanics.  These include, but are not limited to, the glide and climb of 

dislocations, the diffusive flow of atoms and vacancies, relative displacement of grains 

through boundary sliding, and mechanical twinning [2].  A creep curve is most often 

displayed as strain versus time.  An example of a typical creep curve and its distinct 

features is shown in Figure 4.1.  The primary creep region which occurs upon initial 

loading exhibits a very high strain rate as the material elastically and plastically 

responds to the applied load.  This region when present is always characterized by a 
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high initial strain rate which decreases with time.  The decrease in strain rate can be 

explained as a result of strain hardening of the material eventually balanced through 

recovery [1].  The alternating competition between strain hardening and recovery 

eventually transitions the creep curve into the secondary or minimum creep region.  In 

this region the strain rate is essentially  

 

Figure 4.1. Schematic view of a typical tensile creep curve. 

constant while the strain hardening and recovery processes are balanced.  During the 

secondary creep the significant substructures remain constant thus the steady state 
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creep rate depends not only on stress and temperature, but also on the steady state 

substructure produced by that stress and temperature combination.  Substructures of 

interest include the density and orientation of dislocations and the size and orientation 

of subgrains.  The secondary creep region dominates most of the elapsed time of the 

test, especially during low strain rate tests.  In tension the curve will eventually transition 

into a tertiary region where the constant load begins to become an ever increasing 

stress due to a reduction in cross section of the test sample due to necking; this results 

in a rapid increase in the true stress applied to the specimen.  This region is generally 

very short and ends with rupture of the test sample.  A tertiary region does not exist in 

impression creep [3] where the material is under compression. 

4.1.2 Standard creep equations 

Plastic deformation through creep mechanisms has been shown to be a strong function 

of stress, temperature, and microstructure [2].  Several forms of an equation describing 

the total accumulated strain (ε) during a creep test have been proposed such as those 

by Andrade [4] and later by Garofalo [1].  In these equations the total strain due to the 

instantaneous and time dependant strain rates are summed.  For this research more 

attention is paid to the minimum or secondary strain rate (휀 ) which can be expressed by 

the temperature dependant version of Norton‟s Law [5] 

휀 = 𝐾′𝜎𝑛exp
−𝑄𝑐

𝑅𝑇
     (1)  
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where K‟ is a constant, ζ is the applied stress, n is the stress exponent, Qc is the 

activation energy of deformation, R is the gas constant, and T is temperature.  The 

activation energy is dependent upon the rate controlling deformation mechanism which 

is dominant for the given stress, temperature, and microstructure.  An example of this 

equation is shown in Figure 4.2 where the stress applied to a Zn-Al alloy is increased 

over a series of tests at constant temperature and microstructure.  The results show a 

steady increase in both the initial strain and the secondary strain rate as the applied 

stress increases.  Holding the stress constant and increasing the temperature of the test 

would have an analogous effect.  Since the data shown is from an impression creep 

test, no tertiary creep region occurred. Inherent in this equation is the assumption that 

microstructure is a constant during the test. Complications through temperature or 

stress induced microstructure changes complicate the analysis of creep curves, both of 

which are prevalent in the creep study of non-equilibrium microstructures like 

nanocrystalline and ultra-fine grained metals.  Microstructure can be added to the 

temperature dependant Norton‟s Law as [5] 

휀 = 𝐾′𝑑−𝑝𝜎𝑛exp
−𝑄𝑐

𝑅𝑇
     (2)  

where d is the grain size and p is the grain size exponent. 
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Figure 4.2. Creep curves from impression creep of Zn-Al at room temperature taken 

from current research. 
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4.1.3 Creep mechanisms 

The creep mechanisms of interest are sorted by their stress exponent value from 

smallest to largest.  The low stress creep mechanisms have stress exponent values 

ranging from 1 to 2 and include Nabarro-Herring (N-H), Coble, Harper-Dorn (H-D) 

creep, and grain boundary sliding (GBS).  The high stress creep mechanisms have 

stress exponent values from 3 to 7+ and include viscous glide, Power-Law creep, and 

Power-Law breakdown.  

4.1.3-a Nabarro-Herring, Coble, and Harper-Dorn: The n=1 regime 

At the lowest values of the stress exponent, the increase in strain rate is directly 

proportional to the increase in applied stress so that n = 1 from equation (2) above.  

Within this regime there are three possible mechanisms which dominate creep at a 

given stress, temperature, and microstructure condition.  N-H and Coble creep are 

diffusion based mechanisms where H-D creep is dislocation based.  Creep via lattice 

diffusional mass transport was first theorized by Nabarro [7] in the mid-20
th

 century and 

again studied two years later by Herring [8].  They theorized that under the application 

of tensile stress the grain boundaries normal to the stress will develop a higher vacancy 

concentration while those parallel to the stress will develop a lower concentration.  This 

concentration gradient causes a net flux of vacancies towards the parallel grain 

boundaries and a net flux of atoms to the perpendicular grain boundaries.  This 

elongation of the grains in the tensile direction results in the measured creep strain.  
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The calculation of the steady state flux of vacancies and resulting steady state creep 

rate lead to the following equation 

휀 = 𝐵𝐻
𝐷𝐿𝜎𝛺

𝑑2𝑘𝑇
     (3)  

where BH is the N-H constant (usually 12-15), DL is the lattice diffusivity, Ω is the atomic 

volume, and k is Boltzmann‟s constant.  This equation shows a linear variation in strain 

rate with stress and an inverse squared variation with strain rate and grain size.  Just 

over a decade later Coble [9] proposed an additional diffusion based mechanism where 

grain boundaries could provide an alternate path to the lattice using the same concept 

of vacancy gradients and flux under applied stress.  With Coble creep the majority of 

vacancy flux occurs through the grain boundaries as opposed to the lattice, as was the 

case with N-H creep.  A schematic figure showing both N-H and Coble creep is shown 

in Figure 4.3.  Coble derived an equation for the steady state flux of vacancies and the 

resulting steady state creep rate as  

휀 =
𝐵𝐶

𝜋

𝐷𝐵𝛿𝐵𝜎𝛺

𝑑3𝑘𝑇
     (4)  

where Bc is the Coble constant (usually 148), DB is the grain boundary diffusivity, and δB 

is the grain boundary thickness. The equation for Coble creep strain rate is also linearly 

proportional to stress; however, in this case it is inversely proportional to the cube of the 

grain size.  This discrepancy between N-H and Coble creep along with the differing 
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activation energies for lattice and grain boundary diffusion are an experimental method 

of determining which of the diffusion based creep mechanisms is operative. During each 

of the derivations of the steady state creep rate, it was assumed that the grain 

boundaries are perfect sources and sinks of vacancies and that the initial dislocation 

density is low so that the only sources and sinks of vacancies are the grain boundaries 

[7-9].  

The Harper-Dorn [10] creep mechanism was discovered in aluminum between the 

discovery of N-H and Coble creep.  It was found that at low normalized stresses and 

high temperatures that the steady state creep rate was proportional to stress and the 

activation energy equal to that of lattice diffusion; however, there was no dependency 

on grain size (p=0) which eliminated N-H creep as a possibility.  The steady state creep 

rates were also much higher than those possible by diffusional flow [2].  This was later 

found to also occur in lead and tin [11].  Initially, it was thought that H-D creep was only 

operative for large grain sizes (>1mm) and high homologous temperatures near the 

melting point [10]; however, later research showed H-D creep to be rate controlling even 

at intermediate homologous temperatures (0.4-0.6 Tm) in titanium [12], iron [13], and 

zirconium [14] at grain sizes below 0.5mm in some cases.   



 

 106 
 

 



 

 107 
 

Figure 4.3. Schematic view of atomic flux during N-H and Coble creep. Arrows 

represent vacancy gradients. 

The most plausible explanation that has been proposed is that of climb-controlled 

dislocation creep under conditions such that the dislocation density does not change 

with stress [2].  This implies that at low stresses the material is below the activation 

stress for Frank-Reed sources (𝜎𝐹𝑅 =  𝛼𝐺𝑏 𝑙 ).  The equation for H-D creep has been 

derived as    

휀 = 𝐴𝐻𝐷
𝐷𝐿𝜎𝑏

𝑘𝑇
     (5)  

where AHD is the Harper-Dorn constant and b is the Burger‟s vector of the dislocation. 

Generally, H-D creep is seen when moderate to large grain sizes are present and 

suppress diffusion based creep mechanisms while expanding the regions where Power-

Law creep is active [2]. 

4.1.3-b Grain Boundary Sliding: The n=2 regime 

Grain boundary sliding (GBS) is a creep mechanism where grains are displaced relative 

to one another in response to a stress with no significant elongation during the process.  

It has been shown to occur both in large (mm) and fine (<μm) grained materials [15] 

most often at intermediate homologous temperatures where grain boundary diffusion 

dominates.  In order for this displacement to occur there must be an associated 
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accommodation mechanism which can be either diffusional [16] or through the glide and 

climb of dislocations into or along the grain boundary [17].  Although the diffusion model 

proposed by Ashby and Verall [16] does explain the switching of grains during 

deformation, it does not predict the correct stress exponent or follow the physically 

correct diffusional paths [18]. 

4.1.3-c Viscous Glide, Power Law Creep, and Power Law Breakdown: The 

n=3-7+ regime 

The higher stress exponent regimes of creep begins with viscous glide where n=3, and 

the deformation is dislocation glide controlled.  This mechanism is often found in class A 

(solid solution) alloys [19] which leads viscous glide to sometimes be referred to as alloy 

type creep.  Little or no primary creep is seen with this type of creep [19].  Both 

dislocation glide and climb occur; however, the rate of glide is the rate controlling 

mechanism as solute atoms tend to diffuse towards and lock the dislocations.   The 

minimum or steady state strain rate for viscous glide can be described as 

휀 =
.35

𝐴
E  

𝜎

𝐸
 

3
     (6)  

where A is the interaction parameter which depends on the rate controlling process 

during dislocation glide.  The rate controlling process has been described as the 

dragging force of solute atmospheres on the moving dislocations [20] and also as the 
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increase in interfacial energy due to the destruction of short range order by moving 

dislocations within the solid solution [21]. 

Class-M (two phase) alloys exhibit creep characteristics much like pure metals where 

the rate controlling mechanism is the climb of edge dislocations [19].  Similar to viscous 

glide, both glide and climb of dislocations occur.  However, in this case the climb of the 

edge dislocations is rate controlling while the majority of the observed creep strain 

actually occurs during the dislocation glide [19].  When this mechanism is operative, the 

stress exponent n is normally around 5 showing a much higher increase in observed 

minimum strain rate with increasing stress.  This is the beginning of the power law creep 

regime.  The minimum strain rate can be described as  

휀 = 𝐴  
𝜎

𝐸
 

4−7
exp 

−𝑄𝑐

𝑅𝑇
      (7)  

where the term ζ/E is the normalized stress and Qc is the activation energy which has 

been found to be that of the lattice diffusion activation energy.  It is believed that Power 

Law creep is diffusion controlled due to the activation energy equivalence and models 

proposed to describe the mechanisms are generally built around this evidence.  

Weertman [22] proposed a model where the glide of dislocations is impeded by 

dislocation interaction stresses which are relieved by dislocation climb and annihilation.  

In this model the rate of climb is determined by vacancy concentration gradients 



 

 110 
 

surrounding the dislocation.  Another model proposed by Barret and Nix [23] proposes 

that edge jogs impede the climb motion of screw dislocations such that the motion of the 

edge jogs becomes the rate controlling mechanism.    

The final mechanism which is operative at the very highest normalized stresses (ζ/E) is 

power law breakdown.  It was shown by Sherby and Burke that power-law creep does 

not hold true as stress increases to the highest values of normalized stress [24].  At 

these very high normalized stresses, the dislocation density increases rapidly, and the 

deformation mechanism is thought to transition from obstacle-limited thermally activated 

dislocation glide to recovery dominated dislocation climb [25].  The high dislocation 

density suggests that dislocation pipe diffusion may provide a short circuit for the 

diffusion of vacancies which in turn allows for rapid dislocation climb under high applied 

stresses [24, 26], in which case the activation energy is that of dislocation pipe diffusion.  

Alternative mechanisms include the breakdown of subgrain walls [27] and the cutting of 

forest dislocations [28]. The steady state or minimum creep rate has been described as 

휀 = 𝐴 exp 
−𝑄𝑐

𝑅𝑇
 exp  

𝐵𝜎

𝐸𝑇
      (8)  

where A and B are constants. 
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4.1.3-d The Bird-Mukherjee-Dorn Equation 

The equations used thus far describe the minimum secondary creep strain rate of a 

single creep mechanism.  They cannot accommodate transitions in mechanism due to 

large variations in stress, temperature, or microstructure.  An equation was devised by 

Bird, Mukherjee, and Dorn [29] in 1969 which builds on equation 1 but allows for 

transitions in stress, temperature and microstructure.  They proposed the new form of 

equation 1 as  

휀 = 𝐴
𝐷𝐸𝑏

𝑘𝑇
  

𝑏

𝑑
 

p
 
𝜎

𝐸
 
𝑛

     (9)  

where D = D0*exp 
−𝑄𝑐

𝑅𝑇
 . Using this equation to form a so called Bird-Mukherjee-Dorn 

(BMD) plot allows for data across wide ranges of stress(in the x-axis) and 

temperature(in the y-axis) to fall on a single set of straight lines when the activation 

energy is constant and where changes in the activation energy would cause the data to 

form a new series of lines.  A more recent examination of the equation by Mukherjee 

[30] in 2002 finds that even 30 years later the BMD equation is still applicable across a 

broad range of materials from metals to ceramics and intermetallics.  Both low 

temperature [31] and high strain rate [32] superplasticity have also been explained 

using the scaling phenomenon inherent in the BMD equation.  Superplasticity in 

nanocrystalline materials [33] has also been described using this equation.  
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4.1.4 Creep deformation mechanism maps 

The first two dimensional maps of creep deformation were proposed by Weertman [34] 

in 1965 and later improved upon by Ashby [35] then Langdon and Mohamed [36].  Frost 

and Ashby [2] collected many maps on a variety of systems into a comprehensive text 

on the subject.  An example of a two dimensional map for pure Zn at a very coarse 

grain size of 0.1mm is shown in Figure 4.4.  The improvements by Langdon and 

Mohamed allowed for plotting the temperature axis as the homologous temperature.  

This allows for the field boundaries of the high temperature deformation mechanisms to 

be straight lines instead of the curved functions of the Frost-Ashby type maps.  The 

straight lines are much simpler to calculate accurately and serve as a powerful tool for 

visual presentation of creep data.  The three types of two dimensional maps studied 

include stress-temperature, grain size-temperature and stress-grain size with each 

being normalized for comparison to other systems.   



 

 113 
 

 

Figure 4.4. 2D creep deformation mechanism map for coarse pure Zn [2]. 
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Grain size is normalized to the Burgers vector (d/b), temperature is normalized to the 

melting temperature (T/TM) which is commonly known as homologous temperature, and 

stress is normalized to the tensile modulus (ζ/E). The downside of any single two 

dimensional map is its limited applicability since it can only address two of the three 

independent variables at a time.  Oikawa [37] presented the three types of maps as 

respective sides of a cube which allows for a three dimensional map to be constructed.  

Arieli [38] used this concept to study the eutectoid Zn-22% Al alloy over a range of grain 

size, stress, and temperature.  The three dimensional map produced using the results of 

the creep experiment is shown in Figure 4.5.   

Another three dimensional method of plotting creep data substitutes creep rate for the 

grain size as the z-axis.  This graph is very convenient for quickly observing how the 

strain rate changes in different regions of stress and temperature space.  An example 

using relatively coarse pure nickel is shown in Figure 4.6. 
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Figure 4.5. 3D creep deformation mechanism map for ZnAl eutectoid [30].  
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Figure 4.6. 3D creep deformation map for pure Ni [2]. 
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4.1.5 Creep of Zn and Zn-Al alloys 

Crystallographic and thermodynamic data for Zn and Al are shown in Table 4.1.  Zn is a 

hexagonal close packed metal while Al is face centered cubic.  Zn has a lower melting 

point than Al and due to this lower bonding energy has a lower activation energy for 

both lattice and boundary diffusion.  The creep deformation mechanism map for coarse 

grained polycrystalline pure Zn reported in Frost and Ashby [2] and shown here as 

Figure 4.4 was produced using data by Tegart and Sherby [39] as well as Flinn and 

Munson [40].  This data shows that for coarse Zn near room temperature (T/Tm = 0.42) 

at a normalized stress of 5x10-4 the material was exhibiting power-law creep and that 

the resulting creep rate was on the order of 1x10-8.  The normalized stress and 

temperature and corresponding creep rate for pure Zn as well as the alloys to be 

described in the following are summarized in Table 4.2 in order of increasing creep 

resistance.  A study on the ZA-8 Zn-Al alloy at an elevated temperature of T/Tm = 0.6 

and a normalized stress of 3x10-4 exhibited a minimum creep rate of 5x10-8 by adding 

0.5 wt% manganese to the standard alloy [41].  This shows an improvement over pure 

Zn which had comparable minimum creep rate but at considerably lower temperatures 

than that at which the Zn-Al alloy was tested.  Data from the thesis research to be 

described later in this document of ultra-fine grained Zn-4.5%Al shows that at room 

temperature (T/Tm = 0.44) and similar  normalized stress to the previously described 

studies (5x10-4) the alloy exhibits a nearly identical  minimum creep rate to that of pure 
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Zn at a normalized stress of 2x10-8 .  A study of Zn-Al alloys specifically targeted at 

improving creep resistance resulted in the development of a creep resistant alloy known 

as ILZRO 16 [42-43].  As shown in Table 4.2, this alloy exhibits several orders of 

magnitude lower creep rates compared to the most commonly used Alloy 3 even at 

significantly higher testing temperatures. 

 

Table 4.1. Crystallographic and Thermodynamic Data for Zn and Al [2]. 

Elemental Crystallographic  and 
Thermodynamic Data Zn Al 

Burgers vector (b, m) 2.67x10-10 2.86x10-10 

Melting temp (Tm,K) 693 933 

Shear Modulus (μ, Mpa) 4.93x104 2.54x104 

Lattice Diffusion [DoL, (m
2/s) - QL, (kJ/mol)] 1.3x10-5, 91.7  1.7x10-4 , 142 

Boundary Diffusion [DoB, (m3/s) - QB, (kJ/mol)] 1.3x10-14, 60.5 5.0x10-14, 84 

Power Law Creep exponent (n) 4.5 4.4 

Dorn Constant (A) 4.0x10-4 3.4x10-6 

 

Table 4.2. Summary of creep data for various Zn-Al alloys [43]. 

Alloy Grain Size T/Tm σ/E έ min 

Pure Zn Coarse 0.42 5 x 10-4 1 x 10-8 

Alloy 3 Coarse 0.46 5 x 10-4 2 x 10-8 

Zn-4.5Al Ultra Fine 0.44 5 x 10-4 2 x 10-8 

ILZRO 16 Coarse 0.55 5 x 10-4 8 x 10-11 
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4.1.6 Creep of NC/UFG metals 

The potential mechanical property benefits of ultra-fine grained and nanocrystalline 

metals has been discussed in previous sections of this chapter and reviewed 

extensively by Koch [44] and Meyers [45].  Creep of nanocrystalline materials presents 

several complications when compared to conventional grain size materials due to the 

large volume fraction of grain boundaries.  Developing models which can accommodate 

such a large fraction of defects for a wide range of materials is in general difficult.  Add 

in that nanocrystalline microstructures are inherently unstable often restricts them to 

study at low homologous temperatures.  Since the grain boundaries represent such a 

large volume fraction and grain boundaries are a short circuit path for diffusion in 

comparison to the crystalline lattice it is most often found that diffusion creep will 

dominate the deformation over a wider range of conditions of stress and temperature in 

comparison to conventional grain size materials.  An example of this trend in pure 

aluminum (Al) is shown in Figure 4.7.  In this case Power Law creep dominates the 

majority of the coarse grained stress versus temperature space while in the fine grained 

Al diffusional mechanisms take over considerably more of the low temperature and low 

stress portions of the map and overtake Harper-Dorn creep entirely.  A recent study on 

ultra-fine grained pure Al processed by Equal Channel Angular Pressing (ECAP) over a 

limited stress and temperature range (0.5 Tm, ζ/μ ~ 10-3 – 10-2) showed high stress 

exponent values (n~5) which should suggest dislocation dominated Power Law creep 
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with no signs of diffusion dominated creep [46].  The authors do however note that 0.5 

Tm is a very high test temperature for ultra fine grained pure materials and that the ultra 

fine structure was very unstable and not maintained throughout the test with post-test 

grain sizes ranging from 10-12μm. Other creep studies of nanocrystalline, fine, and ultra 

fine grained pure metals and alloys have been performed since mid 20th century [2] 

which has shown that diffusional creep mechanisms dominate at low stresses and high 

temperatures.  Research into nanocrystalline materials has shown that the regions 

where diffusional creep dominates can grow considerably.  Simulations on grain 

boundary diffusion [47] have shown that for each order of magnitude decrease in grain 

size from 1μm to 100nm and again from 100nm to 10nmm there is approximately a 

three order of magnitude increase in the calculated strain rate due to grain boundary 

diffusion with the assumption that no other mechanism is operative.  Research of 

nanocrystalline (28nm) NiP [48] suggested grain boundary diffusion dominated creep at 

high homologous temperature (TH = 0.5) and low normalized stress (ζ/E~10-5).  In the 

same experiment ultra fine grained (250nm) NiP was found to exhibit lattice diffusion 

(Nabarro-Herring) dominated creep under the same conditions.  Nanocrystalline copper 

(Cu) [49] was studied at low homologous temperature (TH ~ 0.23) and high creep 

stresses (ζ/E ~ 10-3). The minimum creep rate was proportional to the stress (n~1).  

The authors suggested Coble creep as the operative mechanism.  
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Figure 4.7.  Comparison of creep deformation maps for coarse and fine Al [2].
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4.2 Creep of a Zn-Al Die-casting Alloy as a Function of Grain Size 

4.2.1 Introduction 

Deformation behaviors of nanocrystalline and ultra-fine grained materials have 

been shown to occur in most cases by processes distinctly different from their coarse 

grained counterparts [1-3]. Nanocrystalline and ultra-fine grain materials formed by inert 

gas deposition [4] and deformation processes such as ball-milling [5] and bulk severe 

plastic deformation [6] are unique in their large volume fraction of grain boundaries and 

the underlying deformation mechanisms which reflect this effect.  In addition the large 

volume fraction of grain boundaries, in some cases defects introduced by the 

processing of nanocrystalline and ultra-fine grained materials have been shown to 

influence mechanical properties [1].  These defects can range from residual porosity 

from sintering of nanocrystalline powders at low enough temperatures to maintain their 

metastable microstructures [7] to internal flaws such as cracks within in-situ 

consolidated materials [8] which both affect tensile ductility of nanocrystalline and ultra-

fine specimens.   

Nano-scale dispersions can be intentionally or un-intentionally introduced within 

the microstructure of materials produced by the ball-milling process by interactions 

between the material and the environment producing oxides and nitrides [9-10].  Fine 

uniform dispersions have been shown to enhance thermal stability [11] and influence 
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nearly the entire range of creep mechanisms from low stress diffusive processes [12], to 

grain boundary sliding [10], to high stress Power-Law creep [12-13].  The dispersions 

influence nearly all creep mechanisms in some way because the dislocations which act 

as the sources and sinks of vacancies for diffusive creep mechanisms, accommodate 

grain boundary sliding, and glide and climb of dislocations in the Power-Law creep 

regime are all affected when they encounter second phase particles. 

The goal of the following research is to study the effects highly refined grain 

structures have on the creep properties of a near eutectic Zn-Al die-casting alloy. This 

alloy has been optimized for high fluidity with the purpose of producing very thin section 

die-castings on the order of 0.3mm or less [14]. During the rapid solidification of the 

ultra thin section die-casting the conventional lamellar eutectic structure is not kinetically 

allowed to form and instead consists of fine grained zinc with an ultra-fine to near-

nanocrystalline aluminum second phase dispersed throughout.  It is expected that even 

thinner sections will result in further refinement to the grain structure of the material.  To 

assess the effect further thinning of the die-casting section may have on the creep 

behavior of the material, cryogenically ball-milled material of the same alloy composition 

was produced and tested under creep conditions over a range of stress, temperature, 

and grain size. To allow for creep testing on the small volumes of material produced by 

the ball milling process as well as minimize sample-to-sample microstructural variation, 

the impression creep test [15-17] was chosen to study the creep behavior of the 
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material.  There are numerous benefits to this type of testing as discussed in detail in 

the literature [17]. 

4.2.2 Experimental Procedure 

Pure Zn(99.9%) and Al(99.97%) powders were ball milled at cryogenic 

temperatures using a modified SPEX ball milling machine to produce mechanically 

alloyed Zn-4.5wt% Al specimens.  The cryogenic milling was performed for a period of 4 

hours at a ball to powder mass ratio of 10:1 and 5 grams of powder.  Liquid nitrogen 

was continuously flowed into the vessel holding the ball milling vial to maintain the 

cryogenic conditions.  The resulting powders were consolidated at room temperature 

into solid discs using a punch and die at 1 GPa of uniaxial pressure.  All powders were 

loaded and removed from the o-ring sealed vials in an atmosphere controlled glove box 

with a load lock under high purity argon with an operating rating of less than 1ppm O2.  

Some specimens were annealed to coarsen the as-milled microstructure.  Annealing 

times and temperatures were chosen based upon an extensive series of annealing 

experiments described previously (18) to provide three distinct microstructures of 

interest for creep testing.  The times and temperatures chosen were 24 hours at 473K 

(T/Tm = 0.72) and 7 days at 613K (T/Tm = 0.94). Annealing was performed in a silicone 

oil bath for specimens annealed at 473K and in a vacuum tube furnace for samples 

annealed at 613K. Hardness was measured using a Vickers microhardness testing 

machine.  Impression creep tests were carried out using a holder designed to uniaxially 
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align the specimen and indenter as well as prevent any undesirable bending stresses.  

Care was taken to assure that the faces of the indenter and specimen were parallel.  

Creep testing was performed at room temperature (T/Tm = 0.45) and 373K (T/Tm = 

0.57).  TEM specimens and ion channeling contrast images were produced using a 

focused ion beam.  TEM images were taken using a Hitachi HF2000 field emission 

microscope in conventional bright and dark field modes.   

4.2.3 Results and discussion 

As previously described in chapter 3, the annealing experiments resulted in three 

distinct microstructures.  The as-milled microstructure was found to have a volume 

average grain size of 260nm, while the samples annealed at 473K for 24 hours had a 

volume average grain size of 510nm, while the samples annealed near the melting 

temperature (T/Tm = 0.94) for nearly a week were found to be very coarse grained.  

Attempts at quantifying the size of the final microstructure were inconclusive since 

neither electron microscopy, ion channeling microscopy, nor chemical etching followed 

by optical microscopy were able to discern distinct zinc grain boundaries.  Since none of 

the multiple fields of view of tens of microns within focused ion beam microscope 

revealed any grain boundaries it is assumed the grain size is at least on the order of 

hundreds of microns or more.  

Figure 4.8 shows the impression creep data as a function of strain versus dwell time 

under different stress levels for the two ultra-fine grained microstructures of interest.  
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For both microstructures, the room temperature (295K) tests require significantly longer 

time to achieve minimum secondary strain rate conditions in comparison to the higher 

temperature tests (373K). For some room temperature tests an excess of 72 hours was 

necessary to reach the minimum strain rate.  At elevated temperatures steady state 

strain rates were achieved at much shorter times. In some cases such as those at 

elevated temperatures and stresses, the minimum strain rate occurred less than 24 

hours into the creep test.  The minimum strain rates measured for each set of conditions 

are summarized in Table 4.3 and plotted in Figures 4.9-12. 

For the as-milled microstructure two plots of strain rate versus stress are shown.  

In Figure 4.9 the stress exponent (n), which is the slope of the log-log plot, increases 

with decreasing applied stress.  This behavior is similar to other metals prepared by 

cryogenic ball-milling followed by sintering including an Al-Mg alloy [10] and a eutectoid 

Zn-Al alloy [9].  Previous studies explained this behavior as analogous to dispersion 

strengthened (DS) alloys where the observed deformation is driven by an effective 

stress (ζe) which is the applied stress minus a threshold stress (ζ0).  For this type of 

creep the creep rate (휀 ) equation [18] is modified to include the threshold effect and is of 

the form [13, 19] 

휀 = 𝐴  
𝜎−𝜎0

𝐸
 
𝑛

𝑒𝑥𝑝  
−𝑄𝑡

𝑅𝑇
      (1) 
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where A is a constant, E is the Young‟s modulus, Qt is the true activation energy, R is 

the universal gas constant, and T is the temperature. To estimate the value of the 

threshold stress at a given temperature the data of strain rate (휀 ) versus stress (σ) are 

plotted as (휀 1 𝑛 ) versus (σ) on linear scales [13]. The data points will extrapolate to zero 

strain rate at the threshold stress (ζ0) for that temperature.  Regression analysis found 

that n values of 1 yielded the best linear fit of the data.  The threshold stresses at 295K 

and 373K were calculated to be 50 MPa and 17 MPa respectively.  This compares well 

with other research which showed lower values of the threshold stress (1-12MPa) at 

higher homologous temperatures (T/Tm = 0.62-76) [9-10].  Test temperatures were kept 

to low values to ensure constant microstructure during creep conditions for the ultra-fine 

grained material.  Constant microstructure was inferred using pre and post creep test 

hardness measurements.  Since the value of the threshold stress is a strong function of 

temperature it has been shown that the behavior can be described by [13, 19] 

𝜎0

𝐸
= 𝐵0𝑒𝑥𝑝  

𝑄0

𝑅𝑇
      (2) 

where B0 is another constant and Q0 is an activation energy term associated with the 

binding energy between the dislocations and the obstacles.   
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Figure 4.8.  Selected impression creep strain versus time for (a) davg = 260nm at 295K, 

(b) davg = 260nm at 373K, (c) 510nm at 295K, (d) davg = 510nm at 373K.  
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Figure 4.9. Minimum measured strain rate versus normalized applied creep stress for 

davg = 260nm tested at 295K and 373K. 
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Figure 4.10. Minimum measured strain rate versus effective applied creep stress for davg 

= 260nm tested at 295K and 373K.  Only n=1 region shown. 
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Since a diffusive creep mechanism is predicted by the n value near 1, dislocation 

motion is not directly resulting in the observed creep strain and they are considered to 

be inefficient as the sources and sinks of vacancies for the diffusive process [12, 20].  

Plotting the data in the Arrhenius fashion and taking the activation energy from the 

slope of the line (slope = Q0/R), the calculated value of the threshold stress binding 

energy (Q0) is 29 kJ/mol, which is similar to the value reported for another Zn-Al alloy of 

21 kJ/mol [19].  When a threshold stress is seen and included in the rate equation (1) it 

has been shown that the measured apparent activation energy (Qa) must be modified to 

reveal the true activation energy (Qt) using the following equation [10].  

𝑄𝑡 = 𝑄𝑎 −
𝑛𝑄0

 
𝜎

𝜎0
−1 

      (3) 

Using the experimental data previously described with apparent activation energy of 

82kJ/mol a calculated true activation energy of 69kJ/mol was found for the data 

corresponding to n=1.  This compares well with the activation energy for grain boundary 

diffusion in pure zinc (61 kJ/mol) and aluminum (84 kJ/mol) [12].  At higher stresses 

where n>5, in the Power-Law creep regime, the activation energy was found to be 

97kJ/mol which compares well with that of lattice diffusion in Zn (92 kJ/mol) [12].  After 

subtracting the threshold stress from the applied stress Figure 4.9 is plotted as strain 

rate versus effective stress (𝜎 − 𝜎0) as shown in Figure 4.10.  Subtraction of the 
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threshold stress resulted in linear strain rate versus stress trends on the logarithmic plot 

with n values very close to 1 at both temperatures.   

Figure 4.11 shows the strain rate versus stress behavior for the mildly annealed 

microstructure having a volume average grain size of 510nm.  At room temperature the 

stress exponent (n), or slope of the data, has a value of 1.4 at low stresses with 

transition to a higher n value of 5.4 above 100MPa.  At the higher test temperature of 

373K, the stress exponent value is slightly reduced to 1.1, transitioning to 5.4 above an 

applied stress of 55MPa.  The mid-grey data points shown in Figure 4.11 at the lowest 

levels of stress were recorded using a larger punch diameter (800µm) in comparison to 

the other experiments (350µm).  The data was normalized for plotting with the existing 

data set following the procedure outlined in the literature for diffusion based creep 

mechanisms [16].  The larger punch was used to allow for extra data points to be added 

at lower stresses with existing equipment.  Similar to the as-milled microstructure a 

diffusion based creep mechanism is predicted by the stress exponent of 1.  This is 

reasonable given the ultra-fine grain structure.  However, unlike for the as-milled case, 

this microstructure shows no signs of a threshold stress. 
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Figure 4.11. Minimum measured strain rate versus normalized applied creep stress for 

davg = 510 nm tested at 295K and 373K. 
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Figure 4.12. Minimum measured strain rate versus normalized applied creep stress for 

coarse grained tested at 295K and 373K. 
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The activation energy (Q) calculated for the n=1 regions of the 295K and 373K 

portions of the data yield an average activation energy of 45kJ/mol which is a somewhat 

low value compared to that of the activation energy for grain boundary diffusion in pure 

zinc of 60 kJ/mol [12].  In the higher stress regions where n>5 the activation energy was 

found to be the same as that of the as-milled condition at 97 kJ/mol which as stated is 

close to the accepted value of lattice diffusion in Zn. 

Figure 4.12 shows the strain rate versus stress behavior for the most significantly 

annealed microstructure.  Even though a specific grain size was not able to be 

determined, the very high temperatures (T/Tm = 0.94) and long times (7 days) used was 

expected to remove a significant amount of the grain boundary area within the 

specimen.  The resulting coarse microstructure yields distinctly different creep behavior 

in comparison to the ultra-fine grained samples previously described.  At room 

temperature the stress exponent is calculated as 5.11 over the entire range of stress 

tested while for test temperature of 373K a value of 3.76 is seen, also with no transitions 

in the stress exponent.  This compares favorably with n values from the literature on 

coarse grained sand-castings of the same alloy which show stress exponent values of 

6.5 and 3.9 for temperatures of 303K and 373K respectively [22].  The authors own 

impression creep tests on sand-cast material yielded an n value of 3.7 at a testing 

temperature of 373K. 
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Threshold stresses have most often been seen where an intentional or unintentional 

dispersion of precipitates or oxide/nitrides is seen [9-10, 13].  For each of the previous 

experiments zinc and aluminum based alloys were cryogenically milled potentially 

exposing the high surface area powder to a milling environment at high risk of oxygen 

and/or nitrogen contamination.  This contamination is believed to result in the observed 

threshold stresses.  The way in which the dispersion affects the apparent stress 

exponent depends on the dominant active creep mechanism. For the case where the 

true stress exponent of creep is equal to 1 it can be explained as the dispersion causing 

inefficient vacancy transfer between the sources and sinks of vacancies [12, 20].  

Preliminary study towards identification of a fine oxide/nitride dispersion found localized 

regions of elevated oxygen signal in energy dispersive X-ray spectroscopy (EDS) on 

nano-crystals (10-30nm) within the ultra-fine grained microstructure whereas no oxygen 

signal was seen while illuminating larger areas.  An example TEM image is shown in 

Figure 4.13.  When compared to other DS alloys [22] it appears from qualitative analysis 

of the present data that the potential oxides are widely dispersed and few in number 

when compared to data in the literature.  To achieve the strong threshold stress effects 

seen in the present data a significant number fraction of the grains would need to be 

contributing to the threshold effect.  Sufficient microscopic examination to quantitatively 

determine average size and spatial distribution characteristics of the dispersion is not 
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yet available.  Further study of the particles, such as selected area diffraction, has been 

proposed to more confidently identify the chemistry and structure of the dispersions. 

A second possibility which could cause an interference with the sources and sinks of 

vacancies leading to the threshold stress behavior is non-uniform solute segregation.  It 

has been shown that the ball-milling process is effective at extending the solubility limits 

of alloys [23].  If the Al is being forced into solid solution during the milling process it is 

possible that solute atoms surrounding the grain boundaries are interfering with ideal 

vacancy production and transport which drives the strain seen as a result of diffusive 

creep mechanisms.  Further study such as Z-contrast TEM would be necessary to 

identify any Al in solution for this alloy which consists of two nearly pure Zn and Al 

phases under equilibrium conditions.  Solute segregation interfering with the creep 

mechanism would be consistent with the present data since annealing of the 

microstructure would result in precipitation of any Al present near the grain boundaries, 

in turn removing the cause for the threshold stress. 
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Table 4.3. Measured steady state creep rates versus stress, temperature, and 
microstructure.

 
Measured Steady State Creep Rate (x10-7(s-1)) 

Stress (MPa) Temperature (ºC) Microstructure 

    260nm 510nm Coarse Grained 

19 22 - - - 

 
100 0.039 - - 

     25 22 - 0.122 - 

 
100 0.222 0.408 0.222 

     40 22 - 0.194 0.025 

 
100 0.528 0.722 1.36 

     55 22 0.056 0.317 0.417 

 
100 1.14 2.17 2.58 

     70 22 0.250 0.444 0.917 

 
100 2.11 3.89 8.39 

     85 22 0.375 0.556 3.39 

 
100 5.03 13.1 - 

     100 22 0.535 0.722 7.78 

 
100 - - - 

     115 22 1.06 1.39 - 

 
100 - - - 

     130 22 2.67 3.03 - 

  100 - - - 
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Figure 4.13. TEM dark field (a) and bright field (b) images showing nanocrystalline dispersion particles (b) in an 

ultra-fine matrix (a).
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4.2.4 Conclusions 

Impression creep behavior of a near eutectic Zn-Al alloy processed by cryogenic ball-

milling and room temperature consolidation was studied.  In the as-milled condition the 

material had a volume average grain size of 260nm and exhibited increasing stress 

exponents and activation energies at low stresses suggesting the presence of a 

threshold stress.  After accounting for the threshold stress the true stress exponent was 

found to be near 1 for both testing temperatures at lower applied stress levels.  The true 

activation energy was calculated to be 69kJ/mol for the 260nm microstructure.  These 

two results suggest a diffusion dominated creep mechanism, possibly Coble creep 

given the activation energy being similar to that for grain boundary diffusion.  For the 

material annealed at 473K for an hour the volume average grain size increased to 

510nm while the stress exponents remained near 1 both at room temperature and at 

373K at lower applied stress levels.  The calculated activation energy for this 

microstructure was 45kJ/mol, somewhat lower than that of grain boundary diffusion.  

Coble creep is also suggested as a possible creep mechanism for this annealed 

microstructure.  Finally, for the highly annealed microstructure the observed stress 

exponents of 5.1 at room temperature and 3.8 at 373K suggest dislocation climb 

controlled creep very similar to that seen in coarse grained sand-castings of the same 

alloy. 
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SUMMARY 
 

 The goal of the current research was to investigate the creep mechanisms 

operative in a Zn-Al die-casting alloy over a range of grain sizes.  The alloy of interest 

was designed to optimize fluidity for ultra-thin die-casting.  During such rapid 

solidification the material was approaching ultra-fine grained scales with current 

technology.  As the castings become thinner with future developments it is expected 

that the grain size will reach the ultra-fine scale.  To preemptively study the potential 

creep characteristics the alloy was processed using cryogenic ball-milling which has 

been shown to produce nanocrystalline and ultra-fine grained microstructures for a wide 

range of materials.  After milling the material was subjected to targeted heat treatments 

over a range of time and temperature.  The microstructures were studied before and 

after heat treatments and it was determined that a well behaved Hall-Petch relationship 

existed throughout most of the ultra-fine grained regime.  Two ultra-fine microstructures 

and a single coarse grained microstructure were studied using the impression creep 

technique.   

The first microstructure was the as-milled microstructure having a volume average grain 

size of 260nm.  The creep behavior of the material exhibits the characteristics of a 

threshold stress where the stress exponent increases rapidly at low stresses.  Using 

procedures outlined in the literature the threshold stress versus temperature was 
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calculated and compensated for.  After removal of the threshold stress the true creep 

behavior of the material found.  Stress exponents near 1 for both room temperature and 

100ºC were seen.  The activation energy was found to be similar to grain boundary 

diffusion.  These results suggest Coble creep as a potential dominant creep mechanism 

at low stresses and over the range of temperature tested for this microstructure.  Higher 

homologous temperatures were not tested due to softening of the material, suggesting 

grain growth during creep testing, which would violate the requirement of a constant 

microstructure.  The presence of the threshold stress has been attributed to the 

possibility of oxide dispersions or non-uniform segregation of Al interfering with the grain 

boundary diffusion process.  Further experiments would be needed to more thoroughly 

asses the cause of the threshold effect.  At elevated stresses the creep exponent 

increased to higher values in the range of dislocation climb controlled Power-Law creep. 

The second microstructure studied using the impression creep technique had been 

subjected to a targeted heat treatment to produce a microstructure with a volume 

average grain size of 510nm.  For this microstructure stress exponents near 1 were also 

found for room temperature and 100ºC; however, no threshold stresses were seen even 

at much lower applied stresses than were possible for the as-milled microstructure.  The 

activation energy was also close to that of grain boundary diffusion, again suggesting 

Coble creep.  It was noted that the activation energy was notably low even for grain 

boundary diffusion leaving some uncertainty.  The creep behavior transitions from 
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diffusion controlled creep to dislocation climb controlled Power-Law creep at high 

stress. 

The final microstructure studied was annealed at near the melting point for a week in 

order to remove as much grain boundary area as possible.  This microstructure was 

found to have dramatically different creep behavior in comparison to the ultra-fine 

microstructures already discussed.  Over the entire range of stress and temperature 

studied the material exhibits typical Power-Law creep behavior with stress exponents on 

the order of 4-6 seen.  The measured stress exponents compare well with data from the 

literature on coarse grained sand castings of the same alloy. 

The creep experiments outlined here show that for ultra-fine grained material of the 

alloy of interest diffusion based creep mechanisms are likely to be encountered as ultra-

thin die-casting technology results in rapidly solidified material.  Although the absolute 

value of the creep rates described herein by the impression creep test cannot be 

directly related to tensile creep rates with any reasonable level of accuracy without 

accompanying them with tensile data directly; it is the opinion of the author that elevated 

temperature use of the high fluidity die-casting alloy at ultra-fine grain sizes may result 

in creep rates above those outlined elsewhere as goals for practical use of this material 

in industry due to the presence of diffusion based creep mechanisms.   For the as-

milled material tested at 100ºC and approximately 19 MPa the impression creep test 

showed a 1.5% elongation at 1000 hours using only the minimum strain rate and not 
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including any transient strain accumulated during primary creep which was more than 

3% by itself.  The applied stress for this case of 19 MPa also does not account for the 

threshold stress, which when removed makes the true applied stress for this case on 

the order of just 2 MPa.  This is well above the industry goal of 1% elongation at 140ºC 

and 31MPa.  The second ultra-fine microstructure with a 510 nm grain size does not 

improve these results showing an estimated 15% elongation after 1000 hours when 

tested at 100C and 25 MPa.  However, it should be noted that the material tested here 

was softer than the ultra-thin die-cast material in all cases by a factor of near 3 due to 

the dramatically different processing history of the two types of microstructures. 
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SUGGESTIONS FOR FUTURE WORK 

Further work is necessary to more fully explore the concepts discussed in the present 

work.  Perhaps the most interesting result seen was the presence of a threshold stress 

for creep for the as-milled condition of the alloy of interest.  Although identification of the 

presence of the threshold was relatively straightforward to identify, characterization of 

the source was not.  Preliminary microscopy at very high magnifications were able to 

identify nano-grains (10-50nm) within the ultra-fine matrix which often had elevated 

oxygen signals in comparison to the bulk when measured with energy dispersive x-ray 

spectroscopy.  This suggests the nano-grains were some type of Zn or Al oxide formed 

during the ball-milling process.  This is a reasonable assumption since the cryogenic 

temperatures of the processing cause embrittlement of the rubber o-rings used to seal 

the vial, making contamination a real possibility.  However, in comparison to other DS 

alloys the number fraction of the nano-grains and their relatively large average spacing 

limits the ability to confidently identify them as the sole source of the threshold effect.  

An additional suggestion to the source of the threshold was the potential for extended 

solid solubility during the ball-milling process leading to solute segregation near the 

grain boundaries.  The solutes could cause interference with the vacancy sinks and 

sources leading to reduced mass transport by the grain boundary diffusion process and 

in turn lead to the observed creep threshold.  Converged beam diffraction and Z-
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contrast imaging are two microscopy techniques which would be appropriate for 

identification of oxides and extended solid solubility respectively. 

It would also be interesting to study the creep of ultra-fine specimens of this alloy 

processed by techniques such as ECAP or HPT.  These techniques are unlikely to 

suffer from the same contamination issues due to their bulk style of processing, 

although grain sizes of the same scale as ball-milling may not be possible.  ECAP would 

be especially advantageous in that large scale bulk specimens could be processed such 

that tensile specimens could be produced in addition to impression creep specimens. 

The final set of unanswered questions lie in the inconclusive microstructural details for 

annealing studies on samples below 200 MPa where nearly no functional relationship 

was seen with respect to grain size and hardness.  Throughout the ultra-fine regime 

samples followed a well behaved Hall-Petch relationship.  As the samples were 

annealed close to 1µm the continued softening expected by further annealing was not 

seen.  The fact that the annealed alloy consists of two nearly pure phases complicates 

defining a true grain size since the Zn and Al grains did not grow at equal rates.  Even 

for highly annealed specimens where the Zn grains could have been up to millimeter 

scales the Al was still ultra-fine.  In addition the unique morphology of the microstructure 

produced by ball-milling and annealing makes comparison to cast-structures directly 

difficult with current data.  Further detailed study of the annealing behavior of the alloy is 

necessary to more thoroughly define and understand these issues.   
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 Appendix - A  

Microscopy of ultra-fine and nanocrystalline metal alloys 

A.1 Introduction 

Producing electron transparent specimens can be the most difficult aspect of 

microscopy for some nanocrystalline or ultra-fine metals due to a wide range of 

problems from difficult to process specimen geometries such as powders [1] to the need 

for site specific analysis [2].  Up to the development of the focused ion beam (FIB) [3] 

the most common preparation techniques for nanocrystalline metals were mechanical 

thinning followed by either electro-jet-polishing [4] or ion-milling.  In both cases 

specimens are mechanically thinned to 100μm or less and then selectively thinned 

further in certain regions.  The goal of each technique is to obtain as large of an electron 

transparent region as possible from a bulk specimen while not changing the 

microstructure of interest in the process.  At the same time suitable electron 

transparency requires a final thickness of less than 100 nm [5] with even thinner 

requirements for advanced transmission electron microscopy (TEM) methods such as 

Z-contrast (Z = atomic number) imaging and high resolution TEM. In some materials this 

can prove problematic since the largest thin regions will be possible at the very onset of 

perforation of a hole though the dimple produced by either technique.  If the material 

exhibits poor inter-particle bonding or a large difference in chemical etching rates the 
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onset of perforation while maintaining a large enough area with sufficient electron 

transparency can be difficult or impossible to achieve. 

The submerged double-jet electropolishing technique was developed by 

Schoone and Fischione [6] in 1966 which allowed for automatic termination of the 

polishing operation when a perforation was detected.  In this system the specimen is 

setup as the anode and the voltage, current density, temperature, time, and fluid flow 

rates all affect the polishing process [7].  In addition to these system parameters the 

mechanical properties [8] and even physical dimensions of the specimen must also be 

considered for ideal conditions to be obtained.  Due to the complexity of these 

interactions, significant personal experience along with literature research on similar 

materials must be performed to obtain acceptable results with any consistency.  In our 

research, nanocrystalline (NC) and ultra-fine-grained (UFG) metal alloys were electro-

polished both in the mechanically consolidated bulk state and also by embedding the 

hard powder particles into a softer matrix of annealed copper [9].  In all three cases poor 

inter-particle bonding and/or chemical etch rate differences prevented suitable electron 

transparent specimens from being obtained. 

Gaseous source ion broad beams are commonly used in TEM sample 

preparation in a similar fashion to electropolishing as a “final step” to electron 

transparency.  Argon (Ar) is typically used as the ion source.  The energy of the beam 

as well as the angle of the beam to the specimen surface are each important in 
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minimizing surface damage [10].  It was reported in the study that low energies and low 

angles produce the minimum amount of surface damage with the argon ion beam.  In 

our research UFG zinc-aluminum (Zn-Al) alloys were Ar ion milled at both low and high 

beam energy and at both low and high angles.  The films deteriorated prior to suitable 

electron transparency.  Due to the highly non-radial symmetric appearance of the 

perforations (more resembling cracks than holes) it is thought that poor particle bonding 

limited the ability of the ion mill to produce acceptable electron transparent specimens. 

Ion emission from a liquid metal ion source (LMIS) was also first developed in the 

1960‟s by Krohn [11] who was researching thrusters for use in space flight.  Several 

years later he used the concept to develop an ion probe for high resolution mass 

spectroscopy [12].  Gallium was proposed as a high brightness, low energy spread 

liquid metal ion source in 1975 [13] and has since been the dominant LMIS for use in 

FIB instruments.  The development and advancement of FIB technology was initially 

driven by the semiconductor industry [14] where it has been put to a wide array of uses 

from device fabrication and lithography to circuit diagnostics and failure analysis.  There 

are many advantages in using a FIB for specimen preparation.  Perhaps the most 

important advantage is the precise site selection and milling control enabling high-

quality surface finish of the final specimen.   General FIB instrumentation and 

application are discussed in detail in the literature [15-16].  In summary, the FIB 

microscope operates along the same principle as the scanning electron microscope 
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(SEM) in that a beam of charged particles is rastered across a specimen.  However, in a 

FIB microscope the charged particle beam consists of positively charged ions rather 

than electrons.  The resultant signals at each raster position are used to form an ion 

induced secondary electron image that exhibits a wide range of useful information [16]. 

The most important information for determining grain sizes in polycrystalline metals is 

ion channeling contrast where lattice planes can steer ions through small angular 

changes [17].  In secondary electron mode, crystals which are able to channel more 

effectively due to their orientation produce fewer detectable electrons since secondary 

electron production is a near-surface phenomenon.  The crystals close to the ideal 

channeling directions therefore show up darker than those which channel less.  This 

effect shows a cyclical repetition through varying tilt angles with varying widths and 

distances between troughs depending on relative crystal orientation [18].  In addition to 

imaging, the FIB can be used for micromachining such as selective materials deposition 

and local material removal by milling and polishing. 

During the last 25 years, the FIB instrumentation has become an important 

technology for a wide array of materials science applications [18].  Metal research with 

submicron features, such as interface, grain size, grain boundary, and precipitate 

distribution, are of specific interest in recent years [19].  Analysis of such features is 

essential to understand their structural and functional properties.  Due to its 

micromachining and imaging capability the FIB has great prospect in the 
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characterization of these submicron and nanometer scale features.  Decreasing costs, 

increasing performance, and perhaps most importantly the increased availability of the 

FIB machines has exposed more scientists to the flexibility of this technology for all 

sorts of microscopy.  The goal of this paper is to examine and discuss the use of the 

focused ion beam to UFG and NC metals and its benefits over traditional two-step 

processing techniques.  

A.2 Experimental Procedure 

A.2.1 Ball Milling – Heat Treatments 

Two nanocrystalline iron (1at% nickel and 1at% zirconium) and one zinc (9at%, 

4.5wt% aluminum) based alloy were investigated.   For both the iron and zinc based 

alloys hardened steel vials and 440C stainless steel balls were used for mechanical 

alloying in a Spex 8000 shaker mill.  Milling was accomplished by loading the hardened 

steel vials with the correct weight ratio of high purity elemental powders to produce the 

desired compositions.  The ball to powder mass ratio was maintained at 10:1.  The vial 

was sealed in an argon atmosphere (O2<1 ppm) prior to milling. Milling took place for up 

to 20 hrs at room temperature for the iron alloys and up to 10 hours at cryogenic 

temperatures for the zinc alloys. Cryogenic temperatures were necessary for the zinc 

alloys to maintain the mechanically alloyed material in powder form during processing.  

Cryogenic temperatures were maintained throughout the milling process using a 
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specially designed capsule which enveloped the steel vial in a continuously fed liquid 

nitrogen bath.  The resulting iron and zinc alloys were subsequently heat treated at 

approximately 40-70% of the homologous melting temperature for 60 minutes under an 

Ar/2%H atmosphere to study grain growth and stability of the microstructures.  X-ray 

diffraction analysis of the ball milled powders was performed with a Rigaku x-ray 

diffractometer using CuKα (λ=0.1542 nm) radiation with a diffracted beam graphite 

monochromator having instrumental broadening ≈ .1o.  Nanoscale microstructures were 

confirmed for the iron based alloys from diffraction line broadening measurements using 

the Scherrer equation and TEM analysis.  All zinc alloys were too coarse for x-ray line 

broadening studies with average grain sizes always above 100nm.  Their ultra-fine-

grained structure was confirmed with TEM analysis. 

A.2.2 Electropolishing  

Milled powders were uniaxialy cold pressed at 1GPa for zinc alloys and 4GPa for 

iron alloys in a tungsten carbide die.  The thin disk specimens were then heat treated at 

the previously described temperatures to increase bonding and density.  Samples were 

mechanically thinned and polished to the correct dimensions required for electrojet 

polishing (3mm diameter and approximately 80μm thick). Samples were subsequently 

electrochemically thinned (8% nitric acid, 92% ethanol) using a Fischione Model 120-

230 electrojet polisher. Inadequacies with particle bonding and preferential etching led 

to overall sample deterioration for both the iron and zinc based alloys.  Similar 
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experiences have been reported in other systems [20].  As a second electropolishing 

method samples of iron alloy powder were prepared by embedding the milled powders 

into 1.5mm thick strips of annealed copper by uniaxial pressure.  These strips were then 

thinned to 100μm by cold rolling. Cold rolling allowed for particle dispersion as well as 

increased particle bonding with the matrix. TEM samples 3mm in diameter were 

subsequently electrochemically thinned (8% nitric acid, 92% ethanol) from the backside. 

While Nitol is a universal etchant for copper alloys with iron dispersoids preferential 

etching at the particle matrix interface occurred leading to particle pullout even under 

weak magnetic fields.  

A.2.3 Dimpling – Ion Milling 

 As with the electropolishing preparation method milled powders were uniaxially 

cold pressed and mechanically thinned to a 3mm diameter and thickness of 

approximately 80 μm.  The samples were then dimpled until the bottom of the dimple 

was less than 10μm thick.  An argon ion mill was used for final thinning.  The dimple 

was ion-milled until a perforation formed at the bottom of the mechanically thinned area.  

The resulting specimens broke apart in the thinnest regions before they became 

electron transparent.  A range of incident angles and beam energies was used with little 

improvement in the resulting samples.  
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A.2.4 Focused Ion Beam  

The FIB has unique advantages in cases where mechanical preparation is difficult or 

impossible [21] as in the case of TEM specimen from as-milled particles.  Extensive 

reviews of FIB micromachining capabilities for cross sectional TEM specimen 

preparation can be found in literatures [22]. TEM cross sections were prepared by the 

FIB TEM lift-out process [23].  The FIB process used in this study consists of four major 

steps: 

1. Creating lift-out thin section; 

2. In situ lift-out of thin section; 

3. Thin section attachment onto TEM grid; 

4. Final thinning. 

This lift-out procedure was followed for the TEM sample preparation of as-milled 

powder particles and powder pressed into pellet form in Fe based alloys.   In the case of 

particles pressed in pellet form for Zn based alloys a novel method combining the 

advantages of traditional TEM specimen forming technique and the FIB thinning 

technique was devised.  The following sections describe the FIB TEM specimen 

preparation processes in detail.  All FIB related work was performed using an FEI 

Quanta 200 3D DualBeam system with a 30keV Ga+ ion beam.  Bulk samples for lift-out 

work were coated with approximately 50 nm of palladium-gold using a Denton sputter 

coater.  Images were taken with a 30keV/90pA electron beam at a working distance of 
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15mm.  Ion beam induced secondary electron images were taken using the ion beam 

as a direct imaging tool with contrast resulting from ion channeling. 

A.2.5 As-milled particles and bulk consolidated Fe samples 

The FIB TEM lift-out process was followed to prepare TEM specimens from the as-

milled particles and mechanically consolidated samples.  Prior to any milling a platinum 

layer was deposited to serve as a protective cap to the final cross section face.  This 

protected the final surface from ion beam damage during the milling procedure.  This 

platinum strip was deposited using an ion beam current of 500pA at 30keV.  Cross 

section cuts were done with a beam current of 20nA and a subsequent cleaning of the 

cut face was carried out with a beam current of 5nA.  These cross section cuts were 

done on both sides of the platinum strip to create the rough lift-out section.   The in-situ 

lift-out of the rough section was performed with an Omni-probe™ micro-manipulator 

system and a gas injection system for Pt deposition.  Platinum deposition was used to 

attach the micro-manipulator to the rough section and subsequently for attachment of 

the rough section to a copper mesh TEM grid.  All attachments were done by using a 

100pA beam. After the rough cross section was attached to the grid the 

micromanipulator was cut free from the section with a 1nA beam.  Final polishing was 

performed with ion beam currents of 1nA, 300pA, and 100pA in series to create the final 

smooth electron transparent window surface.  The final transparent windows had a 
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thickness of 50-70nm.  Surfaces prepared for ion-channeling imaging were polished 

with the same procedure but only on a single surface.  

A.2.6 The “Wedge” Technique 

The Wedge technique was devised to allow the bulk specimen to act directly as 

the film support and specimen grid to place into the TEM.  This simplified the FIB 

process by eliminating steps 2 and 3 from the previously described lift-out process. The 

UFG/NC powder was pressure consolidated into a 3mm diameter disc.  The diameter 

was chosen to fit into standard TEM specimen holders.  It was thinned to approximately 

100μm and then halved using typical metallographic techniques then a tripod polisher 

was used to polish a slope into the surface until the knife-like edge could be observed 

across the center of the 3mm diameter (Figure A.1).  The tip of the knife edge was 

polished perpendicular to the original flat face to present a very thin (~ 10μmx3mm) flat 

surface to the ion beam. The thinned edge was used to produce the final electron 

transparent film. A platinum cap layer was deposited onto the leading edge using a 

500pA ion beam.  A 5nA ion beam was first used to thin the face to ~2μm.  Final 

polishing was then carried out with an ion beam current of 1nA, 300pA, and 100pA to 

create the electron transparent window.  The final transparent window had a thickness 

of 50-70nm. 
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Figure A.1. Schematic view of “wedge” sample preparation process. 
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A.3 Results 

A.3.1 Free standing as-milled particles and consolidated samples 

Figure A.2 shows the procedure for a TEM film lift-out with ion beam induced 

secondary electron images.  Figure A.2a shows an isolated unstressed metallic particle 

with a diameter of ~30m.  The alloy‟s composition was 99at% Fe and 1at% Ni.  The 

particle had been heat treated at 900oC (0.65 Tm) for 1 hour.  The region of interest was 

masked with a 3m thick Pd layer. This layer protects and prevents the carry down of 

surface topography as well as premature milling due to the beam divergence (beam tail) 

during cross-sectional preparation.  Electrical contact to the stage and particle isolation 

was made possible by particle dispersion on to carbon tape.  Figure A.2b shows a top 

down view of the rough section after completion of the initial trenches are formed by the 

ion beam.  The film was approximately 6 m thick.  Figure A.2c shows an oblique view 

of the same stage of preparation.  Figure A.2d shows a film attached to the copper 

supporting grid after being progressively thinned using a decreasing beam current as 

described in the experimental section.  The final film thickness was well below the 

100nm threshold for acceptable transparency and produced this transparency over a 

100+ m2 area.  The results proved that nanostructures did in fact exist, but alongside a 

much coarser surrounding microstructure.  This supports the results predicted by x-ray 

line broadening which was the motivator for this microscopy study.  The remaining  
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Figure A.2. Liftout procedure for an Fe-Ni alloy particle.  a) Pt deposition, b) hog-out, c) 

oblique view of thinned section, d) final thinning completed after attachment to Cu grid. 
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nanostructured regions after annealing at such a high homologous temperature 

comprised a very small volume fraction of the material. Figure A.3 shows the procedure 

for an ion channeling/TEM liftout cross-section.  Figure 3a shows nearly the full cross 

section within an isolated metallic particle of identical Fe-Ni composition as the 

aforementioned particle, which was heat treated at a lower temperature of 700oC (0.54 

Tm) for 1hour.  Figure A.3b shows a higher magnification view of the cross-sectional 

area of the undeformed and stress free particle.  Some topography contrast can be 

seen in the previously polished surface at the grain boundaries due to etching by the ion 

beam at higher magnifications.   In these two images the observable contrast is 

generated via channeling of the ions through regions of varying crystallographic 

orientations which emit secondary electrons proportional to the lattice orientation.  

Immediately apparent is the microstructure consisting of large irregular polycrystalline 

grains of various orientations with an average diameter of 10m.  Layered between 

these larger grains are regions of UFG/NC grains with an average grain size of ~ 

150nm.  Other areas of interest in the image are the rough outer surface layer of the 

particle as well as the micro porosity associated with incomplete particle bonding.  

Figure A.4 shows the final cross-section of an as-milled Zn-Al powder particle 

which had been heat treated at 250ºC for 24 hours in a silicone oil bath.  The ion 

channeling contrast image shows the as-annealed microstructure consisting of  
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Figure A.3. As-milled Fe-Ni alloy heat treated at 700C for 1 hour. Ion-channeling 

images. a) wide field of view showing both fine and coarse microstructures, b) higher 

magnification view from the same area. 
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Figure A.4. Ion Channeling contrast image of annealed UFG Zn-Al. a) wide area view, 

b) higher magnification of the same sample 
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mostly equi-axed ultra fine grains (4b). No significant abnormal grain growth behavior 

was observed throughout the wide area viewed (4a). 

A.3.2 Wedge technique  

Significant difficulties in creating an electron transparent section and the 

attachment of this thin section to TEM grids was experienced using the conventional 

FIB TEM lift-out specimen preparation procedure with the bulk Zn-Al based UFG and 

NC alloys in this study.  This is likely a result of the residual stress from processing and 

the very low hardness of Zn-Al leading to bending and coiling of the film.  The so called 

wedge technique presents a small volume, easy to thin edge to the ion beam while at 

the same time serving as mechanical support to the film and also as the specimen grid 

to be placed in the TEM column (Figure A.5a).  Using this geometry with the same final 

polishing techniques used in lift-out sections high quality electron transparent sections 

were able to be produced (Figure A.5b).  The final result was significantly less time on 

the FIB with large areas showing excellent electron transparency. The UFG 

microstructures were characterized using bright and dark field TEM to have an average 

grain size of 175 – 400nm depending on the annealing conditions (Figures A.5c, d). 
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Figure A.5. Bulk Zn-Al alloy. a/b) low/high magnification SEM image of the “wedge” 

specimen, c) bright field TEM image produced with the “wedge” technique, d) dark field 

TEM image of the same area. 
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A.4 Discussion 

Production of high quality and large area electron transparent specimens through 

traditional TEM specimen preparation techniques such as electropolishing and ion-

milling has proven difficult and in some cases impossible in the UFG and NC alloys 

studied.  For some of the annealed Fe based microstructures very limited volume 

fractions of nano-crystalline material were found within a coarser matrix.  X-ray 

diffraction line broadening results along with elevated hardness measurements 

suggested nanostructures existed within the specimens; the challenge was to find and 

image them.  Random site selection as would occur with traditional two-step transparent 

specimen preparation methods would be unlikely to reveal this type of microstructure 

easily if at all. The site-specific thinning ability along with the in-situ imaging of the FIB 

allowed for TEM films to be produced directly in regions which initially showed the fine 

contrast of the nanostructures using the ion channeling effect of the ion beam.  For the 

Zn base alloys studied the FIB allowed for production of a self supporting electron 

transparent film directly into a bulk specimen which could also serve as the specimen 

grid for insertion into the TEM.  This prevented the premature failures seen in both 

traditional two step preparation techniques as well as film lift-outs using the FIB while at 

the same time reducing sample preparation costs by removing two of the four 

processing steps in the FIB procedure. 
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A.5 Conclusion 

 The focused ion beam has allowed for highly reliable TEM specimen preparation 

with the ability to prepare samples from difficult to process specimens, nanocrystalline 

metals in this case, as well as site specific selection where needed.  These abilities 

along with the relative ease and speed in which samples can be produced has led to the 

FIB becoming an important TEM specimen preparation technique for nanocrystalline 

alloys and increased the quality and quantity of images obtained.  Future advancements 

as well as the continued spread of the availability of FIB technology will only help 

scientists who seek to understand and characterize the microstructures of the materials 

they are studying. 
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Appendix – B 

 Review of Threshold Stresses in Creep  

B.1 Introduction 

Creep experiments at low stresses have been shown to cease to be describable by 

power-law creep or diffusional flow equations for some metals.  For most pure metals 

the difference is generally small but for metallic alloys the difference can be very large.  

The general trend is for a sharp decrease in the measured strain rate with decreasing 

stress.  This phenomenon results in an increase in the apparent stress exponent (n) to 

values potentially orders of magnitude larger than normal values for that stress range 

(typically 1-10) depending on the creep mechanism.  These large stress exponents 

suggest the existence of a threshold stress below which creep rate slows below the 

resolution of most creep experiments (< 10-8).  Slower creep rates can be measured but 

require large samples or highly sensitive measurement equipment.  It is most commonly 

seen that the existence of a fine dispersion of hard second phase particles results in the 

strongest threshold stress influence on creep for both power-law and diffusional flow 

creep mechanisms by pinning dislocations while solute atoms dissolved in alloy 

matrices can also have a drag effect on mobile dislocations.  The following review will 

discuss experimental results and theory on metal alloys at both large and fine grain 

sizes and summarize the causes and effects of the threshold stress phenomenon in 
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creep experiments.  Pure metals will not be discussed since the fine grain sizes needed 

to produce threshold stresses in them are not stable at reasonable creep temperatures. 

B.2 Dispersion and precipitation strengthened metals 

Dispersion Strengthened (DS) metals are of interest due to their increased yield 

strengths and reduced creep rates in comparison to their pure metallic counterparts.  It 

has been shown experimentally that the increase in yield strength can be approximated 

by the Orowan formula [1-3] 

𝜎𝑦 ≈ 𝜇
𝑏

𝑙
           (1) 

where  ζy is the yield strength, μ is the shear modulus, b is the Burgers vector, and l is 

the inter-particle spacing.  The mathematical estimation of strengthening due to Orowan 

pinning of dislocations has also been treated more thoroughly in cases such as particle-

reinforced metal matrix nanocomposites [4] which is often a more rigorous modern 

engineering study of DS alloys.  In modern treatments the particle size and particle 

volume fraction are also included in the strengthening estimation; however for a first 

order estimation, equation (1) will suffice for simplicity.  The strengthening effect through 

the addition of fine particles is similar to precipitation strengthened alloys where 

precipitates are formed through an engineered thermal cycle by the low temperature 

insolubility of some alloying elements.  Ideally, the precipitates are grown to an optimal 
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size to be sufficiently large that they are unable to be cut by dislocations but do not 

coarsen so much that the strengthening effect is lost.  For precipitation strengthened 

alloys [5-6] 

𝜏 =  𝜇 
𝑏

𝑙−2𝑟
       [2] 

where η is the shear strength, and r is the particle radius.   

B.3 Threshold stresses in dislocation and diffusion based creep  

At high temperatures (T > 0.5-0.6Tm) where Power-Law creep occurs by glide and 

climb, dislocation motion, and therefore strain rate, is very strongly dependant on stress 

with stress exponent (n) values ranging from 3-10.  When a gliding dislocation is 

impeded by an obstacle, the ability to climb given by the additional thermal energy at 

higher temperatures may allow motion on a parallel slip plane.  In this way the total 

strain is determined by the glide steps but the rate of strain is limited by the climb step.  

This type of behavior is sometimes referred to as class-M creep where the 

characteristics of metal alloys are similar to pure metals at high temperatures. Here 

climb is the rate controlling step, large primary creep regions are seen, the activation 

energy is equal to that of lattice diffusion.  Large stress exponents are common (n>5).  

In other materials referred to as class-A alloys, lower stress exponents are seen where 

n=3.  In these materials, glide and climb are still both active; however the rate of glide is 

much reduced because of the locking of the gliding dislocations by solute atoms.  In this 
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case the dislocation glide mechanism is rate controlling with the activation energy being 

that of the solvent and solute lattice diffusion.  

For coarse grained DS alloys, the minimum creep rate for Power-Law creep can be 

several orders of magnitude slower than the alloy‟s pure base metal at the same stress 

and temperature.  The size of the Power-Law creep region on a normalized stress vs 

temperature map can also shrink since the effect of dispersions and solid solutions in 

alloys is less on diffusion-based creep processes than purely dislocation based creep 

[7].  This will be further discussed in the next section.  In addition to a global reduction in 

the minimum creep rate for DS alloys it has also been seen in many alloys systems that 

a dispersion of fine second phase particles introduces an apparent threshold stress.  

This value of this threshold stress has been calculated as [8] 

𝜏𝑡𝑟

𝜇
≈  0.33

𝑏

𝑙
       [3] 

where ηtr is the threshold stress.  It is argued that the 0.33 factor compared to the 

Orowan stress equation results from the high temperature ability of the dislocations to 

climb around obstacles instead of bow between them on slip planes.  For fine grained 

DS alloys an additional consideration may occur at low stresses.  As the threshold 

stress slows Power-law creep, another mechanism may become dominant and still able 

to appreciably creep the material.  At low stresses for fine grained materials, diffusional 

flow based processes may dominate creep.  Diffusion based processes can also be 
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influenced by fine dispersions but generally its effect is less than that on Power-law 

creep.  This idea will now be further discussed. 

Boundary dislocations act as both the sources and sinks of vacancies within grain and 

phase boundaries.  The density of these dislocations increases under the forces of 

applied stress like those seen in creep.  For alloys containing a fine dispersion of a 

second phase, the mobility of boundary dislocations is greatly reduced leading to 

apparent threshold stresses for creep.  This phenomenon is not generally seen in pure 

metals since grain boundary mobility is high and the basic diffusion controlled rate 

equation well behaved even at very low stresses.  The fine grain sizes needed to exert 

sufficient boundary dislocation self-stresses are generally unstable in pure metals.  In 

solid solutions the dissolved alloying atoms can segregate to the boundary dislocations 

in an analogous manner to the viscous glide creep mechanism where the segregating 

alloying elements increase the effective viscosity of the medium through which the 

dislocations are moving.  Because boundary dislocations have smaller average Burgers 

vectors than lattice dislocations; [7, 9] however, the net effect of this viscous 

segregation is less than that of power-law creep.  Discrete second phase particles 

which are resistant to cutting by dislocations are even more effective at inhibiting 

boundary dislocation motion due to Orowan pinning.  The net effect of these two effects 

individually or in series is to introduce a threshold to the creep of the material.  Ashby 

[10-12] and later in Frost and Ashby [7] demonstrate how the diffusional flow law is 
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modified with a resistance force acting against dislocation mobility to show how solid 

solution and second phase alloys can interact with the basic ideas of mass transport 

through the lattice or grain boundary.  The result of the modification to the diffusional 

flow law is a region on the creep mechanism map where the creep rate is no longer 

directly proportional to stress; instead the creep exponent (n) increases to a value of 2 

where the minimum creep rate is mobility controlled due to obstacles instead of diffusion 

controlled.  The net effect of these changes to the diffusional flow law on calculated 

creep mechanism maps is shown in the following section. 

B.4 Threshold stress effects on creep mechanism maps  

It can be seen in Figure B.1 that for coarse grained (d = 1 mm) pure nickel the Power-

law creep mechanism dominates over the majority of the shown temperature and stress 

space.  Only a small region of lattice diffusion is seen at the lowest decade of stress and 

the highest decade of temperature.  Above the region of Power-law creep in stress 

plastic deformation occurs at high strain rates.   

In Figure B.2 the nickel has been work hardened resulting in a reduction in the grain 

size to 0.1 mm. For this map the diffusional flow region has grown and taken over 

territory previously dominated by Power-law creep.  It should be noted that for this map 

the ideal diffusion law was still used for calculating the creep rate so that the strain rate 

is always proportional to stress so that an order of magnitude increase in 
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Figure B.1. Creep mechanism map for coarse grained nickel [7]. 
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stress increases the strain rate by an equal order of magnitude within the diffusional 

flow region.  

When the effects of a threshold stress due to dissolved alloying elements or fine second 

phase precipitates is included in the calculation, the result can be seen in Figure B.3.  In 

the left image a weak mobility limitation is included so that creep is “interface reaction 

controlled” below ζ/μ ~ 10-6.  In this region increases in stress by an order of magnitude 

result in two orders of magnitude increase in the apparent creep rate (n=2).  When the 

mobility limitation is very strong creep ceases altogether resulting in a sudden threshold 

stress as shown in the right side of Figure B.3.  In this image the barriers are so strong 

that the boundary dislocations that act as the source and sinks of vacancies are 

completely pinned and unable to move.  Because the applied stress is being entirely 

used towards trying to move the dislocation (even if unable to do so) no chemical 

potential due to the stress is available to drive diffusion. 
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Figure B.2. Creep mechanism map for fine grained nickel [7]. 
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Figure B.3.  Creep mechanism maps for weak mobility limitations and complete 

dislocation pinning as a threshold stress [7]. 
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