
 

 

Abstract 

ATWATER, MARK ANDREW. Stabilizing Nanocrystalline Copper and Brass by Solute 
Addition. (Under the direction of Dr. Carl C. Koch). 
 

Metals commonly show increased strength as the grain size is reduced, and as the 

grain size reaches nanoscale dimensions the increase can be quite dramatic. With this 

improvement in strength comes a more insidious side effect: microstructural instability. The 

same grain size dependent strengthening carries an energy penalty. The large percentage of 

grain boundaries have an energy associated with them and this energy can be reduced to a 

more favorable state by grain growth. The driving force for this process is proportional to the 

boundary energy and area, and in nanocrystalline metals it is quite large. This causes grain 

growth to occur at temperatures that are only a small fraction of the melting temperature of 

the metal. If not addressed, this instability at elevated temperature makes a nanocrystalline 

material unsuitable for service. The basis of this work is that it can be addressed. Indeed, 

grain growth can be significantly suppressed even at elevated temperatures by judicious 

addition of minor alloying elements. 

 

To reduce the grain size to this degree requires unique processing. The method used for this 

study was severe plastic deformation by high-energy ball milling. Not only can the grain size 

be reduced by this method, but nonequilibrium alloys can be created by mechanical alloying. 

To study the grain size stabilization of nanocrystalline copper and brass, they were milled in 

pure form and small additions of other elements were systematically added to determine the 

effects. The elements chosen were zirconium (Zr), antimony (Sb), and tungsten (W). The 



 

 

general recipe for stabilizing nanocrystalline metals is to add an element which has a large 

atomic size difference and low solubility in the parent phase to encourage segregation to the 

grain boundaries. The purpose it serves toward grain boundary stabilization can be either to 

reduce the grain boundary energy or mobility. The former is known as the thermodynamic 

mechanism and the latter is the kinetic mechanism.   

 

Copper and brass both saw an increase in grain size stabilization by the addition of just 1 at% 

Zr. Copper benefited significantly seeing an increase in growth onset from approximately 

300 °C to 1000 °C. Brass proved to be more stable when pure, maintaining a nanoscale grain 

size to 600 °C, but did so to 800 °C with the Zr addition. Antimony proved to be a poor 

stabilizer as neither copper nor brass saw any appreciable increase in growth onset 

temperature. Brass actually proved to be somewhat less stable when Sb was added. This poor 

performance is attributed to the appreciable solubility of Sb in copper throughout the 

annealing range. Tungsten was added to copper, but it was difficult to reduce the tungsten 

particle size even with longer milling times, and this manifested in a very large size 

distribution of W particles (~10-5000 nm). As W and copper are completely immiscible even 

as liquids, the W remains as discreet particles and acts in kinetic manner. This method 

toward stabilization requires particle sizes be appreciably smaller than the grain size, and 

with such a broad size distribution only a fraction of the W added was reduced to useful 

dimensions. The stability was extended to 600 °C by adding 10 at % W.  

 



 

 

Nanocrystalline materials carry a promise of a new application for current materials and the 

processing techniques can be used to produce new alloys unattainable through traditional, 

equilibrium processes. There are still barriers to overcome before utilizing the unique 

properties these materials possess, however, one of the most foreboding, low temperature 

grain growth, can be successfully addressed through solute stabilization. 
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1 Introduction  

 

 

A material’s properties are directly related to its microstructure. Therefore, one material 

may behave quite differently when processed in different ways. The processing variables 

include categories such as physical deformation and thermal treatment. The rate and 

sequence of processing steps also have a profound impact for the final characteristics. There 

is a two-fold implication for having a long list of processing variables such as pressure, 

temperature, atmosphere, duration, rate, etc. The first aspect to consider is the challenge 

presented. With so many variable details, how well can we expect repeatability? The second 

aspect is the opportunity presented. With so many variables, how can they be exploited to 

yield unique results? The area of nanocrystalline material production and characterization is a 

balance of these two aspects. Severe plastic deformation (SPD), the technique used in this 

work, can be described as difficult to precisely control, but capable of producing unique, 

nonequilibrium structures, unattainable by conventional techniques. The many variables 

encountered in producing novel materials by SPD can be challenging to direct since the 

processing occurs under extreme conditions with respect to total strain and strain rate. 

Despite lacking the ability to precisely tailor the process, many steps can be taken to achieve 

the desired result in a repeatable way. 
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The nonequilibrium nature of many nanocrystalline structures creates new opportunities but 

also new obstacles. Being that they are metastable, their natural inclination is toward a stable 

state that is typically less useful than the as-processed condition. Though a variety of unique 

structural characteristics may be achieved by nonequilibrium processing (e.g. solid solubility 

extension, amorphous phases, etc.), the main considerations herein are grain size reduction 

and the stabilization of a nanoscale grain structure. In the nanocrystalline condition, grain 

boundary area and the associated energy are much higher than in conventional, coarse-

grained materials which leads to useful properties and important considerations during 

processing and annealing.  

 

The benefit of reducing the grain size in metals is due to an increase in strength and hardness. 

This behavior is described by the Hall-Petch relation [1, 2] which will be further elaborated 

on in Section 2.1. The relation does have limited applicability at the smallest grain sizes, but 

as a generalization, predicts a rise in material strength that is proportional to the inverse 

square root of the grain size. This produces a very rapid, asymptotic rise in strength as grain 

size is reduced, and if strictly accurate to the smallest dimensions, would indicate a nearly 

infinite strength when the grain size is sufficiently reduced. Although the increase in strength 

can be significant [3-5], the smallest grain sizes deviate from this behavior by reaching a 

strength plateau or undergoing grain size softening [6, 7]. 

  

The methods for producing nanocrystalline materials can vary greatly, but typically involve a 

large amount permanent deformation, extremely rapid cooling of a material from the liquid 
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phase, and gas phase condensation among others. The method chosen for this work was high-

energy ball milling. A subcategory of SPD, ball milling employs repeated impact of a milling 

media (balls) with the material being processed (typically powder). The repetitive stress and 

strain of the impacts causes the grain size to be reduced. The particular method used here 

involves placing powder(s) and balls into a sealed vial which is rapidly shaken to drive the 

alloying and/or grain size reduction process. The mill of choice, designed and manufactured 

by SPEX SamplePrep, is a “shaker” mill which requires less time than similar techniques but 

with a smaller powder throughput appropriate for alloying screening [8] and not industrial 

production. The details of the apparatus and milling conditions will be elaborated on in 

Section 3.1. 

 

Once the powder has been milled and the grain size sufficiently reduced, the microstructure 

is in a high energy state and therefore prone to return to a more stable, coarse-grained state. 

In pure form, metals have been found to undergo grain growth at room temperature [9] 

indicating a serious susceptibility toward grain growth even at low homologous temperatures. 

To prevent this from occurring, other materials can be added in small quantities (typically < 5 

at%) to stabilize the principal material at a small grain size. Ideally, the stabilizer will prevent 

grain growth without negatively affecting other material properties.  

 

There are two major classifications of stabilization used to mitigate the low-temperature 

grain growth problem. They are defined by the mechanism responsible for stabilizing the 

grain structure, and they are known as kinetic stabilization and thermodynamic stabilization. 
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Though both are intended to stop grain growth from occurring, they achieve that end quite 

differently. In kinetic stabilization, the mechanism working against grain growth is physical 

resistance (mobility reduction). The grain boundaries are inhibited from moving, or pinned, 

by second phase particles that raise the energy needed for movement [10, 11]. In 

thermodynamic stabilization, the end goal is not to raise the energy needed for gain growth, 

but to reduce the energy available for it. Instead of acting as a physical barrier, the goal is to 

make the grains energetically stable so they have no driving force toward growth [12]. 

Kinetic and thermodynamic stabilization will be treated in detail in Sections 2.3.1 and 2.3.2 

respectively.  

 

As these materials are typically in powder form, they are candidates for powder metallurgy 

techniques in forming useful components. Manufacturing of consolidated, bulk parts will 

likely involve high temperature and pressures for relatively short times. As the temperature is 

raised the energy available for grain growth is also increased, and quite significantly. The 

purpose of stabilization is to yield a useful material after processing that retains the superior 

strength attained in the milling step. For this reason, thermal stability must be verified at 

various temperatures, including those quite near the melting point. The driving force for 

growth may increase sufficiently with temperature to destabilize a microstructure which is 

stable at lower temperatures. Stability must be regarded with respect to the maximum 

processing or service temperature, and the material must be kept below the upper stability 

boundary for reliability purposes.  
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The research effort reported herein was conducted to determine the efficacy of stabilizing 

nanocrystalline copper and brass (copper 30 at% zinc). These materials are widely used and 

can benefit greatly from an increase in strength by grain size reduction. To stabilize these 

materials zirconium (Zr), antimony (Sb), and tungsten (W) were added in concentrations up 

to 10 at%. The stability was tested by annealing the samples at various temperatures. To 

determine the success of the stabilizer, the hardness of the annealed specimens were obtained 

since this is indicative of the grain size, especially in the as-milled condition. The grain size 

was estimated using X-ray diffractometry (XRD) and application of the Scherrer formula 

[13]. Though this is a good estimate at very small grain sizes (< 30 nm), it is less reliable as 

grain size increases. For this reason among others, it is imperative to verify the grain size by 

a more precise method. Transmission electron microscopy (TEM) was used to image the 

materials for purposes of determining the grain size as well as to detect the presence and 

distribution of a second phase. Scanning electron microscopy was used to check for porosity, 

verify atomic concentrations, and examine second phase distribution. 

 

Part of the objective of this work was to determine the effect of processing conditions. Alloys 

were generated at room temperature and at cryogenic temperature (77 K). Also, they were 

milled in an argon atmosphere and in an evacuated atmosphere. Multi-step milling, where 

cryogenic and room temperature milling were combined, was also used. The specifics of 

these methods and the alloy systems for which they were used are discussed in Chapter 0. In 

general, it was found that stability was similar for the various processing conditions, though 

there are certain benefits and disadvantages for each setup. 
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When copper was alloyed with zirconium (Chapter 4), the grain size was found to be stable 

up to 900 °C. Though there was a second phase present, it is not though to be sufficient to 

account for such remarkable stability. When pure brass and brass alloyed with zirconium 

(Chapter 5) were annealed, stability of the grain size was maintained to 800 °C which is 

similar to the copper-zirconium in terms of homologous temperature. A surprising feature of 

this particular study was that pure brass was found to be stable up to 600 °C, and the 

zirconium addition was only really useful at 800 °C. Antimony was also added to copper and 

brass (Chapter 6), but the addition was not nearly as effective at stabilizing grain size during 

annealing as zirconium. Copper only benefited slightly and required a higher concentration 

while brass alloyed with antimony actually saw a reduction in grain stability. Finally, copper 

was alloyed with tungsten (Chapter 7) to form a nanocomposite material. This “alloy” 

improved grain size retention during annealing, but only to 600 °C, and then only when 

tungsten was added in a much larger quantity than the other stabilizers. The cause for this is 

attributed to the dominance of kinetic stabilization in the system.  

 

For nanocrystalline metals to deliver the potential benefits they pose, there must be a 

practical method of generating and processing them. The metastable state inherent in 

nonequilibrium processing requires attention so that there is not a deterioration of properties 

during manufacturing or worse yet, while the material is in service. The topic of stabilizing 

these unique structures is vital to bringing the technology from the laboratory to the 

production line. We’ll now turn our attention to the current state of the art in producing and 
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stabilizing nanocrystalline metals, especially with regard to ball milling and Cu-based 

systems. 
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2 Literature Review  

 

 

Nanomaterials are not new. Instead, it is a working knowledge of them that is a fairly 

recent advance in science and engineering [14]. A common example of the historical use of 

nanostructured materials is the incorporation of gold and silver nanoparticles into glass for 

creating stained glass of various colors [15]. Although it is now known that the size of the 

gold nanoparticles changes their color at sufficiently small dimensions, those adept in the 

trade a century ago were most certainly unaware of the fact. Though they could control the 

properties, the ability was based on macroscale influence and skill, not bottom-up processing 

approaches.  

 

 “Nanomaterial” is a very generic term but typically refers to a material with some feature 

with at least one dimension less than 100 nm. Though narrowed slightly, the definition still 

encompasses a very broad spectrum. For the purpose of this work, isolated nanostructures 

such as nanoparticles, carbon nanotubes, etc. will be neglected. In fact, the materials 

generated by the methods to be discussed are generally distinctly visible and capable of being 

manipulated without the aid of sophisticated equipment. The “bulk” materials are not 

nanoscale, but the subunits of their constitution are, and hence by this specification they are 

rightly termed nanomaterials, and more exactly, nanocrystalline materials.  
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The following literature review will be not be limited in scope to works relating to the 

stabilization of nanocrystalline (nc) materials, but is extended slightly to encompass some 

supporting information on properties and processing. However, these deviations from the 

topic of stabilization will be kept minor. The review will begin with a brief overview of the 

properties of nc materials in contrast to conventional materials (Section 2.1). After 

considering these motivations for pursuing the study of nanocrystalline materials, we will 

progress to how they may be created, with specific attention given to high-energy ball 

milling (Section 2.2). Finally, the focus will shift to the stabilization of these materials in nc 

form (Section 2.3).  

 

2.1 The Strength of Nanocrystalline Materials 

 

Nanocrystalline materials are crystalline by essence that they possess three-

dimensional, long-range, periodic order which defines crystallinity [16]. However, the 

individual crystals are very small. The crystals are also known as crystallites, but herein will 

be referred to as grains. “Solid” materials commonly encountered (e.g. wrench, knife, 

paperclip, etc.) are not made of one crystal but many connected crystals. For this reason they 

receive the categorical title of being polycrystalline.  Even though the grains may be quite 

small (e.g. 20 nm), the concept of long-range, periodic order is not nullified by such small 

dimensions since the constituent atoms are much smaller still.  
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The utility of nanocrystalline materials, especially metals, is the relationship between grain 

size and strength. A single material can have vastly different properties as the grain size is 

reduced.  This behavior is can be described by the Hall-Petch equation [1, 2, 7, 17, 18], 

 

σ σ= +o
k

d
                   (2.1) 

 

where σ is the yield stress, σo is the lattice friction stress, k is the Hall-Petch (hardening) 

constant, and d is the average grain diameter. As a means of visualizing the effect this has on 

yield stress (strength), the equation is plotted in Figure 2.1 with known values for copper (i.e. 

σo = 25.5 MPa/√m; k = 0.11 MPa [19]). It is clear that the grain size becomes much more 

influential on strength in the nanocrystalline range (i.e. < 100 nm). The logarithmic scale on 

the abscissa reveals that the increase in yield stress is two times larger for a change in grain 

size from 100 nm to 10 nm than from 100,000 nm (100 µm) to 100 nm. For this reason, 

nanocrystalline materials generate quite a bit of interest.  
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Figure 2.1 - Hall-Petch relation between grain size and yield stress for Cu 

 

The Hall-Petch relation indicates extraordinarily high strength at small grain size. The 

question beckons, “Can we realistically expect this prediction to be accurate?” The answer 

comes as a confident, “No.” Although generally quite good, the Hall-Petch relation breaks 

down at very small grain sizes. The hardening mechanisms responsible for the increase in 

strength are typically attributed to dislocation motion [7], but simulations have found limited 

dislocation activity below 10 nm grain sizes [6]. This indicates the mechanism for 

deformation has changed. The cause for this is commonly attributed to mechanisms such as 

grain boundary sliding [20] which has been found by simulation in nc Cu [6, 21] or 

dislocation interaction with grain boundaries [22, 23].  
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Because of their small grain size, nanocrystalline materials show a variety of unique 

mechanical properties [24]. Copper has been found to possess a greatly enhanced strength in 

nanocrystalline form [3-5]. In alloys, strengthening may also arise from solute effects which 

are contained in solid solution [25] or which have segregated to grain boundaries [26]. 

Another important consideration for both strength and stabilization purposes is intermetallic 

inclusion which can raise the strength [27] and increase the grain size stability [12]. 

 

2.2 Producing Nanocrystalline Materials 

 

Having established the significant effect grain size reduction has on strength, we can look 

more closely at the methods for generating such microstructures. Nanocrystalline metals can 

be generated by deposition (generating nanocrystalline material from the bottom up) or 

deformation processes (reducing the grain size of pre-existing materials). Deposition 

processes include techniques such as inert gas condensation [28] and electrolytic deposition 

[29], and deformation processes include techniques such as ball milling [8, 30] and high-

pressure torsion (HPT) [31, 32]. As high-energy ball milling was the single method by which 

nanocrystalline materials were made in this work, the processing discussion will be focused 

there. There are many considerations to make when using the ball milling method. These 

include [8]:  
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• type of mill 

• milling container 

• milling speed 

• milling time 

• type, size, and size distribution of the grinding medium 

• ball-to-powder weight ratio 

• extent of filling the vial 

• milling atmosphere 

• process control agent 

• temperature of milling 

 

The length of this list quickly indicates that there must be a detailed procedure in place for 

results to be repeatable. The mill type used here was a SPEX 8000M shaker mill which is a 

high-energy mill. Other, lower-energy mills can achieve the same or similar results, but 

depending on their ability to transfer energy to the powder (impact energy and rate), it may 

take an order of magnitude longer. The SPEX-type mills run at a high speed (approximately 

20 Hz [33]) with efficient energy transfer, so processing can take as little as a few hours 
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depending on the material/material system and the result desired. The energy transfer is 

determined in large part by the ball-to-powder ratio which is typically specified by mass. 

This is balanced by the volume of the balls and powder in regard to the volume of the vial. If 

there is too much powder, or too many balls, the kinetic energy is limited. By allowing for a 

longer mean free path and higher ball-to-powder ratio, the energy transfer will be more 

efficient, but the powder output will be lower.  

 

The temperature affects the result greatly as lower temperatures have been found to quicken 

grain size reduction [34] and increase amorphization [35]. In this work, milling at room 

temperature tended to results in cold welding of the metal(s) to the vial and balls. To reduce 

this occurrence two methods were employed: addition of a process control agent (PCA) and 

milling at cryogenic temperature. Similar results could be obtained by adding 1 wt% sodium 

chloride or by milling at liquid nitrogen temperature (77 K). By using liquid nitrogen cooling 

the cold welding could be eliminated and the spurious effects of adding a PCA material could 

be eliminated. The results for the two conditions were similar, but the processing time was 

reduced from 8 hr in the room temperature case, to only 4 hr when using a cryogenic milling 

temperature (see Chapter 4). 

 

Contamination is important to consider when processing a material by high-energy ball 

milling. All materials were stored and loaded in an argon environment to prevent oxidation. 

The vials and balls (both 440 stainless steel) were polished and cleaned with ethanol. The 

milling process not only works the powder mechanically, but the balls and vial interior are 
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also subject to large impact energies. Due to this there is inevitably a level of contamination 

from the milling equipment. The amount of contamination increases when milling for longer 

times [36] and when using a PCA as it becomes incorporated into the alloy [37, 38]. For this 

reason, short (4hr) PCA-free milling under an argon atmosphere was chosen for milling. The 

use of cryogenic processing to eliminate the need for a PCA did have a side-effect of metal 

foam formation. Perhaps a less common form of contamination, when milling in argon at 

liquid nitrogen temperature metal foam formation on annealing has been encountered [39] 

and was a constant consideration here. This argon entrapment manifested itself most clearly 

in the antimony-stabilized materials (Chapter 6). 

 

2.3 Stabilization Efforts 

 

Nanocrystalline metals are inherently unstable because of excess system energy that 

can be reduced through grain growth. The change in Gibbs free energy, G, with respect to the 

grain boundary area, A, is proportional to the grain boundary energy, γ, as shown in equation 

2.2  [40]: 

 

dG dA∝ γ         (2.2) 

 

As the grain size decreases, the grain boundary area increases. This increase becomes quite 

significant at very small grain sizes where the boundary (surface) area to volume ratio rises 
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rapidly. This is analogous to the behavior indicated by the Hall-Petch relation (see Figure 

2.1). This free energy is thermodynamically unfavorable and provides a driving force for 

grain growth. 

 

The two principal manners in which the grain size instability can be addressed are kinetic 

stabilization and thermodynamic stabilization. The goal of these methods is to reduce the 

grain boundary mobility or energy respectively. Following the development of these concepts 

by Humphreys and Hatherly [41], grain growth proceeds by the motion of grain boundaries 

which have a velocity, v, described by: 

 

v = MP        (2.3) 

 

where the pressure, P, exerted by the grain is related to the velocity by a constant of 

proportionality, M, which is the mobility. The pressure on a grain boundary due to the radius 

of curvature, R, is given by: 

 

P
R

=
2γ

          (2.4) 

 

The radius of curvature decreases with decreasing grain size so that when nanocrystalline, 

there exists a substantial pressure for expansion by grain growth. The concept of stabilization 

requires a zero velocity state which, by Equation 2.2, necessitates eliminating the pressure or 
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mobility while keeping R constant. This is where the two stabilization techniques differ. The 

kinetic route seeks to decrease mobility and the thermodynamic route seeks to decrease 

pressure by reducing the surface energy (driving force). The mobility has an Arrhenius 

temperature dependence: 

 

M M
Q
RTo= −







            (2.5) 

 

where Mo is a pre-exponential constant, Q is the activation energy for growth, R is the ideal 

gas constant, and T is the absolute temperature. Because of this mobility relation, at high 

temperature kinetic means of stabilization will eventually be overcome [42]. We can now 

move on to look at some further considerations in each of the stabilization methods. In this a 

small sampling of the systems that have been studied and their results will be presented. 

Though the discussion will stay centered on copper and brass, pertinent deviations will be 

discussed as warranted. 

  

2.3.1 Kinetic Stabilization 

 

As stated, the kinetic mechanism to grain size stabilization involves reducing 

mobility. There are multiple ways to achieve this such as solute drag, porosity pinning, 

chemical ordering, and second phase (Zener) pinning [12]. The most influential here are 

solute drag and Zener pinning. In the case of solute drag, solutes can have a significant effect 
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on the mobility, lowering it substantially when in high concentration near grain boundaries 

[41]. Not only the amount of solute, but also the type of solute is important. At high 

boundary velocity faster diffusing solutes produce a greater drag whereas for slow moving 

boundaries the opposite is true [43]. The amount of solute should not be considered uniform 

in nanocrystalline systems. Being that many of the alloy systems employ dilute quantities of 

a strongly segregating solute, the boundaries are expected to be enriched and the grain 

boundary concentration will be greater than the bulk concentration. Where impurities are 

attracted to the boundaries, the mobility is decreased [44]. Solute drag has been modeled for 

a Pd81Zr19 alloy [45], and reported grain growth stagnation as the grain size and grain 

boundary concentration of Zr increased. In other work by the group the mechanism of 

stability was identified to be thermodynamic in nature [46]. The appreciable solubility of Zr 

in [47] as well as thermodynamic factors such as the elastic strain caused by the Zr and the 

chemical interactions between the Pd and Zr makes strong segregation of the solute less 

favorable than other systems. As determined in later work [48], even with segregation the 

reduction in boundary energy was both theoretically and experimentally determined to be 

insufficient to stabilize the grain size.  

 

As for Zener pinning, the solute in this case is not uniformly distributed as a solid solution, 

but rather present as a distinct second phase. The second phase may be a precipitate or a 

composite material which has been forced into the matrix. Second phase pinning is less 

temperature sensitive than solute drag [49], but is highly dependent on particle size and 

distribution [10]. The general equation describing the effect is [12]: 
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P
F
rz =

3
2

γ
                    (2.6) 

 

where Pz is the pinning pressure exerted by a volume fraction, F, of particles with diameter, 

r, on a boundary with specific energy, γ. This form assumes spherical particles. It is quickly 

realized that increasing the volume fraction and reducing the particle size will improve the 

stabilization capability. As in Equation 2.4, there is a direct dependence of pressure on size. 

Very small grains will exert a large pressure for growth which can only be sufficiently 

resisted by a distribution of smaller particles (assuming a dilute solution of second phase). 

The limiting grain diameter, D, can be expressed as [50]: 

 

D
r
F

=
4
3

α
                               (2.7) 

 

where α is a constant approximately equal to 1. Here we see again that the volume fraction 

and particle size are very important. The minimum stable grain size has an inverse 

dependence on the volume fraction and a proportional dependence on the particle size. The 

closer the particle is to the grain size, the higher the volume fraction must be to stabilize it. 

 

This technique has been employed in a variety of systems, but with regard to nanocrystalline 

stabilization, especially that of copper, there has been work using Mo [51], Nb [51-53], and 

W [53, 54]. Though the particles are very effective at stabilizing the Cu when only a few 
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nanometers in size, coarsening or dissolution at elevated temperature leads to a precipitous 

decline in stability [11]. This is controlled by solubility in the matrix and the diffusivity at 

high temperature which will both degrade the grain thermal stabilization. This coarsening has 

been addressed in an interesting manner in [53]. Though 10% Nb in Cu coarsened 

significantly at 600 °C and above, by using a mixture of Nb and W (9.5% and 1.5% 

respectively) the precipitates resisted coarsening more effectively, and at higher temperatures 

they actually underwent inverse coarsening. This behavior was attributed to kinetic 

competition between Nb and W precipitation which leads first to the formation of metastable 

Nb-rich precipitates, until the mobility of W atoms becomes sufficient for a second 

population of precipitates to form, leading to an inverse coarsening of the Nb-rich 

precipitates by diffusion to the W precipitates. It is important to note that the method of 

preparation used in the study was sputter deposition which is capable of generating atomic 

dispersions of insoluble materials not practical even in high-energy ball milling which is 

addressed in the Cu-W work here (see Chapter 7).  

 

2.3.2 Thermodynamic Stabilization 

 

Now we consider stabilizing nanocrystalline structures by a thermodynamic means. 

This method employs grain boundary energy reduction as the means to reduce or eliminate 

grain boundary mobility. The addition of a solute with a strong tendency to segregate to grain 

boundaries acts to reduce the energy [42, 55]. To work well, the solute should have a large 

atomic size difference which drives segregation to the grain boundaries where it can be 
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effective at stabilizing the grain size. The change in surface energy by solute segregation can 

be described by the Gibbs adsorption isotherm [56]: 

 

d dA Aγ µ= − Γ    or     
d

d A n T a
A

B

γ
µ

, ,

= − Γ                (2.8) 

 

where the change in surface energy with respect to the chemical potential, µA, of the solute 

atoms (A) in the solvent atoms (B) at constant number, nB, temperature, T, and surface area, 

a. The term -ΓA is the excess amount of solute atoms at the boundary. The grain boundary 

energy can be calculated by solving the Gibbs adsorption equation in the dilute limit [57, 58]: 

 

[ ]γ γ= + −o s seg segH T SΓ ∆ ∆           (2.9) 

 

where γo is the grain boundary energy of an ideal solid solution, Γs is the specific solute 

excess at the interface, T is the absolute temperature, and ∆Hseg and ∆Sseg are the enthalpy 

and entropy of solute segregation respectively. ∆Hseg consists of chemical (∆Hchem as 

described by Defay [59]) and elastic (∆Hel as described by McLean [60]) terms which were 

combined by Wynblatt and Ku in accounting for surface segregation [61, 62]. The enthalpy 

of segregation is then given in the original Wynblatt-Ku model [61] as ∆Hseg = ∆Hchem+∆Hel 

where the chemical contribution is given by: 
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( ) ( ) ( )[ ]∆ H z X X z Xchem B A in A
b

A
s

out A
b= − + − + −γ γ σ ω2 1

2          (2.10) 

 

where γA and γB are the surface energies for the solvent and solute respectively, XA
b and XA

s 

are the atom fraction segregant of solvent in the bulk and interface respectively, σ is the 

surface area per mole, ω is the regular solution parameter, zin and zout are the in-plane and half 

of the out-of-plane bonds of an atom in the surface plane. The regular solution parameter is 

given by: 

 

ω ε ε ε= − − =AB AA BB
m

A
b

B
b

H
ZX X

1
2

( )
∆

             (2.11) 

 

where the bond energies between atoms of the solvent, A, and the solute, B, are given by the 

corresponding ε values, ∆Hm is the enthalpy of mixing and Z is the coordination number. The 

elastic enthalpy is [63]: 

 

∆ ∆H E
K G V V
K V G Vel el

B A B A

B A A B

= − = −
−

+
2
3 4

2( )
         (2.12) 

 

where ∆Eel is the change in elastic energy, K is the bulk modulus, G is the shear modulus, 

and V is the molar  volume. 
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2.3.2.1 Modified Wynblatt-Ku Model 
 

 This approach was later modified to better account for grain boundary segregation where 

some bonding across the boundary exists [64]. This modified formula, which includes 

entropy effects, is: 

 

( )( ) ( ) ( ) ( )[ ][ ] ( )
( )∆

∆
∆G

H
Z

z X X z X X H RT
X X

X Xseg A B
m
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b

A
s

el
A
b

A
s

A
s

A
b

= − − − − − − − − + −
−

−
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2
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2
1

1
ln

(2.13) 

 

where α = 5/6 to account for cross-boundary bonding, XA
s  now represents a grain boundary 

concentration rather than a free surface, and ∆Hm is more specifically the enthalpy of mixing 

of an equimolar liquid of A and B. The bonding terms are zin = 6 and zout = 3 for a face-

centered cubic material and the coordination number is related by Z = zin + 2zout. The last 

term in Equation 2.13 is the entropy of segregation which can be represented by ∆Sseg. Given 

that ∆Gseg = ∆Hseg -T∆Sseg, rearrangement of Equation 2.9 gives the normalized grain 

boundary energy as:  

 

γ
γ γo

s
seg

o

G
= +1 Γ

∆
           (2.14) 

 

where the grain boundary surface excess for the bilayer model is given by Γs = 2(XA
s – 

XA
b)/σ. Detailed numerical results for the grain size as a function of temperature and total 



 

24 

solute content, XA°, require combining Equations 2.9 and 2.13 with a mass balance equation 

for A. This level of detail is beyond the scope of the current work here, but is treated fully in 

[64]. Instead the limit of infinite grain size is used where XA
b = XA°. If the plot of γ/γo vs. Γs 

intersects the γ/γo = 0 axis in this limit, thermodynamic stabilization is possible for the XA° 

and T values assumed. We could have also used a plot of γ/γo vs. XA
s in this same context. A 

benefit of this model is that it only requires values which are readily available in the 

literature.  

 

This treatment was applied to Fe-based systems by Darling et al.  [65-67] where 

experimental work found Zr and Ta to work well in stabilizing nanocrystalline Fe. Ni and Cr 

were found to provide little to no improvement. Calculated stabilizations indicated that alloys 

of Fe with Ni or Cr would be unstable due to poor segregation and that Ta and Zr would be 

effective. Further, the calculated curves matched the relative stability of the four alloys. As 

mentioned in the discussion of kinetic stabilization, Pd-Zr alloys were also analyzed in this 

way [48]. The earlier work of Krill et al. [46] asserted that stability in the system was due to 

thermodynamic stabilization based on elastic contributions, but neglected the chemical 

effects which are substantial. Also, the grain size in the earlier work was determined solely 

by XRD which can be misleading, and when the work was done with more thorough 

microscopy, the grain size was found to increase to a larger extent and at a lower temperature 

[48]. 
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2.3.2.2 Kirchheim’s Model  
 

A model by Kirchheim [56, 68, 69] and Liu and Kirchheim [42, 55] was developed for 

describing the effects of grain boundary segregation. In [68], Weissmuller’s work [57, 58] is 

extended to establish the equilibrium area of grain boundaries and its temperature 

dependence.  In this, the total energy is described by Equation 2.2 where dG = γdA so that 

the total change in energy is related to the grain boundary energy and its associated area. For 

γ > 0, and decrease in dA will lower the free energy (i.e. grain growth is favorable). This 

grain growth is counteracted by the energy required for dissolution of the excess solute 

(Equation 2.8) into the grain interior. The equilibrium grain size can be calculated as [42]: 

 

D
V

X
s AB

A
o=

3Γ *

           (2.15) 

 

where Γs
* is the solute excess equivalent of a saturated grain boundary monolayer and VAB is 

the molar volume of the alloy. From this relation it can be seen that as the solute content 

increases the equilibrium grain size decreases. For a supersaturated grain boundary there is 

competition between segregation as excess concentration and precipitation into solute-rich 

particles. When an empirical relation for strongly segregating solutes is used as in [68], it 

was found that precipitation will ultimately lead to a lower energy state and be the favorable 

configuration unless kinetically hindered.  
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The temperature dependence of kinetic methods will lead to a loss of stability not 

problematic in thermodynamic routes because the grain boundary energy is only weakly 

dependent on temperature [42, 55]. Grain boundaries can be considered defects along with 

dislocation lines and vacancies [56], and the formation energy reduction by solute 

segregation was investigated in [56, 69]. The formation energy has been calculated to reduce 

to zero or even to become negative, such as in [70]. A defect energy of zero indicates the 

defect is in equilibrium while a negative energy indicates the number of defects will increase 

as long as supplied with solute. It was of particular interest to determine the validity of 

negative defect energies, and it was concluded that negative defect energy would not lead to 

an unlimited number defects. This is because solute atoms from the grain interior segregate at 

the freshly produced grain boundary (defect) area and, therefore, the local concentration 

within the grain (chemical potential) is decreased which produces an associated increase in 

boundary (defect) energy [56]. This defect energy reduction may be a mechanism for 

amorphization by ball milling, and has interesting implications for mechanical properties and 

diffusivity as the solute causes softening by reducing dislocation line energy reduction and 

enhances diffusion by lowering vacancy formation energy, however, this is balanced by the 

mobility reduction from the solute concentration [69]. 

 

2.3.2.3 Trelewicz and Schuh’s Model  

 

The model developed by Trelewicz and Schuh [40] allows for independent calculation of the 

energy state of the grain boundary and interior for binary systems. This statistical 
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thermodynamic model predicts an equilibrium grain size which involves segregation of the 

solute to grain boundaries as predicted in the above analysis. This treatment allows for the 

investigation of weakly segregating systems and those away from the dilute limit where 

solute interaction occurs. To do this, atomic bonding is divided into bulk, transitional, and 

boundary regions where the bonding distributions are determined by normalizing the 

volumetric density of atoms in each region by the total number of atoms in the system. 

Because of the generality of the analysis, the equations include numerous terms to describe 

the free energy and equilibrium condition, however, when simplifying assumptions are made 

such as for a dilute system with strong segregation tendency, the boundary energy reduces to 

that in Equation 2.9. 

 

The equilibrium state is found to be unique in terms of grain size and global concentration. 

This means that for a given solute content there is only one equilibrium grain size and for any 

grain size there is one energy-minimizing concentration. The stable, equilibrium condition is 

where the free energy is minimized, so a boundary with excess segregation sites (“under-

full”) or excess segregated solute (“over-full”) is unstable. As the solute content is increased, 

the equilibrium grain size follows a power-law-like decay (see Figure 2.2b). As temperature 

is increased, the amount of solute required to stabilize the grain size increases (Figure 2.2b) 

while at the same time the segregation energy decreases (Figure 2.2a) as does the interfacial 

excess (Figure 2.2c). The temperature effect is coupled dominantly to the entropy where it 

serves to randomize the solute distribution effectively desegregating the system. 
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Figure 2.2 -Influence of global solute content and temperature on (a) segregation energy, (b) equilibrium grain size, 

and (c) interfacial excess 

 

Similar to Figure 2.2, the trends for other variations in the state variables were investigated. 

As the bulk interaction energy increases (higher heat of mixing) the global solute 

concentration required for the same equilibrium grain size decreases. The interfacial excess 

drops more quickly with an increase in the solute concentration as bonding with like 

neighbors becomes more probable and the large heat of mixing indicates it is also favorable. 

Also, as the solvent grain boundary energy increases, more solute is required to drive the 

boundary to equilibrium, so the interfacial excess increases as does the segregation energy. 

The segregation energy is large in systems where the bulk interaction energy is large, the 

intergranular interaction energy is low, and the solvent grain boundary energy is low. This set 

of guidelines describes a solute which is energetically unfavorable to maintain in solution 

and which releases energy upon segregation to the boundary. This is commonly achieved in 

solutes with an appreciable size misfit and large heat of mixing. 
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There is much more in the way of theoretical developments of thermodynamic stabilization, 

but this work will adhere to the treatment above. Segregation is reviewed in [62] and the 

effect on boundary energy can be found in references such as [12, 26, 40, 42, 46, 55-58, 61, 

62, 64, 71-75] if a more detailed treatment is desired. The stabilization mechanisms will be 

treated more specifically in each of the chapters presenting results and discussion, and the 

related systems will be described in context. There is interplay of kinetic and thermodynamic 

mechanisms, especially where the solute forms intermetallics with the solvent or if 

susceptible to oxide formation. For this reason, it can be difficult to separate the effects of the 

two, but generally the kinetic effects are expected to be less effective, especially at high 

temperature [71, 73]. 
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3 Experimental Methods 

 

 

The preparation of the alloys researched here was accomplished by mechanical alloying. 

High-energy ball milling (Section 3.1) was the vehicle by which this was done. All alloys 

were created from elemental powders, the purities of which are elaborated on in the results 

and discussion of the related materials (Chapters 4-7). The thermal behavior of the materials 

was assessed by annealing them over a range of temperatures (Section 3.2). To determine the 

properties of the processed materials, characterization was accomplished by hardness testing 

for mechanical properties (Section 3.3.1), X-ray diffraction (XRD) to analyze phases and 

estimate grain size (Section 3.3.2), and microscopy to determine composition, grain size, and 

porosity (Sections 3.3.3-3.3.5). Though general procedures will be outlined here, the specific 

application of these techniques will be detailed in the chapters pertaining to the individual 

alloy systems. All alloys were prepared, milled, and stored in an argon atmosphere (typically 

< 1 ppm O2) using a glove box. One exception to this was a bass alloy milled under vacuum 

which is discussed in Chapter 5.  
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3.1 Milling equipment and conditions 

 

High-energy ball milling was employed using SPEX 8000M shaker-type mills (see 

Figure 3.1). The mill operates at a rate of 1060 cycles/minute and is capable of grinding up to 

10 g of powder at a time. Two configurations of the mill were used: one at room temperature, 

the other at cryogenic temperature. The mill used at room temperature was modified for 

additional cooling by adding a high-capacity fan (~200 ft3/min) located at the top of the mill. 

This was the only performance modification made to the equipment. It is of importance to 

note that this additional cooling will affect the results for very ductile materials which cold 

weld to the vial and balls if the temperature increases sufficiently. It has been found that 

internal temperature increase during milling can be significant [38], but the motor itself is a 

major heat source in the casing during processing, though the bearings of the clamp arm also 

become warm. The temperature of the vial was found to reach a constant value of ~30 °C 

within 2 hr of starting the process. As copper and brass are both rather ductile, the majority 

of processing required the use of the cryogenic mill (cryomill) to keep cold welding to a 

minimum.  
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Figure 3.1 - SPEX 8000M mixer/mill used for mechanical milling and alloying (image from www.directindustry.com) 

 

3.1.1 Cold welding during milling and techniques for alleviation 

3.1.1.1 Milling vial and ball preparation 

 

When milled at room temperature, copper cold welded to the vial reducing the overall yield. 

The 440 stainless steel vial was repolished and the experiment redone, but cold welding then 

accumulated on the ball bearings. This result indicates the importance of the vial condition 

during milling, especially in regard to the surface roughness. The vial was extensively 

polished by proceeding from coarse to fine grit sandpapers (280 à 320 à 400 à 600 à 
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1200 grit) using water during the process. The final polish was accomplished using 1 µm 

alumina powder suspended in water leaving a mirror finish. The balls used were grade 25, 

440 stainless steel which are mirror-polished from the manufacturer (Salem Specialty Ball 

Inc.) so any sticking to the balls was not attributable to surface condition. The vial and balls 

were rinsed and wiped down with 200-proof ethyl alcohol (ethanol) before first use. Having a 

thoroughly polished surface alleviated sticking to the vial greatly, but did not totally 

eliminate it at room temperature. When possible, if the alloy left only a minor residue on the 

vials and/or balls, these were reused for the same alloy so as to reduce contamination. 

Typically, an acceptable level could be described as leaving only a tint to the vial and/or balls 

and still retained the “mirror” appearance otherwise. The vial and balls were never exposed 

to ambient atmosphere if they were to be reused. The vial was always opened and kept in an 

argon environment until polished or reused. This reuse was more readily accomplished for 

alloys than for the pure copper as previous cold welding promoted further cold welding in 

later runs, and the old material could be incorporated into newer material leading to 

inhomogeneities.  

 

3.1.1.2 Process control agents 

 

Because sticking was extensive even after careful vial preparation, the addition of a process 

control agent was adopted. Sodium chloride (NaCl) was chosen to reduce the cold welding, 

and when added in quantities as low as 0.125 wt% was effective at eliminating the problem. 

Such small additions resulted in large agglomerated spheres of copper, and to produce a 
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coarse powder more NaCl was added. It required 1 wt% of NaCl to generate powder, but this 

large addition came with consequences. The powders produced using the NaCl had a 

profound corrosion response when left in ambient air. In less than 1 hr the powder was found 

to turn dark purple, but powders produced without the NaCl had no such change. The effect 

was found to be slightly reduced in annealed powders. This oxidation propensity made it 

imperative to perform characterization quickly after removing the powder from the argon 

atmosphere maintained in the glove box.  

 

3.1.1.3 Cryogenic milling 

 

Similar powder, in terms of particle size, was produced by milling at cryogenic temperatures 

without the use of NaCl. This eliminated the oxidation issues and reduced contamination 

effects in the later analysis. Although a cleaner method, cyomilling also has disadvantages. 

The careful control of the liquid nitrogen flow, frequent supply line fractures, and vial sealing 

issues at low temperature are all important considerations. However, once familiar with the 

equipment and after having improved the setup, the process became more predictable and the 

shorter milling times required were sufficient cause to prefer this method for powder 

generation.  

 

The process for cryogenic milling was as follows (shown pictorially in Figure 3.2): 

 

1. Submerge the sealed vial in liquid nitrogen contained in a small Styrofoam container 
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2. After having reached equilibrium (no violent boiling), place vial in polymer sleeve 

3. Place the lid on the polymer sleeve and place in the clamp 

4. Tighten the clamp but not the lock nut 

5. Allow liquid nitrogen to flow at full capacity until liquid is ejected form the exhaust 

6. Reduce the liquid nitrogen flow until liquid weakly trickles from the exhaust 

7. Tighten the clamp again and fasten the lock nut 

8. Close the door on the casing and start mill 

9. Check frequently that hose is intact and the nitrogen flow produces a small vapor 

cloud 

 

 

Figure 3.2 – Equipment preparation for cryomilling  

 

After milling, the vial was put in the freezer while still cold. Only when ready for 

characterization was the vial transferred to the glove box where it was opened and then 
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analyzed. It is expected that grain growth at room temperature would not occur, though it has 

been noted in other work [9], because the materials are not highly pure due to contamination 

from the milling process and also that the solute intentionally added can be considered an 

“impurity.” Most of the samples were annealed later on which would have a far more 

important influence on grain size. Analysis of the as-milled powder directly from the freezer 

and up to a year later after having been stored in the glove box (typically slightly above room 

temperature) yielded the same results (within error) so the action was merely precautionary.  

 

3.2 Annealing equipment and conditions 

 

Though characterization was performed on the as-milled powder, the truly interesting 

properties were those produced after annealing. The furnaces used for annealing were both 

Lindberg tube furnaces 2” in diameter. The samples were place into a quartz tube along with 

a thermocouple placed at the same position. The tube was pumped down to < 50 mtorr and 

refilled with 2% H2 (bal. Ar). This was repeated three times and then the tube was allowed to 

pressurize to ~2 psi with the forming gas. The furnace was set to the appropriate temperature 

and allowed to stabilize for at least 30 min before the furnace was rolled over the tube. The 

thermocouple inside the tube was used to determine the sample temperature. This was 

especially important since there was disagreement between the furnace thermocouple and the 

sample thermocouple which was most pronounced at low temperatures (i.e. < 400 °C).  
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Samples were placed in ceramic boats for annealing. If more than one sample was to be run 

simultaneously in the same boat, the samples were placed in tantalum foil packets. No 

reaction was found to take place between the Ta foil and the samples, but after annealing at 

temperatures in excess of 600 °C, the Ta foil became brittle and removing the sample powder 

was difficult to accomplish without breaking the foil. The materials were annealed for 1 hr 

after reaching temperature, and the furnace was rolled off quickly after. Depending on 

processing temperature, the rate at which the furnace was rolled off was varied to reduce 

undue thermal shock on the tube (more slowly for higher temperatures). Typical cooling rates 

were ~2-3 °C/s. After annealing the samples were either prepared for characterization or 

placed in the glove box. 

 

3.3 Characterization Methods 

 

To better observe and understand the microstructural evolution of the materials studied 

here, a variety of methods were used to determine their properties. Some properties, such as 

grain size, were determined and verified using multiple methods. Each characterization 

method has strengths and weaknesses and these were balanced to yield meaningful results. 

Simple methods, such as hardness and X-ray diffraction, were used for every sample while 

more involved techniques, such as transmission electron microscopy, were reserved only for 

the most significant samples as determined in the simpler methods. Many characterization 

techniques have caveats that must be considered when interpreting results. These may be 
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manifested as inherent limits of accuracy (e.g. X-ray grain size and energy dispersive 

spectroscopy) or small sample size and image artifacts such as faced when using 

transmission electron microscopy. 

 

3.3.1 Vickers Microhardness 

 

Hardness testing provides a quick method to get a general understanding of a material’s 

mechanical properties. Though there is a general relation (i.e. Tabor’s relation) between 

hardness and yield stress where the hardness is three times greater than the yield stress, this is 

assumed for a non-work-hardening material, and additional calculation is needed to account 

for work-hardening effects [76]. Despite inaccuracies in the relation, it provides valuable 

insight to strength of the material. 

 

Hardness measurements were performed using a Buehler Micromet II Vickers microhardness 

tester. Samples for microhardness testing were prepared in two ways. The annealed powder 

was either compacted into a disk or it was supported by a hardened polymer. In the case of 

powder compacts, the powder was weighed out to create a compact approximately 1 mm 

thick. The most common diameter of the compacts was 3 mm though larger compacts were 

also made. The diameter of the compact was found to have no measurable effect on the 

hardness result. The die used for the compacts was made from tungsten carbide. Though 

many of the compacts were made using tungsten carbide punches as well, punches of that 
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material were prone to chipping and cracking so tool steel punches were made to replace the 

tungsten carbide punches. 

 

Fabrication of the tool steel punches was accomplished by purchasing A2 tool steel which 

was manufactured to be 3 mm in diameter. The rod was sectioned into 3” lengths using a 

hacksaw and then wrapped in stainless steel foil and placed into a furnace preheated at ~970 

°C and allowed to soak at that temperature for 30 min. The foil packet was then removed 

from the furnace and allowed to cool to room temperature. The rod was then placed in the 

drill press chuck with the vast majority of the length exposed. This portion was lightly 

sanded using 600 grit or finer sandpaper to remove the scale and periodically checked with 

the die as a measure of the fit. After the rod was uniform in diameter along the length and 

“slip fit” to the die, it was placed in the cutoff saw and cut into lengths appropriate for the die 

height (each about 5-7 mm in length). It was checked that the rod was perpendicular the saw 

blade so as to create a flat compact when in use. Any burr remaining after cutting was 

removed by file or by placing the punch in the drill press and sanding the face. Over-sanding 

would create a radius on the edge which didn’t seem to reduce the effectiveness during 

pressing, but did require extra polishing of the compact to ensure flatness afterward.  

 

All of the compacts were first rough sanded with 400 grit sandpaper. After both sides were 

flat, one side was chosen for sanding with 600 and 1500 grit sandpaper. The compact was 

final polished by hand using 1 µm alumina powder on a felt pad. Samples supported in a 

polymer were polished the same way. Powder was supported in epoxy and by superglue on a 



 

40 

glass slide. The epoxy samples were made by placing the powder on double-sided tape at the 

bottom of a mold. The mixture of hardener and resin were then poured on top of this. The 

sample was allowed to harden overnight and then polished as above. For the superglue on 

glass configuration, the powder was arranged in single layer on the glass slide. A drop of 

super glue was added to the top of the powder. Next, a weighing paper was used to push 

down on the glue and powder for several seconds ensuring the powder had good contact with 

the glass. The weighing paper was then removed, typically without any sticking, and the 

sample was allowed to dry at least 30 min before polishing. Comparisons of hardness values 

between the two polymer techniques were well within error. 

 

A major difference in hardness results did arise with the compacted samples and the 

polymer-supported samples. The discovery was that the compacted samples were much 

harder than those of the polymer-supported samples. After testing a variety of preparation 

techniques, it was found that when a powder is annealed and then compacted the hardness 

can be as much as 1.5 GPa higher than the same powder in epoxy. The powder in epoxy had 

good correlation with powder compacted then annealed, and it is expected that the work-

hardening during compaction was sufficient to cause the anomalous result. This work-

hardening was not found to have a significant influence if the sample hardness was above 2.0 

GPa. For peace-of-mind, all samples were tested in the supported powder configuration, 

many being retested after the initial compact testing.  
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All compact were produced by pressing between 2.0 GPa and 3.0 GPa. The most common 

pressure was 2.6 GPa. Even in cases where consolidated spheres were generated, this 

pressure was used to flatten them. The compacts routinely showed densities between 80% 

and 90%. The hardest materials and largest particle sizes showed the lowest densities. The 

trend was that the hard particles tended to be small in comparison to the softer material which 

especially convenient since the hardness indents were larger in softer materials which aided 

in keeping the indent within a single particle. All indents were made on single particles. Any 

particle boundaries were avoided, and if any indent showed cracking anywhere in the field of 

view (such as particle boundary) it was neglected. Also, if the indent did not show straight 

sides of equal length, it was not measured. At least ten measurements were made on each 

sample. If the spread of measurements was large, more measurements were made to help 

identify any outliers. Brittle samples or those with a small particle size commonly required as  

many as four indents for every one measured. 

 

The load used was either 50 g or 25 g. There was no difference in measured hardness based 

on the load, so 25 g was the preferred load since it reduced artifacts. The indents were 

measured after a 12 s dwell time. Longer times (i.e. > 30 s) were used to check if the result 

would differ, but no effect was seen. The lengths of the diagonals were checked ensuring that 

all mechanical backlash was removed form the micrometer adjustments to ensure 

repeatability. Just the same, the stage was always raised into focus for indents, never 

lowered, so as to reduce any deviations based on equipment error cause by compliance issues 
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in the gearing. Samples were always supported on ¼” ceramic backing which was supported 

underneath by the vise fixture of the microscope.  

 

3.3.2 X-ray diffraction 

 

A Rigaku DMax/A diffractometer was used for all X-ray spectra collected here. Though 

powders were used primarily, in some instances compacted discs (6 mm or greater) were 

used to collect spectra. As the compact method was rare and the difference in results 

negligible, the powder method will be detailed. A glass slide was scratched using a diamond 

scribe and broken into small rectangles approximately 5 x 10 mm (a size appropriate for the 

holder). The glass slide section was then cleaned with ethanol. Double-sided tape was cut to 

size and placed on the glass slide being careful not to contaminate the tape and to ensure no 

glass was left exposed. The powder was removed from the glove box and sprinkled onto the 

tape. Another glass side, cleaned with ethanol, was used to press the powder onto the tape. 

All of this took place on top of a weighing paper which served to capture any powder that did 

not stick to the tape. Powder was added until a thin uniform layer was deposited, and by 

tapping the slide, it was ensured only well-adhered particles remained.  

 

The glass slide was placed into a holder in which mounting clay was located. The clay was 

mounded above the surface of the sample holder and the glass side was placed on this. 

Another, clean glass slide was used to push the sample down and ensure it was level with the 

surface of the sample holder for ideal placement in the X-ray chamber. Before the sample 



 

43 

was analyzed, a single-crystal silicon standard was use for alignment. Based on peak location 

and intensity the θ (sample) and 2θ (detector) axes were realigned for maximum accuracy 

and intensity. The equipment was programmed to proceed stepwise in 0.02° increments and 

dwell for 1 s at each interval. Typical scans were from 35-100° on 2θ though others were 

used as needed. 

 

 The data was saved as a text file which was later opened with XPowder X-ray analysis 

software where a three step treatment was performed consisting of “function filter” 

smoothing, background subtraction, and “Rachinger Optimized” Kα2 stripping. The 

modified file was saved separately. The modified file was then opened with Origin analysis 

software and the data was plotted. Using the built-in peak fitting function, a “fit multiple 

peaks” sub program was chosen and the peaks were selected manually. The program then 

reported the Gaussian full width at half maximum (GFWHM) as well as peak centers, 

maximum intensities, etc. This information was transferred to an Excel file which used it to 

determine the peak broadening due to the sample (instrumental broadening was subtracted). 

The line broadening, β, was then used to determine the grain size, d, by application of the 

Scherrer equation [13]: 

 

d
K

=
λ

β θcos
          (3.1) 
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where λ is the X-ray wavelength, θ is the angle of the reflection, and K is a shape factor. Cu 

Kα X-ray radiation was the only used and has a wavelength of 1.5418 Å. The shape factor 

was set to 1 for the work here. The application of this equation is limited to small grain sizes 

due to competing broadening effects such as those from instrumental imperfections and 

strain. For this reason, estimation of grain size using XRD was always considered 

skeptically. Though generally accurate for grain sizes 30 nm and below, once above that limit 

there was a precipitous decline in accuracy. A grain size reported to be 50 nm by XRD, may 

actually be microns in size. If the grain growth is abnormal, the estimation will also be 

misleading since the large grains will not contribute to the broadening and will likely be 

masked in the signal.  

 

XRD is first and foremost a tool for structural analysis, and therefore, the information 

provided on peak presence and location was also very useful. For example, the five peaks of 

Cu (i.e. 111, 200, 220, 311, 222) in the common scan range used were of greatest intensity in 

the scans, but if other peaks were present, that was a clear indicator that second phase was 

present. Typically of an intermetallic or oxide, these peaks would often be very weak in 

relation to the Cu fundamental reflections, but served useful for identifying major phases. 

Techniques such as selected area electron diffraction as utilized in TEM were much more 

sensitive to foreign phases, but matching the peaks using the XRD software proved very 

valuable. Unfortunately, due to the rarity of the alloys produced here, many of the possible 

intermetallics and oxides were not available in the database.  
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3.3.3 Optical microscopy 

 

Samples analyzed using optical microscopy were few in comparison to the other techniques. 

A Nikon Epiphot 300 microscope was used where samples were attached to double-sided 

tape and inverted above the objective lens. The samples were prepared in a method 

analogous those used in hardness testing. That is, they were polished with consecutively finer 

grits of sandpaper and final-polished with alumina paste. Optical microscopy was only used 

in reporting results related to the porosity of the antimony alloys (Chapter 6) which had 

extensive networks of large pores which made the technique valuable. Aside from that 

application it was generally used to inspect sample roughness during polishing. 

 

3.3.4 Scanning electron microscopy 

 

Scanning electron microscopy (SEM) provides a valuable intermediate magnification 

technique. Though some SEMs can achieve extremely high resolution, the ones used here 

were general purpose units more valuable for their speed of data acquisition and ease of 

sample preparation. Once again, samples were polished as done for hardness measurement, 

and then mounted using double-sided carbon tape on a conductive holder. The analysis 

methods used were secondary electron (SE) imaging, backscatter electron (BSE) imaging, 

energy dispersive X-ray spectroscopy (EDS), and compositional mapping using EDS. The 

primary information gained by SEM was the composition, compositional distribution, 

powder morphology, and sample porosity. 



 

46 

 

BSE provides compositional contrast based on the electron matter interaction, and the 

systematic variation of this with atomic number differences. Though not used to provide 

atomic identity, it was useful in determining areas rich in a species of drastically different 

atomic number. EDS can provide composition, giving relative percentages of elements, but 

generally lacks high accuracy, especially when done in a standardless or quasi-standardless 

manner [77]. Using compositional mapping is a powerful tool as it correlates position and 

composition. The use of an SEM with a silicon drift detector (SDD) cuts down on collection 

time significantly and increases statistical accuracy. The JEOL JEM 6010LA used in the Cu-

W study (Chapter 7) provided this ability and proved useful in determining the distribution of 

W in the Cu matrix. 

 

SEM can be combined with a focused ion beam (FIB) to create a dual beam microscope. The 

FIB can “machine” away material in highly localized and precise manner and provide site 

specific information. The grain size can be determined by channeling of the ions. The ions 

are extremely large in comparison to the electrons used for SEM, and depending on the 

crystallographic orientation will “burrow” or channel between atoms. The more open the 

crystal orientation, the darker the image appears, since ions are more easily implanted and 

generate a weaker signal. The contrast difference between different crystal orientations (i.e. 

grains) gives grain size information. The resolution is not as good as TEM, but can provide 

valuable information about the sample since it can capture a larger area than in TEM. The act 

of viewing the sample using this technique is destructive, so careful microscopy is needed to 
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eliminate artifacts. FIB is also a useful technique for creating TEM specimens from a specific 

region, though there is a tendency for sample damage causing an amorphous region to form. 

With diligent use, FIB can be a powerful tool for analysis. 

 

3.3.5 Transmission electron microscopy 

 

Transmission electron microscopy (TEM) provides a means to image nanoscale grains 

directly, and therefore gives precise, quantitative information. In addition to average grain 

size, such as that derived from XRD, it also gives grain size distributions. This is 

accomplished by generating a selected area electron diffraction (SAED or simply SAD) 

pattern. From the SAD pattern a wealth of information can be derived. In regard to grain size 

in a polycrystalline material, rings will appear which can be selected to highlight the grains 

of that orientation in a dark field image. The methods, theory and terminology of the 

technique will be covered in any text book on TEM, but Williams and Carter [78] have an 

easy to read text on the subject. 

 

For as valuable as TEM is to gaining quantitative information on nanocrystalline samples, the 

preparation of the samples is not trivial. For electron transparency, a sample should be less 

than 100 nm thick, and in a wedge configuration, should have a very shallow angle to permit 

the largest possible area to be examined. This must accomplished without damaging the area 

and introducing artifacts or contamination. As mentioned above, FIB can be used to produce 

the samples, but unless very low beam energies are used, a thick amorphous surface will 
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develop and degrade the sample quality. Several methods for sample preparation were used 

here and cover many techniques not including FIB. 

 

The first method of producing TEM samples was electropolishing. The technique involves 

applying a bias on a conductive sample while spraying with a small jet or jets of an 

electrolyte to create a current. The electrolyte is an appropriate electropolishing solution for 

the sample material and the ions act to carry the current. The process leaves a small hole in 

the center surrounded by a thin “dished out” area (if the equipment is operating properly). 

The rate of removal should be nearly uniform across the sample surface to ensure a large thin 

area after a hole is first produced. Porosity in the sample tends to cause early termination of 

the automated process by anomalous light detection which indicates a hole has been created 

and the sample is properly thinned. The thinned surfaces should be highly polished when 

finished. 

 

Samples for electropolishing were prepared by compacting and thinning by hand until ~100 

µm in thickness. These were then electropolished with 30 vol% nitric acid in methanol at -20 

°C. A Tenupol II elctropolisher was used at 18 V with a jet speed of 0.5 (unitless, on a scale 

of 0-10). The current was typically between 200-300 mA. Because the samples were never 

fully consolidated, the process did not work well. Also, due to high solute contents of 

significantly different materials, the surface condition was usually poor. The process worked 

well for the coarse-grained Cu dummy samples made from pure foil, but the experimental 

samples were always more troublesome.  
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The samples had a very limited thin area and highly uneven surfaces, so a finishing step was 

incorporated using a Fischione Model 1010 ion mill. The program typically consisted of a 

high-angle, high-energy roughing step, followed by incremental steps to a final low energy 

low angle configuration. A common program was 15° with 3.5 kV, 5 mA for 20 min, 9° with 

2.5 kV, 5 mA for 30 min, and finally 6°, 1.5 kV, 5 mA for 45 min. Liquid nitrogen cooling 

was maintained throughout the process. After this process, the thin area was much larger and 

the surface roughness was eliminated.  

 

Other configurations such as pressing powder into gallium and placing powder in epoxy were 

also tried. The gallium supported powder worked reasonably well in electropolishing as the 

copper or brass would etch at a slightly faster rate, but could not be easily ion milled due to 

the low melting point of the gallium. This also made handling of the discs punched from the 

compacted sheets difficult requiring constant refrigeration. The epoxy supported powder was 

time-consuming to prepare and never extending to electropolishing, mechanical polishing, or 

ion milling. The best solution, compacting then annealing samples followed by 

electropolishing and ion milling, was the technique of choice. If the electropolishing program 

was terminated prematurely by porosity, the sample was electropolished in five second 

increments with the detector off. Over-polishing (i.e. creating a large hole) was not a major 

disadvantage since the ion mill did an excellent job of final polishing. 

 

The prepared samples were examined using the SAD patterns, centered dark field (CDF or 

simply DF), bright field (BF), and EDS. The SAD patterns give structural and phase 
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information analgous the XRD, but the sensitivity for second phase detection is much higher. 

The presence of intermetallics and oxides at low annealing temperatures never showed in the 

X-ray spectra, but were readily visible in the SAD pattern. Oxide formation could be an 

artifact of sample preparation, but this not necessarily the case. The SAD rings corresponding 

to the Cu or brass were selected using the smallest available objective aperture and used to 

identify grains. Second phase rings were selected in the same manner to identify precipitates.  

 

Dark field images were particularly useful for deriving grain size and distribution 

information. As only grains with a specific crystallographic orientation appear when the 

appropriate ring is selected, the image could then be used to determine the grain metrics. 

Image J was used to create binary images which were then processed using the “analyze 

particles” function. This worked well in determining grain or precipitate size, but for systems 

where intermetallic rings may overlap with the chosen fundamental reflection this can cause 

both to show up in the dark field image. There is no substitute for judicious choice when 

determining grain size. The grain size was also measured in Image J using the line function 

and measuring to directions perpendicular to each other. The average was taken as the grain 

diameter. Typically 300 grains were measured, but when the grain size was large, the limit 

was nearer to 200 grains. 

 



 

51 

4 Stabilization of Copper by Zirconium  

 

 
Copper zirconium alloys were generated by mechanical alloying via high-energy ball 

milling. The addition of zirconium to copper in quantities of 1, 2, and 5 at% has been found 

effective at stabilizing the grains in the nanocrystalline state at homologous temperatures in 

excess of 0.85. Two processing conditions were chosen as exemplar studies. In one case the 

milling was performed for 8 hr at room temperature and used 1 wt. % sodium chloride as a 

process control agent (PCA). In another configuration the powder was milled for 4 hr at 

liquid nitrogen temperature with no PCA. Both were successful in eliminating cold welding 

of the powder to the milling media and vial. The two conditions responded very similarly to 

annealing with the greatest variation being the as-milled condition. Higher zirconium content 

led to substantial hardening during annealing, but overall grain size stabilization was not 

found to be enhanced.  
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4.1 Introduction 

 

The unique properties of metals with average grain sizes below 100 nm have lead to 

great interest in their study. Although copper has been reported to have remarkably high 

strengths when nanocrystalline [3-5], the instability of this microstructure leads to concern 

for commercialization purposes. The high energy state due to excessive grain boundary area 

renders most nanocrystalline materials susceptible to grain growth at low temperature (e.g. 

Cu at 75 °C [79]). Indeed, some highly pure nanocrystalline metals have been found to 

undergo grain growth at room temperature [9], one of which is copper [74]. If the 

nanostructure cannot be retained at even modest processing and/or service temperatures, the 

material is of no practical use. The addition of dopant materials which segregate to the grain 

boundaries have been found successful in reducing the susceptibility to grain growth by two 

basic routes; kinetic or thermodynamic stabilization [80] as discussed in Sections 2.3.1 and 

2.3.2 respectively. Solutes of a larger atomic radius which do not have appreciable solubility 

in the host material can be put into solid solution by nonequilibrium processing such as 

mechanical alloying, and from the metastable, as-milled condition, annealing allows the 

solute to diffuse to the more favorable (lower energy) grain boundary sites which make up an 

appreciable volume of nanocrystalline materials. Once at these boundaries, the grain 

boundary energy can be reduced, and, in the ideal case, eliminate the driving force for 

boundary migration and crystallite growth [56, 74]. This thermodynamic approach is the 

basis for the use of zirconium which has a much larger atomic radius than copper and hence 

generates significant lattice strain which can be reduced by segregation of zirconium to the 



 

53 

grain boundaries where it can then be active toward stabilization. A recently developed 

model of grain boundary energy with solute segregation [64] is applied to the system to 

establish feasibility of complete thermodynamic stabilization. This modified Wynblatt-Ku 

model is also discussed in Section 2.3.2.1. 

 

To determine the stabilization efficacy of zirconium in copper the two powders were 

mechanically alloyed using a Spex shaker mill.  Zirconium was added in the amounts of 1, 2, 

and 5 at%. Two milling conditions were chosen for study. In the first, powders were milled at 

room temperature for 8 hr and 1 wt% NaCl was added as a process control agent (PCA). In 

the second condition, no PCA was added and the powders were milled for 4 hr at liquid 

nitrogen temperature (-196 ºC). Using a PCA is common in mechanical milling/alloying, but 

powder contamination is a serious shortcoming [37]. Without a PCA the alloys milled at 

room temperature quickly agglomerated into large flakes and spheres as well as adhering to 

the milling media and the vial. Both methods eliminated adhesion to the vial and milling 

media and generated coarse powders. The thermal stability was investigated by annealing for 

1 hr at 100 ºC intervals to a maximum of 1000 ºC. Both sets of powder were found to possess 

greatly enhanced grain size stability over pure copper as determined by microhardness, x-ray 

diffraction, and both transmission and scanning electron microscopy characterization.  
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4.2 Experimental Details 

 

Elemental powders of copper (Alfa Aesar, 99.9%) and zirconium (Cerac, 99.7%) 

were added to a 440 stainless steel vial (Spex SamplePrep) with grade 25, 440 stainless steel 

ball bearings (Salem Specialty Ball). The ball charge consisted of 17 balls 0.3125” in 

diameter and 16 balls 0.250” in diameter. The ball to powder weight ratio was maintained at 

10:1. All materials were loaded into the vial in an argon atmosphere (O2 < 1 ppm) and sealed 

before transferring to the mill. A Spex 8000 mixer/mill was used to mechanically alloy the 

powders. Zirconium was added in quantities of 1, 2, and 5 at%. Two milling conditions were 

undertaken. In the first, powders were milled at room temperature for 8 hr and 1 wt% NaCl 

(Alfa Aesar, 99.99%) was added as a PCA. In the second condition, a modified Spex 8000 

mixer mill was used where the powders were milled for 4 hr at liquid nitrogen temperature (-

196 ºC) and no PCA was added. The conditions will be denoted as CuXZr-RT and CuXZr-C 

for the first and second conditions respectively where X denotes the atomic percentage of 

zirconium (i.e. Cu5Zr-C is copper with 5 at% zirconium milled at cryogenic temperature for 

4 hr). The milled powders were annealed under 2% H2 (bal. Ar) for 1 hr at temperatures from 

100 ºC to 1000 ºC in 100 ºC increments in a Lindberg tube furnace into which the samples 

were inserted once the furnace had stabilized at the appropriate temperature. After annealing, 

the powders were compacted at room temperature in a 3 mm tungsten carbide die at a 

uniaxial pressure of 2.6 GPa. The powder compacts were polished and at least 10 Vickers 

hardness measurements were collected using a Buelher Micromet II with a 50 g load applied 

for 12 sec. X-ray diffraction (XRD) analysis was conducted using a Rigaku DMax/A X-ray 
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diffractometer using Cu Kα radiation. Proper alignment was verified before each use using a 

standard single crystal silicon sample. The spectra were processed by removing the 

background and Kα2 contribution (optimized Rachinger’s method) using Xpowder software 

(www.xpowder.com). The grain size was estimated using the Scherrer equation [13] applied 

to the first peak of the pattern. Transmission electron microscopy (TEM) analysis was carried 

out using a JEOL 2000FX with a beam energy of 200 keV. Samples for TEM analysis were 

prepared by pressing the  powder in gallium (as-milled powder) or by annealing compacted 

powder. Both methods were followed by electropolishing 3 mm disks in 30 vol% nitric acid 

in methanol at -20 ºC in a Tenupol-2 electropolisher and finishing by ion milling using a 

Fiscione Model 1010. Scanning electron microscopy (SEM) and focused ion beam 

channeling contrast imaging (FIBCCI) were performed using an FEI Quanta 3D FEG dual 

beam microscope. 

 

4.3 Results 

 

As shown in Figure 4.1, the as-milled powders showed total solubility for all 

compositions in both milling environments. The XRD patterns show nearly identical spectra 

for both milling conditions for each of the compositions. The peaks become broader and less 

intense as Zr content increases. The cryo-milled alloys show this effect somewhat more 

noticeably and would therefore be expected to possess a smaller grain size at each 
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composition than the room temperature milled counterpart. The high-angle peaks are nearly 

unidentifiable in the 5% alloys and are on the order of the background noise. 

 

 

Figure 4.1 – XRD comparison of the as-milled Cu-Zr alloys 

 

The XRD patterns for each annealing temperature for Cu1Zr-C is shown in Figure 4.2. It can 

be seen that even up to 800 ºC the pattern shows negligible change. The most noticeable 

sharpening occurs for the high angle peaks (i.e. 311 and 222), but they too are not 

substantially sharpened until the highest temperatures. 
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Figure 4.2 - Cu1Zr-C X-ray spectra after annealing for 1 hr at increments of 100 ºC 

 

The grain size estimations of the alloy powders by XRD are shown in Figure 4.3, and it can 

be seen that the 1% Zr alloys are equally stable to the higher concentrations (2% and 5%) at 

modest annealing temperatures and even more stable at the highest temperatures. Whereas 

with the 5% Zr alloys (triangles), grain size begins rising significantly at 500 ºC (though 

from a lower initial value), the grain size of 1% and 2% alloys did not increase significantly 

until 600 ºC. For the 1% and 2% alloys this rise, though noticeable, is not extensive, and the 

grain sizes remain within 10 nm of their as-milled conditions until nearer to 800 ºC. The 

cryo-milled alloys (open symbols) consistently maintained a smaller grain size than the room 

temperature-milled alloys (filled symbols), and most noticeably after 600 ºC. However, for a  

fixed composition, the trend in size was mirrored even if the size itself was not. The plateau 

effect in the pure copper samples is assumed to be generated by bimodal grain growth and 
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not actually maintaining a uniform size in that range. The reported grain sizes of 40 nm or 

greater from XRD are considered skeptically, as it has been found that they are prone to 

inaccuracy [48].  

 

 

Figure 4.3 - XRD grain size estimations for Cu-Zr alloys and pure Cu equivalently processed  

 

As seen in Figure 4.1, although the 1% and 2% Zr alloys have closely related peak positions, 

the 5% Zr addition shows a substantial peak shift indicative of lattice expansion caused by 

the dissolution of Zr into the Cu lattice. The broad, poorly defined peaks in the as-milled 

condition made precise lattice parameter calculation impractical, but the trend was a lattice 

expansion at low annealing temperature and sharp drop to within error of pure copper 

(3.6148 Ǻ [13]) from 500 ºC to 600 ºC. The amount of lattice expansion increased with 
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increasing solute content and the RT as-milled lattice parameters in both the 2% and 5% Zr 

alloys were larger than those for the cryo-milled ones. However, after annealing to 100 ºC, 

the cryo-milled alloys had a larger spacing. The cause for the discrepancy was examined by 

selected area diffraction in the TEM. Figure 4.4 shows the 5% alloys in the as-milled 

condition. These indicate that intermetallic formation occurs in the RT milled alloys, but is 

suppressed in the cryogenically milled alloys. The broad diffuse nature of the Cu5Zr-C rings 

in comparison to that of the Cu5Zr-RT alloy indicates a smaller grain size though the two are 

identical as estimated by the Scherrer grain size in Figure 4.3. The formation of a partially 

amorphous structure is not ruled out due to the ease of glass formation in the Cu-Zr system 

[81, 82]. After low temperature annealing the structure may become more ordered and the 

lattice spacing increase. Though the lattice parameter measurements were not able to be 

considered absolute, the trends are considered instructive. 
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a)  b)  

Figure 4.4 - Selected area diffraction patterns for the 5% Zr alloys in the as-milled condition a) Cu5Zr-RT with 

intermetallic rings indicated by arrows, b) Cu5Zr-C without intermetallic rings. The innermost ring is attributed to 

ZrO2. 

Variation in the hardness is qualitatively similar to that of the lattice parameter. The 

microhardness measurements shown in Figure 4.5 reveal a hardening effect at low 

temperatures for the 2% and 5% Zr alloys. Higher Zr contents result in a greater hardening 

response as has been observed elsewhere [83]. The 1% Zr alloys are both remarkably stable 

throughout the temperature range, with the room temperature environment being consistently 

softer which would be expected for a larger grain size as in Figure 4.3. In the as-milled 

conditions the Cu1Zr-C sample is considerably harder than the Cu1Zr-RT alloy, the 2% Zr 

alloys are nearly equal, and the 5% Zr alloys show the Cu5Zr-RT alloy to have a higher as-

milled hardness. The Cu5Zr-C and Cu2Zr-C samples are equivalent in as-milled hardness but 

at 100 ºC they have separated significantly. At 900 ºC the entire range of compositions and 

milling conditions is still well stabilized, but at 1000 ºC they all drop precipitously, though 
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the 1% alloys are affected least drastically. For the 1% alloys to maintain hardness in excess 

of 1.75 GPa even at 1000 ºC is truly remarkable. 

 

 

Figure 4.5 - Hardness values for Cu-Zr alloys and pure Cu equivalently processed 

 

The impressive hardness, even at > 0.8 Tm, was verified by testing the annealing and 

compaction in several configurations, and it was found that the hardness is sensitive to the 

order of compaction and annealing. The various methods tested were to anneal the powder 

then compact it, anneal the powder then support it in epoxy, and to compact the powder then 

anneal. The last step was always to polish the surface of the powder. When pure, unmilled 

copper was annealed at 1000 ºC then pressed to 2.6 GPa, the hardness of the polished 

compact was ~1.4 GPa. Of course this is not expected of pure copper. If the annealed powder 
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was not pressed but supported in epoxy the hardness was only ~0.6 GPa. Obviously the 

compaction step had introduced significant cold work. This effect was not observed for 

Cu1Zr-C samples which were also tested in the different configurations. It was noticed, as 

reported previously [39], that the cryo-milled compact expanded when annealed while the 

unmilled copper did not. The gas expansion may influence the stability by additional stress, 

but the hardness of the compacted then annealed sample was within 8% (ignoring error bars) 

of the annealed then compacted sample though on the lower extreme. In general, it was 

observed that samples of hardness greater than ~1.75 GPa did not experience the hardening 

effect due to the strain hardening of compaction. 

 

TEM investigation confirms both the nanocrystalline nature of the material as well as the 

stability at very high homologous temperatures. Cu1Zr-C was chosen as a representative case 

since the stability was equal to or greater than the other compositions and milling 

environments with the lowest concentration of zirconium. The TEM bright field (BF) and 

dark field (DF) images of Cu1Zr-C in the as-milled condition are shown in Figure 4.6 with 

volume fraction grain size distributions and selected area diffraction (SAD) patterns inset. 

The Cu-fcc diffraction rings are clearly visible and continuous, indicative of a fine 

polycrystalline structure. The dark field image using the 111 and 200 rings confirms the 

existence of many small grains though a few larger grains (>50 nm) are present as well. The 

volume average grain size was found to be 27.8 nm and the number average 18.4 nm.  
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a)  b)  

Figure 4.6 - Cu1Zr-C in the as-milled condition a) bright field image with SAD pattern inset top-right and (b) 

corresponding dark field image with volume fraction grain size distribution inset bottom left 

 

The microstructure was examined in a similar manner after the powder was annealed at 900 

ºC. The TEM BF and DF images of Cu1Zr-C after annealing at 900ºC are shown in Figure 

4.7. The SAD pattern (Figure 4.7a) shows a coarsening of the structure as the Cu-fcc 

diffraction rings are no longer continuous. Also, new rings have appeared which have smaller 

diameters and therefore larger lattice spacings. Figure 4.7b shows the BF image and Figure 

4.7c shows the DF image using the 110 and 200 rings as above. The volume fraction 

histogram is inset in the DF image on the bottom right. The volume average and number 

average grain sizes were found to be 59.2 nm and 53.6 nm respectively. Since Cu and Zr 

form intermetallics, the appearance of new rings was anticipated. Selecting the inner SAD 

rings for DF, many small second phase particles were found to exist throughout the material 

as shown in Figure 4.7d. The precipitates have volume and number fractions of 7.5 nm and 
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4.0 nm respectively with 78% of the precipitates being 5 nm or less and the next 19% being 

in the range of 5-10 nm.  

 

a)  b)  

c)  d)  

Figure 4.7 - Cu1Zr-C annealed for 1 hr at 900ºC a) SAD pattern, (b) Bright field image (c) dark field image 

generated by the 110 and 200 diffraction rings with volume fraction grain size distribution inset bottom left (c) dark 

field image using innermost rings of SAD pattern shown in (a). 
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 In other work on alloys with higher Zr composition (not reported), XRD spectra contained 

appreciable peaks in addition to those from Cu. These were compared to the SAD patterns at 

lower composition and found to correlate well which aided in phase identification. The 

brightest ring not belonging to copper, the innermost ring, was found to correspond to 

zirconia (ZrO2), while the principal intermetallic phase was found to be Cu5Zr, but other 

phases are likely present. The formation of ZrO2 is may occur during the electropolishing 

and/or transport of the samples between the TEM and the glovebox. SEM examination of 

Cu1Zr-C annealed at 1000 ºC revealed no appreciable oxygen content by EDS, but it is not a 

quanititative result and oxygen is likely present during processing. The Cu5Zr ring is quite 

faint and broad indicating limited and small precipitate formation as observed in TEM 

examination. 

 

The considerable stability suggested by XRD, microhardness, and TEM was still regarded 

cautiously. Though considered the most reliable method, TEM results were verified by FIB 

channeling contrast imaging (FIBCCI) since the possibility of grain fallout during 

electropolishing was considered as an artifact that may shift the grain size to unrealistically 

small averages by the loss of the largest grain sizes. In the FIBCCI method, though the 

smallest grain sizes could not be resolved, the presence of large grains that may be lost in 

sample preparation could be resolved. This technique provides a valuable intermediate 

analysis between optical microscopy and TEM for evaluating grain size [66, 67]. The results 

of the analysis of the material annealed at 900 ºC are shown in Figure 4.8. The grains are 

shown to be nearly equiaxed and uniform in size. Aside from the grains of 500-600 nm at 
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center-right in Figure 4.8a, there were no other large grains in the sample area (~20x20 µm). 

The higher magnification in Figure 4.8b shows many of the grains are below 100 nm, but the 

resolution is not sufficient for an exact measurement. However, this technique is not intended 

to reveal exact grain size but to determine if there is a significant presence of large grains that 

was excluded from measurement by TEM. Also, considering that the areas of uniform shade 

(especially medium gray) may be a collection of unresolved grains, the TEM and FIBCCI 

results are in good agreement and considered representative of the bulk material. 

 

a)  b)  

Figure 4.8 - FIB grain size image of Cu1Zr-C annealed at 900 ºC by ion channeling contrast at magnifications of (a) 

40,000X and (b) 80,000X 
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4.4 Discussion 

 

Zr is an oversize atom in Cu with a size misfit of 24%. Zr has an equilibrium solubility 

in Cu of only 0.12 at% at 972˚C [84, 85] and it is expected to work well for the stabilization 

of Cu by Zr segregation to the grain boundaries. The basis for the thermodynamic 

stabilization effect due to solute grain boundary segregation was treated in a recent paper 

[64] and in Section 2.3.2, but will be briefly outlined here also. The grain boundary energy, γ, 

at grain boundary solute segregation excess, Γs, is given by: 

 

   [ ]γ γ= + −o s seg segH T SΓ ∆ ∆      (4.1) 

 

where γo is the intrinsic (no segregation) grain boundary energy and ∆Gseg = ∆Hseg – T∆Sseg is 

the Gibb’s free energy change due to segregation. A regular solution model based on a 

bilayer grain boundary and configurational (mixing) entropy was developed to evaluate ∆Hseg 

and ∆Sseg [64]. This includes both the chemical [59] and elastic [60] size misfit effects for 

segregation, following the method proposed by Wynblatt and Ku [61, 62, 72] for surface 

segregation. Using A to denote solute (Zr) and B solvent (Cu), the equation for ∆Gseg is: 
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γA and γB are surface energies, α= 5/6, σ is the molar grain boundary area for the solvent, XA
s 

and XA
b denote the mole fractions of solute segregated to grain boundaries and in the bulk 

(grain interior), respectively, ∆Hel is the elastic strain energy enthalpy as given in [64], ∆Hm 

is the enthalpy of mixing of an equimolar liquid of A and B (used to evaluate the bond 

interaction parameter Ω � 4∆Hm in the regular solution model) and zin = 6, zout = 3, Z = zin + 

2zout. The grain boundary surface excess for the bilayer model is given by Γs = 2(XA
s – XA

b)/σ. 

Rearrangement of equation 4.1 gives the normalized grain boundary energy as:  

 

γ
γ γo

s
seg

o

G
= +1 Γ

∆
      (4.3)  

 

Detailed numerical results for the grain size as a function of temperature and total solute 

content XA
o require combining Equations 4.1 and 4.2 with a mass balance equation for A. 

This level of detail is beyond the scope of the current investigation. Instead we use the limit 

of infinite grain size where XA
b = XA

o. As discussed in [64], if the plot of γ/γo vs. Γs intersects 

the γ/γo = 0 axis in this limit, thermodynamic stabilization is possible for the XA
o and T values 

assumed. We could have also used a plot of γ/γo vs. XA
gb in this same context. This model 

requires values which are readily available in the literature. The parameters used in the 

following analysis are listed in Table 4.1. The ∆Hm values used were -16 kJ/mol and -25 

kJ/mol [86] for Cu-Zr and Fe-Zr respectively, and -9.1 kJ/mol for Cu-Zn [87]. 
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Table 4.1 - Constants used in calculating grain boundary energies 

 

 

Using values given in Table 4.1, the model was applied to the Cu-Zr alloys experimentally 

tested. Figure 4.9 shows the variation in the energy with initial Zr concentration. As the 

initial solute concentration is increased, the amount of segregant needed on the grain 

boundary needed for stabilization is reduced. As the temperature is increased, the solute 

excess required for stabilization increases, and at sufficient temperature (i.e. > 400 ºC) 

complete stabilization is no longer achieved.  

 

a)  b)  

Figure 4.9 - Normalized grain boundary energy for (a) varying bulk Zr concentrations (XZr = 0.01, 0.02, 0.05) at 

273K and (b) for variation in temperature with XZr = 0.01 
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Though the results for variations in stability with temperature and concentration are 

qualitatively useful, the simplified treatment shouldn’t be considered a quantitative treatment. 

For instance, the stability was found to extend well beyond the calculated 400 ºC stability 

maximum indicated in Figure 4.10. Where this treatment excels is in comparative study. The 

relative stability of various alloys can be quite instructive. As reported previously [65-67], 

Fe-Zr alloys have shown very good stability. Therefore, this alloy is used as a benchmark 

against the current work which has exceeded the Fe-Zr alloys when maximum stable 

homologous temperatures are compared. Indeed, when plotted together (see Figure 4.10), the 

relative amount of solute excess for zero boundary energy is less, and the magnitude of 

energy reduction is greater for the Cu-Zr system. For relative comparison, the Cu-Zn system 

is also included. The Zn isn’t expected to stabilize the copper as brass does not have an 

inherently stable grain size, and correspondingly, Zn is found to be ineffective as a stabilizing 

solute even at high concentration (i.e. 30 at%).  
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Figure 4.10 - Comparison of normalized grain energies for various alloy systems 

 

This treatment ignores intermetallic formation which is likely to occur since Cu and Zr have 

a negative heat of mixing [88] leading to a variety of equilibrium intermetallics [84, 85, 89]. 

The best stability was achieved with the lowest Zr concentration and this is thought to be 

related to intermetallic formation. Intermetallic formation introduces competitive use of the 

available Zr, and at higher solute levels (e.g. 5 at%) the likelihood that local Zr concentration 

is sufficient for achieving intermetallic formation is increased. Since the equilibrium 

intermetallic with the lowest Zr concentration is typically cited to be Cu9Zr2, the local 

concentration must reach ~18.8 at% Zr [84]. However, the major intermetallic phase was 

identified as Cu5Zr (by Xpowder software) which is metastable at room temperature [90], 

though repeatedly reported there [91-94]. The formation of intermetallics could add 

additional stabilization by Zener pinning [10, 41], and even with only 1% Zr there appears to 
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be significant presence. The effect of precipitates may contribute to a thermokinetic 

stabilization mechanism as described by Chen et al. [71]. 

 

 The major factor distinguishing the room temperature milled alloys from the cryo-milled 

alloys is the as-milled hardness. At 1% Zr, the room temperature-milled alloy was much 

softer. At 2% Zr, both milling conditions were similar. After Zr content was increased to 5%, 

the room temperature-milled alloy was harder. This is expected to be linked to the 

intermetallic formation as seen in Figure 4.4 where the SAD pattern for Cu5Zr-RT has 

obvious intermetallic rings and that for Cu5Zr-C does not. The intermetallic formation during 

milling, though still not extensive, seems to be most important to stability as the Zr content 

increases, causing lower overall annealed hardness and larger grain size. The intermetallic 

formation is expected to be limited in the 1% Zr alloys as found by TEM, and further study 

of the presence and importance of intermetallics is currently underway. 

 

Cu-Zr alloys have been of interest primarily due to the unique binary bulk glass forming 

properties [81, 82], and much of the literature is based on this aspect. Cu-Zr alloys been 

studied for use as high strength, high conductivity alloys in concentration up to ~0.73 at% Zr 

[83, 95]. The annealing behavior found in [83] is similar to this work where a hardening 

effect which increases with increasing Zr content is seen at low temperature and is lost by 

500-600 °C. The hardening is associated with precipitate formation which is reported to be 

significant, but with a much larger grain size (~500 nm). Solute segregation effects on grain 

boundary strength may be partly responsible for the hardening [26, 75, 96], and Zr is 
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expected to increase grain boundary cohesion [97]. Saarivita [95] also reported precipitation 

occurring at concentrations above 0.15%, but again not at nanocrystalline grain size. 

Recently the solid solubility of Zr in Cu (up to ~4.3 at%) was studied by planetary ball 

milling [98], and not surprisingly Zr was found to dissolve in quantities much greater than 

equilibrium. When added in dilute quantities, Zr has been found to stabilize 300 nm Cu 

grains to at least 350 ºC (0.17% Zr) [94] and to 500 ºC for 100 nm grains (0.18%) [92]. Such 

a low concentration is believed to be insufficient to stabilize a grain size well below 100 nm 

since the critical solute concentration is proportional to the inverse of the grain size [74]. An 

addition of 5% Zr to copper was milled with an organic PCA by Morris [99], and found 

stable to 900 ºC, with a loss of stability at 1000 ºC as found here, but the stabilization was 

attributed to the formation of ZrC (with some ZrO2) which acted in a solely kinetic fashion 

by pinning grain boundaries. As ZrO2 was found to form here also, it may be an effective 

material for kinetic stabilization. No study of the stabilizing effects of elemental Zr in Cu at 

temperatures approaching the melting point of Cu was found. 

 

Another point of difference in the RT and cryo processing routes is the effect the PCA has on 

the powder. Even at concentrations of 0.5 wt% NaCl, the copper was found to agglomerate 

into large (2-4 mm) particles, and the size of the particles increased with milling time. To 

suppress the formation of these agglomerations, 1 wt% NaCl was used. This large addition 

caused the RT alloys to quickly oxidize in air. In a matter of 1 hr or less the powders would 

darken significantly until a very dark purple was observed. The effect was accelerated for 

larger zirconium content with Cu5Zr-C being the most susceptible. The effect was somewhat 



 

74 

suppressed after annealing, but not eliminated. The possibility of the NaCl reacting with 

water in the air coupled with the particular affinity for oxygen that Zr possesses may be 

responsible. Also, the RT alloys, likely have a greater fraction of Zr segregated to the surface 

in the as-milled condition since the temperature within the milling vial can be 100-350K 

above ambient [38]. Although the RT alloys do show very good stability, and are inherently 

simpler to produce, another PCA may be more appropriate though most are organic 

compounds which result in appreciable contamination of carbon, oxygen, and/or nitrogen 

[37]. Powder contamination, and not just from a PCA, is a serious concern in mechanical 

alloying [8], but with the short milling time and suppression of cold-welding, cryogenic 

milling is one avenue for reducing the occurrence. 

 

4.5 Conclusions 

 

Zr is an excellent candidate for stabilizing nanocrystalline Cu when mechanically 

alloyed at RT using NaCl as a PCA or at cryogenic temperature without a PCA. When Zr is 

added to Cu in concentrations as low as 1 at%, a nanoscale grain size can be maintained to > 

0.85 Tm for pure Cu. This statement was found consistent with data collected by 

microhardness, XRD, TEM and SEM (by FIBCCI). Cryo-milled alloys were found to have 

similar, though slightly superior stability as found by hardness and XRD grain size 

comparison. This is explained by the suppression of intermetallic formation during milling 

when processed at liquid nitrogen temperature. Cu-Zr intermetallic formation was found 
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along with ZrO2 particles which may add kinetic stability. The thermodynamic stabilization 

of Cu by Zr was calculated using a modified Wynblatt-Ku model that accounts for grain 

boundary segregation.  When applied in conjunction with other, known systems, the result 

can be particularly useful. When compared to Fe-Zr, a well-stabilized system, Cu-Zr shows 

somewhat superior stability, and this is reflected in the experimental results. The ideal alloy 

content for Zr in Cu was found to be 1 at% based on superior retention of grain size and 

hardness at high temperature as well as reduced intermetallic formation. 
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5 Stabilization of Brass by Zirconium 

 

 

Nanocrystalline cartridge brass was produced by cryogenic ball milling and 

subsequently heat treated to a maximum temperature of 800 °C. The grain size was found to 

be relatively stable in comparison to pure copper and a high hardness was retained up to 600 

°C though many grains had grown to larger than 100 nm. When zirconium was added to the 

brass alloy, the grain size was stabilized near 100 nm even at 800 °C. The hardness was 

retained above 2.5 GPa for all zirconium alloys to the same temperature where the pure brass 

dropped significantly. Up to 600 °C the zirconium did not greatly enhance stability. At 800 

°C stabilization is believed to be dominated by Zn-Zr interactions and second phase 

precipitates were observed in XRD and TEM. Thermodynamic modeling of the system using 

a modified Wynblatt-Ku approach indicates stabilization will not be achieved, and the 

mechanism may be kinetic. The possible influence of microstructural features on the thermal 

performance of the brass and brass-zirconium alloys is discussed.  
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5.1 Introduction 

 

Copper with the addition of 30% zinc forms a single-phase, fcc α-brass [100] which is 

also known as cartridge brass (UNS designation C26000). This is an important structural 

material currently employed in a diverse number of areas including radiator cores, locks, 

hinges, ammunition components, plumbing components, rivets, and more [101]. 

Nanocrystalline (nc) materials have habitually shown a significant increase in strength over 

their coarse-grained counterparts generating interest in their use. However, the grain size 

stability of nc materials is typically poor (some showing grain growth even at room 

temperature [9]), and the strength drops precipitously with grain growth. For these reasons it 

was of interest to examine the thermal stability of nanocrystalline cartridge brass and 

determine the effectiveness of adding zirconium as a grain boundary segregant. 

 

The addition of 1 at% Zr to Cu has been found to stabilize the grain size below 100 nm in 

excess of 80% of the melting point of pure Cu (see Chapter 4), and this provided the 

motivation to explore the efficiency of Zr as a grain boundary stabilizer in Cu 30% Zn. Pure 

brass, as well as alloys with 1% and 5% Zr, were mechanically alloyed using a high-energy 

ball mill maintained at cryogenic temperature (-196 °C). The nanocrystalline alloys were 

then annealed to a maximum temperature of 800 °C in intervals of 200 °C. Analysis before 

and after annealing was carried out using X-ray diffraction, microhardness, and transmission 

electron microscopy. The Zr addition only significantly improved the hardness and grain size 

retention at 800 °C where pure brass performed poorly. 
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5.2 Experimental 

 

Elemental powders of copper (Alfa Aesar, 99.9%), zinc (Alfa Aesar, 99.9%) and 

zirconium (Cerac, 99.7%) were added to a 440 stainless steel vial (Spex SamplePrep) with 

grade 25, 440 stainless steel ball bearings (Salem Specialty Ball). The ball charge consisted 

of 17 balls 0.3125” in diameter and 16 balls 0.250” in diameter. The ball to powder weight 

ratio was maintained at 10:1. All materials were loaded into the vial in an argon atmosphere 

(O2 < 1 ppm) and sealed before transferring to the mill with one exception where pure brass 

was sealed under vacuum. A modified Spex 8000 mixer/mill was used where the powders 

were milled for 4 hr at liquid nitrogen temperature (-196 ºC). Zirconium was added with the 

copper and zinc in quantities of 1 and 5 at% (these alloys will be referred to as B1Zr and 

B5Zr respectively). The milled powders were annealed under 2% H2 (bal. Ar) for 1 hr at 

temperatures from 200 ºC to 800 ºC in 200 ºC increments in a Lindberg tube furnace into 

which the samples were inserted once the furnace had stabilized at the appropriate 

temperature. After annealing, the powders were supported in epoxy and polished. At least 10 

Vickers hardness measurements were collected for each annealing condition using a Buelher 

Micromet II with a 50 g load applied for 12 sec. Error bars for hardness were calculated by 

standard deviation. X-ray diffraction (XRD) analysis was conducted using a Rigaku DMax/A 

X-ray diffractometer using Cu Kα radiation. Proper alignment was verified before each use 

using a single crystal silicon standard. Spectra were collected on powder for all alloys except 
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the in-situ consolidated Zr alloy prepared for TEM (see below). For this alloy, three 3 mm 

compacts were placed next to each other in a triangular shape and polished flat before 

collecting each spectrum. The spectra were processed by smoothing (function filter), 

removing the background, and Kα2 stripping (optimized Rachinger’s method) using Xpowder 

software (www.xpowder.com). The grain size was estimated using the Scherrer equation [13] 

applied to the first peak of the pattern. Transmission electron microscopy (TEM) analysis 

was carried out using a JEOL 2000FX with a beam energy of 200 keV. 1% Zr samples for 

TEM analysis were prepared by milling the alloy as described above after which room 

temperature milling was performed for an additional 4 hr. This allowed the powder to 

consolidate into small 1-3 mm spheres which were then uniaxially pressed in a 3 mm 

tungsten carbide die to 2.6 GPa and annealed as described above. This hybrid milling 

condition will be referred to as B1Zr CRT. Pure brass TEM samples were generated by 

pressing as described above and subsequently annealing the compact. Both sample types 

were electropolished in 30 vol% nitric acid in methanol at -20 ºC in a Tenupol-2 

electropolisher and final thinning was performed with a Fischione Model 1010 ion mill. TEM 

images have basic brightness and contrast adjustments applied to aid in viewing and printing 

clarity. Scanning electron microscopy (SEM) analysis of pure brass was performed with a 

Hitachi S3200 to determine porosity. The SEM is equipped with an energy dispersive X-ray 

spectrometer (EDS) which was used to verify atomic concentrations. 
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5.3 Results 

 

Pure brass was milled under two conditions. In the first, the milling atmosphere was 

high purity Ar. In the second, the vial was evacuated and sealed before milling. XRD spectra 

were acquired after each annealing and are shown in Figure 5.1. The peak broadening is 

significant in the as-milled condition, and the peaks do not sharpen appreciably until 600 ºC. 

After the 800 ºC anneal the peaks are shifted to slightly higher angles indicative of a lattice 

contraction. The brass alloys milled under Ar and vacuum did not show significant 

differences upon annealing. 

 

a)  b)  

Figure 5.1 – XRD comparisons for pure brass milled in (a) Ar and (b) vacuum. Annealing temperatures are listed in 

°C, except for the unannealed (as-milled) condition labeled “A-M”. 
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The XRD spectra for the 1% and 5% Zr alloys are shown in Figure 5.2. The appreciable as-

milled peak broadening in the 1% Zr alloy indicates a very small grain size, and the peaks 

sharpen slowly as annealing temperature increases. For the high angle peaks (i.e. 311 and 

222), sharp, well-defined profiles do not occur until 600 ºC, and are significantly narrowed 

only at 800 ºC. In the 5% Zr alloy, the as-milled condition has a single, extremely broad peak 

indicative of an amorphous, or at least partially amorphous structure, which is lost by 400 ºC. 

Again, the higher angle peaks do not become clearly distinguishable until 600 ºC and are not 

definitive until 800 ºC. At 800 ºC, additional peaks between thee 111 and 200 peaks become 

visible and these are associated with Zn3Zr3O, which will be discussed below. 

 

a)  b)  

Figure 5.2 - Post annealing XRD spectra of brass with 1% Zr and 5% Zr additions. Annealing temperatures are 

listed in °C, except for the unannealed (as-milled) condition labeled “A-M”. 

 



 

82 

Based on the above X-ray spectra, it is expected that both pure brass and the brass zirconium 

alloys will retain a nanoscale grain size up to at least 400 ºC, and indeed, by Scherrer grain 

size estimation (see Figure 5.3) it is reported that both remain below 25 nm at 400 ºC (0.55 

Tm) with the Zr alloys retaining such dimensions until 600 ºC (0.72 Tm) for all conditions. 

Data obtained in previous work [102] for copper alloys with equivalent Zr content are also 

plotted as a comparison. The Cu-Zr system was found to be remarkably stable, and as shown, 

the brass zirconium alloys show similar stability when the homologous temperatures are 

compared. Also of note is that the pure brass indicates superior stability over pure copper 

(not shown) which exceeded 40 nm by 400 ºC. This size has been found to be a typical cutoff 

for reasonable accuracy when using the Scherrer equation under these conditions. Ar 

entrapment during milling at 77 K has been noted in previous work [39], and to determine if 

the processing conditions were of importance in the pure brass stability (i.e. milling in Ar 

atmosphere), the material was also milled under vacuum. The two conditions are nearly 

identical until being annealed at 600 ºC, but by then both are out of the range of accuracy for 

XRD analysis though qualitatively similar. The B1Zr CRT sample shows a larger as-milled 

grain size, but improved stability over samples that were only cryo-milled at higher 

temperature. The configuration used in collecting X-ray spectra for the B1Zr CRT samples 

(see experimental section) may lead to anomalous results, but as these were generated 

specifically for TEM use, the XRD estimation is not considered quantitatively. 
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Figure 5.3 - Comparison of XRD grain size estimates. Cu-Zr data is added from [102].  

 

The microhardness values of the alloys are shown in Figure 5.4. All of the alloys are close in 

as-milled hardness, but when annealed at 200 ºC the cryo-only Zr alloys harden, with the 5% 

Zr alloy hardening quite significantly. The pure brass alloys are quite close in hardness 

throughout the annealing range, with separation increasing at 600 ºC analogous to the XRD 

grain size estimates. These pure alloys retain hardness remarkably well, with the Zr additions 

being truly beneficial only at the highest temperature. The B1Zr CRT alloy showed delayed 

hardening compared to the cryo-only alloys, and was hardest after a 400 ºC anneal. At all 

other temperatures the B1Zr CRT alloy was softer than the corresponding, cryo-only alloy, 

though only by a small margin (averaging < 0.25 GPa) and typically within error. 
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Figure 5.4 – Measured hardness values for the brass and brass-Zr alloys 

 

TEM analysis was conducted to determine grain size more accurately. The results for the 

B1Zr CRT alloy after annealing at 800 °C are shown in Figure 5.5. The selected area 

diffraction (SAD) inset of Figure 5.5a shows major rings corresponding to α-brass (fcc) 

structure. These are accompanied by two inner rings attributed to a second phase (more on 

this below). The dark field image corresponding to the brass rings (Figure 5.5d) reveals that 

the material is primarily made up of grains near 100 nm. The volume and number average 

grain sizes are 121 nm and 105.7 nm respectively. Greater than 70% (by number) of the 

grains are 120nm or less.  The second phase particles in Figure 5.5c have volume and number 

averages of 10.8 nm and 7.4 nm respectively with 48.4% being 5 nm or less and 26.9% 

between 5 nm and 10 nm. The inner rings in Figure 5.5a were very weak for the alloy when 

annealed at 600 °C. 
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a)  b)  

c)  d)  

Figure 5.5 – B1Zr CRT after annealing for 1 hr at 800 °C (a) SAD pattern with objective aperture positions indicated 

for inner rings (position 1) and 111 and 200 brass rings (position 2). Bright field image is shown in (b) and dark field 

images are shown corresponding to (c) objective aperture position 1 and (d)  objective aperture position 2 with 

volume fraction grain size inset lower-left. Scale bar equivalent for bright and dark field images. 
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The TEM of pure brass (see Figure 5.6) confirmed that the alloy remained nanoscale even at
 
600 °C. The SAD pattern inset for Figure 5.6a shows the grain size to be quite small and also
 
reveals faint extra rings which correspond to ZnO. The volume and number average grain 
 
sizes 74.3 nm and 66.7 nm respectively and grain size distribution is more tightly bound than
 
B1Zr CRT at 800 °C with 69.0% of the grains being between 40 nm and 80 nm. A summary 
 
of the dark field grain size results are listed in  Table 5.1.  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

 a)  b)  

Figure 5.6 – TEM results for pure brass milled in Ar and annealed at 600 °C for 1 hr (a) bright field with SAD 

pattern inset at upper-left and (b) corresponding dark field image with volume fraction grain size inset lower left. 

Scale bar in bright field image valid for both images. 

Table 5.1 - Dark field grain size results for pure brass and 1% Zr alloy (B1Zr CRT) 
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5.4 Discussion 

5.4.1 Pure Brass 

 

Nanocrystalline cartridge brass was found to retain remarkable hardness at annealing 

temperatures up to 600 ºC and it was found that the grain size is well-stabilized for a “pure” 

material. The vacuum-milled brass was used to determine if Ar entrapment during milling 

may have affected the properties of the corresponding alloy which could have manifested by 

grain boundary pinning due to porosity [80] or additional lattice strain. By SEM examination 

of the powders (not shown), it was found that the Ar-milled alloy did contain significantly 

more porosity after annealing at 800 ºC although the vacuum-milled alloy also contained 

some. Their annealing behavior, evidenced through hardness and XRD grain size estimation, 

is quite similar and it is expected that the Ar environment is not responsible for the retention 

of properties. 

 

As Zn content increases in α-brass the stacking fault energy (SFE) decreases [103], and in 

addition to stacking faults, cartridge brass is known to contain microstructural features such 

as twinning [17, 104] and short-range ordering [105-107] which can increase strength. When 

plotted using the Hall Petch constants of σo = 45.11 MPa and k = 0.31 MN/m3/2 [17], the 

experimental hardness is  below the calculated line, but in agreement with other data utilizing 

severe plastic deformation techniques [108]. Besides grain size strengthening, there are other 

contributing factors that determine the strength of pure brass and possibly play a role in 

retaining the hardness after annealing. Anneal hardening that occurs below the 
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recrystallization temperature, is controlled by solute segregation to dislocations and has been 

reported in copper single phase solid solutions [109-111]. Depending on the degree of the 

prior cold-work, anneal hardening causes a peak in hardness in the range of 200-300 °C and 

may have an effect on the hardness of annealed brass. It is important to note that formation of 

annealing twins is reported to produce an anomalous hardening in Cu and Ni after annealing 

[112]. Also, as Zn content is increased the annealed strength of α-brass increases [104].  

 

Twinned microstructures in Cu [113, 114] and Cu-based alloys [115, 116] are well-known to 

show high strength in the as-processed state (i.e. prior to annealing). Twinning is more likely 

for low SFE materials, low temperature and high strain rates, but somewhat suppressed as 

grain size is reduced [17]. Twinning in nanocrystalline materials is a complex process and 

the topic has been reviewed by Zhu et al. [117] recently. As the grain size is reduced below 

100 nm, deformation twinning is frequently observed even in materials with a relatively large 

SFE [117]. An inverse grain size effect on twinning has been observed where the propensity 

for twinning reaches a local maximum within the nanoscale regime and then begins to 

decrease again in Ni [118] and Cu [119] which have stacking and general planar fault energy 

differences great enough to indicate the effect is a common phenomena [117].  

 

Cryogenic ball milling (low temperature, high strain rate) is likely to generate a high 

deformation twin density in coarse-grained materials, but the grain size effect eliminates easy 

assumptions about the result on nanocrystalline brass. In the case of Cu-30%Zn, Miura et al. 

[120] reported that cryo-rolling and subsequent annealing (up to 270 °C) resulted in an 
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ultrafine-grained microstructure decorated with deformation and annealing twins. A 

nanotwinned microstructure in Cu is also shown to have enhanced thermal stability when 

twin density increases [121]. Saldana et al. [121] discussed that twin boundaries retard 

migration of grain boundaries and triple junctions. For ultra-fine grained samples produced 

by equal-channel angular pressing (ECAP) others [92, 122] have found weakening and grain 

growth to commence nearer to 250 °C in α-brass with copper being lower in both cases. In 

both studies the ECAP was performed at or above room temperature. Cryogenic severe 

plastic deformation of low SFE brass (SFE = 14 mJ/m2 [123]) with high energy ball milling 

involves multi-directional forces that facilitate twinning in the microstructure. Therefore, the 

presence of a high density of thermally stable deformation twins together with annealing 

twins that nucleate and grow upon annealing may account for the retained hardness and grain 

size of pure brass. The resolution capabilities of the TEM used in this work negated the 

ability to properly interrogate nanoscale twinning, though larger twins were prevalent. 

 

5.4.2 Brass-Zirconium 

 

Zirconium has been found to stabilize a number of nanocrystalline materials such as Pd [48, 

124], Fe [66, 67], and Cu [83, 92, 102]. A strong elastic misfit component (elastic enthalpy of 

~72 kJ/mol in cartridge brass) drives segregation to boundaries where the Zr can be active in 

reducing the grain boundary energy by thermodynamic means. Though the elastic enthalpy is 

lower than in Cu or Fe (> 90 kJ/mol), the solid solubility of Zr in either Cu or Zn is 

negligible [84, 85, 125-127] and substantial segregation is expected. Others [92] have found 
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brass to benefit somewhat less than Cu from Zr addition in UFG materials, but the Zr content 

was significantly less than used here (0.13% and 0.18% respectively). 

 

The brass-Zr alloys provide a somewhat more challenging analysis compared to binary 

systems with regard to grain size stabilization mechanisms and the role of intermetallics. 

Zirconium forms a variety of binary intermetallics with both copper [84, 85] and zinc [125-

127] in addition to the ternary intermetallics Cu2ZnZr3 [128], Cu2ZnZr [129], and Cu7Zn16Zr6 

[130]. TEM SAD results indicate that there is second phase formation in the B1Zr CRT alloy 

(see Figure 5.5), but for the 1% Zr alloy, the formation of a second phase was below 

detection limits using XRD at any annealing temperature. The presence but limited extent of 

precipitation indicates that the stabilization mechanism is likely thermokinetic [71] in nature 

where both thermodynamic stabilization (grain boundary energy reduction) and kinetic 

stabilization (grain boundary mobility reduction) are in cooperation, though the 

thermodynamic mechanism is expected to dominate. In this, some of the added Zr can be 

active in reducing grain boundary energy while some is active through kinetic means such as 

solute drag or grain boundary pinning. The thermokinetic treatment in [71] deals more 

specifically with solute drag, but the most effective kinetic mechanism present in these alloys 

is likely Zener pinning since the precipitates tend to be quite small [10]. 

 

A variety of peaks not associated with pure brass developed at high temperature for the 5% 

Zr alloy. Identification of these was best fit by Zn3Zr3O using XRD data (see Figure 5.7). 

The calculated peaks of Zn3Zr3O are largely consistent with the additional peaks but are 
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shifted to lower angles indicating an expanded lattice parameter which may arise due to a 

non-stoichiometric composition. With the limited pattern library available in the X-ray 

software for the alloy, there may be a phase with a better fit, but it is also likely a mixture of 

intermetallics. The important feature is that there is a significant presence of second phase 

particles. 

 

An oxide phase need not form during annealing (clear evidence of oxidation after annealing 

was not visibly observed) but may arise by simple exposure to ambient air as zinc and 

zirconium have strong affinities for oxygen. Oxygen may also be incorporated before or 

during milling that is not removed during annealing. The equimolar intermetallic ZnZr may 

be the precursor for oxide phase, and thermodynamically, its enthalpy of formation is the 

most energetically favorable for any equilibrium Zn-Zr intermetallics [131]. Oxidation of 

B1Zr CRT specimen during annealing is unlikely to appear in the TEM sample since 

hundreds of microns of material are removed from both surfaces of the consolidated compact 

before electropolishing and ion milling and no oxidation was visibly apparent even on the 

surface of the compact. Alloys milled at room temperature are known to form intermetallics 

suppressed under cryo-milling conditions [102], and it is possible that some oxidation 

occurred during the milling that lead to Zr3Zn3O formation.  
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Figure 5.7 - Comparison of experimental XRD pattern for B5Zr after 800 °C anneal and the calculated pattern for 

Zn3Zr3O. Dashed lines are associated with the calculated pattern peaks. Brass peaks are labeled with corresponding 

reflections. 

 

As Zr content and/or temperature increases, the likelihood of surface segregation also 

increases which may promote oxide formation. Identification of the major phase as Zn3Zr3O 

doesn’t preclude other minor phases from being present as well. Equilibrium Zn-Zr 

intermetallics form at a lower Zr concentration (4.3% [126] to 6.7% [125, 127] Zr) than those 

in the Cu-Zr system (18.2% Zr [84, 85]). To contrast with earlier findings [102], XRD results 

for Cu-Zr alloys did not show intermetallic peaks even for the 5% Zr alloy when annealed to 

1000 °C, and the major phase identified there, Cu5Zr, is not present in the brass system. A 

further observation for the brass alloys is that when pure, annealing at 800 °C caused 

significant dezincification as found by EDS analysis (a loss of ~5% and 1% for the Ar-milled 

and vacuum-milled alloys respectively). This is also evidenced by a peak shift in the XRD 
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spectra (Figure 5.1) which is not seen in the Zr alloys (Figure 5.2) possibly due to Zn-Zr 

interaction. For these reasons it is expected that grain boundary and surface interactions are 

primarily between Zn and Zr.  

 

The possibility of thermodynamic stabilization can be obtained using an approximation based 

on a modified Wynblatt-Ku approach [64] which is discussed in Section 2.3.2.1. The plots of 

normalized grain-boundary energy γ/γo vs. grain-boundary solute excess Γ shown in Figure 

5.8 correspond to the limit T = 0 K and infinite grain size. If these do not intersect zero (γ/γo 

= 0) then thermodynamic stabilization is not possible under any conditions [64]. The input 

parameters needed are the size misfit elastic energy change ∆Eel and the liquid equimolar 

enthalpy of mixing ∆Hm. The former is obtained from the Friedel - Eshelby analysis [63], 

while the latter is experimental data if available, or model calculations [86]. The surface 

energies [132], γs,of the solvent and solute also make a small contribution. The values used 

for Figure 5.8 are given in Table 5.2. Values not listed in a reference were calculated using a 

weighted average value from data in the respective references. 

 

Table 5.2 - Material constants used in thermodynamic calculations. Values for brass were a weighted average of Cu 
and Zn values. 
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Figure 8a indicates that additions of Zr up to 10% will have no effect on thermodynamic 

stabilization of the grain size. The experimental hardness results being equal for B1Zr at 600 

°C (minimal second phase present) indicate that Zr is not effective for thermodynamic 

stabilization of brass. The increased hardness and grain size stabilization observed at 800 °C 

for the B5Zr alloy indicate that kinetic contributions due to second phase particles are 

effective. Figure 8b compares B1Zr with Cu1Zr. The latter shows a strong trend for 

thermodynamic stabilization and this was the case for the results reported in [102]. Although 

the thermodynamic model is simplified to the limits stated, and to the extent that brass is 

treated as a single (weighted average) component, the model predictions agree qualitatively 

with the experimental results obtained for the brass-Zr here and Cu-Zr in [102]. 

 

a)  b)  

Figure 5.8 - Thermodynamic model of (a) concentration effect of Zr in brass, and (b) brass and Cu with 1 Zr 
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5.5 Conclusions 

 

 Nanocrystalline cartridge brass produced by cryogenic ball milling showed 

significant stability for being a “pure” material. There are a variety of microstructural 

possibilities in a low SFE material like cartridge brass, and retention of the grain size and 

hardness is likely at least partially attributed to these and not merely a grain size effect. When 

zirconium was added in an amount as small as 1%, the grain size could be stabilized near 100 

nm to 800 °C which is ~88% of the melting temperature of brass. The hardness was also 

well-maintained at these temperatures. Zn-Zr interactions are dominant in the system, and 

Zn3Zr3O was identified as a second phase precipitate after annealing at 800 °C though 

additional phases are likely present in minor quantities. Thermodynamic modeling using a 

modified Wynblatt-Ku approach predicts increased, but not total stability in the system. The 

presence of a finely dispersed second phase at high temperature is expected to introduce a 

significant kinetic contribution to the stability. 
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6 Stabilization of Copper & Brass by Antimony  

 

 

Nanocrystalline copper and brass (30% zinc) were generated by cryogenic, high-energy 

ball milling. Antimony was added to investigate its usefulness in stabilizing the grain 

structure during annealing up to a maximum temperature of 800 °C. Nanocrystalline copper 

alloyed with antimony in quantities up to 5 at% was found to have improved stability up to 

400 °C, but nanocrystalline brass alloyed to the same level performed similarly or worse than 

when pure. Thermodynamic evaluation indicates antimony should be beneficial when 

available as an excess boundary concentration, but this is complicated by the appreciable 

solubility of antimony in copper which reduces or eliminates a truly excess concentration at 

boundaries. 

 

6.1 Introduction 

 

In previous reports [96, 133, 134], antimony (Sb) was found to enhance the grain size 

stability and strength of copper (Cu) when added in dilute quantities. The effect on ultra-fine 

grain (UFG) Cu was studied experimentally [96] by deforming the alloys via equal channel 

angular pressing (ECAP) to a grain size of 350 nm. Grain growth onset was found at 250 °C 

for pure copper, and 400 °C for the Cu-Sb alloys indicating a stabilizing effect. However, the 
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effect was found by MD simulation [96, 134] to be much more profound in nanocrystalline 

Cu where the grains were found to be stable during accelerated annealing at 1200K (927 °C) 

for a concentration of only 0.5% Sb. Based on this it was of interest to study the stability 

experimentally.  

 

To generate the nanocrystalline Sb alloys, cryogenic, high-energy ball milling was used. 

Alloy compositions of 0.5, 1, and 5% Sb were studied. In addition to pure Cu, an α-brass 

alloy (copper 30% zinc) was also studied as the matrix material. The alloys were annealed to 

a maximum of 800 °C in 200 °C increments. Analysis was then conducted by x-ray 

diffraction, microhardness, and optical and electron microscopy. The results of these methods 

indicate that the stability of the materials is not significant, and is comparable to the undoped 

materials.  

 

6.2 Experimental 

 

Elemental powders of copper (Alfa Aesar, 99.9%), zinc (Alfa Aesar, 99.9%) and 

antimony (Alfa Aesar, 99.999%) were added to a 440 stainless steel vial (Spex SamplePrep) 

with grade 25, 440 stainless steel ball bearings (Salem Specialty Ball). The ball charge 

consisted of 17 balls 0.3125” in diameter and 16 balls 0.250” in diameter. The ball to powder 

weight ratio was maintained at 10:1. All materials were loaded into the vial in an argon 

atmosphere (O2 < 1 ppm) and sealed before transferring to the mill. A modified Spex 8000M 
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mixer mill was used where the powders were milled for 4 hr at liquid nitrogen temperature (-

196 ºC). Antimony was added with the copper (or copper and zinc (Zn) for brass alloys) in 

quantities of 0.5, 1 and 5 at%. The Cu-Sb alloys will be referred to as Cu0.5Sb, Cu1Sb and 

Cu5Sb respectively. Brass-Sb alloys will be referred to as B0.5Sb, B1Sb and B5Sb 

respectively. The milled powders were annealed under 2% H2 (bal. Ar) for 1 hr at 

temperatures from 200 ºC to 800 ºC in 200 ºC increments in a Lindberg tube furnace into 

which the samples were inserted once the furnace had stabilized at the appropriate 

temperature. The hardness of the polished alloys was determined by no less than 10 Vickers 

hardness measurements collected using a Buelher Micromet II with a 25 g load applied for 

12 sec. Error bars for hardness were calculated by standard deviation. X-ray diffraction 

(XRD) analysis was conducted using a Rigaku DMax/A X-ray diffractometer using Cu Kα 

radiation. Proper alignment was verified before each use using a single crystal silicon 

standard. The spectra were processed by removing the background and Kα2 contribution 

(optimized Rachinger’s method) using Xpowder software (www.xpowder.com). The grain 

size was estimated using the Scherrer equation [13] applied to the first peak of the pattern. 

Transmission electron microscopy (TEM) analysis was carried out using a JEOL 2000FX 

with a beam energy of 200 keV. Samples for TEM analysis were prepared by 

electropolishing in 30 vol% nitric acid in methanol at -20 ºC in a Tenupol-2 electropolisher 

then finishing with ion-milling in a Fischione Model 1010. TEM images have basic contrast 

and brightness adjustments made. Scanning electron microscopy (SEM) analysis was 

performed with a Hitachi S3200 equipped with an energy dispersive X-ray spectrometer 
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(EDS) which was used to determine atomic concentrations. Optical microscopy was 

performed using a Nikon Epiphot 300 microscope equipped for digital imaging. 

 

6.3 Results 

 

As a first method of analysis, XRD was used to collect spectra of the alloys. The 5% 

Sb alloys are shown in Figure 6.1 throughout the annealing range. The 5% alloys were 

chosen since they alone show intermetallic formation (at least B5Sb), and as will be 

demonstrated below, also have the greatest stability. Aside from the intermetallic formation, 

the as-milled peak broadening indicates an amorphous or nearly amorphous structure, and 

particularly unexpected is the increase in peak broadening both alloys demonstrate at 800 ºC 

though most pronounced in the Cu-Sb alloy. 

 

a)  b)  

Figure 6.1 - XRD spectra for 5% Sb alloys of (a) copper and (b) brass 
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The XRD spectra were used for grain size estimation using the Scherrer equation. The grain 

size estimates based on this treatment are shown in Figure 6.2. As can be seen, the grain size 

increases quickly at 400 ºC for both sets of alloys, and the stability is estimated to be 

comparable to the pure materials for both the Cu and brass alloys. The upper limit of 

reasonable accuracy is approximately 40 nm under these conditions, and any grain size 

reported to be larger has a high likelihood of being much larger than the predicted size. As 

mentioned in regard to the peak broadening observed in Figure 6.1, the grain size is 

estimated to be smaller at 800 ºC for the Cu1Sb and Cu5Sb alloys as well as for the B5Sb 

alloy. Pure Cu also shows a similar behavior. 

 

a) b)  

Figure 6.2 - XRD grain size estimation using the Scherrer equation for (a) Cu-Sb alloys and (b) brass-Sb alloys 

 

The apparent grain size reduction is not only unexpected, it is difficult to justify. During 

annealing, compacted samples were found to expand and loose powder samples to become 

quite porous within the particles which may cause anomalous broadening if on a uniform and 
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fine scale. The fact that the grain size reverses only at 800 ºC makes it highly unlikely that 

the grain size is indeed small since the Cu5Sb alloy is in the 2-phase liquid-solid region of 

the phase diagram [135]. No confirmation of a nanoscale grain structure was found when 

using focused-ion beam ion channeling contrast and resolvable porosity was not sufficient to 

be the cause either. As the cause of this behavior is not critical to the grain size stability, any 

additional effort into identifying the phenomenon was decided against. 

 

In regard to the expansion, this behavior has been observed previously when milling in Ar at 

liquid nitrogen temperature [39]. Given this propensity in concert with the deep eutectic 

produced by the antimony addition [135], the conditions are ideal for generating a metallic 

foam at low temperature. Evidence that this was the case was sought by optical microscopy 

and the results are shown in Figure 6.3. After annealing the compacted materials at 600 ºC 

for 1 hr, both samples were highly porous with densities of ~60% (as-compacted densities 

were ~90%). For the Cu5Sb alloy (Figure 6.3a), the porosity within particles is extensive. 

The B5Sb alloys (Figure 6.3b) shows an apparent second phase separating out at particle 

boundaries as indicated by the arrows in the image.  
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a)  b)  

Figure 6.3 - Optical images of (a) Cu5Sb and (b) B5Sb after being compacted, annealed at 600 ºC for 1hr and 

polished. Arrows indicate a possible second phase between particles. 

 

A more detailed investigation of the B5Sb alloy annealed at 600 ºC was sought by SEM 

examination. The phase separation is clearly observable in the micrograph in Figure 6.4. This 

interparticle phase (position 1 in Figure 6.4) was found to be extremely rich in Sb and 

slightly enriched in Cu as opposed to the particles (position 2 in Figure 6.4) which tended to 

be depleted of antimony and slightly Zn rich. Also, there was lamellar precipitation visible in 

many particles such as that just above position 2 in Figure 6.4 which has been studied for 

similar concentrations of Sb in Cu [136]. The EDS results were qualitatively consistent at 

other locations, and though not an absolute method of measurement, there is good indication 

that the antimony strongly segregates to particle boundaries and surfaces. The same 

segregation was not seen optically after annealing at 400 ºC in the B5Sb alloy, and was not 

observed at all in the Cu5Sb alloy. 
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Figure 6.4 – Backscattered electron image of B5Sb alloy compacted then annealed at 600 ºC for 1 hr with 

compositional results based on EDS data collected at the points indicated inset  top-left.  

 

The hardness of each alloy was determined after annealing, and the results are shown in 

Figure 6.5. The Cu0.5Sb alloy drops in hardness significantly at 400 ºC with the 1% and 5% 

alloys following suit at 600 ºC. Though no anneal hardening occurs in the Cu0.5Sb or Cu1Sb 

alloys, the Cu5Sb samples does show an increased hardness at 200 ºC. All of the brass-Sb 

alloys showed hardening with low temperature annealing. As a system, the brass alloys 

maintained a higher hardness at 600 ºC, but brass alloys have been found to do the same even 

when pure [137]. At their highest hardness, both alloy systems were prone to cracking during 

indentation and required numerous indentations before 10 reliable indents could be obtained.  
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Somewhat anomalously, the hardness of the Cu5Sb sample increases after annealing at 800 

ºC. This is in agreement with the results in Figure 6.2a where the grain size is reported to 

drop which would also increase hardness. However, the hardness is expected to be 

significantly higher if the grain size returned to the nano regime. It is instead believed that an 

increase in density caused by entrance of the alloy into the 2-phase solid-liquid region (based 

on equilibrium phase diagram [135]) is more likely the cause. As expected, the hardness of 

porous alloys will be underrepresented. This is particularly troublesome if the porosity is 

unresolved in the hardness tester. Samples where porosity was present in these results are 

those containing 1% or greater Sb and at temperatures of 600 ºC and above as well as pure 

Cu and brass at 800 ºC. Though nanoindentation could be used to resolve this issue and 

increase accuracy, in regard to stability, the susceptible alloys and problem temperatures are 

not seen to be of technological importance for this work. Though there may well be other 

applications for the alloys, they are ineffective at grain size stabilization which is of principal 

importance here.  
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a)  b)  

Figure 6.5 - Hardness values for (a) Cu-Sb alloys and (b) brass-Sb alloys 

  

The conditions of maximum stability were examined using TEM. This condition was 

identified as that where the hardness first dropped considerably and where the XRD grain 

size estimation exceeded 40 nm. For Cu0.5Sb, this annealing temperature was 400 ºC. As 

shown in the inset of Figure 6.6a, the SAD pattern is somewhat discontinuous and there is a 

faint contribution from a second phase. Dark field (Figure 6.6b) shows the grain size to be 

varied, but generally close to 100 nm. The volume average grain size is 62.5 nm and the 

number average is 55.0 nm. 
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a)  b)  

Figure 6.6 - TEM images of Cu0.5Sb annealed at 400 °C using (a) bright field with inset SAD pattern, and (b) 

corresponding dark field with inset grain size histogram 

 

For the B0.5Sb alloy the temperature of interest was 600 ºC. As seen in Figure 6.7a, for this 

condition the SAD rings are extensively broken up and also contains a faint second phase 

contribution. The grain size is larger than that of the Cu0.5Sb alloy, but the annealing 

temperature is also higher. The volume average grain size is 89.2 nm and the number average 

is 80.6 nm. This grain size is actually larger than reported for pure brass under identical 

conditions where the averages were 74.3 nm and 66.7 nm respectively [137].  
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a)  b)  

Figure 6.7 - TEM images of B0.5Sb annealed at 600 °C using (a) bright field with inset SAD pattern, and (b) 

corresponding dark field with inset grain size histogram 

 

6.4 Discussion 

 

No significant stabilization of copper or brass was found by adding antimony in 

quantities up to 5 at%. This is in contrast to previous MD simulations [96, 134] which 

suggested that Sb would be effective in thermodynamically stabilizing nanocrystalline Cu in 

dilute quantities (0.5%) up to 1200K (937 °C), but this is not entirely unexpected. To 

facilitate stabilization of the grains, solute must segregate in excess to grain boundaries. 

There are chemical and elastic contributions to the segregation such that a large atomic misfit 

and enthalpy of mixing will favor solute segregation to grain boundaries and surfaces to 

reduce the interfacial energy [40, 42, 57, 61]. As a first indication, consulting the phase 
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diagram for the Cu-Sb system [135] reveals that Sb maintains ~1% solubililty at room 

temperature which is foreboding to achieving total stability. If the segregant is able to fit into 

the matrix in an equilibrium configuration, there is little expectation that grain boundaries 

will be stablized by “excess” solute on the boundaries.The solubility reaches a maximum of 

5.8% at 645 ºC so that even for large concentrations (e.g. Cu5Sb alloy) which will favor 

segregation at lower temperatures will likely suffer as the temperature is elevated, indeed, 

where it is most important. Experimentally the results for the Cu-Sb alloys generated here are 

quite similar to those for UFG Cu-Sb alloys [96] exhibiting an increase in stability to 400 ºC. 

This improvement is relatively modest in comparison to other systems using other segregants 

such as Zr [102, 137], Nb [51-53], W [53, 54], Mo [51], etc. 

 

The brass-Sb alloys behaved similarly to the Cu-Sb alloys in that the alloying additions were 

ineffective at significantly extending the grain stability. With the brass, it actually appears the 

additions only reduced the stability of the material. Sb has negligible solid solubility in Zn 

[135, 138], and in the Cu-Zn-Sb ternary [139] the Sb solubility in Cu30Zn is ~0.6% at 550 ºC 

and only 0.01% at 200 ºC. The lower solubility in brass may account for the Sb segregation 

seen optically and using SEM where it was found that Cu and Sb were enriched. Despite lack 

of solubility, significant intermetallic formation was only seen in the B5Sb alloy, and not in 

the Cu5Sb alloy which is attributed to Zn-Sb interactions [140]. Though these complex 

interactions may be of interest for other purposes, in regard to grain size stabilization it 

appears to be quite detrimental.  
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These alloys, based on their processing, were susceptible to pore formation at elevated 

temperature and with increasing Sb concentration. This is expecetd to be caused by the 

increased diffusion of Ar and structural softening at high temperature which is exacerbated 

by a steep decline in the solidus line with increased Sb addition in Cu. Though this tendency 

toward pore formation can by no means be disregarded, the impact on stability is expected to 

be minimal at the lower annealing temperatures when the material is still able to resist 

expansion, and if anything, beneficial by porosity pinning [80] as long as the pore size is 

small enough to be effective. After low annealing temperatures the alloys were quite brittle 

as might be expected from Seah’s work [97] and which worsened with increasing Sb content. 

Effort was put into consolidating the alloys for mechanical testing (hot pressing with 1.5 GPa 

pressure at 400 ºC), however, the specimens broke apart even before testing and the endeavor 

was abandoned. 

 

The thermodynamic expectations for the system can be quite misleading. When a modified 

Wynblatt-Ku model [64] is applied to the Cu-Sb and brass-Sb systems, the indication is that 

stabilization will be achieved. Antimony has a number of characteristics favorable for this 

result when applying this treatment. First, the enthalpy of mixing as reported in Miedema et 

al. [141] is -7 kJ/mol for Cu-Sb, and -3 kJ/mol for Zn-Sb. These small negative values 

indicate that interatomic potential is not strongly favored for like or dislike neighbors and 

uniform distribution is likely. Secondly, the atomic volume of Sb is quite large (~16.96 

cm3/mol [141]). This will lead to a large eleastic misfit contribution to segregation. Sb also 

has a low surface energy (~.566 J/mol [132]) which aids in boundary energy reduction when 
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enriched in solute. Depsite favorable indications, it is expected the high level of equilibrium 

solubility overrides the calculated stabilization trends. Although there may be room 

temperature segregation, it is expected dissolution back into solution reduces or eliminates 

the excess boundary concentration during annealing. 

 

A high solubility can have a two-fold effect. In  Pd-Zr alloys, the solubility of Zr in Pd is 

~14% [47]. Improved stability for a 20% Zr alloy was found to be thermodynamically caused 

due Zr segregation to grain boundaries [46]. In subsequent work, the grain growth and 

stabilization behavior were modeled as solute drag for 19% Zr [45] finding good correlation. 

Later work outside of that group using the modified Wynblatt-Ku model [48] found that the 

system is not expected to be thermodynamically stable. When reproducing the experimental 

work, it was discovered that XRD results indicated a stable grain size and were nearly 

identical to the early work, however, additional microscopy indicated the grain size had 

grown much larger. The Pd-Zr alloys were supersaturated but thermodynamically ineffective, 

but the solute was present in quantities large enough for significant solute drag effects. Sb in 

Cu is expected to be thermodynamically suitable but evidently the boundary concentration at 

high temperature is not high enough for a true excess concentration and apparently too dilute 

for significant solute drag.  

 

Even though there is appreciable equilibrium solubility of Sb in Cu, grain boundary 

enrichment has been reported for a 0.5 at% alloy with a 57 µm grain size [142] as found by 

Auger analysis where the segregation was reported to be nearly complete after a 700 ºC 
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extrusion. An enriched boundary condition was also found in the UFG Cu work [96]. 

Antimony segregation has also been reported to drastically reduce surface and grain 

boundary energy in copper, even when present at only 0.25 at% [143]. As mentioned for 

brass, segregation was also significant, though apparently mostly to surfaces, but the lack of 

solubility of Sb in brass may be the determining factor in this behavior. Even though the 5% 

Sb alloys should have the excess solute available at room temperature, the solubility (in Cu) 

quickly increases to 4.6% at 400 °C and by 488 °C is 5.65%  [135] which decreases and 

eventually eliminates the effective solute excess as the composition quickly approaches 

equilibrium solubility in the annealing range of interest. This is further complicated by the 

formation of intermetallics as seen in TEM which reduces the excess solute available for 

segregation but contributes to kinetic stability as proposed for MD results in [96] though the 

thermodynamic effect is thought to be much more important to stability.  

 

6.5 Conclusions 

 

In regard to grain size stabilization of copper and brass, antimony was found to be 

mostly ineffective. Though some benefit was achieved in copper for Sb concentrations of 1% 

and 5%, brass failed to realize additonal stability for any concentration. Though 

thermodynamic calculation seems to favor stabilization, the considerable equilibrium 

solubility of Sb in Cu is thought to work in opposition. Careful definition of “excess” solute 

on the boundaries in light of equilibrium conditions can help account for the discrepancy. 
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The alloys were found to become porous at high annealing temperatures, and the level of 

porosity increased with Sb content. The 5% Sb in brass experienced significant surface 

segregation at 600 ºC as evidenced by optical and electron microscopy. Though these 

findings are important to note, the influence they have on the grain size stability at relevant 

temperatures is not expected to be significant. Based on these results, antimony is not 

suggested as a dopant for grain size stabilization given the other options for stabilizing these 

sytems (e.g. Zr, Nb, etc.).  
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7 Stabilization of Copper by Tungsten 

 

 

Copper was mechanically alloyed with tungsten in a cryogenic, high-energy ball mill. 

The process created tungsten particles as a second phase in a nanocrystalline copper matrix. 

These “alloys” were then annealed to a maximum temperature of 800 °C. As milling time 

and tungsten content were increased, the grain size stabilization improved. The addition of 

tungsten stabilized the Cu in a nanocrystalline state during annealing up to 400 °C with 1% 

W and 600 °C with 10% W, both being milled for 8 hr. Though the stability is improved over 

pure copper, the benefit was likely hindered by an extremely broad particle size distribution 

(~10-5000 nm). For the 10% alloy, the effective second phase content (nm particle size) was 

found to be closer to half of the initial input.  

 

7.1 Introduction 

 

The stabilization of nanocrystalline metals can be carried out in two principal manners: 

the reduction of grain boundary energy or the reduction of grain boundary mobility. To 

reduce the grain boundary energy (and therefore the driving force for grain growth) is 

considered the thermodynamic stabilization route (see Section 2.3.2). Typically this is 

accomplished by adding a solute which lowers grain boundary energy upon segregation (e.g. 
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[56, 58, 61, 74]). The second method, or kinetic stabilization, involves reducing the grain 

mobility by methods such as solute drag and second phase drag [12]. The kinetic route to 

stabilization (see Section 2.3.1) is thought to be fundamentally inferior to thermodynamic 

mechanisms since solute drag is unable to stop growth alone but is thought to be aided by 

thermodynamic contributions [71, 73] and a second phase tends to coarsen at high 

temperature [144] where the stabilization is most critical. Second phase drag, also known as 

Zener drag or Zener pinning [41], is mostly clearly demonstrated in immiscible systems 

where no equilibrium solubility exists. Also, that no intermetallic compounds form between 

the constituents simplifies the systemic considerations since the pinning will be the result of a 

single phase. An exemplary case of these properties is found in the Cu-W system. A brief 

consultation of the equilibrium phase diagram [145] reveals that an “alloy” of the two will 

have no solid solubility and form no compounds on heating. The kinetic ability is also 

bolstered by the negligible diffusivity of W in Cu, though in nanocrystalline Cu the grain 

boundary volume is much higher which enhances diffusion [146]. These favorable properties 

have been demonstrated in deposited films ~0.2-1.2 µm thick [53, 54] where a 10% W alloy 

was found to outperform Mo and Nb alloys of the same concentration, and stabilized the Cu 

grains below 30 nm up to 900 ºC. Though mechanical alloying via ball milling has been 

applied to the Cu-W system (e.g. [147-149]), the thermal stability of nanograined Cu in this 

system has only been well-described in thin film structures.  

 

The ability to generate similar results on a larger scale was studied by alloying Cu and W 

powders via cryogenically high-energy ball milling. Alloying, as used here, must be loosely 
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interpreted because of the immiscibility of the constituents, and the final material is more 

properly considered a composite, but for simplicity the two terms should be considered equal 

for the purpose of this discourse. W was added to copper in concentrations of 1, 5, and 10 

at%. Characterization by x-ray diffraction, microhardness, and electron microscopy provides 

evidence that the alloys displayed improved microstructural stability with increasing W 

concentration and milling time. A shorter milling time was found equally effective when a W 

nanopowder was used, but for reasons described, was not ideal for comparison. The reasons 

for this improvement and penalty associated are discussed. 

 

7.2 Experimental 

 

Elemental powders of copper (Alfa Aesar, 99.9%) and tungsten (Cerac, 99.99%) or 

tungsten nanopowder (50nm, Hongwu Nanometer, 99.9%) were added in appropriate 

quantities to a 440 stainless steel vial (Spex SamplePrep) with grade 25, 440 stainless steel 

ball bearings (Salem Specialty Ball). The ball charge consisted of 17 balls 0.3125” in 

diameter and 16 balls 0.250” in diameter. The ball to powder weight ratio was maintained at 

10:1. All materials were loaded into the vial in an argon atmosphere (O2 < 1 ppm) and sealed 

before transferring to the mill. A modified Spex 8000 mixer/mill was used where the 

powders were milled for 4 hr or 8 hr at liquid nitrogen temperature (-196 ºC). Tungsten was 

added with the copper to concentrations of 1, 5 and 10 at% (these alloys will be referred to as 

Cu1W, Cu5W and Cu10W respectively). Tungsten nanopowder was only added in a 
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concentration of 10% and will be denoted as Cu10nW. The alloys using the large W powder 

particles as a precursor will referred to as conventional W alloys. Milling times are listed 

with the compositions in figures and text. The milled powders were annealed under 2% H2 

(bal. Ar) for 1 hr at temperatures from 200 ºC to 800 ºC in 200 ºC increments in a Lindberg 

tube furnace into which the samples were inserted once the furnace had stabilized at the 

appropriate temperature. After annealing the compacted powder, samples were polished and 

at least 10 Vickers hardness measurements were collected for each annealing condition using 

a Buelher Micromet II with a 25 g load applied for 12 sec. Cu with 5% or less tungsten 

yielded coarse powder (particles > 500 µm) which were supported on a glass slide, fixed in 

place using super glue, and polished flat. Using supported particles allowed the elimination 

of compaction effects on hardness. The method was verified by comparison with the 

compacted samples, and the results were equivalent. Error bars for hardness were calculated 

by standard deviation. X-ray diffraction (XRD) analysis was conducted using a Rigaku 

DMax/A X-ray diffractometer using Cu Kα radiation. Proper alignment was verified before 

each use using a single crystal silicon standard. The spectra were processed by smoothing 

(function filter), removing the background, and Kα2 stripping (optimized Rachinger’s 

method) using Xpowder software (www.xpowder.com). The grain size was estimated using 

the Scherrer equation [13] applied to the first peak of the pattern. Scanning electron 

microscopy (SEM) analysis was performed with a JEOL JEM 6010LA using a 20 keV beam 

energy. The SEM is equipped with an energy dispersive X-ray spectrometer (EDS) which 

was used for x-ray mapping and to verify atomic concentrations. Transmission electron 

microscopy (TEM) was carried out using a JEOL JEM 2000FX using a beam energy of 200 
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keV. TEM samples were generated by uniaxially pressing the powder at 2.6 GPa in 3 mm 

tungsten carbide die and subsequently annealing the compact. The compacts were 

mechanically thinned, electropolished using 30 vol% nitric acid in methanol at -20 ºC in a 

Tenupol-2 electropolisher, and final thinning was performed with a Fischione Model 1010 

ion mill. TEM images have basic brightness and contrast adjustments applied to aid in 

viewing and printing clarity. To determine grain size at least 170 grains were measured, and 

particle sizes were determined using at least 200 particles. Grains are assumed spherical for 

grain size results. 

 

7.3 Results 

 

Though not absolute, XRD grain size estimation provides a quick and informative 

analysis technique. In the present configuration, any estimated grain size over 40 nm is 

considered to be well above that number, and estimates below 30 nm are believed to be 

reasonably accurate. Given these caveats, the results from XRD estimation are shown in 

Figure 7.1. It can be seen that as the percentage of W increases, the annealing temperature to 

which it remains nanoscale also increases. Also, the longer milling times (gray symbols) tend 

to extend stability, and the effect seems quite profound for the Cu1W alloy. The three 

conventional W alloys when milled for 8 hr and the Cu10nW when milled for 4 hr showed 

nearly identical behavior up to 400 °C which is much improved over pure Cu. Differences in 

estimated grain size above 40 nm are considered instructive, but not necessarily proportional. 
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Also of interest is that the W nanopowder contained significant oxidation as found by XRD 

and SEM analysis which will affect the behavior. 
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Figure 7.1 - XRD grain size estimate for various alloys and annealing conditions 

 

Cu10W milled for 8hr and Cu10nW milled for 4 hr both showed expected stability to 600 °C 

by XRD estimation, and the evolution of the X-ray spectra with annealing is shown in Figure 

7.2. The Cu10W 8 hr sample has noticeably more intense W peaks than the Cu10nW sample 

in relation to the Cu peaks. EDS analysis reports 10.37 at% and 9.92 at% W for the two 

alloys respectively, and though it will contribute, it also is expected that the finer particle size 

also reduces intensity by broadening the signal to a somewhat greater extent. Both alloys 

show a nearly imperceptible change in peak sharpness throughout the annealing range, and 

when the Scherrer equation is applied to the W peaks, the estimate particle size between ~17-
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30 nm for all alloys and at all temperatures. Though some alloys exhibited slight coarsening, 

the expected error is great enough not to claim any fundamental knowledge of the behavior. 

This is further elaborated on in the electron microscopy results. 

 

a)  b)   

Figure 7.2 – XRD spectra after annealing at labeled annealing temperatures for (a) Cu10W milled for 8 hr and (b) 

Cu10nW milled for 4 hr. ○ - indicates (with increasing angle) W peaks for 110, 200, 211, and 220 reflections.  ● - 

indicates (with increasing angle) Cu peaks for 111, 200, 220, 311 and 222 reflections.  The insets at the top-right of 

the images highlight the W 110 and Cu 111 peaks. 

 

The hardness values were obtained for each alloy through the annealing range and the results 

are shown in Figure 7.3. All of the conventional W alloys are nearly identical in as-milled 

hardness, but the nanoscale W alloy is somewhat higher. The alloys show similar trends as 

seen in Figure 7.1, but here it is found that the Cu10W 8 hr alloy and the Cu10nW alloy 

retain an appreciable hardness that is not closely mirrored by the Cu10W 4 hr alloy and 

hence cannot be linked to W content alone. The first two alloys do show a smaller grain size 
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(though well above the accuracy limit) but the finer dispersion of W particles is likely 

responsible for the behavior. 
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Figure 7.3 - Hardness results for annealed Cu-W alloys 

 

When the samples were polished and examined using SEM (see Figure 7.4) the lack of 

particle size uniformity and the error of the particle size estimate using the Scherrer equation 

became quickly evident. The Cu1W alloys are shown in Figure 7.4 and though there is a 

definite reduction in overall particle size by milling for longer time, there are still many large 

particles. EDS mapping of the alloys (Figure 7.4c, d) reports tungsten throughout the bulk, 

possibly as unresolved particles. The qualitative differences between the two are small and if 

there is a finer distribution after milling for 8 hr then a higher resolution technique would be 



 

121 

needed.  However, the simplicity and simple sample preparation make SEM attractive for 

qualitative treatment. 

 

a)  b)  

c)  d)  

Figure 7.4 - SEM images of as-milled Cu1W milled for (a) 4 hr and (b) 8 hr. EDS maps of (c) W corresponding to the 

sample milled for 4 hr shown in (a) and (d) W corresponding to the sample milled for 8 hr shown in (b). 

 

SEM of the 10% W alloys (Figure 7.5) showed a similar particle size distribution to the 1% 

alloys but with a greater area fraction of W. This is especially concerning because the W 

nanopowder was expected to be valuable for the initial size benefit. After examination of the 
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as-received powder it was clear that many particles were not nanoscale but rather up to a few 

microns in diameter. The SEM images reveal that the distribution of the particle sizes 

actually tend to be slightly larger than for the 8 hr milled Cu10W alloy. It is expected the 

large particles were not reduced in size as well due to the shorter milling time, but the higher 

content of nanoscale particles initially present was close to the final concentration in the 

Cu10W milled for 8 hr. This indicates that only the smallest particles are effective with 

regard to stabilization as expected (see discussion). 

 

a)  b)  

Figure 7.5 - SEM images of as-milled Cu10W 8hr and Cu10nW milled for 4 hr 

 

The area fraction of the particles and particle size distribution was calculated by generating a 

binary image and using Image J particle size analysis (see Table 7.1). This was compared to 

the overall gray level (256 grayscale) in the binary image and showed good correlation. The 

results of the analysis cannot be taken too quantitatively since there are W particles below the 

resolution limit in the SEM images which are not accounted for, and for stabilization 

purposes, are the most important. However, based on the relative W concentrations and the 
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milling times, the area fraction is regarded as the most significant indicator. As evidenced 

with the conventional W alloys, the area fractions drop significantly when milled longer. The 

Cu10W and Cu10nW alloys have nearly identical W particle area fractions and their 

annealing behaviors are quite similar. Of course, analysis in this way is hardly quantitative in 

any absolute sense, but it does provide a simple method for estimating the performance in a 

relative sense. Ideally, there would be no resolved particles, and obviously the milling 

conditions were insufficient for achieving a nanoscale dispersion of W particles equivalent to 

the initial concentration. Also to note, the cause for a particle area fraction in excess of the 

molar quantity added is due to the subsurface sampling of high energy electrons. As verified 

using CASINO Monte Carlo software (http://www.gel.usherbrooke.ca/casino/index.html), 

even if a 50 nm W particle is 100 nm below the surface of the Cu, a great majority of the 

backscattered electrons (contrast mechanism) will come from the W. Being that most 

particles resolved are much larger than that, particles appearing in the images are present at 

various depths of the material. 

 

Table 7.1 - W particle size distribution and area fraction from SEM analysis for W particles observable with SEM 
resolution (the smallest particles not included). 
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As for the unresolved particles in SEM, TEM was used to better determine the actual Cu 

grain and W particle sizes. The Cu10W 8 hr alloy was chosen as a focus case since it 

exhibited the best stability and most realistic milling scenario for large scale production as 

well as to avoid complications possibly caused by the oxidation present with the W 

nanopowder. Figure 7.6 shows the Cu10W 8hr alloy after annealing at 600 °C. This was the 

limit of stability as estimated by XRD, and the fairly continuous rings in the selected area 

diffraction (SAD) pattern (Figure 7.6a) coupled with dark field (Figure 7.6b) both confirm 

the grain size retention (47.4 nm and 32.6 nm volume and number averages respectively). 

Using the W 110 ring in the SAD pattern, the particle distribution could be highlighted 

(Figure 7.6c). It is evident that there is a considerable distribution of nanoscale W particles. 

The volume and number averages for the W particles are 14.5 nm and 9.1 nm respectively. 

The distribution of grain and particle sizes is shown in Figure 7.6d.  Particles > 40 nm were 

not included in TEM size and distribution since they greatly skewed the volume average 

computation and contributed very little to the number fraction since they were rare at high 

magnification. These large particles are more accurately dealt with in the SEM analysis 

above. 
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a)  b)  

c)  d)  

Figure 7.6  - Cu10W alloy milled for 8hr and annealed at 600 °C for 1 hr. (a) bright field image with SAD pattern 

inset top-left (b) dark field image using 111 and 200 Cu rings (c) dark field image using 110 W ring and (d) Cu grain 

size and W particle size distribution 
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According to XRD, after annealing at 800 °C the grains should grow significantly, and by 

previous experience the grains are expected to be well above the Scherrer estimate. This is 

indeed the case as the SAD pattern (Figure 7.7a) is now quite discontinuous and dark field of 

Cu grains  (Figure 7.7b) reveals a rather large size with a volume average of 130.3 nm and a 

number average 110.3 nm. The W particles, highlighted in Figure 7.7c as they were above, 

have volume and number averages of 13.4 nm and 7.1 nm. Although the grains have grown 

significantly, the average particle size has actually decreased slightly. This result shouldn’t 

be weighted too heavily due to potential error in software recognition of particles and the 

possibility of inhomogeneous distribution. It is more likely evidence that the particles have 

not grown significantly, and this is corroborated by the number fraction distribution. For the 

sample annealed at 600 °C, 60% of the particles are 10 nm or less, while after an 800 °C 

anneal only 36% are reported in that same range.  
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a)  b)  

c)  d)  

Figure 7.7 - Cu10W alloy milled for 8hr and annealed at 800 °C for 1 hr. (a) bright field image with SAD pattern 

inset top-left (b) dark field image using 111 and 200 Cu rings ring (c) dark field image using 110 W and (d) Cu grain 

size and W particle size distribution 
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Examination of the SAD pattern in Figure 7.7a indicates strong texturing. Though some 

degree of texturing was observed in many of the diffraction patterns at both 600 °C and 800 

°C most were more subtle. Closer microstructural examination provides clues into why this 

may occur. As shown in Figure 7.8, the tungsten particles (some labeled with arrows) are 

elongated and have a preferred orientation. When this area is examined more closely (Figure 

7.8b), there is evidence that the grains are generally following this preferred orientation with 

longitudinal axes in the same general direction as the W particles which may be attributed to 

the variation in pinning efficiency for the different particle orientations (more in the 

discussion). This orientation preference can also be seen in the SEM images, especially the 

10% W alloys (Figure 7.5) where the W particles follows local “flow paths” so that, although 

randomized over a large scale, they are highly oriented on a smaller scale. 



 

129 

 

a)  b)  

Figure 7.8 – TEM images of Cu10W milled for 8 hr and annealed at 600 °C for 1 hr.  (a) Arrows indicate some of the 

tungsten particles (b) magnified view of boxed area in (a) with longitudinal axes of oblong grains labeled with 

arrows. 

 

7.4 Discussion 

 

In a general discussion of kinetic stabilization by Zener pinning, the pinning pressure, 

Pz, on a grain boundary with energy, γ, by a volume fraction, F, of spherical particles with 

radius, r, is given by [10, 12, 41] (see also Section 2.3.1): 

 

P
F
rz =

3
2

γ
       (7.1) 
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This indicates that as the volume fraction of the pinning constituents increases and their size 

decreases, their efficacy in stabilization will improve. The results obtained here align to this 

concept well. For example, the 10% W alloy milled for 8 hr had better stability than that for 4 

hr (smaller particle size expected) and performed better than 1% or 5% (higher volume 

fraction) when the same milling time was used. This result is expected, but it is complicated 

by the incomplete comminution of the W phase. Although the trends in stability are 

anticipated, deriving the actual material parameters is difficult since the particle size is non-

uniform and the particles tended to be elliptically shaped. The deviation from sphericity will 

be twofold. For a moving boundary approaching the particle normal to it longitudinal axis, 

the drag force will be higher than for a spherical particle of equivalent volume [10]. If 

approaching parallel to that axis, the force will be lower, and the intensity of the effect is 

sensitive to the aspect ratio of the particle. Many of the smallest W particles had an aspect 

ratio of ~3:1 which gives an effectiveness ratio for the elliptical particles to the spherical 

equivalents of ~1.5 and 0.3 for the respective geometries. This in combination with the 

considerable local alignment of the particles gives adequate cause for the elongated grain 

growth after annealing since migrating grain boundaries could only be effectively pinned 

along one axis. However, it is conceivable texturing arises from high pressure compaction, 

but from the SEM results the tungsten lathe orientation is particle-defined and not in 

alignment with the pressing direction. Also, that other samples without this second phase 

character have not shown such strong texturing gives reason to believe that the W 

contributes. 
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 A rough estimate of the area fraction for tungsten particles under 50 nm is ~4-6% using 

TEM such as that in Figure 7.8. This size range will be the most effect at pinning, but is only 

about half of the W added. The volume fraction penalty incurred by using this method of 

alloy preparation is likely unavoidable due to the tendency of nanocomposite materials to 

reach a lower limit for dispersoid size [150], though the size is expected to decease as a 

whole and increase in uniformity upon further milling. The use of cryogenic milling here 

optimizes second phase size reduction since W particle size in Cu increases as the 

temperature is increased [151] due to a balance of fracture and cold welding where, at 

saturation, the W is suggested to simply “swim” in the Cu matrix similar to oxide or carbide 

particles at saturation [152]. The thin film work on this system [53, 54] was found to be 

highly effective, but the W started in solution and remained below 10 nm even after 

annealing to 900 °C which is much more favorable toward stabilization than the conditions 

here. By starting with “nano” W powder in this work, the longer milling time was not 

necessary for similar properties, but the particle size distribution being well out of the nano 

range (up to several microns) significantly reduced the possible advantage. Also, the 

significant oxygen present in the powder made it unsuitable for close comparison with the 

conventional W and hence the TEM examination was focused on the “pure” system, though 

there is certainly some contamination present from routine sample preparation by these 

methods. 

 

Despite the low volume fraction of nanoscale W, the stability is certainly an improvement 

over pure copper, though the alloying percentage (10%) is rather high to achieve it. Lower W 
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concentration would be preferable for increased conductivity [153] but higher W 

concentrations are useful in high stress and wear conditions such as electrical discharge 

machining (EDM) operations [154]. Based on maintaining a higher Cu content, W has 

limited effectiveness, but if a high W content is beneficial for the application, maintaining a 

nanocrystalline Cu matrix phase is reasonably expected.  

 

7.5 Conclusions 

 

The kinetic route to stabilization by way of Zener pinning relies on a large volume 

fraction of small, second phase particles homogeneously distributed in the matrix. This is a 

difficult proposition when starting with large particles of a hard metal (W) distributed in a 

soft metal (Cu). The nanocrystalline Cu grain size could be stabilized up to 400 °C by 1% W 

after milling for 8 hr, and to 600 °C by adding 10% W and milling for 8 hr. The W particles 

ranged widely in size with some being < 10 nm while others were > 5 µm. The percentage of 

nanoscale W was found to be approximately half of the total W concentration when milling 

the 10% W alloy for 8 hr.  Though the addition of W improved the thermal stability of the Cu 

grains, the large volume fraction required by this method makes it most useful in applications 

where a high W content is also beneficial. 
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8 Conclusions 

 

 

 There is good cause for studying nanocrystalline materials as their unique properties 

can be highly advantageous for a new generation of materials. The barriers to 

commercialization are rooted in processing, and the solutions will involve a more robust 

microstructure since processing variables (e.g. temperature, pressure, etc.) are somewhat 

limited. That is, techniques such as powder metallurgy require significant heat and pressure 

to fully consolidate most materials. If anything, nanocrystalline materials will likely require 

advances in manufacturing techniques as some of these materials are extremely strong and 

have limited ductility. Understanding fundamental microstructural processes in 

nanocrystalline systems is important to predicting their response to manufacturing 

procedures. 

 

One of the unique features of nanocrystalline metals is the tendency for grain growth at 

temperatures well below the melting point. This propensity toward grain growth makes their 

use unreliable at elevated temperature. The basis of this work was to determine suitable 

solutes for improving the grain size stability. An ideal solute will be required in dilute 

quantities and bear no detriment to the mechanical, electrical, or other properties of the 

solvent into which it is placed. Depending on the intended use, this makes a one-size-fits-all 
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solute elusive, but generally it will have a large elastic misfit in the solvent lattice and low 

solubility even at high temperature. 

 

In the first system, Zr was alloyed with Cu and the results were quite promising. The material 

was stabilized at the nanoscale to 900 ºC which is approximately 86% of the melting point of 

pure copper. Zirconium has a large misfit in Cu, a negative heat of mixing, and based on the 

thermodynamic approximations detailed in Section 2.3.2.1 and applied in Section 4.4 is 

predicted to produce a stabilized grain structure. The negative enthalpy of mixing will lead to 

intermetallic formation and Zr has a strong affinity for oxygen which makes it sensitive to 

oxide formation. Both intermetallics and oxides were seen in the samples annealed at high 

temperature. The formation of these will reduce available Zr for grain boundary energy 

reduction but aid in kinetically pinning the boundaries. Because of the limited formation of 

these phases, it is unlikely their influence was sufficient to stabilize the microstructure, and 

the thermodynamic influence is though to be dominant. For only 1 at% Zr the grain size and 

hardness are nearly unaltered throughout the annealing range up to 900 ºC. This system is an 

excellent example of the profound influence an appropriate solute can have. 

  

The brass-Zr system was also well-stabilized, though brass was remarkably stable in “pure” 

form. The concept of purity is not strictly applicable as the large zinc content (30 at%) can 

actually be thought of a solute, albeit one that is expected to be a poor stabilizer. Solute drag 

may improve the stability, but there was also some limited ZnO formation seen in TEM 

which may have exerted a kinetic influence. The Zr formed more extensive intermetallic and 
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oxide phases which are attributed to the increased reactivity between Zn and Zr and for both 

Zn and Zr with oxygen. Nonetheless, the Zr had a positive influence on retaining the 

hardness at 800 ºC. Though this system did not benefit to the degree that Cu did, it was also 

well-stabilized to a similar homologous temperature. 

 

When using Sb as a solute there was a drastic reduction in effectiveness when compared to 

the Zr addition. Neither Cu nor brass saw any appreciable change in stability when 1% Sb 

was added, and brass performed slightly worse at high temperature. There is a large solubility 

of Sb in Cu which is though to cause dissolution of the Sb back into the bulk even if it 

segregates at lower temperatures. These systems provided valuable insight into the 

importance of defining what the interfacial solute excess is when doing thermodynamic 

modeling. Sb possesses many favorable characteristics for stabilization purposes, but cannot 

deliver any more than modest improvement by using relatively large concentration (5 at%) 

which causes embrittlement of the material. That being said, Sb is regarded as a poor 

stabilization agent. 

 

The final system, Cu-W, was the only one where kinetic means are the dominant mechanism 

for stability. The mutual insolubility of Cu and W results in W forming discreet particles, 

which, when sufficiently small, can be effective at pinning grain boundaries. The key to this 

route working is the particles being “sufficiently small,” and this size is a function of grain 

size (see Equation 2.7). Even after extensive milling (twice as long as the other alloys) there 

was a particle size range that spanned three orders of magnitude. The nanoscale particles 
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were present at only approximately half of the initial W addition which greatly reduced the 

effectiveness. W is a good candidate for kinetic pinning as it shows essentially no 

appreciable coarsening up to 800 ºC, but the practicality of generating nanoscale dispersions 

is wanting. Despite the difficulties of reducing the W to a productive size, the stability was 

maintained up to 600 ºC for the 10% W material after being milled for 8 hr. It is obvious, 

when compared to the Cu-Zr alloy that the return on investment in regard to solute addition 

and milling requirement is relatively low. Given its moderate stabilization effects, W may be 

useful in applications where a more wear-resistant material is desired. 

 

The diversity of systems studied allows for a well-rounded look at the effectiveness of 

solutes toward the stabilization of nanocrystalline copper and brass. Indeed, brass itself is 

rarely investigated, but it proved to be an interesting alloy, retaining its strength even after 

significant heat treatment. The application of the modified Wynblatt-Ku model discussed in 

Section 2.3.2.1 proved useful in predicting and interpreting the experimental results. The 

extension of this model, in a simplified manner, to ternary systems was at least qualitatively 

consistent with experimental data. 

 

The tailoring of nanocrystalline metals is bound to become more intricate with time. Binary 

alloys are generally studied for simplified analysis. Many important structural materials (e.g. 

steels) are fairly complicated with many minor alloying additions that serve various 

purposes. This may be the future for nanocrystalline materials as well. For example, in Cu, 

both Zr and W could be added, the Zr to stabilize boundaries in a dilute fashion and the W to 
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increase wear resistance and kinetically pin boundaries. The combination of solutes in a 

synergistic way may help extend the usefulness of nanocrystalline metals. Despite the 

obstacles to commercialization of nanocrystalline metals, the benefits are looming larger. 

Once there is a sufficient knowledge of these nanoscale systems, robust solutions can be 

formulated to withstand processing techniques required for industrial scaling. There are many 

advancements yet needed to see these materials brought into a commercial setting, but the 

intervening research is bound to improve the understanding and quality of the end product. 

That is to say, the best is yet to come. 
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