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Abstract 

 
BAYATI, MOHAMMAD REZA. Structure and Properties of VO2 and TiO2 Based Epitaxial 

Heterostructures Integrated with Silicon and Sapphire Substrates. (Under the direction 

of Prof. Jagdish (Jay) Narayan and Prof. Roger J. Narayan.) 

 

The main focus of this study was placed on structure-property correlation in TiO2 

and VO2 based epitaxial heterostructures where the photochemical and electrical 

properties were tuned through microstructural engineering. In the framework of 

domain matching epitaxy, epitaxial growth of TiO2 and VO2 heterostructures on 

different substrates were explained. The θ-2θ and φ scan X-ray diffraction 

measurements and detailed high resolution electron microscopy studies corroborated 

our understanding of the epitaxial growth and the crystallographic arrangement across 

the interfaces. The influence of the laser and substrate variables on structural 

characteristics of the films was investigated using X-ray photoelectron spectroscopy, 

room temperature photoluminescence spectroscopy, and UV-Vis spectrophotometry. In 

addition, morphological studies were performed by atomic force microscopy. 

Photochemical properties of the heterostructures were assessed through measuring 

surface wettability characteristics and photocatalytic reaction rate constant of 

degradation of 4-chlorophenol under ultraviolet and visible irradiations. We also 

studied electrical properties employing 4-probe measurement technique. The effect of 

post treatment processes, such as vacuum annealing and laser treatment, on structure 
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and properties was investigated as well. The role of point defects and deviation from 

the stoichiometry on photochemical and electrical properties was addressed. 

In this research, TiO2 epilayers with controlled phase structure, defect content, 

and crystallographic alignments were grown on sapphire and silicon substrates. 

Integration with silicon was achieved using cubic and tetragonal yttria-stabilized 

zirconia buffer layers. I was able to tune the phase structure of the TiO2 based 

heterostructures from pure rutile to pure anatase and establish an epitaxial 

relationship across the interfaces in each case. These heterostructures were used for 

two different purposes. First, their application in environmental remediation was taken 

into account. The photochemical efficiency of the samples was evaluated under 

ultraviolet and visible illuminations. I was able to establish a correlation between the 

growth conditions and the photocatalytic activity of single crystalline TiO2 thin films. 

Visible-light-responsive TiO2 films were fabricated via vacuum annealing of the samples 

where point defects, namely oxygen vacancies and titanium interstitial, are surmised to 

play a critical role. An ultrafast switching was observed in wetting characteristics of the 

single crystalline rutile TiO2 films from a hydrophobic state to a superhydrophilic state 

by single pulsed excimer laser annealing. It was observed that the laser annealing 

almost doubles the photocatalytic efficiency of the anatase epitaxial thin films. I was 

able to measure the photochemical properties of the rutile and the anatase TiO2 

heterostructures in a controlled way due to the single crystalline nature of the films. 

Second, the rutile TiO2 epilayers with different out-of-plane orientations were 

deposited and used as a platform for VO2 based epitaxial heterostructures with the aim 

of manipulating of microstructure and electrical properties of the VO2 films.  
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Vanadium dioxide (VO2) is an interesting material due to the abrupt change in 

electrical resistivity and infrared transmittance at about 68 °C. The transition 

temperature can be tuned through microstructural engineering. It was the idea behind 

using rutile TiO2 with different crystallographic orientations as a template to tune the 

semiconductor to metal transition characteristics of the VO2 top layer. I successfully 

grew VO2(001), VO2(100), and VO2( 01) epitaxial thin films on TiO2(100)/c-sapphire, 

TiO2(101)/r-sapphire, and TiO2(001)/m-sapphire platforms, respectively. It was 

observed that tetragonal phase of VO2 was stabilized at lower temperatures leading to a 

significant decrease in the semiconductor to metal transition temperature. In other 

words, we were able to tune the transition temperature of the VO2 epitaxial 

heterostructures. This achievement introduces the VO2 based single crystalline 

heterostructures as a promising candidate for a wide range of applications where 

different transition temperatures are required. The epitaxial relationships were 

established and atomic arrangement across the interfaces was studied in detail. 
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Chapter 1 

 

Introduction 

 

Thin film heterostructures constitute the backbone of solid state device 

technology. Next generation solid state devices will require integration of various 

functions on practical substrates, particularly on Si(100). This integration will 

necessitate epitaxial growth of materials of different functions on a single chip where 

total misfit could range from less than 1% to over 25% or even more. Managing such 

huge misfits, especially in complicated systems where two materials with totally 

different crystalline structures and chemical compositions are juxtaposed, and 

controlling the defect characteristics are the key features to fabricate highly efficient 

devices for novel applications.1,2 This research was intended to epitaxially grow TiO2 

and TiO2/VO2 based heterostructures on sapphire and buffered silicon substrates 

where  their microstructure at the atomic scale and their photochemical and electrical 

properties were studied.   

The first step of this research was dedicated to epitaxial integration of titanium 

dioxide with sapphire and silicon substrates where phase tuning, atomic arrangement 

across the interfaces, mechanism behind strain relaxation, and defect characteristics 

are discussed in detail. In this project, two different applications for the TiO2 based 

heterostructures were taken into account. TiO2 is one of the important semiconductor 
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materials which is widely used as an efficient photocatalyst, because it is chemically and 

biologically inert, photocatalytically stable, commercially available and inexpensive, and 

environmentally friendly.3,4 According to Fig.1.1, the valence band (VB) of TiO2, versus 

natural hydrogen electrode, lies at deep levels and, thus, photogenerated holes have 

strong enough oxidizing power to create OH• radicals, which decompose most organic 

pollutants. Position of its conduction band (CB) is also high enough to reduce oxygen 

molecules adsorbed on the surface.5 As a consequence, photogenerated electrons and 

holes can participate in almost any redox reaction.  

 

 
Fig.1.1. Positions of the valence and the conductance bands of TiO2 vs. NHE.5 

 

It is worth mentioning that higher energy consumption, which is a result of 

increasing the world population, gives rise to creating environmental pollutions and 

depleting the fossil fuel reservoirs; therefore, remediation of the environmental 

pollutants is necessary to keep the world clean for the next generations. Since now, 
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advanced oxidation technologies, in particular photocatalysis, have gained much 

attention by scientists. In their point of view, to counter environmental pollutions, a 

simple and comprehensive photonic reaction system which converts the solar energy 

into the chemical energy of a redox system, namely photocatalysis, would be helpful for 

the detoxification processes. Nowadays, heterogeneous photocatalysis is the most 

efficient method to destroy organic pollutants. This process is based on the use of 

ultraviolet or visible radiations to excite a semiconductor on whose surface the 

oxidation of the pollutants is performed. According to the importance of TiO2 in the 

field of catalysis and environmental remediation, photocatalytic activity of the grown 

TiO2 based epilayers was assessed in a controlled way and a correlation between the 

growth variables and the photocatalytic efficiency was established. The influence of 

vacuum and laser annealing on photochemical characteristics was studied as well. The 

results of this section of the present project are presented in chapters 4 to 11.  

In the second step of this dissertation, TiO2/VO2 epitaxial heterostructures were 

grown on silicon and sapphire substrates and the epitaxial relationship across the 

interfaces and the semiconductor-to-metal transition (SMT) characteristics were 

investigated. Vanadium dioxide crystallizes in two different states: high temperature 

tetragonal phase, with a metallic electrical behavior, and low temperature monoclinic 

phase which exhibits a semiconductor electrical behavior. It is one of the most 

extensively investigated correlated electron systems exhibiting a distinct 

semiconductor-to-metal transition due to a reversible fast phase transformation 

between the monoclinic and the tetragonal states at about 68 oC.6,7 It is worth 
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mentioning that all the transition metal oxides exhibit the SMT behavior; however, VO2 

is distinguished by its thermal switching near room temperature transition. The 

characteristics associated with SMT in VO2 are fascinating scientifically and are of 

immense technological importance for potential applications in sensor- and memory-

type applications.8-11 It is believed that the temperature of this transition can be 

modified by doping or stress. This belief was the main idea behind the second step of 

this dissertation where TiO2 was used as a platform for VO2 deposition and tuning the 

temperature at which the monoclinic to tetragonal phase transformation takes place. 

TiO2 crystallizes in various structures where two of them, namely rutile and anatase, 

are the most important ones. Rutile has a tetragonal lattice with a P42/mnm space 

group and lattice parameters of a=b=4.5933 and c=2.9592 Å.12 On the other hand, the 

lattice constants of tetragonal VO2 are a=b=4.554 and c=2.8557 Å. This information 

shows that the rutile TiO2 and high temperature rutile VO2 have very close structures.13-

15 Thus, we expected to be able to stabilize the tetragonal state of VO2 at temperatures 

lower than 68 oC through buffering by rutile TiO2 and control the SMT temperature. In 

this step of the present research, TiO2 epitaxial thin films with several out-of-plane 

orientations were used as a platform to manipulate the growth direction of VO2 top 

layers and tune the SMT temperature. The results are presented in chapter 12. 

This dissertation is organized into the following chapters: 

Chapter 1: Introduction 

Chapter 2: Background knowledge 

Chapter 3: Experimental techniques 
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Chapter 4: Control of structure and properties of epitaxial TiO2/c-sapphire thin film 

heterostructures 

Chapter 5: Structure-property correlation in epitaxial rutile films grown on  

sapphire(0001) substrates by pulsed laser deposition 

Chapter 6: Domain epitaxy in TiO2/α-Al2O3 thin film heterostructures with Ti2O3 

transition layer 

Chapter 7: Defect mediated photocatalytic decomposition of 4-chlorophenol on 

epitaxial rutile thin films under visible and UV illuminations 

Chapter 8: Phase tuning, thin film epitaxy, and properties of YSZ-buffered TiO2 on 

Si(001) substrate   

Chapter 9: Nanosecond switching in wetting properties of TiO2/c-YSZ/Si(001) 

heterostructures induced by laser irradiation 

Chapter 10: Enhancement of photocatalytic activity of anatase TiO2 single crystalline 

thin films by nanosecond pulsed excimer laser treatment 

Chapter 11: Role of Substrate Crystallographic Characteristics on Structure and 

Properties of Rutile TiO2 Epilayers 

Chapter 12: Semiconductor to Metal Transition Characteristics in VO2/TiO2/Al2O3  

Thin Film Heterostructures 

Chapter 13: Summary and suggestions for future works 

This research opens new opportunities for novel applications of TiO2 and VO2 

based thin film heterostructures such as intelligent membranes, sensors, smart 

catalysts, and multifunctional devices.  
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 Chapter 2 

 

Background Knowledge 

 

2.1. Titanium dioxide (TiO2) 

Titanium dioxide (TiO2), also known as titania, is an n-type semiconductor and has 

been widely used in versatile applications owing to its technologically promising 

properties such as a large refractive index, a high dielectric constant, and a favorable 

photochemical characteristics. It is also chemically inert, photo-chemically stable, and 

non-toxic.1-4 TiO2 crystallizes in three different polymorphs: anatase, rutile, and 

brookite.1,5 Anatase is stable only at low temperatures and transforms into rutile upon 

heating. Rutile is the most thermodynamically stable phase. Brookite exists only in 

some extreme conditions, so it is not considered useful for practical applications. Other 

structures (e.g. Magneli phases, corundum sesquioxide, and so on) also exist under 

extreme conditions with no practical application.6-10 Fig.2.1 shows the Ti-O phase 

diagram where formation conditions of all these states can be understood.11 The 

structure of anatase TiO2 is considerably more open than that of rutile. Reduction, or 

removal of oxygen ions, facilitates the collapse from anatase to rutile, while the 

inclusion of interstitial titanium ions inhibits the same transformation. When the 

anatase to rutile phase transformation occurs, the relatively open anatase structure 

collapses in volume by about 8 %. The cell volumes of anatase and rutile are 
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approximately 68 Å3 and 62 Å3, respectively. The collapse is accompanied by distortion 

of the oxygen framework, breaking of two of the six Ti-O bonds, and shifting of the Ti+4 

ions. Following sheds more light on the TiO2 polymorphs where their structure, 

properties, and defect characteristics are discussed.  

 

 

Fig.2.1. Phase diagram of the Ti-O system.11 

 

2.1.1. Anatase 

Anatase has a tetragonal lattice with lattice parameters of a=b=3.7852 and 

c=9.5139 Å. It belongs to the I41/amd space group.12 The anatase TiO2 structure 

consists of a titanium atom surrounded by six oxygen atoms in a distorted octahedral 

configuration. The oxygen atoms are threefold coordinated. Its band gap and refractive 
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index are about 3.2 eV and 2.49,1,13 respectively. Although anatase exhibits attractive 

properties as well, its relatively low thermal stability limits its applications to low 

temperatures. It is a metastable phase at temperatures below 800-900 oC and it 

transforms into rutile upon heating above this temperature in vacuum.14,15 However, it 

is one of the most important known photocatalyst materials able to efficiently 

decompose almost any kind of environmental pollutants due to the position of its 

valance and conductance bands.16,17 Fig.2.2 depicts the energy levels of the valence and 

conduction bands of various metal oxides versus the normal hydrogen electrode (NHE) 

along with the band-gap energies of these metal oxides at a pH of 7. Due the positions of 

valance and conductance bands of TiO2 with respect to the natural hydrogen electrode, 

it can reduce or oxidize almost all reactions.18  

 

 
Fig.2.2. Redox potentials of valence and conduction bands and band-gap energies for various metal 

oxides. The redox potential positions of H+/H2 and OH•/OH- are also illustrated.18 
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Anatase has two low energy surfaces which are shown in Fig.2.3. The (101) 

surface is corrugated with alternating rows of 5-coordinate Ti atoms and bridging 

oxygen which are at the edges of the corrugations. The (001) surface is rather flat and 

can undergo a (1×4) reconstruction. The (100) surface has double rows of 5-coordinate 

Ti atoms alternating with double rows of bridging oxygens. It can undergo a (1×2) 

reconstruction.19-22 Anatase is used in anti-fogging and self-cleaning surfaces,23 anti-

bacteria agents,24 hydrogen production,25 sensors,26 and Li-ion batteries.27  

 

 

Fig.2.3. Schematic illustration of low-index faces of anatase TiO2: (a) (101), (b) (100), and (c) (001). 

 

2.1.2. Rutile 

Rutile is the most thermodynamically stable state of TiO2 and has a band gap of 3.0 

eV and a refractive index of about 2.9.1,13 These properties along with its high thermal 

stability make it a promising candidate for many applications such as dye-sensitized 

solar cells,28 anti-bacterial agents,13 spintronic and magnetic devices,29 photocatalysis,30 

sensors,31 and microelectronics.32 Rutile with a tetragonal lattice and parameters of 

a=b=4.5933 and c=2.9592 Å belongs to the P42/mnm space group.4 The rutile TiO2 

structure consists of chains of TiO6 octahedra with each pair sharing opposite edges of 
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the unit cell. Each Ti atom is surrounded by six oxygen atoms, whereas each oxygen 

atom is surrounded by three metal atoms arranged as corners of an equilateral triangle. 

This tri-coordination (for nominally divalent O atoms) signifies the predominantly ionic 

character of bonding in rutile TiO2. The octahedra within the structure are irregular; 

they show a slight orthorhombic distortion and are in contact with ten neighboring 

octahedra. Each oxygen atom in the rutile TiO2 structure is shared by three octahedra, 

leading the oxygen atoms to have a triangular planar coordination with respect to the 

titanium atoms. Rutile TiO2 has three main crystalline faces: (110), (100), and (001).1 

These crystallographic planes are depicted in Fig.2.4.  

 

 

Fig.2.4. Schematic illustration of low-index faces of rutile TiO2: (a) (110), (b) (100), and (c) (001). 

 

The most thermally stable face is (110) which has been widely studied. It has rows 

of bridging oxygens connected to two 6-coordinated Ti atoms. Meanwhile, there are 

rows of 5-coordinated Ti atoms running parallel to the rows of bridging oxygens and 

alternating with them. The exposed Ti atoms are low in electron density. The (100) 

surface also has alternating rows of bridging oxygens and 5-coordinate Ti atoms 

existing in a different geometric relationship with each other. The (001) face is 
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thermally less stable restructuring above 475 oC.33 There are double rows of bridging 

oxygens alternating with single rows of exposed Ti atoms which are of the equatorial 

type rather than the axial type. 

 

2.1.3. Defect characteristics 

The electronic and optical properties of the nonstoichiometric oxides are critically 

dictated by defect structures existing within the material. Therefore, the study of the 

electronic structure in the presence of point defects is very important to understand the 

material properties of oxides. The defect chemistry may be used as a framework for the 

engineering of the functional properties of TiO2. There are six different kinds of point 

defects envisaged in the TiO2 structure, namely titanium interstitial (Tii), titanium 

vacancy (VTi), oxygen interstitial (Oi), oxygen vacancy (VO), and two anti-site defects, TiO 

and OTi. Each of these defects has specific formation energies (ΔH) under titanium and 

oxygen rich growth conditions. Theoretical estimation of formation energies of anti-site 

and titanium vacancy defects are too high; as a result, they form merely under extreme 

conditions. However, formation energies of Tii and VO defects are about 2-3 eV under 

Ti-rich (low oxygen partial pressure) growth condition,34 so these defects form easily in 

TiO2 and may be converted to each other via reaction 2-1. Here, six Ti-O bonds have to 

be broken to free a titanium atom, while only three to free an oxygen atom. In addition, 

the number of possible sites for VO is twice of that for Tii.34 Therefore, the formation of 

oxygen vacancies is energetically favorable than the introduction of a titanium atom 

into an interstitial site.35  
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mTiO2 + 2nVO           (m−n)TiO2 + nTii                                                                                         (2-1) 

 

When an oxygen vacancy forms, two Ti4+ cations must convert to two Ti3+ cations 

to preserve the charge neutrality of the crystal. In addition, the Tii neutral atom donates 

three or four electrons to the host crystal and transforms to Ti3+ or Ti4+ ions.36 It has 

been theoretically shown that formation of Tii
3+ is more probable and a neutral Tii 

placed in an interstitial cavity of titania spontaneously transforms into a Ti3+ ion with 

nearly one electron localized on the 3d shell.36 Therefore, the reduction of TiO2 is 

accompanied by the appearance of Ti3+ species. The Ti3+ defects play an important role 

in the optical and chemical activities of the material. The deviation from stoichiometry 

has been generally considered in terms of oxygen non-stoichiometry. Concordantly, the 

formula of titanium oxide has been assumed as TiO2-x.37,38 This suggestion has been 

supported by gravimetric studies.39-41 According to the present state of understanding, 

however, x is the apparent oxygen deficit which should be considered in terms of the 

defects in both cation and oxygen sublattices as well as Ti interstitials.37 The titanium 

interstitial, whose charge state has been the subject of much controversy, is 

preferentially located at an unoccupied octahedral site adjacent to its original lattice 

site. Configurations in which the Ti atom moves in the <100> or <010> direction to 

form the defect are more favorable than those in which the Ti interstitial moves along 

the <001> direction. The presence of the interstitial titanium atoms causes additional 

distortion of the octahedra within the unit cell. Due to the open structure of the rutile 

phase along the [001] direction, relatively small relaxations are found around the Ti 
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interstitial compared to the case of the oxygen vacancy. A first-principles study showed 

that the closest Ti atoms relax away from the interstitial site by 13% of the bulk Ti-O 

bond length, while the nearest four O atoms pull in toward the cation interstitial by 10 

%. Slight (< 1% relative change from bulk bond distance) differences in oxygen and 

titanium atom relaxations surrounding Ti interstitials in the (+4) versus (+3) charge 

state are calculated.38 According to the Kroger-Vink notations, the formation of these 

point defects in TiO2 may be described by the following equilibria:42-44  

 

OO ⇌ VO + 2e + ½O2                                                                                                                                                                                        (2-2) 

2OO + TiTi ⇌ Tii
3+

 + 3e + O2                                                                                                             (2-3) 

2OO + TiTi ⇌ Tii
4+

 + 4e + O2                                                                                                              (2-4) 

 

Considering reactions 2-2 to 2-4, it can be concluded that oxygen pressure plays a 

significant role in the formation or removal of all point defects in TiO2 crystalline 

structure. Regarding these reactions, the concentration of the lattice defects may be 

expressed as a function of p(O2) though the following reactions:45 

 

[VO] ∝ p(O2)-½                                                                                                                                    (2-5) 

[Tii
3+] ∝ p(O2)-1                                                                                                                                                                                                   (2-6) 

[Tii
4+] ∝ p(O2)-1                                                                                                                                                                                                   (2-7) 

 

Taking equations 2-5 to 2-7 into closer consideration, it can be suggested that 

lowering the growth oxygen partial pressure results in an increase of concentration of 
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point defects, as will be shown in chapters 4 and 7. The ionic defects are responsible for 

the formation of donor and acceptor levels in the electronic structure of TiO2. As seen in 

Fig.2.5, both oxygen vacancies and titanium interstitials form donor levels and titanium 

vacancies form acceptors. The effect of these defects on the concentrations of electronic 

charge carriers depends on their ionization degree.46-48 

 

 

 
Fig.2.5. Band model of TiO2 showing the energy levels of intrinsic lattice defects.44 

 

 

To touch briefly upon the defect chemistry in anatase versus rutile TiO2, a recent 

paper addresses several features of the defect geometry in anatase that remain 

unexplored for rutile TiO2. The three nearest-neighbor Ti atoms of the oxygen vacancy 

in anatase experience outward relaxations away from VO
+2 and towards its five 

remaining O neighbors. VTi
−4, a defect that arises in small concentrations, causes the 

surrounding O atoms to relax outwards substantially to a point halfway between their 

two remaining Ti neighbors. When Tii
+4 is situated at an octahedral site, one vertical O 

neighbor moves towards the defect, while the surrounding Ti atoms relax outward as a 
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result of the electrostatic repulsion between positively charged Ti ions. In anatase TiO2, 

the substitutional O2 molecule induces a small outward relaxation of the neighboring Ti 

atoms. The defect has a bond length of 1.46 Å, or about 21% greater than that of free O2, 

1.21 Å.38 

 

2.2. Vanadium dioxide (VO2) 

2.1.1. Introduction 

The strongly correlated electron systems exhibit fascinating behaviors such as 

high-temperature superconductivity, colossal magneto-resistance, exotic magnetic, 

charge and orbital ordering, and semiconductor-to-metal transition (SMT).49 Vanadium 

dioxide (VO2) is one of the most attractive correlated electron systems exhibiting a 

distinct SMT at about 341 K (68 oC).50,51 It belongs to the class of smart materials, which 

generally react to temperature variations, electric or magnetic fields, and pressure 

variations; thus, it has capabilities of sensing, actuating, and switching, relying on an 

intrinsic property of the material. This characteristic makes VO2 a promising candidate 

for novel electronics and electro-optic devices utilizing switches or memory elements. 

The mechanism behind the aforementioned SMT is a phase transformation from a 

monoclinic structure with semiconducting and infrared transparent characteristics to a 

tetragonal structure with metallic and infrared blocking properties. This phase 

transition is a reversible first order transformation taking place within about 102 

femtoseconds.52-57 It is worth mentioning that other vanadium oxides such as VO, V2O3, 

and V2O5 shows SMT at 125, 155, 530 K, respectively; however, the most outstanding 
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feature of VO2 is its near room-temperature transition.58-60 As is shown in Fig.2.6, the 

semiconductor-to-metal transition in VO2 is characterized by abrupt orders of 

magnitude change in resistivity and increased reflectivity within the infrared region of 

spectrum ranging from 0.8 to 2.2 μm where the SMT characteristics strongly depends 

on morphology, microstructure, defect content, strain, and doping.50,61  

 

Fig.2.6. Hysteresis curves of: (a) resistance and (b) reflection during SMT of VO2.84 

 

In bulk VO2 crystals, the change in resistivity is of order ~103-105, with a 

hysteresis width of about 1 oC. In thin films, hysteresis width may be in the range of 10-

15 oC, whereas in nanostructures it might be as broad as about 30-35 oC. Even though 

the SMT characteristics of thin films and nanoparticles are not as favorable as those of 

bulk VO2, thin films and nanostructures can better withstand the repeated thermal 

cycling. Meanwhile, their transition temperature can be tuned through microstructural 

manipulations.50,51,61-63 It can be seen that there are as many as 15 to 20 other stable 

vanadium oxide phases, such as V6O9, V6O13, V7O13 and others without any 
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semiconductor-to-metal transitions. Due to the formation of these rather stable 

compounds, VO2 only grows under a narrow range of oxygen pressure and 

temperature. Hence, growth of VO2 thin film is a challenge and it is necessary to 

elaborate an accurate synthesis procedure to ensure the formation of VO2 and to avoid 

formation of other undesirable vanadium oxides.61,64 Under such circumstances, 

favorable SMT characteristics are achieved which open an avenue for new technological 

applications.  

 

 

Fig.2.7. Phase diagram of the V-O system.64 

 

2.2.2. Applications of VO2 thin films 

The large change in resistivity and transmittance/reflectivity during the SMT 

transition for VO2 occurs closer to room temperature than any other commonly-known 
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compounds and can also be conveniently depressed to about room temperature by 

microstructural and chemical manipulations.65 In addition, VO2 thin films are able to 

survive under the stress generated during repeated cycles of phase transformation66 

and are, therefore, suitable for various device applications including thermally activated 

thin films and nanoparticles for sensors and actuators,67-71 optical switching72,73, beam 

limiting74, resistive switching75, thermal relays76, and energy management devices like 

solar cells77 and smart windows78. VO2 has been successfully employed in optical 

computing, variable reflectivity mirrors, light modulators, holographic recording media, 

high-speed solid-state optical displays, real-time coherent optical data processors, and 

fast random access scan lasers as well. VO2 thin films also have potential applications in 

the millimeter-wave and microwave portions of the electromagnetic spectrum.79,80 

 

2.2.3. Structural characteristics of VO2 

The SMT observed in VO2 has its origin in a phase transformation from a high 

temperature tetragonal state to a low temperature monoclinic state. Across the 

transition temperature, changes in the electronic band structure are associated with 

atomic rearrangement between the more symmetric tetragonal (P42/mnm) phase to 

the less symmetric monoclinic (P21/c) phase. The lattice constants of tetragonal VO2 are 

a=b=4.55 Å and c=2.87 Å and those for monoclinic VO2 are a=5.743 Å, b=4.517 Å, 

c=5.375 Å, and β=122.6°.50-52 This VO2 phase is called M1. Another monoclinic structure 

with different lattice parameters, called M2, can be possible upon light doping of VO2, 

application of a small uniaxial pressure, or peculiar synthesis condition.52 The M2 state 
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will be discussed in detail later on. The tetragonal and M1 structures are shown in 

Fig.2.8.  

 

 

Fig.2.8. Illustration of crystallographic lattice of: (a) monoclinic (M1) and (b) tetragonal VO2.84 

 

The key feature of the atomic rearrangement across the SMT is that monoclinic 

structure has the presence of V-V pairs along its a-axis where amonoclinic=2ctetragonal. 

During the phase transformation, the regular V-V separation of 0.287 nm in the 

tetragonal phase transforms to an alternate V-V separations of 0.265 nm and 0.312 nm 

leading to a doubling up of the unit cell. This is accompanied by a slight tilting with 

respect to the c-axis of the tetragonal structure to give one shortest vanadium-oxygen 

separation of 1.76 Å perpendicular to the tetragonal c-axis. The other cation-anion 

distance would be about 2 Å. The displacement of a cation toward one or more anions is 
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characteristic of a ferroelectric distortion. Thus, the driving mechanism responsible for 

this transition is an anti-ferroelectric one.81-84 In addition to tetragonal and M1 phases 

explained earlier, M2 and T structures might form particularly upon doping. The lattice 

parameters of the M2 monoclinic phase are a=9.06 Å, b=5.80 Å, c=4.25 Å, and β=91.8°.85 

These phases have been studies in the V1-xCrxO2 compound. The phase diagram of Cr-

doped VO2 by Pouget and Launois is shown in Fig.2.9. A similar phase diagram was also 

reported for the Al-doped VO2 by Ghedira et al. As is observed, Cr-doped VO2 enters the 

M2 phase upon cooling through a first-order phase transition. On further lowering of the 

temperature, transition to the triclinic T phase occurs, followed by a first-order 

transition to the M1 phase. 52,81,86,87 

 

 

Fig.2.9. Phase diagram of the Cr-doped VO2 system.81,84 

 

The T phase is believed to be a triclinic lattice and is a transitional phase between 

M1 and M2. This phase is sometimes called M3. The M2 phase has a monoclinic lattice 
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which is different from M1 in that only half of the vertical (along c-axis) V–V chains are 

dimerized. In other words, V cations are displaced in the lateral (normal to the c-axis) 

direction so that the resulting vertical V chains have a zigzag pattern (Fig.2.10). 81,84,88  

 

 

 

Fig.2.10. Crystallographic structure of the M2 monoclinic phase.84 

 

The other half of vertical V chains in M2 remain straight, as it is in the metallic 

tetragonal phase. Uniaxial pressure applied to pure VO2 along [110] and [1 ̅0] 

directions can also give rise to M2 and T phases and leads to the phase diagram similar 

to that shown back in Fig.2.9.88 Such uniaxial stress can be viewed as suppressing the 

zigzag-type displacements on those chains which have their tilting along the direction 
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of the applied stress, while the respective other chains are not affected. A study on 

electrical properties of M2 and T showed that the conductivity changes only by 25% 

between the phases and both phases exhibit the same activation energy of 0.4 eV that is 

close to the activation energy in pure VO2, i.e. 0.45 eV. Therefore, the M2 phase is 

regarded as a metastable modification of the M1 phase, but the T phase appears as a 

transitional state exhibiting characteristics of both M1 and M2 phases. It has been 

pointed out that the critical uniaxial stress for appearance of the M2 phase is so small 

that the free energies of the M1 and M2 phases in pure VO2 must be extremely close at 

temperatures just below the SMT temperature.52,89 

 

2.2.4. Electronic characteristics of VO2 

The electronic band structure of VO2, in both tetragonal and monoclinic phase, was 

first explained quantitatively by Goodenough.83 As shown in Fig.2.11, hybridization of 

V(3d) and O(2p) orbitals results in a distinct band structure which reflects the 

symmetry of atomic positions in the crystalline lattice. In the tetragonal state, the V 

atoms are surrounded by O-octahedral forming an edge-sharing chain along the [001] 

direction. The d-levels of the V ions are split into lower lying t2g states and eg states, as 

schematically illustrated in Fig.2.12. In this figure, the numbers in the parentheses are 

the number of degeneracy. The latter lie higher in energy and are empty. The eg orbitals 

are bridged by the O(2p) orbitals where the bonding assumes a σ-symmetry. The 

corresponding antibonding σ* energy levels are positioned further away from the Fermi 

level. 
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Fig.2.11. Schematic delineation of electron band structure of: (a) tetragonal and (b) monoclinic VO2.83,84 

 

The t2g levels are grouped into the band π* and d|| that lie right near the Fermi 

level. 90-92 The d|| orbitals are directed along the tetragonal c-axis with strong bonding of 

the V-V pair along this direction. In the monoclinic state, the pairing and tilting of the V 

atoms with respect to the tetragonal c-axis causes the splitting of the d|| bands into 

bonding d|| and antibonding d||* bands and the shift of π* band away from the Fermi 

level. Hence, a band gap opens between the top of d|| and the bottom of π*. The d|| 

splitting, the optical band gap, and the rise of the π* were determined to be 2.5, 0.7, and 

0.5 eV, respectively.52,90-92 

 

 

Fig.2.12. d-electron band splitting by crystal fields and their orbitals.83,84 
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2.2.5. Thermodynamic model of SMT in VO2 

The change in Gibbs free energy associated with phase transition can be derived 

as ΔGr = 
   

   
, where ΔTr is the deviation from the equilibrium transition temperature and 

ΔSo is the change in entropy between the two phases.51 On the basis of the nucleation 

model, the critical size of a stable nucleus is derived as rc = 
  

       
, where γ is the 

interfacial energy. It is known that tetragonal to monoclinic phase transformation in 

VO2 is reversible and ultrafast (~102 femtoseconds). To model the phase transition, it is 

envisaged that a single coordinated atomic jump can accomplish monoclinic to 

tetragonal and reverse structural phase transformation. Using these concepts, the phase 

transition velocity is derived as V = λυD(
      

   
)×exp(-

 

  
). In this equation, λ is jump 

distance, υD is Debye frequency, and Φ is the activation barrier. The activation barrier is 

about kTr, where k is the Boltzmann constant and Tr is the transition temperature. 

Assuming λ=~1 Å, υD=~1012 sec.-1, and Φ=~kTr, transformation velocity is estimated to 

be about 40 m.sec.-1. The application dictates the desired microstructure. For instance, 

for sensor applications, a large T and A, and a negligible H are required; thus, 

epitaxial films are preferred. The key considerations are related to the control of overall 

defect content and characteristics of the grain boundaries. 51 Using time-resolved, near-

edge X-ray absorption measurements of the SMT, Cavalleri et al. estimated the 

monoclinic to tetragonal and reverse transformation velocities in thin films, which were 

found to be in complete agreement with this model. Based upon this model, T, A, and 

H were predicted for different microstructures as follows:51 
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2.2.5.1. Single-crystal films 

For high quality films with large grains separated by low angle (<1o) boundaries, 

the model predicts sharp transition (small T) with a large amplitude (A) and 

negligible hysteresis (very small H). However, for poor quality films, i.e. small grains 

with high defect content, but still separated by low angle boundaries, the model 

predicts larger transition width without much hysteresis. The transition width can be 

controlled by defect content, and hysteresis width can be minimized by having low 

angle boundaries. This is the most suitable microstructure for sensor applications.51 

 

2.2.5.2. Textured polycrystalline films 

In the case of films with small angle boundaries, the SMT behavior would be 

similar to that of the high quality films with large grains separated by low angle 

boundaries, but with a finite T, and H will increase with the misorientation of small 

angle boundaries. For large angle boundary textured films, as the boundary 

misorientation increases, H will continue to increase.51 

 

2.2.5.3. Random polycrystalline films 

Films with small grains and large angle random boundaries will exhibit larger T 

and H with a smaller A. For the films having large grains, as the grain size increases, 

the T decreases as the bulk defect density decreases; however, H will stay constant 

or even increase with increasing grain boundary misorientation. This microstructure 
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will be suitable for memory device applications. Random polycrystalline films usually 

form onto amorphous substrates or nucleate from an amorphous phase.51 

 

2.2.5.4. Amorphous films 

We can predict the properties of amorphous films by the equation: Tr = 
  

      
. In 

amorphous films, γ, rc, and ΔSo all tend to zero making Tr or hysteresis approach to 

zero. Thus, for those devices where reliability is critical, amorphous films can be used, 

even though it means sacrificing sensitivity and efficiency. In the case of amorphous 

films, the SMT is predicted to be large with a minimum of hysteresis, i.e. large T and 

very small H. The amplitude of transition will be smaller due to higher defect content. 

The absence of grain boundaries in amorphous films reduces ΔH because the 

propagation of transition phase boundary upon heating and cooling remains symmetric. 

This transition in amorphous films is of second order and is less of a structural nature; 

that is, pairing of V atoms, unit cell doubling, and charge ordering are of less relevance. 

Amorphous characteristics emphasize the importance of Coulomb effects as the 

electrons diffuse more slowly and interact more strongly.51  

 

2.3. Thin film epitaxy 

Epitaxy represents an important concept observed in thin films and has its roots in 

two ancient Greek words: επι (epi-placed or resting upon) and ταξιξ (taxis-

arrangement). In the context of thin films, epitaxy refers to the growth of an extended 
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single-crystalline film onto a crystalline substrate. The actual word epitaxy was 

introduced into the literature by the French mineralogist L. Royer in 1928, even though 

it was probably observed in alkali halide crystal over a century ago.93,94 There are two 

large categories for epitaxy, namely homoepitaxy and heteroepitaxy. In the former, the 

film and the substrate are the same material. Epitaxial silicon films deposited on silicon 

wafers using vapor-phase epitaxy (VPE) is the most common example of homoepitaxy. 

In this case, the lattice parameters of the film and the substrate are the same, i.e. no 

misfit strain exists and there are no missing interfacial bonds. In the latter, the film and 

the substrates are different materials. In the heteroepitaxies, properties of the film 

mainly depend on the mismatch between the film and substrate lattice parameters, the 

difference in the film and substrate chemistry, and the difference in the thermal 

expansion coefficient of the film and the substrate. It is heteroepitaxy which is 

technologically of utmost importance, since it allows the growth of novel materials and 

devices in the form of epitaxial thin films on commonly available substrate systems. For 

example, compound semiconductor heteroepitaxial film structures have application in 

optoelectronic devices such as light-emitting diodes and lasers. Thin film growth in 

heteroepitaxial systems can occur via the formation of a coherently strained lattice.94-96  

 

2.3.1. Sources of strains 

There are three primary sources of strains during the growth of thin film 

heterostructures: lattice misfit, thermal misfit, and dopant/impurity and defect related 

strains. These strains are additive during thin film growth process such that at the 
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growth temperature the lattice relaxation is determined by the total of lattice, thermal 

and microstructural defect strains.104 

 

2.3.1.1. Lattice misfit strains 

The lattice misfit strain arises when spacing of lattice planes, aligning across the 

film/substrate interface in a particular orientation, do not match. This mismatch is 

manifested in terms of the lattice strain. The strain is relaxed by dislocations which 

represent either an extra or a missing plane, depending upon compressive or tensile 

strain in the film. Hence, lattice planes play a dominant role during thin film growth and 

the lattice misfit is more correctly described by the planar misfit as the planes are 

aligned across the film/substrate interface.104 Due to the mismatch in lattice constants, 

the epilayer grows pseudomorphically;95-97 that is, it assumes the crystalline lattice of 

the substrate; as such, the epilayer becomes strained. With increase in thickness the 

strain energy in the system keeps increasing. Finally, dislocations or missing half planes 

are formed to relieve the built-in strain in the system. Because the film and the 

substrate materials are different in heteroepitaxy, the properties of heteroepitaxial 

films are influenced by the crystallographic properties of the substrate and the film, 

difference in film and substrate chemistry, and the difference in film and substrate 

thermal expansion coefficients.95 The lattice misfit between substrate and film is the 

key parameter which controls growth, morphology, and the properties of the film. The 

lattice misfit is defined as: ε = 
  

  
 – 1, where af and as are lattice parameters of the film 

and the substrate.  
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2.3.1.2. Thermal misfit strains 

Thermal misfit strain arises due to differences in thermal expansion coefficients of 

the film and the substrate. If the coefficient of thermal expansion of the film (αf) is 

greater than that of the substrate (αs), the film will have tensile stress after cooling 

down from the growth temperature. On the other hand, if αf < αs, the film will be under 

compression and the substrate under tension. Thermal misfit strain єT in the film plane 

is given by єT  = (αs – αf)ΔT, where ΔT is the difference between the growth and the 

room temperatures and is negative during cooling down and positive during heating.104 

Corresponding thermal stress σT in the film is given by σT = 2(αs – αf)ΔT×µf 
    

    
 where µf 

and ʋf are the shear modulus and the Poisson’s ratio of the film. Usually, small strains 

such as thermal strains are difficult to relax because of large critical thicknesses 

associated with them. This problem gets amplified in strongly bonded oxide and nitride 

materials, where dislocation nucleation and propagation steps are difficult. Strains 

accumulate with thickness and large unrelaxed tensile strains (αf > αs) can lead to 

cracking and delamination above a certain thickness, where accumulated stress can 

exceed the fracture stress. Residual compressive stresses can be managed easier.104 

 

2.3.1.3. Microstructural and defect related strains 

These strains are associated with grown-in dislocations, point defects (vacancies 

and interstitials), and their clusters. For doped and alloyed materials, dopant 

distribution and lattice relaxation around dopants will lead to additional misfit strains. 

It is well known that boron in silicon leads to tensile stress due to its smaller size than 
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the host material; on other hand, Ge and Sb in Si result in compressive stress. This 

strain is quite sensitive to processing variables and growth kinetics which determine 

lattice location, clustering, and annealing of defects. In certain cases, particularly in 

oxides and nitrides, the planar/lattice misfit can be accommodated by the presence of 

defects without generating misfit dislocations. The defect strains are also related to 

chemical strains and stabilization of pseudomorphic metastable phases.104  

 

2.3.2. Lattice matching epitaxy  

The strains across the interface can be relaxed via two different mechanisms, 

namely lattice matching epitaxy and domain matching epitaxy. The former is discussed 

here and the latter is discussed in section 2.3.3. In lattice matching epitaxy (LME), one-

to-one matching of the lattice parameters of the film and substrate takes place at the 

interface. In other words, unit cells of the films and the substrate match with one 

another. This matching of lattice parameters takes place by means of strain in the films 

and up to some extent in the substrate as the films initially grow pseudomorphically. 

The pseudomorphic growth of the film continues until a critical thickness is reached. At 

this point, strain energy becomes large enough to trigger the nucleation of dislocation 

to relax the strain. These dislocations are nucleated at the film surface and must glide to 

the interface to relieve the misfit stain in the film. The mechanism behind lattice 

matching epitaxy is presented in Fig.2.13 where the crystalline lattice of the film and 

the substrate before growth, after pseudomorphic or coherent growth below the critical 
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thickness, and formation of dislocation or missing half planes beyond the critical 

thickness are schematically illustrated.  

 

 
Fig.2.13. Schematic illustration of lattice matching epitaxy.98 

 

The critical thickness is denoted as dc is this figure. The critical thickness at which 

dislocation nucleation occurs is directly related to the misfit. In low misfit systems the 

critical thickness for dislocation nucleation may be quite large and dislocation 

nucleation and, therefore, strain relaxation may not be possible. Meanwhile, the 

obstacles to the glide of dislocations often gives rise a high threading dislocation 

density in the films, which is detrimental to the device properties. The reason behind 

this suggestion is that these dislocations act as charge carrier trap or recombination 

centers.95-97 The critical thickness is the thickness at which the misfit strain energy 

stored in the system exceeds the energy of misfit dislocations; as a consequence, the 

system prefers to accommodate dislocations to minimize the free energy. It is worth 

mentioning that the stored strain energy is proportional with the thickness of the film. 

For the thicknesses below the critical thickness, the strain energy is smaller than the 
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energy of misfit dislocations; therefore, the misfit dislocations are not generated and, 

hence, the system remains under strain. 

 

2.3.3. Domain matching epitaxy 

Conventional lattice matching epitaxy during thin film growth is possible as long 

as the lattice misfit between the film and the substrate is less than 7-8%. Beyond this 

misfit, it was expected that the films grow only as textures or largely polycrystalline. 

However, the epitaxial growth was also observed in large misfit systems where the 

misfit strain is far beyond 7-8% regime. Since the strain across the film/substrate 

interface is relaxed by dislocations which are essentially an extra plane or a missing 

plane, the epitaxial growth in large misfit systems can be explained by considering the 

matching of lattice planes in the concept domain matching epitaxy (DME). In the 

domain matching epitaxy, we consider the matching of lattice planes which could be in 

different directions of the film/substrate interface. This is in contrast to the lattice 

matching epitaxy where one-to-one matching of lattice constants occurs. Strain 

relaxation by the misfit dislocations is schematically explained in Fig.2.14.95 An 

important feature of the domain matching epitaxy is that most of the misfit strain is 

relaxed quickly within a couple of monolayers so that the misfit strain and dislocations 

can be engineered and confined near the interface. In large misfit systems, the critical 

thickness is very small; hence, the dislocations nucleate in first couple of monolayers to 

relieve the strain making it possible for the rest of the film to grow free of lattice strains. 

It is important to note that at misfit strains larger than 8%, the critical thickness is less 
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than a monolayer. The atomic steps formed within the second monolayer provide 

nucleation sites for the dislocations. At the initial steps of the growth, there are a lot of 

steps onto the surface of the film making the nucleation of the misfit dislocations easy. 

The dislocations have to propagate only a monolayer to reach the film/substrate 

interface. In contrast, in low misfit systems, the dislocations nucleate only after the 

critical thickness is reached and must, then, glide across the critical thickness to the 

interface. This process results in the formation of half loops that are composed of two 

threading segments and a straight segment along the interface.95,99-101 The burgers 

vector and planes of the misfit dislocation are governed by the active slip systems and 

glide planes are determined by the crystal structure of the film. It is worth mentioning 

that thermal and defect stains still exist. In domain matching epitaxy, misfit is 

accommodated by matching of integral multiples of lattice planes, and there is an extra 

half plane corresponding to each domain, as shown in Fig.2.14. If the misfit falls in 

between the perfect matching ratios of planes, then the size of the domain can vary in a 

systematic way to accommodate the additional misfit.95 

 

 
Fig.2.14. Schematic illustration of domain matching epitaxy.98 



35 
 

The interface structure and the nature of dislocations in the ZnO/sapphire 

heterostructure are depicted in Fig.2.15. The epitaxial relationship between the ZnO 

thin film and the sapphire substrate was established as (0001)ZnO||(0001)sapphire and 

[2 ̅ ̅0]ZnO||[1 ̅00]sapphire. In other words, ZnO(10 ̅1) planes rotate by 30o with respect to 

sapphire(01 ̅2) planes.  In this system, the misfit strain was calculated to be about 

15.44%. To accommodate such a large strain, 5/6 and 7/6 domains should alternate 

across the film/substrate interface.102 Fig.2.16 displays the h-GaN/sapphire interface 

demonstrating matching of integral multiples of lattice planes. As is seen, there is one 

dislocation contained in each domain. This figure shows alternating of 6/7 and 7/8 

film/substrate planes matching across the interface, which is in agreement with the 

paradigm of domain matching epitaxy for the formation of single-crystal films on 

substrates with large lattice misfits. According to the DME paradigm, for a complete 

relaxation of misfit strain, three 6/7 domains should alternate with one 7/8 domain.103 

In summary, dislocations are involved in thin film relaxation and detailed TEM 

studies clearly established that nucleation of dislocations at the free surface and 

propagation of these dislocations to the interface are critical steps in the relaxation 

process of thin films.95,99,104-106 The dislocations represent largely either missing planes 

under compressive stress, where planar spacing of the film is larger than that of the 

substrate, or extra planes under tensile stress. In either case, thin film relaxation 

involves matching of atomic columns. However, if the film and substrate orientations 

remain the same, which is often the case for small misfit systems, then, lattice matching 

will occur. The important point to remember is that lattice matching results as a 
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consequence of matching of the planes. It should be also pointed out that in cases where 

Burgers vectors of dislocations match with lattice vectors, lattice and planar matching 

will be indistinguishable.95 

 

 

 

Fig.2.15. High-resolution TEM cross-section image obtained from ZnO/sapphire interface.102  

 

 

Fig.2.16. High-resolution TEM cross-section image of GaN epilayer grown on sapphire substrate.103  

 

2.4. Photocatalytic reactions 

Photocatalysis is a special kind of catalysis where the material is activated by light. 

The following mechanism for degradation of environmental pollutants over a 

semiconductor photocatalyst (SP) has been proposed. First, the semiconductor is 

illuminated. The wavelength of the light should be shorter than that of the 
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semiconductor absorption edge; the light energy should be higher than the band gap 

energy of semiconductor. The electrons and holes are generated:107,108 

 

SP + hν           SP (h+ + e−)                                                                                                                 (2-8) 

 

Afterward, the photo-generated electron-hole pairs chemically react with the 

adsorbed water and oxygen molecules as below: 

 

O2(ads) + e−           O2
•−                                                                                                                         (2-9) 

H2O + h+           H+ + OH•                                                                                                                                                                          (2-10) 

O2
•− + H+           HO2

•−                                                                                                                       (2-11) 

2HO2
•−           H2O2 + O2                                                                                                                                                                            (2-12) 

H2O2 + hν           OH• + OH•                                                                                                             (2-13) 

 

These processes are schematically depicted in Fig.2.17. The OH• and O2
•− radicals, 

generated through the above reactions, are very active and have a high oxidizing power. 

These radicals can attack the pollutant molecules and decompose them to 

nonhazardous species. They can also attack the bacteria cells and kill them.108,109   

 

 
Fig.2.17. Schematic illustration of the photocatalytic reactions. 
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Chapter 3 

 

Experimental Techniques 

 

3.1. Substrates and buffer layers 

3.1.1. Silicon 

One of the substrates used in this study was single-side polished Si(100) wafers. 

Silicon is a group VI elemental semiconductor. As shown in Fig.3.1, crystalline silicon 

has a diamond structure with a lattice constant of 5.43072 Å. The diamond structure 

can be thought of as the union of two superimposed face centered cubic crystal lattices 

where one is displaced by a quarter of the length of the unit cell in the [100], [010], and 

[001] directions. Each silicon atom has four valence electrons that it shares to form 

tetrahedral covalent bonds with its neighbors. The thermal expansion coefficient and 

band gap of silicon are about 2.6 x 10-6 K-1 and 1.12 eV at room temperature, 

respectively. Most of the commercial electronic devices are currently based on silicon. 

Both n-type and p-type silicon substrates with different doping concentration are 

available. Owing to the natural abundance and large scale industrial use, silicon 

substrates are widely and cheaply available. Hence the integration of new functional 

materials with silicon substrate offers unique technological advantage. Silicon 

substrates are available in large sizes (up to 400 mm diameter). One of the biggest 

challenges in integration of epitaxial films with silicon is the tendency of silicon to 
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readily form an oxide (SiOx) layer which is amorphous and prevents epitaxial or even 

textured growth. 1,2 

 

 

 

Fig.3.1. Diamond cubic lattice of silicon. 

 

3.1.2. Sapphire (Aluminum oxide) 

In the present work, in addition to the silicon substrates, sapphire substrates with 

varying crystallographic orientations were used for thin film deposition as well. 

Sapphire (Al2O3) is an ionic solid and has a rhombohedral/hexagonal crystalline 

structure which belongs to the space group of R ̅C. The lattice structure of the 

hexagonal unit cell consists of close packed planes of oxygen, alternating with a 

hexagonal array of aluminum planes. The aluminum planes are in hexagonal close 

packed arrangement, with one third of the sites vacant. The vacant sites produce the 

2/3 stoichiometric ratio of Al/O in sapphire. The aluminum planes are arranged with 

the aluminum vacancies ordered with a three-fold symmetry axis along the [0001] 

direction. The lattice constants of Al2O3 hexagonal unit cell are a=4.7587 Å and 
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c=12.9929 Å.3 Sapphire is an insulator with a band gap of about 9 eV at room 

temperature. The thermal expansion coefficients of sapphire are 6.2×10-6 and 7.07×10-6 

K-1 along its a-axis and c-axis, respectively. Due to its stability up to ~1100 °C, 

transparency, hexagonal symmetry, ease of handling, and simple pre-growth cleaning, 

sapphire has been one of the most commonly used substrates for the thin films growth 

and device fabrication. There are four common face terminations of sapphire, namely c-

plane (0006), r-plane (1 ̅02), m-plane (1 ̅00), and a-plane (2 ̅ ̅0). The lattice 

structures and important crystallographic planes of sapphire are depicted in Fig.3.2.4,5 

 

 

 

Fig.3.2. Delineation of several crystallographic planes of sapphire:  

(a) c-plane, (b) r-plane, and (c) m-plane. 

 

3.1.3. Yttria-stabilized zirconia  

Direct growth of epilayers on silicon is a technological challenge owing to the 

formation of the native amorphous SiOx layer leading to growth of polycrystalline and 

textured thin films. Yttria-stabilized zirconia (YSZ) buffer was used to efficiently 

destroy and remove the SiOx layer from the silicon substrates prior to the thin film 
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deposition. YSZ is an attractive buffer layer for the subsequent growth of numerous 

oxide materials on non-oxide substrates. It has excellent chemical stability on silicon. 

The thermal expansion coefficient of YSZ is about 11.4×10-6 K-1. YSZ has a high dielectric 

constant and large band gap of about 25 and 7.8 eV, respectively. Basically, pure 

zirconia (ZrO2) has a monoclinic lattice (Fig.3.3a), but the tetragonal and cubic phases 

of zirconia can be stabilized at room temperature through combining with other 

oxides.6,7  

 

 

Fig.3.3. Crystal structure of zirconia: (a) monoclic, (b) tetragonal, and (c) cubic structures.7  

 

Different oxides, such as yttrium oxide (Y2O3), calcium oxide (CaO), or magnesium 

oxide (MgO), can be added to zirconia as a stabilizer. For instance, the tetragonal state 

would be stabilized at room temperature by doping with 3 to 5 mol.% of yttria. Lattice 

parameters of tetragonal YSZ which belongs to the P42/nmc space group are a=3.6067 

Å and c=5.1758 Å (for 3 mol.% yttria-doped ZrO2). A unit cell of tetragonal YSZ is shown 

in Fig.3.3b. Yttria content of 8 mol.% or higher makes cubic phase of zirconia stable at 

room temperature. Cubic YSZ has a fluorite-type structure with the space group Fm ̅m. 
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Its lattice parameter is 5.1289 Å (for 15 mol.% yttria-doped ZrO2). A unit cell of the 

cubic YSZ is displayed in Fig.3.3c.6,7  

 

3.2. Thin film growth  

Pulsed laser deposition (PLD) was employed to grow thin film heterostructures in 

this project. It was first realized in 1965 and was first used for VO2 deposition by Borek 

et al. in 1993.8 PLD is a versatile non-equilibrium technique for thin film growth which 

is based on physical vapor deposition. It is a comparatively recent inclusion in the 

world of thin film deposition and is especially suited for oxide growth. This technique 

involves the use of a high-powered laser beam to vaporize the target material to be 

deposited. This phenomenon is frequently referred to as laser ablation. The ablated 

material is ejected in a direction normal to the target surface in the form of a plume and 

is deposited as a film onto a substrate facing the target. This process can occur in 

ultrahigh vacuum or in the presence of a background gas such as oxygen which is 

commonly used when depositing oxides. Laser-assisted growth was first demonstrated 

by Smith et al.9 in 1965 using a high power ruby laser. In 1983, Cheung et al.10 

successfully synthesized epitaxial Hg0.7Cd0.3Te/CdTe and CdTe/GaAs using PLD. Later in 

the decade, in 1987, Dijkkamp et al.11 and Narayan et al.12 demonstrated the growth of 

YBa2Cu3O7 superconducting thin films on sapphire. Since then, PLD has been widely 

used to synthesize a variety of high quality thin films of metals, oxides, and nitrides. 

Recently, PLD has probably become the most popular technique for the deposition of 

VO2 thin films.7,13-17 Fig.3.4 displays the schematic of a typical PLD configuration which 
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simply consists of three main components, namely the laser, the vacuum chamber, and 

the optic system controlling the laser beam. Various lasers have been used for pulsed 

laser deposition of thin films, namely ruby, CO2, Nd:YAG, and excimer lasers. The latter 

one is the most widely used due to the fact that these lasers can deliver high energy 

densities by high energy photons. During PLD, the laser is directed into the vacuum 

chamber and focused onto the target by a set of lenses and mirrors. The vacuum 

chamber houses the target holder, the substrate holder, and the gauges. The focused 

laser beam interacts with the target surface creating a luminous plasma plume. The 

ejected species comprising the plume consists of high-energy atoms, electrons, 

molecules, free radicals and sometimes clusters, particulates and molten globules.18 

These species form the film onto a substrate facing the target (Fig.3.4).  

 

 

Fig.3.4. Schematic illustration of a typical PLD chamber. 
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3.2.1. Advantages and disadvantages of PLD 

Several advantages associate with PLD make it a powerful and outstanding thin 

film deposition technique compared to other methods. Most advantages arise owing to 

the high energy of the ablated species which can be as high as 10 to 100 eV (i.e. about 

102-103 kT). For the sake of comparison, the energy of the ejected species in thermal or 

electron evaporation techniques is about 0.1 eV at 1200 K. Following are other positive 

aspects of the PLD technique: 

1. The high energy of the plume makes PLD a highly non-equilibrium processing 

technique by which complex metastable phases can be formed which would 

otherwise be difficult to form by equilibrium synthesizing routes.19,20 

2. In case of a multi-component system, such as YBCO11, the high energy of the plume 

leads to reproducing the stoichiometry of the target in the film. The forward directed 

nature of the plume in PLD is responsible for preserving the stoichiometry. Due to 

the high energy density of the laser, the material removal from the target is very fast 

such that vapor pressures of the individual components do not play a role.19,20 

3. The high energy of the plume reduces processing temperatures. In other words, high 

quality films can be deposited at lower temperatures.19,20 For instance, epitaxial TiN 

can be grown on Si(100) at temperatures below 600 °C by PLD.21 However, CVD 

growth of TiN requires temperatures as high as about 1000 °C.22 

4. Multi-layered thin film heterostructures can be easily synthesized by using PLD. The 

target carousel can be suitably manipulated to hold multiple targets. This enables us 

to deposit multi-layered films without breaking the vacuum.19,20  
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5. Conceptually, any material can be ablated to form a thin film as long as it has a large 

enough absorption coefficient for the laser used.18 

6. Depending on the repetition rate of the laser beam, the deposition rate of the film can 

be tuned. In fact, in PLD, the number of nucleation sites can be controlled such that 

they are much higher than those formed in MBE or sputter deposition. By controlling 

the impingement rate and the nucleation site density, the surface roughness of the 

film can be manipulated.18-20 

7. It is important to realize that in the PLD system, the sputtering agent, namely the 

laser beam, is placed externally. Therefore, there is no need to inject any sputtering 

agent or other precursors to the deposition chamber unlike what should be done in 

chemical vapor deposition, atomic layer deposition, magnetron sputtering, and some 

other techniques. The vacuum chamber in itself is devoid of filaments and other 

sources of contamination, thereby resulting in a clean processing environment.18  

8. The interaction between the laser and gas species in the vacuum chamber is minimal. 

This means that the dynamic range of deposition pressures can be high, resulting in 

less stringent vacuum requirements. Meanwhile, the spatial confinement of laser-

solid interaction and the subsequent plume render PLD a clean process. The 

deposited films are thus relatively contamination free.18  

On the other hand, PLD suffers from some disadvantages. The area of deposited 

material obtained by PLD is relatively small (typically 1 cm × 1 cm). In the case of large 

substrates, uniformity in film thickness is observed due to the forward directed nature 

of the plume.18 Deposition on larger substrates and uniformity of film thickness can be 
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achieved to some extent by rastering the laser beam over a large target and/or rotation 

and translation of the substrate.23 The other important drawback of PLD is the 

formation of chunks during ablation, which are detrimental to the quality of the film. 

Chunks are nothing but large (few microns) particulates or globules of molten material. 

These undesirable chunks are formed due to improper ablation that involves various 

mechanisms such as subsurface boiling, expulsion of the liquid layer by shock wave 

recoil, and exfoliation. By careful manipulation of the laser parameters, the size and 

number of chunks can be minimized to some extent. Chunk control is also possible by 

increasing the absorption coefficient and thermal conductivity of the target material. A 

compact target with better cohesion of the grains reduces the emission of chunks.18-20,24 

 

3.2.2. Physics of the laser-solid interaction 

Even though the PLD system in itself is easy to build and operate, the underlying 

physics involving the laser-solid interaction is quite complex. At energy densities above 

the threshold for vaporization the laser solid interaction has been analyzed and 

modeled by Singh et al.19,20 Depending upon the interaction of the laser with the target 

material, they divided the laser ablation process into three important regimes: 

 

3.2.2.1. Laser-solid interaction 

Interaction of the laser beam with the bulk target results in evaporation of the 

surface layers. This regime can be also termed as the evaporation regime. When the 

laser beam strikes the target, the electromagnetic energy is used to excite free electrons 
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in the target material. The thermal energy generated by the electron-phonon coupling, 

then, evaporates the target material. It is important to realize that the reaction time for 

this process to occur is on the order of picoseconds.18-29 In order to have better laser-

solid coupling, the target must be suitably prepared. A target with high roughness, low 

reflectivity (R), and high absorption coefficient (αt) allows for efficient laser-solid 

coupling and, thus, provides low threshold energy for vaporization. Depending on the 

laser wavelength and the porosity and surface roughness of the target, typical values of 

threshold energy vary from 0.11 to 0.40 J.cm-2.20 It is important to notice that the 

energy deposited by the laser beam comprises, the energy required to evaporate the 

target material, conduction heat loss in the target, and energy loss due to laser 

absorption by the expanding plasma. Using these concepts of energy balance, the 

thickness of the target for which evaporation (ΔΧt) takes place can be calculated 

through the following equation:19,20 

 

ΔΧt = (1 - R)(E - Eth)/(ΔH + CvΔT)                                                                                                (3-1) 

 

Where R is the reflectivity, Eth is the threshold energy, ΔH is the latent heat, Cv is 

the volume heat capacity, and ΔT is the maximum rise in temperature. It is important to 

realize that this equation is valid when the thermal diffusion length (2Dt)½ is larger 

than the light penetration depth (L = αt
-1). Here, D is the thermal diffusion constant and t 

is the pulse duration of the laser. This validation is true for most metallic and 

semiconducting targets. However, for low thermal diffusivity materials (non-metallic 
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targets), where (2Dt)½ is smaller than αt
-1, a second regime is prevailing. Here, thermal 

diffusivity does not play an important role and evaporation depth mainly depends on 

the attenuation distance of the laser beam.18-20 

 

3.2.2.2. Plasma formation and initial isothermal expansion 

The interaction of the laser beam with the evaporated material leads to the 

formation of a high temperature isothermal expanding plasma. This regime prevails 

when the target starts to evaporate and continues until the end of the pulse. The laser 

interaction with the target material yields surface temperatures in the range of 2000-

3200 K. This results in the emission of positive ions and electrons from the free surface. 

Generally, the ablation of the target is accompanied by the formation of a plasma 

extending normal to the target surface which contains charged and neutral species of 

atoms and molecules. The plasma also interacts with the incoming laser; this produces 

temperatures higher than the vaporization temperature in the plasma. The absorption 

of laser energy by the plasma occurs due to electron-ion collisions. This absorption 

primarily occurs by an inverse Bremsstrahlung process that involves absorption of a 

photon by a free electron.19,20 The absorption coefficient (αp) of the plasma is given as: 

 

αp = 3.69 × 108 (Z3ni
2/T½ʋ3)[1 – exp(- 

  

  
)]                                                                               (3-2) 

 

Where, Z is the average charge, ni is the ion density, T is the temperature of the 

plasma, h is Planks constant, K is the Boltzmann constant, and ʋ is the free energy of the 
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laser light. Since the absorption coefficient (αp) is proportional to ni
2, the laser light is 

heavily absorbed close to the target surface where the density of the ionized species is 

high. In comparison, the leading edge of the plume is associated with high expansion 

velocities and low electron and ion densities. Hence, the outer edge of the plasma is 

transparent to the laser beam. The [1 – exp(- 
  

  
)] term represents the losses due to 

stimulated emission depending upon the plasma temperature and laser wavelength. A 

variety of processes such as impact ionization, photo ionization, thermal ionization, and 

electronic ionization affect the extent of ionization of the laser generated species. Fig.3.5 

schematically illustrates the different regimes present during the laser-solid 

interaction.19,20  

 

 

Fig.3.5. Different regimes during laser irradiation of the target.19,25 
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In this figure, region “A” represents the unaffected zone of the bulk target, region 

“B” shows the evaporated section of the target material, region “C” shows the zone 

where the plasma absorbs the laser heavily. In this region, evaporated particles are 

continuously injected into the plasma. Finally, region “D” represents the rapidly 

expanding plasma which is transparent to the laser. In the region, near the target 

surface, a dynamic self-regulating equilibrium exists between the plasma absorption 

coefficient and the rapid transfer of thermal energy into kinetic energy due to injection 

of evaporated particles of the target into the plume. These mechanisms govern the 

isothermal temperature attained by the plasma near the target surface. 19,20,25 

 

3.2.2.3. Adiabatic expansion of the plasma 

The anisotropic three-dimensional adiabatic expansion of the plume gives rise to 

the characteristic forward directed nature of the deposition. It is worth noticing that 

this regime starts right after the termination of the laser pulse. After the plasma 

formation and isothermal regime, the plasma plume expands adiabatically into the 

vacuum. It is important to realize that, in this regime, there is no injection of particles 

from the target into the plume and also the laser is no longer being absorbed by the 

plume. In this regime, the expanding plasma is associated with very high velocities 

arising from the thermal energy being converted to the kinetic energy. The loss in 

thermal energy leads to a drop in temperature determined by a balance between 

cooling due to expansion and energy gain due to recombination of ions in the plasma. 

Fig.3.6 shows a schematic of the developing shape of the plume in adiabatic regime. As 
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is observed in Fig.3.6, the initial dimensions of the plasma are larger in the transverse 

directions, i.e. along the Y and Z directions. In the longitudinal X-direction the expansion 

is minimal. It is also important to note that the plasma is elliptically shaped with y-axis 

being the major axis. During the adiabatic expansion regime, the longitudinal x-

dimension expands rapidly resulting in the characteristic PLD plume. The plasma 

pressure drops rapidly until most of the thermal energy is converted to kinetic energy. 

Then, the plume has no more energy for expansion and the plasma elongates in the 

shorter dimension. Eventually, an elliptical shape is retained but with the z-dimension 

being the major axis.19,20  

 

 

 

Fig.3.6. (a) The initial elliptical shape of the plasma after the laser pulse is terminated, (b) Final shape of 

the plasma when it hits the substrate, and (c) Shape of a YBCO film deposited on a Si substrate.20 
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3.2.3. Lasers used for PLD 

The term LASER stands for light amplification by stimulated emission of radiation. 

A laser emits coherent light with a well-defined wavelength in a narrow low divergent 

beam. The most important lasers used for PLD are the Nd:YAG19,20 and the excimer 

laser.26-29 Nd:YAG is a solid state neodymium doped yttrium aluminum garnet laser. The 

fundamental frequency for this laser is 1064 nm. These lasers can be doubled, tripled, 

or quadrupled to produce 532, 355, and 262 nm wavelengths. The more popular laser 

used for PLD is the excimer laser which uses a combination of an inert gas and a 

reactive gas. Typically the inert gases used are Argon, Krypton, and Xenon. The reactive 

gases frequently used are fluorine and chlorine. The excimer lasers are pulsed and 

operate in the ultraviolet range. They operate with pulse duration in the nanosecond 

regime and repetition rates up to 100 Hz. They can have output energy as high as 1 

J/pulse. Various excimer lasers and their wavelengths are listed in Tab.3.1.  

 

 Tab.3.1. Operating wavelengths of several excimer lasers. 

 

 

 

The term excimer is a short form of excited dimer. The excited state is formed 

from the inert gas that forms temporarily bound molecules either with themselves or 

the halide. The excited state is usually induced by an electric discharge. The excited 

state then gives up its energy via stimulated emission to form the dissociated ground 

Excimer Laser KrF ArF KrCl F2 Cl2 XeCl KeF 

Wavelength (nm) 248 193 222 157 259 308 351 
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state molecules. This happens very rapidly within a picoseconds period resulting in a 

population inversion between the excited and ground state molecules. The reactions 

forming a KrF excimer laser are as following:25 

 

2Kr(g) + F2,(g)              2KrF(g) (excited state)                                                                                    (3-3) 

2KrF(g)           2Kr(g) + F2,(g) + energy (dissociated state)                                                        (3-4) 

 

In this study, a Lambda Physik KrF excimer laser (LPX200) with a wavelength of 

248 nm and pulse duration of 25 ns was employed to ablate the high purity targets for 

thin film depositions and laser annealing of the samples as well. 

 

3.3. Characterization techniques 

In order to study characteristics and properties of the PLD grown 

heterostructures, various characterization techniques were used which are briefly 

described in the following: 

 

3.3.1. Crystalline structure     

X-ray diffraction (XRD) was employed to determine the crystalline structure and 

in-plane and out-of-plane orientations of the heterostructures. The XRD technique is 

based on the diffraction governed by the Bragg’s law (nλ=2dsin(θ)). The diffraction 

takes place providing that this law is satisfied.30 When an X-ray beam is incident on a 

crystal, it interacts with the parallel plane of atoms either constructively or 
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destructively depending on the path difference. Bragg’s law is satisfied when the waves 

interfere constructively. In the present work, θ-2θ scans were performed using a 

Rigaku SmartLab diffractometer with Cu-Kα radiation at a wavelength of 0.154 nm. This 

machine was employed to determine the phase structure and the out-of-plane 

orientation of the films. However, this measurement does not provide any information 

on the epitaxial growth and the in-plane crystallographic alignment across the 

interfaces.  

The in-plane orientation and the epitaxial relationship, in this project, were 

accessed by φ-scan XRD done by a Philips X’Pert diffractometer having a Cu-Kα X-ray 

source. In addition to rotation along the θ-axis, in four-circle diffractometers, the 

sample can be tilted with respect to the incident beam (ψ-axis) and rotated by 360o 

around the surface normal (φ-axis). Using this geometry, the in-plane epitaxial details 

can be established by scanning along the φ-axis. In order to perform φ-scan, an 

appropriate crystallographic plane inclined to the growth plane needs to be selected. 

The 2θ angle is set at the corresponding Bragg angle of the selected plane. Then, the 

sample is tilted along the ψ-axis by an angle equal to the crystallographic angle between 

the growth plane and the plane selected for the φ-scan. The diffraction intensity is then 

recorded as a function of the sample rotation along the φ-axis. If the film is epitaxial, the 

φ-scan exhibits sharp peaks at certain φ-angles. On the other hand, if the in-plane 

orientation of the film is random, no appreciable variation in the diffraction intensity is 

observed in the φ-scan XRD.  

The θ, φ, and ψ axes are seen in the schematic in Fig.3.7. 
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Fig.3.7. A schematic diagram showing θ, φ, and ψ axes  

 

3.3.2. Stoichiometry 

X-ray photoelectron spectroscopy (XPS) is a powerful quantitative spectroscopic 

technique to determine the chemical composition and stoichiometry of the surface and 

the depths smaller than 10 nm. It can detect all elements with concentrations higher 

than 0.1 – 1 % except hydrogen and helium. The chemical or oxidation state of one or 

more of the elements in the sample can be assessed by this technique. In XPS, X-Ray 

irradiation of a material under ultra-high vacuum (UHV) leads to the emission of 

electrons from the core orbitals of the surface elements present in the top 10 nm of the 

material to be analyzed. The binding energy of the emitted photoelectron can be 

determined from the following equation: 

 

Hν = KE + BE + Φs                                                                                                                             (3-5) 

 

where, hν is the energy of the incident radiation, KE is the kinetic energy of the 

photoelectron as measured by the instrument, BE is the binding energy of the orbital 
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from which the electron is ejected, and Φs is the work function of the instrument. The 

binding energy of the electrons reflects the local environment of the specific surface 

elements from which they are ejected. Thus, any shift observed in the peak position can 

be correlated with a change in the oxidation state. The number of electrons reflects the 

proportion of the specific elements at the surface and in the near surface regions. To 

count the number of electrons at each KE value, with the minimum error, XPS must be 

performed under UHV conditions. The emitted photoelectrons are energy separated 

and detected by a complex energy analyzer. In this research, a PHOIBOS 150 analyzer 

with a resolution better than 1 eV was employed. The photoelectrons passing through 

the energy analyzer are deflected by the electrostatic field and leave the analyzer at a 

specific position depending on its energy. XPS analysis was carried out by a SPEC X-ray 

photoelectron spectrometer using Mg/Al Kα X-ray source. The obtained data were 

interpreted by using the SDP ver.4.1 software where the C(1s) core level binding energy 

was set at 285.0 eV, as the reference point.  

 

3.3.3. Microstructure 

In this dissertation, microstructural details including atomic arrangement across 

the interfaces, crystalline defects, and grain structure were studied by transmission 

electron microscopy (TEM) which utilizes electrons to image materials. Owing to very 

small de-Broglie wavelength of electrons (λ = 0.0251 Å at the acceleration voltage of 

200 keV), resolutions of the order of 1 Å can be achieved making the imaging with 

atomic resolution possible.32 In TEM images the contrast arises because of the 
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scattering of the incident electron beam as it passes through the sample. The electron 

wave can change both its amplitude and its phase as it traverses the specimen and both 

types of change can give rise to image contrast. Thus, a fundamental distinction we 

make in the TEM is between amplitude contrast and phase contrast. In many situations 

both types of contrast may contribute to the image. However, TEM operating conditions 

are often selected in a way that one type of contrast dominates. Two types of amplitude 

contrast are possible: mass-thickness contrast and diffraction contrast. Mass-thickness 

contrast occurs due to the incoherent elastic scattering of electrons. This type of 

contrast is important when imaging non-crystalline samples. Diffraction contrast occurs 

due to the coherent elastic scattering at Bragg angles. In TEM, there are two 

fundamental systems: the illumination system controlling the electron source 

(intensity) and the imaging system collecting the electrons scattered and transmitted 

from the sample. Depending on the operation mode, the electrons collected by the 

imaging system can either form a selected area diffraction pattern (SAED) or an image. 

In diffraction mode, the electrons which form the SAED pattern are elastically scattered 

by the sample. Thus, if the atomic arrangement in the sample is periodic, the diffraction 

pattern consists of well-defined spots; whereas, in case of polycrystalline sample with 

less atomic order, the diffraction results in diffused spots, arcs, or even rings. The 

corresponding alignment of the electron beam in the imaging and the diffraction modes 

is shown in Fig.3.8. In this study, SAED patterns were acquired to establish the epitaxial 

details and confirm the information obtained from the X-ray diffractometry. Besides, 

high resolution TEM (HRTEM) imaging was also conducted which is based on phase 
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contrast and relies on the difference in phase among the electron waves scattered 

through a thin sample. In HRTEM the objective astigmatism has to be minimized to 

achieve atomic resolution. The other main requirement for a HRTEM is a highly 

coherent and monochromatic electron beam. The interpretation of contrast in HRTEM 

images is not easy, since it is sensitive to many factors. The appearance of the image 

varies with small changes in the thickness, orientation, or scattering factor of the 

specimen, and variations in the focus or astigmatism of the objective lens.  

 

 
Fig.3.8. Two operation modes of the TEM imaging system: (a) diffraction mode and (b) image mode.32 
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In the present study, a JEOL 2010F microscope, which was equipped with a field 

emission gun providing a highly coherent electron beam and operated at 200 kV, was 

used for detailed microstructural evaluations. This microscope can also be operated in 

STEM, STEM-Z contrast, and EELS spectroscopy modes. In addition, an aberration 

corrected Ultra STEM 200 operated at 200 kV was used to investigate the atomic and 

crystallographic arrangements across the interfaces. The aberration corrector 

improved the spatial resolution of the microscope to 0.78 Å; therefore, direct imaging of 

the interface atomic structure was permitted. 

The electron transparent samples were prepared by mechanical polishing, 

wedging, and ion milling. In some cases a FEI Quant 3D FEG focused ion beam 

instrument was used to fabricate the TEM samples. 

 

3.3.4. Morphology 

Atomic force microscopy (AFM) was employed for morphological studies in this 

project. AFM has the advantage of imaging almost any type of surfaces, including 

polymers, ceramics, composites, glass, and biological samples. Today, most AFMs 

combine a laser beam deflection system, AFM tips, and cantilevers. A laser is reflected 

from the back of the reflective AFM lever and onto a position-sensitive detector. Since 

typical tip radius is from a few to tens of nanometers, resolutions of the order of 

fractions of nanometer or even Armstrong can be reached.33 A schematic of the AFM 

system is shown in Fig.3.9. When the tip is brought into proximity of a sample surface, 

forces between the tip and the sample lead to a deflection of the cantilever according to 
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Hooke's law. Depending on the situation, forces which are measured in AFM include 

mechanical contact force, Van-der Waals forces, capillary forces, chemical bonding, and 

electrostatic forces. In this dissertation, a Caliber atomic force microscope (Veeco Inc.) 

was used to study the surface morphology of the samples. 

 

 

Fig.3.9. Schematic illustration of the optic system and mechanical parts of AFM.34  

 

3.3.5. Optical characteristics 

3.3.5.1. UV-Vis spectroscopy 

Transmission spectra were collected employing a Hitachi U-3010 UV-Vis dual-

beam spectrometer, in the present work. As a light beam strikes a substance, reflection, 

transmission, and absorption of the light occur simultaneously. Absorption takes place 
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through excitation of the electrons from lower energy levels to the higher energy levels 

at a specific frequency or wavelength of the incident beam. Thus, the intensity of the 

absorption varies as a function of frequency, and a measurement of this variation makes 

the absorption spectrum. Absorption and transmission spectra represent equivalent 

information; in other words, one can be calculated from the other through a 

mathematical transformation as below: 

 

A = -log(T)                                                                                                                                           (3-6) 

 

where A and T are absorption and transmission values, respectively. Based on this 

equation, a transmission spectrum has its maximum intensities at wavelengths where 

the absorption is weakest. An absorption spectrum has its maximum intensities at 

wavelengths where the absorption is strongest.  

 

3.3.5.2. Photoluminescence spectroscopy 

Photoluminescence refers to light emission that occurs when a sample is excited 

with an external source of light. When irradiated with light of suitable wavelength, 

electrons in the sample are excited to higher energy levels. The radiative transition of 

the excited electron from the higher energy levels to lower energy levels gives rise to 

luminescence. To record the PL spectrum, the sample is illuminated with a specific 

wavelength of light and the variation of luminescence intensity is measured as function 

of the luminescence wavelength. Under the PLE mode, the intensity of a specific 
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luminescence wavelength is recorded as a function of wavelength of the illuminating 

light. The PL spectrum contains information about radiative energy levels within the 

band structure of the sample. The PLE spectrum gives the information about the energy 

transformation among the energy levels in the sample. The PL measurements in the 

present study were carried out at room temperature using a Hitachi F2500 

fluorescence spectrophotometer where a Xe lamp was used as the excitation source. A 

diffraction grating on the incident beam side was used to select the desired wavelength 

for the excitation beam. In this spectrophotometer, the excitation wavelength can be 

varied from 220 nm to 800 nm. The light emitted by the sample goes to a 

photomultiplier through another diffraction grating where it is recorded by a 

computer.35,36 

 

3.3.6. Electrical properties  

Four-point probe technique has been the preferred method to measure electrical 

resistivity of both bulk and thin film samples, because it is simple and, more 

importantly, measurement errors including the probe resistance, the spreading 

resistance under each probe, and the contact resistance between the probes and the 

specimen material are eliminated. Fig.3.10 schematically illustrates the basic 

configuration of this technique. In this method, a current is passed through the two 

outer probes and the voltage drop between two inner probes is measured.37 By 

adopting this configuration, the two contact resistances (Rc) and two spreading 

resistances (Rsp) can be eliminated from the analysis, as mentioned above; therefore, 
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the sheet resistance (Rs) is derived from the slope of the I-V curve. Then, the resistivity 

(ρ) can be obtained simply by multiplying Rs by thickness, namely ρ = Rs × t. In the 

present study, the ohmic contacts to the TiO2 and VO2 thin films were made using gold 

wires attached to the film by freshly cleaved indium pads. The measurements were 

performed using a self-made labview program employing a Keithley 2400 sourcemeter. 

The samples were cooled by a closed cycle helium cryostat and warmed by a resistive 

heater. 

 

 

Fig.3.10. Delineation of a typical four point probe resistivity measurement setup. 

 

3.3.7. Photochemical activity 

3.3.7.1. Photocatalytic properties 

Photocatalytic activity of the layers was evaluated by measuring the degradation 

rate of aqueous 4-chlorophenol (4CP) solution at room temperature. 50 milliliters of 

the 4CP solution (2×10-4 M) and a 1 cm × 1 cm sample, as a photocatalyst, were placed 

in a beaker. A UV lamp (λ = 365 nm) was used to excite the samples during 
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photocatalytic experiments. Prior to UV irradiation, in each experiment, the solution 

and the catalyst were left in the dark for 30 minutes (considered as a reference point) 

until adsorption/desorption equilibrium was reached. The solution was then irradiated 

by UV light. A UV-Vis spectrophotometer (Hitachi, U3010) was used to measure the 

change in concentration, based on the Beer-Lambert equation38 stating A= ε × b × C 

where A, ε, b, and C are absorptance of the solution, molar absorptivity, path length, and 

solution concentration, respectively. A fixed quantity of the solution was removed every 

20 minutes to measure the absorption and concentration at a wavelength of 230 nm.  

 

3.3.7.2. Wetting properties  

The hydrophilicity/hydrophobicity characteristics of the heterostructures were 

examined in ambient atmosphere by evaluating the behavior of deionized water 

droplets on the surface of the samples using optical photographs. A droplet of water 

was placed onto the surface using a fine tip syringe and, then, the contact angle was 

measured by screening photos using a zoom lens and a CCD camera.  
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Chapter 4 

 

Control of Structure and Properties of 

Epitaxial TiO2/c-Sapphire Thin Film 

Heterostructures 

 

We have investigated the formation of the rutile and the anatase phases of TiO2, 

with emphasis on the epitaxial growth characteristics, and defect content as a function 

of laser and substrate variables. XRD studies revealed that the rutile phase is more 

stable at higher substrate temperatures and lower oxygen pressures; in contrast, 

decreasing the temperature and increasing the oxygen pressure gave rise to formation 

of anatase. Epitaxial rutile films with a (200) orientation were obtained at 450 oC using 

the pressure of 5×10-4 Torr and laser energy of 3.5-4.0 J.cm-2. The epitaxial relationship, 

determined by 2θ and φ scan of X-ray diffraction and confirmed by STEM and TEM, was 

shown to be rutile(100)||sapphire(0001), rutile[001]||sapphire[10 ̅0], and 

rutile[010]||sapphire[1 10]. An atomically sharp interface between the rutile epitaxial 

film and the sapphire substrate was observed.  The films exhibited a transmittance of 

75-90% over the visible region. The absorption edge was observed to shift toward 

longer wavelengths at higher deposition temperatures or lower pressures. XPS and PL 

results showed that concentration of lattice point defects, namely oxygen vacancies and 
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titanium interstitials, increased at lower oxygen pressures. Formation of 

nanostructured films with a surface roughness of 1.5-13.1 nm was confirmed by AFM 

investigations.  

 

4.1. Introduction 

Titanium dioxide (TiO2) is a wide-band-gap semiconductor with versatile 

applications such as photocatalysis,1-4 photovoltaics,5-7 anti-bacterial applications,8,9 

hydrophilic surfaces and anti-fogging mirrors,10-12 gas sensors,13-15 bio-devices,16,17 

microelectronic devices,18-20 and pigments.21,22 As often described, TiO2 crystallizes in 

three different polymorphs: rutile (tetragonal, a=b=0.45933 nm and c=0.29592 nm), 

anatase (tetragonal, a=b=0.37852 nm and c=0.95139 nm), and brookite (orthorhombic, 

a=0.54558 nm; b=0.91819 nm, and c=0.51429 nm). However, only anatase and rutile 

play a significant role in determining or providing the applications of titania. Anatase 

and brookite are metastable states of TiO2 which transform to rutile upon heating at 

high temperatures indicating that rutile is the most stable state.23-25 Pure titania is n-

type semiconductor with indirect band gaps of 3.2 eV for anatase, and 3.0 eV for rutile 

between the full oxygen 2p valence band and titanium 3d states at the bottom of the 

conduction band.26-29 In addition, rutile possesses a superior light scattering 

property30,31 being beneficial for effective light harvesting. Meanwhile, in the electronics 

industry, rutile is the most frequently used polymorph, because it exhibits a higher 

dielectric constant, as compared to the anatase, which is a desirable property in 

applications such as capacitors and temperature-compensating condensers.32 
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Fabrication of DRAM capacitors with an equivalent oxide thickness (EOT) lower than 

0.5 nm requires oxide materials with a dielectric constant (k) of at least 50.33 One of the 

oxides that fulfills this condition is TiO2, but only in the rutile phase which has a high 

dielectric constant (k) reported to be ~90 and as high as ~170, depending on 

crystallographic orientation.34  

Another interesting application of titania is related to the photolysis of water on 

TiO2 electrodes with no external bias where the idea is that the surface defect states 

play a role in the decomposition of water into hydrogen and oxygen.24,35 As 

characteristics of defects on the titania surface change from one crystallographic plane 

to another, it is necessary to grow epitaxial TiO2 films with known defect characteristics 

to investigate the role of defects for different properties. Furthermore, epitaxial growth 

enables us to fabricate devices with controllable properties, since lattice orientation of 

TiO2 thin films determines the efficiency and performance of advanced devices. Phase 

structure, orientation, defect content, and morphology of titania determine its 

performance; hence, it is critical to control the structure of TiO2 films. Fabrication of 

high-quality TiO2 films has attracted much interest from the viewpoints of basic 

materials science, properties, and applications. 

In this chapter, we report control of microstructure from poly to textured to 

single-crystal films as a function of substrate and laser deposition variables. Special 

emphasis is placed on epitaxial growth and control of growth orientation of TiO2 on 

sapphire(0001) by the paradigm of domain matching epitaxy (DME) where integral 

multiples of planes match across the film-substrate interface. We are able to control the 
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defect content in epitaxial films by changing laser deposition and substrate variables 

and study the details of defect-property correlations. We optimized the growth 

conditions (energy density, temperature, and oxygen pressure) such that we can obtain 

a pure rutile epitaxial film at low temperatures (e.g. 450 oC). Decreasing the processing 

temperature is critical for device fabrication, particularly for nano-sized devices where 

thermal budget plays a much more important role in determining the phase structure, 

morphology, defect texture, and, consequently, performance of the device.      

        

4.2. Experimental 

TiO2 thin films were deposited on single crystal sapphire(0001) substrates using 

PLD technique. The substrates were initially cleaned through a multi-step procedure 

including degreasing in hot acetone for 15 min., ultrasonic cleaning in acetone for 5 min. 

followed by ultrasonic cleaning in methanol for 5 min. The cleaned substrates were 

fully dried by nitrogen gun before being loaded into the deposition chamber. A Lambda 

Physik (LPX200) KrF excimer laser (λ = 248 nm, τ = 25 ns) was employed to ablate the 

TiO2 target which was being rotated during the deposition to provide a uniform 

ablation and avoid pitting on the target surface. Frequency and the target-substrate 

distance were maintained as 10 Hz and 4.5 cm, respectively during the film deposition. 

Different laser energies of 1.5-2.0, 2.5-3.0, 3.5-4.0, and 4.5-5.0 J.cm-2 were used. The 

chamber was evacuated to a base pressure of ~1×10-6 Torr and, then, oxygen partial 

pressure was controlled by leaking oxygen into the chamber. A series of thin films were 

deposited for 20 min. at various substrate temperatures (RT, 150, 250, 450, and 550 oC) 
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under different oxygen partial pressures ranging from 5×10-6 to 5×100 Torr with 10+2 

intervals. The layers were subjected to thermal annealing for 1 h, after deposition inside 

the PLD chamber, at temperature and pressure similar to those of deposition.  

The crystalline structure and out-of-plane orientation of the TiO2 films were 

investigated by 2θ XRD-scanning using a Rigaku X-ray diffractometer with Cu-Kα 

radiation (λ=0.154 nm). A Philips X’Pert Pro X-ray diffractometer was employed for φ-

scanning to determine in-plane orientation of TiO2 films. A Nion UltraSTEM 200 

operated at 200 kV and a JEOL-2010 TEM were used to study the atomic and 

crystallographic arrangements at the interfaces and to confirm the epitaxial growth of 

the layers. To determine surface chemical composition and stoichiometry of the layers, 

X-ray photoelectron spectroscopy (XPS) was performed employing a Riber instrument 

with an Mg-Kα X-ray source. The samples were sputtered by Ar+ bombardment for 5 

min. prior to acquiring data to remove any probable surface contamination. 

Morphology of the layers was studied by a Veeco AFM. Optical properties of the films 

were studied by a U-3010 Hitachi UV-Vis spectrophotometer. The room temperature 

photoluminescence (PL) spectra of the samples were recorded with a fluorescence 

spectrophotometer (Hitachi, F-2500) using an excitation wavelength of 300 nm.  

 

4.3. Results and discussion 

4.3.1. Microstructure 

The results from XRD measurement on phase structure of the TiO2 films grown at 

different substrate temperatures are depicted in Fig.4.1. Oxygen partial pressure and 
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laser energy were kept constant at 5×10-2 Torr and 1.5-2.0 J.cm-2, respectively for all 

these samples. As is seen, the layers grown at 150 and 250 oC have an amorphous 

structure. The formation of anatase phase dominantly occurs at 450 oC and the rutile 

phase forms at 550 oC. That is, the intensity of the rutile(200) peak increases with the 

substrate temperature, while decreasing the intensity of the anatase (004) and (112) 

peaks. Reason of this behavior is that anatase is a metastable phase and it transforms 

into rutile, which is the thermodynamically favored phase of titania and is stable at 

higher temperatures.  

 

 

Fig.4.1. XRD patterns of the TiO2 layers grown at different temperatures. 

 

Although phase transformation between the anatase and rutile phases takes place 

at about 800-900 oC in vacuum,36,37 it is interesting to note that the rutile phase has 
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formed at lower temperatures in our experiments. The reduction in transformation 

temperature is attributed to non-equilibrium nature of pulsed laser deposition where 

the ablated species arriving the substrate have an energy of nKT (n~102-103)38 and can 

transfer their extra kinetic energy to the growing layer once they strike the substrate 

and provide favorable energetic conditions for the aforementioned phase 

transformation even at lower temperatures than the equilibrium temperature. To 

measure the thickness of the films, the samples were masked during deposition and 

their thickness was determined by a Tencor Alpha Step stylus profilometer. The 

thickness of the layers was the same about 250 nm for all of the growth temperatures. 

Effect of the oxygen partial pressure on phase structure of the layers fabricated at 

temperatures of 450 and 550 oC is shown in Fig.4.2a and Fig.4.2b, respectively.  

 

 

Fig.4.2. XRD patterns of the TiO2 layers grown under different pressures at: (a) 450 and (b) 550 oC. 

 

It is suggested that the crystallinity of titania layers gets worse at very high 

pressures, i.e. 5×100 Torr.39 The laser-ablated species from the TiO2 target encounter 

and collide with the O2 molecules under very high oxygen pressures giving rise to 
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reduction of their kinetic energy and thermalization of plasma. Indeed, under high 

pressures, the plasma from the target is prevented from reaching the surface of the 

substrate and lack of mobility of the species results in a poor crystallinity.40 Taking into 

account the relationship between mobility of the species on the substrate and their 

kinetic energy,39 it is concluded that the ablated species under high ambient pressures 

do not have enough mobility when they arrive at the substrate and, hence, cannot 

diffuse to find equilibrium positions during crystallization. One can see that rutile is the 

predominant phase at lower ambient pressures; in contrast, increasing the pressure 

results in the formation of anatase phase. Such controllability over volume fraction of 

the rutile and the anatase phases seems remarkable. In fact, the Ti-O bond length in 

rutile is longer than that in anatase41 meaning that the Ti-O bond energy in rutile is 

smaller than in anatase and, thus, the formation of Ti-O bond in the rutile structure is 

more energetically favored. The packing factors for rutile and anatase unit cells are 

0.486 and 0.445, respectively. High energy species, produced under lower pressures, 

can diffuse across the substrate surface easily to find and occupy the energetically most 

favored equilibrium sites to occupy them when imping on the substrate; as a result, a 

single phase rutile film is obtained. In contrast, the less dense and metastable state, 

anatase, can form when the adatoms do not have enough energy to diffuse on the 

surface. Typically, the rutile phase does not form under high oxygen pressures. As is 

seen in the inset of Fig.4.2a, increasing the pressure results in a peak shift toward 

higher diffraction angles which are closer to the diffraction angle of bulk TiO2. This 

indicates that the intrinsic residual strain, which has originated due to structural 
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defects, is less in the films grown under higher pressures. There are six different kinds 

of point defects envisaged in the TiO2 structure, namely titanium interstitial (Tii), 

titanium vacancy (VTi), oxygen interstitial (Oi), oxygen vacancy (VO), and two anti-site 

defects, TiO and OTi. Each of these defects has specific formation energies (ΔH) under 

titanium and oxygen rich growth conditions. Theoretical estimation of formation 

energies of anti-site and titanium vacancy defects are too high; as a result, they form 

merely under extreme conditions. However, formation energies of Tii and VO defects are 

about 2-3 eV under Ti-rich (low oxygen partial pressure) growth condition,42 so these 

defects form easily in TiO2 and may convert to each other via reaction 2-1. As it was 

explained back in the section 2.1.3, formation of VO is more favored than Tii and oxygen 

vacancies are important native point defects in the reduced rutile.42 According to the 

inset of Fig.4.2a, the low intensity and large FWHM (Full Width at Half-Maximum) of the 

rutile peak in the film grown under 5×10-6 Torr reveals a poor crystallinity, since using 

such a low oxygen pressure results in formation of point defects and, hence, decreasing 

the structure factor that, in turn, decreases the peak intensity. 

Regarding the intensity and FWHM of the rutile(002) peak, the oxygen pressure of 

5×10-4 Torr was selected for our next sets of experiments. In addition, a temperature of 

450 oC was also selected as the optimum substrate temperature. Fig.4.3 shows the XRD 

patterns of the layers fabricated at different laser energies. These results indicate that 

the growing film assumes a [100] orientation and other crystallographic directions 

disappear when higher energies are used. As shown in inset of Fig.4.3, the rutile(200) 

peak shifts toward smaller 2θ values when the laser energy increases. 
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Fig.4.3. Effect of the laser energy on phase structure of the TiO2 layers grown at  

450 oC under oxygen pressure of 5×10-4 Torr. 

 

 

4.3.2. Epitaxial relationship and the DME details 

To confirm the epitaxial growth and determine the in-plane alignment of the [200] 

oriented rutile-TiO2 films on the sapphire(0001) substrate, we performed XRD φ-scans 

where the number of planes of a particular family with the same angle with the film 

surface is represented by number of the peaks. Fig.4.4 shows φ-scans of the (01 ̅2) 

reflection (2θ=25.58o, ψ=57.70o) for the sapphire substrate and the (110) reflection 

(2θ=27.44o, ψ=45.00o) of the rutile film. Due to the threefold symmetry of the 

sapphire(0001) substrate, three (01 ̅2) reflection peaks with 120o intervals are 

observed. It is also seen from Fig.4.4 that 6 strong symmetrical peaks appear with an 

azimuthal interval of 60o for the (110) family of planes of rutile. As schematically 



86 
 

illustrated in Fig.4.5, the rutile film consists of three twin domains rotated by 120o. This 

is due to the three-fold symmetry in the pseudo-hexagonal structure of the (0001) 

sapphire substrate, which is not present in the (100) tetragonal rutile structure.43  

 

 

Fig.4.4. XRD φ-scan of the TiO2 film grown at 450 oC under 5×10-4 Torr oxygen pressure with energy 

density of 3.5-4.0 J.cm-2: (a) Sapphire(01 ̅2) and (b) Rutile(110) reflections. 
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Formation of the twin domain structure becomes understandable if one puts a 

plane of twofold symmetry on a threefold-symmetry surface. In this case, three variants 

rotated by 120o (or 60o if considering an 180o rotation of the twofold crystal) on the 

surface is seen. Thus, formation of the threefold twin domain structure in the epitaxial 

rutile TiO2 film is due to the nucleation and growth of the three variants on the 

sapphire(0001) substrate.43  

 

 

Fig.4.5. Schematic drawing of: (a) sapphire(0001) plane, (b) rutile(001) plane,  

and (c) epitaxial relationship of rutile(200) on c-sapphire. 

 

According to Fig.4.5, the epitaxial relationship between the rutile TiO2 films and 

the sapphire(0001) substrate is established as rutile(100)||sapphire(0001), 

rutile[001]||sapphire[10 ̅0], and rutile[010]||sapphire[1 10]. Here it should be noted 

that a [010] direction of TiO2 can be parallel to any of the three equivalent [10 ̅0] 

directions of c-sapphire. Consequently, there are three twin variants in TiO2 film, with a 

twin boundary angle of 60o. Nucleation of TiO2 in any of these in-plane orientations is 

equally likely, as these three different orientations of TiO2 are energetically equivalent. 

Fig.4.6a shows TEM cross section image of the rutile/sapphire sample prepared at 450 
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oC under 5×10-4 Torr where formation of a columnar structure, as a result of the in-

plane 60o rotation, is evident.  

 

 

Fig.4.6. (a) Cross section TEM image of the rutile TiO2 film on sapphire substrate and the indexed TEM-

SAED pattern, and (b) High resolution STEM image of 2 adjacent rutile grains with two different  

in-plane orientations. Formation of Ti2O3 inter layer is shown by arrows. 

 

The columnar grain structure indicates that the threefold mosaic structure was 

initiated on the substrate surface via the nucleation of the three variants. Meanwhile, 

the spotty feature of the SAED pattern, taken from the interface between 2 adjacent 

rutile grains and the sapphire substrate (rutile [011] and [001] and sapphire[10 ̅0] 

zones), confirms formation of an epitaxial film. The indexed SAED pattern is consistent 
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with the schematic illustration shown in Fig.4.5 and further ascertains the proposed 

epitaxial relationship. The in-plane rotation of the grains is observed in Fig.4.6b where 

formation of atomically sharp interfaces between the grains and the substrate is 

notable. This image shows 2 adjacent grains with [001] and [011] in-plane orientations 

aligned with sapphire [10 ̅0] direction that is consistent with the schematic illustration 

in Fig.4.5. It was already found by our group that an oxygen deficient intermediate layer 

grows on the sapphire substrate before formation of the top layer when deposition is 

carried out under low pressures, namely 10-6-10-5 Torr.44 Here, in the TiO2 system, the 

rutile film initially grows pseudomorphically on the sapphire substrate as Ti2O3 that has 

a rhombohedral structure (In Bulk: a=b= 5.15 Å, c=13.61 Å, γ=120o) and is isostructural 

with sapphire (a=b=4.76 Å, c=12.99 Å, γ=120o);45,46 however, after a few monolayers, 

rutile starts growing tetragonally on the Ti2O3/sapphire(0001) platform, as shown in 

Fig.4.6b. The possible atomic arrangement at the TiO2/Ti2O3 interface is schematically 

illustrated in Fig.4.7. The matching of lattice parameters produces strain in the film that 

is relaxed by formation of misfit dislocations at the film/substrate interface. According 

to Fig.4.7, lattice misfits at the rutile/Ti2O3 interface are calculated as εb=+3.57% 

εc=+28.15% where εb and εc are the lattice misfits along b and c directions of the TiO2 

film. According to the domain matching epitaxy (DME) paradigm,47 the misfit along b-

axis is accommodated by matching of 28 planes of the film with 27 planes of the 

substrate with a frequency factor of zero. Meanwhile, the misfit strain along the c-

direction of rutile is relaxed when 4/3 and 3/2 domains alternate with a relative 

frequency of 0.55.  
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Fig.4.7. Schematic illustration of crystallographic orientation at the TiO2/Ti2O3 interface. 

 

4.3.3. Morphology 

 AFM images of the films deposited at 450 oC under different oxygen pressures are 

exhibited in Fig.4.8 where formation of nanostructured films is evident. A non-uniform 

surface is obtained at high oxygen partial pressure, i.e. 5×100 Torr. The surface 

roughness of the samples was determined as 13.1, 11.8, 8.1, and 1.5 nm for the ambient 

pressures of 5×100, 5×10-2, 5×10-4, and 5×10-6 Torr. As explained earlier, the adatoms 

have relatively low energy and mobility on the substrate when deposition is performed 

under high pressures. Consequently, they are quickly quenched and sit wherever they 

arrive in the substrate. As a result, surface diffusion to form a smooth surface is not 

appreciable. In contrast, as the oxygen pressure decreases, the kinetic energy of the 

species increases. Under such circumstances, their mobility is high enough to diffuse on 

the substrate surface and form a smooth surface.  
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Fig.4.8. Surface morphology of the TiO2 films grown at 450 oC under various oxygen pressures:  

(a) 5×100, (b) 5×10-2, (c) 5×10-4, and (d) 5×10-6 Torr. 

 

The effect of laser energy on the surface morphology of the samples, fabricated at 

450 oC and 5×10-4 Torr, is depicted in Fig.4.9. The surface roughness of the samples was 

measured as 8.1, 7.9, 6.3, and 2.1 nm for the laser energies of 1.5-2.0, 2.5-3.0, 3.5-4.0, 

and 4.5-5.0 J.cm-2. Thickness of the layers was respectively measured as 170, 275, 335, 

and 450 nm for the laser energies of 1.5-2.0, 2.5-3.0, 3.5-4.0, and 4.5-5.0 J.cm-2. 
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Fig.4.9. Surface morphology of the TiO2 films grown at 450 oC and 5×10-4 Torr with applying different 

laser energies: (a) 1.5-2.0, (b) 2.5-3.0, (c) 3.5-4.0, and (d) 4.5-5.0 J.cm-2. 

 

4.3.4. Stoichiometry  

To study stoichiometry as well as defects content of the layers, XPS technique was 

employed. Fig.4.10 shows O(1s) core level binding energies for the TiO2 layers grown 

under various pressures which have been deconvoluted into 4 distinct peaks using the 

Gaussian function. Peak A, located at a binding energy of ~531.7 eV, corresponds to the 
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O2- ions in oxygen deficient regions (in Ti2O3 compound). To preserve the charge 

neutrality of the crystal, two Ti4+ cations must convert to two Ti3+ cations when an 

oxygen vacancy forms. The electron charge density in the region of a VO is reduced 

which results in less screening of the O2-(1s) electrons from the nuclei.48 Hence, peak A 

can represent the VO defects and its intensity is associated with the concentration of 

oxygen vacancies (VO). Peak B, with a binding energy of 530.2 eV, is assigned to the 

oxygen ions in the crystalline lattice of TiO2. Peaks C and D, which respectively have 

binding energies of 528.2 and 527.1 eV, may represent oxygen atoms in contact with 

Tii
3+ and Tii

4+ defects. The Tii neutral atom donates three or four electrons to the host 

crystal and transforms to Ti3+ or Ti4+ ions.51 The released electrons are captured by Ti4+ 

lattice cations. Therefore, lattice Ti2+and Ti3+ cations, represented by peaks C and D, 

form. Portion of all these peaks for different oxygen pressures are listed in Tab.4.1.  

 

 

Fig.4.10. XPS O(1s) core level binding energies in the TiO2 films grown under oxygen  

pressures of: (a) 5×10-2, (b) 5×10-4, and (c) 5×10-6 Torr. 

 

Results reveal that the amount of the lattice disorder, which is represented by 

peaks A, C and D in O(1s) core level, increases as oxygen pressure decreases. A small 

peak shift is also observed for these peaks due to variation of defect concentrations. 
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Regarding the reactions 2-2 to 2-7 and as it was discussed in section 2.1.3, it can be 

suggested that lowering the oxygen partial pressure results in an increase in 

concentration of point defects. Meanwhile, concentration of Tii defects increases more 

rapidly with decreasing oxygen pressure. 

 

Tab.4.1. Portion of the XPS peaks for different oxygen pressures. 

         O2 pressure 

XPS peak 

5×10-2 Torr 5×10-4 Torr 5×10-6 Torr 

Portion (%) 

O(1s) 

A 14.2 16.5 17.7 

B 79.8 77.0 74.7 

C 3.2 3.5 4.3 

D 2.8 3.0 3.3 

 

O(1s) core level binding energies of the layers at different laser energies at 

substrate temperature of 450 oC under ambient pressure of 5×10-4 Torr are depicted in 

Fig.4.11. It is reminded that peaks A, C, and D were assigned to the disordered titania 

and peak B was attributed to the perfect titania. Portion of peak B was calculated as 

78.1, 81.0, and 78.5% for the laser energies of 2.5-3.0, 3.5-4.0, 4.5-5.0 J.cm-2. These 

results and those presented in Tab.4.1 (laser energy of 1.5-2.0 J.cm-2) reveal that using 

medium energies, namely 3.5-4.0 J.cm-2, gives rise to formation of crystalline structures 

with fewer defects. At very low laser energies, i.e. 3.5-4.0 J.cm-2, the adatoms are not 

mobile enough to diffuse to proper lattice positions. On the other hand, more defective 

films grow when much higher energies, i.e. 4.5-5.0 J.cm-2, are applied, since a massive 

flux of the ablated particles from the target form and, hence, the deposition rate is 

raised. At higher deposition rates, films with higher defect contents are grown.  
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Fig.4.11. XPS O(1s) core level binding energies in the TiO2 films grown under oxygen pressure of  

5×10-4 at 450 oC with laser energies of: (a) 2.5-3.0, (b) 3.5-4.0, and (c) 4.5-5.0 J.cm-2. 

 

4.3.5. Optical properties 

Fig.4.12 shows the transmittance spectra of the titania layers grown at various 

substrate temperatures. The sharp fall in transmittance below 400 nm is due to the 

onset of fundamental absorption of TiO2.  

 

 
Fig.4.12. Transmittance spectra of the layers grown at different substrate temperatures. 
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As is seen, this edge shifts toward longer wavelengths when the deposition 

temperature increases. Reason of this behavior can be found in the band gap difference 

between the rutile and the anatase phases. The anatase phase has a band gap energy of 

around 3.2 eV, while that of the rutile phase is about 3.0 eV,24 so increasing the rutile 

fraction results in decreasing band gap energy of the deposited film. Transmittance 

spectra of the films fabricated at 450 oC under various oxygen pressures are displayed 

in Fig.4.13.  

 

 
Fig.4.13. Transmittance spectra of the layers grown under various oxygen pressures. 

 

 

As is seen in inset of this figure, lowering the pressure give rise to growth of films 

with a darker (dark blue) color. Films grown under higher pressures show a very high 
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transmittance (~75-90%) in the visible region, while transmittance of the film 

fabricated at 5×10-6 Torr is less than 45% asserting growth of a film with a high defect 

concentration. Sharper transmittance edge indicates a reduction of point defects in the 

films as well48. It can be also observed that the absorption edge shifts toward longer 

wavelengths at lower oxygen pressures. The reason for this behavior is formation of 

more anatase phase under higher pressures which has a wider band gap than the rutile 

phase, as elucidated earlier. Hence, the optical results are in a good agreement with the 

XRD results (Fig.4.1 and Fig.4.2).  

To further shed light on the defect structure of the samples, photoluminescence 

(PL) spectroscopy technique was employed as well. Fig.4.14 shows the emission PL 

spectra of the rutile films grown under different pressures at 450 oC. The excitation 

wavelength of 300 nm was used for all samples. Meanwhile, all emissions having 

wavelengths shorter than 420 nm were eliminated by a filter to highlight the peaks 

from the energy levels of defects. The wide emission peak located at wavelength of 

about 450 nm is attributed to the defect levels, e.g. oxygen vacancy. Any change in the 

PL intensities can be related to the recombination rate between the photogenerated 

electrons and holes.54,55 

Since the trap levels play a positive role in reducing the recombination, low PL 

intensity is ascribed to a lower recombination rate, and, hence, a higher defect 

concentration. Therefore, it is again confirmed that decreasing the oxygen pressure 

results in the formation of more point defects. 
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Fig.4.14. Room temperature PL spectra of the TiO2 films grown at 450 oC under various pressures. 

 

4.4. Conclusions 

Rutile thin films with a (200) orientation on sapphire(0001) substrate were grown 

epitaxially via PLD method. It was found that the rutile phase forms at elevated 

temperatures and low ambient pressures; meanwhile, increasing the laser energy gave 

rise to film growth along [200] orientation and elimination of any other 

crystallographic orientations. The epitaxial relationship between the substrate and the 

rutile film was established as rutile(100)||sapphire(0001), rutile[001]||sapphire[10 ̅0], 

and rutile[010]||sapphire[1 10]. UV-Vis spectrophotometry, PL, and XPS investigations 

showed that concentration of lattice point defects, namely oxygen vacancies and 
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titanium interstitials, increases at lower oxygen pressures. Films with smoother 

surfaces were obtained at higher laser energies and lower oxygen pressures. 
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Chapter 5 

 

Structure-Property Correlation in 

Epitaxial Rutile Films Grown on  

Sapphire(0001) Substrates by  

Pulsed Laser Deposition 

 

We have investigated the influence of the deposition variables on photocatalytic 

properties of epitaxial rutile films. Despite a large lattice misfit strain, rutile(100) 

epitaxial layers were grown on sapphire(0001) by domain matching epitaxy paradigm. 

Using φ-scan XRD and cross section TEM, the epitaxial growth was confirmed. Based on 

the XRD patterns, increasing the repetition rate introduced tensile stress along the film 

normal direction, which may arise as a result of trapped defects. Formation of such 

defects was studied by UV-Vis, PL, and XPS techniques. AFM studies showed that the 

film roughness increases with the repetition rate. Finally, photocatalytic performance of 

the layers was investigated through measuring the decomposition rate of 4-

chlorophenol on the films surface. The films grown at higher frequencies revealed 

higher photocatalytic efficiency. The observed improvement of the photochemical 

properties was mainly related to the formation of point defects which enhance the 

charge separation.        
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5.1. Introduction 

Owing to the technologically favorable characteristics, namely large refractive 

index,1 high dielectric constant,2 high photochemical activity,3 high thermal4 and 

photochemical stability,5 titanium dioxide (TiO2) has been widely used in different 

applications in the past. Titania is known to exist primarily in three different crystal 

structures, i.e. rutile (tetragonal), anatase (tetragonal), and brookite (orthorhombic). 

The equilibrium phase is rutile which is stable at almost all temperatures. The 

metastable anatase phase, which is stable at low temperatures, transforms to rutile 

upon heating. Anatase is a low-temperature, metastable crystal and shows good 

photocatalytic properties.6 It has been widely studied as a material for photocatalysis,7,8 

while other properties of anatase are less known than those of rutile. Brookite exists 

only in some extreme conditions, so it is not considered useful for practical 

applications. Other structures (e.g. Magneli phases, corundum sesquioxide, and so on) 

also exist under extreme conditions with no practical application.9  

TiO2 thin films have been grown by chemical vapor deposition,10 physical vapor 

deposition,11 sol gel,12 micro arc oxidation,13 hydrothermal,14 pulsed laser deposition15 

methods. Among these methods, pulsed laser deposition (PLD) has emerged as a 

promising technique for the fabrication of nanostructures of complex multicomponent 

materials because of its non-equilibrium characteristics and the ability to control the 

dimensions and the crystalline phase of nanodeposits by varying the laser parameters 

and the deposition conditions. This technique is also suitable for depositing oxide films 

at relatively low temperatures.16-18 PLD is extensively used in the deposition of complex 
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materials, especially multicomponent oxides,19,20 nitrides,21 polymers,22 carbides,23 etc. 

The quality of the films depends on various parameters like laser wavelength, energy, 

fluence, ambient pressure of the gas, substrate, target-substrate distance, and thermo-

physical properties of the target material which include density, mass, absorption 

coefficient, etc. The optimization of these parameters to obtain high quality films for a 

desired application is, therefore, a critical part of PLD.  

Even though numerous studies have focused on photocatalytic applications of 

anatase and anatase/rutile mixture,24-26 only a few have been dedicated to the 

photocatalytic property of pure rutile which can be used as a visible-light-responsive 

material, due to its 3.0 eV band gap. Here, we focus on structure-property correlation of 

epitaxial rutile films grown on c-sapphire substrates.  Previous studies did not address 

control of phase purity, defect, and epitaxial growth and their role on photocatalytic 

properties of rutile films. In this study, we deposited epitaxial rutile TiO2 thin films by 

pulsed laser deposition (PLD) technique at various repetition rates (frequencies). We 

show that more defective films, grown at higher repetition rates, have higher 

photocatalytic efficiency; whereas, films grown at lower frequencies contained less 

defects with reduced photocatalytic activity.  

 

5.2. Experimental 

TiO2 thin films were deposited on single crystal c-sapphire (Al203) substrates by 

PLD method. The substrates were initially cleaned through a multi-step procedure 

including boiling in hot acetone for 15 min., ultrasonic cleaning in acetone for 5 min. 
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followed by ultrasonic cleaning in methanol for 5 min. both at room temperature. The 

cleaned substrates were fully dried by nitrogen gun and, then, loaded into the 

deposition chamber where the target-substrate distance was 4.5 cm. The chamber was 

evacuated to a base pressure of ~1×10-6 Torr before injecting oxygen into the chamber 

to control the ambient pressure. A KrF excimer laser (λ=248 nm, τ=25 ns) was 

employed to ablate the TiO2 target which was being rotated during the deposition in 

order to provide a uniform ablation and avoid pitting on the target surface. Laser 

fluence, oxygen pressure, deposition time, and substrate temperature were the same for 

all samples as 3.5-4.5 J.cm-2, 5×10-4 Torr, 20 min., and 450 oC, respectively. Different 

repetition rates of 1, 10, 20, and 30 Hz were applied in order to study the effect of this 

parameter on the properties of the layers. Immediately after deposition, the layers were 

thermally annealed inside the PLD chamber for 60 min. at 450 oC under oxygen 

pressure of 5×10-4 Torr. 

The crystalline structure of the TiO2 films was investigated by θ-2θ scanning using 

a Rigaku X-ray diffractometer with Cu-Kα radiation (λ=0.154 nm). The θ-2θ scans 

provide out-of-plane orientation and lattice spacing for film planes parallel to the 

substrate. A Philips X-Pert Pro X-ray diffractometer was employed for φ-scanning XRD 

to determine in-plane orientation of TiO2 films. In order to determine surface chemical 

composition and stoichiometry of the layers, X-ray photoelectron spectroscopy (XPS) 

was performed employing a Riber instrument with an Mg-Kα X-ray source. The samples 

were sputtered by Ar+ bombardment for 5 minutes prior to acquiring data in order to 

remove any probable surface contamination. Interpretation of the XPS results was 
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performed using SDP ver.4.1 software. Morphology of the layers was studied by a Veeco 

AFM as well and the obtained results were interpreted by nanoscope ver. 5.12r3 

software. Optical properties of the films were studied by a U-3010 Hitachi UV-Vis 

spectrophotometer. The room temperature photoluminescence (PL) spectra of the 

samples were recorded with a fluorescence spectrophotometer (Hitachi, F-2500) where 

the excitation wavelength of 300 nm was used for all samples. Meanwhile, all emissions 

having wavelengths shorter than 420 nm were eliminated by a filter in order to 

highlight the peaks due to defect energy levels. The samples were masked during 

deposition, and their thickness was determined by a Tencor Alpha Step stylus 

profilometer. A JEOL-2000 FX TEM was also used to perform diffraction and imaging 

studies in cross section to confirm the epitaxial growth of the TiO2 layers. Finally, 

photocatalytic activity of the TiO2 layers was evaluated by measuring the degradation 

rate of aqueous 4-chlorophenol solution at room temperature, as it was explained in 

chapter 3. 

 

5.3. Results and discussion 

5.3.1. Phase structure 

Fig.5.1 shows XRD phase structure of the layers grown at different repetition rates 

where rutile(200) and sapphire(006) characteristic peaks are labeled by R and S letters, 

respectively. The patterns reveal that highly textured layers have been deposited. As is 

seen, the intensity of the rutile peak increases with the frequency. The reason for this 

behavior is likely the deposition rate which increases with the repetition rate. As a 
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result, thicker layers grow when higher repetition rates are applied. Thickness of the 

layers was measured as 418, 430, 690, and 990 nm for the repetition rates of 1, 10, 20, 

and 30 Hz, respectively. Meanwhile, high resolution θ-2θ scanning was performed to 

determine the exact diffraction angle of the rutile(200) peak whose results are provided 

in the inset of Fig.5.1.   

 

 

Fig.5.1. Effect of the repetition rate on phase structure of the rutile films. 

 

It is observed that the rutile peak shifts toward smaller 2θ values than the 

diffraction angle of the bulk rutile(200) peak (2θ=39.187o) with increasing repetition 

rate. This phenomenon indicates introduction of tensile stain along the direction 

perpendicular to the substrate surface which presumably arises from introduction of 

defects into the rutile crystalline lattice. At higher repetition rates, namely 30 Hz, flux of 
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the ablated species approaching the substrate is so high and, therefore, they do not 

have enough time to diffuse to equilibrium positions on the substrate surface. This 

enhanced non-equilibrium condition gives rise to formation of a defect-rich film. 

Considering the XRD peak shift toward smaller diffraction angle, it may be concluded 

that increasing the repetition rate leads to formation of high concentration of oxygen 

vacancies. Full Width at Half Maximum (FWHM) of the rutile(200) peaks were 

determined ranging from 0.20 to 0.29 for different repetition rates. 

 

5.3.2. Optical properties    

Photoluminescence (PL) spectroscopy technique was also employed to study 

defect content in the films and the results are shown in Fig.5.2.  

 

 

Fig.5.2. Room temperature PL spectra of the rutile films grown at different frequencies. 
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The wide emission peak located at wavelength of about 450 nm is attributed to 

the oxygen vacancy levels.27,28 Any change in the PL intensities can be related to the 

recombination rate between the photogenerated electrons and holes.28,29 Since the trap 

levels play a positive role in reducing the recombination, low PL intensity is ascribed to 

a lower recombination rate, and, hence, higher defect concentrations. Therefore, it is 

further ascertained that more oxygen vacancies form when the films are deposited at 

higher frequencies or repetition rates. UV-Vis transmittance spectra of the rutile films 

deposited at different repetition rates are shown in Fig.5.3.  

 

 

Fig.5.3. Transmittance spectra of the rutile films grown at different frequencies. 

 

It was found that visible transmittance of the layers decreases with the repetition 

rate, which indicates creation of more structural defects at higher repetition rates. This 
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suggestion is further confirmed by the sharper absorption edge of the layers grown at 

lower repetition rates, i.e. 1 and 10 Hz, which reveals less defect concentration in these 

films. Another reason for lower transmittance within the visible region might be the 

thickness of the films which increases with the repetition rate, as explained before. The 

oscillations in the spectra are caused by light interference at the film/substrate 

interface and are attenuated when the grown films get thicker. These oscillations 

appear when a transparent thin film of a material having a high refractive index (n=2.6 

for rutile) is deposited on a substrate with a lower refractive index (n=1.7 for sapphire). 

 

5.3.3. Stoichiometry 

XPS technique was employed to study stoichiometry as well as defect content of 

the layers and the results are shown in Fig.5.4. As is observed, the O(1s) core level 

binding energy has been fitted by 4 distinct peaks. Peak A, located at a binding energy of  

around 531.8 eV, corresponds to the O2- ions in oxygen deficient regions and its 

intensity is associated with the concentration of oxygen vacancies (VO). Peak B, having a 

binding energy of 530.2 eV, belongs to the oxygen ions in the crystalline lattice of 

perfect TiO2. Peaks C and D, with binding energies of 528.1 and 527.2 eV, may represent 

oxygen atoms in contact with Tii
3+ and Tii

4+ defects.30 When a titanium interstitial cation 

locates in rutile crystalline lattice, it attracts the electron cloud between neighboring Ti 

and O atoms resulting in decrease of the energy of the neighboring Ti-O bond. In 

conclusion, peaks A, C and D in O(1s) core level reflect defects content in the grown 

rutile films. A small peak shift is also observed for these peaks whose reason can be 
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variation of defect concentration. Results reveal that more defects form in the 

crystalline lattice when higher repetition rates are applied, as discussed earlier in 

section 5.3.1. 

 

 

Fig.5.4. O(1s) XPS core level binding energy in the rutile films grown at  

different frequencies: (a) 1, (b) 20, and (c) 30 Hz. 

 

5.3.4. Epitaxial relationship 

The φ-scan XRD was employed to confirm the epitaxial growth and determine the 

in-plane alignment of the (200) oriented rutile TiO2 films on the c-sapphire substrate 

(Fig.5.5). To acquire these patterns, (01 ̅2) plane of substrate (2θ=25.58o, ψ=57.70o) 

and (110) plane of rutile (2θ=27.44o, ψ=45.00o) were selected as the reflection planes 

and the epitaxial relationship was established as out-of-plane alignment: 

rutile(100)||sapphire(001); in-of-plane alignment: rutile[001]||sapphire[10 ̅0] and 

rutile[010]||sapphire[1 10]. Three (01 ̅2) reflection intense peaks with a 120o interval 

originate from the threefold symmetry of the sapphire substrate. Considering 6 

symmetrical peaks of rutile film having intervals of 60o, it is demonstrated that the film 

consists of three domains rotated by 120o. In other words, the orientation of the rutile 

film grown on the c-sapphire is affected by three fold symmetry of the c-Al2O3.  
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Fig.5.5. XRD φ-scan of the rutile(110) and sapphire(01 ̅2) reflection planes. 

 

Fig.5.6 shows TEM cross section BF-image of the rutile/sapphire sample prepared 

at repetition rate of 1 Hz where formation of columnar structure is evident. The 

columnar grain structure indicates that the threefold mosaic structure was initiated on 

the substrate surface via the nucleation of the three variants. The epitaxial growth as 

well as the proposed epitaxial relationship was confirmed by TEM-SAD pattern, 

depicted in the inset of Fig.5.6. Indexing of this pattern shows that the diffraction spots 

are from the [001] zone axis of the rutile film and the [10 ̅0] zone axis of sapphire. 

Hence, it can be concluded that the rutile layer is single crystalline and grows epitaxially 

on a c-sapphire substrate with the proposed orientation relationship which is 

schematically illustrated in Fig.5.7.  
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Fig.5.6. TEM bright field image and indexed SAED pattern of the film/substrate interface  

(Rutile[001] and Sapphire[10 ̅0] zones, film: red, substrate: green). 

 

The rutile(110) and sapphire(01 ̅2)  reflection planes, used for φ-scan XRD, are 

also shown in green in this figure. Lattice misfits at the film/substrate interface are 

calculated as follows: 

 

εb = 1-(4.59/4.76) = +3.57%                                                                                                         (5-1) 

εc = 1-(2.96/4.12) = +28.15%                                                                                                       (5-2) 

 

where εb and εc are the lattice misfits along b and c directions of the film. 

According to the domain matching epitaxy (DME) paradigm,31 these misfits are 
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accommodated by matching of integral multiples of lattice planes. Along the b-axis, 28 

planes of the film match with 27 planes of the substrate with a frequency factor of ⍺ = 0 

to fully relax the misfit strain. Such a frequency factor shows that there is perfect 28/27 

integral multiple matching with one dislocation every 27 planes. Meanwhile, the misfit 

strain along the c-direction of rutile is relaxed when 4/3 and 3/2 domains alternate 

with a relative frequency of 0.55.   

 

 
Fig.5.7. Schematic illustration of plausible growth mechanism of rutile TiO2 on c-sapphire. 
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5.3.5. Morphology 

AFM surface morphology of the rutile films is shown in Fig.5.8 where formation of 

nanostructured films is obvious. Surface roughness of the layers was determined as 0.9, 

2.1, 7.3, and 8.5 nm for repetition rates of 1, 10, 20, and 30 Hz. At low frequencies, the 

deposition rate is low and the ablated species have enough time to diffuse across the 

substrate surface and find appropriate surface positions and create a smooth surface. In 

contrast, when high frequencies, i.e. 20 and 30 Hz, are applied, the adatoms do not have 

enough time to locate on proper surface sites with the lowest free energy. 

 

 

Fig.5.8. AFM surface morphology of the TiO2 films grown at  

frequencies of: (a) 1, (b) 10, (c) 20, and (d) 30 Hz. 
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5.3.6. Photocatalytic activity   

Results of photocatalytic experiments are shown in Fig.5.9. Results show that the 

concentration of 4CP decreases with illumination time; that is, 4CP is photocatalytically 

decomposed by the UV-activated TiO2 films.  

 

 

Fig.5.9. Photocatalytic activity of the rutile TiO2 thin films: (a) normalized concentration  

of 4CP and (b) ln(Co/C) at different UV-irradiation times. 
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It should be noted that the curve “No catalyst” belongs to the experiment where 

no sample was used as catalyst and only the 4CP solution was irradiated by the UV light. 

This experiment was considered as the reference point. In order to quantitatively 

compare the photocatalytic activity of the layers, the photocatalytic reaction rate 

constants (k) should have been calculated. Since photocatalytic decomposition of 4CP 

solution agrees with pseudo-first-order kinetics, the constant (k) can be calculated by 

the equation ln(C/Co)=-kt (where Co is the initial concentration of 4CP at t=0 and C 

represents the concentration of 4CP at later times t). The quantity ln(Co/C) versus 

irradiation time was plotted for different repetition rates. Straight lines, whose slopes 

represent k, indicate that the degradation of 4CP is a first order reaction. The reactions 

rate values (listed in Tab.5.1) show that the photocatalytic activity increases with 

repetition rate.  

 

Tab.5.1. Photocatalytic reaction rate constants (k) as a function of the frequency. 

Frequency (Hz) 1 10 20 30 

k (min.-1) 0.00431 0.00952 0.01210 0.01440 

                                      k for “No catalyst” experiment= 0.000109 min.-1 

 

Two reasons can be proposed for this behavior. Firstly, the effective surface area 

of the grown catalysts, where photocatalytic reactions take place, increases at higher 

repetition rates, as is seen in Fig.5.9.  Secondly, it was already shown that films with 

higher defect content grow when higher repetition rates are applied. The structural 

defects, namely VO, trap photogenerated electrons and, consequently, lead to enhanced 
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charge separation so that positive holes, which are prerequisite for photocatalytic 

decomposition of 4CP, can participate in reactions without recombination. According to 

the literature32 and our results, the following reactions are put forward for 

photocatalytic degradation of 4CP over defected rutile TiO2 catalysts: 

 

TiO2 + hυ             e- + h+
                                                                                                                                                                                (5-4) 

e- + VO              trapped electrons                                                                                                   (5-5) 

h+ + H2O             H+ + •OH                                                                                                                  (5-6) 

2C6H5OCl + 13O2               12CO2 + 4H2O + 2HCl                                                                         (5-7) 

 

5.4. Conclusions 

The rutile epitaxial layers with a (200) orientation were grown on c-cut sapphire 

substrate employing PLD technique. The rutile(200) characteristic peak was observed 

to shift toward smaller 2θ values as the repetition rate increased. The reason for such a 

behavior was assumed to be developing a tensile stress along out-of-plane direction 

due to formation of oxygen vacancies. The films grown at higher repetition rates 

revealed a rougher surface which was suitable for photocatalytic application. These 

rutile films grown at higher repetition rates exhibited higher photocatalytic efficiency 

and could decompose about 97% of 4CP after 240 min. under UV-irradiation. Since the 

TiO2 films present a (200) surface, the observed photocatalytic activity is attributed to 

(200) surface morphology and defect structure.  

•OH 
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Chapter 6 

 

Domain Epitaxy in TiO2/α-Al2O3 Thin 

Film Heterostructures with Ti2O3 

Transition Layer  

 

Rutile TiO2 films were grown epitaxially on α-alumina (sapphire(0001)) 

substrates and characterized by X-ray diffraction and scanning transmission electron 

microscopy. It was revealed that the rutile film initially grows pseudomorphically on 

sapphire as Ti2O3 and, after a few monolayers, it grows tetragonally on the 

Ti2O3/sapphire platform. Formation of the Ti2O3 transient layer was attributed to the 

symmetry mismatch between the tetragonal structure of TiO2 and the hexagonal 

structure of alumina. The separation between the ½[10 ̅](101) misfit dislocations was 

dictated by Ti2O3 and was determined to be 9.7Å which is consistent with 4/3 and 3/2 

alternating domains across the film/substrate interface.    

 

6.1. Introduction 

Titanium dioxide (TiO2) is one of the most important semiconductor materials 

which has been widely used in a wide range of applications. It primarily crystallizes in 

three different phases, i.e. rutile (tetragonal), anatase (tetragonal), and brookite 
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(orthorhombic), among which the rutile state is the most stable one. It has a tetragonal 

lattice with P42/mnm space group and lattice parameters of a=b=4.5933 and c=2.9592 

Å.1 The band gap and refractive index in bulk are about 3.0 eV and 2.9, respectively.2,3 

These unique characteristics as well as its high thermal stability make rutile a 

promising candidate for many applications such as solar cells,4 superomniphobicity,5 

photonic crystals,6 capacitors,7 ferroelectrics,8 magnetism,9 photocatalysis,10,11 

sensors,12 photoconductors,13 photodetectors,14 and so on. Its strong oxidizing power is 

valuable for hydrogen generation. In addition to the aforementioned promising 

properties, rutile is biologically and chemically inert, cost-effective, and stable against 

photo-corrosion and chemical corrosion.14,15  

Epitaxial growth of TiO2 thin films on the sapphire substrate (Rhombohedral with 

the R ̅c space group, a=4.7587 and c=12.9929 Å, γ=120o) is important from 

technological point of view, since it leads to integration of functionalities with improved 

and novel smart device structures. It is also interesting from a scientific viewpoint, 

because a tetragonal lattice is juxtaposed with a hexagonal lattice in the rutile/sapphire 

heterostructures. As a consequence, the atomic arrangement across the film/substrate 

interface and the transition from the 3-fold hexagonal symmetry to the 2-fold 

tetragonal symmetry are surmised to play a critical role in controlling the properties of 

the TiO2/sapphire heterostructures.     

Although the epitaxial rutile/sapphire(0001) heterostructures have been 

grown9,16-18 by different techniques, there is no detailed study on the nature of the 

interfaces in this system. In the present chapter, the TiO2 thin films are epitaxially 
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grown on the sapphire substrates by pulsed deposition technique where high quality 

films are obtained by optimizing the laser and substrate variables.19,20 The atomic and 

the crystallographic arrangements across the film/substrate interface as well as the 

boundaries between the rutile adjacent grains are investigated using X-ray 

diffractometery (θ-2θ and φ scan) and aberration-corrected scanning transmission 

electron microscopy. It is revealed that a Ti2O3 transient layer with a rhombohedral 

structure forms initially onto the sapphire substrate which serves as a template for 

epitaxial growth of tetragonal rutile TiO2. The separation of misfit dislocations is 

dictated by the lattice relaxation at the TiO2/Ti2O3 interface.       

 

6.2. Experimental 

TiO2 thin films were grown on single crystal sapphire(001) substrates by pulsed 

laser deposition technique. A Lambda Physik (LPX200) KrF excimer laser (λ = 248 nm, τ 

= 25 ns) was employed to ablate the TiO2 target which was being rotated during the 

deposition to provide a uniform ablation. Prior to the film deposition, the substrates 

were cleaned by degreasing in hot acetone for 15 min., ultrasonic cleaning in acetone 

for 5 min. followed by ultrasonic cleaning in methanol for 5 min. at room temperature. 

Finally, the substrates were fully dried by nitrogen gun and loaded into the deposition 

chamber immediately. Laser energy density, repetition rate, and the target-substrate 

distance used for deposition were as follows: 3.5-4.0 J.cm-2, 10 Hz, and 4.5 cm. The 

chamber was evacuated to a base pressure of ~1×10-6 Torr and, then, oxygen partial 

pressure was increased to 5×10-4 Torr for deposition. Meanwhile, the films were 
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deposited at 450 oC. The layers were subjected to thermal annealing for 1 hour, 

immediately after deposition inside the PLD chamber, at 450 oC under the pressure of 

5×10-4 Torr. 

The in-plane and out-of-plane orientations of the rutile TiO2 films were 

determined by φ and 2θ-θ scans of XRD using a Philips X’Pert Pro X-ray diffractometer 

and a Rigaku X-ray diffractometer, respectively. An aberration corrected UltraSTEM 

200 operated at 200 kV was used to investigate the atomic and crystallographic 

arrangements across the interfaces and to confirm the epitaxial growth of the layers. 

The aberration corrector improved the spatial resolution of the microscope to 0.78 Å; 

therefore, direct imaging of the interface atomic structure was permitted.21 

 

6.3. Results and discussion 

Fig.6.1a shows the θ-2θ X-ray diffraction pattern of the rutile TiO2 thin film grown 

on the sapphire(001) substrate. The pattern reveals formation of a highly textured or 

epitaxial layer along the a-axis of rutile. Hence, the out of plane alignment of the rutile 

film is expressed as (100)rutile||(0001)sapphire. In addition, Fig.6.1b depicts the φ-scan 

pattern performed on (110) reflection of rutile (2θ=27.44o, ψ=45.00o) and (01 ̅2) 

reflection of sapphire (2θ=25.58o, ψ=57.70o) where 3 symmetrical peaks appear with 

azimuthal intervals of 60o and a 30o angular separation from the sapphire peak. As 

schematically illustrated in Fig.6.1c, the rutile film consists of three domains rotated by 

1200. The reason behind this particular arrangement is that a tetragonal unit cell with a 

2-fold symmetry matches with a hexagonal unit cell with a 3-fold symmetry in the 
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TiO2/Al2O3 system. It is worth noting that the [010] direction of rutile can orient with 

any of the three equivalent [10 ̅0] directions of c-sapphire. Consequently, there are 

three equal domain variants in the TiO2 film, with a boundary angle of 60o.  

 

 

Fig.6.1. (a) θ-2θ pattern of the rutile/sapphire heterostructure, (b) φ-scan XRD performed  

on rutile(110) and sapphire(01 ̅2) reflections, and (c) Schematic illustration 

 of crystallographic arrangement across the film/sapphire interface. 

 

Nucleation of TiO2 in any of these in-plane orientations is equally likely, as these 

three different orientations of TiO2 are energetically equivalent. The in-plane epitaxial 

relationship across the rutile/sapphire interface is determined as 

rutile[001]||sapphire[10 ̅0] and rutile[010]||sapphire[1 10]. Fig.6.2 shows STEM cross 

section HAADF-image of the rutile/sapphire heterostructure acquired from the [10 ̅0] 

direction (Fig.6.2a) and [1 10] direction (Fig.6.2b and Fig.6.2c) of sapphire. Formation 

of a highly epitaxial film is confirmed. Meanwhile, the in-plane rotation of the grains, 
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discussed earlier, is evident. In this image, adjacent grains of rutile with [001] and [011] 

in-plane orientations are observed whose interface is atomically sharp and 

crystallographically continuous; in other words, the adjacent grains are connected to 

each other by twin boundaries.  

 

 

Fig.6.2. High angle angular dark field STEM cross section images from:  

(a) sapphire[10 ̅0], (b) and (c) sapphire[1 10] direction. 

 

Based on our previous experience22 and as highlighted by the dashed squares in 

the images taken from the [1 10] direction of sapphire, a transient region at the 

film/substrate interface has formed where the lattice seems to be the same as that of 

sapphire, but with heavier Ti atoms locating at the Al positions. The lattice in these 

regions is identified as that of Ti2O3 with a rhombohedral crystalline structure (In bulk: 

a=b=5.15 Å, c=13.61 Å, γ=120o) which is isostructural with alumina.23,24 Therefore, 

formation of TiO2/Ti2O3/Al2O3 structure is confirmed. The rutile film initially grows 

pseudomorphically on the c-sapphire substrate as Ti2O3 and, after a few monolayers, it 

starts growing tetragonally on the Ti2O3/c-sapphire platform. The Ti2O3 interfacial 

region was also observed in the images acquired from the [10 ̅0] zone (data are not 
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shown here). Formation of the Ti2O3 transient layer is related to the pseudomorphic 

growth or the templating effect from the substrate, because it preserves the crystal 

structure of the sapphire substrate.22 In this region, the film has a chemical composition 

near to that of Ti2O3, but a crystallographic structure analogous to that of the sapphire 

substrate. Thus, it can be suggested that the crystalline structure as well as the chemical 

composition gradually changes from Al2O3 to TiO2 along the Ti2O3 transient region.    

Considering Fig.6.1c, the atomic arrangement at the TiO2/Ti2O3 interface was as 

illustrated in Fig.6.3. The matching of lattice parameters produces strain in the film and 

to some extent in the substrate. The pseudomorphic growth of the film continues until a 

“critical thickness” is reached where the strain energy becomes large enough to trigger 

the nucleation of misfit dislocations.25 These dislocations nucleate at the film surface 

and glide to the interface to relieve the misfit strains.  

 

 

Fig.6.3. Schematic illustration of crystallographic arrangement across the TiO2/Ti2O3 interface. 
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According to Fig.6.3, the lattice misfits across the TiO2/Ti2O3 interface are 

determined as εb=+3.57% εc=+28.15% where εb and εc are the lattice misfits along the b 

and c directions of the rutile film. It should be noted that the lattice parameters of Al2O3, 

shown in Fig.6.1c, were considered in all of the calculations, since the Ti2O3 layers 

assumes the crystalline lattice of sapphire. According to the domain matching epitaxy 

(DME) paradigm,25 the misfit along b-direction is accommodated by matching of 28 

planes of the film with 27 planes of the substrate. Meanwhile, the misfit strain along the 

c-axis of rutile is relaxed when 4/3 and 3/2 domains alternate with a relative frequency 

of 0.55. Arrangement of misfit dislocations at the TiO2/Ti2O3 interface is observed in 

Fig.6.4 where alternation of 4/3 and 3/2 domains is evident.  

 

 

Fig.6.4. Arrangement of the misfit dislocations across the TiO2/Ti2O3 interface. 
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The ½< ̅01>{101} dislocations are the most probable dislocations in the rutile 

TiO2.26 According to the schematic shown in Fig.6.4, the 90o misfit dislocations forms at 

the film surface and glide along the [10 ̅] direction on the (101) planes to reach the 

film/substrate interface to relax the misfit strain. The length of the Burger’s vector (b) 

of these dislocations was determined as 2.731 Å. Considering a 28.15% misfit strain 

along the c-axis of the rutile film, the separation between the misfit dislocations would 

be about 2.731/0.2815=9.7 Å. As the lattice parameter of rutile TiO2 is 2.96 Å along its 

c-direction,1 each 3.28 planes of rutile accommodate one dislocation. Consequently, the 

misfit dislocations should appear every 3 or 4 planes of the rutile film which is in 

excellent agreement with the details of the DME paradigm.      

 

6.4. Conclusions 

Rutile/sapphire(001) epitaxial heterostructures were grown by PLD technique 

and characterized by θ-2θ and φ scans of X-ray diffraction and STEM Z-contrast 

imaging. The epitaxial relationship was explained as (100)rutile||(0001)sapphire, 

[001]rutile||[10 ̅0]sapphire, and [010]rutile||[1 10]sapphire. No interfacial reaction was 

observed across the film/substrate interface. The twin boundaries between the TiO2 

grains were also atomically sharp. It was found that a Ti2O3 transient layer forms on the 

sapphire substrate to match the tetragonal symmetry of the rutile film with the 

hexagonal symmetry of the sapphire substrate. After a couple of monolayers, the rutile 

film grows on the Ti2O3/sapphire platform. Finally, the separation between the 
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½[10 ̅](101) dislocations across the film/substrate interface was determined as 9.7 Å 

which was in a good agreement with alternation of 4/3 and 3/2 domains.    
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Chapter 7 

 

Defect Mediated Photocatalytic 

Decomposition of 4-chlorophenol on 

Epitaxial Rutile Thin Films under Visible 

and UV Illuminations 

 

We show that pure rutile TiO2 can be photo-responsive even under low energy 

visible light after annealing in vacuum where we envisage the point defects, i.e. oxygen 

vacancies and titanium interstitials, serve an important role. In this study, single crystal 

rutile films were grown by pulsed laser deposition technique and, then, vacuum 

annealed under different oxygen pressures to introduce defects into their lattice. The 4-

chlorophenol was selected as a model material and decomposed by the annealed TiO2 

films where maximum photocatalytic reaction rate constants were determined as 

0.0107 and 0.0072 min.-1 under UV and visible illuminations. Epitaxial growth along the 

[200] direction was confirmed by φ-scan and 2θ-scan XRD and the in-plane alignment 

between the rutile film and c-sapphire substrate was explained as 

[010](100)rutile||[1 10](0001)sapphire. Formation of atomically sharp interfaces and the 

epitaxial growth were ascertained by annular dark field STEM imaging. Based on the 
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XPS, UV-Vis and PL spectroscopy results, it was found that the defect concentration 

increased after annealing under lower pressures, e.g. 5×10-6 Torr. In contrast, more 

perfect crystals were obtained when the films were annealed under high oxygen 

pressures, namely 5×10+1 Torr. Morphology of the films was also investigated 

employing AFM technique. It was observed that increasing the annealing pressure 

results in formation of larger grains. It was also found that electrical resistivity of the 

rutile films increased by about three orders of magnitude when annealing pressure 

increased from 5×10-4 to 5×10+1 Torr.  

 

7.1. Introduction 

Chlorinated phenolic compounds are characterized by high toxicity even at 

relatively low concentrations and persistency in both water and soils. They are usually 

released to the environment by pulp and paper manufacturers, oil refining activities, 

and textile industries. Particularly, 4-chlorophenol (4CP) can originate from the 

chlorination processes of phenol containing wastewater or from the breakdown of 

pesticides and chlorinated aromatic compounds. Moreover, it is an intermediate by-

product in the production of 2,4-dichlorophenol and 4-chlorophenol-o-cresol. The latter 

can be oxidized by chemical, photochemical, and microbiological processes. 

Photocatalytic decomposition of 4CP has been considered as a promising technique 

where the toxic material is mineralized to harmless products of CO2 and H2O. During 

this processes, the 4CP molecules are degraded mainly by the attack of •OH radicals.1-3  
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Among many kinds of photocatalyst materials, titanium dioxide (TiO2) has been 

widely studied and has attracted considerable attention during the last decade, since it 

has superior physical and chemical properties. To enhance the photocatalytic efficiency, 

it is necessary to understand the principles of the photocatalytic reactions. In such 

reactions, first, the semiconductor is illuminated by light whose energy should be larger 

than the band gap energy of semiconductor (hν≥Eg). Then, electrons are excited from 

the valence band to the conduction band and, hence, holes are generated on the valance 

band. This process leads to generation of electron-hole pairs which are prerequisite for 

photocatalytic applications:4,5 

 

SP + hν           SP (h+ + e−)                                                                                                                 (7-1) 

 

Afterward, the photo-generated electron-hole pairs chemically react with the 

adsorbed water and oxygen molecules to create high energy OH• and O2
•− radicals: 

 

O2(ads) + e−          O2
•−                                                                                                                          (7-2) 

H2O + h+           H+ + OH•                                                                                                                    (7-3) 

O2
•− + H+           HO2

•−                                                                                                                         (7-4) 

2HO2
•−           H2O2 + O2                                                                                                                                                                                (7-5) 

H2O2 + hν            2OH•                                                                                                                                                                                   (7-6) 

 

The OH• and O2
•− radicals, generated through the above reactions, are extremely 

energetic and active. As strong oxidizing and reducing agents, they have impressive 
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chemical activities which can decompose both organic and inorganic molecules 

efficiently. Regarding the aforementioned mechanism, generation and separation of e--

h+ pairs are the critical steps of any photocatalytic reaction. Since the band gap energy 

of TiO2 is 3.0-3.2 eV, only the ultraviolet part of the solar radiation (about 4% of the 

total solar energy reaching the Earth’s surface) can excite TiO2 to generate e--h+ pairs. 

This, to some extents, limits practical applications of TiO2. At this point, several studies 

have been carried out to enhance the catalytic efficiency under visible light and 

different solutions have been proposed such as doping and combining titania with 

metallic elements, non-metallic elements, and other semiconductors.6-11 Another way, 

which has not been investigated thoroughly, is based on introduction of point defects to 

the crystalline lattice of TiO2. Such defects might alter the energy bands of 

semiconductor by introducing defect energy levels within the band gap resulting in 

band gap narrowing. There are six different kinds of point defects in TiO2 structure, 

namely titanium interstitial (Tii), titanium vacancy (VTi), oxygen interstitial (Oi), oxygen 

vacancy (VO), and two anti-site defects: TiO and OTi. Each of these defects has specific 

formation energy (ΔH) under titanium and oxygen rich growth conditions. Theoretical 

estimations of formation energies of anti-site and titanium vacancy defects are too high. 

They form only under extreme conditions due to the large cation-anion size mismatch 

and strong iconicity of the material. However, formation energies of Tii and VO defects 

are about 2-3 eV under Ti-rich (low oxygen partial pressure) growth condition. As a 

result, VO and Tii defects are the most probable structural defects of TiO2.12 From the 

kinetics viewpoint, formation of VO is more favored than Tii. Both VO and Tii defects 
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introduce energy levels inside the band gap of titania and play a significant role in 

increasing absorbance in the visible region. It is worth mentioning that Tii defect has 

two different types: Tii
4+ and Tii

3+. The fingerprint of the formation of Ti3+ ions is an 

energy band edge at about 2 eV above the valence band maxima and about 1 eV below 

the conduction band minima.13 The defects, no matter whether they are located at the 

surface or at the interface, are considered to act as functional electron traps to reduce 

the recombination of electrons and holes, resulting in a promoted photoactivity of TiO2 

films.14 Oxygen vacancies can form defect centers serving as electron traps and, thus, 

promote charge transfer.15 As a consequence, defects can decrease the recombination 

rate of e--h+ pairs resulting in the improvement in photocatalytic activity. 

It is well known that the competition among the recombination, trapping, and 

transfer of photogenerated electron-hole pairs determines the overall photocatalytic 

efficiency. To achieve a high photocatalytic efficiency in TiO2 films, the e--h+ pairs should 

be effectively extracted to the surface without recombination. Inasmuch as grain 

boundaries can scatter or trap the photogenerated electrons and holes and act as 

charge recombination center, reducing grain boundaries and growing single crystal 

films lead to formation of highly photoactive TiO2 films.  

In this chapter, we report growth and characterization of single crystal rutile films 

on c-sapphire. We will show that the defect content as well as photocatalytic 

performance of the films can be aptly tuned by changing the annealing pressure. It will 

be also shown that the pure rutile films, annealed under low pressures, are responsive 

under visible light where we envisage that point defects play a major role.         
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7.2. Experimental 

Epitaxial rutile TiO2 films were deposited on single crystal c-cut sapphire (A1203) 

substrates by PLD technique. Prior to deposition, the substrates were cleaned through a 

multi-step procedure including degreasing in hot acetone for 15 min., ultrasonic 

cleaning in acetone for 5 min. followed by ultrasonic cleaning in methanol for 5 min. 

Finally, the cleaned substrates were fully dried by a nitrogen gun and loaded to the PLD 

chamber. A Lambda Physik (LPX200) KrF excimer laser (λ = 248 nm, τ = 25 ns) was 

employed to ablate the TiO2 target. The target was being rotated during the deposition 

to provide a uniform ablation and avoid any pitting on its surface. Before injecting 

oxygen into the chamber, the chamber was evacuated to a background pressure of 

~1×10-6 Torr. Laser energy, shot frequency, oxygen pressure, growth time, and 

substrate temperature were the same for all samples: ~3.5 J.cm-2, 10 Hz, 5×10-4 Torr, 20 

min., and 450 oC, respectively. Immediately after deposition, the layers were subjected 

to vacuum annealing inside the PLD chamber for 1 hr at 450 oC under different 

pressures of 5×10-6 to 5×10+1 Torr with 10+1 intervals. 

The crystalline structure of the TiO2 films was investigated by 2θ XRD-scanning 

using a Rigaku X-ray diffractometer with Cu-Kα radiation (λ=0.154 nm). A Philips X’Pert 

Pro X-ray diffractometer was also employed for φ-scanning to determine in-plane and 

out of plane orientations of TiO2 films. Morphology of the layers was studied by a Veeco 

AFM as well and the results were interpreted by nanoscope ver. 5.12r3 software. 

Optical properties of the films were studied by a U-3010 Hitachi UV-Vis 

spectrophotometer. The room temperature photoluminescence (PL) spectra of the 
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samples were recorded with a fluorescence spectrophotometer (Hitachi, F-2500) using 

an excitation wavelength of 300 nm. Annular dark-field scanning transmission electron 

microscopy (ADF-STEM) imaging with a Nion UltraSTEM 200 operated at 200 kV was 

used to confirm the epitaxial growth of the layers. To determine surface chemical 

composition and stoichiometry of the layers, X-ray photoelectron spectroscopy (XPS) 

was performed employing a Riber instrument with an Mg-Kα X-ray source. The samples 

were sputtered by Ar+ bombardment for 5 min. prior to acquiring data to remove any 

probable surface contamination. Interpretation of the XPS results was performed using 

the SDP ver.4.1 software. Electrical properties of the films were studied using a self-

made labview program employing a Keithley 2400 sourcemeter. The measurements 

were done in a temperature range of 242-342 K. The samples were cooled using a 

closed cycle helium cryostat.  

The procedure of measuring the photocatalytic activity of the layers was explained 

in chapter 3.  

 

7.3. Results and discussion 

7.3.1. Phase structure 

Fig.7.1 shows XRD patterns of the rutile TiO2 films annealed under different 

pressures where formation of epitaxial or highly textured films is evident. It was found 

that the rutile(200) characteristic peak gets more intense at higher annealing 

pressures. Simultaneously, full width at half-maximum (FWMH) decreases when the 

grown films were annealed under higher pressures. In other words, layers with more 
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favorable crystallinity and better quality were obtained after annealing under higher 

pressures.  

 

 

 

Fig.7.1. θ-2θ XRD patterns of the rutile films annealed under various pressures. 

 

As it was discussed earlier in chapter 2, oxygen vacancies (VO) and titanium 

interstitials (Tii) are two most important intrinsic defects in TiO2. According to the 

equations 2-2 through 2-7, it can be concluded that oxygen pressure plays an important 

role in the formation or removal of these point defects in TiO2 crystalline structure. It 
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can be also suggested that annealing the films under higher oxygen partial pressures 

results in decreasing concentration of point defects in the grown samples. As a 

consequence, rutile films with better quality were obtained at higher annealing 

pressures, i.e. 5×10+1 Torr. The structure factor increases when point defects are 

removed leading to appearance of more intense and sharper XRD peaks. High 

resolution XRD was also carried out to determine the exact 2θ values of rutile (200) 

peak results of which are presented in Fig.7.2.  

 

 

Fig.7.2. Diffraction angle (2θ) of the rutile(200) peak as a function of the annealing pressure. 

 

As is seen, the rutile(200) peak shifts toward smaller 2θ values when the layers 

were annealed under lower pressures. This peak shift can be assigned to formation of 

more defects which results in changing the d-spacing between the planes. 
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7.3.2. Optical properties 

Room temperature PL spectra of the rutile films are depicted in Fig.7.3. It is 

noteworthy that all emissions having wavelengths shorter than 420 nm were 

eliminated by a filter to highlight the peaks from the energy levels of defects. The wide 

emission peak at the wavelength of ~450 nm is attributed to the oxygen vacancy energy 

levels. PL intensities can be related to the recombination rate between the 

photogenerated electrons and holes. Since the charge carriers are trapped by defects, 

low PL intensity reveals a lower recombination rate and, thus, a higher defect 

concentration. Taking the PL results into closer consideration, it is suggested that 

annealing the rutile films under higher oxygen pressures leads to removing the point 

defects or decreasing their concentration. 

 

 

Fig.7.3. Influence of the annealing pressure on the room temperature PL spectra of the rutile films. 
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UV-Vis spectroscopy was employed to study the influence of vacuum annealing on 

optical properties of the films and the results are shown in Fig.7.4.  

 

 

Fig.7.4. Transmittance spectra of the layers annealed under various oxygen pressures. 

 

The films annealed under higher pressures are more transparent and their 

transmittance is about 85% which further confirms the formation of higher quality 

films after high oxygen pressure annealing. However, according to the equations 10-12, 

the concentration of point defects increases at lower pressures. This phenomenon 

results in decreasing the transmittance, since these defects act as scattering centers for 

the incoming photons. Moreover, the films annealed under higher pressures exhibit a 

sharper absorbance edge which confirms lower defect content in these layers. It is also 

important to note that transmittance spectra of the rutile films annealed at lower 
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pressures have an absorbance edge at ~425 nm. That is, these films have a narrower 

band gap. We attribute this band gap narrowing to the introduction of Tii defects. The 

formation of Ti3+ cations gives rise to the formation of a band edge in between the 

conduction and valance bands of titania. This energy level locates about 2 eV above the 

valence band maximum and about 1 eV below the bottom of the conduction band. As is 

shown in the inset of Fig.7.4, the samples annealed at low pressures assume a bluish 

color whose intensity is a measure of the level of reduction and is assigned to d-d 

transitions.13 

 

7.3.3. Stoichiometry 

The above studies on defect characteristics in the layers were completed by XPS. 

Fig.7.5a to Fig.7.5c show O(1s) core level binding energies for the rutile films annealed 

under various pressures. Meanwhile, the O(1s) core level of the un-annealed layer is 

depicted in Fig.7.5d, as a reference. As is seen, the XPS peaks have been deconvoluted 

into distinct peaks using the Gaussian function. Peak A with a binding energy of ~531.8 

eV corresponds to the O2- ions in oxygen deficient regions and its fraction scales with 

the concentration of oxygen vacancies (VO). When an oxygen vacancy forms, the nearby 

Ti atoms relax outward, so the neighboring Ti-O bonds are shortened resulting in an 

increased bonding energy. As a consequence of the formation of a Vo defect, two Ti4+ 

ions must convert to Ti3+ ions to preserve the charge neutrality. In other words, Ti4+ 

ions trap two electrons that are generated when a VO defect forms (eq.7). Indeed, peak 

A is assigned to the oxygen deficient regions and can be attributed to the VO defects. 



147 
 

Peak B, located at binding energy of 530.2 eV, is assigned to the oxygen ions in the 

crystalline lattice of perfect TiO2. Peaks C and D, which respectively have binding 

energies of  about 528.0 and 526.9 eV, may represent oxygen atoms in contact with Tii
3+ 

and Tii
4+ defects. When a titanium interstitial resides in the rutile lattice, it attracts the 

electron cloud between neighboring Ti and O atoms, leading to a decrease in energy of 

neighboring Ti-O bonds. A small peak shift is also observed for all these peaks due to 

variation of defect concentrations. Taking the peak portions into consideration 

(Tab.7.1), it can be suggested that the amount of lattice disorder, which is represented 

by peaks A, C, and D, increases when the films are annealed under lower oxygen 

pressures.  

 

 

Fig.7.5. XPS O(1s) core level binding energies in the TiO2 films annealed under pressures of:  

(a) 5×10-6, (b) 5×10-3, (c) 5×10+1 Torr, and (d) un-annealed sample. 

 

It is worth pointing out that peaks C and D are merged together in Fig.7.5c and 

Fig.7.5d, since the concentration of the Tii
3+ and Tii

4+ defects in the un-annealed sample 

as well as the sample annealed under pressure of 5×10+1 Torr is not that much different 

making it difficult to allocate distinct peaks to these defects. Because lowering the 

annealing pressure results in an increasing concentration of point defects, peak B 

shrinks when the films are annealed under lower ambient pressures. 
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Tab.7.1. Portion of the XPS peaks for different oxygen pressures. 

           pressure 
 

XPS peak 

Un-Annealed 5×10+1 Torr 5×10-3 Torr 5×10-6 Torr 

Portion (%) 

O(1s) 

A 14.6 13.8 15.3 17.0 

B 79.9 81.4 79.3 77.4 

C 4.5 4.8 4.4 3.3 

D --- --- 1.0 2.3 

 

7.3.4. Morphology 

Surface morphology of the rutile films is depicted in Fig.7.6. It is seen that the 

surface roughness increases when the oxygen pressure. The surface roughness 

increases when the annealing oxygen pressure increases from 5×10-6 to 5×10+1 Torr.  

 

 

Fig.7.6. The effect of annealing pressure on AFM surface morphology of the TiO2 films:  

(a) 5×10-6, (b) 5×10-4, (c) 5×10-3, (d) 5×10-2, (e) 5×100, and (f) 5×10+1 Torr. 
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We already saw that most of the structural defects were removed after annealing 

under high oxygen pressures, namely 5×10+1 Torr. Since the defects tend to accumulate 

around grain boundaries, the grain boundaries are to some extent confined by them and 

cannot migrate freely. That is, their migration needs a higher energy. However, after 

annealing under higher pressures and, hence, reducing the defect content, grain 

boundaries can migrate more simply, so larger grains form.  

We will show in the future that the grown films are single crystal and the grain 

boundaries are small angle grain boundaries. That is, the adjacent grains are 

crystallographically twin boundaries and, so quite low in energy. 

 

7.3.5. Thin film epitaxy 

To confirm the growth of single crystal rutile films, XRD φ-scanning was carried 

out on the (01 ̅2) reflection plane (2θ=25.58o, ψ=57.70o) of the sapphire substrate and 

the (110) reflection plane (2θ=27.44o, ψ=45.00o) of the rutile film (Fig.7.7). Due to the 

threefold symmetry of the sapphire(0001) substrate having a hexagonal lattice, three 

(01 ̅2) reflection peaks with 120o intervals were observed. In addition, 6 strong 

symmetrical peaks appear with angular intervals of 60o for (110) family of planes of the 

film. This indicates that three different grain orientations are present in the rutile film 

which is due to the three-fold symmetry in the pseudo-hexagonal structure of the 

(0001) sapphire substrate. Thus, formation of the threefold mosaic structure in the 

epitaxial (200) TiO2 rutile film was due to the nucleation and growth of the three 

variants on the sapphire(0001) substrate.21 As it was already shown in the previous 
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chapters, the epitaxial relationship was established as rutile(100)||sapphire(0001), 

rutile[001]||sapphire[10 ̅0], and rutile[010]||sapphire[1 ̅10].22 Since the films grew 

epitaxially, grain boundaries present in the films have low angle which show lower 

scattering effect against electron-hole pairs.23 The proposed epitaxial relationship, 

columnar growth, and the in-plane 60o rotation are further confirmed by the high 

resolution ADF-STEM imaging as shown in Fig.7.8a and Fig.7.8b where formation of 

atomically sharp interface between film and substrate is also observed. In-plane 

rotation of the rutile grains is also evident. 

 

 

Fig.7.7. φ-scan XRD pattern of the rutile TiO2 sample on c-cut sapphire  

(Sapphire(01 ̅2) reflection: red and Rutile(110) reflection: blue) 
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Fig.7.8. A high resolution ADF-STEM image showing: (a) [1 10] and (b) [10 ̅0] zones of c-sapphire. 

 

Epitaxial films are expected to exhibit significantly higher photocatalytic 

efficiencies, because charge carriers have higher mobility and can diffuse to the surface 

of the catalyst without scattering to participate in the catalytic reactions (equations 7-1 

to 7-6),  as discussed earlier. 

 

7.3.6. Photocatalytic activity 

Results of photocatalytic experiments under ultraviolet light are shown in Fig.7.9. 

As is seen in the inset of this figure, concentration of 4CP decreases with illumination 
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time showing that 4CP is being decomposed. It should be noted that the curve “No 

catalyst” corresponds to the experiment where no sample was used as catalyst and only 

the 4CP solution was irradiated by the UV light. Since no appreciable concentration 

change is seen in this experiment, it can be deduced that in other experiments, which 

were performed using a catalyst, 4CP was degraded by photo-activated rutile films.  

 

 

Fig.7.9. Photocatalytic activity of the rutile TiO2 films under ultraviolet illumination. 

 

To quantitatively compare the photocatalytic activity of the layers, the 

photocatalytic reaction rate constants (k) should be calculated. Since photocatalytic 
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decomposition of 4CP solution agrees with pseudo-first-order kinetics, the constant (k) 

can be calculated by the equation ln(C/Co)=-kt (where Co is the initial concentration of 

4CP at t=0 and C represents the concentration of 4CP at later times t). The quantity 

ln(Co/C) versus irradiation time was plotted for all samples. Straight lines, whose slopes 

represent k, indicate that the degradation of 4CP is a first-order reaction. The reaction 

rate constants (listed in Tab.7.2) show that the photocatalytic activity increases when 

the catalysts were annealed under lower pressures, namely 5×10-4 Torr. It was already 

shown that defect content increases at lower annealing pressures. The structural 

defects, namely VO, trap photogenerated electrons and, consequently, enhance charge 

separation so that positive holes which are prerequisite for photocatalytic 

decomposition of 4CP can participate in reactions without any recombination. 

Furthermore, oxygen vacancies at the TiO2 surface promote the adsorption of 

molecules. However, the sample annealed under pressure of 5×10-6 Torr displays an 

apparently abnormal behavior, as its photocatalytic efficiency is lower than for the 

sample annealed under 5×10-4 Torr. The reason may be formation of deep level point 

defects. The energy level of defects is influenced by their concentration; that is, the 

environment around the defects can affect the energy band edge of defects. As it was 

already shown, the concentration of defects is raised by low-pressure-annealing leading 

to formation of deep level defects acting as recombination centers. The efficiency of a 

photocatalytic process is determined by two factors: the absorption capacity of the 

semiconductor, which dictates the initial number of carriers, and the time required for 

the carrier to reach the surface and participate in the photocatalytic reactions. Electron-
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hole recombination is an important competing process, since it decreases the carrier 

mobility and prevents them from reaching to the surface. We think the charge 

recombination at the deep level defects is responsible for diminishing the 

photocatalytic efficiency. Meanwhile, the film annealed under the pressure of 5×10-6 

Torr, had a smoother surface (Fig.6) and, hence, smaller surface area where 

photocatalytic reactions happen resulting in a lower photocatalytic efficiency. 

According to the literature24 and our results, the following reactions are put forward for 

photocatalytic degradation of 4CP over defected rutile TiO2 catalyst: 

 

TiO2 + hυ             e- + h+
                                                                                                                                                                                (7-7) 

e- + VO              trapped electrons                                                                                                   (7-8) 

h+ + H2O             H+ + •OH                                                                                                                  (7-9) 

2C6H5OCl + 13O2             12CO2 + 4H2O + 2HCl                                                                       (7-10) 

 

Reaction 7-10 is schematically illustrated in Fig.7.10.  

 

 
Fig.7.10. Schematic illustration of photo-degradation of 4-chlorophenol on TiO2 films. 

 

Photocatalytic performance of the rutile films under visible light was also 

investigated. The results are shown in Fig.7.11. Corresponding photocatalytic reaction 

•OH 
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rate constants are listed in Tab.7.2. In these experiments, the short wavelengths (λ<420 

nm) were cut off by a UV-filter. As is observed, the layers are photoactive even under 

low energy visible irradiation.  

 

 

 

Fig.7.11. Photocatalytic activity of the rutile TiO2 films under visible illumination. 

 

As discussed earlier, the films annealed under low oxygen pressures had a narrow 

band gap and, therefore, they are photo-responsive under visible light. The reason 

behind this behavior is that the Tii atom spontaneously donates three electrons to the 

surrounding lattice Ti ions and forms a Ti3+ ion with a single electron localized on a 3d 
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shell. In addition, the formation of each Vo defect results in formation of two Ti3+ in the 

lattice, as explained earlier. The presence of both lattice and interstitial Ti3+ ions leads 

to creation of new energy states (about 1-1.5 eV below the conduction band) within the 

TiO2 band gap. 

 

Tab.7.2. Photocatalytic reaction rate constants (min.-1) as a function of the annealing pressure. 

 

 

 

 

 

We proposed that lower photocatalytic efficiency of the film annealed at 5×10-6 

Torr originated from its lower carrier mobility. To further confirm this conjecture, 

electrical properties of the layers were investigated. Variation of the electrical 

resistivity of the annealed rutile TiO2 films with temperature for different oxygen 

pressures is displayed in Fig.7.12 where a strong dependence of resistivity on oxygen 

pressure is apparently observed. It is seen that the resistivity increases by about three 

orders of magnitude as the oxygen pressure increases from 5×10-6 to 5×10+1 Torr. As 

discussed earlier, increased oxygen diffusion at high oxygen pressures decreases the 

concentration of oxygen vacancies and titanium interstitials and, thus, suppressing the 

carrier concentration and conductivity. It is also seen that the electrical resistivity 

increases when the annealing pressure decreases from 5×10-4 to 5×10-6 Torr. Indeed, 

the film annealed under the pressure of  5×10-6 Torr exhibited lower photocatalytic 

                Annealing pressure 

Illumination  

No 

Catalyst 

5×10-2 

Torr 

5×10-3  

Torr 

5×10-4 

Torr 

5×10-6 

Torr 

Ultraviolet  
0.00011 

0.00667 0.00774 0.01070 0.00973 

Visible 0.00151 0.00507 0.00728 0.00616 
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efficiency and electrical conductivity as compared to the film annealed under 5×10-4 

Torr. The reason behind this behavior is that carrier mobility is determined by different 

scattering mechanisms, including scattering by grain boundaries and intrinsic defects. 

As already deduced, the concentration of defects increases significantly at very low 

pressures, e.g. 5×10-6 Torr leading to appreciable scattering and trapping phenomena 

that, in turn, increase the resistivity.  

 

 

Fig.7.12. Dependence of the electrical resistivity on the annealing pressure. 
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7.4. Conclusions 

Visible-light-responsive rutile TiO2 films were developed by PLD process followed 

by vacuum annealing where it is envisaged that the point defects play a crucial role by 

introducing mid-band energy levels. The layers were single crystalline and the epitaxial 

relationship between the film and the substrate was shown to be (100)R||(0001)S, 

rutile[001]R||[10 ̅0]S, and [010]R||[1 10]S. Epitaxial growth and formation of atomically 

sharp interface between the rutile film and the substrate were confirmed by STEM as 

well. The maximum photocatalytic reaction rate constant for degradation of 4-

chlorophenol was determined as 0.0107 and 0.0072 min.-1 under UV and visible 

illuminations, respectively. It was also shown that electrical resistivity increased by 

three orders of magnitude when the annealing pressure was increased from 5×10-4 to 

5×10+1 Torr. Thus, the photocatalytic activity of titania films can be tuned by controlling 

the annealing pressure, hence, enabling a variety of environmental remediation 

processes.   
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Chapter 8 

 

Phase Tuning, Thin Film Epitaxy, and 

Properties of YSZ-Buffered TiO2  

on Si(001) Substrate   

 

We have studied systematically the influence of pulsed laser deposition variables 

on microstructure and properties of TiO2 epitaxial thin films where integration with 

Si(100) substrates was achieved by cubic yttria-stabilized-zirconia (c-YSZ) buffer layer. 

Details of crystallographic and atomic arrangements across the interfaces are discussed 

in the light of domain matching epitaxy paradigm. Single crystalline rutile films were 

obtained at higher substrate temperatures and lower oxygen pressures; whereas, the 

growth of epitaxial anatase films was promoted by decreasing the temperature and 

increasing the oxygen pressure. We showed that crystallographic structure of the TiO2 

films is determined mainly by the termination structure of the c-YSZ layer and the 

bonding characteristics across the TiO2/c-YSZ interface. Using 2θ and φ scans of XRD, 

the epitaxial relationship between Si(100) substrate and the zirconia buffer layer was 

shown to be cube-on-cube. Furthermore, the epitaxial relationships at the 

rutile(100)/zirconia(001) and the anatase(001)/zirconia(001) interfaces were 

established as [0 ̅1](100)rutile||[010](001)YSZ and [110](001)anatase||[100](001)YSZ, 
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respectively. The proposed crystallographic arrangements as well as the epitaxial 

growth were confirmed by high resolution TEM diffraction and imaging. XPS and XRD 

studies showed less defect content and improved crystallinity in the films grown at 

higher temperatures. AFM results revealed that the finest domain size and the 

smoothest surface were obtained at intermediate deposition temperatures. Based on 

the four-point electrical measurements, the heterostructures deposited at 500 oC were 

more conductive than those grown at 300 and 700 oC. Photocatalytic activity of the 

films were studied through decomposition of 4-chlorophenol under UV-illumination. 

The maximum photocatalytic reaction rate constants were determined as 0.0124 and 

0.0087 min.-1 for the anatase and the rutile films grown at 500 oC.      

 

8.1. Introduction 

Rutile TiO2 (r-TiO2) and anatase TiO2 (a-TiO2) as the two most important states of 

titania with different characteristics can provide numerous applications in a broad 

variety of applications. While r-TiO2 is the thermodynamically favored phase at 

elevated temperatures, a-TiO2 is a metastable phase at temperatures below 800-900 oC 

and it transforms into r-TiO2 upon heating above this temperature in vacuum.1-3 Rutile 

has a tetragonal lattice with P42/mnm space group and lattice parameters of 

a=b=4.5933 and c=2.9592 Å.4 It has a band gap of 3.0 eV and a refractive index of about 

2.9.1,5 These properties along with its high thermal stability make r-TiO2 a promising 

candidate for many applications such as dye-sensitized solar cells,6 photonic crystals,7 

anti-bacterial agents,5 magnetism,8 ferroelectrics,9 spintronics,10 photocatalysis,11,12 
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sensors,13 and microelectronics.14 Similar to r-TiO2, a-TiO2 also has a tetragonal lattice, 

but with different parameters of a=b=3.7852 and c=9.5139 Å and I41/amd space 

group.4 Its band gap is about 3.2 eV which is larger than that of rutile.1 In addition, the 

refractive index of anatase is about 2.49.5 Even though a-TiO2 exhibits attractive 

properties as well, its relatively low thermal stability limits its applications to low 

temperatures. However, it is one of the most important known photocatalyst materials 

able to efficiently decompose almost any kind of environmental pollutants due to the 

position of its valance and conductance bands.1,15-18 The a-TiO2 is used in anti-fogging 

and self-cleaning surfaces,19 anti-bacteria agents,20 hydrogen production,21 gas and 

chemical sensors,22 Li-ion batteries,23 and magnetic devices.24,25  

Epitaxial growth of TiO2 on silicon can lead to integration of functionalities with 

improved and novel smart device structures. However, direct growth of TiO2 on silicon 

is a technological challenge owing to the formation of the native amorphous SiOx layer 

leading to growth of polycrystalline and textured thin films. To grow single crystal 

layers, therefore, the amorphous surface oxide layer on silicon has to be removed 

before thin film deposition. So far, deposition of intermediate buffer layers has been 

introduced as the simplest way to destroy the silicon surface oxide layer. Titanium 

nitride,26 cubic zirconia,27 yttria,28 and tetragonal zirconia29 are some examples of the 

buffers utilized to integrate thin films with silicon epitaxially.    

Since the anatase and the rutile states of titania have different physical and 

chemical characteristics, it is important to tune the phase structure of TiO2 thin films to 

achieve the desired properties for the specific application. In this chapter, TiO2 thin 
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films were epitaxially grown on the silicon substrates by pulsed deposition technique 

where high quality films were obtained by optimizing the laser and substrate 

variables.30,31 Precise control over phase and microstructure of TiO2 thin films from 

pure anatase to pure rutile is reported by controlling laser and substrate variables. 

Special emphasis is placed on the epitaxial growth of the anatase and rutile TiO2 films 

on Si(100) substrate using a cubic yttria-stabilized-zirconia (c-YSZ) buffer layer and 

modeling the interfaces. The electrical and photocatalytic properties of the 

heterostructures are also investigated and a correlation between the properties and the 

microstructure is established. 

        

8.2. Experimental 

TiO2/YSZ heterostructures were grown epitaxially on Si(100) substrates by pulsed 

laser deposition (PLD). A Lambda Physik (LPX200) KrF excimer laser (λ = 248 nm, τ = 

25 ns) was employed to ablate the high purity TiO2 and c-YSZ targets (8-12% Y2O3 

doped-ZrO2) which were rotated during the deposition to provide a uniform ablation 

and avoid pitting on the target surfaces. The Si(100) substrates were cleaned through a 

multi-step procedure including degreasing in hot acetone for 10 min., ultrasonic 

cleaning in acetone for 5 min. followed by ultrasonic cleaning in methanol for 5 min. 

The cleaned substrates were fully dried by a nitrogen gun and, immediately, loaded into 

the PLD chamber. The chamber was evacuated to a base pressure of ~1×10-6 Torr 

before injecting oxygen into the chamber. Cubic YSZ buffer layers were deposited at 

700oC, energy density of 3-3.5 J.cm-2, and repetition rate of 5 Hz. To effectively destroy 
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the native oxide layer on the silicon substrates, the c-YSZ films were deposited for 1000 

pulses under vacuum followed by 2000 pulses under the oxygen partial pressure of 

5×10-4 Torr. Subsequently, TiO2 thin films were deposited on the c-YSZ buffer layers at 

different substrate temperatures (300, 500, and 700 oC) and various oxygen partial 

pressures (5×10-6, 5×10-4, and 5×10-2 Torr). The energy density, repetition rate, and 

number of pulses were kept constant at 3-3.5 J.cm-2, 5 Hz, and 6000 for all TiO2 films. 

Eventually, the samples were cooled down to room temperature inside the PLD 

chamber under the oxygen partial pressure of 1 Torr.  

The out-of-plane orientation of the TiO2 films were investigated by θ-2θ-scan of 

XRD using a Rigaku diffractometer with a Cu-Kα radiation (λ=0.154 nm). A Philips 

X’Pert Pro diffractometer was also employed for φ-scan XRD to determine the in-plane 

orientation of the films. We also used a JEOL 2010F transmission electron microscope, 

operated at 200 KV, with a point-to-point resolution of 1.8 Å to study the atomic and 

crystallographic arrangements at the interfaces and to confirm the epitaxial growth 

where a Gatan imaging filtering system was used for high resolution imaging. The 

electron transparent samples were prepared through a multistep procedure including 

polishing, dimpling, and ion-milling. A SPECS XPS with an Mg-Kα excitation of 1254 eV 

and a PHOIBIS 150 hemispherical analyzer was employed to study the stoichiometry of 

the films. The XPS results were interpreted by the SDP ver.4.1 software where energy 

calibration was established by referencing to C(1s) binding energy at 285.0 eV. 

Morphology of the layers was studied by a Veeco AFM as well and the results were 

interpreted by nanoscope ver. 5.12r3 software. A self-made labview program 
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employing a Keithley 2400 sourcemeter was used to study the electrical properties of 

the films. The measurements were done in a temperature range of 225-345 K where the 

sample was cooled using a closed cycle helium cryostat. Photocatalytic activity of the 

layers was evaluated as well through the procedure explained in chapter 3.  

 

8.3. Results and discussion 

8.3.1. Phase structure 

2θ-θ XRD patterns of the TiO2 films grown at different substrate temperatures and 

oxygen partial pressures are depicted in Fig.8.1. A couple of features of this figure are 

worth noting. The r-TiO2 phase tends to form under lower pressures at all 

temperatures, while appreciable amount of the a-TiO2 phase only forms under higher 

oxygen pressures especially at lower temperatures. In other words, no anatase phase 

formed under the oxygen pressures of 5×10-4 and 5×10-6 Torr and the rutile phase did 

not form under the oxygen partial pressure of 5×10-2 Torr at low temperatures, 

particularly at 300 oC. The effect of oxygen pressure on crystallographic characteristics 

of the oxide thin films grown by PLD technique has been previously reported in the 

literature.32,33 The first approach originates from dependence of kinetic energy of the 

laser ablated species upon the oxygen partial pressure at a certain temperature and 

laser energy. Interaction between the ablated species and oxygen molecules is not that 

much appreciable resulting in the high energy adatoms. Hence, the r-TiO2 phase, which 

is the energetically favored phase of titania,34 forms under lower pressures where the 

adatoms have enough energy for surface diffusion. Also, the change in crystallographic 
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characteristics of the PLD-grown oxides can be attributed to changes in the surface 

structure of the substrate or the buffer layer. The surface of the c-YSZ buffer film 

becomes anion-terminated under higher oxygen pressures and cation-terminated 

under lower pressures.32 This phenomenon alters the lattice misfit at the c-YSZ/TiO2 

interface and introduces different misfit strains between the buffer and the top layer. 

 

 

Fig.8.1. θ-2θ XRD patterns of the TiO2 films deposited on c-YSZ/Si(100) platform under  

various oxygen pressures at temperatures of: (a) 300, (b) 500, and (c) 700 oC. 

 

In addition, the Zr-terminated surface of c-YSZ is atomically jagged (Fig.8.2a), 

whereas its O-terminated surface is to some extent smooth at the atomic scale 

(Fig.8.2b). Consequently, phases with atomically rough surfaces are favored to grow 

onto the Zr-terminated c-YSZ buffer layer and, in contrast, the formation of phases with 

atomically smooth surfaces is favored on the O-terminated c-YSZ. Therefore, both the 
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kinetic energy of the species and the surface chemistry of the c-YSZ layer may control 

the phase structure of the TiO2 film.  

 

 

Fig.8.2. Atomic arrangement on: (a) Zr-terminated c-YSZ (200), (b) O-terminated c-YSZ(200), (c) O-

terminated r-TiO2(200), and (d) Ti-terminated a-TiO2 planes. Roughness of the Zr- and  

O-terminated planes of c-YSZ is compared and highlighted by triangles. 

 

To shed more light on the reason behind the dependence of TiO2 state on the 

oxygen pressure, two samples were prepared at the substrate temperature of 500 oC, 

but at varying pressures and number of pulses. For the first sample (sample A), after 

the deposition of c-YSZ buffer layer, the TiO2 film was grown under the partial pressure 

of 5×10-4 Torr (where the r-TiO2 phase is favored) for 500 pulses and, then, the 

pressure was increased to 5×10-2 Torr (where the a-TiO2 phase is favored) at which the 
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deposition was continued for 5500 pulses. For the second sample (sample B), the 

titania top film was grown under the pressure of 5×10-2 Torr for 500 pulses and under 

the pressure of 5×10-4 Torr for 5500 pulses, after the deposition of the buffer layer. 

Since the sample A was mostly grown at the pressure of 5×10-2 Torr, its phase structure 

was expected to be a-TiO2, but r-TiO2 is the dominant phase in this sample, as is seen in 

Fig.8.3. That is, r-TiO2 can grow even under high pressures, if the deposition is initially 

done at low pressures.  

 

 

Fig.8.3. θ-2θ XRD data for the TiO2 thin films grown under varying pressures for different times. 
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Results indicate that a-TiO2 grows even at low oxygen pressures, if the oxygen 

pressure just before the deposition is high, because the sample B mainly consists a-TiO2, 

although it was grown under the pressure of 5×10-4 Torr for 18 min., as Fig.8.3 shows. 

This reveals that initial monolayers act as a template for the subsequent atomic layers. 

When the oxygen pressure just before the TiO2 deposition is low, e.g. 5×10-4 Torr, the 

surface of the c-YSZ buffer layer is Zr-terminated, so an O-terminated TiO2 film is 

required to bond with the zirconium cations. It is worth reminding that the Zr-

terminated c-YSZ film is atomically jagged; consequently, a rough TiO2 film is favored to 

grow onto it. Since the O-terminated r-TiO2 has a rough surface (Fig.8.2c) and the O-

terminated a-TiO2 is atomically smooth (Fig.8.2d), the rutile phase grows under lower 

oxygen pressures where the c-YSZ is Zr-terminated and jagged. On the other hand, 

surface of the c-YSZ intermediate layer is O-terminated and atomically smooth 

(Fig.8.2b), when the oxygen pressure just before the growth of TiO2 is high, e.g. 5×10-2 

Torr. Under this condition, a smooth Ti-terminated TiO2 film is required; thus, first 

monolayers growing under high pressures is a-TiO2 having a smooth Ti-terminated 

surface, as illustrated in Fig.8.2d.  

As it is also observed in Fig.8.2, the Ti-terminated surface of the rutile TiO2 is not 

smooth in the atomic scale. In summary, crystallographic structure of the first 

monolayers of TiO2 is determined by the oxygen partial pressure just before the 

deposition, rather than the pressure during the deposition. When deposition begins at a 

low pressure, the rutile phase nucleates and forms a rutile platform. Even though the 

remaining of the TiO2 deposition is conducted at a relatively higher pressure (a 
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condition where a-TiO2 grows), the rutile TiO2 continues growing onto the initially 

formed rutile template. Similarly, an anatase platform forms just at the beginning of the 

TiO2 deposition at higher pressures and keeps growing even when the pressure is 

decreased to 5×10-4 Torr. Thus, the phase structure of the TiO2 films is not controlled by 

the kinetics of ablated particles. 

According to Fig.8.1, intensity of the rutile and YSZ peaks increases with the 

temperature and their full width at half-maximum (FWHM) decreases; in other words, 

crystallinity of those phases becomes better at higher substrate temperatures. The 

samples prepared at higher temperatures, e.g. 700 oC, took a longer time to completely 

cool down to the room temperature. Because cooling was conducted under an oxygen 

atmosphere of pressure of 1 Torr, the samples prepared at higher temperatures were 

oxygen annealed for longer times. As a result, the structural point defects, i.e. vacancies 

and interstitials, were annealed out in such samples and a more favorable crystallinity 

was achieved. Our discussions on the effect of the growth temperature on the defect 

content were further confirmed by XPS analysis. The high resolution O(1s) core level 

binding energies in the r-TiO2 films deposited at varying temperatures are shown in 

Fig.8.4.  Peaks A and B with binding energies of about 532.8 and 531.7 eV are attributed 

to the oxygen in H2O and OH compounds attached to the surface defects, namely oxygen 

vacancies. Oxide free surfaces contacting with the atmosphere are always hydrated, i.e. 

contain water molecules and hydroxyl groups.35 Peak C which is located at the binding 

energy of about 530.2 eV corresponds to the oxygen in the TiO2 compound. In other 

words, portion of this peak represents the perfect TiO2 structure. Finally, peak D at the 
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binding energy of about 528.7 eV is assigned to the oxygen atoms in contact with the 

titanium interstitial defects, as explained back in the previous chapters.11 Therefore, 

peaks A, B, and D can be assigned to the disorder in the rutile film, while peak C 

represents the perfection of the TiO2 structure. The portion of peak C was determined 

as 74.3, 77.8, and 78.5% for the growth temperatures of 300, 500, and 700 oC. The O/Ti 

ratio, which reflects the overall stoichiometry of the TiO2 films, was determined to be 

1.62, 1.83, and 1.91 for the growth temperatures of 300, 500, and 700 oC. Thus, the 

formation of the rutile films with fewer defects occurs at higher temperatures.  

 

 

Fig.8.4. High resolution XPS O(1s) core level binding energy of the r-TiO2 films grown  

at different temperatures: (a) 300, (b) 500, and (c) 700 oC. 

 

Similar behavior was observed for the a-TiO2 films as well (data not presented 

here). It is also seen in Fig.8.1 that the intensity of the anatase peaks decreases at higher 

deposition temperatures. This behavior arises from the lower stability of the anatase 

phase at elevated temperatures.1-3 Even though it was suggested that increasing the 

substrate temperature leads to formation of films of better crystallinity, it is worth 

mentioning that the temperature has a different effect at low pressures, e.g. 5×10-6 Torr. 

When such a low pressure is used, the oxygen anions tend to leave the TiO2 surface at 

elevated temperatures, e.g. 700 oC; as a consequence, the concentration of the point 
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defects increases resulting in broad XRD peaks with low intensity. This is the reason 

behind the large FWHM of the rutile(200) peak of the sample grown at 700 oC under the 

pressure of 5×10-6 Torr. Because the samples grown under the pressure of 5×10-6 Torr 

are so defective, their defects are not annealed out after cooling to the room 

temperature. Since the defects tend to accumulate along the domain boundaries and pin 

them, the boundaries cannot migrate freely giving rise to slow grain growth. Thus, the 

rutile peak of these samples is not as sharp and intense as that of the samples grown 

under the oxygen pressure of 5×10-4 Torr.    

 

8.3.2. Epitaxial relationship and the DME details 

The details of epitaxial growth and the in-plane alignment of the r-TiO2 films on 

the c-YSZ buffer layer were investigated using φ-scanning XRD results of which are 

presented in Fig.8.5. Eight strong φ-peaks of rutile(110) reflection (2θ=27.44o and 

ψ=45.00o) with an angular interval of ~64.5o are due to the 2-fold symmetry about the 

a-axis of rutile and four equally probable arrangement of domains on the c-YSZ buffer. 

It is also seen in Fig.8.5 that the (110) φ-peaks appear with an angular separation of 

32.25o from the (202) reflections of YSZ (2θ=50.37o and ψ=45.00o). The so called four 

equal orientations are displayed in Fig.8.6 in different colors.  

Considering this information, the r-TiO2/c-YSZ interface was modeled as 

schematically illustrated in Fig.8.7 and the epitaxial relationship was established as 

(100)rutile||(001)YSZ, [0 ̅1]rutile||[010]YSZ, and [025]rutile||[100]YSZ. A detailed TEM study 

was performed to study the microstructure and verify the epitaxial relationship of the 
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films whose results are displayed in Fig.8.8. From the low magnification bright field 

image, the thickness of the c-YSZ and r-TiO2 layers is determined as ~200 and ~215 nm. 

 

 

Fig.8.5. φ-scan XRD patterns of the (110)rutile, (202)YSZ, and (202)Si reflections of the heterostructure 

fabricated at 700 oC under the  oxygen pressure of 5×10-4 Torr. 
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Fig.8.6. Delineation of four equally probable orientations of r-TiO2 film on c-YSZ layer.  

Blue square represents the c-YSZ lattice. 
 

 

 

Fig.8.7. Schematic illustration of the atomic arrangement and the epitaxial relationship across the 

interface between O-terminated r-TiO2 and Zr-terminated c-YSZ films. 

 

The indexed selected area electron diffraction (SAED) pattern, from a large area 

cross section, further confirms the proposed epitaxial relationship.  
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Fig.8.8. TEM low magnification bright field image and the high resolution cross section images of the r-

TiO2/c-YSZ/Si(001) heterostructure. The indexed SAED pattern shown in the inset of the BF image 

confirms the proposed epitaxial relationship (Rutile[031], YSZ[1 ̅0], and Si[1 ̅0] zones). 
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The SAED pattern corresponds to [031]rutile, [1 ̅0]YSZ, and [1 ̅0]Si zones. As is seen, 

(200) planes of rutile align with (004) planes of c-YSZ and Si. Besides, (0 ̅3) planes of 

rutile is parallel to the (220) planes of the c-YSZ and Si. For the sake of simplicity and 

better understanding, these two planes as well as the unit cells of r-TiO2 and c-YSZ are 

schematically shown in Fig.8.7. The detailed high resolution TEM images confirm the 

highly epitaxial growth of r-TiO2 film and c-YSZ buffer layer on the silicon substrate. An 

atomically sharp interface is observed between the rutile film and the YSZ intermediate 

layer. The spacing between (05 ̅)rutile, (011)rutile, and (400)YSZ planes were calculated as 

about 0.78, 2.49, and 1.28 Å, respectively. Hence, the misfit strains across the r-TiO2/c-

YSZ interface were determined as ε1=1-(2×2.49/5.14)=+3.11% and ε2=1-

(0.78/1.28)=+39.06% where ε1 and ε2 are the misfits along [0 ̅1] and [025] directions 

of r-TiO2. The strain in the rutile film is compressive along the both directions. 

According to the domain matching epitaxy (DME) paradigm,36 the lattice misfit strain at 

the r-TiO2/c-YSZ interface is accommodated by matching of integral multiples of 

crystallographic planes. Along direction 1, 32 planes of the r-TiO2 film match with 31 

planes of the c-YSZ film with a frequency factor of ⍺=~0.1 to fully relax the misfit strain. 

That is, the 32/31 and 33/32 domains alternate with the mentioned frequency factor. 

Besides, the misfit strain along direction 2 is relaxed through matching of 2 planes of 

the rutile film with 1 planes of the YSZ film or 3 planes of the rutile film with 2 planes of 

the YSZ film. In this case, the frequency factor would be about 0.56.  

The φ-scan XRD was employed to determine the in-plane alignment between the 

a-TiO2 film and the c-YSZ buffer layer. The results are presented in Fig.8.9.  
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Fig.8.9. φ-scan XRD patterns of the (101)anatase, (202)YSZ, and (202)Si reflections of the  

heterostructure fabricated at 300 oC under  the oxygen pressure of 5×10-2 Torr. 

 

The 4-fold symmetry along [001] directions of a-TiO2 and c-YSZ results in four 

strong φ-peaks from (101) reflection of a-TiO2 (2θ=25.28o and ψ=68.30o) with a 90o 
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angular separation from each other and a 45o separation from (202) reflection of c-YSZ. 

The a-TiO2/c-YSZ interface was also modeled whose result is shown in Fig.8.10. Taking 

this model into account, the epitaxial relationship was established as 

(001)anatase||(001)YSZ, [110]anatase||[100]YSZ, and [1 ̅0]anatase||[0 ̅0]YSZ. The inter-planar 

spacing of (110)anatase and (100)YSZ planes were calculated as 5.34 and 5.14 Å, 

respectively. Hence, the misfit strain at the a-TiO2/c-YSZ interface was determined as 

ε=1-(5.34/5.14)=-3.9%. This compressive strain is relaxed when 25/26 and 26/27 

domains of the a-TiO2 and c-YSZ films alternate with a frequency factor of 0.7.  

 

 

Fig.8.10. Schematic illustration of the atomic arrangement and the epitaxial relationship  

across the Ti-terminated a-TiO2 and O-terminated c-YSZ interface. 

 

Considering the low magnification cross section TEM image in Fig.8.11, thickness 

of the anatase film is determined as about 275 nm. The epitaxial growth of the a-TiO2 
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and the c-YSZ films is evident in the high resolution TEM images shown in this image. 

To study the epitaxial relationship between the c-YSZ film and the Si (100) substrate, φ-

scanning XRD was performed on (202) reflection of c-YSZ and that of Si (2θ=47.04o and 

ψ=45.00o) result of which was already shown in both Figs.8.5 and 8.9. The sharp φ-

peaks from (202) reflections of c-YSZ and Si at the same azimuthal positions are due to 

the 4-fold symmetry in both crystals and their lattice parameters. Such patterns confirm 

the epitaxial cube-on-cube growth of c-YSZ buffer layer on silicon (001). The epitaxial 

relationship across the c-YSZ/Si(100) interface can be explained as (001)YSZ||(001)Si 

and [100]YSZ||[100]Si which is further confirmed by the indexed SAED pattern in Fig.8.8. 

The pattern shows that (220) planes as well as (004) planes of YSZ and Si are parallel. 

Meanwhile, the spots from the YSZ film and the Si substrate are from a same 

crystallographic zone ([1 ̅0]). 

 

 

Fig.8.11. TEM low magnification bright field image and the high resolution  

cross section images of the a-TiO2/c-YSZ/Si(001) heterostructure. 
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The highly epitaxial growth of YSZ film on silicon substrate is also evident in the 

high resolution TEM images shown in Fig.8.8 and Fig.8.11. It is concluded that c-YSZ 

provides a promising buffer layer and a template to functionally integrate thin films 

with silicon substrates. It grows epitaxially on Si(001) surface without removing the 

native silicon dioxide layer from the surface prior to deposition. It is explained 

considering the following reaction:37  

 

Zr + 2SiO2             ZrO2 + 2SiO                                                                                                         (8-1) 

 

Silicon monoxide (SiO) is quite volatile and evaporates at the deposition 

temperature. During the initial stages of the deposition where the buffer layer was 

deposited under vacuum, oxide present on the silicon substrate is destroyed and 

removed by the above reaction; then, the c-YSZ grows epitaxially on silicon when the 

oxygen partial pressure is increased to 5×10-4 Torr. The very thin SiOx amorphous layer, 

which is seen in the high resolution TEM images, forms during the growth of the films 

when oxygen diffuses to the surface of the silicon substrate through the YSZ buffer 

layer. However, it does not alter the epitaxial growth of the buffer layer, because the 

buffer layer has been already formed.  

 

8.3.3. Morphology 

Morphology of the films deposited under the oxygen pressures of 5×10-4 and 

5×10-2 Torr at various temperatures is depicted in Fig.8.12. Results show that the 
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surface roughness decreases and, then, increases with the deposition temperature. In 

other words, the samples grown at the intermediate temperature of 500 oC have the 

smoothest surface.  

 

 

Fig.8.12. Surface morphology of the heterostructures grown under different conditions: (a) 5×10-4 Torr 

and 300 oC, (b) 5×10-4 Torr and 500 oC, (c) 5×10-4 Torr and 700 oC, (d) 5×10-2 Torr and 300 oC,  

(e) 5×10-2 Torr and 500 oC, and (f) 5×10-2 Torr and 700 oC. The z-scale in all images is 20 nm. 

      

We propose that the surface roughness is determined by two phenomena: grain 

growth and mobility of the ablated species across the substrate surface. At lower 

temperatures, the ablated particles from the target are quenched once they arrive at the 

substrate and the surface diffusion rate is low. Thus, a rough surface forms at the 

growth temperature of 300 oC, as shown in Figs.8.12a and 8.12d. This phenomenon 
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does not prevail at higher temperatures. However, the defect concentration is lower in 

the samples grown at higher temperatures, as discussed earlier. The point defects tend 

to accumulate around the domain boundaries and can inhibit boundary motion, so finer 

domains form at higher defect concentrations. When the defect concentration is low, 

mobility of the boundaries and, therefore, rate of the grain growth are appreciable; 

consequently, larger domains and rougher surfaces form at the elevated temperatures 

(Figs.8.12c and 8.12f). At the intermediate temperature of 500 oC, the surface mobility 

of the ablated particles is high enough to diffuse and find their equilibrium positions. In 

addition, the growth rate is not high to form large domains. Therefore, a smooth surface 

grows at the intermediate temperatures, as depicted in Figs.8.12b and 8.12e. In 

addition, the films grown at the pressure of 5×10-2 Torr have a rougher surface as 

compared to those deposited under 5×10-4 Torr. We attribute this to less point defects 

in these films and, hence, higher grain growth rate as well as lower kinetic energy of the 

ablated particles on the substrate surface.    

 

8.3.4. Electrical properties 

Resistance-temperature curves of the heterostructures deposited under the 

pressure of 5×10-4 Torr at varying temperatures are delineated in Fig.8.13 where a 

semiconductor behavior is evident. Results show that the electrical resistance 

decreases, reaches its minimum value, and, then, increases as the deposition 

temperature is raised from 300 to 700 oC. This behavior is attributed to two competing 
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phenomena. As it was already mentioned, the film deposited at 300 oC is more defective 

where the point defects, namely oxygen vacancies, enhance the electrical conductivity. 

However, this film has a smaller domain size and, thus, more boundaries which act as 

scattering centers against the charge carriers. On the other hand, the film deposited at 

700 oC has a larger domain size and fewer boundaries leading to a lower scattering 

effect. However, this film has a lower defect concentration and a more perfect structure, 

so a lower conductivity. In the case of the film deposited at 500 oC, influences of domain 

size and the defect concentration are balanced, so the highest conductivity is observed. 

     

 

Fig.8.13. Electrical resistance of the TiO2/c-YSZ/Si heterostructures fabricated at different  

temperatures under the oxygen partial pressure of 5×10-4 Torr. 
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8.3.5. Photocatalytic properties 

Fig.8.14 shows the results of photocatalytic experiments on a-TiO2/c-YSZ/Si films 

grown at 5×10-2 Torr and r-TiO2/c-YSZ/Si films grown at 5×10-4 Torr at various 

temperatures. As is seen in the inset, the concentration of 4CP decreases with 

illumination time showing that 4CP is being decomposed. Photocatalytic decomposition 

of 4CP solution agrees with pseudo-first-order kinetics, so the reaction constant (k) can 

be calculated by the equation ln(Co/C)=kt (where Co is the initial concentration of 4CP at 

t=0 and C represents the concentration of 4CP at later times t). The quantity ln(Co/C) 

versus irradiation time was plotted for all samples. Straight lines, whose slopes 

represent k, indicate that the degradation of 4CP is a first-order reaction. It should be 

noted that the curve “No catalyst” corresponds to the experiment where no sample was 

used as catalyst and only the 4CP solution was irradiated by the UV light. Since no 

appreciable concentration change is seen in this experiment, it can be deduced that in 

other experiments, which were performed using a catalyst, 4CP was degraded by photo-

activated TiO2 films. The photocatalytic results (Tab.8.1) are in agreement with the 

electrical properties discussed back in section 8.3.4. That is, the heterostructures grown 

at 500 oC have the highest photocatalytic efficiency. We think that the scattering effect 

of the domain boundaries in the film grown at 300 oC as well as the lower defect 

concentration in the films deposited at 700 oC is responsible for lower photocatalytic 

performance of these two heterostructures. Electrons and holes are both prerequisites 

for photocatalytic reactions which are generated through excitation of electrons from 
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the valance band to the conduction band of the semiconductor.14 Moreover, separation 

of e--h+ pairs is the key step of any photocatalytic reaction. 

 

 

Fig.8.14. Photocatalytic decomposition of 4CP under ultraviolet illumination by:  

(a) r-TiO2/c-YSZ/Si and (b) a-TiO2/c-YSZ/Si heterostructures. 
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Tab.8.1. Photocatalytic reaction rate constants (min.-1) of decomposition of 4CP. 

 

The defects, such as oxygen vacancies, are considered to act as functional electron 

traps to reduce the recombination of electrons and holes, resulting in a promoted 

photoactivity of TiO2 films.38,39 However, such defects may also act as charge 

recombination centers if their concentration exceeds a critical value. The amount of 

domain boundaries and the defect content are balanced in the heterostructures 

fabricated at 500 oC enabling them to decompose 4CP at the reaction rate constants of 

0.0087 (rutile) and 0.0124 (anatase) min.-1. The concentration of defects is raised at 

lower deposition temperatures leading to formation of deep level defects acting as 

recombination centers. Electron-hole recombination is an important competing 

process, since it decreases the carrier mobility and prevents them from reaching to the 

surface. The recombination of charge carriers at the deep level defects as well as the 

boundaries is responsible for diminishing the photocatalytic efficiency. The 

heterostructures grown at 700 oC are more photoactive than those grown at 300 oC; the 

reason might be its rougher surface and higher surface area, as shown in Fig.8.12. 

 

8.4. Conclusions 

Effects of substrate temperature and oxygen partial pressure on the formation of 

r-TiO2 and a-TiO2 on Si(001) substrate were investigated where c-YSZ was used as a 

                             Growth temperature (oC) 
 

Heterostructure  
300 500 700 

a-TiO2/c-YSZ/Si 0.0071 0.0124 0.0096 

r-TiO2/c-YSZ/Si 0.0046 0.0087 0.0056 
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buffer layer. It was found that using higher substrate temperatures and low oxygen 

partial pressures resulted in formation of rutile epitaxial films. On the other hand, 

anatase epitaxial films were obtained by decreasing the temperature and increasing the 

oxygen pressure. It was indicated that the oxygen pressure just before the deposition of 

the TiO2 film on the c-YSZ buffer layer, rather than that during the deposition, is the key 

factor determining the crystallographic structure of titania. The epitaxial relationship 

between silicon substrate and the YSZ buffer layer was established as 

[100](001)YSZ||[100](001)Si. The epitaxial relationships at the r-TiO2(100)/c-YSZ(001) 

and a-TiO2(001)/c-YSZ(001) interfaces were proposed as 

[0 ̅1](100)rutile||[010](001)YSZ and [110](001)anatase||[100](001)YSZ, respectively. Less 

defect content and more favorable crystallinity were confirmed by XPS and XRD studies 

in the films grown at higher temperatures. The films deposited at 500 oC had the 

smoothest surface and the highest electrical conductivity. These heterostructures also 

exhibited the highest photocatalytic efficiency as compared to those deposited at 300 

and 700 oC.  
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Chapter 9 

 

Nanosecond Switching in Wetting 

Properties of TiO2/c-YSZ/Si(001) 

Heterostructures Induced        

by Laser Irradiation 

 

We have demonstrated dark hydrophilicity of epitaxial rutile TiO2 (100) thin films, 

in which rapid switching from a hydrophobic surface to a hydrophilic surface was 

achieved using excimer laser irradiation. The TiO2/YSZ/Si(001) single crystalline 

heterostructures were grown by pulsed laser deposition and were subsequently 

irradiated by a single pulse of a KrF excimer laser at several energies. The wettability of 

water on the surfaces of the samples was evaluated. The samples were hydrophobic 

prior to laser annealing and were hydrophilic after laser annealing. Superhydrophilic 

surfaces were obtained at higher laser energy densities (e.g., 0.32 J.cm-2). The 

stoichiometries of the surface regions of the samples before and after laser annealing 

were examined using XPS. The results revealed the formation of oxygen vacancies on 

the surface, which are surmised to be responsible for the observed superhydrophilic 

behavior. It is envisaged that the concurrent formation of oxygen vacancies and Ti3+ 

defects from laser annealing and, therefore, introduction of mid-band states is 
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responsible for a dark hydrophilicity phenomenon, in which UV illumination is not 

necessary for excitement of TiO2. According to the AFM images, surface smoothening 

was greater in films that were annealed at higher laser energy densities. The samples 

exhibited hydrophobic behavior after being placed in ambient atmosphere. The origin 

of laser induced wetting behavior was qualitatively understood to stem from an 

increase of point defects near the surface, which lowered the film/water interfacial 

energy. This type of rapid hydrophobic/hydrophilic switching may be used to facilitate 

fabrication of electronic and photonic devices with novel properties.   

 

9.1. Introduction 

The physical and chemical properties of semiconductors such as titanium dioxide 

(TiO2) can be precisely manipulated if the surface phenomena are precisely controlled. 

Among semiconducting materials, TiO2 has attracted extensive interest due to its 

potential use in electronic and photonic devices. TiO2 has been considered for use in 

photocatalysts,1-4 solar cells,5-7 high-temperature gas sensors,8 surface-enhanced 

Raman scattering (SERS) sensors,9 photonic devices,10 UV detectors,11 photoanodes,12 

and other applications. In addition, hydrophilic TiO2 films have been considered for use 

as antifogging and self-cleaning surfaces.13-16  

The commonly accepted mechanism of hydrophilicity in TiO2 and other 

semiconductors is based on the generation of e--h+ pairs at the conduction and valence 

bands, which are excited by photons with energies higher than the band gap energy. 

This phenomenon initiates various redox reactions at the semiconductor surface. The 
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photogenerated electrons and holes are trapped by surface Ti4+ and O2- ions to produce 

Ti3+ ions and oxygen vacancies, respectively. As such, creation of photo-induced 

hydrophilic surfaces involves formation of partially reduced TiO2. This model stipulates 

that dissociative adsorption of water molecules occurs at the defect sites.17,18 Even 

though reduction of Ti4+ cations to the Ti3+state and formation of oxygen vacancies by 

photon illumination is a well-known mechanism for generation of a hydrophilic 

surface,19 we believe that there are other mechanisms (e.g., annealing in vacuum, 

annealing in  a reducing atmosphere, and laser treatment) for introducing point defects 

on the TiO2 surface. In our previous study, we showed that rutile(100) epilayers grown 

on c-sapphire substrates can exhibit photoactive behavior when illuminated by 

ultraviolet light or visible light after vacuum annealing.20 The observed photocatalytic 

behavior was attributed to formation of oxygen vacancies and titanium interstitial 

defects. In other studies by our group, we demonstrated that the electrical, magnetic, 

and optical properties of metal oxides can be systematically altered by laser irradiation; 

in these studies, changes to metal oxide properties were discussed in terms of defects 

and defect complexes that were created through interaction of energetic photons with 

the target material.21-23 It was revealed that oxygen vacancies that are generated by 

laser treatments play a critical role in altering the properties of the material. Lasers 

have been employed in variety of applications in the field of semiconductor technology, 

such as thin film deposition,24-27 annealing,21-23,28 and laser machining.29 Pulsed laser 

photons are strongly absorbed in the near surface regions of semiconductors when the 

photon energy exceeds the band gap energy. The absorbed energy is transferred to the 
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electronic system of the material within less than 10-12 of a second; in turn, this energy 

is transferred to the lattice in less than a nanosecond. Our previous work indicates that 

novel properties of semiconductor materials can be achieved by laser annealing of 

materials in a controlled manner.30-34  

In the previous chapter, thin film epitaxy and phase tuning of titania from rutile to 

anatase in TiO2/YSZ/Si heterostructures were discussed in detail.35 The motivation 

behind the present research is developing TiO2 surfaces that exhibit switchable wetting 

behavior. We show that the surface properties, in particular hydrophilicity, of rutile 

TiO2 epitaxial thin films can be manipulated through laser irradiation only; one pulse 

from the nanosecond KrF excimer laser facilitates switching between hydrophobicity 

and hydrophilicity. Such a rapid response opens new avenues for use of TiO2 in 

intelligent membranes, sensors, and smart catalysts.  

 

9.2. Experimental 

We grew cubic yttria-stabilized zirconia (YSZ) buffer layer and rutile TiO2 (100) 

epilayers on Si(001) substrates using pulsed laser deposition. The substrates were 

initially degreased in hot acetone for 10 minutes; the samples were subsequently 

ultrasonically cleaned in acetone and methanol each for 5 minutes at room 

temperature. The cleaned substrates were dried using purified nitrogen and 

immediately loaded into the deposition chamber. The chamber was evacuated to a 

background pressure of ~1×10-6 Torr using a turbomolecular pump that was backed by 

a rotary pump. A Lambda Physik (LPX200) KrF excimer laser with a wavelength of 248 
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nm and pulse duration of 25 ns was employed for ablation of the high purity rutile TiO2 

and YSZ targets and for laser annealing of the samples. The target-substrate distance 

was maintained at 4.5 cm and the targets were rotated during the depositions. For 

growth of YSZ and TiO2 films, the energy density and the repetition rate were 

maintained at 3.0-3.5 J.cm-2 and 5 Hz, respectively. The YSZ and rutile films were 

deposited at 750 oC and 700 oC, respectively. To effectively destroy the native oxide 

layer of the silicon, the YSZ films were deposited for 1000 pulses under vacuum 

followed by 1000 pulses under an oxygen partial pressure of 5×10-4 Torr. By employing 

a multitarget carousel, the rutile TiO2 thin films were deposited for 6000 pulses onto 

the YSZ template layers under an oxygen partial pressures of 5×10-4 Torr without 

breaking vacuum. The samples were cooled within the deposition chamber under an 

oxygen pressure of 1 Torr. Laser annealing was conducted in ambient atmosphere using 

one pulse of the aforementioned KrF excimer laser; annealing was performed at several 

energy densities.  

Details of characterization techniques were already explained in chapter 3. XRD, 

XPS, and wettability studies were performed on samples before and after laser 

annealing for comparison purposes. The phase structure of the samples was assessed 

by θ-2θ scan diffraction using a Rigaku X-ray diffractometer. Moreover, the in-plane 

orientation of the films was determined by φ-scan X-ray diffraction using a Panalytical 

X’Pert PRO MRD HR X-Ray diffractometer. Both diffractometers contained a CuKα X-ray 

source with λ= 0.154 nm. An X-ray photoelectron spectrometer (SPECS) with a Mgkα 

source (λ=1254 eV) and a PHOIBIS 150 hemispherical analyzer was employed to 
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examine the surface stoichiometry of the films. The results were interpreted using 

Version 4.1 SDP software; the binding energy of the C(1s) peak was set to 285.0 eV as a 

reference. The morphologies of the samples were examined using a Veeco atomic force 

microscope and the results were interpreted using Version 5.12r3 Nanoscope software. 

The wettability properties of the heterostructures were examined in ambient 

atmosphere by evaluating the behavior of deionized water droplets on the surfaces of 

the samples using optical photographs. We used a JEOL 2010F transmission electron 

microscope with a point-to-point resolution of 1.8 Å to study the atomic and 

crystallographic arrangements at the interfaces and to confirm the epitaxial growth. 

The microscope was operated at 200 kV. 

Wettability characteristics of the as-deposited and laser annealed samples were 

evaluated at room temperature in air, as explained in chapter 3. 

 

9.3. Results and discussion 

9.3.1. Microstructure and thin film epitaxy 

Results of θ-2θ and φ scans X-ray diffraction of the rutile/YSZ/Si(001) 

heterostructure are displayed in Fig.9.1. In this figure, epitaxial growth of rutile TiO2 

along its a-axis on the YSZ(001)/Si(001) platform is evident. The 2-fold symmetry along 

the a-axis of rutile and existence of four energetically equal domains on the YSZ(001) 

plane resulted in appearance of four strong φ-peaks from the rutile(110) reflection 

with angular intervals of 64.5o and angular separations of 32.25o from the YSZ(202) 

reflection.35 Note that the φ-patterns have been presented from 0o to 180o.   
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Fig.9.1. θ-2θ and φ patterns obtained from the TiO2/YSZ/Si(001) heterostructure. 

 

As schematically illustrated in Fig.9.2, the existence of the so called four equal 

domains is understood by considering that the 32.25o rotation can take place with 

respect to each side of the YSZ unit cell along its <001> axis. As such, four equal 

crystallographic orientations exist onto the YSZ(001) plane and the rutile unit cells 

aligns with any of them, leading to formation of four variants that are separated by low 

energy twin boundaries. Meanwhile, the presence of φ-peaks from Si(202) and 

YSZ(202) reflections at the same azimuthal angles confirms the epitaxial cube-on-cube 

growth of the cubic YSZ film on the silicon substrate. Thus, the epitaxial relationship 

between the YSZ buffer layer and the silicon substrate was determined as 
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{100}YSZ||{100}Si and <100>YSZ||<100>Si. The epitaxial relationship at the rutile/YSZ 

interface was shown to be (100)rutile||(001)YSZ, [0 ̅1]rutile||[010]YSZ, and 

[025]rutile||[100]YSZ.  

 

 

Fig.9.2. Schematic illustration of four equally probable orientations of the rutile film on the YSZ buffer. 

 

Fig.9.3a shows the bright field cross section micrograph of the TiO2/YSZ/Si 

heterostructure.35 The formation of columnar grains in the TiO2 film indicates the 

presence of in-plane rotation, which was discussed earlier. Such a structure is not 

observed in the YSZ layer due to cube-on-cube growth. The epitaxial growth and the 

proposed epitaxial relationships are confirmed by the indexed selected area electron 

diffraction pattern that was acquired from the films and the substrate; this pattern is 

shown in the inset of Fig.3a. The HRTEM image of the interfaces (Fig.9.3b and Fig.9.3c) 

shows that the TiO2/YSZ interface is atomically sharp; no reaction layer at the 

interfaces was noted.  
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Fig.9.3. (a) Bright field cross section micrograph and the selected area electron diffraction of the 

TiO2/YSZ/Si(001) heterostructure, showing rutile[031], YSZ[1 ̅0], and Si[1 ̅0] zones, (b) High resolution 

image of the rutile/YSZ interface, and (c) High resolution image of YSZ/Si(001) interface. 

 

The d-spacing values among (05 ̅)rutile, (011)rutile, and (400)YSZ planes were 

calculated to be approximately  0.78 Å, 2.49 Å, and 1.28 Å, respectively. In accordance 

with the domain matching epitaxy (DME) paradigm,36 32 planes of TiO2 match with 31 

planes of YSZ with a frequency factor of ⍺=~0.1 in order to fully relax the misfit strain 

along the rutile [0 ̅1] orientation. The 33/32 and 32/31 matchings are shown in Fig.9.4. 

The misfit strain along the rutile [025] direction is relaxed through alternation of 2/1 

and 3/2 domains; the frequency factor associated with this process is approximately 

0.56.  

Fig.9.5 shows the θ-2θ patterns of the rutile/YSZ/Si samples that were laser 

annealed using several energies. The results confirm that no new phase was formed by 

laser treatment. In addition, no new out-of-plane orientation was noted. Consequently, 

it can be deduced that the tetragonal structure of the rutile TiO2 films with a [100]-

orientation normal to the substrate surface was preserved after the laser treatment. It 
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was found that the full width at half maximum of the rutile(200) peaks increased with 

higher laser energy density values. In addition, a small peak shift toward lower 2θ 

values was observed at higher energies. These characteristics are attributed to the 

formation of lattice defects due to the interaction of a high energy laser beam with the 

material.22-24 Such defects introduce residual strain to the crystallographic lattice and 

may alter the inter-planar spacing.  

 

 

Fig.9.4. Matching of crystallographic planes to relax the misfit strain across the rutile/YSZ interface. 

 

9.3.2. Morphology 

The effect of laser energy on the surface morphology of annealed TiO2 thin films 

was investigated using atomic force microscopy (Fig.9.6). It is observed that greater 

surface smoothening occurred when the laser energy was increased; this phenomenon 

was particularly evident in samples irradiated with energy densities of 0.28 and 0.32 

J.cm-2. Surface smoothing occurs as a result of the evaporation of a very thin surface 
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layer at higher energy densities.37 We believe that the low energy laser annealing (0.16 

J.cm-2) only caused heating of a very thin layer, thereby preserving the grain features 

and surface roughness of the sample. 

 

 

Fig.9.5. θ-2θ XRD patterns of laser annealed samples that were prepared using several laser energies. 
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Fig.9.6. Surface morphology of the laser annealed samples. Data for samples annealed at  

energies of: (a) 0.16, (b) 0.21, (c) 0.28, and (d) 0.32 J.cm-2 are shown. 

 

The bright field cross-section image obtained from the sample that was annealed 

with an energy density of 0.32 J.cm-2 is displayed in Fig.9.7; the laser affected region is 

clearly seen near the surface of the sample.  

 

 

Fig.9.7. Low magnification bright field TEM image obtained from a sample  

that was laser annealed with an energy density of 0.32 J.cm-2. 
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In nanosecond laser processing, the short thermal diffusion distances and the 

large dimensions of the laser beam compared to the melt depth limit the thermal 

gradients parallel to the interface to many orders of magnitude less than the gradients 

present perpendicular to the interface, thus essentially making it a one-dimensional 

heat flow problem.38 The SAED pattern shown in the inset reveals that the epitaxy and 

initial structure of the rutile thin film has not changed after laser annealing. This images 

shows that properties of materials can be altered in a precisely controlled way by laser 

treatment in the near surface regions, while original properties in the bulk are 

preserved.    

 

9.3.3. Stoichiometry 

Fig.9.8 depicts the high resolution XPS O(1s) core level binding energy of the as-

deposited (un-irradiated) sample. Peaks A and B, which are located at binding energies 

of approximately 532.8 and 531.7 eV, are assigned to H2O and OH compounds that are 

attached to the surface defects. The surfaces of metal oxides become hydrated in 

ambient atmosphere; as such, water molecules and hydroxyl groups are almost always 

present on free surfaces of oxide materials.39 Hydroxyl groups couple with surface 

oxygen vacancies; water molecules subsequently interact with these groups by means 

of hydrogen bonds. Peak C is located at the binding energy of about 530.2 eV; this peak 

is attributed to oxygen in the Ti-O-Ti bonding. In other words, this peak represents the 

perfect TiO2 structure. Peak D with a binding energy of approximately 528.7 eV is 

indirectly assigned to titanium interstitials. Located in the interstitial sites, these Ti 
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atoms donate three or four electrons to the host crystal and transform into Ti3+ or Ti4+ 

cations. The released electrons are captured by Ti4+ lattice cations. Therefore, lattice 

Ti2+ and Ti3+ cations, represented by peak D, form. 

 

 

Fig.9.8. XPS high resolution O(1s) core level binding energy for the as-deposited sample.  

The result of the wettability study is also shown in the inset. 

 

TiO2 is an n-type semiconductor and its electrical behavior is dictated by the 

inherent point defects (e.g., oxygen vacancies and titanium interstitials).40-42 These 

point defects are always present in TiO2 and control its physical and chemical 

properties. As is shown in the inset of Fig.9.8, the as-deposited sample exhibits a 

hydrophobic surface. The O(1s) spectra of the laser annealed samples are depicted in 

Fig.9.9. No new O-bonding was noted; as such, no new compound was formed on the 

surfaces of the films as well as in the near-surface regions of the films after laser 

treatment. We already showed that no new phase was formed after laser irradiation in 
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the bulk as well (Fig.9.5). It is important to note that the portion of peak B, which 

represented the concentration of oxygen vacancies, increased with higher laser energy 

density values. The portion of this peak was determined to be 13.4, 14.9, 18.3, and 19.5 

% for energy densities of 0.16, 0.21, 0.28, and 0.32 J.cm-2, respectively. The 

concentration of interstitial defects, which was deduced from consideration of peak D, 

increased with higher laser energy density values. The portion of peak C, which 

represented the perfect TiO2 lattice, decreased at higher laser energy density values. 

This information demonstrates that the defect content in the near surface regions 

increased with higher laser energy density values.  

 

 

Fig.9.9. XPS high resolution O(1s) core level binding energy for the laser annealed samples. Data are 

shown for samples annealed at energies of: (a) 0.16, (b) 0.21, (c) 0.28, and (d) 0.32 J.cm-2. 

 

9.3.4. Wettability characteristics 

Results of the wettability test are displayed in Fig.9.10; hydrophilic behavior was 

observed in the laser annealed samples, particularly in the sample irradiated at an 

energy density of 0.32 J.cm-2. It was found that the hydrophilicity of the samples 

increased with higher laser energy density values. Based on our previous studies,21-23 

laser irradiation leads to the formation of oxygen vacancies. We have also shown that 
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concentration of these defects increases when the laser energy or the number of pulses 

is increased. As discussed in the introduction section, dissociative adsorption of water 

molecules at oxygen vacancies is the mechanism behind the observed hydrophilicity. 

Because the concentration of oxygen vacancies increases with the laser energy, a more 

hydrophilic surface was obtained at higher laser energies.  

 

 

 

Fig.9.10. Results of the wettability studies for the laser annealed samples. Data are shown for  

samples annealed at energies of: (a) 0.16, (b) 0.21, (c) 0.28, and (d) 0.32 J.cm-2. 

 

When an oxygen vacancy forms, two Ti4+ cations have to be converted to Ti3+ to 

preserve the charge neutrality. In other words, Ti4+ ions trap two electrons that are 

generated when an oxygen anion leaves the lattice. Formation of Ti3+cations gives rise 

to a decrease in the band gap energy41 through introduction of mid-band states. Thus, 

the samples can get excited and generate e--h+ pairs without UV irradiation. The process 

of defective site formation on the TiO2 surface is explained by the following 

mechanism:43,44  

 

 

TiO2 + hυ             e- + h+                                                                                                                                                                               (9-1) 

O2- + 2h+            ½O2 + Oxygen Vacancy                                                                                      (9-2) 
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Ti4+ + e-            Ti3+                                                                                                                             (9-3) 

 

In our experiment, oxygen vacancies, prerequisite for hydrophilicity, form via 2 

different mechanisms. First, energy of the laser photons is absorbed by TiO2 via 

photoexcitation of the valance electrons to the conduction band giving rise to the 

formation of oxygen vacancies, according to the reaction 9-2. Second, temperature of 

the surface is increased due to the coupling of the high energy laser beam38 with the 

surface of the samples leading to reduction of TiO2 and, hence, formation of oxygen 

vacancies. Then a water molecule dissociatively adsorbs on the defect sites. As a result, 

a new hydroxyl group is produced, which is responsible for the highly hydrophilic 

surface.17 

The wettability of water on the surface of the laser annealed samples was 

measured after 1, 5, 10, and 24 hours. It was found that the samples became 

hydrophobic after exposure to ambient atmosphere. To shed light on the basis of this 

behavior, XPS measurements were obtained from the hydrophobic samples after 

exposure to ambient atmosphere; the results for these samples are shown in Fig.9.11.  

 

 

Fig.9.11. XPS O(1s) core level binding energies for the laser annealed samples after 24 hours. Data are 

shown for samples annealed at energies of: (a) 0.16, (b) 0.21, (c) 0.28, and (d) 0.32 J.cm-2. 
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As can be observed in the figure, a portion of the B peak significantly decreased 

after exposure to ambient atmosphere. The peak portions were determined to be 6.7, 

8.4, 10.1, and 12.6 % for samples processed with energies of 0.16, 0.21, 0.28, and 0.32 

J.cm-2, respectively. This result shows that surface oxygen vacancies are removed 

through absorption of oxygen from the atmosphere.44  

Since the defect characteristics but not the surface roughness are altered by 

exposure of the samples to ambient atmosphere, we concluded that point defects play a 

more important role than surface roughness in altering the photochemical properties of 

the samples.   

Three critical parameters that control hydrophilic and hydrophobic characteristics 

include σf (surface energy of the TiO2 film), σw (water surface energy), and σfw 

(TiO2/water interfacial free energy). In a hydrophobic surface, σf (low) < σw + σfw (high). 

In a hydrophilic surface, σf (high) > σw + σfw (low). Pulsed laser irradiation makes the 

surface more reactive by lowering the σfw; this process drives the surface to 

hydrophilicity. The surface smoothness facilitates further lowering of the σfw. Oxygen 

absorption and removal of the surface defects increase σfw and cause the surface to 

become hydrophobic.       

 

9.4. Conclusions 

We integrated single crystalline rutile TiO2 thin films with silicon (001) substrates 

and successfully induced dark superhydrophilicity in these films by laser annealing. It 

was surmised that Ti3+ and oxygen vacancy defects play critical roles in formation of 
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dark superhydrophilicity. The Ti3+ point defects introduce mid-band states within the 

band gap of TiO2, leading to a decrease in the effective band gap. Oxygen vacancies were 

responsible for introducing hydrophilic behavior. The laser-induced enhancement of 

hydrophilicity can be reversed by exposing the samples to ambient atmosphere; 

exposing the samples to ambient atmosphere may remove surface oxygen vacancies 

through absorption of oxygen. Point defects, namely oxygen vacancies or titanium 

interstitials, are always present in TiO2; these defects play an important role in 

modification of surface photochemical properties. Indeed, controlling these defects is 

essential for developing electronic and photonic devices with novel characteristics.  
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Chapter 10 

 

Enhancement of Photocatalytic Activity 

of Anatase TiO2 Single Crystalline Thin 

Films by Nanosecond Pulsed Excimer 

Laser Treatment  

 

We present a novel method for improving the photocatalytic efficiency of epitaxial 

c-axis anatase TiO2 thin films by a factor of 2 by using pulsed laser irradiation. The 

anatase films were epitaxially grown by pulsed laser deposition on Si(001) substrates, 

where a tetragonal yttria-stabilized zirconia (t-YSZ) buffer was used to effectively 

remove the native SiOx layer from the substrates prior to deposition of anatase. With 

the information from X-ray and TEM diffraction patterns, the epitaxial relationship 

across the interfaces was shown to be: (001)anatase||(001)t-YSZ||(001)silicon and 

[110]anatase||[110]t-YSZ||[001]silicon. Performing high temperature XRD, we observed that 

the anatase epilayers were stable up to 1100 oC, far beyond the normal anatase-to-rutile 

transition temperature (approximately 600-700 oC). The samples were subsequently 

laser annealed in air by a single pulse of KrF excimer laser beam at an energy density of 

approximately 0.3 J.cm-2. Based on the detailed HRTEM studies, the interface between 

the laser annealed and the pristine region as well as the anatase/t-YSZ interface were 
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crystallographically continuous. The XPS results revealed the presence of point defects 

and the XRD patterns showed some reduction and broadening after laser treatment. 

Photocatalytic activity of the pristine and the laser-annealed heterostructures was 

assessed by measuring the decomposition rate of 4-chlorophenol under UV light. The 

photocatalytic reaction rate constants were determined to be 0.0077 and 0.0138 min.-1 

for the as-deposited and the laser-treated samples, respectively. Such an appreciable 

enhancement was attributed to the formation of point defects, in particular oxygen 

vacancies, near the surface of the anatase thin films. Oxygen vacancies facilitate 

adsorption of 4-chlorophenol, hydroxyl, and water molecules to the titania surface. In 

addition, these defects trap the photogenerated electrons, giving rise to charge 

separation and, hence, improvement of the photocatalytic efficiency. The nanosecond 

photochemical enhancement may lead to fabrication of smart photocatalytic materials 

to address the needs of future photochemical devices.  

 

10.1. Introduction 

4-Chlorophenol (4CP) is a well-known toxic organic compound, which is found in 

the waste water of paper, dyestuff, pharmaceutical, and agrochemical industries. It is a 

non-biodegradable material, which is characterized by high toxicity as well as 

persistency in both water and soil. So far, different techniques have been employed to 

degrade and remove 4CP from the environment, including biological treatment, 

chlorination, and adsorption by activated carbon. However, efficient removal of 4CP by 

these methods is hindered due to their inherent disadvantages. As an example, 
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biological treatment usually requires long processing time to decompose 4CP. The 

carbon adsorption process using granular activated carbon has been commercialized; 

however, the spent carbon needs to be disposed of safely. The chlorination method 

generates carcinogenic by-products.1-5  

Arguably, semiconductor-mediated photodecomposition can be introduced as a 

more efficient technique to remove 4CP. In this process, 4CP is mineralized to CO2, H2O, 

and HCl through the reactions 5-4 to 5-7.6 According these reactions, e--h+ pairs are 

generated by photo-excitation of the catalyst, followed by reaction with oxygen and 

water molecules from the atmosphere to produce energetic •OH and O2
•− radicals. As is 

shown in reaction 5-7, 4CP molecules are oxidized to harmless products by reaction of 

•OH radicals. Generation and separation of the electrons and the holes are the critical 

steps for any photocatalytic reaction.7  

The efficiency of any photocatalytic processes is dictated by the initial number of 

e--h+ pairs and separation of them. One way to enhance the charge separation is by 

introducing point defects. The point defects are considered to act as functional traps 

that reduce the recombination of electrons and holes, resulting in enhancement of the 

photocatalytic activity of the semiconductor. In particular, the oxygen vacancies are 

believed to serve as electron traps; holes can freely approach the surface, react with 

water, and form •OH radicals.8,9 Of course, the point defects may also act as 

recombination centers since their energy level within the band gap is influenced by 

their concentration. That is, there is an optimum concentration beyond which the 

energy level of the defects shifts toward the middle of the band gap, where both 
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electrons and holes can get trapped and recombine. Position of the energy bands of the 

defect is affected by their environment.10,11  

As of today, various metal oxides (e.g., TiO2,
11-15 CeO2,

16 CuO,17 SnO2,
18 and 

WO3
19,20) in the pure and mixed forms have been utilized in heterogeneous 

photocatalytic removal of environmental pollutants. Among these oxides, titanium 

dioxide (TiO2) is an important semiconducting material that is widely used as a 

photocatalyst. It is chemically and biologically inert, photo-catalytically stable, 

commercially available, inexpensive, and environmentally safe.21  

In the field of semiconductor processing, laser treatment has been employed in a 

variety of applications such as thin film deposition, post-growth processing, rapid 

thermal annealing, and laser machining. In our previous studies,22-24 we showed that 

oxygen vacancies are generated by laser treatment of metal oxides. Hence, it is expected 

that the charge separation and, hence, the photocatalytic efficiency of TiO2 can be 

enhanced by laser annealing due to the formation of oxygen vacancies.  

The idea behind the present chapter is improvement of the photocatalytic 

efficiency of anatase TiO2 single crystalline thin films by nanosecond laser treatment. 

We show that the photocatalytic reaction rate constant is increased by a factor of 2 after 

laser annealing. We also show that anatase, the meta-stable phase of TiO2, is stabilized 

at elevated temperatures by thin film epitaxy and suitable buffering. The epitaxial 

nature of the anatase film is associated with high photocatalytic efficiency due to the 

absence of the grain boundaries, which scatter the charge carriers. The grain 

boundaries may also act as a recombination center for electron-hole pairs. Single 
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crystalline anatase films were shown to exhibit enhanced photocatalytic activity in 

comparison with polycrystalline samples.  

 

 

10.2. Experimental 

Pulsed laser deposition (PLD) technique was employed to grow epitaxial 

anatase(001) epilayers on tetragonal yttria-stabilized zirconia (t-YSZ) templates. The 

ablated material is ejected in a direction normal to the target surface in the form of a 

forward-directed plume and it is deposited as a film onto a substrate facing the 

target.25,26 We used Si(001) wafers as substrates. Before loading into the deposition 

chamber, the substrates underwent a multistep cleaning procedure including 

degreasing in hot acetone for 5 min., ultrasonic cleaning in acetone and methanol, each 

for 5 min. at room temperature. The substrates were, then, chemically etched in HF 

solution for 30 sec. and dried by high purity nitrogen jet. The PLD chamber was 

evacuated to a background pressure of ~8×10-7 Torr using a turbomolecular pump 

backed by a rotary pump. The anatase TiO2 and tetragonal YSZ targets were ablated by 

a Lambda Physik (LPX200) KrF excimer laser (λ=248 nm, τ=25 ns) at a laser energy 

density of 3.0-3.5 J.cm-2 and repetition rate of 5 Hz. To effectively destroy the native 

oxide layer of the silicon, the t-YSZ films were deposited for 1000 pulses under vacuum 

followed by a 1000 pulse deposition under the oxygen partial pressure of 5×10-4 Torr. 

More details on the mechanism behind removal of the amorphous SiOx layer by YSZ 

buffer can be found in our previous works.27 Afterward, the anatase thin films were 
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deposited for 6000 pulses onto the t-YSZ-buffered Si(001) platform under the oxygen 

partial pressures of 5×10-2 Torr. The substrate temperature was set at 750 and 500 oC 

for the deposition of t-YSZ and anatase films, respectively. The samples were cooled 

down inside the PLD chamber under an oxygen pressure of 1 Torr, so the films could be 

simultaneously annealed to remove the point defects and obtain high crystallinity films. 

The samples were laser annealed by a single laser pulse at the energy density of 0.30 

J.cm-2 which is below the melting threshold of TiO2.  

Details of characterization techniques were explained back in chapter 3. A Rigaku 

diffractometer and a Panalytical X’Pert PRO MRD HR X-Ray diffractometer, both 

working with a CuKα source at λ=0.154 nm, were employed to perform θ-2θ and φ scan 

XRD on the anatase/t-YSZ/Si heterostructures to evaluate their in-plane and the out-of-

plane orientations. A Siemens D5000 XRD equipped with custom made high 

temperature furnace28 and Cu-tube was utilized for high temperature phase analysis. X-

ray beam was conditioned by Gobel Mirror and measured using a Bruker Vantec-1 high 

speed detector. The samples were attached to a high purity alumina strip and placed 

into the high temperature furnace. Temperature of the samples was ramped at 30 

K/min. and the samples were held for 30 min. at each temperature prior to collecting 

the XRD patterns. A JEOL 2010F transmission electron microscope, operated at 200 kV, 

with a point-to-point resolution of 1.8 Å, was used to study the atomic and 

crystallographic arrangements across the interfaces and to confirm the epitaxial 

growth. The surface stoichiometry of the samples, before and after laser treatment, was 

studied by a SPECS XPS with an Mg-kα excitation of 1254 eV equipped with a PHOIBIS 
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150 hemispherical analyzer. C(1s) core level binding energy was set at 285.0 eV, as 

reference, to interpret the results. Details of photocatalytic studies were already 

explained in chapter 3. 

 

10.3. Results and discussion 

10.3.1. Microstructure and thin film epitaxy 

Fig.10.1 shows the θ-2θ XRD pattern taken from the pristine anatase/t-

YSZ/Si(001) heterostructure where growth of the anatase and the t-YSZ films along 

their [001] direction on the Si(001) substrate is confirmed.  

 

 

Fig.10.1. θ-2θ XRD pattern of the anatase/t-YSZ/Si(001) epitaxial heterostructure. 
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Only (00l) peaks of anatase, t-YSZ, and Si were present and rutile peaks were not 

observed. In order to study the in-plane alignment between the silicon substrate and 

the t-YSZ buffer layer, φ-scan XRD was performed on the Si(202) reflection at 

2θ=47.57o and ψ=45.00o and t-YSZ(101) reflection at 2θ=30.25o and ψ=55.20o and the 

corresponding results are displayed in Fig.10.2a.  

 

 

Fig.10.2. φ-scan patterns taken from: (a) Si(202) and t-YSZ(101) and (b) anatase(101) reflection. 
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A 45o rotation is seen in the t-YSZ layer with respect to the silicon substrate. With 

this information, the epitaxial relationship was established as [110](001)t-

YSZ||<001>{001}Si. Based on the domain matching epitaxy paradigm,30 16/15 and 15/14 

domains alternate with a frequency factor of 0.97 to accommodate the 6.2% misfit 

strain across the t-YSZ/Si interface. A possible atomic arrangement across the t-

YSZ(001)/Si{001} interface is proposed, as shown in Fig.10.3.  

 

 

Fig.10.3. Illustration of the crystallographic arrangement across the t-YSZ(001)/Si(001) interface. 

 

The in-plane alignment between the anatase top layer and the t-YSZ buffer was 

investigated by φ-scan XRD conducted on anatase(101) reflection at 2θ=25.28o and 

ψ=68.30o. It is observed (Fig.10.2b) that there is no in-plane rotation between the 

anatase and t-YSZ, i.e. a cube-on-cube growth takes place. Taking this information into 

consideration, the epitaxial relationship was expressed as (001)anatase||(001)t-YSZ and 
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[110]anatase||[110]t-YSZ. A possible atomic arrangement across the anatase/t-YSZ 

interface is shown in Fig.10.4. 

 

 

Fig.10.4. Schematic Illustration of the crystallographic arrangement across the anatase/t-YSZ interface. 

 

Cross-section TEM micrograph taken from the as-deposited sample is shown in 

Fig.10.5a. The selected area diffraction pattern (SAED) is also displayed in the inset 

which confirms the epitaxial relationships determined from the φ-scans. The SAED 

pattern in Fig.10.5 belongs to the Si[110], t-YSZ[100], and anatase[100] zones, 

highlighted in yellow, green, and red. In the epitaxial thin films, domains are separated 

by low angle boundaries which are crystallographically continuous and atomically 

sharp. This statement is evident in Fig.10.5b which displays a domain boundary in the 

anatase epilayer highlighted by the black square and arrows. The highly epitaxial 

growth of anatase on the t-YSZ[001]/Si<001> platform  and continuity of the domain 
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boundaries are both evident in the high resolution TEM image shown in the inset of 

Fig.10.5b. The carriers are not trapped or scattered at such boundaries.   

 

 

Fig.10.5. (a) Low magnification cross section image from the anatase(001)/t-YSZ(001)/Si(001) 

heterostructure and the corresponding SAED pattern and (b) A domain boundary in the  

anatase epitaxial film where an atomically sharp interface is observed.  
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Fig.10.6a depicts high resolution TEM image taken from the anatase/t-YSZ 

interface. The inverse FFT image of this interface is shown in Fig.10.6.b. 

 

 

Fig.10.6. (a) High resolution TEM image of the anatase/t-YSZ interface,  

and (b) Inverse FFT image of the anatase/t-YSZ interface. 
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It is seen that the interface is clean and atomically sharp with no evidence of 

interfacial reaction. To relax the 5% misfit strain at the anatase/t-YSZ interface, 20 

planes of anatase perfectly match with 21 planes of t-YSZ. It is worth mentioning that 

lattice constants along the silicon<100>, anatase[001], and t-YSZ[001] directions were 

considered as 5.43, 3.78, and 3.60 Å, respectively, in all of the above calculations. The 

inverse Fast Fourier Transform (FFT) of the anatase/t-YSZ interface is presented in 

Fig.10.6b, where alternating 21/20 domains are observed. 

Low magnification cross section TEM micrograph taken from the annealed sample 

is shown in Fig.10.7a. As is observed, the interface between the laser irradiated and 

pristine regions is parallel to the free surface of the sample. The reason for such a 

profile is that the thermal gradient parallel to the interface is much smaller than the 

gradient perpendicular to the interface to many orders of magnitude, due to the short 

thermal diffusion distance and the large dimensions of the laser beam compared to the 

melt depth, in nanosecond laser processing. Hence, one-dimensional heat flow 

conditions essentially prevail.31 A high resolution TEM image acquired from the 

interface between the annealed and pristine regions is depicted in Fig.10.7b. The same 

structures are observed on both sides of the interface and the interface is 

crystallographically continuous and atomically sharp. Meanwhile, the tetragonal 

structure has been preserved after laser annealing, since the laser energy density was 

below the threshold energy of melting of anatase. 

XRD pattern of the anatase/t-YSZ/Si(001) heterostructure after laser annealing is 

shown in Fig.10.8. Comparing the intensity of the anatase(004) peak with those of the t-
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YSZ(002) and Si(004) peaks, it can be deduced that the intensity of anatase peak is 

reduced in the annealed sample, because the formation of point defects results in a 

decreasing the structure factor and, consequently, a reduction in the peak intensity.  

 

 

Fig.10.7. (a) Cross section TEM image from the laser treated sample and (b) High resolution micrograph 

of the interface between the laser affected and the pristine regions. The interface is showed by arrows. 
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Fig.10.8. θ-2θ scan XRD taken from the laser annealed anatase/t-YSZ/Si(001) heterostructure. 

 

Oxygen vacancies and titanium interstitials result in local distortions of the lattice, 

which decreases the diffracted intensity as noted for the anatase(004) line. The XRD 

peak broadening and shift toward higher diffraction angles indicate formation of a 

defective structure due to the coupling of the laser beam with the anatase film.11-13. In 

our experiment, oxygen vacancies form through two different mechanisms. First, 
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energy of the laser photons is transferred to titania via photoexcitation of the valance 

electrons to the conduction band giving rise to the formation of oxygen vacancies, 

according the reactions 9-1 and 9-2. In addition, temperature of the surface is increased 

due to the coupling of the high energy laser beam31 with the surface of the samples 

leading to the reduction of TiO2 and, hence, formation of oxygen vacancies. Oxygen 

vacancies may convert to titanium interstitials through the reaction 2-1.32  

 

10.3.2. Stoichiometry 

We employed XPS to study stoichiometry and defect characteristics in the near 

surface regions of the pristine and the laser annealed samples. The O(1s) core level 

binding energy of the as-deposited and the annealed samples is shown in Fig.10.9a and 

Fig.10.9b, respectively.  

 

 

Fig.10.9. XPS O(1s) core level binding energy of the: (a) pristine and (b) laser annealed samples. 

 

Peaks A and B, which are located at the binding energies of about 532.8 and 531.7 

eV, are assigned to H2O and -OH compounds, respectively. The surface oxygen vacancies 
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are filled by hydroxyl groups originating from dissociative absorption of water at the 

defect sites. Such a hydroxylated surface usually forms when an oxide material is 

exposed to the atmosphere.33 Then, the subsequent water molecules attach to the 

hydroxyl groups by hydrogen bonds. This is the reason behind formation of peaks A and 

B. Therefore, concentration of the oxygen vacancies on the surface can be indirectly 

determined by portion of peak B. Peak C at the binding energy of 530.2 eV represents 

the perfect TiO2 structure with Ti-O-Ti bonds. Finally, peak D can be indirectly 

attributed to the oxygen atoms close to the titanium interstitial defects. The titanium 

interstitials donate three or four electrons to the host crystal and transforms to Ti3+ or 

Ti4+ ions.10 The tri-valent Ti interstitial ions remain in equilibrium with four-valent Ti 

ions.34 These electrons are trapped by the lattice Ti4+ cations leading to the formation of 

lattice Ti2+ cations. Meanwhile, since the interstitials are positively charged, the oxygen 

anions relax toward the interstitials resulting in an elongation in the neighboring Ti-O 

binds and, hence, a decrease in their binding energy. Peak D represents such elongated 

bonds. 

The oxygen vacancies and titanium interstitials are the most probable point 

defects of TiO2 which dictate its physical and chemical properties.35-37 The portion of 

peak B was determined to be 8.7 and 19.9 % in the as-deposited and laser treated 

samples, respectively. So, concentration of the oxygen vacancies is noticeably increased 

by laser irradiation. These results are in agreement with our previous studies on other 

metal oxides where we observed systematic change in optical, electrical, and magnetic 

properties of NiO and ZnO epilayers, after laser treatment.11-13 
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10.3.3. Thermal stability of anatase in epitaxial heterostructures 

Fig.10.10 shows XRD patterns of the anatase/t-YSZ/Si(100) heterostructure at 

elevated temperatures, between 300 and 950 oC at intervals of 50 oC. For each XRD 

measurement, the samples were held for 30 min. at each temperature. The inset 

displays the room temperature XRD pattern of a sample heated to 1100 oC, kept for 4 

hours, and, then, cooled to the room temperature inside the furnace. Only anatase XRD 

peaks are observed with increasing temperature up to 1100 oC, and the epitaxy is 

maintained at all temperatures.  

As shown in Fig.10.11, we note that the intensity of the anatase(004) line 

increases with temperature starting at about 700 oC, suggesting that the defects are 

removed by oxidation of the sample and thermal annealing to eliminate oxygen 

vacancies and titanium interstitials. Fig.10.11 shows that the intensity of the 

anatase(004) peak, but not the t-YSZ(002) peak increases drastically with the 

temperature, because oxygen can interact with the anatase top layer directly to remove 

the point defects; however, the t-YSZ buffer film is shielded by the anatase film and, 

therefore, cannot be annealed efficiently. This phenomenon leads to increase of the 

Ianatase(004)/It-YSZ(002) ratio with the temperature, as shown in the inset of Fig.10.11. It is 

interesting to note that anatase is the metastable phase of TiO2 and, in the bulk form, it 

transforms into the rutile polymorph above 600-800 oC.38-40 For example, about 80% of 

anatase should get converted to rutile within only 30 min. at 875 oC.41 The reason 

behind the observed thermal stability is thin film epitaxy and use of a proper template. 

Lattice parameters of tetragonal YSZ along its c-axis (a=b=3.64 Å) are very close to 
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those of anatase (a=b=3.78 Å). Therefore, any phase transformation to rutile (a=b=4.59 

Å and c=2.96 Å) introduces larger misfit strains. Based on the domain matching epitaxy 

paradigm,30 more dislocations are required to relax larger misfits. Taking into account 

the energy of the misfit dislocations, the strain free-energy makes the phase 

transformation of anatase to rutile on the t-YSZ/Si platform quite prohibitive. 

 

 

Fig.10.10. XRD patterns collected from the anatase/t-YSZ/Si heterostructure at elevated temperatures. 
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Fig.10.11. Intensity of the anatase(004) and t-YSZ(002) characteristic peaks.  

The inset shows Ianatase(004)/It-YSZ(002) ratio at different temperatures. 

 

The stability of the anatase single crystalline thin films deposited onto the t-

YSZ/Si(001) platform and maintaining the epitaxy are further ascertained by the TEM 

image presented in Fig.10.12 and the SAED pattern shown in the inset. This image 

belongs to the sample annealed at 1100 oC for 4 hours. Formation of a thick SiO2 layer in 

between the Si(001) substrate and the t-YSZ buffer is interesting. This layer formed due 

to the chemical reaction of silicon with the oxygen from the  

t-YSZ buffer layer or oxygen from the atmosphere at elevated temperatures. However, 

as the SAED pattern shows, this layer does not alter the epitaxial growth and the 

structure of the top layers, because those layers have been already formed. 
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Fig.10.12. Low magnification TEM cross section image and the SAED pattern of the  

anatase/t-YSZ/Si heterostructure annealed at 1100 oC for 4 hours. 

 

 

10.3.4. Photocatalytic efficiency 

Results of the photocatalytic studies are presented in Fig.10.13. As the inset of this 

figure shows, the concentration of 4CP decreases over time with ultraviolet irradiation 

which confirms the decomposition of 4CP. To confirm that the 4CP is degraded by the 

catalyst and not just the UV light, an experiment was performed without any TiO2 

sample inside the cell. The curve “No catalyst” represents the results of this experiment 

where no considerable change is observed in the 4CP concentration. Hence, it is 

deduced that, in other experiments, 4CP is degraded photocatalytically. To 

quantitatively compare the photocatalytic efficiency of the anatase films, the 
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photocatalytic reaction rate constant (k) was calculated by the equation ln(C/Co)=-kt 

where Co is the initial concentration of 4CP at t=0 and C represents the concentration of 

4CP at time t.  

 

 

Fig.10.13. Effect of laser annealing on the photocatalytic efficiency  

of the anatase/t-YSZ/Si(001) thin film heterostructure. 

 

It is worth mentioning that the photocatalytic decomposition of 4CP follows 

pseudo-first-order kinetics. Fig.10.13 delineates changes of ln(Co/C) as a function of the 



236 
 

irradiation time. Slope of the straight lines express k which was determined as 7.7×10-3 

and 13.8×10-3 min.-1 for the pristine and the laser treated samples, respectively. Thus, it 

is deduced that the photocatalytic activity increases significantly after excimer laser 

annealing. As already indicated, the concentration of oxygen vacancies in the anatase 

structure increases after laser treatment. The oxygen vacancies introduce a donor 

energy level below the conduction band of titania and trap the photogenerated 

electrons.8,42,43 Consequently, charge separation is enhanced41 and the positive holes 

which are a prerequisite for photocatalytic decomposition of 4CP (reactions 3 and 4) 

can approach the surface to participate in the chemical reactions without 

recombination with electrons. Oxygen vacancies have the same role in other metal 

oxides, such as ZnO, as well.45 In addition, oxygen vacancies at the TiO2 surface promote 

the adsorption of 4CP molecules. It has been demonstrated that the surface of reduced 

TiO2 layers is more acidic than that of perfect TiO2. The increased acidity can generate a 

higher affinity for species with unpaired electrons; therefore, these films could absorb 

more OH− or H2O, and create more hydroxyl radical necessary for photo-oxidation 

reactions.46 These three phenomena give rise to a noticeable increase in photocatalytic 

efficiency of the anatase thin films after laser annealing.  

 

10.4. Conclusions 

The anatase TiO2 thin films were epitaxially grown on t-YSZ-buffered silicon 

substrates. The crystallographic alignment between the anatase thin film and t-YSZ 

layer was determined. The formation of stoichiometric point defects as a result of 
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interaction of the laser beam with the titania samples was evaluated. We achieved 

considerable enhancement of the photocatalytic activity of anatase(001) epitaxial thin 

films by nanosecond laser annealing. It was shown that the laser treatment introduces 

stoichiometric point defects to the lattice which are surmised to play a critical role in 

separation of charge carriers and, therefore, improve the catalytic efficiency. Pulsed 

laser treatment is proposed as an efficient technique for altering the chemical and 

physical properties of the anatase TiO2. Epitaxial anatase films on t-YSZ/Si(100) 

substrate also exhibited an increasing thermal stability. No rutile phase was observed 

after 4 hours heat treatment at elevated temperatures up to 1100 oC.   
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Chapter 11 

 

Role of Substrate Crystallographic 

Characteristics on Structure and 

Properties of Rutile Epilayers 

  

To investigate heterostructures of interest for catalytic applications, we integrated 

rutile TiO2 epitaxial thin films with Al2O3(0001), Al2O3(10 ̅0), and Al2O3(01 ̅2) 

substrates and studied structure and properties of the epilayers as a function of the 

crystallographic characteristics of the substrate. The epitaxial relationship across the 

film/substrate interfaces was established as (100)rutile||(0001)c-sapphire and 

[001]rutile||[10 ̅0]c-sapphire, (001)rutile||(10 ̅0)m-sapphire and [100]rutile||[0001]m-sapphire, and 

(101)rutile||(01 ̅2)r-sapphire and [010]rutile||(01 ̅2)r-sapphire. The origin and the relaxation 

mechanism of stress and strain for each heterostructure were studied in detail. It was 

revealed that large lattice misfit strains relax easily even if the primary slip system is 

not active due to the epitaxial alignment between the film and substrate and orientation 

of the in-plane stresses. We also showed that even small misfit strains can relax 

provided that the primary slip system is active. The origin of the residual strains in the 

epilayers was found to be primarily due to thermal misfit and defect/impurity strains. 

In addition, the decomposition rate of 4-chlorophenol by the rutile/sapphire 
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heterostructures under ultraviolet illumination was measured. The (001)-plane was 

found to be the most photoactive face of rutile TiO2, while the (100)-plane showed the 

lowest photocatalytic activity. The difference in the photochemical characteristics was 

attributed to the atomic arrangement on different crystallographic surface planes.  

         

11.1. Introduction 

The naturally forming polymorphs of titanium dioxide (TiO2) are rutile, anatase, 

brookite, and TiO2(B). All of them are composed of octahedrally coordinated Ti4+ 

cations.1,2 The most thermodynamically stable polymorph of titanium dioxide is rutile, 

having a tetragonal crystalline structure (a=b=4.593 and c=2.959 Å, P42/mnm space 

group).3-5 It has been widely investigated owing to its interesting optical, electrical, 

photochemical properties. One of the most useful characteristics of rutile TiO2 is its 

ability to lose or recover stoichiometry under reduced or increased oxygen pressure; in 

other words, point defect microstructure and, therefore, properties can be easily 

manipulated in rutile.6,7 This is the main reason why this material is technologically 

important and has been widely used in versatile applications.  

TiO2 based epitaxial heterostructures, with precisely controlled out-of-plane 

(growth direction) and in-plane orientations over a large area, are of interest due to 

their scientific and technological importance. Controlled crystallographic structures can 

be used to manipulate properties of titania based heterostructures. Rutile TiO2 has 

three main high symmetry crystalline faces: (110), (100), and (001). These 

crystallographic planes are depicted in Fig.11.1.  
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Fig.11.1. Illustration of low-index faces of rutile: (a) (110), (b) (100), (c) (001), and (d) (101). 

 

The most thermally stable face is (110) which has been widely studied. This face 

(Fig.11.1a) exhibits atoms with different environments. It has rows of bridging oxygen 

anions connected to two 6-coordinated Ti atoms. Meanwhile, there are rows of 5-

coordinated Ti atoms running parallel to the rows of bridging oxygens and alternating 

with them. In other words, there are also two kinds of oxygen anions on this face. One is 
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threefold coordinated and is localized in the surface plane. The other one is prominent 

from the surface around 1 Å and is doubly coordinated. The (100) face, shown in 

Fig.11.1b, is sometimes called as “sawtooth” orientation of rutile and exhibits the same 

three kinds of atoms as the (110) face does. It has alternating rows of bridging oxygens 

and 5-coordinated Ti atoms existing in a different geometric relationship with each 

other. There are double rows of bridging oxygens alternating with single rows of 

exposed Ti atoms which are of the equatorial type rather than the axial type. The (100) 

face is thermally less stable and restructures above 475 oC. As is seen in Fig.11.1c, the 

(001) face exhibits two kinds of atoms as well: tetracoordinated titanium cations and 

twofold oxygen anions.  The tetracoordinated cations have a high unsaturated valence 

and, therefore, are very acidic. The (101) face, which is depicted in Fig.11.1d, exhibits 

two kinds of atoms: pentacoordinated titanium cations and twofold oxygen anions with 

two different Ti–O bond lengths. These faces have varying surface energies, i.e. 1.65 J.m-

2 for the (001), 0.89 J.m-2 for the (110), 1.12 J.m-2 for the (100), and 1.39 J.m-2 for the 

(101) face.3,8,9 It is envisaged that various atomic arrangements and surface energies 

should result in different physical and chemical characteristics. 

As it was pointed out, each face of rutile TiO2 shows different characteristics; thus, 

it is extremely critical to control the in-plane and out-of-plane directions of rutile 

epilayers for any specific application. In this study, we epitaxially integrated rutile TiO2 

with m-sapphire, r-sapphire, and c-sapphire substrates and investigated the growth 

orientation. Thin film epitaxy, microstructure of the epilayers, and film/substrate 

interfaces were studied in detail. Residual strains were measured and stress values 
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were calculated. The mechanism of stress relaxation was rationalized based on the 

crystallographic relationship between titania thin films and sapphire substrates. 

Photocatalytic properties of the samples were evaluated and a correlation between 

crystallographic characteristics and photochemical properties has been established and 

discussed. 

 

11.2. Experimental  

Rutile TiO2 thin films were deposited on c-sapphire (Al2O3(0001)), m-

sapphire(Al2O3(10 ̅0)), and r-sapphire (Al2O3(10 ̅2)) substrates by pulsed laser 

deposition (PLD) technique where a KrF excimer laser was used to ablate a high purity 

TiO2 target. The photon energy and pulsed duration of the laser beam were about 5.0 eV 

(λ=248 nm) and 2.5×10-8 sec., respectively. Using an optics system, the laser beam was 

focused onto the target surface to provide an energy density of about 3.0-3.5 J.cm-2. The 

repetition rate was set at 5 Hz. The deposition chamber was pumped down to a 

background pressure of better than 8×10-7 Torr. The rutile films were deposited under 

an oxygen partial pressure of 5×10-4 Torr at a substrate temperature of 750 oC for 15 

min. Subsequently, the samples were cooled down to room temperature in the 

deposition chamber under an oxygen pressure of 1 Torr. Details on the substrate 

pretreatment and cleaning procedure can be found in our previous works.6,10,11  

The microstructure of the rutile/sapphire heterostructures was studied in detail 

by X-ray diffraction where a 4-circle Huber diffractometer with a Cu-Kα source (λave = 

1.5418 Å) was employed. A graphite monochromator was placed between the X-ray 
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tube and sample to analyze the incident X-ray beam. We also used Soller slits, between 

the sample and detector, to analyze the diffracted beam. A JEOL 2010F transmission 

electron microscope with 0.18 nm resolution and Gatan image filter (GIF) attachment 

was used to carry out the microstructural studies. The microscope was operated at 200 

kV. Electron transparent samples were fabricated by a FEI Quant 3D FEG focused 

ion beam instrument. Stoichiometry of the samples was examined by X-ray 

photoelectron spectrometry using an SPECS instrument equipped with an Mg-Kα 

source (λ=1254 eV) and a PHOIBIS 150 hemispherical analyzer. The results were 

interpreted by SDP 4.1 software. The binding energy of the C(1s) peak was set to 285.0 

eV as a reference. Photocatalytic activity of the layers was evaluated according to the 

procedure explained in chapter 3. 

 

11.3. Results and discussion 

11.3.1. Microstructural studies 

11.3.1.1. Rutile TiO2/m-sapphire heterostructure  

Fig.11.2a shows a log-scale θ-2θ pattern acquired from the rutile TiO2 thin film 

deposited on m-sapphire substrate (Al2O3(10 ̅0)) where the growth of epitaxial or 

highly textured rutile TiO2 along its c-axis is clearly evident. Prior to the θ-2θ scan, the 

sample was aligned with the surface normal of Al2O3(30 ̅0) reflection along the 

diffractometer φ-axis within 0.01o. Rocking curves through the TiO2(002) reflection for 

different φ positions (Fig.11.2b) reveal that TiO2(001) planes are almost parallel to 

Al2O3(10 ̅0) planes with a tilt of about 0.15o in one direction. Laser reflection from the 
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substrate surface showed a 0.26° miscut. The observed tilt in the rutile film originates 

from a small deviation between the actual normal of the substrate surface and 

Al2O3[10 ̅0] orientation.  

 

 
Fig.11.2. (a) θ-2θ pattern acquired from the rutile TiO2(001)/Al2O3(10 ̅0) heterostructure and (b) 

Rocking curves taken from (002) reflection of rutile TiO2 using several φ-angles. 
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To confirm the epitaxial growth and determine the in-plane alignment between 

the rutile thin film and the sapphire substrate, φ-scan XRD was conducted on (101) 

reflection of rutile at 2θ=36.1o and ψ=32.8o and (10 ̅4) reflection of alumina at 

2θ=35.13o and ψ=51.77o and the corresponding results are depicted in Fig.11.3.  

 

 
Fig.11.3. Results of φ-scan XRD performed on rutile TiO2(001)/Al2O3(10 ̅0) heterostructure:  

(a) Rutile(101) reflection and (b) Alumina(10 ̅4) reflection. 
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The reason why only a single φ-peak from Al2O3(10 ̅4) is seen is that the trigonal 

(R3c) symmetry of the alumina crystal means that the (10 ̅ ̅) reflection is absent. 

However, rutile TiO2 has 4-fold symmetry about its [001] axis, so 4 strong φ-peaks from 

nominally identical ( ̅01), (011), (101), and (0 ̅1) reflections with azimuthal 

separations of 90o are observed.  

 

 
Fig.11.4. Results of φ-scan XRD performed on rutile TiO2(001)/Al2O3(10 ̅0) heterostructure:  

(a) Rutile(301) reflection and (b) Alumina(03 ̅0) reflection. 
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Taking this information into consideration, the epitaxial relationship across the 

rutile TiO2/m-sapphire interface is established as [100](001)rutile||[0001](10 ̅0)alumina 

and [100]rutile||[ ̅2 ̅0]alumina. We also performed φ-scan XRD on rutile (301) plane at 

2θ=69.4o and ψ=62.6o and (03 ̅0) plane of alumina at 2θ=68.26o and ψ=60.0o. The 

results, presented in Fig.11.4, shows a 0o and 90o in-plane rotation of TiO2(301) with 

respect to Al2O3(03 ̅0) which is in agreement with the established epitaxial 

relationship. The reason why ( ̅01) and (301) reflections from rutile TiO2 have much 

lower intensity than (031) and (0 ̅1) reflections is that the presence of a biaxial strain 

in the film shifts the positions of the diffraction peaks. As will be explained later, the 

two orthogonal TiO2 in-plane directions have different lattice parameters, i.e. 

[100]≠[010]. To acquire the φ-scan pattern shown in Fig.11.4, the diffractometer was 

aligned using the 2θ value of the (031) plane rather than the (301) plane; therefore, φ-

peaks from the (301) reflections have a weaker intensity. The stereographic projection 

(Fig.11.5) shows the alignment between other planes of rutile and m-sapphire.  

Based on the domain matching epitaxy paradigm,12 the misfit strain along the 

[100] axis of rutile is calculated to be 1 - 
    

    
 = +3.57% which can be accommodated by 

almost perfect matching of 28 planes of film with 27 planes of substrate. Along the 

[010] axis of rutile, 17/18 and 18/19 matching domains alternate with a frequency 

factor of about 0.36 to relax the -5.76% misfit strain (1 - 
    

    
 ). For the sake of 

clarification, 4.34 Å is the distance between two neighboring oxygen anions on the 

Al2O3(10 ̅0) plane running along [0001] direction. Fig.11.6a shows a low magnification 
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cross section TEM micrograph taken from the rutile(001)/sapphire(10 ̅0) 

heterostructure. 

 

  

 

Fig.11.5. Stereographic projection showing: (a) Rutile TiO2(001) and (b) Al2O3(10 ̅0) poles. 

 

The indexed selected area electron diffraction (SAED) pattern, displayed in the 

inset of Fig.11.6a, confirms the proposed epitaxial relationship. The pattern belongs to 

the [100] and [0001] zones of rutile and sapphire, respectively. A high resolution image 

acquired from the TiO2/Al2O3 interface is displayed in Fig.11.6b where formation of an 

atomically sharp interface and absence of any interfacial reaction are evident. Besides, 

alternation of 19/18 and 18/17 domains to relax the lattice misfit strain is observed in 

the inverse fast Fourier transform (FFT) image which is shown in the inset of Fig.11.6b. 

Please note that the FFT image has been rotated and its orientation does match with the 

high resolution image. 
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Fig.11.6. (a) Cross section TEM micrograph and indexed SAED pattern acquired from rutile/m-sapphire 

heterostructure. The SAED pattern belongs to rutile[100] and sapphire[0001] zones, (b) High  

resolution TEM image from the rutile/m-sapphire interface. Alternation of 19/18  

and 18/17 domains across the film/substrate interface is shown in the inset. 

 

High resolution θ-2θ scans were obtained from (002), (111), (301), and (101) 

planes of rutile TiO2 in order to calculate the residual strain along several orientations 

of the film, and the resulting lattice parameters are shown in Fig.11.7 and Tab.11.1.  

 

Tab.11.1. Interplanar spacing for several family of planes of rutile(001)/m-sapphire 

 heterostructure obtained from high resolution θ-2θ scans (Fig.11.7).  

 

 

 

 

 

 

 

 

 

 

 

Plane Measured (Å) Calculated (Å) Strain 

002 1.4770 1.4796 -0.0018 

111 2.1874 2.1874 0.0000 

 ̅01 1.3679 1.3599 +0.0059 

031 1.3545 1.3599 -0.0039 

101 2.4907 2.4876 +0.0012 

011 2.4812 2.4876 -0.0026 
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Lattice parameters of the rutile thin film are calculated to be a=4.630 Å, b=4.573 Å, 

and c=2.954 Å. Comparing these values with those of bulk rutile TiO2 (JCPDS 21-1276: 

a=b=4.5933 Å and c=2.9592 Å), the residual strains along a, b, and c axes of rutile are 

obtained as 0.80% (expansion), 0.45% (contraction), and 0.18% (contraction), 

respectively. Even though bulk rutile, with its tetragonal unit cell, has equivalent 

symmetries and structures along its [100] and [010] directions, different symmetries 

along the [0001] and [ ̅2 ̅0] orientations of m-sapphire substrate leads to a biaxial 

strain condition in the rutile TiO2 thin film. 

 

 

Fig.11.7. High resolution θ-2θ scans through: (a) TiO2(002), (b) TiO2(111), (c) TiO2(301), and (d) 

TiO2(101) faces of rutile epilayer deposited on Al2O3(10 ̅0) substrate. 
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Thermal strains, which appear after cooling from the growth temperature down to 

the room temperature, are different along different orientations of sapphire due to the 

different thermal expansion coefficients. In the absence of dislocation relaxation, the 

thermal strain can be calculated via the following equation:13   

 

ɛT = (Tgrowth - Room Temperature) × (αfilm - αsubstrate)                                                           (11-1)  

 

where α is the thermal expansion coefficient. The thermal expansion coefficient of 

rutile along its [100] direction is about 6.99 × 10−6 K−1.14 The thermal expansion 

coefficient of alumina equals 5.3 × 10-6 and 4.5 × 10-6 K-1 for the directions parallel and 

perpendicular to the c-direction, respectively. With this information, the thermal strain 

is calculated to be 0.18% along the a-axis and 0.12% along the b-axis of rutile. The 

thermal strains are small, but very difficult to relax. In fact, managing the thermal 

strains in thin film heterostructures has been one of the scientific challenges for 

technological applications. Smaller strains are more difficult to relax, since the critical 

thickness beyond which the system (thin layer) can, from a thermodynamic point of 

view, accommodate misfit dislocations becomes larger; as such, the dislocations, which 

nucleate at the free surface of the growing film, cannot reach the film/substrate 

interface to relax the strain due to the large glide distance, i.e. the distance between the 

free surface of the film and the film/substrate interface. This issue is more critical in the 

highly ionic materials such as TiO2 because of large lattice friction stress needed for 

dislocation glide. In contrast, in large misfit systems, the critical thickness is in an order 
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of a couple of monolayers through which misfit dislocations are able to glide and reach 

the interface easily. Ease of dislocation glide is also governed by the slip systems of the 

material; however, the slip systems are not determined within the first couple of 

monolayers of the material, so the dislocations can approach the interface even if the 

primary slip system is not active due to the growth direction of the film. Another reason 

for the different strains along [100] and [010] axes of the rutile epilayer is the miscut on 

the substrate surface. Surface miscut leads to surface steps with a spacing of L=d/θ 

where d and θ are step height and the projected angle in radians, respectively. 

Dislocation nucleation is easier in one direction, i.e. the miscut direction.  

From the unrelaxed residual strains along orthogonal orientations of the rutile 

unit cell and assuming isotropic characteristics, Poisson’s ratio (υ) can be obtained as 

following:13  

 

ɛzz = 
   

   
 × (ɛxx + ɛyy)                                                                                                                       (11-2) 

 

where ɛzz is the strain along the out-of-plane orientation of the rutile film and ɛxx 

and ɛyy are the in-plane strains. The Poisson’s ratio is obtained as 0.22 for the rutile TiO2 

epilayer deposited on m-sapphire substrate. It is worth mentioning that the Poisson’s 

ratio equals 0.28 for bulk rutile TiO2.15 The lattice misfit stress in the rutile TiO2 

epilayer was calculated by the following formula: 

 

σxx(yy) = 
       

   
 × ɛxx(yy)                                                                                                                  (11-3) 
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where σxx(yy) and ɛxx(yy) are the stress and strain along the x(y)-direction, μ 

represents the shear modulus (118 GPa for rutile TiO2
16), and υ is the Poisson’s ratio. 

The lattice misfit stresses are calculated to be σa = 13.29 GPa and σb = -21.44 GPa. It 

should be mentioned that the stress along the c-axis of rutile (out-of-plane orientation) 

is zero, although the strain does not equal zero. For a dislocation to be able to glide, the 

critical resolved shear stress (τr = σ × cosφ × cosλ, where φ is the angle between normal 

of the slip plane and stress (σ) direction and λ is the angle between the slip direction 

and direction of the stress (σ)) has to be larger than the yield stress of the material. The 

yield stress of rutile TiO2 is considered to be about 3.0 GPa.17 The primary slip system in 

rutile TiO2 has been found to be ½< ̅01>{101}.7 Taking the [10 ̅](101) slip system as 

an example, as is shown Fig.11.8, cosφ × cosλ is calculated to be about 0.453 for σa and 

zero for σb. Thus, τr is obtained as 6.02 GPa for the stress along the a-axis. Similar 

calculations can be done for the [01 ̅](011) slip system. In this case, cosφ × cosλ is 

obtained as zero and about 0.455 for σa and σb, respectively. With this information, τr is 

obtained as -9.76 GPa for the stress along the b-axis. As is seen, in both cases, the critical 

resolved shear stress is larger than the yield stress of rutile TiO2; consequently, the 

misfit dislocations nucleating onto the free surface of the growing rutile epilayer should 

be able to glide and reach the film/substrate interface to fully relax the misfit strain. 

Hence, the lattice misfit strains get fully relaxed. 

The lattice misfit strain along the b-axis relaxes more easily. The compressive 

strains are easier to relax, as nucleation of the misfit dislocations is easier under the 

compressive conditions.18 Dislocation nucleation/glide phenomena are followed by the 
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formation of surface steps. The step formation energy can be negative, giving rise to a 

decrease in the surface energy, if the dislocation relaxes a compressive stress, while it is 

always positive if the dislocation relaxes a tensile stress.18  

 

 

Fig.11.8. Schematic illustration of the rutile TiO2 unit cell and the ½[10 ̅](101) slip system. 

 

Under compressive strain conditions, the step formation process decreases the 

number of dangling bonds and, therefore, the surface energy. On the other hand, the 

number of surface dangling bonds increases when the strain is tensile. To relax a tensile 

strain, one extra half plane, i.e. misfit dislocation, needs to be inserted in the lattice; 

hence, one extra row of dangling bonds is added to the surface. However, one atomic 

plane and one row of dangling bonds are missing when a compressive strain relaxes.19 

As was explained earlier, the misfit strain is tensile along the a-axis and compressive 

along the b-axis of rutile, so the misfit strain along the b-axis is relaxed more easily. 
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11.3.1.2. Rutile TiO2/r-sapphire heterostructure 

A θ-2θ XRD scan was performed to study the out-of-plane alignment for the rutile 

TiO2 thin film grown on an r-sapphire substrate (Al2O3(01 ̅2)). The result is displayed 

in Fig.11.9a which confirms the growth of rutile TiO2 with its (101) planes parallel to 

the surface on r-cut sapphire. 

 

 
Fig.11.9. (a) θ-2θ pattern of the rutile TiO2(101)/Al2O3(01 ̅2) heterostructure and (b) Rocking curve 

taken from (101) reflection of rutile TiO2 along different φ-angles. 
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Fig.11.9b shows rocking curves conducted on the TiO2 (101) peak using several 

orthogonal φ-angles. As is seen, the TiO2(101) planes are not exactly parallel to 

Al2O3(01 ̅2) planes and there is a small tilt (~0.4o) in one direction as well as a peak 

splitting (±0.75o) into two orientations in the orthogonal directions. This tilting will be 

shown in a later stereographic projection. Laser reflection measurement from the 

sample surface showed a miscut of 0.12o of the substrate surface.  

In order to confirm the epitaxial growth and determine the in-plane alignment 

between the TiO2(101) thin film and the r-sapphire substrate, φ-scan XRD was carried 

out on several reflections. The results are depicted in Fig.11.10. With the information 

obtained from φ-patterns, the epitaxial relationship across the film/sapphire interface 

is determined to be (101)rutile||(01 ̅2)alumina and [010] rutile||[2 ̅ ̅0] alumina. The 

stereographic projection of TiO2[101] and Al2O3[01 ̅2] poles (Fig.11.11) shows the 

angular relation between other directions of the rutile epilayer and the sapphire 

substrate. In particular, the approximate position of the orthogonal a and c axes of the 

rutile tetragonal unit cell with respect to the substrate unit cell are as follows: 

[100]rutile||[0001]alumina and [001]rutile||[01 ̅0]alumina. As discussed earlier, there is a small 

tilt in the rutile thin film with respect to the substrate giving rise to TiO2 peak 

orientation splitting. The inset of Fig.11.11 displays the enlarged stereographic 

projection. The TiO2(101) peak is actually a split peak shown by the two red circles. 

From the TiO2(101) rocking curves shown in Fig.11.9b, the horizontal tilt is ~0.4o and 

the vertical splitting is ~±0.75o. Therefore, there are some small deviations in the actual 

epitaxial relationships from the nominal alignments described above. 
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Fig.11.10. φ-scan patterns taken from rutile TiO2(101)/Al2O3(01 ̅2) heterostructure: (a) Rutile(200),  

(b) Rutile(002), (c) Rutile(121), and (d) Alumina(0006) reflections. 
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Fig.11.11. Stereographic projection showing: (a) Rutile TiO2(101) and (b) Al2O3(01 ̅2) poles. 

 

 

The misfit strain along the b-axis of rutile is calculated to be 1 - 
    

    
 = +3.75% 

which is relaxed through a perfect matching of 28 planes of TiO2 with 27 planes of 

sapphire. The in-plane direction perpendicular to the b-axis of rutile on the (101) face, 

is [ ̅01]. The misfit strain along this direction is calculated as 1 - 
    

    
 = -6.43% which is 

accommodated by alternation of 15/16 and 16/17 domains with a frequency factor of 

about 0.54. A cross-section TEM image as well as the indexed SAED pattern taken from 

the rutile(101)/r-sapphire heterostructure is depicted in Fig.11.12a where the 

established epitaxial alignment between the rutile TiO2 thin film and the r-sapphire 

substrate is ascertained. The high resolution TEM micrograph, shown in Fig.11.12b, 

reveals formation of a sharp interface with no evidence of chemical reaction. 

Meanwhile, the arrangement of misfit dislocations across the film/substrate interface to 
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fully relax the lattice misfit strain is evident in the inset of Fig.11.12b. As is seen, 28 

planes of rutile match with 27 planes of sapphire to accommodate the misfit strain. It 

should be mentioned that the inverse FFT image has been rotated and has different 

orientation with respect to the high resolution image of the interface.     

 

 

Fig.11.12. (a) Cross section TEM image taken from rutile/r-sapphire heterostructure. The inset shows the 

indexed SAED pattern belonging to typical rutile[100] and sapphire[2 ̅ ̅0] zones, (b) High resolution 

micrograph of the rutile/r-sapphire interface. Matching of 28 planes of rutile with 27 planes 

 of sapphire to accommodate the lattice misfit strain is evident in the inset. 

 

To calculate the lattice parameters and the residual strain along several directions 

in the rutile TiO2 epilayer, high resolution θ-2θ scans were obtained from (101), (002), 

and (121) planes of rutile. Results are shown in Fig.11.13 and Tab.11.2. The lattice 

parameters obtained are a=4.590 Å, b=4.617 Å, and c=2.950 Å. Compared with bulk 

rutile TiO2, the film residual strains are generally small, with contraction in the out-of-
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plane surface normal as well as in the in-plane [ ̅01] direction, and expansion in the in-

plane [010] direction. As is listed in Tab.11.2, the residual strains for ( ̅01) and (101) 

families of planes are about -0.20% and -0.28%, respectively. Moreover, the residual 

strain for the (020) family of planes is found to be about +0.51%. With these data and 

using eq.11.2, the Poisson’s ratio is obtained as 0.3. 

 

 

 

Fig.11.13. High resolution θ-2θ scan obtained from: (a) TiO2(101), (b) TiO2(002), and  

(c) TiO2(121)/(211) faces of rutile epilayer grown on Al2O3(01 ̅2) substrate. 

 

Considering eq.11.3, the misfit stress for the (101) and (010) planes are calculated 

to be 15.78 and -28.42 GPa, respectively. Taking the ½[01 ̅](011) slip system, the 

resolved shear stress for the [010] direction is obtained as -12.94 GPa which is 

compressive and larger than the yield stress of rutile; therefore, the misfit strain should  

fully relax. The resolved shear stress for the [ ̅01] direction is calculated to be about 

4.41 GPa. This value is slightly larger than the yield stress. Hence, the residual strain has 

its origin in thermal and defect strains, as pointed out earlier.  

There are three primary sources of strains during the growth of thin film 

heterostructures, namely lattice misfit strain, thermal misfit strain, and strains coming 
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from dopants, impurities, and defects. These strains are additive during thin film 

growth.13 In view the above analysis, the residual strain in the rutile epilayer is 

attributed primarily to the thermal strain and defect strain. 

 

 

Tab.11.2. Interplanar spacing for several family of planes of rutile(101)/r-sapphire 

 heterostructure obtained from high resolution θ-2θ scans (Fig.11.13).  

 

 

 

 

 

 

 

 

11.3.1.3. Rutile TiO2/c-sapphire heterostructure 

Fig.11.14 displays results of θ-2θ XRD scan taken from the rutile TiO2 thin film 

deposited on a c-cut sapphire substrate. As was already shown by our group,20,21 rutile 

grows along its [100] orientation on a sapphire(0001) platform. Rocking curves 

acquired from rutile(200) peak using different φ-angles show no tilt in the film. 

Therefore, it is found that the TiO2(100) family of planes are quite parallel to the 

Al2O3(0001) planes. To determine the in-plane alignment between the TiO2 layer and 

the c-sapphire substrate, detailed φ-scan XRD was conducted on several reflections of 

Plane Measured (Å) Calculated (Å) Strain 

101 2.481 2.4876 -0.0028 

 ̅01 2.483 2.4876 -0.0020 

200 2.295 2.2967 -0.0009 

002 1.475 1.4796 -0.0030 

121 1.690 1.6875 +0.0014 

211 1.686 1.6875 -0.0009 
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titania results of which are depicted in Fig.11.15. Fig.11.15a shows the φ-pattern from 

(110) planes of rutile where the diffractometer was set at 2θ=27.4o and ψ=44.7o prior 

to the data acquisition. 

 

 

Fig.11.14. (a) θ-2θ pattern taken from the rutile TiO2(001)/Al2O3(0001) heterostructure and (b) Rocking 

curve acquired from (200) reflection of rutile TiO2 along several φ-angles. 
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Fig.11.15. Results of φ-scan XRD from rutile TiO2(001)/Al2O3(0001) heterostructure: (a) Rutile(110), (b) 

Rutile(101), (c) Rutile(111), and (d) Alumina(02 ̅4) reflections. 
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The reason behind appearance of 6 φ-peaks is the 2-fold symmetry in the rutile 

unit cell along its a-axis superposed on the 3-fold symmetry in the trigonal structure of 

the c-sapphire substrate. As is seen, the φ-signal from rutile(110) reflection rotates by 

30o with respect to that of alumina(02 ̅4) reflection. To record the φ-pattern from 

Al2O3(02 ̅4) reflection, the diffractometer was aligned at 2θ=52.6o and ψ=57.6o. The 

epitaxial alignment between the rutile TiO2 thin film and c-sapphire substrate is written 

as [001](100)rutile||[10 ̅0](0001)alumina, plus the symmetry-equivalent domains; 

moreover, b-axis of rutile aligns with sapphire[1 10] direction.  

Comparing the patterns presented in Fig.11.15 shows that the φ-peaks from {111} 

reflections are broader (Full width half maximum= ~8.1o) than those of the (110) or 

(101) peaks (FWHM= ~5.5o). The reason for this difference can be seen by examining 

the azimuthal alignments in the TiO2 and Al2O3 stereographic projections. Azimuthally, 

the TiO2(111) reflection is 32.8o from the TiO2(001) reflection, not 30o; or equivalently 

stated, TiO2(111) and TiO2(1 ̅1) reflections should be azimuthally separated by 65.6o, 

not 60o in a φ-scan.  We now assume that the film’s in-plane orientation is driven by the 

azimuthal alignment of TiO2(001) and TiO2(010) planes with Al2O3(10 ̅0) and (1 10) 

planes, i.e. the horizontal and vertical axes in the stereographic projections. Then, since 

the surface normal combines a twofold TiO2(100) axis with a threefold substrate(0001) 

axis, symmetry equivalent domains will be created corresponding to all ±60o rotations 

about the normal. The presence of these symmetry equivalent ±60o domains will 

azimuthally broaden the TiO2{111} reflections. Thus, our observation of larger FWHM 

widths in the {111} φ-scan confirms our assumption that epitaxy is driven by low-index 
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plane alignment at the interface. Alignment between other reflections can be 

determined from the stereographic projections in Fig.11.16.  

 

 

Fig.11.16. Stereographic projection showing: (a) Rutile TiO2(100) and (b) Al2O3(0001) poles. 

 

 

It was already revealed by our group11 that the rutile film initially grows 

pseudomorphically on c-sapphire as Ti2O3 and, after reaching the critical thickness, it 

grows tetragonally on the Ti2O3/sapphire platform. Formation of the Ti2O3 

pseudomorphic layer originates from the symmetry and chemistry mismatch between 

the tetragonal structure of TiO2 and trigonal structure of Al2O3. More details on thin film 

epitaxy in the rutile TiO2(100)/c-sapphire heterostructure  can be found in our 

previous works.10,11 The lattice misfits across the film/substrate interface are calculated 

to be +3.57% and +28.15% along the [010] and [001] directions of the rutile film. The 

misfit along the b-axis is accommodated by matching of 28 planes of the film with 27 
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planes of the substrate. The misfit strain along the c-axis of rutile is relaxed via 

alternation of 4/3 and 3/2 domains with a frequency factor of 0.55. To further confirm 

the abovementioned epitaxial relationship, we did φ-scan XRD on rutile(101) and 

rutile(111) reflections as well, and the corresponding results are presented in 

Fig.11.15b and Fig.11.15c. The angular distances between those reflections of rutile and 

sapphire(02 ̅4) reflection agrees with the established epitaxial relationship. For 

example, the azimuthal separation between rutile(101) plane and typical 

sapphire(02 ̅4) plane is zero which is completely identical with the 30o angular 

separation between rutile(110) and sapphire(02 ̅4) planes.  

Bright field TEM image and the indexed SAED patterns taken from [10 ̅0] and 

[2 ̅ ̅0] zones of sapphire (Fig.11.17a) confirm the proposed epitaxial alignment 

between the rutile thin film and the c-sapphire substrate. The high resolution image in 

Fig.11.17b manifests formation of a clean interface with no interfacial reaction.  

High resolution θ-2θ patterns were taken from different family of planes of rutile 

TiO2 in order to measure the interplanar spacing, lattice parameters, and the residual 

strain in the lattice (Fig.11.18a through Fig.11.18j and Tab.11.3). The lattice parameters 

are obtained to be a= 4.566 Å, b= 4.622 Å, and c= 2.952 Å, showing that the residual 

strain can be approximately described as an 0.6% in-plane expansion along TiO2[010], 

an 0.2% in-plane contraction along TiO2[001], and an 0.6% out-of-plane contraction 

along TiO2[100] direction. Using eq.11.2, the Poisson’s ratio is calculated as about 0.43 

which is much larger than that of the bulk rutile TiO2. The results indicate that the film 

is not relaxed. Comparing the residual strains in the systems which are under 
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consideration in this chapter reveals that the rutile(100)/sapphire(0001) 

heterostructure contains the largest residual strain, the reason behind which is the 

thermal strains and unrelaxed lattice misfit strains, as will be discussed later. Taking 

eq.11.3 into account, the lattice misfit stress along the b-axis and c-axis of rutile is 

obtained to be 21.32 and 168.08 GPa, respectively.  

   

 

Fig.11.17. (a) Cross section TEM image taken from the rutile/c-sapphire heterostructure. The inset shows 

SAED patterns from two different zones of the TiO2 film and sapphire substrate and (b) High  

resolution image from the rutile/c-sapphire interface along [2 ̅ ̅0] direction. 

 

As discussed earlier, the critical resolved shear stress (τr) must be larger than the 

yield stress of the material to enable the misfit dislocations to glide from the free 

surface of the TiO2 epilayer toward the film/substrate interface to relax the strain. 

Considering a ½[10 ̅](101) slip system, τr is calculated to be 0 and 76.25 GPa for the 

stress along the [010] and [001] axes, respectively. As is seen, the critical resolved shear 
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stress for σc is far beyond the yield stress of rutile TiO2. Furthermore, the critical 

thickness is of order of a couple of monolayers for σc, due to the large misfit along the 

[001] orientation (ɛc=28.15%), so the lattice misfit strain should fully relax. However, 

there is no primary slip system where the critical resolved shear stress along the b-axis 

does not equal zero; the critical thickness is also large in this case due to the small misfit 

strain. Consequently, the lattice misfit strain along the b-axis of rutile does not get 

relaxed, and, hence, the residual strain along [010] direction is larger, although the 

misfit strain is much smaller than that along [001] direction. 

 

Tab.11.3. Interplanar spacing for several family of planes of rutile(100)/c-sapphire  

heterostructure obtained from high resolution θ-2θ scans (Fig.11.18).  

 

 

 

 

 

 

 

 

 

The thermal expansion coefficient of rutile TiO2 in the c-axis direction is about 

9.36 × 10-6 K-1.14 This coefficient for different orientations of sapphire and rutile was 

already introduced. Using eq.11.1, thermal strain along [010] and [001] orientations of 

Plane Measured (Å) Calculated (Å) Strain 

200 2.2830 2.2966 -0.0058 

111 2.1819 2.1874 -0.0025 

101 2.4853 2.4876 -0.0010 

110 3.2564 3.2480 0.0026 

130 1.4595 1.4525 0.0048 

210 2.0486 2.0542 -0.0027 

220 1.6291 1.6240 0.0032 

121 1.6912 1.6875 0.0022 

211 1.6804 1.6875 -0.0042 
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the rutile epilayer is calculated to be 0.18% and 0.35%, respectively. The thermal strain 

along the c-axis of rutile is relatively large. The larger thermal strain and unrelaxed 

lattice misfit strain leads to the uneven Poisson’s ration in the rutile(100)/c-sapphire 

heterostructure. The difference between the thermal strain and the residual strain is 

related to the defect strain or unrelaxed lattice misfit strains. 

 

11.3.2. Photocatalytic characteristics 

Results of photocatalytic decomposition of 4CP by the UV-excited rutile epilayers 

are shown in Fig.11.19. To quantitatively study the influence of the crystallographic 

orientation on photocatalytic efficiency of the rutile TiO2 thin films, the photocatalytic 

reaction rate constant (k) was calculated. The photocatalytic decomposition of 4CP on 

the oxide surfaces follows pseudo-first-order kinetics. Therefore, the photocatalytic 

reaction rate constant can be obtained via the equation ln(C/Co)=-kt. In this equation, C 

represents the concentration of 4CP at time t, and Co is the initial concentration of 4CP 

at the beginning of the experiments (t=0). The curve “No catalyst” represents results of 

the experiment where no catalyst was used during the photocatalytic measurements 

and the 4CP solution was lonely irradiated by the UV light. Since no considerable 

change is observed in the 4CP concentration, it is deduced that 4CP was decomposed 

photocatalytically, and not by the UV light only.  

It was found that the (001) face of rutile has the highest photocatalytic activity 

among the crystallographic faces under consideration in this study. The [001] direction 

of rutile titania is the crystallographic direction of highest conductivity.   
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Fig.11.18. High resolution θ-2θ scans performed through: (a) TiO2(110), (b) TiO2(101), (c) TiO2(200), 

(d) TiO2(111), (e) TiO2(210)/(120), (f) TiO2(220), (g) TiO2(121), (h) TiO2(211), (i) TiO2(130), 

and (j) TiO2(130) faces of rutile epilayer grown on Al2O3(0001) substrate. 
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Fig.11.19. Role of out-of-plane orientation of rutile thin film on decomposition rate of 4CP. 

 

The c-axis of rutile is the crystallographic direction with the highest conductivity, 

because the rutile(001) face is more open comparing to the rutile(110) and rutile (100) 

faces. In fact, there is a network of channels perpendicular to the (001) surface, with a 

radius of about 0.8 Å. The increased conductivity of this face leads to a higher charge 

mobility; therefore, the photogenerated e--h+ pairs can reach the surface more easily 

and participate in the photocatalytic reactions. In contrast, the (100) face has less 

mobile surface charges, due to the presence of the bridging oxygen atoms, shown in 

Fig.11.1b, and the jagged surface structure inhibiting charge mobility across the 

surface.20-22 In addition, as it was shown back in Fig.11.1c, all oxygen anions are 2-fold-

coordinated and all titanium cations are 4-fold coordinated. This situation, which is 
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exclusively present on the rutile(001) surface, reveals that the (001) face of rutile has 

the highest number of broken bonds among low-index planes of rutile TiO2. It is worth 

remembering that (110) and (100) surfaces contain a mixture of 2-fold and 3-fold 

oxygen sites. The highest number of dangling bonds on the surface results in a large 

surface energy and, thus, higher chemical activity.21,23 

We compared surface chemical composition of rutile(001), rutile(101), and 

rutile(100) faces by XPS technique. O(1s) core level binding energies of rutile TiO2 

epilayers grown on different substrates are shown in Fig.11.20.  

 

 
Fig.11.20. XPS O(1s) core level binding energy in: (a)Rutile/m-sapphire,  

(b) Rutile/r-sapphire, and (c) Rutile/c-sapphire heterostructures. 

 

Peaks A and B, with the binding energies of about 532.9 and 531.6 eV, are assigned 

to water (H-O-H) and hydroxyl (-OH) compounds, respectively. Oxygen vacancies on the 

surface are filled by hydroxyl groups which have their origin in dissociative absorption 

of water at the defect sites. Such a hydroxylated surface usually forms when an oxide 

material is exposed to the atmosphere.24 Then, the subsequent water molecules attach 

to the hydroxyl groups by hydrogen bonds. Peak C at the binding energy of 530.0 eV 

represents the perfect TiO2 structure, i.e. Ti-O-Ti bonds. Finally, peak D can be indirectly 

attributed to the regions with oxygen deficiency. In other words, it represents the TiO 
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compound. The portion of peak B was determined to be about 24.2, 17.3, and 16.1 % for 

the rutile(100), rutile(101), and rutile(100) surfaces. These values show that the c-

plane of rutile TiO2 has the highest number of dangling bonds where the hydroxyl 

groups are attached. Besides, this face has the highest chemical reactivity compared to 

the (101) and (100) faces. 

 

11.4. Conclusions 

Epitaxial rutile TiO2 thin films were grown on m-cut, r-cut, and c-cut sapphire 

substrates by pulsed laser deposition technique. Structural and photochemical 

characteristics of heterostructures were investigated in detail. The out-of-plane 

alignment between the rutile thin layers and sapphire substrates was established as 

(100)rutile||(0001)c-sapphire, (001)rutile||(10 ̅0)m-sapphire, and (101)rutile||(01 ̅2)r-sapphire. The 

in-plane alignment was also shown to be [001]rutile||[10 ̅0]c-sapphire, [010]rutile||[0001]m-

sapphire, and [100]rutile||[2 ̅ ̅0]r-sapphire. The unrelaxed strains in the thin films were 

calculated. The thermal and defect strains were found to be the primary origin of the 

residual strains in the epilayers, and the lattice misfit strains were shown to be relaxed 

via matching of domains across the film/substrate interfaces. The relative 

photocatalytic activity of different faces of rutile TiO2 was shown to be in the following 

sequence: (001) > (101) > (100). 
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Chapter 12 

 

Semiconductor to Metal Transition 

Characteristics in VO2/TiO2/Al2O3  

Thin Film Heterostructures 

 

This chapter sheds light on the role of strain and thin film epitaxy on the 

semiconductor to metal transition (SMT) characteristics of single crystalline VO2 thin 

films. The VO2/TiO2 heterostructures of controlled orientations were epitaxially grown 

on m-cut, r-cut, and c-cut sapphire substrates. Detailed structural investigations were 

performed using high resolution XRD (2θ-θ and φ scans) and high resolution 

transmission electron microscopy techniques to correlate SMT properties with 

microstructural characteristics. Monoclinic (M1) VO2 thin films with (100), (001), and 

( ̅01) out-of-plane orientations were grown on TiO2(101)/r-sapphire, TiO2(100)/c-

sapphire, and TiO2(001)/m-sapphire platforms, respectively. The in-plane alignments 

across the interfaces was established to be [010](100)VO2||[010](101)TiO2, 

[100](001)VO2||[001](100)TiO2, and [010]( ̅01)VO2||[010](001)TiO2 for r-sapphire, c-

sapphire, and m-sapphire substrates, respectively. We were able to tune the SMT 

temperature of VO2 epilayers from about 313 K to 354 K (bulk Tc ≈ 340 K). The SMT 

characteristics were interpreted based upon the residual strain in the VO2 lattice, 
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particularly along the c-axis of tetragonal VO2. This research introduces the VO2 based 

single crystalline heterostructures as a potential candidate for a wide range of 

applications where different transition temperatures are required. 

 

12.1. Introduction 

Vanadium dioxide (VO2) is an n-type semiconductor with a band gap of 0.5-0.7 eV 

at room temperature. Bulk single crystals of VO2 exhibit an extremely sharp and 

ultrafast first-order phase transformation from a low temperature monoclinic state into 

a high temperature tetragonal state at about 340 K in the absence of internal and 

external stresses. This phase transformation results in a significant change in electrical 

and optical characteristics and is called a semiconductor to metal transition (SMT). The 

SMT phenomenon in VO2 is characterized by an abrupt change in resistivity and 

reflectivity within the infrared region of the spectrum by several orders of magnitude. 

The tetragonal polymorph (space group P42/mnm) with a metallic electrical behavior is 

stable at temperatures higher than about 340 K. The lattice constants of bulk tetragonal 

VO2 just above the transition are a=b=4.555 and c=2.851 Å. Upon cooling below 340 K, 

the regular V4+-V4+ pairs along the c-axis of the tetragonal structure transforms to 

alternating V4+-V4+ pairs along the a-axis of the monoclinic phase with separations of 

0.265 and 0.312 nm leading to a doubling of the unit cell. As discussed earlier, the room 

temperature polymorph of VO2 has a monoclinic structure (a=5.752, b=4.538, c=5.382 

Å, and β=122.65°) and belongs to the space group of P21/c.1-9 This phase is called M1. 

However, in the presence of internal and external stresses and strains, the formation of 
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a transient monoclinic phase M2 (a=9.06, b=5.80, c= 4.25 Å, β=91.8o) which is an 

intermediate of the M1 and rutile phases, often broadens the transition characteristics. 

The formation of the M2 phase in thin film heterostructures is caused by internal 

stresses and constraints imposed by substrates, which can be controlled by epitaxial 

growth orientations and relaxation of stresses and strains.10  

The semiconductor to metal transition (SMT) is strongly influenced by the strain 

along the amonoclinic or ctetragonal axes, which needs to be controlled for reliable device 

performance [8]. The SMT characteristics in VO2 thin films, namely T (SMT sharpness), 

A (SMT amplitude), and H (SMT thermal hysteresis), are influenced by the nature of 

the microstructure. Based on the model developed by Narayan et al.,5 these features of 

the SMT are affected by the defect content, grain size, and nature of boundaries. As was 

explained earlier, the c-axis of the tetragonal unit cell undergoes a large change during 

SMT, so any expansion or contraction along the tetragonal [001]-direction significantly 

alters the SMT temperature. In other words, the SMT temperature is dictated by the 

strain in the VO2 films. Basically, there are three kinds of strains in thin films: misfit 

strain, defect strain, and thermal strain which are cumulative.11 The misfit strain is 

believed to get relaxed, in accordance with the domain matching epitaxy paradigm 

where the misfit dislocations and matching of the integral multiples of the atomic rows 

are the key factors to release this strain.12 However, small misfits are very hard to relax 

and have been one of the challenges in thin film based heterostructures. The strain from 

cooling the film from the growth temperature down to room temperature and the 

difference in the thermal expansion coefficients of the film and the substrate is normally 
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below 1%. Such small strains do not relax easily and remain in the lattice as residual 

strain. The unrelaxed strains control the SMT temperature. In addition, defects affect 

the sharpness and width of SMT. They might also impact the SMT temperature through 

introduction of strain along the c-direction. In this research, we study the effect of 

microstructure, epitaxy, and residual strains on SMT characteristics of VO2 single 

crystalline thin films in detail.  

This chapter addresses the effect of strain on SMT characteristics by controlling 

growth orientations of VO2 thin films. This VO2 orientation control has been achieved by 

TiO2 buffer layers on m-, r-, and c- sapphire substrates, and correlation established with 

electrical properties and SMT characteristics. We first successfully grew rutile TiO2 

epilayers with various out-of-plane orientations on sapphire substrates. Subsequently, 

VO2 thin films with different out-of-plane directions were epitaxially grown on TiO2 

platforms. We were able to tune the SMT temperature over a wide temperature range 

both above and below the unstrained value through thin film epitaxy and control of 

growth orientation. These findings provide insight into the role of defects and strain in 

VO2 thin film heterostructures and open new opportunities for advanced applications of 

VO2-based devices where different SMT characteristics are required.   

 

12.2. Experimental 

Pulsed laser deposition (PLD) was employed to grow epitaxial VO2/TiO2/sapphire 

thin film heterostructures. Details on substrate cleaning procedure can be found in our 

previous works.13,14 The chamber was evacuated to a background pressure of about 
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8×10-7 Torr. To ablate the targets, a Lambda Physik (LPX200) KrF excimer laser, with λ 

= 248 nm and τ = 25 ns, was employed. The laser beam was incident at an angle of 45o 

on the surface of the targets which were rotated during the deposition to achieve 

uniform ablation characteristics on the target surface. The laser energy density and 

repetition rate were set at 3.0-3.5 J.cm-2 and 5 Hz for all layers. The rutile TiO2 thin films 

were deposited at 700 oC under an oxygen partial pressure of 5×10-4 Torr for 2500 

pulses. Afterward, the VO2 films were grown onto the TiO2/sapphire platforms under a 

pressure of 5×10-2 Torr for 4500 pulses at 500 oC.  

The TiO2 and VO2 targets were made by pressing the TiO2 (Sigma Aldrich) and VO2 

(Sigma Aldrich) pellets under a pressure of >5 ton.cm-2 for 40 min. followed by 5 hrs. 

sintering at 1100 oC under an oxygen atmosphere for TiO2 and at 900 oC under an argon 

atmosphere for VO2. 

High resolution θ-2θ X-ray diffraction was performed by a Rigaku diffractometer 

with Cu-Kα radiation (λ=0.154 nm) to study the out-of-plane alignment of the films. A 

Philips X’Pert Pro X-ray diffractometer was also employed to collect high resolution φ 

and θ-2θ patterns. Some of the high-resolution XRD measurements were done by using 

a 4-circle Huber diffractometer. Further microstructural studies were performed by a 

JEOL 2010F transmission electron microscope with 0.18 nm resolution and Gatan 

image filter (GIF) attachment. The microscope was operated at 200 kV. Semiconductor-

to-metal transition properties of the heterostructures were studied using a Keithley 

2400 sourcemeter and labview program. The measurements were done in the 

temperature range of 280-370 K.  
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12.3. Results and discussion 

12.3.1. SMT characteristics 

Fig.12.1 displays the role of growth orientation on SMT characteristics of 

VO2/TiO2/sapphire heterostructures. Sharp transitions in the heterostructures were 

observed with amplitude of over 4 orders of magnitude in all of the samples.  

 

 

Fig.12.1. Resistance versus temperature in: (a) VO2/TiO2/m-sapphire, (b) VO2/TiO2/r-sapphire,  

and (c) VO2/TiO2/c-sapphire heterostructures. 

 

The hysteresis is about 5 K. It is interesting to note that the SMT temperature 

changes significantly from about 313 K to about 354 K for different substrates 

(Tab.12.1). This shift of the transition temperature toward higher or lower 
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temperatures has been attributed to tensile or compressive strains along the c-axis of 

tetragonal VO2, respectively.8,15-17 Longer V4+-V4+ spacing along the [001] orientation 

leads to a high activation barrier for direct overlapping of d-orbitals which, in turn, 

stabilizes the covalent monoclinic phase and hinders the phase transformation of 

monoclinic state to rutile structure. This phenomenon gives rise to the observation of 

higher SMT temperatures. In contrast, the SMT takes place at lower temperatures, with 

respect to the bulk SMT temperature, if the V4+-V4+ distance decreases due to a 

compressive residual strain along the c-axis of VO2. In the following sections, we 

present the details of epitaxy and strain characteristics and their correlations with SMT. 

 

Tab.12.1. SMT characteristics of VO2 epilayers grown on several TiO2/sapphire platforms. 

 

12.3.2. Microstructural studies 

12.3.2.1. VO2/TiO2/m-sapphire heterostructure 

Results of a θ-2θ XRD scan conducted on a VO2/TiO2/m-sapphire heterostructure 

is shown in Fig.12.2 confirming growth of the TiO2 thin film along its [001] axis; 

therefore, a 4-fold symmetry exists on the TiO2 platform. The peak labeled “VO2” can be 

assigned to either tetragonal VO2(002) reflection (JCPDS 76-0675) or monoclinic M1 

VO2( ̅02) reflection (JCPDS 76-0456).  

Heterostructure 
TiO2 out-of-plane 

orientation 

VO2 out-of-plane 

orientation 

SMT temperature 

(K), Cooling 

SMT temperature  

(K), Heating 

VO2/TiO2/Al2O3(1 ̅00) (001) ( ̅01) 312.8 318.1 

VO2/TiO2/Al2O3(1 ̅02) (101) (100) 326.7 331.6 

VO2/TiO2/Al2O3(0001) (100) (001) 348.6 353.9 



286 
 

 

Fig.12.2. Results of θ-2θ scan conducted on VO2/TiO2/m-sapphire heterostructure. 

 

In order to determine the origin of this peak, high resolution θ-2θ XRD scans were 

performed on several planes of VO2 along different φ and ψ angles to test two different 

possibilities: first, stabilization of tetragonal rutile VO2 at room temperature due to a 

templating effect of rutile TiO2 and, second, formation of M1 phase of VO2. The results 

are presented in Fig.12.3. If rutile VO2 is epitaxially stabilized, all θ-2θ scans should 

show two distinct peaks, one from TiO2 located at lower 2θ values due to larger lattice 

constants, and one from VO2 at higher 2θ values due to smaller lattice constants. As is 

seen in Fig.12.3, two separate peaks are observed only in four θ-2θ scans and not in all 

of them; on the other hand, those 4 peaks can be indexed based on both tetragonal and 

monoclinic M1 structures. In addition, rutile VO2 does not have any reflection with d-

spacings of 4.845 Å (Fig.12.3a), 3.317Å (Fig.12.3b), and 2.686 Å (Fig.12.3c), but 

monoclinic VO2 does. Hence, the VO2 peak in Fig.12.2 belongs to ( ̅02) reflection of 
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monoclinic VO2; i.e. the larger monoclinic unit cell is revealed by the presence of 

additional VO2 diffraction peaks in particular directions. 

 

 

Fig.12.3. High resolution θ-2θ scans performed on: (a) VO2( ̅00), (b) VO2( ̅ ̅0)+VO2( ̅11), (c) VO2( ̅02), 

(d) TiO2(111) and VO2( ̅12)+VO2( ̅10), (e) TiO2(211) and VO2( ̅13)+VO2( ̅22), and (f) TiO2(031) and 

VO2( ̅31)+VO2( ̅0 ̅)+VO2( ̅04) reflections in VO2/TiO2/m-sapphire heterostructure. 

 

Although other researchers have indexed the VO2 peak with a 2θ of about 65o as 

(002) reflection of tetragonal VO2
18-21, we showed that this peak should be indexed for 

( ̅02) reflection of monoclinic VO2 (Fig.12.2). We believe the main reason leading to 

such a disagreement is the thickness of the VO2 thin film. The thickness of our thin films 

is ~100-150 nm which is about ten times larger than the thickness in other works (10-

15 nm). Phase transformation and strain relaxation phenomena follow totally different 

kinetics in thin and thick layers. With increasing the film thickness, the stored energy, 

originating from strains, increases and relaxes after the film reaches a critical thickness. 

The critical thickness is the thickness at which the misfit dislocations are generated to 



288 
 

relax the film and form the equilibrium phase. These dislocations, which are 

prerequisites for strain relaxation, nucleate at the free surface of the film and glide 

toward the interface. In very thin films, if the thickness does not exceed the critical 

value, misfit dislocations are not generated and, hence, strains do not relax. As it is 

shown in Tab.12.2, the lattice misfit strain across the VO2
tetragonal/TiO2

tetragonal interface is 

very small. In such small misfit systems, the critical thickness is larger than 10 nm; 

therefore, the misfit strain does not relax and it generates residual strains which affect 

the SMT characteristics. However, in our experiments, the VO2 films are thick enough to 

accommodate misfit dislocations. In other words, the thickness of the VO2 layers is 

much larger than the critical thickness. Of course, small strains are hard to relax, 

because the critical thickness beyond which the growing thin layer can accommodate 

misfit dislocations becomes larger in small misfit systems, so the misfit dislocations 

need to glide a larger distance to the interface, i.e. across the critical thickness. This 

issue is more critical in partially ionic materials such as VO2 where lattice friction stress 

of dislocation glide is very large. In contrast, in large misfit systems, the critical 

thickness is about a couple of monolayers, so dislocations can glide and reach the 

interface easily. Due to the large critical thickness, the misfit dislocations might not be 

able to reach the interface, so the lattice misfit is envisaged to partially relax. This 

difference in relaxation results in the different SMT characteristics that were observed. 

To confirm the epitaxial growth and determine the crystallographic alignment 

across the VO2( ̅01)/TiO2(001) interface, φ-scan XRD was conducted on several 

reflections of VO2 and TiO2 thin films, and the sapphire substrate (Fig.12.4).  
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Fig.12.4. φ-scan patterns acquired from several reflections in VO2/TiO2/m-sapphire heterostructure: (a) 

VO2( ̅12)+VO2( ̅10), (b) VO2( ̅02), (c) VO2( ̅11)+VO2( ̅00), (d) TiO2(101), and (e) Al2O3(10 ̅4). 



290 
 

As expected, only a single azimuthal peak is observed from Al2O3(10 ̅4) planes 

because the (10 ̅ ̅) reflection is not an allowed reflection in the trigonal symmetry of 

alumina. Taking the information shown in Fig.12.4 into closer considerations, the 

epitaxial relationship in VO2/TiO2/m-sapphire system is established to be 

( ̅01)VO2||(001)TiO2||(10 ̅0)Al2O3 and [010]VO2||[010]TiO2||[0001]Al2O3.  

 

12.3.2.2. VO2/TiO2/r-sapphire heterostructure 

A θ-2θ XRD log-scale pattern taken from the VO2 thin films grown on TiO2(101)/r-

sapphire template is shown in Fig.12.5 where growth of monoclinic M1 VO2 such that its 

(100) planes are parallel to the substrate surface is evident.  

 

 
Fig.12.5. Result of θ-2θ scan performed on VO2/TiO2/r-sapphire heterostructure. 
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Considering the SMT transition of this sample (Fig.12.1) and discussions in section 

12.3.2.1, this peak cannot be assigned to the rutile VO2(101) reflection. We performed 

detailed θ-2θ scans along several φ and ψ angles on VO2/TiO2/r-sapphire 

heterostructure. The results, presented in Fig.12.6, are in complete agreement with our 

discussion in section 12.3.2.1 on θ-2θ patterns in Fig.12.3. Rutile VO2 does not have any 

reflection with 2θ values of 26.83o and 33.38o, but M1 VO2 does. As seen in Fig.12.7, only 

a single peak is present in Fig.12.6a and Fig.12.6c. Therefore, the 2θ peak in Fig.12.5 

should be assigned to the monoclinic VO2(200) reflection.  

The XRD φ-scan was conducted on the VO2(100)/TiO2(101)/r-sapphire 

heterostructure to establish crystallographic alignment across the interfaces. The 

results are displayed in Fig.12.7.  

 

 

Fig.12.6. High resolution θ-2θ patterns acquired from VO2/TiO2/r-sapphire heterostructure: (a) 

VO2( ̅11), (b) TiO2(110) and VO2(011), (c) VO2( ̅02), (d) TiO2(011) and VO2( ̅11),  

(e) TiO2( ̅11) and VO2( ̅12), and (f) TiO2(211), and VO2(211) reflections. 
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Fig.12.7. Results of φ-scan XRD conducted on: (a) VO2( ̅11), (b) VO2(220), (c) VO2(011), (d) TiO2(110), 

and (e) Al2O3(0006) reflections in VO2/TiO2/r-sapphire heterostructure. 
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The results confirm the growth of highly epitaxial VO2 and TiO2 thin films on the 

Al2O3(10 ̅2) substrate. Fig.12.7a shows φ-pattern acquired from (220) reflection of 

monoclinic VO2 at 2θ=55.45o and ψ=46.86o. It should be noted that rutile TiO2 has two 

reflections, namely (211) and (220), with 2θ angles near to that of (220) reflection of 

VO2; however, ψ-angle between (211) and (220) planes and (101) plane of TiO2 are 

approximately 29.25o and 53.32o, respectively, which are far away from the ψ-angle 

between (220) and (100) planes of monoclinic VO2; thus, it is deduced that the obtained 

φ-pattern is certainly from VO2 crystal. To determine the epitaxial alignment between 

VO2(100) and TiO2(101) thin films, VO2(011) and TiO2(110) reflections are taken into 

account (Fig.12.7b and Fig.12.7c) whose φ-peaks appeared at the same angles. The 

azimuthal distance between φ-peaks of each crystal is about 99.3o. The geometrical 

intersection between (011) and (100) planes of VO2 is the [0 ̅1] vector; furthermore, 

the [ ̅11] vector represents the intersection between the (110) and (101) planes in 

TiO2. Since the φ-patterns from two crystals completely overlap one another, the 

[0 ̅1]VO2 and [ ̅11]TiO2 vectors have to be parallel, while the (100)VO2 and (101)TiO2 

planes are kept parallel. Under these circumstances, the epitaxial relationship is written 

as (100)VO2||(101)TiO2||(01 ̅2)Al2O3 and [010]VO2||[010]TiO2||[2 ̅ ̅0]Al2O3. The misfit 

strains which are calculated and shown in Tab.12.2 for the VO2
rutile/TiO2

rutile interface 

remain in the lattice, as explained earlier. The misfit strain across the 

VO2
monoclinic/TiO2

rutile interface will be discussed later. The reflections for φ-scan on VO2 

thin film were selected in such a way that the 2θ and ψ would be different from those of 

TiO2 buffer; thus, presence of M1 phase of VO2 in this sample is further ascertained. 
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Our results clearly showed that VO2 exists in its monoclinic (M1) state in the 

VO2/TiO2(101)/r-sapphire heterostructure. In the work by Y. Cui et al.21, where VO2 

thin films were grown in a TiO2(101) single crystalline substrate, the VO2 peak at about 

37.1o was indexed as tetragonal VO2(101). Our results clearly established that this peak 

belongs to the monoclinic VO2(200) reflection. In their work, the SMT takes place at 

temperatures above 50 oC; thus, it is not possible to have tetragonal VO2 at room 

temperature. They also grew VO2 thin films epitaxially on TiO2(002) single crystalline 

substrate and assigned the 2θ peak from VO2 to tetragonal (002) reflection. On this 

sample, they performed φ-scan XRD on the (101) reflections of VO2 where the 

diffractometer needs to be set at 2θ and ψ angles of 37.08o and 32.78o, respectively. 

However, assuming a monoclinic structure with an out-of-plane normal to ( ̅01) plane, 

these values approximately equal to 2θ and ψ values of the (200) reflection. It should be 

noticed that φ-patterns can be obtained even if the diffractometer is misaligned slightly.   

 

12.3.2.3. VO2/TiO2/c-sapphire heterostructure 

Fig.12.8 and Fig.12.9 show θ-2θ and φ X-ray patterns acquired from the 

VO2/TiO2/c-sapphire heterostructure. In this case, we chose another approach to prove 

that VO2 exists in its monoclinic and not in its tetragonal polymorph. First of all, based 

on the SMT behavior of this sample, it is deduced that VO2 exists in its monoclinic phase 

at room temperature. Secondly, we performed detailed φ-scan XRD studies on the 

reflections having different 2θ and ψ values in tetragonal and monoclinic states. In 

Fig.12.8, the peak from VO2 can be assigned to either (020) or (002) planes of M1 phase. 
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The (020) and (002) family of planes of monoclinic VO2 have similar interplanar 

spacings and, therefore, close 2θ values. 

 

 

Fig.12.8. θ-2θ pattern taken from VO2/TiO2/c-sapphire heterostructure. 

 

To distinguish the origin of this peak, φ-scan XRD was performed on (220) 

reflection of monoclinic VO2 which has ψ-angles of 43.14o with (020) face and 68.35o 

with (002) face. The results are shown in Fig.12.9a and Fig.12.9b. Since no φ-peak was 

observed when the 2θ and ψ angles were set at 55.45o and 43.14° and φ-peaks emerged 

when the diffractometer was set at 2θ=55.45o and ψ=68.35o, the VO2 peak in Fig.12.8 is 

assigned to the (002) reflection and not to the (020) reflection.  
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Fig.12.9. Results of φ-scan XRD conducted on different reflections in VO2/TiO2/c-sapphire 

heterostructure: (a) VO2(   ) at ψ=43.14o, (b) VO2(220) at ψ=68.35o,  

(c) VO2(211), (d) VO2(200), (e) TiO2(110), and (f) Al2O3(01 ̅2). 
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As depicted in Fig.12.9c, φ-scan XRD conducted on the (200) reflection of 

monoclinic VO2 further confirms the proposed out-of-plane alignment. The (200) planes 

of VO2 have an angular separation of 57.354o with (002) planes and 90o with (020) 

planes. Because the φ-peaks are clearly observed in this pattern, it is, once again, 

deduced that the 2θ peak in Fig.12.8 originates from the VO2(002) reflection. To 

investigate the epitaxial growth and relationship across the VO2(001)/TiO2(100)/c-

sapphire interface, we performed φ-scan XRD on several reflections whose results are 

presented in Fig.12.9. From the results in this figure, the crystallographic alignment in 

the VO2/TiO2/c-sapphire heterostructure is established to be 

(001)VO2||(100)TiO2||(0001)Al2O3 and [100]VO2||[001]TiO2||[10 ̅0]Al2O3. Details on thin film 

epitaxy across the TiO2/c-sapphire interface can be found in our other works.13,22 

According to these φ patterns, it is further ascertained that VO2 exists in its monoclinic 

polymorph in this sample at room temperature. In contrast to the study by X. Zhong et 

al.,23 our results clearly show that VO2 grows on TiO2(100) buffer such that its (001) 

planes align with TiO2(100) planes. In their work, where VO2 epilayers were grown on a 

rutile TiO2(200) substrate, the 2θ peak at about 40o was assigned to the VO2(200) 

reflection.        

 

12.3.3. Structure-property correlation characteristics  

As it was expected, the SMT temperature increases as the lattice parameter along 

the [001]-direction of rutile VO2 (length of V4+-V4+ bonds) increases. Now, the question 

is why the misfit strain across the VO2
tetragonal/TiO2

tetragonal interface does not relax and 
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how the residual strain influences the SMT temperature. According to Tab.12.2, the 

lattice misfit strains in all the heterostructures which are under consideration in this 

study are very small.  

 

Tab.12.2. Details on thin film epitaxy of VO2/TiO2/sapphire heterostructures. 

 Heterostructure 
Epitaxy at  

VO2
rutile/TiO2

rutile interface 

Lattice misfit  

strain (%) 

Epitaxy at  

VO2
monoclininc/TiO2

rutile interface 

Lattice misfit  

strain (%) 

 VO2/TiO2/m-sapphire 
 (001)VO2||(001)TiO2 

[100]VO2||[100]TiO2 

ε1=+0.81 

ε2=+0.81 

( ̅01)VO2||(001)TiO2 

[010]VO2||[010]TiO2 

ε1=+1.21 

ε2=+5.25 

 VO2/TiO2/r-sapphire 
(101)VO2||(101)TiO2 

[010]VO2||[010]TiO2 

ε1=+0.81 

ε2=+1.55 

(100)VO2||(011)TiO2 

[010]VO2||[010]TiO2 

ε1=+1.21 

ε2=+1.49 

 VO2/TiO2/c-sapphire 
(100)VO2||(100)TiO2 

[001]VO2||[001]TiO2 

ε1=+3.36 

ε2=+0.81 

(001)VO2||(100)TiO2 

[100]VO2||[001]TiO2 

ε1=+2.82 

ε2=+1.21 

 

As it was discussed earlier, large misfit strains are easier to relax, since the critical 

thickness beyond which the system can accommodate misfit dislocations becomes 

smaller, namely in the order of a couple of monolayers, so the dislocations can reach the 

interface even if the primary slip system is not active. However, in small misfit systems 

where the critical thickness is large, glide of dislocations toward the interface is very 

difficult, especially in materials such as VO2 and TiO2.12,24,25 Meanwhile, all in-plane 

lattice misfit strains for VO2 on TiO2 are tensile which are more difficult to relax as 

compared to compressive strains.  Nucleation of the misfit dislocations on the free 

surface of the growing VO2 film is easier under the compressive strains. Dislocation 
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nucleation/glide phenomenon is followed by the formation of surface steps. The step 

formation, when the strain is compressive, leads to decreasing the number of dangling 

bonds and, therefore, the surface energy of the system. The step formation energy is 

always positive, when the strain is tensile. Actually, the number of surface dangling 

bonds increases under the tensile strain.24,25 In summary, the tensile misfit strain at the 

VO2
tetragonal/TiO2

tetragonal interface does not fully relax and alters the SMT temperature.   

Considering Tab.12.2, the lattice misfit strains at the VO2
tetragonal/TiO2

tetragonal 

interface are all positive; that is, the VO2 thin films are under tensile strains. Taking the 

epitaxial alignments in the VO2/TiO2/m-sapphire heterostructure into consideration, it 

is found that a-axis and b-axis of rutile VO2 are under tension and, hence, its c-axis is 

under compression. The compressive strain along the c-axis leads to stabilization of 

tetragonal phase corresponding to SMT at lower temperatures. Thermal strains at the 

VO2/TiO2 interface can be obtained from ɛT = (Tgrowth - TSMT) × (αVO2 – αTiO2), where α is 

the thermal expansion coefficient. The thermal expansion coefficient of rutile TiO2 along 

its [100] and [001] directions are about 6.99 × 10−6 and 9.36 × 10-6 K-1, respectively.26 

The thermal expansion coefficient of tetragonal VO2 equals 4.9 × 10-6 and 26.0 × 10-6 K-1 

for [100] and [001] directions, respectively.27 It is necessary to mention that the 

thermal strain across the TiO2/sapphire interface has been neglected due to the large 

thickness of the titania buffer. In the case of VO2/TiO2/m-sapphire heterostructure, the 

thermal strains along two orthogonal in-plane orientations are calculated as (500-14.8) 

× (6.99 - 4.9) × 10-6 = 0.1% which is compressive, but small and cannot compensate the 

tensile in-plane lattice misfit strain. A similar approach is applicable for the VO2/TiO2/c-
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sapphire heterostructure. In this case, the b-axis and c-axis of rutile VO2 are under a 

tensile strain and its a-axis is under a compressive strain; the lengthened V-V bond 

along the c-axis is in a complete agreement with the SMT characteristics shown in 

Fig.12.1c. The thermal strains along [100]-orientation is calculated as (500-50.6) × 

(6.99 - 4.9) × 10-6 = 0.09 % which is compressive. This strain in the [001]-direction is 

obtained to be (500-50.6) × (9.36 - 26.0) × 10-6 = -0.75 % which is tensile. This tensile 

thermal strain along the c-axis of rutile VO2 is another reason for the transition 

occurring at temperatures higher than the strain-free transition temperature.     

All the above discussions involved the VO2
tetragonal/TiO2

tetragonal interface during the 

cooling cycle. Now, the VO2
monoclininc/TiO2

tetragonal interface is considered which is 

present during the heating cycle. Taking the established epitaxial relationships into 

account, the VO2
monoclininc/TiO2

tetragonal interface is shown schematically in Fig.12.10 for 

the heterostructures which are studied here. From Goodenough’s model,28 we know 

that the a-axis of monoclinic VO2 changes to the c-axis of tetragonal VO2 and the b-axis 

of monoclinic VO2 changes to the a-axis of tetragonal VO2. In the case of the 

VO2/TiO2/m-sapphire heterostructure (Fig.12.10a), we know that the ( ̅01) planes of 

monoclinic VO2 align with TiO2(001) planes. Two perpendicular directions that lie in 

the VO2( ̅01) plane are monoclinic [010] and [102] which align with rutile [100] and 

[010] orientations of TiO2. With this information, the misfit strain was calculated and 

shown in Tab.12.2. As seen, both in-plane orientations of the VO2 thin film are under 

tensile strain; as such, the out-of-plane orientation, i.e. normal of ( ̅01) face, is under a 

compressive strain. Because the angle between the VO2( ̅01) plane normal and the 
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[100] direction is very small (0.35o), it is deduced that the amonoclinic is also under a 

compressive strain. A smaller amonoclinic leads to a smaller c-axis in the tetragonal 

polymorph of VO2 which, in turn, results in an SMT below 340 K.  

 

 

Fig.12.10. Schematic illustration of VO2
monoclininc/TiO2

tetragonal interface in: (a) VO2/TiO2/m-sapphire, (b) 

VO2/TiO2/r-sapphire, and (c) VO2/TiO2/c-sapphire heterostructures. TiO2 and VO2 unit cells are 

displayed in blue and red, respectively. The arrows show crystallographic orientations of TiO2 lattice. 

 

According to Fig.12.10b where the VO2/TiO2 interface in VO2/TiO2/r-sapphire 

heterostructure is illustrated, the (100) planes of VO2
monoclinic align with TiO2(101) 

planes. Two orthogonal directions within the monoclinic VO2(100) plane are [010] and 

[001] which align with [010] and [ ̅01] directions of TiO2. Based on the calculated misfit 

strains in Tab.12.2, the lattice of monoclinic VO2 is under a tensile strain along the in-

plane [010] and [001] orientations, so it experiences a compressive strain along the 

out-of-plane normal to the (100) planes. A shortened a-axis in monoclinic VO2 results in 

a shortened c-axis in rutile VO2 and, hence, a decreased SMT temperature.  

Considering Fig.12.10c which shows the interface between VO2 and TiO2 in 

VO2/TiO2/c-sapphire heterostructure, the [100] direction of monoclinic VO2 matches 
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with [001] direction of TiO2 and, hence, is under tension. Since amonoclinic is lengthened, 

ctetragonal will be larger than the equilibrium conditions. Therefore, the SMT shifts toward 

temperatures higher than 340 K. Another feature of Fig.12.1 is the larger SMT width in 

VO2/TiO2/c-sapphire heterostructure. In our other works,13,22 we showed that the rutile 

TiO2 epilayer grown on c-cut sapphire substrate has a very small domain size increasing 

the domain boundaries. More domain boundaries results in a wider transition.        

Cross-section TEM images acquired from VO2/TiO2/m-sapphire, VO2/TiO2/r-

sapphire, and VO2/TiO2/c-sapphire heterostructures are shown in Fig.12.11a, 

Fig.12.11b, and Fig.12.11c, respectively. The SAED pattern, shown in Fig.12.11a, belongs 

to VO2[010], rutile[100], and sapphire[0001] zones. The SAED pattern for VO2/TiO2/r-

sapphire, which is displayed in Fig.12.11b, belongs to VO2[010], rutile[ ̅00] and 

sapphire[2 ̅ ̅0] zones. The SAED patterns further confirm existence of monoclinic M1 

phase of VO2 in our samples. 

 As it was shown in Fig.12.3 and Fig.12.6, a single θ-2θ high resolution peak were 

measured for several reflections of VO2, so interplanar spacings and lattice strain 

cannot be accurately calculated. However, interplanar spacings can also be measured 

using selected SAED patterns. The lattice parameter of VO2 monoclinic unit cell along 

the [100] direction was measured to be 5.710 and 5.723 Å in VO2/TiO2/m-sapphire and 

VO2/TiO2/r-sapphire heterostructures, respectively. Considering the relaxed lattice 

parameter of 5.752 Å along the a-direction of monoclinic VO2, a compressive strain of 

about 0.72 and 0.49% is revealed which is responsible for the observed shift in the SMT 

temperature toward lower temperatures.  
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Fig.12.11. Cross section bright field TEM micrographs taken from: (a) VO2/TiO2/m-sapphire,  

(b) VO2/TiO2/r-sapphire, and (c) VO2/TiO2/c-sapphire heterostructure.  

The insets show corresponding SAED patterns. 
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Fig.12.11c depicts the cross-section view of VO2/TiO2/c-sapphire heterostructure 

where the corresponding indexed SAED pattern is shown in the inset. The pattern 

belong to typical VO2[100], rutile[001], and sapphire[10 ̅0] zones and confirms the 

established epitaxial relationship and existence of VO2 in its M1 phase. The lattice 

parameter along the [100] orientation was measured as 5.763 Å which shows a 0.21% 

tensile strain. This tensile strain resulted in a SMT temperature higher than 340 K.  

High resolution TEM micrographs acquired from the VO2/TiO2 interface in 

VO2/TiO2/m-sapphire and VO2/TiO2/r-sapphire heterostructures are displayed in 

Fig.12.12a and Fig.12.12b, respectively. The interfaces are clean with no evidence of 

interfacial reaction. As is seen, there is no distinct interface in Fig.12.12b. The reason 

behind this observation is the crystallographic alignment between two crystals and 

close interplanar spacings, as schematically illustrated in Fig.12.13. 

 

 

Fig.12.12. High resolution TEM image acquired from VO2/TiO2 interface in:  

(a) VO2/TiO2/m-sapphire (b) VO2/TiO2/r-sapphire heterostructures. 
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According to Fig.12.13, VO2 and TiO2 unit cells are drawn such that TiO2(011) 

planes get aligned with VO2(100) planes. These two planes are highlighted in red. The 

reason why no clear interface is seen in Fig.12.12b is that the angle between TiO2(011) 

and TiO2(010) planes (57.18o) are close to the angle between VO2(100) and VO2(001) 

planes (57.35o). Meanwhile, the interplanar spacing between TiO2(010) planes along 

[0 ̅1] orientation equals 5.46 Å which is very close to the interplanar spacing of 

VO2(001) planes which is about 5.38 Å. 

 

 

Fig.12.13. Schematic delineation of: (a) VO2 and (b) TiO2 unit cells  

along their [0 ̅0] and [ ̅00] orientations. 
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12.4. Conclusions 

VO2 thin films, with controlled out-of-plane orientations, were epitaxially grown 

on TiO2(001)/m-sapphire, TiO2(101)/r-sapphire, and TiO2(100)/c-sapphire platforms 

to establish detailed structure-property correlations. Characteristics of Thin film 

epitaxy and defect microstructure of the samples were studied in detail by high-

resolution XRD and TEM techniques. Our results clearly established that VO2 exists in 

its monoclinic (M1) polymorph in all heterostructures of concern in this study. Epitaxial 

relationships were determined to be [010](100)VO2||[010](101)TiO2||[2 ̅ ̅0](01 ̅2)r-

sapphire, [100](001)VO2||[001](100)TiO2||[10 ̅0](0001)c-sapphire, and 

[010]( ̅01)VO2||[010](001)TiO2||[0001](10 ̅0)m-sapphire.  The SMT temperature of the VO2 

epilayers was tuned from about 313 to 354 K. The SMT characteristics were correlated 

with the residual strains and crystallographic characteristics of epitaxial VO2 thin films. 
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Chapter 13 

 

Summary and Suggestions  

for Future Works 

 

13.1. Concluding remarks 

TiO2 and VO2 thin films were epitaxially grown on Si(001), Al2O3(0001), 

Al2O3( ̅010), and Al2O3(01 ̅2) substrates using pulsed deposition techniques. The effect 

of laser, vacuum, and oxygen annealing on structure and properties was investigated. 

Detailed microstructural investigations were performed by XRD, HRTEM, and STEM 

techniques. Optical properties of the samples were studied employing UV-Vis and room 

PL spectrophotometry at room temperature. XPS was employed to determine 

stoichiometry and defect content. We also studied the surface morphology by AFM. 

Photochemical properties were assessed through measuring surface wettability 

characteristics and photocatalytic reaction rate constant of degradation of 4-

chlorophenol under ultraviolet and visible irradiations. Electrical properties of thin film 

heterostructures were evaluated using a self-made labview program employing a 

Keithley 2400 sourcemeter where a closed cycle helium cryostat was employed to cool 

the samples down.  

The following briefly reviews the obtained results: 
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1. Rutile is the dominant polymorph at higher substrate temperatures and lower 

oxygen pressures. Anatase forms at lower temperatures and higher pressures. 

2. The epitaxial relationship across the rutile TiO2/sapphire interfaces was established 

to be [001](100)rutile||[10 ̅0](0001)c-sapphire, [010](001)rutile||[0001](10 ̅0)m-sapphire, 

and [010](101)rutile||[2 ̅ ̅0](01 ̅2)r-sapphire. 

3. Integration with silicon was achieved using cubic zirconia buffer. The epitaxial 

relationship between Si(100) substrate and the zirconia buffer layer was shown to 

be: [100](001)c-YSZ||[100](001)Si. The epitaxial relationships at the rutile/zirconia 

and the anatase/zirconia interfaces were established as [0 ̅1](100)rutile||[010](001)c-

YSZ and [110](001)anatase||[100](001)c-YSZ, respectively. 

4. Tetragonal zirconia was also used as buffer to integrate anatase epilayers with 

silicon. The epitaxial relationship across the interfaces was shown to be: 

[110](001)anatase||[110](001)t-YSZ||[001](001)Si. 

5. In all these cases, DME calculations were performed and arrangement of misfit 

dislocations across the interfaces was revealed by inverse FFT images. 

6. In TiO2/c-sapphire heterostructures, the films exhibited a transmittance of 75-90% 

over the visible region. The absorption edge was observed to shift toward longer 

wavelengths at higher deposition temperatures or lower pressures 

7. Concentration of lattice point defects, namely oxygen vacancies and titanium 

interstitials, increased at lower oxygen pressures. 

8. The rutile film initially grew pseudomorphically on c-sapphire as Ti2O3 and, after a 

few monolayers, it grew tetragonally on the Ti2O3/sapphire platform.  
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9. The separation between the ½[10 ̅](101) misfit dislocations was dictated by Ti2O3 

and was determined to be 9.7 Å which was consistent with 4/3 and 3/2 alternating 

domains across the film/substrate interface.    

10. The rutile TiO2 films grown on c-sapphire substrates at higher repetition rates 

showed higher photocatalytic efficiency. 

11. The effect of vacuum and oxygen annealing on structure and properties of rutile 

TiO2/c-sapphire samples was studied. It was shown that rutile TiO2 can be photo-

responsive even under low energy visible light after annealing in vacuum where we 

envisage the point defects, i.e. oxygen vacancies and titanium interstitials, serve an 

important role. 

12. Increasing the annealing pressure resulted in formation of larger grains.  

13. Electrical resistivity of the rutile films strongly increased by about three orders of 

magnitude when annealing pressure increased from 5×10-4 to 5×10+1 Torr. 

14. TiO2 epilayers were integrated with silicon substrates. Phase structure of TiO2 

epilayers was tuned from pure rutile to pure anatase by manipulating the substrate 

temperature and oxygen partial pressure.   

15. AFM results revealed that the finest grain size and the smoothest surfaces were 

obtained at the intermediate deposition temperatures.  

16. The TiO2/c-YSZ/Si(001) heterostructures deposited at 500 oC were more 

conductive than those grown at 300 and 700 oC. The maximum photocatalytic 

reaction rate constants were determined as 0.0124 and 0.0087 min.-1 for the 

anatase and the rutile films grown at 500 oC.      
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17. In TiO2/c-YSZ/Si(001) heterostructures, dark hydrophilicity was demonstrated 

where nanosecond switching from a hydrophobic surface to a hydrophilic surface 

was achieved using excimer laser irradiation.  

18. It was envisaged that the concurrent formation of oxygen vacancies and Ti3+ defects 

from laser annealing and, therefore, introduction of mid-band states is responsible 

for a dark hydrophilicity phenomenon. The samples exhibited hydrophobic 

behavior after being placed in ambient atmosphere. 

19. The effect of excimer laser treatment on photocatalytic activity of anatase/t-

YSZ/Si(001) thin film heterostructures was studied. The photocatalytic efficiency 

was improved by a factor of 2 after laser irradiation.   

20. It was observed that the anatase epilayers were stable up to 1100 oC. 

21. In addition to c-sapphire substrate, rutile TiO2 epitaxial thin films were deposited on 

m-cut and r-cut sapphire substrates to study structure and properties of the 

epilayers as a function of the crystallographic characteristics of the substrates.  

22. It was revealed that large lattice misfit strains relax easily even if the primary slip 

system is not active due to the epitaxial alignment between the film and substrate 

and orientation of the in-plane stresses.  

23. We also showed that even small misfit strains can relax provided that the primary 

slip system is active.  

24. The origin of the residual strains in the epilayers was found to be primarily due to 

thermal misfit and defect/impurity strains.   
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25. The relative photocatalytic activity of different faces of rutile TiO2 was shown to 

be in the following sequence: TiO2(001)/m-sapphire > TiO2(101)/r-sapphire > 

TiO2(100)/c-sapphire.  

26. VO2/TiO2 heterostructures were epitaxially deposited on m-cut, r-cut, and c-cut 

sapphire substrates and detailed structural investigations were performed using 

XRD and electron microscopy techniques to correlate SMT properties with 

microstructural characteristics.  

27. Monoclinic (M1) VO2 thin films with (100), (001), and ( ̅01) out-of-plane 

orientations were obtained on TiO2(101)/r-sapphire, TiO2(100)/c-sapphire, and 

TiO2(001)/m-sapphire platforms.  

28. The in-plane alignments across the interfaces was established to be 

[010](100)VO2||[010](101)TiO2, [100](001)VO2||[001](100)TiO2, and 

[010]( ̅01)VO2||[010](001)TiO2. 

29. The SMT temperature of VO2 epilayers was tuned from about 313 K to 354 K.  

30. The SMT characteristics were interpreted based upon the residual strain in the VO2 

lattice, particularly along the c-axis of tetragonal VO2.  

 

13.2. Suggestions for future works 

Taking the achievements of this research into account, following topics are 

recommended for future studies:  

1. The effect of thickness on electrical and photochemical properties of anatase and 

rutile TiO2 epilayers. 
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2. The effect of thickness on SMT characteristics of VO2 epilayers grown on c-cut, r-cut, 

and m-cut sapphire substrates. 

3. Direct integration of TiO2 epilayers with silicon through deposition of TiN buffer 

followed by oxygen annealing to convert TiN to TiO2, or deposition of TiN initially 

under vacuum followed by deposition under an oxygen atmosphere. 

4. Photochemical characteristics of VO2/TiO2 multilayer heterostructures. 
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