
ABSTRACT 

HUSSEY, LINDSAY KATHERINE. Characterization and Extended Defect Control in III-
Nitrides. (Under the direction of Dr. Zlatko Sitar). 
  

 The origin of inversion domains (IDs) in N-polar AlN grown on sapphire by 

metalorganic chemical vapor deposition (MOCVD) was studied by a combination of 

potassium hydroxide (KOH) and Transmission Electron Microscopy (TEM) techniques. It 

was found that the decomposition of sapphire at the AlN/sapphire interface is encouraged 

during AlN growth and that AlN grown above decomposed sapphire regions exhibited Al-

polarity. Decomposition was found to occur in both Al-polar and N-polar AlN layers grown 

on sapphire, however, as the decomposition process encouraged Al-polar growth, IDs were 

only present in N-polar AlN material. The origin of the decomposition process during AlN 

growth on sapphire is discussed. 

Dislocation density reduction in N-polar GaN grown on sapphire by MOCVD was 

achieved for the first time by implementation of the lateral epitaxial overgrowth (LEO). For 

N-polar GaN LEO, a patterned dielectric mask was deposited on a smooth N-polar GaN 

template and the template was placed back into the reactor for N-polar GaN regrowth. 

Dislocations were observed by TEM to be reduced from ~1010 cm-2 in standard N-polar GaN 

grown on sapphire to ~107 cm-2 with the LEO technique. Lateral-to-vertical growth ratios 

were also determined for a single N-polar GaN LEO growth condition along two 

crystallographic directions.  

 High Al-content AlGaN layers grown on single crystal AlN were observed by 

scanning TEM (STEM) to exhibit highly inhomogeneous properties dependent on the surface 

morphology of the underlying AlN homoepitaxial layer. Ga-rich streaks following the growth 



front of the AlGaN layer were observed in AlGaN layers grown on step-bunched AlN 

homoepitaxial layers. Additionally, a thin (~ 50 nm), Al-rich AlGaN layer between the AlN 

homoepitaxial layer and the AlGaN film were observed in AlGaN grow on both step-

bunched and step meandering AlN homoepitaxial layers. Atomic Force Microscopy (AFM) 

investigations of thin (< 10 nm) AlGaN on AlN homoepitaxial layers of varying surface 

morphology indicate relaxation of AlGaN by surface pitting in AlGaN grown on step-

bunched and step meandering AlN. AlGaN grown on AlN homoepitaxy exhibiting bi-layer 

step morphology showed no signs of relaxation by pitting during initial AlGaN growth.   

These results suggest an influence of AlN homoepitaxial layer surface morphology on the 

initial strain state, and ultimately the compositional uniformity, of a subsequently deposited 

AlGaN layer. 
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CHAPTER 1: Introduction 

1.1 Motivation 

III-nitride semiconductor materials, where III is a group three element (Al, Ga, or In), 

are the foundation of modern short wavelength light emitting diode (LED) technology [1-3] 

and have potential to become important materials for the production of short wavelength 

laser diodes (LDs) [4] and high power electronic devices [5]. The most attractive properties 

of the III-nitrides are their direct band gaps that span the range of the near infrared (InN, Eg = 

0.7 eV) to the deep ultraviolet (AlN, Eg = 6.1 eV), their mechanical and chemical stability, 

and their high thermal conductivity [6]. In addition, the crystalline structure of III-nitrides 

has recently been shown to provide a unique capability to exploit the chemical differences of 

the III-polar and N-polar crystal faces [7]. These results have led to the development of 

improved electrical devices such as high electron mobility transistors, as well as novel 

devices such as lateral polar junctions and periodically poled second harmonic generators [8-

10]. The development of these technologies depends intimately on the improvement of III-

nitride material quality.  In particular, it is important to be able to control material crystal 

orientation during growth, and to reduce the occurrence of extended defects such as 

dislocations, inversion domains, and compositional inhomogeneity.  

The focus of this thesis is extended defects observed by transmission electron 

microscopy (TEM) in AlN, GaN, and AlGaN grown by metalorganic chemical vapor 

deposition (MOCVD). In chapter one, the general properties of III-nitrides will be discussed 

followed by a brief introduction to the growth of III-nitride layers by MOCVD. This will be 

followed by a detailed description of the extended defects investigated in this work and the 
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TEM techniques implemented to investigate these defects. Chapter two discusses the growth 

of N-polar AlN on sapphire substrates and the origin of inversion domains observed in this 

material. The third chapter extends the discussion of N-polar III-nitrides to N-polar GaN and 

the reduction of threading dislocations in this material by the Lateral Epitaxial Overgrowth 

(LEO) technique. Chapter four describes the observed connection between the surface 

morphology of homoepitaxial AlN grown on AlN substrates and the compositional 

uniformity of subsequently deposited Al-rich AlGaN. Finally, chapter five concludes with a 

summary of the results and suggestions for future research in these topics. 

 

1.2 Properties of III-Nitrides  

The equilibrium crystal structure of III-nitrides is that of wurtzite [11]. This crystal 

structure is non-centrosymmetric, and when grown along the c-direction, has a spontaneous 

polarization due to the electronegativity difference in nitrogen and III-metal atoms [12]. 

These bond arrangements result in different chemical properties of the +c (III-polar) and –c 

(N-polar) surfaces. Figure 1-1 shows a partial wurtzite unit cell and indicates the polarization 

direction as well as the III-polar and N-polar surfaces. The difference in surface energy of the 

two polar faces influences their chemical reactivity and surface kinetics, features that are 

intrinsically connected to crystal growth. Most importantly, in polar materials the 

incorporation of point defects, dopants, and alloy constituents has shown a dependency on 

the crystal surface present during growth [13], [14]. These factors illustrate the necessity for 

precise control of crystal orientation during growth of III-nitrides. 



 

3 

 

Figure 1-1 Partial wurtzite III-nitride unit cell 

 

The wurtzite unit cell is generated by two lattice vectors identical in magnitude, a1 

and a2, separated by 120° and perpendicular to the vector c with length c as indicated in 

Figure 1-2(a). Table 1-1 includes values of the lattice constants a and c for AlN, GaN, and 

commonly used nonnative substrates. Figures 1-2(a) and 1-2(b) contain schematics indicating 

the most often referred directions and planes of the wurtzite III-nitrides in this work. To 

further understand the atomic arrangements of III-nitrides in the wurtzite structure, they can 

be visualized as consisting of two hexagonal layers with one layer containing nitrogen atoms 

and the other layer the group III atoms, as indicated in Figures 1-2(c) and 1-2(d) for the <1-

100> and <11-20> projections, respectively. As will be discussed in later chapters, these 

above mentioned directions, planes, and atomic projections are important for the 

identification of polarity and dislocation types by TEM techniques.  
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Figure 1-2 (a) Important directions, (b) planes and (c)-(d) atomic projections in the    

<1-100> and <11-20> directions, respectively.  
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Table 1-1 List of lattice constants and thermal properties of III-nitrides and nonnative 

substrates [15].  

 

  a [nm] c [nm] 
RT Thermal 
conductivity 
[Wcm-1K-1] 

Thermal expansion 
coefficient (Δa/a) 

[×10-6K-1] 

AlN 0.311 0.498 3.2 2.9 
GaN 0.319 0.519 2.3 5.59 
Al2O3 

(sapphire) 0.476 1.299 0.5 7.5 

SiC 6-H 
polytype 0.308 1.511 4.9 4.2 

Si 0.543 - 1.5 3.59 
 

 

 Also included in Table 1-1 are the reported thermal conductivity values of AlN and 

GaN and some common nonnative substrates. The excellent thermal properties of III-nitrides 

make them attractive for high-power devices, however, as illustrated in Table 1-1 a major 

factor for these applications is the discontinuity of thermal properties between the III-nitride 

layer and the nonnative substrate (with the exception of SiC). As will be discussed later, the 

differences in thermal expansion coefficients and lattice parameters result in strain and 

extended defects in III-nitride layers.  
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1.3 Growth of III-Nitrides  

1.3.1 Growth of III-Nitrides by MOCVD 

All III-nitride layers discussed herein were grown by metalorganic chemical vapor 

deposition (MOCVD) in an RF-heated, cold wall, vertical reactor. MOCVD is the primary 

deposition method employed commercially for optoelectronic devices due its production of 

high quality interfaces as well as much higher growth rates and deposition pressures than 

molecular beam epitaxy (MBE) [15]. More details on the growth of III-nitrides in this reactor 

and details of the reactor design can be found in references 16-19. However, details of the 

growth process deemed important for the control of extended defects will be included 

throughout this work.  

In MOCVD, a volatile gas source enters the growth chamber and reacts on the 

substrate surface. A schematic of the fundamental steps of the CVD growth process in a 

horizontal reactor is shown in Figure 1-3. Reactants are transported to the surface and 

chemical reactions in the gas phase produce new species and by-products. On the substrate 

surface, desorption and diffusion of the species takes place, and both nucleation and step 

growth by heterogeneous reaction with the surface may occur [20]. The metalorganic sources 

providing Al and Ga species in this work are trimethylaluminum (TMA) and triethylgallium 

(TEG), respectively. High purity ammonia (NH3) acts as the nitrogen source and H2 and/or 

N2 act as diluent gases.  
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Figure 1-3 Schematic of CVD growth processes, adapted from [20]. 

 

In describing the MOCVD growth process it is useful to consider the supersaturation 

of the vapor at the growth surface as it incorporates all of the MOCVD growth parameters in 

a single value. Vapor supersaturation gives the magnitude of the deviation from 

thermodynamic equilibrium and is the driving force for crystal nucleation and growth. Vapor 

supersaturation can be expressed in terms of the input partial pressure of the group-III 

species, 𝑃!!!! ,  and the equilibrium vapor pressure of the group-III species at the vapor-solid 

interface, 𝑃!!!, as shown in the equation below [16]:  

   𝜎! =
!!!!
! !!!!!
!!!!

.    (1-1) 

The input partial pressure of Al and Ga are controlled by adjustment of temperature, 

pressure, and flow of diluent gas within the metalorganic bubbler, and can be calculated 

using the bubbler equation [15]. The equilibrium vapor pressure is a function of MOCVD 
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growth parameters including the V/III ratio, the diluent gas, total flow, and the growth 

temperature. The equilibrium vapor pressure of the group-III species varies with deposition 

and temperature and is more complex to calculate directly, especially in the case of alloys 

such as AlGaN where the equilibrium vapor pressures of Al and Ga vary dramatically. The 

calculation of equilibrium vapor pressures and quantification of vapor supersaturation are 

beyond the scope of this work and will only be referred in terms of general trends found in 

the references provided.   

With the combination of the thermodynamic vapor supersaturation model and the 

Burton, Cabrera, and Frank (BCF) theory of thin film growth, it is possible to relate growth 

parameters and surface morphology. It has been observed that a high density of nuclei of 

small diameter is observed upon high supersaturation growth while a low density of large 

diameter nuclei is formed when supersaturation is reduced [18, 21-22]. Additionally, the 

promotion of step-flow growth is observed when vapor supersaturation is reduced below a 

critical supersaturation that is a function of growth terrace width and intrinsic crystal surface 

supersaturation [23].  

Additionally, one must acknowledge the importance of substrate surface preparation 

before growth. For the case of sapphire, a hydrogen etch step is implemented before growth 

to rid the surface of organic contaminants and encourage vicinal steps for the onset of growth 

[6]. Preparation of bulk AlN substrates include acid cleaning before insertion into the reactor 

as well as a nitridation step before growth [18, 24]. Growth on these surfaces without proper 

surface preparation would significantly reduce the quality of the subsequently grown 
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epitaxial layer. And as will be discussed in chapter 2, the appropriate surface preparation of 

sapphire substrates is essential for polarity control.  

 

1.3.2 Heteroepitaxial Growth on Nonnative Substrates 

As native substrates are still being developed [25], the majority of the layers 

discussed in this work, much like the majority of III-nitride material developed in the last 

thirty years, were grown heteroepitaxially on sapphire substrates.  From Table 1-1 one can 

infer the benefits and disadvantages of growing on various substrates. For example, growth 

of III-nitrides on silicon is attractive because of the availability of large, low-cost substrates, 

yet the large difference in thermal expansion coefficient results in huge thermal mismatch 

stresses and cracking of the III-nitride layers upon cooling. All of the included nonnative 

substrates differ in the a lattice constant of the III-nitrides by more than 3%, resulting in a 

high density of dislocations. Two (or more)-step growth processes have helped improve the 

quality of III-nitrides grown on nonnative substrates and have resulted in the advancement of 

this material for technological applications regardless of the high dislocation densities [26].  

A typical two-step growth process for III-nitrides consists of a high supersaturation 

growth step, typically achieved by low temperature growth and a high V/III ratio, wherein 

several nuclei of the III-nitride material are deposited on the substrate surface. This 

nucleation or buffer layer is followed by an annealing step for the buffer layer, then lower 

supersaturation growth attained by higher growth temperature and lower V/III ratio [14, 27-

30]. The higher quality of III-nitride layers grown in this manner compared to a single step 

process is attributed to the encouragement of uniformly III-polar material by the annealed 
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nucleation layer, and by the annihilation of threading dislocations through inclination at the 

nuclei surfaces. Though an improvement in material quality is observed with the 

implementation of a two-step process, this improvement is primarily attributed to the 

uniformity of polarity within the film as the density of dislocations threading to the surface 

remains on the order of ~109 cm-2.  To further reduce dislocation densities in III-nitride 

layers, the development of additional growth schemes (to be discussed further in chapter 3) is 

necessary.  

It is important to note that III-polar III-nitride layers are the most mature of the III-

nitrides, especially Ga-polar GaN. The previously mentioned two-step growth process has 

been developed with minimal variations on all of the substrates included in Table 1-1 [26-

30]. High quality N-polar GaN has been achieved on sapphire with the additional caveat of 

high sapphire substrate offcut for surface smoothness [31] and, as will be discussed in 

chapter 2, there are additional challenges associated with smooth N-polar AlN grown on 

sapphire that must be addressed by a two-step growth process. Additionally, there are several 

sophisticated multi-step growth processes by MOCVD that have improved the quality of III-

nitride film, reducing strain and cracking by controlling point defects [32] and reducing 

lattice mismatch via compositionally graded layers [33]. 

 

1.3.3 Homoepitaxy and Growth on Native Substrates 

 As AlN and GaN single crystal substrates are becoming more readily available, high 

quality homoepitaxial layers and higher quality AlGaN layers and AlGaN based devices are 

being reported [4, 17, 19, 34-35].  For the case of AlN substrates included in this work, high 
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quality homoepitaxial growth has been achieved on the +c plane [19] but defects due to 

substrate polishing damage have been observed [36-37]. Recent work investigating AlN 

substrate offcut and the surface morphology of AlN homoepitaxial layers has shown that the 

starting growth surface morphology plays an important role in the nucleation, composition, 

and relaxation of subsequently grown AlGaN layers, the results of which are the focus of 

chapter 4. Though native substrates appear to be the future of highly efficient III-nitride 

devices, recent work has shown that development of growth processes of III-nitrides on 

native substrates has its own unique problems that need to be addressed before reproducible, 

commercially viable III-nitride layers can be realized. 

 

1.4 Extended Defects in III-Nitrides 

1.4.1 Overview 

Real crystals contain imperfections or defects that disturb the atomic positions in 

some way. Line defects, planar defects, and volume defects are extended defects as they 

extend in space in one, two, and three dimensions, respectively. Three primary defects are 

addressed in this work: dislocations, inversion domains (IDs), and compositional 

inhomogeneity. Dislocations are line defects that may behave as nonradiative recombination 

centers that can reduce quantum efficiency and impede lateral carrier transport in doped III-

nitride layers [6]. Additionally, dislocations getter impurities that could act as unwanted 

conduction paths in vertical devices. IDs are three dimensional volume defects that have 

shown to negatively impact surface morphology [39, 40] and increase the amount of 

impurities, such as oxygen, in III-nitrides [13]. Inversion domain boundaries (IDBs) are the 
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planar boundaries adjoining III-polar and N-polar material. IDBs have exhibited ohmic 

behavior and have been shown to be very efficient radiative recombination centers [7, 41]. 

Interestingly, these attributes, along with the ability to controllably grow both polarities 

simultaneously, have encouraged the development of novel lateral structures [7]. 

Compositional inhomogeneity are not truly classified as extended defects because there is 

only a variation in the type of atoms, not the atomic positions or bonding arrangements, yet 

these unwanted non-uniformities are detrimental to the quality of III-nitride layers for 

obvious reasons.  

In general, dislocations and inversion domains are described as structural 

imperfections in the crystalline lattice on the atomic scale while compositional non-

uniformities are best described by variations in incorporation of atomic species on crystalline 

planes. What follows is a review of dislocations and IDs reported in III-nitride materials with 

the discussion of the characteristics and origin of compositional inhomogeneity postponed 

until chapter 4. 

 

1.4.2 Dislocations in III-Nitrides 

Historically, dislocations were determined necessary to account for the amount of 

shear stress required to plastically deform a crystal and to reconcile observed crystalline 

growth rates with the classical theory of crystal growth [42]. For the case of III-nitride layers, 

dislocations are a consequence of lattice mismatch during heteroepitaxial growth or 

preexisting dislocations from growth of the single crystal native substrate. Dislocations are 

described by their line direction l, which describes the orientation of the dislocation in the 
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crystal, and the Burgers vector b, which describes the displacements introduced in the crystal 

by the dislocation. The Burgers vector originates from the Burgers circuit, which is a loop in 

increments of jumps from one atom to the next that surrounds the dislocation line. When this 

circuit is compared to a perfect lattice, the loop does not close and the additional component 

of the loop is the Burgers vector b. Additionally, dislocations do not just end in a crystal; 

they either end at a crystal surface or form a complete loop.  

The three possible types of dislocations are edge, screw, and mixed-type. If l is 

perpendicular to b the dislocation is an edge-type dislocation and if l is parallel to b the 

dislocation is screw-type. Mixed-type dislocations are a combination of edge and screw types 

with b neither perpendicular nor parallel to l. If the Burgers vector of the dislocation is a 

lattice vector then the dislocation is considered a perfect dislocation. Partial dislocations have 

Burgers vectors not equivalent to a lattice vector and are associated with the decomposition 

of perfect dislocations about a stacking fault [43]. All dislocations discussed hereafter are 

perfect dislocations. Figure 1-5 illustrates screw and edge dislocations in a crystal. The red 

lines in the figure denote the dislocation line of each type of dislocation and a red arrow 

designates the Burgers vector.  
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Figure 1-4 Illustration of edge and screw dislocations in a crystal [Image from Ref. 43] 

 

The three types of dislocations observed in III-nitrides are: c-type with b = <0001>, 

a-type with b = 1/3<11-20>, and (a + c)-type with b = 1/3<11-23>. The nomenclature of 

these dislocations corresponds with the directions and lattice constants in the wurtzite 

structure. These dislocations can be edge, screw, or mixed-type depending on their line 

direction. Dislocations that follow the growth direction are called threading dislocations 

(TDs) and have a line direction parallel to the growth direction. For example, TDs in III-

nitrides grown in the c-direction have l = [0001] with c-type, a-type, and (a + c)-type 

dislocations being screw, edge, and mixed-type dislocations, respectively. Dislocations that 

lie in a heteroepitaxial interface and relieve misfit strain are called misfit dislocations (MDs). 

For the case of growth in the c-direction, MDs have l perpendicular to [0001]. 

Also included in Figure 1-4 are the Burgers circuit indicated by blue arrows, and a 

slip plane indicated by a rectangle. Slip (or glide) planes are where slip, i.e. dislocation 
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motion, occurs because these planes contain the shortest Burgers vectors and the most close-

packed planes in the crystal. A slip system describes the set of identical slip planes and a 

family of slip directions. The possible slip systems in a hexagonal lattice are shown in Figure 

1-5. Where slip occurs in III-nitride layers depends on the growth direction, or where shear 

stress is produced by the strain generated by mismatch. For example, for growth in the 

[0001] direction or on the (0001) plane, slip must occur on a pyramidal plane, i.e. {11-22}, 

because the plane strain generated by mismatch produces shear stress on these planes. For 

growth on other planes, for example the (11-22) plane, mismatch strain is anisotropic and is 

accommodated by the 1/3[1120](0001) slip system [44]. Operable slip systems observed 

experimentally in III-nitrides grown in the c-direction include 1/3<11-23>{11-22} and 

1/3<11-23>{1-101} [45].  

 

 

Figure 1-5 Slip systems in a hexagonal lattice with slip planes in grey and slip directions 

indicated by black arrows from [44]. 
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 As the origin of dislocations in III-nitrides has been attributed to mismatch strain, it is 

important to introduce the concepts of critical thickness and dislocation nucleation. A layer 

epitaxially grown on a substrate with a different lattice parameter will initially be 

pseudomorphic or strained and lattice matched to the substrate perpendicular to the growth 

direction. As the layer thickness increases the amount of strain in the layer increases to a 

point where it is more energetically favorable to form a defect than to remain 

pseudomorphic. Because of the small number of slip systems in hexagonal structures and the 

high energy of formation of dislocations, it is common to observe large thicknesses of 

pseudomorphic layers, especially in heteroepitaxial growth on native substrates [51]. 

Dislocation nucleation occurs through the formation of a dislocation loop that then may 

contribute threading components. Preexisting dislocations, as well as substrate offcut, have 

shown to contribute to relaxation by the addition of a misfit component, and reduction of 

dislocation nucleation energy, respectively [45, 52]. These concepts will be further discussed 

for the case of AlGaN grown on AlN substrates in chapter 4. It is also common to observe 

other strain relaxation mechanisms in III-nitride heteroepitaxial growth such as surface 

undulations, surface pitting, and cracking, preceding or in lieu of dislocation formation [6].  

 It is important to note the role of dislocation interaction in III-nitride growth. The 

analysis of TDs commonly observed in III-nitride layers grown on nonnative substrates 

suggested that the majority of TDs cannot effectively relax the mismatch strain since l = 

[0001]. Early models for the origin of TDs in GaN grown on sapphire proposed that 

dislocations formed at coalescence boundaries of the buffer layer nuclei. However, more 
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recent work found no correlation between buffer layer nuclei and regions of high or low 

dislocation density, i.e. fewer coalescence boundaries did not yield fewer dislocations [46]. 

This suggests that a high density of dislocations form due to mismatch between the layer and 

substrate, but it is the interaction of these dislocations as the layer grows that controls the 

type of TDs reaching the surface. This is consistent with the observation of a reduction of 

dislocations as layer thickness is increased. However, beyond a certain thickness dislocations 

are unable to interact and the density plateaus [6].  Additionally, it has been observed that 

buffer layer thickness and anneal time influences the quality of the subsequently grown III-

nitride layer [26], with an optimal buffer layer displaying a faceted surface after the anneal 

[49]. Considering that dislocations end at a crystal surface, it has been proposed that 

dislocations follow the faceted surface in the buffer layer, remaining in the buffer layer 

instead of threading to the surface [50]. This is further supported by dislocation behavior 

observed in the Lateral Epitaxial Overgrowth (LEO) technique discussed in chapter 3.  

 

1.4.3 Inversion Domains in III-Nitrides 

An inversion domain (ID) can exist only in a non-centrosymmetric crystal and is 

defined as a region of opposite polarity compared with the surrounding material. IDs are 

observed in III-nitrides in two cases: at high Mg doping concentrations where the ID is found 

within the layer, and when substrate or buffer layer preparation is insufficient and the ID 

originates at the layer/substrate interface. In highly Mg doped GaN layers an atomic stacking 

sequence of Ga-N-Mg-N-Ga has been shown to create a pyramidal N-polar domain within 

the layer [53], with similar formations observed in other highly doped III-nitride materials 
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such as AlGaN [56]. For the case of insufficient surface preparation, IDs originating at the 

substrate interface with vertical or inclined inversion domain boundaries (IDBs) and with 

diameters ranging from few to tens of nanometers have been observed [54, 57-59]. In 

general, N-polar IDs observed in III-polar material have exhibited vertical IDBs while III-

polar IDs observed in N-polar material have exhibited inclined IDBs. The origin of inclined 

IDB is currently under investigation but likely due to N-polar material not exhibiting step-

flow growth [57]. The cause of ID formation at the AlN/sapphire interface and the origin of 

polarity control of III-nitrides on sapphire will be discussed further in chapter 2. 

The boundary between the two polarity domains, the inversion domain boundary 

(IDB), is a planar defect. There are several different models of IDBs for III-nitride materials 

but the most often observed IDB, and that discussed in chapter 2, is the IDB* of Northrup 

[49, 55, 57, 60]. Figure 1-6(a) shows the model of the simplest IDB where an exchange of 

type III atoms with N atoms is indicated, requiring III-III and N-N bonds at the boundary. 

The IDB* model shown in Figure 1-6(b) has no wrong atomic bonds (III-III or N-N) and a 

vertical shift of c/2 relative to the two polarity domains.  
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Figure 1-6 (a) IDB and (b) IDB* models for III-nitrides, from [60].  

 

IDs are detrimental for III-nitride growth due to the variation in impurity 

incorporation between the III-polar and N-polar faces and the occasionally observed growth 

rate differences between these two faces. In the case of GaN, for example, Ga-polar GaN is 

highly insulating while the intrinsically high oxygen incorporation of N-polar GaN makes 

this material conducting. Therefore, the presence of IDs in III-polar GaN reduces its 

insulating properties. Though the growth rate difference between III-polar and N-polar 

surfaces can be considered a function of the growth parameters [61], with the ability to grow 

both polarities at identical growth rates being reported [49, 62], there have been reports of the 

difference of growth rates of these two faces resulting in rough surface morphologies when 

IDs are present [39, 40]. 
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1.4.4 Techniques for defect characterization 

There are several experimental techniques that have been developed for identification 

of dislocations and inversion domains in III-nitrides. For many materials, including III-

nitrides, chemical etching techniques have been implemented to identify both dislocations 

and inversion domains. ID identification by chemical etching results from the large etch rate 

difference between N-polar and III-polar faces [63]. The mechanism for dislocation etching 

is based on an increase in etch sensitivity in the strained dislocation region, which can allow 

for distinction of dislocation type in some cases, as well as the exposure of different 

crystalline faces of various etch rates when pit or hillock formation is associated with a 

dislocation [64]. X-ray diffraction (XRD) techniques, which have the advantage of being 

non-destructive, have been developed to identify types and densities of dislocations in III-

nitrides [65] as well as differences in polarity [66].  

A major limitation of both etching and XRD characterization techniques is that they 

are both indirect measurements of these defects. For example, while etch rate variation is 

observed between the faces of III-polar and N-polar faces, it must also be verified that 

dislocations do not contribute to this etch rate difference. Similarly for XRD measurements, 

assumptions must be made about the uniformity of dislocation distribution within the III-

nitride film before a correlation between the magnitude of tilt and twist of crystalline grains 

measured by XRD and the dislocation type can be confirmed [65]. Chemical etching and 

XRD techniques for defect imaging have the advantage of being quick characterization 

methods and in the case of XRD, nondestructive. However, both techniques rely on direct 
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imaging of defects for verification and this direct imaging is achieved by transmission 

electron microscopy (TEM). 

TEM provides the ability to directly image atomic displacements associated with 

defects. Additionally, contrast formation by various TEM imaging modes provides detailed 

spatial information of defect types based on diffraction phenomena. This type of imaging 

allows not only for the identification of an individual defect, but also the evolution of the 

defect during the growth process. The following section will provide an overview of TEM 

imaging and details on the TEM techniques for identification of dislocations and IDs in III-

nitrides. 

 

1.5 Transmission Electron Microscopy for Extended Defect Characterization 

1.5.1 General Overview of Electron Microscope Imaging Techniques 

Transmission electron microscopy (TEM) is a powerful materials characterization 

tool that exploits the small de Broglie wavelength of electrons to create images with spatial 

resolution on the atomic scale. Electron wavelength is a function of TEM operating voltage 

with typical operating voltages between 100-300 kV, resulting in wavelengths between 

0.00197 to 0.00370 nm; the chosen operating voltage is a trade off between sample 

sensitivity and the desired resolution or imaging technique. In conventional TEM (CTEM) 

electrons from the electron source are conditioned by condenser lenses to create a parallel 

electron beam incident on the sample, as shown in Figure 1-7(a). After transmission through 

the sample, the objective lens acts as the primary focusing element and the image reaches the 

viewing screen. The objective aperture is placed in the back focal plane, where the electron 
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diffraction pattern is located, and the portion of the transmitting wave that will create the 

image is chosen from this pattern. Aberrations from the objective lens are the primary 

contributors of image resolution loss and artifacts in CTEM. 

In Scanning TEM (STEM) an electron probe is scanned across the sample and it is 

the aberrations in the probe beam that contribute to image resolution loss and artifacts. As 

indicated in Figure 1-7(b), the primary imaging lenses in a STEM setup are above the sample 

and include scan coils to raster the electron beam across the sample. Electrons transmitted 

through the sample in STEM are incident on either a bright field or annular dark field (ADF) 

detector. The bright field detector detects electrons that undergo forward scattering through 

the sample from the incident electron beam. The ADF detector detects electrons scattered at 

low angles from the incident electron beam and the high angle annular dark field (HAADF) 

detector (not pictured) detects electrons scattered at higher angles. HAADF detected signal is 

related to atomic composition as the scattering angle has been shown to correspond with 

atomic number Z [67].  The objective aperture of a dedicated STEM (Figure 1-7(b)) 

determines the electron probe size and therefore the image resolution. For the case of a non-

dedicated STEM (a microscope that can be operated in both TEM and STEM modes) the 

condenser aperture, which defines the convergence semi-angle, determines the electron probe 

size as well as the contribution of aberrations to the electron probe. 
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Figure 1-7 Ray trace diagram of (a) CTEM [69] and schematic of (b) STEM setup [67].  

 

For the defects investigated here, CTEM techniques are used for dislocation and ID 

contrast imaging while STEM techniques are primarily implemented for Z-Contrast imaging 

of composition variation and atomic structure. While the imaging limitations for each 

technique are different and one technique is at times more favorable than the other, both 

CTEM and STEM are capable of conveying the same information about the sample due to 

the reciprocity theorem, i.e. a STEM set up is an upside down CTEM set up [68]. All CTEM 

work was performed with a JEOL 2000FX operating at 200 kV and all STEM images were 

taken with a probe corrected FEI Titan G2 60-300kV S/TEM equipped at 200 kV with a 

convergence semi-angle of 20 mrad. 
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1.5.2 Defect Imaging by Conventional TEM 

1.5.2.1 Dislocation Imaging 

As shown in Figure 1-4, a dislocation in a crystal distorts the surrounding atomic 

planes. It is this distortion of atomic planes surrounding the dislocation that is imaged by the 

TEM. An electron beam incident on a perfect crystalline sample would only exhibit mass 

contrast between the sample and vacuum, and thickness fringes due to variation in sample 

thickness, a result of dynamical diffraction. The electron diffraction pattern for a perfect 

crystal would show a reciprocal space map, i.e. an intensity pattern with spots indicating 

families of planes whose diffraction conditions are met at that particular orientation. If a 

dislocation is present in the sample, the crystal planes surrounding the dislocation would be 

displaced and contrast would be visible in the TEM image between regions meeting the 

diffraction condition at that particular sample orientation and regions not meeting that 

diffraction condition at that same sample orientation. The intensity contribution to the final 

TEM image depends on the placement of the objective aperture (shown in Figure 1-7(a)). If 

the aperture is placed around the center spot of the diffraction pattern, which represents the 

portion of the electron beam that undergoes no diffraction, a bright field image is acquired. If 

the aperture is about a particular diffraction spot g, a dark field image is acquired. In a bright 

field (BF) image, dark regions represent regions of the sample where a diffraction condition 

is met and the electron beam is Bragg scattered away from the center spot. In a dark field 

(DF) image these regions are bright and correspond to the singularly excited g. 

The imaging and identification of dislocation type by TEM consists of titling the 

TEM sample to various diffraction conditions and observing whether or not contrast from the 
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bent planes around the dislocation is present. For simplification of image analysis it is 

advantageous to tilt the sample to what is known as a two-beam condition wherein a single 

diffraction condition g is strongly excited and all other diffracted beams are weak. Therefore 

only the direct beam and the diffracted beam g are the primary contributors to the contrast of 

the image. To determine the Burgers vector of a dislocation (which indicates the type of 

dislocation), one must image the dislocation at various values of g to meet what is known as 

the invisibility criterion.  

A defect introduces a displacement field into the crystal and for a dislocation this 

displacement field is proportional to the Burgers vector b. When the dot product of b and g is 

equal to zero the Burgers vector is parallel to the diffracting planes, therefore the 

displacement due to the dislocation is not visible and the crystal appears to be dislocation 

free [70]. Figure 1-8 illustrates this concept for various diffraction conditions and two 

different types of dislocations. For the BF image, Figure 1-8(a), there are several diffraction 

conditions met at this tilt, i.e. many diffraction spots in the diffraction pattern, the aperture 

surrounds the center diffraction spot, and all dislocations are visible as dark lines. For Figure 

1-8(b), only one type of dislocation is visible in the image and the invisibility criterion is met 

at this diffraction condition for the invisible dislocations. In 1-8(c) the invisibility criterion is 

met for the dislocations visible in Figure 1-8(b). It is important to note that the dark field and 

two beam bright field conditions illustrated in Figures 1-8(b) and 1-8(c) are not customarily 

reported for dislocation analysis. Instead, two beam dark field imaging is conducted wherein 

the aperture is place around the diffraction spot in the two beam condition, allowing the 
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image to be formed only by the diffracting dislocations, i.e. for imaging bright dislocations 

on a dark background. 

 

 

Figure 1-8 Dislocation images and accompanying diffraction patterns (circle denotes 

objective aperture position [69].  

 

In general, to determine the Burgers vector and dislocation type you begin with the 

g•b values for perfect dislocations then image the sample at different values of g. Table 1-2 

describes expected values for g•b for the dislocations observed in III-nitrides. A value of zero 

in this table corresponds to the meeting of the invisibility criterion at the diffraction condition 

g for the particular Burgers vector. The non-zero values in Table 1-2 correspond to the 

intensity of the imaged dislocation, i.e. when g•b is +/-2 the dislocation contrast is strong and 

weaker for g•b = +/-1. For example, an a-type dislocation with b = 1/3<-12-10> would be 

invisible at the g = 0002 diffraction condition, strongly visible at g = -12-10, and weakly 
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visible at g = 0-100. For each diffraction condition, a two-beam CTEM image is acquired and 

the visibility of the dislocation is monitored and compared to the image contrast of a perfect 

dislocation. 

 

Table 1-2 g•b table for identifying dislocations in III-nitrides. 

 

	  

a c a + c 

g / b ±1/3 [-2110]  ±1/3 [-12-10] ±1/3 [11-20] ± [0001] ±1/3 [-2113] ±1/3 [-12-13] ±1/3 [11-23] 

g0002 0 0 0 ±2 ±2 ±2 ±2 

g-12-10 ±1 ±2 ±1 0 ±1 ±2 ±1 

g-12-12 ±1 ±2 ±1 ±2 ±1 ±4 ±1 

g01-11 0 ±1 ±1 ±1 ±1 ±2 ±2 

g0-110 0 ±1 ±1 0 0 ±1 ±1 

 

 

1.5.2.2 Inversion Domain Imaging 

Inversion domain (ID) imaging by CTEM relies heavily on dynamical diffraction 

effects. Friedel’s Law states that in kinematic diffraction the intensity of an hkl diffraction 

event is equal to the intensity of an –h-k-l diffraction event, where hkl represent the indices of 

the diffracting planes. Therefore, in the case where Friedel’s Law holds, it is not possible to 

detect an inversion center in the crystal. In convergent beam electron diffraction (CBED) and 

multiple beam dark field (MBDF) imaging it is possible to see dynamical diffraction contrast 

and distinguish inverted crystallographic regions.  
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In CBED a converged electron beam is incident on the sample and the diffraction 

pattern that is formed contains discs rich in crystallographic information. Figures 1-9(a) and 

1-9(b) compare the incident electron beam in parallel electron diffraction and CBED, 

respectively. For the parallel beam case, the electron beam is incident in one direction and 

the resultant kinematic diffraction pattern yields information about single diffraction events. 

For the converged beam case, the incident beam can be considered as composed of several 

electron beams incident on the sample from various angles, forming a 2D contrast map in 

each disc that describes the interference between the multiple electron beams and the crystal 

[72]. Figure 1-9(c) compares a parallel electron beam diffraction pattern along the <1-100> 

zone axis of N-polar GaN to a CBED pattern acquired along the same zone axis. In the 

parallel electron beam diffraction pattern there is no distinction between the g = 0002 and g = 

000-2 diffraction spots while there is a notable contrast difference in the CBED discs, as 

shown in Figure 1-9(d). It is important to note that CBED disc intensity is not only a function 

of crystallographic orientation, but also TEM sample thickness and defect density. Therefore 

it is necessary to simulate CBED patterns for various thicknesses to verify pattern correctness 

and to avoid collecting a CBED pattern in a highly defective region (i.e. with high 

dislocation density or in a tilted grain). The CBED probe size is a function of the 

convergence angle or condenser aperture diameter, with the average region analyzed in a 

single CBED pattern on the order of a few nm2. CBED is often used to verify polarity of III-

nitrides and capable of confirming polarity of IDs when a CBED pattern is obtained within 

and outside of the ID region.  
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Multiple beam dark field imaging (MBDF) similarly relies on dynamical diffraction 

to distinguish between inverted regions in a crystal. In MBDF the incident beam is parallel 

on the sample and dark field imaging with several diffraction spots excited (i.e. more than a 

two-beam condition) is conducted [73]. An example of MBDF imaging of inversion domains 

in N-polar AlN is shown in Figure 1-10. The objective aperture is placed around g = 0002 or 

g = 000-2 to form the images in Figures 1-10(a) and 1-10(b), respectively. The contrast 

between the two inverted regions in the sample is indicated in the figure by an arrow while 

reversal of contrast between the two different imaging conditions suggest that an inversion of 

crystallographic domains exists. MBDF is useful for imaging IDs on a larger length scale as 

compared to CBED.  However, unlike CBED, MBDF cannot verify polarity, i.e. that the ID 

is Al-polar in figure 1-10, but only indicate where regions of inversion exist. 
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Figure 1-9 Schematic of electron microscope settings for (a) selected area diffraction 

and (b) convergent beam diffraction [72] with (c) diffraction pattern comparison and 

(d) intensity patterns in the g = 000-2 and 0002 CBED discs of GaN.  
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Figure 1-10 Example of MBDF contrast from adjacent inverted AlN with (a) g=0002 

and (b) g=000-2 [57]. 

 

1.5.3 Defect Imaging by Scanning TEM 

 STEM imaging with the bright field detector is capable of imaging dislocations in a 

similar way as described in section 1.5.2.1 [71], however this technique is less common and 

not implemented in this work. Using the HAADF detector it is possible to image composition 

variations in the sample, and it is this imaging technique that is used in chapter 4 to 

distinguish compositional inhomogeneity in AlGaN layers. For verification of polarity and 

identification of inversion domain boundary type, atomic-resolution Z-contrast STEM is 

used. The principles of this imaging technique are similar to standard Z-contrast imaging 

with electron scattering dependent on atomic number Z [67]. Additionally, image quality is 

improved through the use of an aberration corrected microscope where a sophisticated 
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corrector conditions the STEM probe beam, reducing the aberrations and improving atomic 

resolution contrast. 

 

1.5.4 TEM Sample Preparation 

Sample preparation for TEM is extremely important since the sample must be less 

than a micron in thickness for CTEM and on the order of nanometers for atomic resolution 

imaging. The type of preparation and the time for preparation varies widely and depends on 

the material under study. III-nitrides and their substrates are notable for their high hardness 

and brittleness, which, especially in the case of bulk AlN, results in more of a challenge in 

sample preparation. The two common techniques for sample preparation of III-nitrides are 

Focused Ion Beam (FIB) milling and mechanical polishing. Historically FIB sample 

preparation is notorious for residual sample preparation damage that results in poor imaging 

quality at the atomic scale, however, with the advent of dual FIB-SEM systems as well as 

more refined and lower energy Ga-ion beam sources, FIB samples have increased in quality 

[74]. In this work, TEM samples were prepared either using an FEI 3D Quanta FEG FIB 

system or an Allied Multiprep polishing system [75] followed by Ar ion milling with a 

Fischione 1010 or 1050 ion mill.  

 

1.6 Additional Material Characterization performed in this work 

Additional characterization tools were used in this work to study surface morphology 

of as-grown and chemically etched III-nitride surfaces. A JEOL 6400F field emission 
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scanning electron microscope (SEM), operating at 5kV and atomic force microscopy (AFM) 

using an Asylum MFP-3D stand-alone AFM in tapping mode. 
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CHAPTER 2: Extended Defects in N-polar AlN on Sapphire 

2.1 Motivation 

As described in chapter one, interest in the growth of smooth, high quality N-polar 

III-nitrides is driven by the success of N-polar high electron mobility transistors (HEMTs) 

and the development of III-nitride lateral polarity structures (LPSs). A III-nitride LPS is 

composed of regions of III-polar and N-polar material grown simultaneously on a single 

sapphire wafer. One application of the LPS is quasi-phase matching for second harmonic 

generation (SHG). It is essential for this application that the surface roughness of the N-polar 

material is comparable to that of the III-polar as rough surfaces scatter light and increase 

waveguide losses. Recent results have shown fairly smooth N-polar AlN on silicon [76]; 

however, simultaneous growth of both polarities has yet to be reported on this substrate. The 

growth of smooth, uniformly N-polar AlN on sapphire, where both polarities can be 

achieved, continues to be a challenge due to the presence of inversion domains [77]. It is also 

important for LPS applications that polarity can be tightly controlled in the intended regions 

of growth, i.e. no unintended inversion of the III-nitride material in either polarity region. 

Additionally, the density and behavior of dislocations in III-polar and N-polar LPS structures 

are important to quantify overall material quality. This chapter discusses the dislocation 

density and their behavior in AlN LPS structures, and the formation of inversion domains in 

N-polar AlN grown on sapphire.  
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2.1.1 Polarity Control in III-Nitrides 

A general method for polarity control of III-nitrides grown on sapphire has been 

established and is illustrated in Figure 2-1 [16]. The sapphire surface first undergoes a 

hydrogen etch step where crystallographic sapphire terraces become more pronounced and 

free of surface contamination. Growth of predominately N-polar III-nitride material is 

observed on a sapphire surface that undergoes a low temperature anneal in an ammonia 

atmosphere, also called a nitridation step. The formation of AlN on a nitrided sapphire layer 

has been well established [16, 78-80]. It has been hypothesized that the first few atomic 

layers of sapphire are transformed to N-polar AlN during this process and the III-nitride 

material grown on top mimics this polarity [57]. The nitridation step is not trivial as over-

nitridation results in the reduction of crystalline quality due to the formation of AlN 

protrusions along the sapphire terraces [80] and/or the formation of voids below the sapphire 

interface [57]. Additionally, insufficient nitridation, i.e. an incomplete transformation of the 

sapphire surface to AlN, has been attributed to ID formation.  
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Figure 2-1 Polarity Control Scheme for III-nitrides grown on Sapphire [16]. 

 

The implementation of a properly annealed, low temperature (LT) buffer layer before 

III-nitride deposition has been shown to consistently result in III-polar films [16]. The most 

common choice of buffer layer is AlN over GaN, especially if the III-nitride film to be 

deposited is AlN or AlGaN, that are typically grown at higher temperatures at which GaN 

could decompose. If the LT-AlN buffer layer is too thin or over-annealed, IDs are formed 

due to exposure of the nitrided sapphire surface and the film is mixed polar.  

 

2.1.2 Lateral Polarity Structures 

The focus of this chapter is on the development of N-polar AlN, however, important 

conclusions on the origin of IDs in N-polar AlN have been drawn through the analysis of the 
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AlN LPS. Therefore, a discussion of the processing steps of an LPS is warranted. The 

combination of the polarity control scheme for III-nitrides on sapphire with common 

lithographic techniques is the basis for LPS growth as illustrated in Figure 2-2. The LT-

buffer layer is first deposited on a sapphire wafer, then patterned regions with and without 

this buffer layer are formed by removing the LT-buffer layer with reactive ion etching (RIE). 

This patterned sapphire wafer is placed back into the MOCVD reactor and a complete growth 

run, including hydrogen etching and nitridation steps to recover the initial sapphire surface, 

produces alternating regions of III-polar and N-polar material. It is important that the buffer 

layer remains intact after the lithographic process and sapphire treatment during regrowth to 

maintain III-polarity in the intended regions. 

 

 

Figure 2-2 Process-flow for the fabrication of a III-N lateral polar structure (LPS). 
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2.2 AlN Lateral Polarity Structures 

For this study, AlN LPS templates were grown by first preparing the sapphire 

substrate surface with a 7 minute hydrogen etch at 1100°C and nitridation for 4 minutes at 

1070°C. This was followed by the deposition of a LT-AlN buffer layer at 650°C and 20 Torr 

total reactor pressure. After patterning of the buffer layer by RIE, the wafer was reintroduced 

into the MOCVD reactor, where hydrogen etching and nitridation steps were repeated for 20 

minutes and 10 minutes, respectively, in order to recover the sapphire surface damaged by 

the etching process [81]. To confirm that the patterning steps did not contribute to any 

irregularities in the AlN LPS, N-polar AlN was grown on non-patterned sapphire wafers. 

Hydrogen etching and nitridation conditions were kept constant to maintain identical initial 

surface conditions for AlN growth on both patterned and non-patterned sapphire wafers. In 

both cases, the hydrogen etch and nitridation were followed by an intermediate temperature 

AlN (IT-AlN) layer grown at 1100°C and a high temperature AlN layer (HT-AlN) grown at 

1250°C [82]. Trimethylaluminum and ammonia flow rates of 21 µmol/min and 100 sccm 

were used for both IT-and HT-AlN layers; the growth temperature was ramped to 1250°C 

after a 100 nm thick deposition of the IT-AlN. Hydrogen was used as diluent gas and the 

total pressure during growth was 80 Torr.  
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Figure 2-3 60° tilted SEM image of an AlN LPS. 

 

A noticeable difference in N-polar and Al-polar AlN surface morphology was 

observed with SEM as shown in Figure 2-3. The N-polar AlN exhibited a columnar 

morphology with column width on the order of 500 nm and peak to valley heights of 

approximately 100 nm. The Al-polar AlN was smooth and featureless. The surface 

morphology of the N-polar AlN was consistent with previous reports on AlN growth on 

sapphire [83-84], and identical results were found for N-polar AlN grown on non-patterned 

sapphire wafers. The polarity of the AlN LPS was verified by complete removal of the N-

polar region under high molarity KOH etching. Detailed characterization by XRD and PL of 

the AlN LPS can be found in reference 62. The following discussion focuses on the TEM 

investigations of this structure and of N-polar AlN grown on non-patterned sapphire wafers. 
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2.2.1 Dislocation Characterization  

Conventional TEM (CTEM) and bright field scanning TEM (BF STEM) were 

employed to determine the type and density of dislocations present in the AlN LPS, 

respectively. Cross-section (XS) TEM samples and plan view (PV) TEM samples were 

prepared by FIB and mechanical polishing. First, bright field (BF) CTEM images of the XS 

sample were acquired at the g=1-100 and g=0002 diffraction conditions to determine the type 

of dislocations present. The BF TEM image of Figure 2-4(a), g=1-100, is an imaging 

condition at which pure edge and mixed edge and screw type dislocations are visible (refer to 

table 1-2 for g�b criteria). In Figure 2-4(b), where g=0002, only pure screw and mixed edge 

and screw type dislocations are visible. Due to the smaller number of dislocations present at 

the g=0002 diffraction condition, the majority of dislocations in both N-polar and Al-polar 

regions of the AlN LPS are pure edge type. These results are consistent with those previously 

reported for Al-polar AlN grown on sapphire where a lower density of dislocations with a 

screw component are observed as compared to GaN grown on a LT-AlN buffer layer on 

sapphire [85].  

An additional feature observed in Figure 2-4 is the difference in the number of 

dislocations threading to the top surface of the N-polar and Al-polar regions of the LPS. 

There is a considerable amount of dislocation annihilation within the first 200 nm of both 

polarity regions, however, in the N-polar region there appears to be even fewer dislocations 

in the topmost 400 nm of the layer. This behavior can be attributed to the columnar structure 

of the N-polar region wherein the dislocations incline toward the edges of the grains, 

increasing annihilation probability between dislocations. As the Al-polar region growth 
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transitions from the grains of the LT-buffer layer to a step-flow surface there are fewer 

opportunities for dislocation annihilation as the thickness increases. 

 

 

Figure 2-4 XS Bright Field TEM image of AlN LPS at (a) g=1-100 and (b) g=0002. The 

white dashed line indicates the boundary between the N-polar (left) and Al-polar (right) 

regions of the LPS. Dislocations appear as dark lines in this imaging condition and the 

arrow indicates a dislocation.  

 

To obtain clear, high contrast images of the dislocations for determination of total 

dislocation density, BF STEM images of the XS sample and BF CTEM of the PV sample 
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were also examined. In the BF STEM image only strain contrast is visible as the electrons 

forming the image are from the direct beam or scattered at small angles associated with 

Bragg diffraction. Therefore, contrast in these images is predominately formed by strain 

fields due to dislocations, not Z-contrast [72]. However, as the BF STEM image is taken on-

zone, all dislocations with a line direction intersecting the sample are visible and the types of 

dislocations, i.e. edge or screw-type, cannot be distinguished in this imaging mode. An 

additional advantage of BF STEM imaging of dislocations can be seen when comparing 

Figure 2-4, and Figure 2-5. In Figure 2-4 thickness fringes, a consequence of dynamical 

affects in the CTEM imaging condition [72], appear as dark and bright bands running parallel 

to the growth plane. These fringes are not visible in Figure 2-5, allowing for clearer contrast 

of dislocations in the image.  

 

 

Figure 2-4 BF STEM image of AlN LPS where the white dashed line indicates the 

boundary between the two polarity regions. Dislocations appear as dark lines in this 

imaging condition. 
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PV samples have the advantage of imaging a larger lateral range of the LPS structure 

and reduce counting error by providing a larger sample region for counting dislocations. In 

Figures 2-6(a) and 2-6(b), the same dislocations visible in figure 2-4(a), are present within 

the samples. The inset of figure 2-6(a) shows an example measurement of dislocation length 

with a white line approximating the length of the dislocation. For the N-polar AlN in Figure 

2-6(b) almost no dislocations are visible as the sample was prepared by polishing from the 

backside and the electron transparent region contains only the topmost portion of the LPS. 

This image further illustrates the smaller number of dislocations that thread to the top of the 

LPS surface in the N-polar region.  

Another interesting feature was observed in the N-polar AlN PV sample image of 

Figure 2-6(d). With the addition of a c-component in the diffraction condition of this image, 

a banded feature, indicated by the white arrow, appears in the center of the N-polar AlN 

grains. Similar features have been observed in GaN PV samples and suggested the presence 

of inversion domains [86]. It is important to note that this contrast band is not a result of the 

thickness variation of the N-polar AlN sample. Thickness fringes are visible in the N-polar 

AlN in Figure 2-6(b) where the contrasting bands circle the grains, giving the appearance of 

topographic contours.  

The combination of CTEM, BF STEM, as well as a series of XS and PV TEM 

samples of the AlN LPS, resulted in concluding the total dislocation density in both N- and 

Al-polar regions of the LPS to be on the order of 1010 cm-2. 
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Figure 2-6 PV Bright Field TEM images of the Al-polar region of the AlN LPS at (a) g 

=1-100 and (c) g=1-101, and of the N-polar region of the AlN LPS at (b) g =1-100 and 

(d) g=1-101. The inset of Figure 2-6(a) shows the length of a dislocation and the arrow 

in 2-6(d) illustrates the fringed features that suggest the presence of IDs.  

 

2.2.2 Inversion Domains in N-polar AlN 

The contrast features observed in the PV image at g=1-101 and at the g=0002 in the 

N-polar region of the AlN LPS suggest a boundary along the c-axis as the features were only 

visible when a diffraction condition parallel to the c-direction was excited. To further 

investigate this contrast, multiple beam dark field (MBDF) images at g=0002 and g=000-2 
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were acquired. As shown in Figure 2-7, V-shape features around 15 nm and 50 nm in width 

at the bottom and top, respectively, had alternate contrast than the surrounding matrix. The 

reversal of contrast of both the V-shaped features and the surrounding matrix at the g=0002 

and g=000-2 diffraction conditions corresponded to the presence of side-by-side inverted 

crystallographic domains, i.e., inversion domains [73]. Identical contrast features were 

observed in N-polar AlN grown on non-patterned sapphire. No features suggesting the 

inversion of crystallographic domains were present in the Al-polar AlN regions of the LPS or 

in Al-polar AlN grown on non-patterned sapphire wafers. The density of these features, 

determined from both XS and PV samples, was found to be ~108 cm-2. 

 

 

Figure 2-7 MBDF contrast from adjacent inverted AlN with (a) g=0002 and (b) g=000-2 

[57]. 
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Similar to those IDs observed by Jasinski et al [39, 54], the sidewalls of these 

structures appeared inclined from the growth direction by approximately 2 degrees. The 

apparent inclination of the IDs is unique, as IDs reported in metal-polar nitrides, as well as 

IDs observed in N-polar GaN, consistently exhibited abrupt, vertical sidewalls. The 

mechanism for the formation of this type of sidewall has yet to be explained. Atomic 

resolution STEM in Figure 2-8 further verified the presence of IDs in the N-polar AlN and, 

as shown in Figure 2-9(a), a staggered inversion domain boundary (IDB) was observed.  

 

 

 

Figure 2-8 Atomic Resolution STEM with ball and stick model overlay of IDB* [60] in 

N-polar AlN.  

 

Arrows in Figure 2-9(a) point to the regions, where the IDB appears to expand 

stepwise laterally. Further investigation of the IDB structure is necessary as the TEM sample 
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thickness in this study prevented clear atomic resolution imaging of the boundary. However, 

initial observations of the staggered IDB showed portions of the IDB* structure described by 

Northrup et al, wherein there are no wrong atomic bonds (Al-Al or N-N) and a vertical shift 

of c/2 relative to the two polarity domains [60], in conjunction with a lateral inversion. This 

observation is opposed to the inclined IDB* model previously suggested [54]. 

 

 

Figure 2-9 (a) IDB boundary in N-polar AlN with arrows indicating inclination and 

voids present in (b) the Al-polar region of the AlN LPS by STEM imaging and by 

MBDF imaging in the (c) N-polar and 9d) Al-polar region of the LPS [57]. 
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To further investigate the spatial distribution and density of IDs in the N-polar AlN, 

potassium hydroxide (KOH) etching was employed. KOH etching has been shown to be 

polarity selective in III-Nitrides as the N-polar surface reacts and etches, leaving a pyramidal 

surface morphology while the III-polar surface remains inert [63]. Initial etching of the LPS 

structure in 3M KOH at 70°C for 1 minute completely removed the N-polar region, left no 

sign of the IDs observed by TEM, and had no effect on the Al-polar AlN [62]. Etching 

results of the N-polar AlN in 1M KOH solution at 70°C are shown in Figure 2-10 where the 

majority of the N-polar material was removed and a very low density of IDs found in 

sapphire polishing scratches, similar to previous reports on etched N-polar AlN on sapphire 

[84], is observed.  

 

 

Figure 2-10 SEM of N-polar AlN after etching in 1M KOH solution at 70°C with (a) 

and (b) show IDs in remnant sapphire polishing scratches and (c) a white arrow 

indicating a region where the N-polar AlN material was completely removed. 
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The reduction of molarity to 0.05M KOH and etching at 70°C for 30 s only 

moderately etched the N-polar AlN surface and revealed the presence of IDs of similar size 

and shape as those observed by TEM. The result of the low molarity KOH etch of the N-

polar AlN is shown in Figure 2-11 with resultant columnar Al-polar IDs indicated by arrows. 

From these etching experiments, the density of IDs was found to be ~109 cm-2, an order of 

magnitude greater than that estimated by TEM.  

 

 

Figure 2-11 (a) as grown N-polar AlN and (b) KOH etched N-polar AlN with arrows 

indicating columnar IDs.  

 

2.2.3 Origin of IDs in N-polar AlN 

ID contrast in the N-polar AlN was found to correspond with a small facetted feature 

within the sapphire substrate, as shown in Figure 2-8 (c). Similar features were observed in 

the Al-polar region (Figure 2-8 (d)) but no ID contrast was visible by MBDF TEM nor were 

lattice irregularities observed via atomic resolution STEM. Based on previous reports of void 
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formation at the interface of AlN and sapphire under similar temperature and hydrogen 

environments [87] and the apparent reduction of sapphire material indicated in the HAADF 

STEM images by a darker contrast, the small facetted features are believed to be voids. 

Additionally, STEM and atomic resolution energy dispersive x-ray spectroscopy results (not 

shown) did not confirm the formation of AlN or other material within these regions. A low 

magnification HAADF STEM image of the AlN LPS is shown in Figure 2-11 with arrows 

indicating the presence of a void at the AlN/sapphire interface. 

Each void extended approximately 15 nm from the AlN/sapphire interface into the 

sapphire substrate with a width of about 15 nm. The total density of voids was estimated via 

TEM to be approximately 2 x 108 cm-2, comparable to the ID density measured by TEM but 

an order of magnitude lower than the number of IDs measured by KOH etching. Voids of the 

same size and density were observed in N-polar AlN films grown on sapphire wafers without 

patterning. Therefore, LPS processing and/or the presence of the LT-AlN layer in the Al-

polar region had no role in void formation as no preferential formation of voids in either 

polarity region or a different void density in N-polar AlN grown on non-patterned sapphire 

wafers was observed. Above the voids in the Al-polar region, as shown in Figure 2-8 (b), the 

Al-polar AlN appeared undisturbed above the nucleation layer. This visual appearance is 

likely a consequence of the TEM sample thickness being greater than the void size in the 

<11-20> direction but may also be due to the initiation of void formation a the interface after 

the deposition of the LT-AlN and/or IT-AlN layer. The maintenance of Al-polarity above the 

void in the Al-polar region and the presence of an Al-polar ID above the void in the N-polar 

region suggested that void formation supported Al-polar growth. 
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Figure 2-12 HAADF STEM image showing distribution of voids in LPS as indicated by 

white arrows 

 

The origin of the voids and Al-polar AlN growth above the voids is believed to be 

due to the decomposition of sapphire in the presence of hydrogen at elevated temperatures. 

Previous reports have shown void formation at the interface between AlN and sapphire in a 

mixed atmosphere of hydrogen and nitrogen [30, 87] as well as the formation of Al-polar 

AlN on the surface of sapphire undergoing high temperature anneals in ammonia [88-90]. 

Considering these results, each step of the growth process discussed in this work may have 

contributed to the decomposition of sapphire, as hydrogen was present throughout the 

growth.  

In the case of the hydrogen etch step, hydrogen was available to decompose the 

sapphire and form gaseous Al and water but no nitrogen was available to form AlN. In the 

nitridation step, ammonia was present to transform the sapphire surface to N-polar AlN, 

which was responsible for achieving films of N-polarity [80], and hydrogen, an intermediary 

reaction byproduct was present to contribute to the decomposition of sapphire. It has been 

!
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shown that void formation can occur in the presence of ammonia alone [87] making the 

nitridation step sufficient for sapphire decomposition as well as the most likely initiator of 

Al-polar IDs in the N-polar AlN by providing a source of hydrogen. During the IT- and HT-

AlN growth steps both hydrogen and ammonia are readily available to contribute to the 

decomposition of sapphire. In early stages of growth, copious dislocations are likely to act as 

diffusive channels for the removal of water and Al vapor produced during sapphire 

decomposition, however, as AlN grows thicker and dislocation density decreases away from 

the interface this process is quickly suppressed [89]. 
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CHAPTER 3: Dislocation Reduction in Smooth N-Polar GaN 

3.1 Motivation 

As discussed in chapters 1 and 2, development of an appropriate growth procedure to 

control III-nitride polarity has improved III-nitrides and allowed for the development of 

novel structures grown on nonnative substrates. However, dislocation densities in this 

material remain on the order of 1010 cm-2 when grown on nonnative substrates. To further 

improve N-polar III-nitride material it is necessary to reduce dislocation density. Native 

substrates are the ideal solution to this problem but as they are still under development and 

costly, alternative dislocation reduction techniques must be employed. One such technique, 

known as lateral epitaxial overgrowth (LEO) or selected area growth (SAG), has helped 

reduce dislocation density in several material systems grown on nonnative substrates [91]. In 

LEO, epitaxial growth is encouraged laterally over a non-crystalline mask region. With this 

lateral growth, dislocations are bent parallel to the growth surface and the threading 

dislocation density in the material grown over the masked region is significantly reduced. 

The LEO technique has been proven to be a powerful tool to achieve locally a low 

dislocation density (~106 cm-2) in Ga-polar GaN [92]. 

 

 

Figure 3-1 Schematic illustrating the reduction of dislocations in LEO GaN. 
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LEO is achieved by first patterning a template with a dielectric mask (indicated by the 

light green layer in Figure 3-1) on which nucleation of GaN is discouraged. It is important to 

note that high vapor supersaturation growth will result in nucleation on any type of mask. 

This is why masked LEO is not possible for AlN and why low supersaturation is preferable 

for LEO growth. The mask on top of the GaN template contains open regions that expose the 

GaN below, called window regions, from which regrowth is initiated when the patterned 

GaN is reintroduced into the growth chamber. Growth from a window region extends 

laterally across the dielectric mask and the laterally grown material has a reduced threading 

dislocation density. In general, an efficient LEO growth consists of a smooth re-growth 

surface, a high lateral to vertical growth ratio, and small window regions, so the majority of 

the LEO material has a reduced threading dislocation density. 

 

3.2 Lateral Epitaxial Overgrowth of N-polar GaN 

Extensive work has been published investigating the influence of LEO regrowth 

conditions and mask geometry on overgrown Ga-polar, semi-polar, and non-polar GaN [92-

95]. It has been shown that MOCVD growth parameters such as temperature [96], reactant 

partial pressure [95] and diluent gas [97] influence both the sidewall morphologies and 

lateral to vertical growth ratios. In addition, the orientation of LEO masks with respect to 

GaN crystallographic facets influences LEO sidewall morphology [93].  In this chapter, LEO 

growth of N-polar GaN on smooth N-polar GaN templates is discussed.  
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3.2.1 Smooth N-polar GaN Template Growth and Characterization 

Growth of N-polar GaN, both heteroepitaxially and homoepitaxially on nominally 

[0001] oriented substrates results in hillock-laden surfaces [41, 99]. Growth of smooth N-

polar GaN templates, therefore, requires steps beyond initial sapphire substrate surface 

preparation. Smooth N-polar GaN can be grown on off-cut sapphire in the appropriate 

growth supersaturation environment [23]. For this study, a 2° off-cut toward the m-plane of 

sapphire was chosen based on previous works which suggested that this off-cut angle and 

direction is sufficient to produce smooth N-polar GaN under appropriate growth conditions 

[31]. Prior to GaN growth, the substrates were annealed in H2 at 1100°C for 7 min, followed 

by an anneal at 940°C in a mixture of HN3 (1slm) and N2 (1slm) for 4 min. A 10 nm thick 

GaN nucleation layer (NL) was grown at 900°C by flowing 134 µmol/min of triethylgallium 

(TEG) and 6 slm of ammonia while using N2 as a diluent gas. After heating to 1100°C in a 

mixture of HN3 (3 slm) and N2 (2 slm), GaN growth was carried out with a V/III ratio of 100, 

established by flowing 134 µmol/min of TEG and 0.3 slm of ammonia under a total flow rate 

of 7.5 slm and a reactor pressure of 20 Torr. Both the template GaN growth and LEO growth 

employed H2 as a diluent gas. 

As shown in the AFM images of Figure 3-2, N-polar GaN surface morphology varies 

dramatically depending on the sapphire substrate off-cut. N-polar GaN shown in Figure 3-

2(b), grown on 2° off-cut sapphire, is smooth with an RMS roughness of 1 nm. This smooth 

N-polar GaN is comparable to that of Ga-polar GaN grown on sapphire that has an RMS 

roughness of 0.3 nm and exhibit terrace features [18]. Hexagonal hillocks, as shown in 
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Figure 3-2(a), are present in the rough N-polar GaN grown on standard (0001) substrates 

which have an off-cut of 0.2°.  

 

 

Figure 3-2 AFM of (a) rough and (b) smooth N-polar GaN. The smooth N-polar GaN 

was achieved by the use of a 2° off-cut sapphire substrate. 

 

The dislocation density of the smooth N-polar GaN template was found to be 2x1010 

cm-2 as shown by the TEM images in Figure 3-3. The dark field (DF) TEM image of Figure 

3-3(a), g = 1-100, is an imaging condition at which pure edge and mixed edge and screw 

typed dislocations are visible. In Figure 3-3(b), where g=0002, only pure screw and mixed 

edge and screw type dislocations are visible. Due to the small number of dislocations present 

in Figure 3-3(b), the majority of dislocations in the N-polar film are pure edge type. These 

results are similar to those of Ga-polar GaN grown on sapphire [100]. CBED results shown 

in Figure 3-3(c) and corresponding JEMS simulation in Figure 3-3(d) confirm the template 

polarity and a TEM sample thickness of 95 nm.  
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Figure 3-3 DF TEM of smooth N-polar GaN with a) g=1-100, b) g=0002 and 

corresponding c) experimental CBED, and d) JEM simulated CBED with a film 

thickness of 95 nm [108]. 

 

3.2.2 N-Polar GaN LEO Growth and Characterization 

Low-pressure chemical vapor deposition (LPCVD) SiO2 was deposited on the smooth 

N-polar GaN template and patterned by conventional lithography and reactive ion etching 

(RIE). The LEO mask in this study contained stripes of alternating windows exposing the 

templates and SiO2 of identical widths ranging 5-50 µm across the mask. The mask stripes 

were oriented along both the <11-20> and <1-100> directions of the GaN templates. After 

patterning, N-polar LEO templates were cleaned by placing in an ultrasonic bath for 10 min 

each in acetone, methanol, deionized water and subsequently blown dry with N2 gas. The 

templates were then immediately placed in the MOCVD reactor for regrowth. The re-growth 

conditions were identical to those of the template growth without the substrate surface 

preparation (H2 anneal and nitridation) and GaN NL growth. The polarity of the lateral 
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overgrowth was first confirmed by wet etching. N-polar LEO was etched at room 

temperature in a 3 M KOH solution for ten minutes and, as shown by the SEM image in 

Figure 3-4, the window region and overgrowth regions exhibit the same surface morphology 

post-etch. As Ga-polar GaN is inert in an identical etching environment, the change in the 

LEO surface morphology confirms predominantly N-polarity [101]. 

 

 

Figure 3-4 Plan view SEM of (a) as grown and (b) 10 min. KOH etched N-polar LEO 

oriented along the <1-100>direction. The dashed lines indicate the boundaries between 

the window and overgrowth regions [208]. 

 

In order to compare the vertical to lateral growth rates for the different stripe 

orientations at the given growth conditions, the vertical growth above the template, h1, and 

average lateral distance across the overgrowth, h2, and the cross sectional area of the 

overgrowth, A, as indicated in Figure 3-4, were measured from the SEM images. The lateral 

to vertical growth ratio, or h2/h1, is equal to A/h1
2 as h2~A/h1. For the <1-100> overgrowth 

h2/h1 ~0.3 and for the <11-20> h2/h1 ~0.2, therefore the <1-100> has the larger lateral to 
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vertical growth ratio for the given LEO growth conditions. Additionally, it was observed that 

the total volume of GaN was conserved as compared to the growth of N-polar GaN film on 

an non-patterned sapphire wafer. The observation of total mass conservation implies that the 

vapor phase transport is sufficiently fast and each growth front is supplied with an identical 

chemical environment, therefore the surface faceting is determined by the orientation-

dependent growth velocity [102]. The connection between the conservation of total mass in 

the LEO and the orientation-dependent growth velocity allows for a simple interpretation of 

the observed surface morphology based on the visible facets and the growth conditions. 

 

 

Figure 3-5 SEM cross section images of N-polar GaN overgrowth oriented along the a) 

<1-100> and b) <11-20> directions with parameters used to determine lateral to vertical 

growth ratio indicated. The dashed line designates the region of measured area A [108].  
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The ideal N-polar LEO would have a large lateral to vertical growth ratio and 

maintain the smooth surface inherited from the N-polar GaN template. SEM images in Figure 

3-5 show N-polar LEO grown after 1 h with window and mask widths of 20 micron. The 

SiO2 mask is indicated by a white line in the figure to clearly distinguish the lateral 

overgrowth from the growth above the template region. Multiple stripe widths were analyzed 

to calculate the lateral to vertical growth ratios for both orientations. Similar top and sidewall 

morphologies, as well as lateral to vertical growth ratios, were observed in all stripe widths 

for both <1-100> and <11-20> oriented stripes. 

 

 

Figure 3-6 SEM cross-section of N-polar GaN overgrowth oriented along the (a) <1-

100> and (b) <11-20> directions [108]. 

 

The surface morphology for the <1-100> oriented stripes, in Figure 3-6(a), shows 

vertical {11-20} sidewalls. In addition, the overgrowth region of these stripes is faceted on 

the growth surface, unlike that of the window region re-growth. The presence of vertical 

sidewalls in <1-100> oriented Ga-polar overgrowth has been observed repeatedly, especially 
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in growth conditions of increased temperature (>1000 °C) [92, 93, 96] and in hydrogen 

diluent [97]. The growth surface faceting in the <1-100> stripe overgrowth can be attributed 

to the slower growth velocity of the –c face when in competition with a facets, m facets, and 

semi-polar facets. This is especially the case in growth conditions at higher temperatures, 

lower total pressures and lower V/III ratios as discussed in detail via the kinetic Wulff plots 

of Ref. [103]. Comparing these results to those of the <11-20> stripes, it is clear from Figure 

3-6(b) that the overgrowth is inclined with respect to the –c plane. The sidewall normal is 

inclined about 70° from the –c direction and these inclination angles suggests sidewall facets 

of the {1-10n} type. The observation of these sidewalls is comparable to previously reported 

Ga-polar GaN LEO grown along the same direction [92]. Additionally, SEM in Figure 3-6(b) 

reveals an inclination of the growth surface over the window region, which is similar to that 

in the <1-100> oriented N-polar GaN LEO. To explain both the inclined sidewalls of the 

overgrowth and faceted top surface in the <11-20> oriented LEO, the same argument 

regarding competing growth velocities can be made. 

TEM observations show a reduction in dislocation density of the re-growth in both 

the laterally overgrown and window regions. Figure 3-7(a) shows dark field (DF) TEM 

images with g=1-100 of an N-polar LEO stripe oriented along the <11-20> direction. An 

overview of the LEO stripe showing the N-polar GaN template and the re-grown regions 

reveal a drastic reduction in dislocation density. The lowest dislocation density is observed in 

the region above the bent dislocations found in the lateral overgrowth, approaching the 

minimum observable by TEM of ~107 cm-2 (no dislocations visible) and a maximum 

observed of ~8x108 cm-2, as shown in Figure 3-7(b). Dislocation density was calculated 
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assuming the observed dislocations in the overgrowth region were the entire length of the 

overgrowth and using a TEM sample thickness of 100 nm, determined by CBED simulations 

(not shown). Additionally, the observed dislocations in the overgrowth are bent 90 degrees 

from the window region. This type of dislocation bending behavior has been observed in Ga-

polar LEO with {1-10n} sidewalls; in order to minimize the free energy of the system, the 

dislocations bend towards the inclined free surface [104]. The majority of dislocations from 

the N-polar GaN template are bent in the window region, as indicated by the dislocation 

inclination indicated by the arrow in Figure 3-7(a). The density of dislocations in the window 

region is ~109 cm-2, an order of magnitude lower than that of the N-polar template. A similar 

pile up of angled dislocations along the [0001] direction, primarily near the SiO2 mask, has 

been observed in Ga-polar GaN LEO and attributed to crystalline tilt near the mask [105]. 

The mechanism behind the crystallographic tilt has been described as due to interfacial 

tension between the GaN and the SiO2 mask [106]. 
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Figure 3-7 DF TEM (g=1-100) of N-polar LEO stripes oriented along the <11-20> 

direction: (a) an overview of the LEO stripe with the arrow indicating dislocation 

bending and (b) the overgrowth region with dislocations bent 90° from the window 

region. The circle in the diffraction pattern inset indicates the position of the objective 

aperture [108].  
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CHAPTER 4: Compositional Uniformity and Dislocation Formation in AlGaN Grown 
on Single Crystal AlN Substrates 
 
4.1 Motivation 

III-nitrides grown on nonnative substrates have been sufficient for the development of 

several commercial devices; however, the dislocation density in these materials will always 

be an impediment to increased efficiency and lifetime. The implementation of multi-step 

growth processes in such highly mismatched systems, an example being the use of multiple 

nucleation layers of varying supersaturation, has proven incapable of growing thin (< 2µm) 

layers with dislocation densities less than 108 cm-2 [11]. Development of LEO and similar 

techniques has successfully reduced dislocation densities further, to as low as 5x106 cm-2 

[92], but this density of dislocations is still detrimental to device performance [109]. It is for 

this reason that growth on native substrates is the most promising approach to reaching 

dislocation densities less than 104 cm-2, which is comparable to those achieved in GaAs, GaP 

and Si technologies.  

For the development of high quality, Al-rich AlGaN heteroepitaxial layers, AlN 

single-crystal wafers are the ideal substrate. Recently, high quality AlN wafers have become 

more readily available [25]. In addition to material quality improvement, heteroepitaxial 

growth of AlGaN layers on native substrates provides an excellent opportunity to observe the 

natural relaxation mechanisms of III-nitride layers without the need to consider the role of 

nucleation layers or preexisting dislocations. However, wafer surface morphology and 

subsurface damage from wafer polishing have been recently reported to play a crucial role in 

the quality of subsequently grown homoepitaxial and heteroepitaxial layers [36, 37]. In this 
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chapter, the connection between the surface morphology of AlN homoepitaxial layers grown 

on AlN single crystal wafers of various off-cuts and the compositional uniformity of 

subsequently grown AlGaN layers is investigated. Additionally, the observation of 

dislocations in AlGaN grown on high off-cut AlN wafers and the role of wafer off-cut and 

layer relaxation will be discussed. 

 

4.2 AlN Surface Morphology and AlN Substrate Off-Cut 

Homoepitaxial AlN layers grown by MOCVD on single crystal AlN substrates 

processed from AlN boules grown by physical vapor transport (PVT) were investigated first. 

Substrate off-cut was varied from 0.2 to 1 degrees from the [0001] (+c) direction. Figure 4-1 

contains a schematic describing the relationship between the substrate off-cut θ, step height 

h, and terrace width d. Details on AlN wafer polishing to produce epi-ready surfaces, pre-

growth substrate chemical etching treatments, and homoepitaxial layer growth conditions, 

can be found in references 19, 36, and 37. Homoepitaxial AlN growth supersaturation was 

kept constant while substrate off-cut was varied. 

 

 

Figure 4-1 Schematic indicating the relationship between the off-cut angle θ, step height 

h, and terrace width d in an AlN off-cut substrate. 
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Figure 4-2 shows the four main surface morphologies obtained in homoepitaxial AlN 

grown for particular magnitudes of substrate off-cut. Surface morphology transitioned from 

2D nucleation on substrates with an off-cut value approaching zero degrees to step-bunched 

when off-cut values exceeded 0.2° [110]. For the case of substrate off-cut approaching a 

value of zero, there are few, if any, steps initially available for the onset of step-flow growth 

and 2D nuclei must first form before growth can proceed. In this off-cut condition, terraces 

are observed to approach widths in the micron range and, as shown in Figure 4-2(a), 

triangular nuclei with 180° rotation of nuclei on alternating terraces, is observed. For the case 

of step-flow growth, the vicinal surface provides atomic scale bi-layer steps, i.e., half the 

AlN c-lattice parameter or the distance between Al and N atomic layers when visualizing the 

AlN unit cell as alternating Al and N hcp layers. The regular presence of these steps allows 

for easy incorporation of adatoms in the terrace steps with no need for nuclei to form in order 

for growth to proceed. For both 2D growth and bi-layer step flow growth achieved with off-

cuts < 0.2°, homoepitaxial AlN step heights are equivalent to bi-layer step heights.  

With the smaller terraces of high off-cut substrates, step bunching, wherein some 

terraces overgrow others and exceed bi-layer height, occurs at this growth supersaturation 

[111]. Figure 4-2(c) indicates the occurrence of step meandering, an intermediate stage 

between bi-layer step-flow growth and step bunching, which incidentally occurs at an off-cut 

angle value between that which creates step bunching and bi-layer steps. For the case of step 

bunching and step meandering, terrace widths between 200-500 nm are observed and step 

heights exceed 5-10 nm in some cases while step meandering terrace heights remain on the 

order of 3 nm or less.  
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Figure 4-2 AFM of AlN homoepitaxial layers grown at identical supersaturation 

conditions on AlN single crystal wafers with (a) ≈ 0°, (b) < 0.2°, (c) ≈ 0.2°, and (d) >0.2° 

wafer offcut [110]. The type of surface morphology of the homoepitaxial layers is 

indicated in each image. 

 

From these observations at the fixed growth supersaturation of this study, it is clear 

that the growth mode of AlN varies as a function of substrate off-cut and the homoepitaxial 

layer surface morphology can be controlled by adjusting substrate off-cut. For most device 

applications, it is ideal to have atomically smooth epitaxial layer surfaces, therefore the off-

cut value of 0.2° is most favorable for homoepitaxial layer growth. Such rigid control over 

substrate off-cut is a challenge, especially for the case of substrates like AlN, that, while still 
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under development, can have small diameters with a considerable amount of curvature that 

results in off-cut variations across the substrate. However, the criteria for 2D growth, step-

flow growth, step bunching, and 3D growth (not observed in this work), can be a 

combination of growth supersaturation and surface energy, which is a function of crystal 

orientation and step morphology [48, 111]. This makes it likely that variations in the 

observed surface morphology of AlN homoepitaxial layers can be found as a function of both 

growth supersaturation and substrate off-cut, allowing for an extension of the off-cut range to 

achieve bi-layer step flow growth [112]. Additionally, while the homoepitaxial AlN surface 

shows variation in morphology, the crystalline quality of these layers is exceptional 

regardless of surface morphology, as reported in Reference 19. Therefore it is of interest to 

investigate subsequently grown AlGaN epitaxial layers in order to determine the impact of 

AlN surface morphology variation on the AlGaN layer crystalline quality. 

 

4.3 AlGaN Surface Morphology and AlN Homoepitaxy 

To understand the influence of AlN homoepitaxy surface morphology on AlGaN 

epitaxial layer quality, Al-rich AlGaN layers were grown on bi-layer stepped, step 

meandering, and step-bunched AlN surfaces. In the current work, AlGaN layer surface 

morphology and crystalline quality were investigated by AFM and HAADF-STEM, 

respectively. The nominal Al concentration in the AlGaN layers was 70%, with details on 

growth and additional AlGaN layer characterization available in Reference 17. AlGaN layers 

approximately 500 nm in thickness grown on the AlN surfaces appeared to follow the initial 
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AlN surface morphology, i.e., AlGaN on step-bunched AlN displayed a step-bunched surface 

morphology, as shown by the AFM images in Figure 4-3.  

 

 

Figure 4-3 AFM of AlN homoepitaxial layers with (a) step-bunched and (c) bi-layer 

surface morphology and subsequently grown AlGaN layers (b) and (d) on each AlN 

layer, respectively. 

 

Interestingly, HAADF STEM images of both step-bunched and bi-layer AlGaN show 

variations in Z-Contrast, as indicated in Figures 4-4 and 4-5, respectively. Two major 

contrast variations are observed in the step bunched AlGaN layers: (1) a uniform 

composition Al-rich AlGaN layer approximately 50 nm thick, indicated by a yellow arrow in 
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Figure 4-4 and (2) Ga-rich AlGaN streaks approximately 2-5 nm in width, extending from 

the Al-rich AlGaN layer to the layer surface, indicated by a red arrow in Figure 4-4 (a). A 

similar Al-rich AlGaN layer of approximately the same thickness is also observed in the bi-

layer AlGaN, shown in Figure 4-5(a) and indicated by the yellow arrow, though it is 

important to note that this AlGaN surface suggests the onset of step meandering (Figure 4-5 

(b)), implying that the starting AlN homoepitaxial surface may have exhibited a step 

meandering surface as opposed to a purely bi-layer stepped surface. Photoluminescence and 

high-resolution X-ray diffraction measurements (HRXRD) (not shown) confirmed the 

variation in AlGaN layer composition in step-bunched surfaces, however, bi-layer stepped 

AlGaN surfaces were found to be compositionally uniform by these techniques.  
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Figure 4-4 (a) HAADF STEM image along the <1-100> zone axis of AlGaN grown on 

step-bunched homoepitaxial AlN surface shown by AFM in (b). The red and yellow 

arrows in the STEM image indicate the Ga-rich streaks and the Al-rich region of the 

AlGaN layer, respectively. The white double-headed arrow indicates the thickness of 

the AlN homoepitaxial layer.  
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Figure 4-5 (a) HAADF STEM image along the <1-100> zone axis of AlGaN grown on a 

meandering stepped homoepitaxial AlN surface shown by AFM in (b). The yellow 

arrow in the STEM image indicates the Al-rich region of the AlGaN layer. The white 

double-headed arrow indicates the thickness of the AlN homoepitaxial layer.  

 

As no Ga-rich AlGaN streaks are observed in the AlGaN grown on AlN exhibiting bi-

layer steps, the Ga-rich streaks can be explained as an accumulation of Ga along the step 

bunches. As variation in Ga incorporation efficiency has been observed along different III-

nitride crystalline facets, this accumulation could be explained by more favorable Ga-

incorporation along the step-bunched facets. Similar observations of composition variations 

with substrate off-cut have been observed in InGaN grown on GaN substrates [14].  
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4.4 AlGaN Nucleation on AlN Homoepitaxial Layers 

 In order to understand the origin of the Al-rich AlGaN layer present in both bi-layer 

and step-bunched AlGaN surfaces, AlGaN of 10 and 100 nm thicknesses (less than and 

greater than the Al-rich layer thickness) were investigated by AFM on bi-layer, step 

meandering, and step-bunched AlN homoepitaxial layers. As shown in Figure 4-6 (b), pits of 

density on the order of 109 cm-2 are present in the 10 nm thick AlGaN layer grown on a step-

bunched AlN homoepitaxial surface. However, no pits are present on the 100 nm thick step-

bunched AlGaN layer, indicating a variation in AlGaN surface morphology between 10 and 

100 nm, and greater, thicknesses. 

  



 

74 

 

Figure 4-6 AFM of (a) AlN homoepitaxy exhibiting step-bunched morphology, (b) 10 

nm and (c) 100 nm of AlGaN grown on step-bunched AlN homoepitaxy. The initial 

AlGaN layer grown step-bunched AlN homoepitaxy exhibits pits in the surface 

morphology but transitions to a pit-free step-bunched morphology as thickness 

increases.  

 For the step meandering AlN homoepitaxial layer, a 10 nm thick AlGaN layer 

exhibits identical pits, of identical density, as the 10 nm AlGaN grown on step-bunched AlN 

homoepitaxy. Similar to the step-bunched AlGaN, no pits are present in thicker AlGaN layer 

grown on the step meandering AlN surface, and a bi-layer AlGaN surface indicating the 

onset of step meandering is present, as shown in Figure 4-7 (c). While the 10 nm thick 

AlGaN layer grown on bi-layer AlN in Figure 4-8 (b) suggests the onset of step meandering, 
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no pits are present in this layer and upon further growth, the AlGaN surface shows bi-layer 

step morphology. 
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Figure 4-7 AFM of (a) AlN homoepitaxy exhibiting meandering step morphology, (b) 10 

nm and (c) 100 nm of AlGaN grown on meandering AlN homoepitaxy. The initial 

AlGaN layer grown meandering AlN homoepitaxy exhibits pits in the surface 

morphology but transitions to bi-layer like morphology as thickness increases.  
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Figure 4-8 AFM of (a) AlN homoepitaxy exhibiting bi-layer step morphology, (b) 10 nm 

and (c) 100 nm of AlGaN grown on bi-layer AlN homoepitaxy. AlGaN grown on bi-

layer AlN homoepitaxy maintains the initial smooth, surface morphology.  

 

 Previous reports of similar pit formation in AlN homoepitaxy suggest that these pits 

occur as a strain relaxation mechanism [36]. As the appearance of these pits occurs within the 

same AlGaN layer thickness as the Al-rich AlGaN observed via STEM, it is possible that 

larger terraces present in step-bunched and step meandering AlN surfaces provide a different 

strain state for the subsequently deposited AlGaN than that of a bi-layer stepped AlN surface. 

The Al-rich AlGaN layer may be a consequence of this strain variation, as composition 

variation as a function of underlying layer strain has been previously reported [113]. After pit 
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formation, the subsequently deposited AlGaN is grown on a relaxed AlGaN layer and has a 

different composition than this layer. Additionally, comparison between the 100 nm AlGaN 

grown on step meandering and bi-layer AlN (Figures 4-7(c) and 4-8 (c)), suggest that it is not 

always possible to distinguish between AlGaN layers grown on bi-layer and step meandering 

AlN surfaces with bi-layer AlGaN visible on a step meandering AlN surface. This transition 

between a meandering AlN surface and bi-layer AlGaN surface may be explained by the 

difference in growth supersaturation of the two layers and implies the possibility of growing 

bi-layer AlGaN on step meandering, or even step-bunched, AlN surfaces in a similar fashion 

as AlN step morphology has been shown to vary as a function of growth supersaturation 

[112]. However, the variation in strain state of the starting AlN surface may have additional 

implications for the relaxation of AlGaN, to be discussed in the next section. 

 

4.5 Dislocation Formation in AlGaN grown on Step-bunched AlN Homoepitaxy 

 CTEM investigations of AlGaN grown on step-bunched AlN, shown in Figure 4-9, 

reveal the presence of dislocations in the AlGaN layer. The estimated critical thickness of an 

AlGaN layer with this nominal composition, i.e. the thickness at which defects such as 

dislocations form to relieve misfit strain, is well below the grown layer thickness [47], 

therefore the presence of these dislocations is unique. Additionally, the dislocations running 

parallel to the growth surface, indicated by red arrows in Figure 4-9 (b), meet the invisibility 

criterion for a-type dislocations, which are not expected to relieve misfit strain in the wurtzite 

III-nitride system. As discussed by K.A. Jones and I.G. Batryrev in Reference 44, without 

shear stress on the basal or prismatic planes during growth in the <0001> direction, the 
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operational slip plane for relaxation in hexagonal systems must be a pyramidal plane. The 

dislocation with the shortest Burgers vector that lies in a pyramidal plane, and thus most 

energetically favorable to form, is b = c + a = 1/3<11-2-3> (mixed type). As HRXRD results 

for this sample (not shown) did not clearly indicate relaxation of the AlGaN layer, it is 

possible that these dislocations form as a consequence of the step-bunched AlN surface 

morphology as opposed to relaxation of misfit strain in the AlGaN layer. Additional work to 

investigate the origin of these dislocations is necessary. 
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Figure 4-9 DF TEM of AlGaN grown on a ≈ 1° offcut AlN wafer at  (a) g=0002 and (b) 

g=1-2-10. Yellow and red arrows indicated dislocations threading to the surface and 

along the AlGaN/AlN homoepitaxial layer interface, respectively. Streaks indicative of 

the Ga-rich streaks and strain contrast along the growth direction and at the 

AlGaN/AlN interface are visible at the g=0002 excitation condition. 
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CHAPTER 5: Conclusions and Future Work 

 Identification and control of extended defects is imperative for the development of 

high quality III-nitride materials. Dislocations formed by lattice mismatch can reduce 

efficiency by acting as nonradiative recombination sites in optoelectronic devices or by 

acting as unwanted conduction paths in electronic devices. The inability to control polarity 

and, therefore, create inversion domains, leads to the inability to control impurities or to 

successfully implement novel devices such as lateral polar structures. Additionally, the 

existence of compositional inhomogeneity in alloys such as AlGaN could negatively impact 

emission properties of optoelectronic devices and lead to an uncontrolled variation in critical 

thickness, accelerating the onset of dislocation formation. In this work, TEM techniques, in 

combination with AFM, SEM, and KOH etching, were successfully implemented to 

characterize and identify compositional non-uniformities, dislocations, and inversion 

domains in III-nitrides grown on sapphire and single crystal AlN substrates.  

 In chapter 2, the origin of inversion domains (IDs) in N-polar AlN grown on sapphire 

was concluded to be a consequence of the decomposition of the sapphire substrate at the 

AlN/sapphire interface. TEM and STEM results revealed the presence of nano-scale voids at 

the AlN/sapphire interface in both Al-polar and N-polar AlN grown on sapphire. Based on 

previous reports of sapphire decomposition at elevated temperatures and in hydrogen 

environments, the nano-scale voids were believed to be regions of sapphire decomposed 

during AlN growth. This decomposition process is encouraged during AlN growth and AlN 

grown above decomposed sapphire regions exhibited Al-polarity. Decomposition was found 

to occur in both Al-polar and N-polar AlN layers grown on sapphire, however, as the 
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decomposition process encouraged Al-polar growth, IDs were only present in N-polar AlN 

material. These results stress the significance of sapphire decomposition on polarity in the 

case of both the substrate surface preparation by nitridation and during the growth of III-

nitride layers on sapphire. Future work for the mitigation of IDs in N-polar AlN calls for the 

reduction of decomposition through the minimization of hydrogen present during growth, as 

well as the reduction of growth temperature such that the decomposition reaction is 

suppressed. In addition to the identification of the origin of IDs in N-polar AlN, a staggered 

IDB* structure was observed in the N-polar AlN material. This staggered IDB* contradicts 

the model of an inclined IDB* proposed by Jasinski et al. Further investigation of the IDB* 

is necessary to understand the mechanism behind the staggered structure. Possible future 

work includes extensive TEM investigations of the IDB* structure in N-polar AlN to more 

thoroughly understand the atomic configuration at the onset of staggering. This information, 

in conjunction with theoretical calculations of the energy of formation of this region, may 

provide insight into a newly identified defect structure in N-polar AlN.   

In chapter 3, dislocation density reduction in N-polar GaN grown on sapphire was 

achieved for the first time by implementation of the lateral epitaxial overgrowth (LEO) 

technique. Dislocations were observed by TEM to be reduced from ~1010 cm-2 in standard N-

polar GaN grown on sapphire to ~107 cm-2 with the LEO technique. Lateral-to-vertical 

growth ratios were also determined for a single N-polar GaN LEO growth condition along 

two crystallographic directions. The <1-100> direction was observed to have a larger lateral 

to vertical growth ratio of 0.3, compared to 0.2 for the <1-100> direction, for the given LEO 

growth conditions. These lateral to vertical growth ratios are fairly small, therefore, 
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coalescence of the overgrowth region was not achieved before the onset of cracking in the N-

polar GaN LEO. Future work requires the determination of the optimum overgrowth 

supersaturation conditions wherein the lateral to vertical growth ratios in one or both stripe 

orientations are increased. With a larger lateral to vertical growth ratio it will then be possible 

to observe the coalescence behavior of N-polar GaN LEO. Additionally, an investigation of 

the role of dislocation density in the performance of N-polar GaN based devices will be 

possible once a smooth, coalesced N-polar GaN LEO layer is achieved. 

In chapter 4, high Al-content AlGaN layers grown on single crystal AlN were shown 

by STEM to exhibit highly inhomogeneous properties dependent on the surface morphology 

of the underlying AlN homoepitaxial layer. Ga-rich streaks following the growth front of the 

AlGaN layer were observed in AlGaN layers grown on step-bunched AlN homoepitaxial 

layers. A thin (~ 50 nm), Al-rich AlGaN layer between the AlN homoepitaxial layer and the 

AlGaN film were observed in AlGaN grow on both step-bunched and step meandering AlN 

homoepitaxial layers. AFM investigations of thin (< 10 nm) AlGaN on AlN homoepitaxial 

layers of varying surface morphology indicated relaxation of AlGaN by surface pitting in 

AlGaN grown on step-bunched and step meandering AlN. AlGaN grown on AlN 

homoepitaxy exhibiting bi-layer step morphology showed no signs of relaxation by pitting 

during initial AlGaN growth. Additionally, the formation of dislocations was observed in an 

AlGaN layer grown on a step-bunched AlN surface. As these dislocations were not the type 

predicted to provide misfit strain relaxation in III-nitrides, further work is necessary to 

determine their origin.  
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Control of alloy composition, the maintenance of compositional uniformity across a 

growing layer surface, and control of dislocation density, are essential requirements for the 

development of high quality Al-rich AlGaN layers. It has been shown here that AlN 

homoepitaxial layer surface morphology plays a crucial role on these parameters for 

subsequently grown AlGaN layers. A substrate off-cut regime for bi-layer AlN surface 

morphology, for a fixed AlN growth supersaturation, has been identified along with an 

adequate AlN surface morphology for the growth of compositionally uniform, dislocation 

free Al-rich AlGaN layers. Future work regarding the determination of the onset of relaxation 

by dislocation formation in AlGaN grown on AlN depends heavily on the ability to first 

confirm the onset of relaxation through HRXRD techniques, however, the current STEM and 

CTEM results indicate the importance of the role of substrate off-cut and AlN surface 

morphology on the onset of relaxation in AlGaN layers.    
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