
ABSTRACT 

REDDY, PRAMOD. A Study of Surfaces, Interfaces and Point Defect Control in III-
Nitrides. (Under the direction of Zlatko Sitar and Ramon Collazo). 
 

Al/Ga-Nitrides are of great importance in deep UV optoelectronics and high power 

electronics. The current challenges in implementing AlGaN based technologies arise 

from deleterious effects of surface states and bulk point defects. Consequently, a 

study of surface/bulk defect properties and their control is of prime importance. In the 

first section (chapters 2 to 6) of this work, progress in current understanding of the 

surface of Al/Ga-Nitride and its interface with metals, dielectrics and Al/Ga-nitride is 

reported. X-ray photoelectron spectroscopy (XPS) is employed to measure 

surface/interface Fermi level and band alignment. Metal polar, nitrogen polar and non-

polar Al/Ga-Nitride free surface and their heterojunctions grown on sapphire and 

native AlN single crystalline substrates were characterized. The dependence of 

surface Fermi level (charge neutrality level (CNL)) on Al composition is found to be 

linear with Schottky barrier heights  at CNL exhibiting an overall quadratic 

behavior due to bandgap bowing. A general theoretical expression for Schottky barrier 

heights on AlGaN is then determined as a function of Al composition and metal 

electronegativity utilizing the interface induced gap states (IFIGS) model and is 

corroborated with current-voltage-temperature (I-V), capacitance-voltage-

temperature and XPS characterization with different metals. The measured CNLs are 

also used to determine the conduction and valence band offsets in AlGaN hetero-

junctions according to IFIGS model and their dependence on Al composition is 

determined. AlGaN is found to exhibit a composition-independent surface work 



function and an electron affinity which is a linear function of the barrier height at CNL. 

The origin of the bandgap bowing is found to be in the conduction band. Passivation 

studies include LPCVD and PECVD silicon nitride and PECVD silicon dioxide 

deposited on AlxGa1-xN (of varying Al composition ‘x’). Among these LPCVD silicon 

nitride is found to be most promising and forms a type II staggered band alignment 

with AlGaN for all Al compositions (0≤x≤1) and presents an electron barrier into AlGaN 

even at higher Al compositions where Eg(AlGaN)>Eg(Si3N4). Further, strong 

indications (via I-V-T, C-V-T and XPS studies) of greatly reduced interface states and 

hence excellent passivation for all Al compositions is observed.  

In the second section (chapters 7 and 8), progress in defect quasi fermi level control 

and chemical potential control based point defect reduction schemes that allow for 

significant reduction in compensating defect densities thus enabling lower controlled 

doping in Al/Ga nitrides is reported. A theoretical framework for a general technique 

to reduce point defect density in materials via manipulation of defect quasi Fermi level 

(dQFL) and chemical potentials is presented here. The manipulation of dQFL and 

chemical potentials is achieved by minority carrier generation/injection and changing 

growth process conditions respectively. The dQFL theory introduces and incorporates 

the effects of various factors that control the efficacy of the defect reduction process 

such as defect level, defect formation energy, bandgap and excess minority carrier 

density. Modified formation energy diagrams are proposed which illustrate the effect 

of quasi fermi level manipulation on the defect formation energies. These formation 

energy diagrams provide powerful tools to determine the feasibility and requirements 

to produce the desired reduction in specified point defects. Study of effect of excess 



minority carriers on point defect incorporation in GaN employed as model system 

shows excellent quantitative agreement with the theoretical predictions. Illumination 

at energies larger than the bandgap is employed as means to generate excess 

minority carriers. The case studies reveal a significant reduction in impurities in 

accordance with the proposed theory. Similarly, a theoretical framework for the 

chemical potential control that allow for growth process conditions tailored for 

reduction of target defect species is reported here. Experimental case studies with C 

in GaN strongly corroborate the theoretical model.  
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1 CHAPTER 1: Introduction to Al/Ga-nitrides 

 Dissertation Overview 

AlN, GaN and their alloy AlGaN are of high interest in power electronics due to their 

excellent dielectric strength, temperature stability and carrier mobility thus making 

them ideal for fabricating high power and high frequency switches.1–3 Further the large 

tunable direct bandgap of AlGaN along with the high internal quantum efficiencies 

makes it an ideal choice in deep UV optoelectronics including laser diodes.4 However, 

there are two extant classes of challenges in implementing nitride based power 

electronics and optoelectronics: compensating point defects and mid-gap surface 

states. In this thesis, a study on control and reduction of surface and bulk defects is 

presented to help in predicting, designing, implementing and improving the 

performance of III-Nitride based devices.   

Chapter 1 presents an introduction to the material system and relevant properties. 

Bulk and epitaxial crystal growths, crystal defects and their causal role in current 

technological limitations are also described here.  

Chapters 2 to 6 constitute the first section of this thesis where surface electronic 

properties of AlGaN are characterized over the entire alloy composition range. In 

Chapters 2 and 3, the presence of mid-gap surface states in AlGaN resulting in Fermi 

level pinning is reported. Other surface and interface properties including surface work 

function, electron affinity and band offsets are also studied and reported. Their 

influence on Schottky contact formation modeled using interface induced gap states 

are presented in chapters 4 and 5. The consequence of Fermi level pinning in the 
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relatively low, metal independent, Schottky barrier height (<1 eV) is demonstrated in 

GaN, a significant obstacle in implementing high breakdown voltage vertical Schottky 

devices. Although the barrier heights are found to be higher in AlGaN, the presence 

of mid-gap states are confirmed which form an obstacle in high frequency switching 

and performance drift. The surface passivation of AlGaN is hence found to be 

necessary for high frequency operation and higher barriers and a passivation scheme 

via high temperature low pressure chemical vapor deposition silicon nitride is 

presented in chapter 6.  

The second section of this thesis (chapters 7 and 8) deals with point defect control in 

AlGaN. The defect incorporation is determined by its formation energy dependent on 

chemical potential and Fermi level. In chapter 7, a theoretical framework is presented 

that relates chemical potential to growth conditions that enable optimizing growth 

conditions for specified defects within any given constraints to achieve minimal defect 

incorporation. CN in GaN is employed as a case study where an excellent agreement 

with theory and experiment is demonstrated with insights into defect boundary phases 

and sources provided. In Chapter 8, point defect control by Fermi level control is 

reported where a theoretical framework that relates defect quasi fermi level with 

formation energy is developed. The defect quasi fermi levels of the compensating 

defects are modified by introducing minority carriers via above bandgap illumination 

and the corresponding formation energies are increased that enables a significant 

reduction of technically challenging compensating defects. The proposed theoretical 

framework is corroborated quantitatively by experiment. 
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 Crystal structure, bandgap and polarization density 

Thermodynamically stable crystal structure of Al/Ga-nitrides is the wurtzite structure 

with zinc blende being stabilized only on {011} cubic substrates.1 The wurtzite 

structure consists of two hexagonal close packed sub-lattices of III and N atoms 

arranged as A(III)A(N)B(III)B(N)A(III)A(N)… stacks with two formula units per unit cell 

shown in Figure 1-1. The Ga atoms are at [0 0 0 0] and [1/3 2/3 -1 1/2] and N atoms 

are at [0 0 0 u] and [1/3 2/3 -1 ½+u] where u is the Ga-N bond length. For an ideal 

wurtzite structure, c/a=√8/3=1.633, u=3/8*c=0.375c and the N-Ga-N bond 

angle=109.45 o. It Is clear that the configuration number for III(N) atoms is 4 with III(N) 

at the center and N(III) at the vertices of a regular tetrahedron.1 The lattice parameters 

of GaN and AlN are tabulated in Table 1-1. 

Table 1-1: Lattice and polarization parameters of AlN and GaN1,5–7 

Parameter AlN GaN Ideal 

c (Ao) 4.979 5.178 - 

a (Ao) 3.111 3.189 - 

Thermal expansion coefficient (a)  4.2x10-6 K-1 5.59x10-6 K-1 - 

Thermal expansion coefficient (c) 5.3x10-6 K-1 3.17x10-6 K-1 - 

c/a 1.600 1.623 1.633 

u/c 0.382 0.377 0.375 

FIC 0.72 0.51 - 

Psp (Cm-2) -0.09 -0.034 0 
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Figure 1-1: Unit cell of GaN with [1 0 0] perpendicular to plane of paper. 

The ternary alloy AlGaN exhibits a lattice constant that follows Vegard’s law i.e. a 

linear interpolation between lattice constants of GaN and AlN and is given by,8 

  1 3.189 0.078x AlN GaNa xa x a x      Ao (1.1) 

and   

  1 5.178 0.199x AlN GaNc xc x c x      Ao. (1.2) 

GaN and AlN are wide direct bandgap semiconductors whose temperature dependent 

bandgaps are given by,9 

 
2

4(0) 9.39 10
772g g

T
E E eV

T
  


where Eg(0)=3.47 eV (1.3) 
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 and 
2

3(0) 1.799 10
1462g g

T
E E eV

T
  


 where Eg(0)=6.1 eV (1.4) 

respectively. Although the lattice constants follow Vegard’s law, the bond lengths 

exhibit a non-linear dependence on composition.10 Hence the alloy AlGaN has a 

bandgap expressed by Vegard’s law with an empirical quadratic correction 

implemented by a bowing parameter b. The bandgap of AlxGa1-xN is hence 

    ( ) 1 1AlN GaN
g g gE x xE x E bx x     .  (1.5) 

Expectedly, the bowing parameter is also dependent on strain and there is large 

variability in the reported bowing parameters (-0.8 eV to 2.6 eV) possibly due to 

varying crystal quality.11 A bowing parameter is expected to be 0.7 to 1 eV in high 

quality films.10,11 

The ionic nature of the III-N bond results in a dipole moment r  directed towards the 

III atom, where δ is the partial positive(negative) charge on III(N) atoms and r is the 

bond length. The partial charge is a function of fractional ionic character (FIC) defined 

as III N

III N

Q Q
FIC

Q Q





 where Q is the effective charge on III/N atoms. A fully covalent 

bond has QIII=QN=4 with FIC=0 and a fully ionic bond as QIII=0 and QN=8 with FIC=1. 

The Ga-N and Al-N bonds have partial ionic character with FICGaN= 0.51 and 

FICAlN=0.72.12 The Polarization Density P (Cm-2) is defined as dipole moment per unit 

volume and is given by 

 P n r
 

 , (1.6) 
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where n is the dipole density. The electric field associated with the polarization density 

is then  

 
P

E


 


  (1.7) 

where ε is the dielectric constant. Hence a net dipole per unit cell results in finite P 

defined as spontaneous polarization charge and an associated electric field. Consider 

an ideal tetrahedron with Ga atom at the center and N at the vertices shown in Figure 

1-1. The vector sum of dipole moments associated with the four Ga-N bonds is zero. 

Hence, in an ideal wurtzite structure with ideal tetrahedra, the net dipole moment, and 

hence spontaneous polarization is zero. However, the wurtzite structure is distorted in 

III-nitrides. The distortion is such that c/a<1.633, u/c>0.375 and N-(Ga-N along c-axis) 

bond angle<109.45o with a resulting net dipole moment in [0 0 0 -1] (-c) direction. The 

experimentally determined deviations of lattice parameters from ideal wurtzite 

structure reported for GaN and AlN and the corresponding spontaneous polarization 

density are shown in Table 1-1. 

Similar to lattice parameters, the spontaneous polarization in AlxGa1-xN is assumed to 

follow Vegard’s law10 i.e. a linear interpolation between AlN and GaN given by 

     21 0.055 0.032Al Ga
sp sp spP x xP x P x Cm     .  (1.8) 

Hence the spontaneous polarization density increases with Al composition. A bowing 

parameter i.e. a quadratic term may have to be introduced to the linear approximation 

due to effects of strain and volume deformation.10,13 The polarization density is 

associated with polarization charge density P P    defined as net charge per unit 
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volume. Since P is independent of lattice translation in the bulk of the semiconductor, 

0P P    . However, a discontinuity in dipole moment per unit cell occurs at the 

surface and a heterojunction. Consequently, a surface/interface charge density may 

be defined as  

   2ˆ ˆ ˆ 0.055 0.032surface
P AlGaNs P s c x Cm        (1.9) 

and  

     
1 1

/ 2ˆ ˆ ˆ 0.055
x x y y

x y
P Al Ga N Al Ga Ns P P s c x y Cm

 

        (1.10) 

respectively, where s is the unit surface/interface vector. Consequently, the (0 0 0 1) 

terminated surface also termed as Ga-polar surface has a net negative polarization 

charge and (0 0 0 -1) terminated surface also termed as N-polar surface has a net 

positive polarization charge as shown in Figure 1-2(a). The magnitude of the 

polarization charge is given by equation (1.9). Similarly, AlyGa1-yN/AlxGa1-xN 

heterojunction along c-axis [0 0 0 1] with AlxGa1-xN being the upper region, has a net 

positive charge (negative charge) if x>y (x<y) as shown in Figure 1-2(b) and the 

magnitude is given by equation (1.10). It is clear that, in III-Nitrides, c-axis has 

maximum polarization and axes perpendicular to it are non-polar. Interestingly, 

although electric fields and 2-dimension electron gas (2DEG) associated with 

polarization charge are observed at AlGaN heterojunctions, no electric field 

associated with spontaneous polarization is observed at the free surface. Hence the 

polarization charge may be compensated at or near the surface. In this work, a study 

of possible compensation mechanisms and their effects on surface electronic 
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properties (described in chapter 2) and passivation techniques (chapter 6) is 

presented. 

 

Figure 1-2: An illustration of the (a) surface polarization charge and (b) interface polarization 

charge in AlGaN. 

Deviations from an ideal wurtzite structure due to strain also generates a net dipole 

moment per unit cell volume defined as piezoelectric polarization density P e , 

where e and ε are piezoelectric and strain tensors. For hexagonal symmetry, 

 
15

24

31 332

x xz

y yz

z xx zz

P e

P e

P e e




 

   
      
      

  (1.11) 

For III-Nitrides, the piezoelectric polarization density Pz along c-axis is the only non-

zero component with Px=Py=0. For growth along c-direction, a biaxial strain in (0 0 0 

1) given by 0

0
xx yy

a a

a
  

   , where a and a0 are the strained and relaxed lattice 

constants, may be present due to lattice misfit. The resulting strain in c-direction 
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depends on the Poisson’s ratio
 

13

33

zz

xx yy

c

c


 

 


, where c13 and c33 are elastic tensor 

elements. From equation (1.11), the piezoelectric polarization density is given by  

 0 13
31 33

0 33

2PP

a a c
P e e

a c

 
  

 
 . (1.12) 

 

Figure 1-3: An illustration of the piezoelectric polarization in AlGaN heterojunctions. 

Table 1-2: The piezoelectric and elastic tensor elements for AlN and GaN that determine the 

piezoelectric density7,8  

Parameter AlN GaN 

e31 (Cm-2) -0.53  -0.34  

e33 (Cm-2) 1.5  0.67  

c13 (GPa) 94  68  

c33 (GPa) 377  354  

 

Table 1-2 provides the relevant elastic and piezoelectric tensor elements in AlN and 

GaN. For compressive (tensile) biaxial strain, PPP is along [0 0 0 1] ([0 0 0 -1]) and 

hence in a direction opposite to (same as) PSP as illustrated in Figure 1-3. Similar to 
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lattice constants and spontaneous polarization, the piezoelectric polarization tensor 

elements are assumed to follow Vegard’s law in AlGaN.10,14 Typically, for AlGaN 

heterojunctions, Psp>Ppp and spontaneous polarization typically determines the sign 

of the polarization charge, in contrast to InGaN/GaN heterojunctions, where 

piezoelectric polarization dominates. Additional details may be found elsewhere.10 

 Growth of Al/Ga-Nitrides 

1.3.1 Substrates for nitride growth: sapphire 

III-Nitride growth has historically been on non-native substrates due to lack of high 

quality native substrates.15 Sapphire (Al2O3) is an important substrate in nitride epitaxy 

due to its low cost and high crystal quality.15 Further it exhibits a bandgap larger than 

nitrides (~ 8eV16) and hence is transparent in the nitride emission spectral range. The 

crystal structure of sapphire may be described as approximately hexagonal close 

packed O atoms with 2/3rd of the octahedral voids occupied by Al atoms as shown in 

Figure 1-4.15 All hetero-epitaxial nitride growth reported in this thesis employs c-plane 

(0 0 0 1) sapphire as the substrate. The growth of Al/GaN on c-plane (0 0 0 1) of 

sapphire results in either Ga polar (0 0 0 1) or N-polar (0 0 0 -1) orientation.17,18 For c-

plane Al/GaN grown on c-plane sapphire, the lattice constant (a) of sapphire is 4.785 

Ao and is much larger than the corresponding lattice constants of GaN (3.111 Ao) and 

AlN (3.189 Ao). However, the growth occurs by arranging unit cell of Al/GaN on top of 

Al sublattice with [1 0 0 0] of Al/GaN rotated by 30o with respect to [1 0 0 0] of sapphire 

as shown in Figure 1-5. This results in a lower albeit still significant lattice mismatch 

of 15.4% for GaN and 12.6% for AlN. This significant lattice misfit results in high point 

defect19 and extended defect densities20 in the nitride active regions resulting in 
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lowered luminescence efficiencies21 and carrier mobilities22 and consequently device 

performance. The thermal conductivity of sapphire (~0.25 to 0.5 Wcm-1K-1 at 300K23) 

is also relatively poor resulting in poor thermal dissipation in high power electronics 

applications.23  

 

Figure 1-4: The crystal structure of sapphire with [100] perpendicular to plane of paper. 

1.3.2 Substrates for nitride growth: single crystalline AlN 

As discussed earlier, hetero-epitaxy on substrates such as sapphire results in lowering 

of device performance due to large defect densities. Consequently, native substrates 

are essential to obtain high quality nitride epitaxy with low defect densities and 

consequently high performance devices. Single crystalline AlN is highly promising for 

growth of Al rich AlGaN with low lattice mismatch and consequently low defect 

densities. AlGaN growth on AlN has been associated with high internal quantum 

efficiencies and low dopant compensation.24,25 The high thermal conductivity (~3 

Wcm-1K-1 at 300K)26 also helps in thermal dissipation during device operation. In this 
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work, homo-epitaxy utilizes single crystalline AlN as substrates for growth of AlN and 

AlGaN. Single crystals of AlN are grown by physical vapor transport (PVT). Consider 

the dissociation reaction 

 2

1
( ) ( )

2
AlN s Al N g   . (1.13) 

where Al and N2(g) are the standard states of the elements at reactor temperatures. 

The standard free energy of formation of AlN is shown in Figure 1-6(a) indicating 

sublimation at 2800K at 1 atm of N2. Correspondingly, the equilibrium temperature 

(i.e. sublimation temperature) for reaction (1.13) at any reactor partial pressure of N2 

is shown in Figure 1-6(b).27 In PVT, sintered AlN powder used as source is heated to 

the required sublimation temperature with a seed maintained at lower temperature 

(<sublimation temperature) to provide the desired supersaturation. Although a lower 

sublimation temperature may be obtained by lowering N2 pressure, economically 

feasible growth rates may be achieved at seed temperatures ≥2400 K.28 Hence 

sublimation temperatures>2400K are required to prevent seed/growing film 

decomposition and typically a reactor N2 atmosphere between 200 Torr to 760 Torr is 

employed for crystal growth.29–31 At a pressure of ~500 Torr, sublimation of the 

sintered AlN occurs at T~2550 K and the seed is maintained at a lower temperature 

of ~2500K to facilitate crystal growth.29 It is clear that the growth conditions are 

constrained by growth rate and feasible reactor temperatures and pressures. A typical 

PVT grown single crystalline AlN boule is shown in Figure 1-7(a). The seed may be 

obtained by cutting AlN boules in the desired plane.29 Further details on AlN growth 

by PVT and subsequent processing of the boules into epitaxy-ready wafers are found 
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elsewhere.28–34 The resulting boules were sliced into wafers shown in Figure 1-7(b) 

by diamond wire saw in the desired orientations and mechanically and chemo-

mechanically polished into epi-ready substrates (Figure 1-7(c)).39 These substrates 

have dislocation densities < 103 cm-2.39  

 

Figure 1-5: The (0 0 0 1) planes of (a) III-N and (b) sapphire. The highlighted unit cell of III-N 

is lattice matched to highlighted Al sub-lattice resulting in a rotation of 30o with the larger 

highlighted unit cell of sapphire. 

The obtained Al-polar, m-plane and N-polar faced AlN wafers were employed as 

substrates. Prior to epitaxial growth or surface characterization, all bulk AlN samples 

were ultrasonically cleaned in acetone, methanol, and DI water and wet etched in 3:1 

sulfuric acid: phosphoric acid mixture at a temperature of 80 °C. The samples were 



14 

 

then rinsed in DI water and dried under N2. Further details on substrate preparation 

are found elsewhere.35,36 

 

Figure 1-6: The (a) temperature dependence of standard free energy of AlN and (b) the 

decomposition temperature as a function of partial pressure of nitrogen. The standard free 

energies are obtained from NIST-JANAF Thermochemical Tables, 4th Edition37 

 

Figure 1-7: (a) PVT grown single crystalline AlN boule and (b) polished AlN wafer obtained 

from the boule. (c) AFM analysis of the surface cleaned substrate exhibiting atomic (bi-layer) 

steps on c-plane 



15 

 

1.3.3 Epitaxial Growth of III-nitrides by Metal organic chemical vapor 

deposition (MOCVD) 

Metal organic chemical vapor deposition (MOCVD) utilizes metal-organic precursors 

of III-atoms which decompose at growth temperatures to provide Ga/Al vapor. In this 

work, triethylgallium and trimethylaluminum are the metal-organic precursors 

employed. Further a reactive source of nitrogen, ammonia is the N precursor. Growth 

occurs by the following reaction at nitride surface: 

 3 2

3

2gIII NH IIIN H     (1.14) 

For sufficient reaction and growth rates, the growth temperatures>1000 oC (1273 K) 

are required. The standard free energy of formation of GaN is shown in Figure 1-8(a) 

indicating decomposition at 1100K at 1 atm of N2. Correspondingly, the equilibrium 

temperature for GaN dissociation into Ga(liquid) and N2 as a function of reactor partial 

pressure of N2 is shown in Figure 1-8(b).  

It is clear that, to prevent decomposition of GaN at growth temperatures, high partial 

pressures of N2 (>100 atm) is necessary. However, it is found that GaN surface is 

stabilized in NH3 atmosphere at much lower partial pressures. The equilibrium partial 

pressures of NH3 and N2 are related by  
 

3

2

2

1/2

3/2

NH
N N

H

P
P K

P
 , where KN~3000.38 

Consequently, the equilibrium partial pressure of ammonia required to prevent GaN 

decomposition is typically several orders of magnitude lower than that of N2. Hence it 

is possible to stabilize GaN at lower operating pressures by introducing ammonia. 

However, for stability, the growth environment is still highly NH3 rich with ratio of 
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ammonia flow to metal organic flow (V/III ratio) being much larger than 1 (typically 

>100). 

 

Figure 1-8: The (a) temperature dependence of standard free energy of GaN and (b) the 

decomposition temperature as a function of partial pressure of nitrogen. The standard free 

energies are obtained from Jacob and Rajitha.39 

Epitaxial growth on stabilized GaN surface occurs by the chemical reaction (1.14) 

where the equilibrium constant is given by 

 
 

2

3

3/2eq
MN H

eq eq
III NH

a P
K

P P
   (1.15) 

where ‘P’ is the partial pressure and ‘a’ is the activity of the nitride. The equilibrium 

constants are reported to be40  

    
41.78 10

log 12.2 1.79logK T
T


     for GaN (1.16) 

and  
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43.17 10

log 14.2 2.33logK T
T


     for AlN. (1.17) 

Typical growth temperatures are 1000oC<T<1100oC. If in
IIIP and 

3

in
NHP are the input 

partial pressures of Al/Ga and NH3 respectively, the driving force for the reaction (1.14) 

is  

 
     

 
2 2 2 3

3 3
2 3

3/2 3/2 3/2

3/2ln ln ln
eq in in eq eq

MN H MN H H III NH

eq eq in in eq in in
III NH III NH H III NH

a P a P P P P
G RT RT RT

P P P P P P P

     
         
     
     

. 

 (1.18) 

The driving force may be expressed in terms of supersaturation defined as 

 
in eq

eq

P P

P
 
  or1

in

eq

P

P
   (1.19) 

For growth, 0G  and consequently σ>1 are required. From equation (1.15), it is 

clear that the equilibrium partial pressures are related via equilibrium constant by law 

of mass action. As described earlier, the reactor is ammonia rich 
3 3
, ,in eq in eq

NH NH III IIIP P P P . 

Consequently, conservation of molar mass for reaction (1.14) requiring 

3 3

in eq in eq
III III NH NHP P P P   during growth, ensures 

3 3

in eq
NH NHP P and 

2 2

in eq
H HP P . Hence ammonia 

and hydrogen supersaturations are close to zero. The driving force is primarily 

dependent on metal partial pressures only and is given by 

  sup ln ln 1
in
III

IIIeq
III

P
G RT RT

P


 
      

 
 , (1.20) 

where σIII is the metal supersaturation defined as  
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in eq
III III

III eq
III

P P

P
 

 . (1.21) 

 

Figure 1-9: A vertical, cold-wall, rf-heated MOCVD reactor 

During growth, the supersaturation σIII>1, and the total pressure, temperature and 

precursor flows are used to tune the growth conditions to produce epitaxial films of 

desired quality. As discussed earlier, c-plane sapphire or low dislocation density AlN 

single crystalline substrates are employed for growth. It has to be noted that, typically, 

at growth temperatures, rate of reaction is sufficiently fast and the growth rate is 

independent of temperature i.e. crystal growth is mass transport limited.17 In this work, 

all epitaxial films are grown using low pressure MOCVD setup shown in Figure 1-9 

that utilizes a vertical quartz tube with rf-heating (hence cold wall) of graphite 

susceptor coated with SiC or TaC. The reactor pressure is at 20 Torr unless specified 

otherwise. 
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 Defects in Al/Ga-Nitrides  

Defects in III-nitride crystals determine the electronic and optical properties of the 

active regions in device structures and consequently determine the feasibility of III-

nitride based optoelectronic and high power-electronic devices. In general, defects 

are classified into point and extended defects based on dimensionality. 

1.4.1 Point defects 

Point defects (zero-dimensional) may refer to intentionally introduced impurities such 

as dopants that are required to form functional hetero-junctions (e.g p-n junction) in 

electronic or optical devices or unintentionally introduced impurities or native defects 

such as vacancies that may be detrimental to device performance. The tendency to 

incorporate a particular defect during growth processes may be represented by the 

formation energy of the defect. For a defect with charge state q, in a material at 

equilibrium, it is defined as41 

      f q q
ref j j F V

j

E X E X n q E E      (1.22) 

where Eref is the free energy of the crystal with a single defect referenced to free 

energy of the ideal crystal, nj is the number of atoms of jth type exchanged with the 

reservoir to form the defect and μj is the associated chemical potential. EF+EV is the 

Fermi energy referenced with respect to the valence band maximum. More details can 

be found elsewhere41,42. Although, the defect formation energies are defined at 

equilibrium, the formulation may be used to describe defect incorporation during a 

non-equilibrium process (i.e. film growth) due to the high growth temperatures (1000-

1100oC) and defects with high mobility.41 Further, as described earlier, MOCVD 
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growth of Al/GaN is a mass transport limited process and supersaturation-chemical 

potential drop is primarily across the boundary layer.43 Consequently, the growth 

surface is expected to be near equilibrium and the defect incorporation is theoretically 

described using chemical potentials and Fermi level at the surface in chapters 7 and 

8. 

1.4.1.1 Dopants in Al/Ga-nitrides 

Al/GaN may be doped as n-type or p-type by introducing appropriate substitutional 

impurities during growth. The typically used n-type and p-type dopants are Si and Mg 

respectively and are employed in this work. Si with a valency of 4 and Mg with valency 

of 2 substitute Ga (valency of 3) to function as donor and acceptor respectively. Si is 

an excellent donor in AlGaN with activation energy comparable to thermal energy at 

room temperature for Al molar fractions <0.844,45 as shown in Figure 1-10(a). However, 

at higher Al compositions (x>0.8), Si self-compensates by DX center formation 

resulting in a sharp increase in activation energy.46 Further, at higher doping levels in 

Al rich AlGaN, increased compensation, possibly by native defects, reduces carrier 

concentration and mobility.24 Consequently, significant difficulties are seen in 

obtaining high carrier concentrations at higher Al compositions. Another important 

consequence of DX center formation is the lack of significantly conducting AlN 

substrates. 

In contrast to Si, Mg is a relatively deep acceptor in GaN with activation energy EA~150 

meV. Hence, a minor fraction (~5%) is expected to be activated at room temperature. 

Further, the negatively charged acceptor Mg forms a neutral complex with a positively 

charged donor namely interstitial hydrogen during growth.41 Consequently 
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magnesium is passivated and p-type GaN is highly resistive in as-grown state. Post-

growth thermal annealing is necessary to activate magnesium.47 The acceptor 

activation energy further increases with increase in Al composition as shown in Figure 

1-10(b) thereby resulting in insulating films at room temperatures.45,48–53 Hence low 

resistivity p-type Al rich AlGaN is currently a significant challenge and devices 

requiring p-type AlGaN to produce required p-n junctions. Hence alternative 

techniques to inject holes including p-GaN injection layers, Mg-doped AlGaN super-

lattices etc. are employed.54,55 

 

Figure 1-10: The activation energies of (a) SiGa and (b)MgGa as a function of Al 

composition.44,45,48–53 

1.4.1.2 Compensating point defects 

Al/Ga-Nitrides tend to incorporate native and impurity based point defects of 

compensating nature when doped thereby providing significant challenges at low 

doping. The resulting various detrimental phenomena include mobility collapse, knee 

behavior, lower IQE etc.24,25,41,56–59 If GaN is doped with Si (donor), the Fermi level 

shifts towards the conduction band. As a case study, consider C at N lattice site. It is 
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an acceptor with (0/-1) transition at 0.9 eV as shown in Figure 1-11 and is a major 

compensating defect in MOCVD grown AlGaN.60 From equation (1.22), the formation 

energy of CN decreases when Si doped and its incorporation correspondingly 

increases. In general, due to this dependence of compensating defect formation 

energy on the Fermi level, point defect control is found to be a more serious issue in 

wide bandgap semiconductors. The compensating defects in wide bandgap 

semiconductors include impurity ions, vacancies (self-compensation) and 

complexes.41  

 

Figure 1-11: The formation energy of CN as a function of Fermi level in GaN.60 

1.4.1.3 Point defect control 

The energy of formation of a point defect is an important tool in the reduction of point 

defect incorporation. Conventional methods to increase the energy of formation 

typically utilize its dependence on chemical potential of the constituents i.e. by choice 

of growth environment, dopants and dopant sources.41,61 Although studies on effects 
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of growth conditions on incorporation of various defects exist, quantitative theoretical 

models describing the dependence of point defect incorporation on growth conditions 

or formulating the growth parameters in terms of chemical potentials have been 

limited. Density functional theory (DFT) analyses of point defects in III-nitrides 

including more accurate models in recent years have described their formation 

energies in terms of chemical potentials of III/Nitrogen and impurity atoms associated 

with the defect.41,46,62–64 In chapter 7, thermodynamic models of MOCVD growth 

reactions in Al/Ga nitrides and reported DFT analyses are related via difference 

equations of chemical potentials and a theoretical model that provides quantitative 

relationship between point defect formation energies (i.e. incorporation) and growth 

parameters including V/III ratio, partial pressures, diluent gases and temperature is 

proposed.  

Although chemical potential based point defect control is promising, the choice of 

growth environment may be influenced by other requirements including growth rate, 

chemical stability of the product, reaction kinetics etc. and altering it to change 

chemical potentials and reduce point defects may not be feasible. Although the 

dependence of defect formation energy on equilibrium Fermi level is well known,41 it 

has not been utilized in point defect reduction since Fermi level primarily depends on 

the type and concentration of doping and cannot be changed without changing the 

doping profile. However, managing the quasi Fermi level (QFL) of point defects 

presents an interesting possibility in point defect reduction. Among recent efforts in 

this direction, QFL control technique via illumination with photons with energies 

greater than the bandgap was reported previously by us.24,56,57 The advantage of such 
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a technique is that its use does not alter the growth conditions. In this work, (chapter 

8) a general theory of compensating defect density reduction via an increase of the 

formation energy of defects through the modification of defect quasi Fermi level 

(dQFL) achieved by introduction of excess minority carriers into the system is 

presented. The proposed theoretical model is shown to be successful in predicting the 

existence of a defect energy dependent process efficiency with excellent qualitative 

and quantitative agreements with experimental data. The proposed theory is also 

material independent and may be applied to the doping process of any semiconductor. 

1.4.2 Extended defects in III-Nitrides 

Historical lack of high quality native substrates has resulted in extensive use of non-

native substrates in Al/GaN epitaxy. The typical substrates employed including 

sapphire exhibit relatively large lattice misfits. Consequently, extended defects are 

prevalent in Al/GaN thin films and their identity, properties and density control have 

been extensively studied. The extended defects of importance include threading 

dislocations (1D), stacking faults (2D) and inversion domains (3D).65 In particular, 

threading dislocations are of importance due to their high densities and detrimental 

effects on electrical and optical properties.65–68 The threading dislocations have 

edge(a), screw(c) or mixed (a+c) character with Burger’s vectors b=1/3<1 1 -2 0>, 

b=<0 0 0 1> or b=1/3<1 1 -2 3> respectively and the line of dislocation is <0 0 0 1>. 

The origin of edge-type threading dislocations in GaN with growth along c-axis may 

be understood by modelling nitride growth as hexagonal columns rotated at low angles 

with respect to each other parallel to (0 0 0 1).69 The low angle grain boundaries 

possess half planes and consequently edge dislocations with a dislocation line [0 0 0 
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1].65,69 The screw type dislocations may develop to accommodate strain due to growth 

along stepped substrate surface.65 The elastic energy stored in edge and screw 

dislocations is given by 

 2E kb   (1.23) 

where k is the elastic modulus tensor and b is the Burgers vector. The ratio of energies 

stored in screw to edge dislocations is ~1.66 ensuring higher densities of edge 

dislocations.65 Various techniques have been employed to reduce threading 

dislocation density including epitaxial lateral overgrowth70 and AlN buffer layers71 and 

consequently improved electrical and optical properties of III-Nitride epitaxial films. 

However, for applications in deep UV lasers, the dislocation density required is <107 

cm-2.67 AlGaN films on sapphire typically have dislocation densities ~1010 cm-2 and 

may be reduced to ~5x107 cm-2 by appropriate buffer layers, masks and templates.71 

Consequently single crystalline AlN substrates for growth and fabrication of high Al 

composition AlGaN based deep-UV optoelectronics with dislocation densities <104 

cm-2 may be the most feasible option to obtain deep-UV lasers and deep UV 

optoelectronics in general. 

 Al/Ga-Nitride technology: Challenges and motivation 

A comparison of GaN, AlN, SiC and Si is shown in Table 1-3 which illustrates their 

relative performance in power-electronics applications.  GaN and AlN have a relatively 

high dielectric strength of 3.75 MVcm-1 and 15 MVcm-1 respectively when compared 

to SiC (3 MVcm-1) and Si (0.3 MVcm-1).72–78 The low conduction losses in AlN and 

GaN represented by a corresponding low specific on-resistance is shown in Figure 
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1-12 relative to SiC. The resulting Baliga’s figures of merit (BFOM) of GaN and AlN 

are expected to be better than silicon carbide with AlN being vastly superior as shown 

in Table 1-3. It is obvious that Al/GaN provides a vast improvement over existing 

technologies based on Si and SiC. 

Further, the alloy system of AlGaN enables deep-UV optoelectronics with wavelengths 

ranging from 365 nm (UV-A) to 206 nm (UV-C) due to the tunable direct bandgap and 

high photoluminescence efficiencies.25 Consequently, AlGaN based optoelectronics 

finds great interest in applications ranging from solid state lighting, photo-therapy, 

polymer curing, cell imaging, forensic analysis, sensors, lithography, water 

purification, disinfection etc.79–82 The bandgap range of AlGaN and the corresponding 

range of emission wavelengths are shown in Figure 1-13 as a function of Al 

composition. 

Table 1-3: A comparison of GaN, AlN, SiC and Si illustrating their relative performance in 

power-electronic applications72–78. 

Property AlN GaN 4H-SiC Si 

Breakdown field (MVcm-1) 15  3.75 3 0.3 

Electron mobility cm2/Vs(300K) 300 >1000 500-700 <1400 

Bandgap (eV) (300K) 6.03 3.4 3.23 1.12 

relative dielectric constant 8.5 10.4 10 11.7 

Baliga’s Figure of Merit ~20000 ~1240 ~420 1 
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Figure 1-12: A comparison of the specific on-resistance for a design breakdown voltage for 

SiC, GaN and AlN. 

Although the material system exhibits excellent electronic and optical properties, there 

are several challenges in implementing nitride based technologies. The relatively low 

nearly-metal independent Schottky barrier height (~1 eV) on GaN forms a significant 

obstacle in implementing high breakdown voltage vertical Schottky devices.83–86 The 

possible presence of surface states in AlGaN also results in performance degradation 

and drift in switching applications. The polarization charge in AlGaN also presents 

issues related to electric field screening and charge compensation as discussed 

earlier thus introducing difficulties in passivation. Although AlN has excellent 

breakdown fields and associated BFOM, as discussed earlier, Si DX center formation 

in AlN (which pins the Fermi level at ~200 meV below the conduction band) ensures 

low carrier concentrations and hence a practical BFOM several orders of magnitude 

lower than the ideal value (since a complete dopant activation is assumed in BFOM 
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calculation) and difficulties in achieving conducting substrates required in vertical 

power devices.46 Further, as discussed earlier, compensating defect incorporation 

reduces carrier concentrations, carrier mobility and internal quantum efficiencies 

thereby limiting or precluding both high power Schottky diodes and  deep-UV LEDs 

and Lasers. Consequently, it may be concluded that implementation of AlGaN 

technologies are currently limited by lack of good control over surface defects and 

bulk defects. 

Hence, the objectives of the first section (chapters 2 to 6) of this work is to (i) study 

and model the surfaces and heterojunctions of AlGaN and the interfaces formed by 

AlGaN with metals and dielectrics and (ii) develop surface preparation and passivation 

techniques based on the surface/interface studies that improve the surface/interface 

properties and performance. The objectives of the second section (chapter 7) is to 

significantly reduce compensating point defect densities by developing, modeling and 

formulating chemical potential and defect quasi Fermi level based point defect control 

schemes and consequently improve the feasibility of III-Nitride based optoelectronics 

and power electronics. 
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Figure 1-13: The bandgap of AlGaN and the corresponding emission wavelength as a function 

of Al molar fraction. Some applications79–82 in each of the UV-regions: A,B and C are also 

provided. 
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2 CHAPTER 2: A surface study of AlN and GaN 

2.1 Introduction. 

AlN and GaN based Schottky diodes have several advantages due to high breakdown 

fields resulting in high reverse breakdown voltage and low on-resistance, making them 

ideal in high power and high frequency device applications.3,87 However, as described 

in chapter 1, implementation of AlN and GaN power electronics is hindered by several 

challenges including those originating at the surface such as poor passivation and 

Fermi level pinning. Further, at higher Al compositions, contact resistivity and sheet 

resistance also degrade extensively.88 In order to improve the performance of these 

contact-based devices, a study of the semiconductor surface and metal-

semiconductor interface is required. There have been studies on the influence of 

polarization charge/polar axis on the barrier height and band bending at the surface 

in GaN.89,90 Yang et al. reported an upward band bending at the Ga-polar surface and 

a downward band bending at the N-polar surface.90 The screening of the spontaneous 

polarization charge by free carriers and ionized donors is provided as a possible 

explanation for the band bending, but this model predicts a much larger band bending 

at the surface than experimentally observed.90 This problem is exacerbated at lower 

doping levels, where the theoretical band bending increases to unrealistic values. It 

also cannot explain the large difference in electron affinities (>1.4 eV) between the N 

and Ga-polar surfaces.90 Screening of the polarization charge by oppositely charged 

metal induced gap states (MIGS) has also been used to better explain the 

discrepancies.91 However, there is a lack of direct measurements and the direction of 

the resulting surface dipole between surface polarization charge and charged surface 
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states is unknown. Further, studies on surface states and Fermi level pinning on AlN 

surface is limited. Additionally, barrier heights reported on p-type GaN show the Fermi 

level pinned at a lower than expected energy at the surface, i.e., the sum of barrier 

heights on p-type and n-type GaN is much lower than the bandgap.92,93 In this chapter, 

x-ray photoelectron spectroscopy (XPS) is used to provide experimental proof for 

Fermi level pinning by donor and acceptor surface states in n-type and p-type nitrides, 

respectively.  

XPS presents a probe into surface/interface, valence band, Fermi level, barrier heights 

and chemical states of the surface elements. In general, XPS is employed to measure 

the characteristic binding energies of inner core shell electrons of elements 

constituting the material. It may also be used to measure the binding energies of the 

electrons in the valence band of the material. All binding energies are measured with 

respect to the Fermi level. The escape depth of the photo-electrons is around 2 to 3 

nm. Consequently, the energies of the core levels and valence band maximum (VBM) 

are measured with respect to the Fermi level at the surface since the escape depth of 

the photoelectrons is much smaller than typical depletion region thicknesses. Hence 

the characterization is surface sensitive and provides information about the surface 

Fermi level. 

2.2 Growth, surface preparation and experimental setup 

Epitaxially grown N- and Ga-polar GaN, and Al-polar, m-plane and N-polar AlN films, 

and polar and non-polar single crystalline bulk AlN substrates were used in this 

surface study. The epitaxial films of GaN and N-polar AlN were grown on sapphire 

using a vertical, cold-wall, rf-heated, low-pressure metalorganic chemical vapor 
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deposition reactor (MOCVD). The Ga-polar GaN films were intentionally doped n and 

p-type using Si and Mg dopants, respectively and the n-type N-polar GaN film was 

unintentionally doped with O.18,94 The N-polar AlN epitaxial film was found to be 

insulating. Doped epitaxial films of Al-polar AlN films were grown on AlN substrates of 

the same orientation with Si as the n-type dopant. Further details on the growth 

process for these GaN and AlN epitaxial films can be found elsewhere.2,56,58,95,96 Prior 

to any surface study of the epitaxial films, the films were ultrasonically cleaned in 

acetone, methanol and DI water.  

The Al-polar, m-plane and N-polar AlN substrates were processed from AlN boules 

grown by physical vapor transport (PVT) as described in chapter 1. Prior to surface 

characterization, all bulk AlN samples were ultrasonically cleaned in acetone, 

methanol, and DI water and wet etched in 3:1 sulfuric acid: phosphoric acid mixture 

at a temperature of 80 °C. The samples were then rinsed in DI water and dried under 

N2. Further details on the surface preparation can be found elsewhere.35,97 All bulk 

AlN samples were insulating with a resistivity >10TΩcm. All surfaces studied had a 

RMS roughness of less than 0.5 nm over a 10x10 μm2 area except for the N-polar AlN 

epitaxial films and substrates, which had RMS roughness of 12 and 2 nm, 

respectively. 

The XPS utilizes a dual anode x-ray source with Al (1486.6 eV) and Mg (1253.6 eV) 

anodes in a UHV chamber with a base pressure of 10-10 Torr and a concentric 

hemispherical analyzer to detect the emitted electrons.98,99 XPS is calibrated using Au 

4f7/2 core level on a gold film at 84 eV and charge correction is achieved by employing 

carbon (1s core level) standard at 284.6 eV. The binding energy of C 1s core level is 
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also verified using Au 4f7/2 peak through deposition of trace amounts of gold on the 

samples. Carrier concentrations in doped samples were measured by utilizing the Hall 

effect measurements in the Van der Pauw geometry. 

2.3 Surface chemical composition 

 

Figure 2-1: Molar fractions of Ga, N, and O on Ga- and N-polar surfaces. 

Prior to describing the surface electronic properties, the state of all semiconductor 

surfaces needs to be described with respect to stoichiometry and oxidation. The 

surface stoichiometry of GaN was determined from the areas under Ga 3d and N 1s 

core level peaks normalized using appropriate atomic sensitivity factors.100 The Ga-

polar surface is found to be Ga rich (molar ratio of Ga/N = 1.34 0.07) as expected 

and a detailed analysis is provided elsewhere.101 However, the N-polar surface on 

GaN maintained the stoichiometry with the molar ratio of Ga/N being 1 0.1, albeit 

with significant presence of surface oxygen. Figure 2-1 illustrates the molar fractions 

of Ga, N, and O on surfaces of both polarities. The surface of AlN is found to be slightly 
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metal rich (lower than GaN with Al/N < 1.2) in general. Further details about surface 

stoichiometry, surface preparation and surface oxygen content on m- and c-plane AlN 

surfaces is found elsewhere.35,97 The surfaces used in fabrication of contact based 

devices are not expected to be pristine and the nature of surface states on surfaces 

subjected to surface treatments typically used before metallization has been studied. 

2.4 Charge neutrality levels, Fermi level pinning and barrier heights 

The band bending at the surface is determined by using the procedure described by 

Waldrop and Grant.102,103 In the presence of surface states, Fermi level is pinned at 

the surface at an energy level called the charge neutrality level (CNL), below which 

surface states are occupied. The barrier height for an n-type semiconductor at the 

CNL is given by  

 b g vE E   ,  (2.1) 

where Eg is the bandgap and Ev is the valence band maximum measured with respect 

to the Fermi level. Since cl vE E is constant, with Ecl being the core level, a shift of Ecl, 

implies a corresponding shift in the VBM. The behavior of the Fermi level at the surface 

is modeled using interface induced gap states (IFIGS). This model includes the effect 

of surface states.104 According to the model, in the absence of a metal contact, the 

electron barrier height at the surface is given by 

 n n
B bp   , (2.2) 

where n
bp is the free electron barrier height at the branch point energy/charge 

neutrality level (CNL). The experimental valence band XPS data from n-type, Ga-polar 
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GaN and m-plane AlN surfaces are shown in Figure 2-2. The theoretical valence band 

density of states (VDOS) at the edge of the band were generated for GaN and AlN 

using the tight binding model for hexagonal lattice where the energy is given by 

    
3

2cos 4cos cos 2cos
2 2
y x

x z

k a k a
E t k a k c

                
  (2.3) 

where ε and t are empirical parameters and a and c are lattice constants. The density 

of states is generated from the histogram of energies calculated at discrete k values 

at sufficiently small intervals within the first Brillouin zone. The empirical parameter t 

in the model was estimated to be 0.35 and 0.2 in GaN and AlN, respectively, through 

fitting to a reference DFT calculated valence band density of states105 near the edge 

of the band. The reference energy, ε, is assumed to be zero. The instrumental 

broadening introduced by the measurement system was estimated by characterizing 

a gold film. Au 4f7/2 core level peak is the convolution of a known Lorentzian function 

with a FWHM of 0.3 eV and a Gaussian function with a standard deviation 

characteristic of the instrument and was estimated to be 0.5 eV via curve fitting. The 

resulting convolution of the instrumental broadening and VDOS signal, i.e., Gaussian 

broadened VDOS, is used to fit the Tougaard and linear background corrected 

valence band XPS data. The valence band maximum is then accurately obtained from 

the theoretical VDOS that provides the best fit. The VDOS for all the samples were 

similarly studied. The maximum error σ/√ (N-1) was found to be < 0.2 eV. 

The core levels Ga 3d and Al 2p were measured to be at 17 eV and 70 eV with 

respect to the VBM, respectively. Core level curve fitting used to determine the peak 

position and areas is described elsewhere.99 The measured positions of the Fermi 
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level at the surface (CNL), carrier concentration, n, calculated bulk Fermi level, Ef, at 

300K, and barrier heights, φb, in GaN and AlN are tabulated in Table 2-1 and  

Table 2-2, respectively, assuming bandgaps of GaN and AlN as 3.4 and 6.03 eV 

respectively.96,106 All energies are reported with respect to the VBM and barrier height 

is the barrier faced by the electrons (holes) at the CNL to enter the conduction 

(valence) band. The measured energy differences between the core levels and VBM 

remained constant with changes in doping and polarity, as expected. 

 

Figure 2-2: XPS valence band data fitted to Gaussian broadened theoretical VDOS of (a) n-

type, Ga-polar GaN and (b) m-plane AlN. 
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Table 2-1: The measured positions of the Fermi level at the surface (CNL), carrier 

concentration (n), calculated bulk Fermi level (Ef) at 300K, and barrier heights (φb) in GaN 

Surface Doping type n (cm-3) Ef (eV) (in bulk) CNL (eV)  (eV) 

Ga-polar  n 3x1018 3.4 2.7 0.7 

Ga-polar p 8x1016 0.16 1.4 1.4 

N-polar n 2x1019 3.4 3.4 0 

 

The Fermi level in the bulk n-type GaN is calculated to be near the conduction band 

for both Ga- and N-polarity. However, the barrier height at CNL for the Ga-polar 

surface is ≈ 0.7 eV, i.e., the Fermi level is pinned at 0.7 eV below the conduction band 

and indicates an upward band bending at the surface as shown in Figure 2-3(a). This 

agrees well with I-V and C-V measurements reported in literature for various 

metals.107–109 The barrier height surprisingly decreases to zero on N-polar GaN. This 

is clearly corroborated by recent observations of increased leakage current in the 

presence of inversion domains in Ga-polar GaN and such domains being used in 

engineering Ohmic contacts on GaN.110 An intermediate barrier height (≈0.4 to 0.45 

eV) has been reported for non-polar a-plane n-type GaN.111 Additionally, in p-type 

GaN the CNL is observed at 1.4 eV above the VBM implying a downward band 

bending illustrated in Figure 2-3(b).  

/n p
b
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Figure 2-3: Surface state initiated band bending at the surface in Ga-polar, n-type (a) and p-

type (b) GaN. 

Similarly, in both doped epitaxial and insulating bulk AlN samples, the barrier height 

is the smallest on the N-polar surface and increases from the –c-plane to m-plane by 

≈ 0.1 to 0.2 eV and from m-plane to +c-plane by about 0.6 eV. The CNL and barrier 

height measurements on both doped epitaxial films and insulating substrates are 

similar within measurement errors as shown in  

Table 2-2. The IFIGS model and branch point energies can be used to explain the 

observed differences. As described in chapter 1, spontaneous polarization density in 

polar semiconductors is associated with a polarization charge density given by 

equation (1.9) at the surface. For nitrides, it is positive on the N-polar side and negative 

on the metal-polar side. Assuming the charge is neutralized by oppositely charged 

surface states, a shift in the charge neutrality level or branch point energy is observed. 

The associated barrier height increases at the metal polar surface and decreases at 
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the N-polar surface. The charging of surface states due to polarization and the effect 

on surface Fermi level pinning in AlN is illustrated in Figure 2-4. The charge neutrality 

condition is given by91 

 sp seD     (2.4) 

where Δϕ is the change in barrier height due to difference in polarization charge 

between polar and non-polar surfaces, σsp is the polarization charge and Ds is the 

density of surface states. Theoretically Ds is given by 

 
 2

0
2

0.3 1

1/ 2sD e q

    , (2.5) 

where is the high frequency dielectric constant, e is the electron charge and 1/2q 

represents the decay length. 

 

Figure 2-4: Increased CNL on a) c-plane due to positively charged surface states in 

comparison with b) non-polar m-plane AlN. 
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Table 2-2: The measured positions of the Fermi level at the surface (CNL) and barrier heights 

(φb) in AlN epitaxial films and substrates 

Epitaxial films 

Surface Doping type n (cm-3) Ef  (eV)   (in bulk) CNL (eV) n
b  (eV) 

Al-polar n ≈ 1015 5.8 3.3 2.7 

N-polar - - - 4.1 1.9 

Substrate 

 CNL (eV) n
b   (eV) 

Al-polar 3.3 2.7 

m-plane 3.9 2.1 

N-polar 4.0 2.0 

 

Table 2-3 provides the theoretically calculated and experimentally measured 

parameters for non-polar and metal-polar surfaces. The experimental branch point 

energy (BPE) for GaN is calculated from the c-plane CNL and the observation that the 

barrier height on the a-plane is lower than that on the c-plane by about 0.3 eV111 

implying an uncharged CNL in GaN at ≈ 3 eV. It is clear that there are deviations in 

the experimental observations on GaN from theoretical predictions, possibly due to an 

altered surface stoichiometry and/or surface reconstructions. The theoretical shift from 

polarization charge neutralization is smaller than the observed shift and the 

experimental density of states is smaller than expected. This has been confirmed 

recently through scanning tunneling spectroscopy employing reduced tip-sample 
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separations.112 Further, the experimental BPE is higher than the theoretical prediction. 

This explains the observation where the IFIGS modeled barrier height (using the 

theoretical BPE) matches the experimentally measured values on the c-plane GaN91 

since the position of the CNL is pulled down towards the VBM in the Ga-polar GaN. 

Additional deviation from IFIGS theory assuming constant density of states comes 

from the Fermi level pinning in p-type GaN. The Fermi level at the surface is typically 

determined by energies and densities of donor and acceptor surface states in p- and 

n-type materials, respectively. In p-type GaN, the Fermi level is observed to be pinned 

at ≈1.4 eV. The direct consequence of this would be barrier heights in p-type, c-plane 

GaN of ≈1.4 eV, which are experimentally observed93 and explains the observation 

that the sum of n- and p-type barrier heights is much lower than the bandgap. 

However, in the presence of a constant density of states of ≈ 7*1013 eV-1cm-2 

throughout the bandgap, the Fermi level pinning should depend only on polarization 

charge and not on the type of doping. This is a consequence of thickness of the 

depletion region in the bulk being much larger than the decay length of the surface 

states resulting in a negligibly small space charge capacitance and an associated 

negligible space charge that does not significantly shift the Fermi level pinned at the 

surface. The observed shift in Fermi level between the Ga-polar n- and p-type GaN 

implies that the density of states sharply decreases below the CNL on the Ga-polar 

GaN at 2.7 eV to values insufficient for Fermi level pinning before increasing to 

densities required for reasonable pinning at 1.4 eV, as required by the IFIGS model. 

This agrees well with and experimentally confirms the theoretically predicted donor 

and acceptor surface state energies in c-plane GaN.113 . The presence of states at 



42 

 

~2.5 eV and <1.3 eV after Ga adsorption has also been reported and may be indicative 

of the observed Ga rich stoichiometry.114  

Table 2-3: Experimental and theoretical values for density of surface states (Ds), branch point 

energies, spontaneous polarization charge (σsp) and barrier shift (Δφ) in AlN and GaN. 

Parameter GaN AlN 

σsp (electron-charge cm-2) 2.125x1013 [7] 5.625x1013 [7] 

ε∞ 5.35 74 4.6 74 

1/2q (nm) 0.186 104 - 

 Theory Expt Theory Expt 

Ds (eV-1cm-2) 2x1014 7x1013 1x1014 9x1013 

Δφ (eV) 0.2 0.3 0.5 0.6 

BPE (eV) 2.37 115 3 3.33 115 3.9 

  

There have been reports of surface photo-voltage (SPV) inducing the difference in 

Fermi level pinning between n- and p-type GaN.116 However, the reported 

dependence of apparent barrier height cannot be modeled with SPV.116 Additionally, 

the photocurrent generated due to XPS source in wide bandgap materials is relatively 

small.117 Further, doped AlN and insulating AlN substrate were both observed to have 

similar and relatively large barrier heights. If SPV was significant, the difference in 

doping and the large barrier heights would have caused a significant difference in 

surface Fermi level pinning which is not observed. Observations of Schottky barrier 

heights close to 1.4 eV93 corroborates with our measurements of Fermi level pinning 

in p-type GaN. Accordingly, effect of SPV is expected to be small enough not to affect 
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our conclusions on the energies of acceptor states significantly. However, the reported 

temperature dependence of p-type pinning116 could be a consequence of acceptor 

states being induced by adatoms/ surface defects and the density of such defects 

being a function of temperature. 

The surface state decay length is unavailable for AlN and the value of GaN is used. It 

should be noted that the experimental values for density of surface states in AlN agree 

well with theoretical calculations on c- and m-planes. The similar CNL on planes of 

different polarities in GaN and AlN suggest a metallic type partially filled surface 

states. DFT calculations by Miao et al.118 suggest that surface reconstruction with 

metallic adlayers is energetically favorable under Al rich conditions in AlN and are 

expected to exhibit similar surface Fermi level positions at m- and c-planes at ≈ 3.6 to 

3.7 eV with the N-polar surface at a lower 3.3 eV when neutral.  

An additional 10-minute treatment in NH4OH at 50°C to further reduce surface oxygen 

was employed to study the effect of O molar fraction on surface states and Fermi level 

pinning and to analyze the role of surface oxide/hydroxide.119 After the ammonium 

hydroxide treatment, the O molar fractions on metal polar samples in both GaN and 

AlN are found to be <5% and reduces from ~15 to 20% to 5 to 10% on N-polar 

samples. The O reduction produced no measurable change to surface Fermi level 

pinning on N-polar Al/GaN. Further calculations assuming a photoelectron escape 

depth of 3 nm and the observed oxygen surface molar fraction indicates oxygen 

forming about 1/2 monolayer on metal polar GaN and AlN and ~3/4 monolayer on N-

polar surfaces. Consequently, oxide/hydroxide formation alone is not sufficient to 

explain the metal rich stoichiometry and is unlikely to be responsible for Fermi level 



44 

 

pinning. Our experimental results (3.9 eV) seem to be consistent with the metal 

adlayer hypothesis and clearly explain the lower shift between N-polar and m-plane 

Fermi level positions. If one assumes that the N-polar CNL is lower by 0.4 eV w.r.t 

that at m-plane, the surface states fill up with a compensating negative charge as 

previously explained pushing up the Fermi level by ≈ 0.5 to 0.6 eV to a position slightly 

above m-plane. Additionally similar slope parameters in barrier height measurements 

on surfaces of different polarities120 also imply similar surface state densities and 

justify the assumptions in this work. The metallic surface electronic structure and CNL 

positions also corroborates with the requirements of 2DEG formation in HEMTs.118 It 

has to be noted that O-induced defects on the surface may also introduce states and 

may be partly responsible for the pinning. Consequently, surface passivation of GaN 

and AlN must reduce mid-gap surface states and interfacial oxygen and compensate 

the surface polarization charge as well and is discussed in chapter 6.    

2.5 Polarization charge compensating surface states and electron 

affinity 

The direction of the surface dipole between charged surface states and polarization 

charge in GaN may be determined from electron affinity (EA) measurements. The 

effect on electron affinity at the surface by the dipole is illustrated in Figure 2-5. It has 

been reported that electron affinity on N-polar GaN is a few eV lower than that of Ga-

polar GaN.90 The dipole voltage drop is calculated by: 

 spdq
V

C




   (2.6) 
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Assuming the width of the dipole, d, is of the order of the decay length of surface states 

(0.2 nm), the potential drop across the dipole is ≈1 eV. The difference in EA is given 

by: 

 2 2V eV    ,  (2.7) 

where V is the dipole potential drop. The opposite band bending at the surface of 

metal polar and N-polar surfaces could induce further difference in electronegativity. 

The change in EA agrees reasonably well with experimentally reported values.90 

This work provides several useful implications on Schottky and Ohmic contacts on 

GaN, AlN and AlGaN and their dependence on doping and polarity. For example, N-

polar and non-polar surfaces are most suitable for Ohmic contacts due to lower barrier 

heights. 

 

Figure 2-5: (a) Decrease in electron affinity on N-polar GaN due to surface dipole and (b) 

increase in electron affinity on Ga-polar GaN due to surface dipole 
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2.6 Conclusions 

XPS measurements revealed that surface states determine the position of the Fermi 

level at the surface of GaN and AlN. Accurate modeling of the valence band edge and 

comparison with XPS data indicates the presence of donor surface states at 1.4 eV 

and acceptor states at energies >2.7 eV from the valence band in GaN with Al polar 

AlN showing acceptor states at energies > 3.3 eV. Density of acceptor surface states 

was estimated to be 7x1013 and 9x1013 eV-1cm-2 in GaN and AlN respectively. The 

spontaneous polarization charge was found to have significant influence on surface 

electronic properties. The presence of charged surface states is concluded from the 

shift in charge neutrality levels and barrier heights with change in polarity as measured 

by XPS. Based on this conclusion, theoretical modeling and comparison with XPS 

data implies that the full compensation of spontaneous polarization charge arises from 

charged surface states, that is, polarization charge does not induce the depletion 

region, but is induced by Fermi level pinning at the surface by IFIGS. Results indicate 

surface reconstruction with metallic adlayers at metal-rich conditions which is 

expected to facilitate 2DEG formation in HEMTs. Existence and direction of the 

surface dipole were inferred from the dependence of electron affinity on polarity. 

Barrier heights show a dependence on polarity with ϕmetal-polar > ϕnon-polar > ϕnitrogen-polar 

with N-polar surfaces showing the least barriers. Since barrier heights are important 

parameters in devices with Schottky contacts and influence the contact resistance in 

Ohmic contacts, polarization direction becomes an important design consideration in 

III-nitride based electronic and optoelectronic devices. 
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3 CHAPTER 3: a surface study of the alloy AlGaN 

 Introduction 

As described in chapter 2, AlN exhibits a large barrier height at the charge neutrality 

level (CNL)121 and therefore exhibits large Schottky barriers120 as will be described in 

chapter 4, making it a promising candidate for high-power Schottky diodes with very 

low leakage. However, large dopant activation energies and hence the requirement of 

heavy doping to achieve moderate carrier concentrations is a major challenge in 

implementing AlN based technology. Relatively poor Ohmic contacts on AlN further 

limit its applications.122 These challenges can be overcome by alloying AlN with GaN, 

which sharply reduces the dopant activation energy, even at low Ga concentrations,44 

while at the same time maintains many of the advantages of AlN. The performance 

and behavior of devices based on AlGaN are determined by the surface and interface 

properties and a better understanding of them could help in predicting, designing, and 

improving the performance of these surface/interface-based devices.  

In this work, a theoretical model based on interface induced gap states (IFIGS) with 

experimentally determined charge neutrality levels that predicts the Schottky barrier 

on AlGaN as a function of composition and metal electronegativity has been 

developed and tested. Hetero-structure band offsets over the entire composition range 

determined by XPS data analysis employing IFIGS and Anderson’s models are also 

discussed with corroborating experiments. Further, the surface work function and 

electron affinity of AlGaN are discussed. 
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 Growth, sample pretreatment and experimental setup 

Epitaxial GaN thin films, AlGaN, and AlN were grown using a vertical, cold-wall, rf-

heated, low-pressure metalorganic chemical vapor deposition reactor (MOCVD) on 

either c-plane sapphire or low dislocation density AlN single crystalline substrates 

described in chapter 1.29,30,123–125 Trimethylaluminum, triethylgallium and ammonia 

were used as precursors for Al, Ga and N respectively. Silane and bis-

cyclopentadienyl magnesium were used as Si (n-type) and Mg (p-type) precursors 

respectively. Further details on the growth process can be found elsewhere.58,96,97 

Growth is along c-axis and all films studied in this chapter have metal polar surfaces. 

Post growth surface preparation for surface analysis by XPS included cleaning in 

organic solvents, a 10-minute treatment in NH4OH at 50°C to reduce surface 

oxygen,119 and a rinse under deionized water. 

X-ray photoelectron spectroscopy (XPS) was the primary characterization tool where 

all binding energies were measured with respect to the Fermi level and the 

experimental setup and charge correction techniques are described in chapter 2. The 

composition of the AlGaN films was determined using an X-ray diffraction (XRD) 

technique described by Tweedie et al.126 For the XRD measurements, a Philips X’Pert 

Materials Research Diffractometer with a Cu Kα X-ray source was used. 

 Surface chemical composition 

The surface stoichiometry of AlGaN, GaN and AlN was determined from the areas 

under the Ga 3d, Al 2p, and N 1s core level peaks adjusted using appropriate atomic 

sensitivity factors.127 The surface was found to be metal rich (M/N ~ 1.2 to 1.4) in 

general similar to GaN and AlN discussed in chapter 2. The observed oxygen surface 
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molar fraction indicates oxygen forming about 1/2 to 3/4 monolayer on all AlGaN 

surfaces, including GaN and AlN. Oxide/hydroxide formation is not sufficient to explain 

the metal rich stoichiometry indicating different origin to the metal rich stoichiometry. 

The influence of the observed metal rich stoichiometry on electronic properties, its 

origin and role of oxygen is discussed later on in this chapter. 

 Charge neutrality levels and barrier heights 

The development of an IFIGS-based theoretical model for Schottky barriers requires 

the determination of the surface Fermi level with respect to the valence band 

maximum (VBM) via XPS. The measured energy at VBM provides direct 

measurement of the surface Fermi level since all binding energies are measured with 

respect to the Fermi level. Accurate VBM measurements in AlGaN is obtained by XPS 

utilizing a similar procedure described for GaN and AlN in chapter 2.121 The theoretical 

valence band density of states (VDOS) at the edge of the band are generated initially 

for GaN and AlN using the tight binding model for a hexagonal lattice.121 The VDOS 

for AlGaN is generated by linear interpolation of the tight binding model parameters. 

This may be justified by the validity of Vegard’s law (i.e. linear interpolation) for lattice 

constants and bond lengths as described in chapter 1. The convolution with the 

Gaussian instrumental broadening is then used to fit background corrected valence 

band XPS data.121 The valence band maximum was then accurately obtained from 

the theoretical VDOS as shown in Figure 3-1. The maximum error was found to be < 

0.2 eV. Since the CNL is defined as the maximum occupied surface state energy at a 

neutral surface, the surface Fermi level measured with respect to the VBM provides a 

direct observation of the CNL as shown in Figure 3-1. 
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Figure 3-2 shows the CNL as a function of composition. It is found that the CNL 

measured with respect to the valence band maximum exhibits nearly linear behavior 

and could be represented by a linear interpolation between CNLs of GaN and AlN. It 

is given by 

 0.8 2.7CNL x   eV (3.1) 

The barrier height at the CNL, n
b  is the barrier faced by an electron at the surface 

Fermi level to enter the conduction band and is given by Eg-CNL. The band gap for 

AlGaN was calculated assuming a bowing parameter of 1 eV.9,11,128,129 The effect of 

strain present due to the deposition either on sapphire or AlN substrates is expected 

to be less than the measurement resolution of 0.2 eV.130 Measured n
b  for various 

samples is plotted in Figure 3-2 as a function of Al composition. The barrier height at 

the CNL shows the Fermi level to be pinned well below the conduction band minimum 

and, hence, indicates an upward band bending at the surface in Si-doped samples. 

Due to the nonlinearity associated with bandgap bowing, a linear interpolation cannot 

represent the barrier height at CNL. An interpolation rule similar to Vegard’s law, but 

with a bowing parameter equal to that found for the bandgap (~1 eV) is required, i.e., 

barrier height at the CNL is given by: 

   22.5 0.7(1 ) 1 (1 ) 0.8 0.7n
b x x x x x x eV           (3.2) 

Further, barrier height at CNL can be approximated by a linear function at very high 

Al compositions (x>>0.5) given by: 

 2.5n
b x   eV for x>>0.5.  (3.3) 
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Figure 3-1: Measurement of the CNL using XPS valence band data of (a) Si doped 

Al0.85Ga0.15N and (b) Mg doped Al0.7Ga0.3N grown on AlN via comparison with theoretical 

VDOS. The dashed and solid lines represent the calculated and Gaussian broadened valence 

band density of states and the dots represent the XPS data. 

The substrate and type of doping has no effect on the barrier height at high Al 

compositions within experimental resolution. Similar observations are made in AlN as 

well.121 In contrast, Mg doping shifts the surface Fermi level to 1.4 eV from 2.7 eV in 

p-type GaN.121 Hence surfaces on high Al composition AlGaN seems to have metallic 

type surface states more similar to AlN than GaN i.e. no energy gap between donor 

type and acceptor type surface states. DFT calculations show metal adlayer/bilayer 

based surface reconstructions as energetically favorable at metal rich conditions.41,118 

Other calculations that include oxygen show several energetically favorable surface 

reconstructions that either obey oxide stoichiometry (Metal:Oxygen=2:3) or satisfy 

electron counting rule depending on the amount of oxygen at the surface.131 Among 

the possible candidates, based on (a) position of the surface fermi level, (b) metallic 

nature of surface states and (c) a metal rich surface stoichiometry that doesn’t obey 
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oxide stoichiometry, metal adlayer/bilayer type surface reconstruction is most likely 

present at surface of AlGaN. As discussed earlier, the origins of metal rich 

stoichiometry may lie in the surface reconstructions. This is in agreement with XPS 

studies on AlN121 discussed in chapter 2 which also implied an existence of such 

reconstructions. 

 

Figure 3-2: CNL and barrier heights at the CNL as a function of Al composition AlGaN grown 

on AlN and sapphire. 25% and 40% AlGaN are unintentionally doped. Mg doped (75%) AlGaN 

is grown on AlN. The rest are Si doped. Dashed lines are interpolations between AlN and 

GaN. 

 Surface work function and electron affinity of AlGaN 

Inner core shell binding energies, Al 2p and Ga 3d, measured with respect to vacuum 

level, are not expected to change with alloy composition since the ionicity of 

bonding127 remains unchanged. In addition, the difference in energy between core 

level and VBM is a constant132 at a given composition. Consequently, core level 
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binding energy measured with respect to the Fermi level is expected to change if the 

Fermi level shifts within the bandgap.132 Interestingly, the core level binding energies 

of Ga 3d and Al 2p measured with respect to the Fermi level by XPS were found to be 

independent of the composition (standard deviation is ~0.2 eV, and the measurement 

resolution is ~0.2 eV) as shown in Figure 3-3. Consequently, it may be concluded that 

the energy difference between surface Fermi level and vacuum level, i.e., surface 

work function remains constant with composition. 

 

Figure 3-3: Binding energies of Al 2p and Ga 3d core levels as a function of AlGaN 

composition in films that were grown on AlN single crystalline substrate and sapphire. 25% 

and 40% AlGaN are unintentionally doped. Mg doped (75%) AlGaN is grown on AlN. The rest 

are Si doped. 

In addition, knowledge of conduction band referenced to the Fermi level, i.e., Φ  

allows us to estimate the change in electron affinity (χ) with Al composition as: 

 ( ( ) (0))n n
AlGaN GaN b bx      .  (3.4) 
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Hence, the electron affinity is directly correlated to Φ  and is given by

2 0.8AlGaN GaN x x    . This indicates a difference in electron affinity of ~1.8 eV 

between AlN and GaN and agrees well with experimental reports of electron affinities 

of around 3 eV and 1eV for GaN133–135 and AlN,136–138 respectively. This difference is 

slightly lower than the 2.5 to 3 eV reported by Grabowski et al.,134 however, it is not 

surprising considering the variation in electron affinity values in literature, possibly due 

to variations in polarization induced dipoles at the surface.121 

From Equation (3.2), the bowing in Φ  is equal to the assumed bandgap bowing (~ 

1eV). In contrast, CNL is nearly linear as a function of composition. The measured 

linearity of the CNL and the bowing in the barrier height similar to bandgap are 

important results since the branch-point-energy (BPE) measured with respect to the 

bottom of the valence band is expected to be linear over a small change in lattice 

constant from GaN to AlN was shown in a generic 1-D crystal.139 Hence, the linearity 

of the CNL with respect to the VBM is expected if the CNL is strongly correlated with 

the BPE. In an ideal crystal, the CNL is equal to the BPE.139 Interestingly, the observed 

nonlinearity in the energy difference (Φ ) between CNL and conduction band 

minimum equaled the nonlinearity in bandgap and the nearly linear behavior in the 

energy difference between CNL and VBM implies that the origin of bandgap bowing 

(nonlinearity) is in the conduction band. A recent theoretical study supports this 

finding.140 Non-linearity in the dependence of the spontaneous polarization charge 

with composition141,142 may also contribute to change in bowing in the barrier height 

since polarization compensating surface states influence the CNL energy state.121 The 
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deduced band structure as a function of Al composition is shown in Figure 3-4, 

assuming surface Fermi level as the reference energy. 

 Band offsets in ALGaN 

The CNL is assumed to be strongly correlated to the BPE and determines the valence 

and conduction band offsets at heterojunctions according to IFIGS model.143 The 

effect of the interface dipole is typically neglected for semiconductor-based 

heterojunctions since semiconductors tend to exhibit similar electronegativities.143 

Furthermore, our earlier analysis on electron affinity directly correlated to CNL via Φ  

ensures the same band offsets even if Anderson’s rule is employed. The band offsets 

at AlxGa1-xN/AlyGa1-yN are hence estimated as 

  2 2 0.8CE x y x y      eV (3.5) 

 and  0.9VE x y    eV (3.6) 

The previously discussed nonlinear behavior of the conduction band results in 

variation in the ratio of conduction band and valence band offsets as a function of 

composition. The conduction band offset at AlxGa1-xN/AlyGa1-yN interface is shown in 

Figure 3-5. It was found that the conduction band and valence band offsets are split 

approximately about 2/3 and 1/3 at interfaces with AlGaN having comparable Al and 

Ga concentrations. In the case of GaN/AlxGa1-xN heterojunctions, the split difference 

decreases with decreasing Al concentration and approaches ~1/2 and 1/2. Similarly, 

in case of AlN/AlxGa1-xN, the split difference increases with an increase in Al 

concentration and reaches ~3/4 for the conduction band. These variations in band 

offsets are in good agreement with predictions of high conduction band/valence band 
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offset ratios of ~0.7/0.3 from DFT calculations and experimental results at AlN/GaN 

interface144,145 and low ratios of 0.5/0.5–0.6/0.4 at AlGaN/GaN interfaces with low Al 

compositions.146 Equations (3.5) and (3.6) represented in Figure 3-5 provide a useful 

tool for designing AlGaN heterostructures since band offsets play an important role in 

carrier confinement and emission wavelengths in LEDs and laser diodes.  

 

Figure 3-4: The band divergence in AlGaN as a function of composition determined using 

CNL, barrier height at CNL and the constant work function of 3.7 eV. (Dashed lines represent 

the interpolations) 

 Conclusion 

In conclusion, the Fermi level alignment and band bending at c-plane surfaces in Al-

rich AlGaN thin films have been analyzed via XPS. The CNL is found to increase 

linearly from GaN to AlN. The barrier height at CNL exhibits a quadratic dependence 

(determined by the bandgap bowing parameter) on Al composition. The conduction 

and valence band offsets in AlGaN hetero-junctions were found to be split 2/3 and 1/3 
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of the bandgap difference, respectively. Characterization of core level binding 

energies revealed a composition independent surface work function. Consequently, 

the electron affinity was found to be a linear function of the barrier height at CNL, i.e., 

band offsets determined via IFIGS and Anderson’s rule were found to be identical. 

The bowing in the dependence of Φ  on Al composition resulted in an increase and 

decrease in the ratio of conduction band offset to bandgap difference in AlN/AlGaN 

and GaN/AlGaN interfaces respectively. Our results also indicate that the origin of the 

bandgap bowing is in the conduction band. 

 

Figure 3-5: Conduction band offset (ΔEc), as a function of Al composition of the two layers 

forming the heterojunction. The dependence of the ratio of conduction band offset and valence 

band offset on Al composition is also shown. 
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4 CHAPTER 4: Schottky contacts on AlN and Al rich AlGaN 

 Introduction 

AlN and Al rich AlGaN based Schottky diodes are expected to have several 

advantages over other diodes based on typical wide bandgap semiconductors such 

as SiC. These advantages include high reverse breakdown voltage, low leakage 

current, and high operation power as evidenced by the Baliga figure of merit of 876 

GW/cm2, or nearly 200 times the value for SiC as discussed in chapter 1.2 Applications 

for these devices include high-power switches and frequency multipliers.3,87 Schottky 

and Ohmic contacts on GaN and AlGaN with low Al composition (< 30%) have been 

reported extensively in literature.2,3,88,147,148 However in AlN and AlGaN with high Al 

compositions (> 70%), Schottky barriers present a difficult study due to non-ohmic 

back contacts with very high contact resistivity and large sheet resistances.88 The 

presence of Fermi level pinning and surface states at the surface of AlN and AlGaN 

have been previously discussed (chapters 2 and 3) and these factors are expected to 

influence Schottky barrier formation. In this chapter, a study of the formation of 

Schottky barriers for various metals on surfaces of different polarities of AlN via the X-

ray photoelectron spectroscopy (XPS)-based contactless procedure is reported and a 

model developed. Further, the model is extended to Al rich AlGaN and is corroborated 

by current-voltage and capacitance-voltage measurements. The Schottky barrier 

height is determined by using the procedure described by Waldrop and Grant.102,103 

Accordingly barrier height is given by 

 ( ( ))i b b
b g cl cl vE E E E     ,  (4.1) 
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where b
clE and i

clE are the core level binding energies of the semiconductor (Al 2p or N 

1s) at the surface and interface before and after metallization, respectively, and b
vE is 

the valence band maximum (VBM) determined before metallization. All binding 

energies are measured with respect to the Fermi level. The shift in core levels due to 

metallization is due to a change in surface band bending due to the formation of a 

metal-semiconductor interface and hence represents a measure of contribution of 

surface states, i.e., no shift implies perfect Fermi level pinning and a large density of 

surface states. The barrier height at the surface can be modeled using a general 

model incorporating the effect of metal work function/electronegativity and the 

influence of surface states based on Interface Induced Gap States (IFIGS). 

Accordingly, the barrier height is given by104 

  ( )n n
B bp X m sS X X    ,  (4.2) 

where n
bp  is the barrier at branch point energy/charge neutrality level, Xm and Xs are 

electro-negativities of metal and semiconductor respectively and Sx is the slope 

parameter given by 

 2

1

X
X

S

A
S

e D





,  (4.3) 

where AX = 0.86 eV/Miedema-unit, δ and ε are the thickness and dielectric constant 

of the interfacial layer, respectively, and Ds is the density of surface states. The slope 

parameter determines the extent of surface Fermi level pinning and the dependence 

of the Schottky barrier height on the metal work function/electronegativity and 
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determines the suitability of various barrier height models104  as illustrated in Table 

4-1. 

Table 4-1: The models describing the behavior of the Schottky barrier and the corresponding 

ranges of the slope parameter 

Slope parameter (SX) (eV/Miedema unit) Barrier height model 

0 Bardeen limit 

0<Sx<0.86 IFIGS 

0.86 Schottky-Mott 

 

In this chapter, the significance of Fermi level pinning is measured from the associated 

slope parameters and the effect of polarization charge on the barrier height is studied. 

This study determines the energies of surface states and their density, which are 

crucial for designing Schottky diodes and hetero-structures based on AlN and AlGaN.   

 Growth, sample pretreatment and experimental setup 

Polar and non-polar single crystalline bulk AlN substrates were used in this surface 

study. The processing of Al-polar (+c orientation) and m-plane AlN substrates and 

their surface preparation is as described in chapters 1 and 2. Metal polar Si doped 

AlGaN epitaxial films grown on c-sapphire described in chapter 3 is used to fabricate 

Schottky diodes. Charge correction in XPS during characterization of metal-

semiconductor interface is achieved by using either metal core level binding energies 

or adventitious C 1s as reference which are consistent within the measurement 

resolution. Ti and Zr are exceptions where the metal core level binding energy is used 
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as reference since trace C 1s signals in the metal is found to correspond to carbide 

bonds. Electron beam evaporation chamber with base pressure of 10-8 Torr was used 

for metallization. The thickness was measured in-situ with quartz crystal monitor. The 

deposited metal films were transferred in vacuo (10-9 Torr) into the XPS chamber. 

Electrical measurements were performed using a Keithley 4200 semiconductor 

characterization system. The circular Schottky contacts on AlGaN with concentric 

large area Ohmic contacts were fabricated via photolithography. 3% TMAH was 

employed as developer. 

 Schottky contacts on polar and non-polar AlN 

The accuracy of barrier height measurements depends on the accurate determination 

of the valence band maximum. The VBM was determined using an improved 

approach121 described in chapters 2 and 3 involving curve fitting of Tougaard and 

linear background corrected valence band XPS data with the convolution of 

instrumental Gaussian broadening and generated valence band density of states as 

shown in Figure 2-2. All core level energies were determined by fitting of XPS core 

level peaks using Voigt functions. The area of the core level peaks scaled with 

appropriate atomic sensitivity factors was used to calculate the molar fractions. The 

charge neutrality levels (CNLs) and barrier heights at CNLs on m-plane bulk AlN were 

measured to be 3.9 eV and 2.1 eV, respectively as described in chapter 2.121 The core 

levels Al 2p and N 1s were used in the determination of the barrier height. The core 

level peaks Al 2p and N 1s were found to be at 70 eV and 393.3 eV with respect to 

the VBM respectively as shown in Figure 4-1. The energy difference between the core 

levels and between the core level and VBM were constant in all barrier height 
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measurements within the measurement error ( 0.2eV ) in AlN. Hence barrier height 

measurements with Al 2p and N 1s core levels were consistent and the influence of 

differences in surface oxide between different planes is negligible. However, some of 

the metals exhibit characteristic Auger and photoelectron peaks sufficiently close to 

Al 2p or N 1s binding energies and influence their positions. In such cases, isolated 

Al 2p or N 1s core level not influenced by metal peaks is chosen to determine the 

barrier height. 

 

Figure 4-1: The core level peaks (a) Al 2p and (b) N 1s referenced with respect to the VBM 

Metallization of bulk AlN surface included repeated depositions of various metals of 

different work functions and electronegativities in layers with a nominal thickness of 1 

nm using e-beam evaporation. The core levels were measured at the metal-AlN 

interface via XPS between depositions as a function of metal thickess. The thickness 

of the metal film was varied to study the effect of metal thickness on the contact 

formation and study the growth of the metal film and uniformity of the interface. The 
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change in elemental molar fractions as a function of deposited metal film thickness 

can be used to extract information about the growth process.99 Figure 4-2 shows 

measured molar fractions (XMetal/(XMetal+XAl+XN)) of deposited metals on m-plane AlN 

as a function of film thickness in comparison with ideal molar fraction curves calculated 

for Frank-Van der Merwe (FdM)15 mode of thin film growth. The ideal curves were 

calculated assuming a uniform photo-electron inelastic mean free path of 3 nm. Most 

of the metals showed a variation in molar fraction similar to the ideal layer-by-layer 

FdM growth mode.15 However, gold exhibited a larger deviation indicating a Volmer-

Weber 3D island growth mode. The growth mode influenced the wetting, surface 

coverage and uniformity of the interface. The metals that followed the ideal FdM 

growth mode also had a tendency to form nitrides themselves at the interface.88,149,150 

Formation of Ohmic contacts has been reported to occur through interfacial reactions 

inducing N vacancies.151 In this way, the growth mode provides information about the 

feasibility of Schottky or Ohmic contact formation.  

 

Figure 4-2: Measured molar fractions of various metals as a function of film thickness. 
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The Schottky barrier height was determined for the deposited metals on m-plane AlN 

by measuring the shift in the core levels as described previously. Figure 4-3(a) shows 

the variation in binding energies of Al 2p and N 1s core levels as a function of 

deposited Ti film thickness due to the formation of Ti-AlN interface. The core levels 

show a clear shift of ~ 0.6 eV with metallization, indicating a shift in the Fermi level at 

the surface. The shift in the surface Fermi level is a consequence of charge transfer 

between the metal and semiconductor surface states due to electronegativity 

differences as predicted by the IFIGS model. Figure 4-3(b) shows the Al 2p or N 1s 

core level shift as a function of metal thickness. It was found that a minimum thickness 

was necessary for a consistent shift in the energy and hence to make a Schottky 

contact. The Thinner metallizatiuon resulted in a partial shift, indicating incomplete 

contact formation probably due to insufficient coverage. Thickness studies are limited 

by the exponential decrease in core level signal and excessive charging for metals 

with high atomic sensitivity factors (Au and Ni) at higher thicknesses. Excessive 

charging induces additional errors in the measurements.152 
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Figure 4-3: (a)Al 2p and N 1s core levels as a function of Ti film thickness and (b) Core level 

shifts as a function of thickness for different metals. 

The barrier heights were determined from the core level shifts for different metals on 

m-plane AlN and a comparison of the experimental values with different barrier height 

models is shown in Figure 4-4. Barrier height at CNL represents the Bardeen limit for 

m-plane AlN at 2.1 eV. The IFIGS barrier heights were calculated with an empirical 

slope parameter of ~ 0.36 eV/Miedema unit obtained using 
 2
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, where 

AX = 0.86 eV/Miedema unit and ε∞ is high frequency dielectric constant.21 The 

Schottky-Mott barrier heights were calculated assuming an electron affinity of ~ 1 eV 

obtained by averaging published values.136–138 The experimental barrier heights 

agreed well with predictions of the IFIGS model indicating significant Fermi level 

pinning due to the presence of a significant density of surface states. Barrier heights 

determined for metals on m-plane AlN were in the range between 1.6 (Ti) to 2.3 eV 

(Au). As such, the barrier heights exhibited a surface state dominated behavior with a 

minor influence of metal work function. The barrier heights can be summarized by 
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  2.1 0.36B M SX X eV    .  (4.4)  

There are reports of Surface photo-voltage (SPV) being capable of reducing the p-

type barrier height during luminescence in GaN.116 Similarly, it may affect the barrier 

height measurements on AlN. However, the effects of SPV on the surface Fermi level 

measurements are found to be negligible.121 Further the dependence of measured 

barrier height in p-GaN didn’t follow the predicted behavior with temperature.116 

Additionally, the photocurrent generated due to XPS source in wide bandgap materials 

like AlN is relatively small.117 Further, doped AlN and insulating AlN substrate were 

both observed to have similar and relatively large barrier heights.121 Similarly, altering 

the x-ray intensity didn’t have a measurable effect on Fermi level measurements. If 

SPV was significant, the difference in doping, large barrier heights and change in 

intensity would have caused a significant difference in surface Fermi level pinning 

which is not observed.117,121 

A similar characterization of the c-plane surface resulted in the CNL and barrier height 

at CNL to be 3.3 eV and 2.7 eV, respectively. However, the core levels and VBM had 

a greater variation between samples with a standard deviation of ~ 0.3 eV, possibly 

due to larger oxygen mole fraction at the surface. Figure 4-5 shows the barrier heights 

on c-plane for different metals in comparison with those on m-plane. The barrier 

heights were found to be generally larger on the c-plane due to a lower charge 

neutrality level. An empirical slope parameter of around 0.36, similar to that on the 

non-polar m-plane, adequately models the experimental behavior. This implies a 

similar density of states assuming similar interfacial layer characteristics. The barrier 

height on c-plane AlN is described by 
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  2.7 0.36B M SX X eV    .  (4.5) 

The density of surface states (Ds) was estimated from the slope parameter using the 

approximate empirical relation 21 
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  (4.6) 

where AX = 0.86 eV/Miedema unit and δ is the thickness of the surface dipole assumed 

to be comparable to that of an atomic monolayer. Ds was calculated to be ~ 7.5*1013 

cm-2eV-1 on both m- and c-plane. This is close to the previously reported values 

assuming charged surface states completely compensate the spontaneous 

polarization charge as discussed in chapter 2.121 The surface states are assumed to 

facilitate Fermi level alignment across the bulk by reducing the polarization field in the 

bulk to zero. This occurs through compensation of the induced negative surface 

polarization charge by positively charged surface states. The resulting removal of 

electrons occupying the surface states reduces the maximum occupied surface state 

energy at the neutral surface defined as the CNL. This causes Fermi level pinning at 

the lowered CNL resulting in larger barrier heights on c-plane AlN. Our hypothesis 

requires similar CNL in the absence of compensation on both c- and m-plane AlN 

surfaces. This assumption is supported by DFT simulations on various surface 

reconstructions on different surfaces of AlN.118 The simulations have suggested 

metallic adlayers to be energetically favorable under Al rich conditions and such 

reconstructions are expected to exhibit similar CNLs at m- and c-planes at ≈ 3.6 eV 

w.r.t VBM. This is in good agreement with our measured values of CNL. The previous 
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discussion in chapter 2 revealed identical barriers and CNLs on epitaxially grown AlN 

on c-sapphire and are found to be a function of surface polarity only.121  

 

Figure 4-4: Measured barrier heights for different metals on m plane AlN (a) as a function of 

electronegativity difference between AlN and metal and (b) relative to various theoretical 

models. 

 Schottky contacts on AlGaN 

The measurement of CNL and Φ  in chapter 3 allows the development of a theoretical 

model to describe the Schottky barrier height, ϕB in AlGaN. ϕB was modeled by IFIGS 

for any metal using Φ , slope parameter and metal electronegativity, X.139,143 The 

slope parameter is indicative of density of surface states and is reasonably assumed 

to be constant at high Al compositions due to similar surface reconstructions on GaN, 

AlGaN, and AlN. The measured value of 0.36 in AlN120 (see previous section) is used 

in the model. At Al compositions greater than 50%, the theoretical Schottky barrier 

with Ni was estimated from equations (3.2) and (4.2), and substituting for Miedema 

electronegativities of Ni and AlGaN153 and is given by:120  
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   2 0.8 0.4Ni n
B b X Ni AlGaNS X X x x        eV for x > 0.5 (4.7) 

There exists an error margin (0.2 eV) in the theoretical model due to the uncertainty 

in the measured model parameters. The model was experimentally verified using 

Schottky diodes fabricated on Al0.6Ga0.4N/sapphire with circular Schottky contact dots 

and wide area Ohmic contacts. Flat band barrier heights were measured from the 

semi-log current-voltage (I-V) curves by including the effects of image force barrier 

lowering. Figure 4-6 shows the measured barrier height of 1.2 eV for Al0.6Ga0.4N and 

our previously reported barrier heights of Ni Schottky diodes on AlGaN of various 

compositions grown on AlN single crystal substrates measured via I-V2 and XPS99,120 

in comparison with the theoretical model. There is an excellent agreement between 

theory and experiment. Furthermore, the assumption of similar slope parameters at 

high Al composition sufficiently explained the alloy behavior in the studied composition 

range. The proposed theoretical model provides a very useful tool in designing a 

Schottky diode with a given barrier height for applications in power electronics. 

 Conclusion 

The interfaces of m- and c-plane AlN with metals of different electronegativity were 

characterized and the barrier heights measured. The Schottky barrier height was 

determined accurately by measuring the VBM with respect to the Fermi level at the 

surface (interface) before (after) metallization. VBM determination included modeling 

and curve fitting of density of states at the valence band edge with the XPS data. The 

experimental behavior of the barrier heights could be adequately explained using 

IFIGS. Slope parameter SX was used to incorporate the density of surface states and 

was a measure of the extent of Fermi level pinning. The barrier height at CNL was 
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determined to be ~2.1 eV (~2.7 eV) on m-plane (c-plane) with SX ~ 0.36 eV/Miedema 

unit. SX << 0.86 implied a surface/interface states dominated behavior with significant 

Fermi level pinning and the measured barrier heights were close to the CNL. Titanium 

and zirconium provided the lowest barriers and gold provided the highest among the 

metals analyzed. It was consistently found that barrier heights decreased from metal 

polar to non-polar surfaces in general due to increased CNL. The results corroborate 

with the hypothesis of charged IFIGS compensating the spontaneous polarization 

charge. Further a general theoretical expression for the Schottky barrier height on 

AlGaN was determined as a function of Al composition and metal electronegativity, 

and corroborated with I-V characterization on Ni-based Schottky diodes. These barrier 

height and slope parameter measurements provide essential information for designing 

Schottky diodes and other contact-based devices on AlN and AlGaN. 

 

Figure 4-5: A comparison of measured barrier heights on c-plane and m-plane AlN plotted as 

a function of electronegativity differences between AlN and various metals. 
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Figure 4-6: The experimental Ni Schottky barrier heights on AlGaN at different compositions 

in comparison with the proposed barrier height model. Other experimental results from Reddy 

et al.120, Xie et al.2 and Tweedie et al.99 
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5 CHAPTER 5: Schottky contacts on GaN 

 Introduction 

GaN is of high interest in high-power electronics based on vertical structures due to 

its high breakdown field and electron mobility. As discussed in chapter 1, a high 

dielectric strength in the range of 3.3 to 3.75 MVcm-1 resulting in a Baliga’s figure of 

merit several times larger than that of SiC has generated high interest in GaN based 

power electronics.73,154,155 However, currently, high breakdown voltages (>4kV) are 

confined to p-n junction based devices indicating surface instabilities.73 Further 

Schottky diodes fabricated on n-GaN show a significant variation in performance. The 

ideality factors vary from <1.289,156,157 to ~1.8158,159. The leakage currents also vary 

over several orders of magnitude where contacts exhibiting low ideality factors also 

exhibit low leakage currents.89,156–159 Further, effects of annealing of Schottky contacts 

vary depending on ideality factor (i.e. inhomogeneity or other surface instabilities) 

resulting in varying thermal stabilities. Hence a study of factors responsible for 

introduction of instabilities and variations is necessary. In this work, the effect of 

surface composition and treatments on the barrier height, ideality factor and 

temperature stability are studied and a scheme to obtain near ideal Schottky diodes 

by photolithography with high temperature stability is reported. Ni is employed to the 

produce the Schottky contact. 

 Growth, surface pretreatment and experimental setup 

Hetero-epitaxial films of GaN (0.7 µm) were grown on c-plane sapphire via 

metalorganic chemical vapor deposition (MOCVD). Details on nitride growth are 

provided elsewhere.58 Si (2 to 3x1016 cm-3) was employed as n-type dopant. The 
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carrier concentration was 2 to 3x1016 cm-3 with mobilities of 600 to 800 cm2/Vs. 

Surface chemical composition was characterized by X-ray photoelectron 

spectroscopy (XPS). utilizing a dual anode X-ray source with Al (hν=1486.6 eV) and 

Mg (hν=1253.6 eV) anodes and a base pressure of 10-10 Torr. A concentric 

hemispherical analyzer is used to detect the photoelectrons. Elemental analysis was 

preformed using both Al anode (Ga and C) and Mg anode (N and O). Mg anode was 

used since Ga Auger peaks overlap with photo-electron peaks of N and O while using 

Al anode. Atomic sensitivity factors of the corresponding elements were utilized to 

obtain quantitative information.160 Electrical measurements were performed using a 

Keithley 4200 semiconductor characterization system. The circular Schottky contacts 

(diameter of ~200 µm) with concentric large area Ohmic contacts were fabricated via 

photolithography. 3% TMAH was employed as developer. An intermediate two-step 

surface treatment with hot (at 80 oC) HCl followed by 1% HF after development 

(lithography) and before metallization (Schottky contacts) was used to achieve near 

ideal contacts. Schottky contacts were also fabricated using shadow mask on as-

deposited surface and using photolithography without the surface treatment for 

comparison. 

 Ni-Schottky diode on GaN: Electrical properties and thermal stability 

The current-voltage characteristics of the Ni diode without surface treatment is shown 

in Figure 5-1. The ideality factor is found to be ~1.4 with a ‘shoulder’ at low voltages 

(<0.2 V). The log(I)-log(V) plot (Figure 5-1(b)) reveals the shoulder to be resistive 

(slope~1) indicating a high resistance parallel leakage path. In comparison, the Ni 

Schottky contacts fabricated by shadow mask show near unity ideality factor with no 
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low voltage shoulders. The low voltage shoulder observed in contacts patterned by 

photolithography may be removed via annealing.158 Accordingly, annealing the 

contacts to ~400 oC improves the ideality factor to ~1.1 while eliminating the parallel 

leakage path as shown in Figure 5-2(a). Further the reverse characterization exhibits 

lower leakage for annealed contacts (<400oC) as shown in Figure 5-2(b). However, 

the reverse leakage is still several orders of magnitude larger than those exhibited by 

Schottky contacts fabricated by shadow mask on pristine surface. Further temperature 

stability is poor as further annealing at 500 oC results in complete loss of rectifying 

nature (Figure 5-2(b)). In comparison, contacts from shadow mask show no loss of 

rectifying nature even at an annealing temperature of 600 oC. 

 

Figure 5-1: I-V characterization of Ni Schottky diodes on n-GaN without surface treatment 

exhibiting high ideality factor and a “shoulder” at low voltages which is found to be a large 

parallel resistance from log(I)-log(V) plots. 

The high ideality factor, high leakage current and poor temperature stability on as-

deposited contacts (by photolithography) may be understood to be a consequence of 

surface chemical reactions with basic developer (3% TMAH). XPS studies of the 
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surface before and after development indicates a chemical change at the surface from 

a Ga rich composition (Ga/N~1.3) typically observed on as-deposited surfaces121 with 

low C contamination to a more stoichiometric composition (Ga/N~1) with significant  

presence of C partly corresponding to C-N bonding as shown in Figure 5-3(a) and 

Figure 5-3(b). The resulting surface phases may introduce the observed 

inhomogeneity and parallel leakage paths across the barrier. The reactions of GaN 

with the developer may also introduce defects at the surface that may promote 

additional defect assisted tunneling paths across the barrier. Poole Frenkel emission 

through such traps may also introduce observed parallel low voltage resistive 

leakage.19,161 Such tunneling paths in addition to surface phases introducing barrier 

inhomogeneities may collectively increase the ideality factor and reverse leakage 

current. Note that all surfaces showed O<5%. 

 

Figure 5-2: (a) I-V characteristics of annealed contacts metallized without surface treatment 

showing improved ideality factor and barrier height. Note the absence of additional leakage 

at low voltage. (b) Reverse leakage characteristics of Ni/n-GaN Schottky diodes processed 

by photolithography annealed at various temperatures. 



76 

 

 

Figure 5-3: (a) XPS core level analysis of C 1s showing C compounds on developed surface 

partly comprising of C-N bonds and (b) XPS quantitative chemical analysis showing surface 

chemical composition of GaN at various stages of contact processing. C(ref) typically 

corresponds to “adventitious C” in XPS analysis. O is <5% at all stages. 

The removal of the surface phases and restoration of the developed surface to as-

deposited composition is possible via treatment with HCl at 80 oC followed by dip in 

1% HF as shown in Figure 5-3(b). In order to determine whether the hydroxide based 

development is responsible for contact degradation and whether surface restoration 

produces better contacts, Ni Schottky diodes were fabricated via photolithography with 

the surface treatment step after development and before metallization. The resulting 

I-V-T and C-V-T characteristics are shown in Figure 5-4. The low voltage parallel 

leakage path is not observed. Interestingly, this implies any surface defect states 

responsible for parallel leakage introduced during development is also passivated by 

HCl/HF treatment.  
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Figure 5-4: (a)I-V-T and (b)C-V-T characterization of Ni contacts with post development 

HCl/HF surface treatment. 

The ideality factors and barrier heights are extracted from I-V-T and C-V-T 

characteristics using the equations 
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where the symbols have their usual meanings and the built-in potential and barrier 

height in equation (5.3) are related by 
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The log(I/T2) vs. V slope in equation (5.1) i.e. q/ηkT exhibits a temperature 

independent ideality factor with an average value of 1.02±0.01. The temperature 
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dependence of reverse saturation current (equation (5.2)) is used to determine the 

barrier height and modified Richardson’s constant and are found to be φ=0.66 eV (and 

flat band barrier height, φFB=0.69 eV) and A**=0.4 Acm-2K-2 respectively as shown in 

Figure 5-5. The measured barrier height is in agreement with Fermi level pinning 

energy at Ga rich surface measured by XPS.121,162 The linear dependence of log(I0/T2) 

with 1/T indicates no measurable temperature dependence of barrier height. A slightly 

higher barrier height was extracted using equation (5.3) from C-V-T characterization. 

The slight variation in x-intercept (Vbi) of 1/C2 vs V with temperature observed in the 

inset in Figure 5-4 corresponds to kT/q term in equation (5.4). Consequently, the 

corresponding C-V barrier height obtained from equation (5.4) exhibits temperature 

independence and is found to be 0.83 eV ± 0.01 eV. The observed temperature 

independent barrier height and ideality factor indicate highly reduced barrier 

inhomogeneity.163 Further the reverse leakage is improved by orders of magnitude 

and is similar to contacts made by shadow masks on as-deposited surface as shown 

in Figure 5-6. Further, restoration of the surface also ensures high temperature 

stability where annealing of Schottky contacts to 600 oC produced no significant 

increase in leakage current similar to contacts made using a shadow mask. Hence 

HCL/HF based surface treatment after development is successful in removing any 

additional surface phases and impurities and results in homogeneous Schottky 

contacts fabricated via photolithography exhibiting near unity ideality factors, low 

leakage currents and high temperature stability. 
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Figure 5-5: The plot of log(I0/T2) vs. 1/T revealing a temperature independent barrier height. 

 

Figure 5-6: Reverse leakage characteristics of Ni/n-GaN Schottky diodes processed with 

different surface treatments before photolithography relative to clean contact deposition via 

shadow mask. 



80 

 

 Conclusion 

In conclusion, Ni based Schottky contacts patterned on surface treated n-GaN by 

photolithography with unity ideality factor and high temperature stability (up to 600oC) 

are reported. The barrier height and ideality factor are found to be independent of 

temperature indicating a highly homogeneous contact. XPS studies indicate that the 

large ideality factors and leakage currents in Schottky contacts fabricated via 

photolithography reported in literature is due to shift in surface composition away from 

as-grown gallium rich surface or introduction of carbon based surface phases during 

development. The restoration to grown surface by the hot HCl and HF surface 

treatment is confirmed by XPS. The Ni Schottky diodes on restored surface and as-

grown surface are found to exhibit unity ideality factors, homogeneous barriers, low 

leakage currents and high temperature stability. 
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6 CHAPTER 6: Passivation of Al/GaN – a dielectric/AlGaN 

interface study 

 Introduction 

The AlGaN material system is of high interest in power electronics due to its high 

dielectric strength that increases with Al composition leading to a high theoretical 

Baliga’s figure of merit (BFOM) increasing from several times to orders of magnitude 

larger than that of SiC with increase in Al composition (Table 1-3). This has generated 

interest in possibility of AlGaN based high power switches with low on-resistances and 

high breakdown voltages.72,73,164–166 However current switching performance of 

AlGaN-based devices is much lower than the theoretical limit.167,164 The performance 

is limited by both surface and bulk defect states as discussed in chapter 1. The bulk 

performance is limited by compensation at low doping regimes due to the wide 

bandgap of this material system.24,58 In addition to compensation, DX center formation 

in Al rich AlGaN also causes a high dopant activation energy and therefore, a lower 

BFOM.44,46 On the surface, lower Schottky barrier heights in GaN (~1 eV) due to Fermi 

level pinning121 is a prime challenge to overcome in vertical power Schottky diodes. A 

similar Fermi level pinning is seen in AlGaN as well162 which impedes ohmic contact 

formation on Al rich AlGaN.19,88 Further, mid-gap surface states may impede switching 

performance and cause current collapse.168–171 In general, passivation of AlGaN is an 

integral part of all device structures where control of surface charges and fields are 

important and is required before implementing AlGaN based power electronics. Point 

defect control i.e improving the performance of the active regions, is discussed in 
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chapters 7 and 8. In this chapter, passivation, i.e., reduction in surface/interface defect 

state density and improving surface properties is discussed. 

Band offsets between semiconductors and dielectrics are also important performance 

parameters. Typical surface terminations in power electronics, including field plates, 

require an insulating dielectric that removes any surface charge shielding the field and 

reduces field crowding at the contact edges. The dielectrics must provide a sufficient 

electron barrier to prevent carrier injection into the active regions. Such a condition is 

normally satisfied for narrow bandgap semiconductors. Passivation studies have been 

reported on GaN and low Al composition AlGaN with various dielectrics.172 However, 

passivation on Al rich AlGaN is less studied and with a wide bandgap comparable to 

several dielectrics, there is a probability that the dielectric-semiconductor 

heterojunction may provide a leakage step into AlGaN. Hence dielectric-AlGaN 

interface studies are crucial at high Al compositions to ensure the presence of 

appropriate band offsets and electron barriers.  

Silicon nitride has emerged as the standard passivation material for GaN and AlxGa1-

xN(x<0.3) 169–171,173 while exhibiting a relatively large bandgap of 5.3 eV (when 

stoichiometric) and excellent dielectric strength of ~10 MVcm-1.174,175 It is an excellent 

diffusion barrier having an amorphous phase with high temperature stability where 

crystallites are reported to form only at temperatures > 1600K.176 Further, formation 

of a thin crystalline phase near the interface of low pressure chemical vapor deposition 

(LPCVD) silicon nitride and AlGaN has been reported and this may also play a role in 

passivation.177 However, the bandgap of silicon nitride is lower than AlGaN for x>0.75 

and the feasibility of silicon nitride passivation in Al rich AlGaN and AlN is uncertain 
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especially due to polarization charge. Hence understanding the nature of band offsets 

between Si3N4 and AlGaN (x>0.75) is crucial for determining the feasibility of silicon 

nitride passivation in Al rich AlGaN. 

In contrast to silicon nitride, silicon dioxide has a bandgap of ~9 eV178 that is much 

larger than that of AlN (6.03 eV) and an excellent dielectric strength175 of 10 MVcm-1 

similar to that of silicon nitride. Consequently, silicon dioxide is a popular dielectric for 

passivation and may present the required electron barriers even at high Al 

compositions. However, the relatively low electron affinity of AlN (discussed in chapter 

3) of ~ 1eV is similar to the reported electron affinity of silicon dioxide and the required 

electron barriers may not be present.179 Further oxygen at the interface may be partly 

responsible for mid-gap states (see chapters 2 and 3) and the feasibility of silicon 

dioxide as passivation material is required to be studied.  

In this work, the band offsets, corresponding electron/hole barriers and passivation 

feasibility presented by silicon nitride and silicon dioxide on AlGaN are determined as 

a function of Al composition. The reduction in surface and interface states is studied 

by surface and interface Fermi level measurements, providing information about Fermi 

level pinning and interface state energies.   

 Growth, surface preparation and experimental setup 

MOCVD grown AlGaN films of different Al compositions grown on c-plane sapphire 

with thicknesses of approximately 300 to 400 nm were employed. Details on the 

AlGaN growth process and surface preparation are provided in chapter 3 and 

elsewhere.58,96,97 AlGaN was either used as deposited or cleaned with ammonium 
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hydroxide to reduce surface oxide.119 LPCVD and plasma enhanced chemical vapor 

deposition (PECVD) techniques were employed to deposit the dielectrics on AlGaN. 

LPCVD Silicon nitride was deposited at 800°C and 300 mTorr with dichlorosilane and 

ammonia as precursors for Si and N, respectively. The ratio of dichlorosilane and 

ammonia (40 sccm/120sccm) was tuned to obtain stoichiometric silicon nitride. 

PECVD silicon nitride and silicon dioxide were deposited at 250 oC using silane with 

precursors ammonia and oxygen respectively.  

X-ray photoelectron spectroscopy (XPS) was the primary characterization tool used 

to determine electronic band alignment and the surface/interface Fermi level in AlGaN 

and dielectric-AlGaN heterostructures. Woollam variable angle spectroscopic 

ellipsometer was used to determine the optical properties of silicon nitride. Atomic 

force microscopy (Asylum Research MFP-3D) was used to study the film morphology. 

Electrical measurements were performed using a Keithley 4200 semiconductor 

characterization system. 

 Stoichiometry, chemical composition and surface morphology of 

dielectric films 

The stoichiometry of the deposited silicon nitride was determined via spectroscopic 

ellipsometry and XPS chemical analysis. The refractive index is known to be a function 

of nitride stoichiometry (s=Si/N).180 Amorphous silicon nitride typically varies from 

stoichiometric (s=0.75) to silicon rich (s>0.75) phases. Refractive index is minimum at 

s=0.75 (n ~ 2.03, λ=632.8 nm) and increases with the incorporation of the α-Si 

phase.180 The measured refractive index of LPCVD silicon nitride is ~2.02 at 632 nm 
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indicating stoichiometric Si3N4 deposition. Further, XPS was used to determine the 

stoichiometry by measuring Si, N and O content from Si 2p, N 1s and O 1s core level 

intensities normalized by appropriate atomic sensitivity factors.160 This analysis 

reveals the presence of Si-N and Si-O bonds as shown in Figure 6-1(a) with bulk 

stoichiometric nitride ((Si-N)/N ~ 0.77) and surface oxide ((Si-O)/O ~0.49). Hydrogen 

content in stoichiometric silicon nitride is independent of Si/N ratio with Si-H/N-H~1.181 

The measured hydrogen content in LPCVD silicon nitride grown at a relatively high 

temperature of 850 oC is found to be <5%182 as no lower binding energy core level 

peak corresponding to Si-H bond was observed by XPS.183 No indications of 

crystalline phases were observed. Further, AFM surface morphology of ~150 nm of 

silicon nitride on GaN reveals a uniform conformal deposition of silicon nitride on 

Al/GaN via step-flow growth mode as shown in Figure 6-1 (b) and Figure 6-1(c). 

 

Figure 6-1: (a) Silicon core level (Si 2p) peaks at 101.9 and 103 eV corresponding to the Si 

nitride and oxide bonds, respectively. AFM characterization (b and c) showing uniform 

conformal deposition of silicon nitride on GaN. 

XPS chemical analysis was also used to determine the stoichiometry in PECVD silicon 

nitride and silicon dioxide. The presence of Si-N, Si-H/Si-Si and Si-O bonds in silicon 
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nitride is shown in Figure 6-2 (a) indicating a silicon rich nitride (Si/N ~ 1.9) with a 

significant fraction of amorphous silicon or hydrogen passivated silicon dangling 

bonds (40%). 

 

Figure 6-2: (a) Silicon core level (Si 2p) peaks at 99.3, 100.9 and 102.9 eV corresponding to 

the amorphous Si/Si-H, Si (rich)-N and Si-O bonds, respectively. (b) AFM characterization 

showing. (c) Silicon core level (Si 2p) peaks at 102.9 eV corresponding only to Si-O bonds. 

The existence of a surface oxide ((Si-O)/O~0.4) is also observed. No indications of 

crystalline phases were observed. AFM surface morphology (Figure 6-2(b)) reveals a 
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uniform PECVD silicon nitride with a RMS roughness of 0.7 nm. XPS chemical 

analysis of silicon dioxide shows only a Si-O peak as shown in Figure 6-2 (c) and a 

corresponding stoichiometric oxide with Si/O~0.5. 

 Dielectric-AlGaN band offsets  

6.4.1 LPCVD silicon nitride 

Band offset determination via XPS requires measurements of core level and valence 

band maximum binding energies at the surface of thick films of silicon nitride and 

AlGaN and at the interface formed by deposition of very thin films of silicon nitride (~3 

to 4 nm) on AlGaN. Further details can be found elsewhere.184 The valence band 

offset is determined using the following equation, 

        i b b i b b
V cl cl v cl cl vL L R R
E E E E E E E             , (6.1) 

where Ecl and Ev represent core level and valence band maximum energies, 

respectively. The superscripts i and b represent interface and thick film surface 

properties, respectively. Si 2p, Si 2s, Al 2p and Ga 3d core levels were utilized in 

determining band offsets. XPS valence band analysis (Figure 6-3) at the surface of 

thick silicon nitride (155 nm) shows the valence band maximum at 98.9 eV from Si 2p 

core level. The procedure for determining instrument broadening using standard Au 

4f7/2 signal is described in chapter 2.121 As discussed in chapter 3, the valence band 

maximum in AlGaN is at 69.2 0.8x (eV) and 17 0.8x (eV) from Al 2p and Ga 3d core 

levels respectively, where x is Al mole fraction. Valence band offsets were then 

determined by substituting the core level binding energies at the Si3N4 (3-4 nm)/AlGaN 
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interface in equation (6.1) along with the ones measured on thick films. The 

conduction band offset is determined using known material bandgaps. Figure 6-4(a) 

shows the measured electronic band alignment of silicon nitride on AlGaN as a Type 

II staggered band alignment with silicon nitride providing an electron barrier via the 

conduction band offset. The electron barrier shows no significant dependence on Al 

composition for x<0.6 and is around 2 eV. The measured conduction band and 

valence band offsets on GaN are comparable to previous reports with plasma 

nitridation of silicon on GaN.174 The electron barrier decreases as Al composition is 

increased beyond x=0.6 and reduces to 0.7 eV for pure AlN. Si doped GaN (n=5x1016 

cm-3) and Al0.6Ga0.4N (n=5x1017 cm-3) were also analyzed. The band offsets did not 

change with Si doping, as expected. Interestingly, silicon nitride still provides an 

electron barrier for AlN (Eg = 6.03 eV) and might be a feasible insulating dielectric 

even with its lower bandgap (Eg=5.3 eV). The band offsets (Figure 6-4(b)) may be 

given by the following empirical expressions: 22 1.5 2.8CE x x     and 

20.1 3.4 2.1VE x x    eV. 
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Figure 6-3: XPS valence band data from the surface of thick silicon nitride film showing the 

valence band maximum at 3 eV with respect to the surface Fermi level. 

 

Figure 6-4: The (a) electronic band alignment and (b) band offsets at silicon nitride/AlGaN 

interface with different Al compositions. 
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6.4.2 PECVD silicon nitride 

XPS valence band analysis (Figure 6-5(a)) at the surface of thick silicon nitride (155 

nm) shows the valence band maximum at 98.9 eV from Si 2p core level corresponding 

to Si-N (Figure 6-2(a)). The bandgap of silicon nitride was determined by ellipsometry 

to be ~ 2.9 eV. The band offsets were determined by the procedure described in the 

previous section with thin films (~3 nm) of PECVD silicon nitride on AlGaN. Silicon rich 

silicon nitride deposited via PECVD has a transition from type II to type I band 

alignment at x~0.4 and presents a very low electron barrier (≤0.4 eV) for x<0.4 and a 

leakage step junction for x>0.4. 

6.4.3 PECVD Silicon dioxide  

XPS valence band analysis (Figure 6-5(b)) at the surface of thick silicon dioxide (~150 

nm) shows the valence band maximum at 99.1 eV from Si 2p core level corresponding 

to Si-O (Figure 6-2(c)). The bandgap of stoichiometric silicon dioxide is assumed to 

be 7.5 eV.185 The band offsets were determined by depositing thin films (~3 nm) of 

PECVD silicon dioxide on AlGaN. The electronic band alignment is shown in Figure 

6-7 and it is clear that silicon dioxide provides a large electron barrier at all Al 

compositions. It is interesting to note that valence band offset is relatively small (~0.5 

eV) and is nearly a constant with Al composition. 
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Figure 6-5: XPS valence band data from the surface of thick PECVD (a) silicon nitride and (b) 

silicon dioxide showing the valence band maxima with binding energies of 1.3 and 3.8 eV 

respectively. 

 

Figure 6-6: The transition in electronic band alignment at PECVD Si rich silicon nitride/AlGaN 

interface from type II to type 1 at x=0.6. 
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 Analysis of dielectric-AlGaN interface states and passivation 

6.5.1 LPCVD stoichiometric silicon nitride 

In XPS, all binding energies are measured with respect to the Fermi level, i.e., zero 

binding energy corresponds to EF. Hence, the binding energies of the valence band 

maxima and core levels also provide the position of the surface/interface Fermi energy 

within the bandgap. Figure 6-4 shows the Fermi level (dotted line) at the heterojunction 

for various AlGaN compositions. Note that the Fermi level shown is only for the 

interface. The energy difference between the interface Fermi level and the AlGaN 

conduction band is the electron barrier height into AlGaN at the interface. The Fermi 

level in the bulk of unintentionally n-type and Si doped samples is assumed to be close 

to the conduction band. Hence any band bending (the energy difference between 

electron barrier height and bulk Fermi level) is assumed to be upward at the surface 

when surface Fermi level is pinned lower in the band. Figure 6-8 shows the measured 

electron barrier height (and band bending) at the Si3N4/AlGaN interface. Interestingly, 

a negligible barrier height is observed in AlGaN for x<0.6. Therefore, the band bending 

at the surface is also negligible. As with the band offsets, Si doped GaN (n=5x1016 

cm-3, EF
bulk=EC-0.1eV) and Al0.6Ga0.4N (n=5x1017 cm-3, EF

bulk=EC-0.05eV) were also 

analyzed and the interface Fermi level (and hence the barrier) did not change with 

introduction of Si doping. The observed absence of Fermi level pinning and interface 

state reduction has been observed in HEMTs with AlGaN having Al content < 30%168 

and our results are consistent with reports on low Al composition AlGaN. Since a large 

electron barrier height and hence band bending (assumed to be slightly lower than the 

barrier) on AlGaN of 2 0.8 0.7x x   eV with 0.7 eV for GaN, increasing to ~1.5 eV for 
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Al0.6Ga0.4N162 is seen on free surface as discussed in chapter 3 and shown again in 

Figure 6-4, the absence of band bending at the silicon nitride/AlGaN interface 

indicates feasibility of silicon nitride as passivation dielectric for AlGaN with x<60%. 

Further, for x>0.6, the band bending is reduced by ~ 1eV relative to the free surface 

due to the interface formed with silicon nitride. 

 

Figure 6-7: The electronic band alignment at PECVD silicon dioxide/AlGaN interface with 

different Al compositions. 

The observed lack of (x<0.6) or reduced band bending (x>0.6) in AlGaN may be 

understood by analyzing the Fermi level in silicon nitride, which is found to be at 3 eV 

with respect to the valence band and does not change with AlGaN aluminum 

composition. The Fermi level in CVD silicon nitride is hypothesized to be determined 

by the silicon dangling bonds (≡Si0/-), which produce gap states between ~ 3 eV 

(occupied donor states) and 3.5 eV (unoccupied acceptor states).186,187  A 

configuration of nitrogen vacancy with hydrogen atom (≡Si-H and ≡Si-Si≡) when 
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occupied may also result in the observed Fermi level at 3 eV. However unoccupied 

configuration results in vastly different Fermi level and is less likely as will be 

discussed later on in this paper. Further N-H bonds are not expected to be electrically 

active186,187 and the dominating defect of occupied nitrogen dangling bonds is 

expected to  exhibit a Fermi level at much lower energies.186 It has to be noted that an 

AlGaN surface subjected to high temperatures under ammonia during silicon nitride 

deposition may lead to removal of any surface oxygen177 and associated defect states. 

The significant difference between the Fermi level at the interface and the free surface 

(with ~0.5 monolayer of oxygen as discussed in chapter 3) also strongly implies 

reduced contribution of oxygen associated defect states. 

 

Figure 6-8: The band bending at the interface of silicon nitride and AlGaN in comparison with 

that at the free surface as a function of Al molar fraction. 

Hence assuming silicon dangling bonds (≡Si0/-) as the dominant defect, if the Fermi 

level of AlGaN is below the Fermi level of Si3N4 before any charge transfer at the 
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heterojunction, electron transfer from silicon nitride to (n-type) AlGaN will produce a 

(negative) charge accumulation layer that aligns the Fermi level in AlGaN at 3 eV. The 

conduction band in AlGaN is expected to be close to the Fermi level and is also at 

approximately 3 eV. The band bending due to the accumulation layer is very sharp 

and is determined by the Thomas-Fermi screening length ~aB/2, where aB is the 

effective Bohr radius (~1(2) nm in AlN(GaN)) and is independent of charge density.188 

This effectively changes the band offsets and explains the nearly constant measured 

conduction band offsets for AlGaN for x<0.6 since the conduction band is always 

found to be aligned to the Fermi level in silicon nitride. For x>0.6, the conduction band 

and Fermi level in AlGaN before charge transfer is higher than 3 eV. Thus, the 

formation of a depletion region in AlGaN to align the Fermi level produces a downward 

band bending. Band bending in the depletion region extends over hundreds of nm and 

has no effect on band offsets. This indicates that the observed downward band 

bending was only a consequence of Fermi level alignment between the silicon nitride 

and AlGaN. From these results it may be concluded that the Fermi level pinning 

normally observed on the AlGaN free surface is absent when AlGaN was passivated 

with stoichiometric silicon nitride. This strongly indicates a reduction in midgap 

surface/interface states and excellent passivation over the entire composition range 

of AlGaN. The deep mid-gap states associated with silicon dangling bonds in silicon 

nitride typically have large time constants (frozen out) and do not respond to 

capacitance measurements over typical bias time scales. However, the band 

alignment at equilibrium is determined by such bulk states. In addition to passivation 

by silicon nitride, an AlGaN surface subjected to high temperatures under ammonia 
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during silicon nitride deposition may have led to removal of any surface oxygen177 and 

this may also have played a role in the reduction of surface states. 

Further analyses via current-voltage-temperature (I-V-T) (Figure 6-9) and 

capacitance-voltage (C-V) (Figure 6-10) characterization of the silicon nitride/GaN 

heterojunction corroborated the results from the photoelectron spectroscopy. Ni or Ti 

(diameter of 100 µm for I-V and 500 µm for C-V) were used as electrodes on thin 

silicon nitride (4 nm) deposited on GaN. The weak temperature dependence of the 

current in forward bias indicates a (defect assisted) tunneling involving the carriers in 

the accumulation layer across the silicon nitride. The observed Arrhenius behavior in 

the reverse bias indicates the expected depletion of the accumulation layer and 

current limited by Schottky barrier between the electrode (Ni) and GaN and hence 

supports our hypothesis. Figure 6-10 shows the C-V measurements on a silicon 

nitride/(n(5x1016 cm-3)/p(2x1017 cm-3)-doped) GaN structure. C-V measurements on a 

Ni-(n-doped GaN) Schottky diode is shown for comparison. The bias-axis intercept 

showed nearly zero barrier, 1 eV barrier and barrier comparable to bandgap of GaN 

for silicon nitride/n-GaN, Ni/n-GaN and silicon nitride/p-GaN heterostructures, 

respectively. The shift in the barrier across the bandgap from n-type to p-type GaN 

indicates highly reduced interface states across the bandgap in GaN and 

consequently excellent passivation. A similar C-V analysis (Figure 6-11) of a 

heterojunction (diameter of 150 µm) with Si3N4 (2 nm) and Si doped Al0.6Ga0.4N (ND-

NA=2x1018 cm-3) yielded a low barrier height and band bending of ~0.3 V in agreement 

with XPS results (Figure 6-4). A dielectric capacitance is also seen and it has to be 

noted that if silicon nitride is the only contributor, the measured relative dielectric 
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constant is low at ~2 compared to the reported static dielectric constant of 7.4.189 

Further the dielectric is lossy i.e. for a forward bias >0.5 V, the conductance sharply 

increases due to defect assisted tunneling through silicon nitride described earlier with 

the I-V-T characterization in GaN. Further C-V measured barrier heights have been 

found to be unrealistically larger than those measured with XPS and I-V in Schottky 

diodes on Al rich AlGaN.99,120 I-V curves are also reported to provide large ideality 

factors.99,164 Hence the presence of other sources to the dielectric capacitance and 

barrier inhomogeneity are possible.  

 

Figure 6-9: I-V characteristics of silicon nitride/n-GaN heterostructure. 
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Figure 6-10: C-V characterization of (a) silicon nitride/n-GaN and (b) silicon nitride/p-GaN 

heterostructures. 

 

Figure 6-11: C-V characterization of silicon nitride (2 nm)/n-Al0.6Ga0.4N heterostructure.  

As discussed in chapter 2 and 3, oppositely charged surface states may neutralize 

spontaneous polarization to account for the polarization catastrophe.91,162 After 

passivation, it is expected that oppositely charged silicon dangling bond states 
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compensate the spontaneous polarization charge. In order to verify this hypothesis, a 

heterojunction formed by depositing silicon nitride on N-polar GaN was analyzed 

where the compensating charge is negative. Similar interface Fermi level and band 

offsets were observed. Since occupied and unoccupied bands of ≡Si are at ~ 3 to 3.5 

eV, no significant shift in band offsets or Fermi level is expected if ≡Si were positively 

or negatively charged as shown in Figure 6-12. In contrast, configuration of nitrogen 

vacancy with hydrogen atom (≡Si-H and ≡Si-Si≡) discussed earlier results in vastly 

different Fermi levels between occupied and unoccupied states and hence is less 

likely to be responsible. Further, if the compensating charge was in interface states, 

the oppositely directed interface dipoles would produce different band offsets for 

nitrogen and metal polar surfaces.90,121,135 Charging of any other defect band in silicon 

nitride should also have produced a shift in the interface Fermi level. Further, a ≡Si 

defect density of ~1020 cm-3 in a 5 nm (5x1013 cm-2) thick film would be sufficient to 

compensate polarization charge (2x1013 cm-2(GaN) to 5x1013 cm-2(AlN)) i.e. the 

balancing charge to the bonded polarization charge is expected to be distributed 

adjacent to the interface in the silicon nitride. The resulting distribution of charge 

through the silicon nitride is not known, but the direction of interface dipole formed 

should be similar to the interface states dipole on a free surface reported elsewhere.121 

Even slight deviations (<1%) from stoichiometry may have produced the required ≡Si 

densities. Hence, ≡Si is the likely candidate to compensate the polarization charge.  
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Figure 6-12: (a) Positive charging of ≡Si0 dangling bonds and (b) negative charging of ≡Si-1 

dangling bonds to compensate spontaneous polarization charge (Psp) on GaN. 

6.5.2 PECVD silicon nitride and silicon dioxide 

Figure 6-13 shows a comparison of band bending at the PECVD silicon nitride/AlGaN 

and silicon dioxide/AlGaN interface with AlGaN free surface. It is clear that, no 

significant change in the interface fermi level is observed indicating insufficient 

reduction in surface and interface state in case of PECVD silicon rich silicon nitride. 

Hence it may be unsuitable as passivation owing to low electron barriers/leakage step 

junctions and insufficient reduction in surface states. Silicon dioxide provides a 

sufficient electron barrier and a mild reduction in band bending at low Al compositions. 

At higher Al compositions, the band bending at SiO2/AlGaN interface is slightly larger 

than free surface. It is possible that SiO2 may offer passivation with the band bending 

as a consequence of fermi level alignment between oxide and AlGaN as discussed 

for LPCVD silicon nitride. However, it is also likely that the band bending may be a 

consequence of interface states and poor passivation. More studies are required. 
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Figure 6-13: The band bending at the interface of PECVD silicon nitride and silicon dioxide 

with AlGaN in comparison with that at the free surface as a function of Al molar fraction. 

 CONCLUSIONS 

In conclusion, the band offsets and passivation feasibility of LPCVD stoichiometric 

silicon nitride deposited on AlGaN have been determined as a function of Al 

composition. Silicon nitride forms a type II staggered band alignment and presents an 

electron barrier even at higher Al compositions where the bandgap of AlGaN is larger 

than that of silicon nitride. Further, removal of band bending in AlGaN (x<0.6) and 

reduction in band bending for x>0.6 strongly indicates no or greatly reduced 

surface/interface states. The presence of band bending for x>0.6 is seen due to Fermi 

level alignment at the heterojunction and not due to Fermi level pinning by interface 

states. Photoelectron spectroscopy results were corroborated by C-V measurements. 

The shift in the barrier across the bandgap for silicon nitride heterojunction with Si 

doped and Mg doped GaN indicated no midgap interface states and passivation. 
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Hence, stoichiometric silicon nitride presents a feasible passivation material for AlGaN 

for all compositions. Studies on PECVD silicon rich silicon nitride indicates poor 

passivation and insufficient electron barriers into AlGaN. Studies on PECVD silicon 

dioxide indicates sufficient electron barriers into AlGaN, however passivation i.e. 

reduction in interface state density is uncertain and more studies are required. 
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7 CHAPTER 7: Point defect reduction in Al/GaN – theory and 

implementation of chemical potential control 

 Introduction 

As discussed in chapter 1, Al/Ga-Nitrides tend to incorporate native and impurity point 

defects of compensating nature when doped due to their wide bandgaps. This is due 

to the dependence of defect formation energy on Fermi level which can vary over the 

large bandgap, thereby providing significant challenges at low doping. As such, 

resulting in various phenomena including mobility collapse, knee behavior, lower IQE 

etc.24,25,41,56–59  

The tendency to incorporate a particular defect during growth processes may be 

represented by the formation energy of the defect. For a defect with charge state q, in 

a material at equilibrium, it is defined as 

      f q q
ref j j F V

j

E X E X n q E E     , (7.1) 

where Eref is the free energy of the crystal with a single defect referenced to free 

energy of the ideal crystal, nj is the number of atoms of jth type exchanged with the 

reservoir to form the defect and μj is the associated chemical potential. EF+EV is the 

Fermi energy referenced with respect to the valence band maximum. More details can 

be found elsewhere.41,42 The energy of formation may be altered by altering the 

chemical potentials i.e. the second term in equation (7.1), or by changing the Fermi 

level i.e third term in equation (7.1). In this work, point defect control is achieved by 

controlling the energy of formation as a tool to reduce defect incorporation. Point 
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defect control by tuning the growth conditions i.e. V/III ratio, temperature, pressure 

etc. has been reported in literature.58,190–192 Although studies on effects of growth 

conditions on incorporation of various defects exist, quantitative theoretical models 

describing the dependence of point defect incorporation on growth conditions or 

formulating the growth parameters in terms of chemical potentials are lacking. Density 

functional theory (DFT) analyses of point defects in III-nitrides including more accurate 

models in recent years have described their formation energies in terms of chemical 

potentials of III/Nitrogen and impurity atoms associated with the defect.41,46,62–64 In this 

work, thermodynamic models of MOCVD growth reactions in Al/Ga nitrides and 

reported DFT analyses are related via difference equations of chemical potentials and 

a theoretical model that provides quantitative relationship between point defect 

formation energies (i.e. incorporation) and growth parameters including V/III ratio, 

partial pressures, diluent gases and temperature is proposed. Specifically, C in 

Nitrogen sub-lattice is an important compensator during MOCVD growth where defect 

reduction by increasing V/III ratio or changing diluent gases has been reported.58,193,194 

C incorporation in Si doped GaN is employed as a case study and a formulation that 

relates the growth parameters i.e V/III ratio, diluent gas and temperature with chemical 

potentials of impurity incorporating reaction constituents is developed.  

 Relationship between growth conditions and chemical potentials of 

III and N 

The defect formation energies determined at equilibrium may be used to describe 

defect incorporation during a non-equilibrium condition (i.e. film growth) due to high 

temperatures (1000-1100oC) and defects with high mobility.41 Further, MOCVD 
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growth of GaN is a mass transport limited process at growth temperatures and 

supersaturation chemical potential drop is primarily across the boundary layer.43 

Consequently the growth surface is expected to be near equilibrium. 

The primary assumption of the proposed model is that the chemical potential of III-

atoms at the surface with respect to the standard state (metal) is assumed to be 

 log
III
eq

III III
V

P
kT

P


 
   

 
 , (7.2) 

where Peq
III is the equilibrium partial pressure of III atoms at the surface during growth 

and PV
III is the vapor pressure of that metal at equilibrium at the given temperature. 

For any growth state, the equilibrium partial pressure of III atoms is calculated using 

the thermodynamic growth model for GaN growth by MOCVD.40,58,195  

Further, at equilibrium, the chemical potentials of III and N atoms are related by41 

 III N IIIN     and (7.3) 

 
2gIIIN III N fH     , (7.4) 

where µIIIN and ΔHf are the chemical potential and enthalpy of formation of the nitride, 

respectively. The partial pressure of III atoms and hence µIII can be calculated for any 

growth state using the growth thermodynamic model58 and equation (7.2). Further, for 

any change in the chemical potential of III-atoms III  with respect to a reference 

growth state, the change in the chemical potential of nitrogen can be found from   

 0III N      or (7.5) 
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 N III    .  (7.6) 

Hence, chemical potential changes of III/N may be calculated for any growth state with 

respect to a reference growth state. However, the chemical potentials of any additional 

impurity atoms constituting the defect during growth are also necessary and need to 

be calculated. The impurity sources and corresponding partial pressures in addition 

to boundary phases/reactions are required. 

It may be more convenient to represent the relationship between chemical potentials 

and better understood growth parameters namely supersaturation and input metal-

organic flow. Accordingly, from equations (1.20), (1.19) and (7.2)  

 log log log
III III III
eq eq in

III III III III
V in V

P P P
kT kT kT

P P P


     
               

, 

and consequently, 

  log log 1 log
III III
in in

III IIIN III III
V V

P P
G kT kT kT

P P
 

   
         

   
.  (7.7) 

Hence, it is clear that supersaturation and input precursor flows determine the Ga rich 

or N rich nature of the growth front and consequently determine probability of 

incorporation of point defects. Note that supersaturation is a function of precursor 

flows. The second term in equation (7.7) may be expressed as supersaturation for 

gallium metal in standard state i.e.
III III
in V

III III
V

P P

P
 

  and  log 1III IIIG kT     . Hence 

chemical potential of III (and consequently chemical potential of N) may be expressed 

as a function of only supersaturations as 
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 III IIIN IIIG G     (7.8) 

 Point defect reduction of CN in GaN by chemical potential control 

In this work, the incorporation of compensating CN in Si doped GaN is studied and a 

theoretical model relating the growth conditions and C incorporation is provided along 

with the boundary phases and reactions that control the chemical potential of C. In Si 

doped GaN, C at nitrogen site is the point defect of interest and is an acceptor ( 1
NC
 ) 

being the most energetically favorable configuration of carbon (not as a complex)62 

with a formation energy given by 

      1 1f
N ref N N C F VE C E C E E         (7.9) 

The change in the formation energy of C due to chemical potential shifts as a 

consequence of changes in equilibrium partial pressures of reaction constituents and 

carbon sources may be written as 

  f
N N CE C      .  (7.10) 

The changes in the chemical potentials of Ga/N and C as a function of change in 

growth state are required to determine the change in formation energy and hence 

incorporation of C. V/III ratio, diluent gases (H2 or N2) and temperature are employed 

as the growth state variables. The changes in the chemical potentials of Gallium and 

Nitrogen are calculated by 

 

   
exp

exp

log log
Ga Ga
eq eq

Ga Ga Ga
V V ref

GaN Ga GaN Ga ref

P P
kT kT

P P

G G G G


      

                    

     

 (7.11) 
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 and 0Ga N       (7.12) 

respectively, where the equilibrium partial pressures are determined as a function of 

V/III ratio, diluent gas and temperature as shown in Figure 7-1. Three growth regimes 

are defined for testing the theory. Regime 1: Low V/III regime (<2000) with NH3 flow 

as the V/III variable with H2 diluents and constant growth rate, Regime 2: Low V/III 

regime (<2000) with NH3 flow as the V/III variable with N2 diluents and constant growth 

rate, Regime 3: high V/III regime (>2000) with TEG flow as the V/III variable with H2 

diluent and growth rate proportional to TEG flow. The total flow and pressure are 

constant at 7.5 slm and 20 Torr respectively in all regimes. The TEG bubbler 

temperature and pressure are at 290 K and 400 Torr respectively. The TEG vapor 

pressure is ~1.1% of bubbler pressure and represents the TEG molar fraction of the 

measured flow. In regimes 1 and 2, the TEG flow is constant at 280 sccm. In regime 

3, the NH3 flow is constant at 5.9 slm. It is clear from equations (7.2), (7.7) and (7.8), 

the chemical potential of gallium is dependent on equilibrium partial pressure of 

gallium and may also be represented in terms of gallium supersaturations over GaN 

and Ga (standard state).  Accordingly, the equilibrium partial pressures in Regimes 1 

and 2 are shown in Figure 7-1(a) and those in regime 3 are shown in Figure 7-1(b). 

Effect of temperature is studied in all regimes. The behavior of the partial pressures 

shown in Figure 7-1 may be understood using the growth reaction 

 3 2

3

2
Ga NH GaN H   , (7.13)  

ammonia decomposition 
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  3 3 2 2

3
1

2 2
NH NH N H

     ,  (7.14) 

and the equilibrium constant 

 
 

2

3

3

2
H GaN

Ga NH

P a
K

P P
  . (7.15) 

In regime 1, in H2 diluent, ammonia decomposition is poor (α=0.2) and increasing 

ammonia partial pressure reduces the gallium partial pressure at equilibrium. Hence 

in H2 diluent, increasing the V/III ratio makes the growth condition more N rich. In 

regime 2, under Nitrogen diluent, the ammonia decomposition is strong (α=0.9 in 

equation (7.14)) and hence increasing V/III ratio and ammonia partial pressure also 

increases hydrogen partial pressure. Hence from equations (7.13) and (7.15), for a 

constant K, the partial pressure of GaN is relatively unchanged. Hence increasing V/III 

ratio in N2 diluent does not make the growth conditions N rich. More details are found 

elsewhere.58 In regime 3, increasing V/III ratio by decreasing TEG flow at a constant 

ammonia flow has no influence on reaction (7.14) i.e. for a constant K, equilibrium 

partial pressure of Ga does not change. Hence changing the V/III ratio by changing 

TEG also does not make the growth conditions N rich. The dependence of ammonia 

decomposition on diluent gas may be understood by the decomposition reaction (7.14)

. The decomposition is catalyzed by the growth surface196 and is dependent on H2 

partial pressure. If H2 rich, the equilibrium shifts to prevent decomposition and if H2 

poor, the equilibrium shifts towards increased decomposition. 
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The gallium supersaturation over GaN can be determined from the input partial 

pressure of Ga calculated for different regimes shown in Figure 7-2(a) and the 

equilibrium partial pressure shown in Figure 7-1. The corresponding free energy 

change GaNG  is shown in comparison to GaG  in Figure 7-2(b). From equation (7.8), 

the difference in the two free energies determines the chemical potential of Ga. 

Typically GaG  is small compared to GaNG  and consequently the metal 

supersaturation over nitride typically determines the chemical potential of III/N and 

hence determines the point defect incorporation. Accordingly, the change in the 

chemical potential of N from a reference state is calculated from equations (7.11) and 

(7.12) as shown in Figure 7-3 with a reference state defined as V/III=100, T=1050 oC 

(1323 K), H2 diluent and P=20 Torr. 

 

Figure 7-1: (a) The equilibrium partial pressures of gallium as a function of V/III ratio with N2/H2 

diluent gas at different temperatures at a reactor pressure of 20 Torr. V/III ratio was controlled 

by NH3 flow. (b) The equilibrium partial pressure of gallium at high V/III ratio with H2 diluent 

gas at different temperatures at a reactor pressure of 20 Torr. V/III ratio was controlled by 

TEG flow. 
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Figure 7-2: (a) The (temperature independent) input partial pressure of gallium as a function 

of V/III ratio with N2/H2 diluent gas at a reactor pressure of 20 Torr. Regimes 1 and 2 are left 

of the black dotted line and regime 3 is to the right. (b) The free energy change corresponding 

to supersaturation as a function of V/III ratio with N2/H2 diluent gas at a reactor pressure of 20 

Torr and T=1050 oC. 

 

Figure 7-3: The change in chemical potentials of nitrogen, alkanes and hydrogen as a function 

of V/III ratio under (a) hydrogen and nitrogen diluents and low V/III ratios (NH3 flow as variable) 

and (b) hydrogen diluent at high V/III ratios (TEG flow as variable). T=1050 oC 
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In order to determine the probability of point defect incorporation, from equation (7.10)

, in addition to the chemical potential of N/Ga, the change in chemical potential of C 

is necessary. The commonly assumed boundary phase of diamond60 would imply a 

chemical potential of carbon being independent of chemical potentials of nitrogen or 

gallium. Hence the change in the formation energy of CN is given by 

  f
N NE C    .  (7.16) 

The change in formation energy and the consequent change in C incorporation from 

reference state are then calculated using the nitrogen chemical potential shown in 

Figure 7-3. To validate the model, hetero-epitaxial films of GaN were grown on c-plane 

sapphire via metalorganic chemical vapor deposition (MOCVD) with silicon precursor 

with varying V/III ratios, diluent gas and temperature. Details on nitride growth are 

provided elsewhere.58,194 Secondary ion mass spectroscopy (SIMS) was employed to 

determine atomic concentrations of C in each of the samples. At the reference growth 

state, C incorporation is measured by SIMS to be ~6x1019 cm-3. The C incorporation 

was measured by SIMS in films grown at different growth conditions where V/III ratio, 

diluent gas and temperature are used as growth variables.  

In particular, V/III ratio was changed by changing ammonia flow in H2 diluent with 

constant total flow at 1050 oC and the C incorporation was measured by SIMS. The 

experimental change in C incorporation was used to calculate the corresponding 

change in energy of formation. The predicted change in energy of formation from 

chemical potentials of N assuming diamond boundary phase is found to be ~0.5 the 

experimental change assuming constant carbon chemical potential. The assumption 
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of constant chemical potential of C is reasonable since partial pressures of TEG 

assumed to be source of C is constant. Hence modifications in the boundary phase of 

C and associated chemical potentials are required. The boundary phase is assumed 

to be C-N based compound. Further, ethane produced during decomposition of 

gallium precursor (triethylgallium) is assumed as the source of C. Accordingly the 

following reactions are hence assumed to influence the chemical potential of C.  

 a baC bN C N    (7.17) 

 2 6 2cC H dC eH    (7.18) 

Accordingly, the shifts in chemical potential of carbon due to each of the reactions are 

written as 

 1C Nx      and (7.19) 

 
2 2 6C H C Hz y        ,  (7.20) 

where x1,y and z are coefficients depending on the stoichiometry associated with the 

reactions and are determined by experiment. These modified reactions may be a 

consequence of more than one configuration of C in GaN as measured by SIMS. 

Some C based complexes may be energetically favorable.62 The net change in 

formation energy of C is then given by 

  
2 6 2 2 6 2

1
1

f
N N N C H H N C H HE C x y z x y z                     , (7.21) 

where x=1+x1. In order to determine the change in the chemical potentials of ethane 

and hydrogen, their partial pressures are required. The input partial pressure of ethane 
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is assumed to be 3xPin
Ga (input partial pressure of gallium). The partial pressure of 

ethane at the surface is assumed to be the same as input partial pressure. The 

justification is as follows: the C incorporation is surface reaction limited i.e. the 

chemical potential drop is primarily across the surface and not across the boundary 

layer. This is reasonable since the partial pressure of the C source is comparable to 

the input partial pressure of gallium, but the C incorporation is much lower than the 

mass flow limited Ga incorporation (i.e. growth rate). The crystallographic surface 

orientation dependence of C incorporation197 further indicates a surface-limited 

reaction. The partial pressure of hydrogen is obtained by including ammonia 

decomposition.58 Accordingly, the chemical potentials of ethane and hydrogen 

calculated with respect to reference growth state are shown for the two growth 

regimes in Figure 7-3 as a function of V/III ratio and diluent gas. 

Finally, the change in the formation energy of CN is calculated from the chemical 

potentials of nitrogen, ethane and hydrogen using equation (7.21). The coefficients 

x,y and z associated with chemical potential of C are determined by fitting to 

experimental data (Figure 7-4(a)). They are found to be x=1.8, y=1.8 and z=0.55. The 

corresponding formation energy change producing the observed change in C 

incorporation is shown in Figure 7-4 (b). The coefficient x (i.e. µN) is responsible for 

the change in C incorporation in regime 1 and transition between regimes 1 and 2. 

The coefficient z (i.e. µH2) is responsible for the change in C in regime 2. The 

coefficient y (i.e. µalkane) is responsible for the change in C in regime 3.  Based on the 

coefficient x=1.8 (i.e. x1=0.8) the following boundary phase reaction is proposed: 

 0.80.8C N CN    (7.22) 
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The other coefficients indicate that the chemical potential of C is a function of partial 

pressures of ethane and hydrogen and may be used to model C incorporation 

accurately as shown in Figure 7-4. However, the resulting unbalanced stoichiometry 

in reaction (7.18) indicates a multi-step reaction or additional reactants are required 

to explain the magnitude of the coefficients. 

 

Figure 7-4: The (a) theoretical fit predicting the change in incorporation of CN in comparison 

with experimental data as a function of V/III ratios and diluent gas and (b) corresponding shift 

in formation energy with respect to reference growth state. 

The effect of temperature on defect incorporation was also studied. At any V/III ratio 

(H2 diluent), the experimental C incorporation is found to decrease with increase in 

temperature as shown in Figure 7-5 (b). The partial pressures of hydrogen and ethane 

have negligible temperature dependence since they are dependent on input gas flows 

(input partial pressures) and total pressure, which are constant. Similarly, from Figure 

7-1, it is clear that both the equilibrium partial pressure and vapor pressure of Gallium 

increase with increase in temperature. The resulting change in ratio of partial 

pressures is also negligible in the studied temperature range. The only significant 
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change is in kT component in equation (7.11) and hence the chemical potential of 

gallium as a function of temperature is given by 

      
2 1

2 1log
Ga
eq

Ga Ga GaT T
V

P
k T T

P
 

 
      

 
.  (7.23) 

Since Ga Ga
eq VP P  (if Ga Ga

eq VP P , gallium precipitates), for an increase in temperature 

(T2>T1),    
2 1

Ga GaT T
    . Therefore, the equilibrium shifts to more N rich (Ga poor) 

state with increase in temperature. Accordingly, the formation energy increases 

(Figure 7-5(a)) and C defect incorporation decreases (Figure 7-5(b) with a reference 

state defined as V/III=2000, T=1050 oC (1323 K), H2 diluent and P=20 Torr) in 

excellent quantitative agreement with experiment.  

 

Figure 7-5: The change in formation energy of CN and hence its incorporation in comparison 

with experimental data at different temperatures. Note that the reference growth state is 

chosen to be V/III=2000, T=1050 oC (1323 K), H2 diluent and P=20 Torr. 
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 Conclusion 

In conclusion, it is clear that, the theoretical model, in addition to successful 

quantitative predictions of CN defect incorporation with growth conditions (V/III ratio, 

diluent gases, temperature etc.) in GaN, is capable of providing valuable insights into 

boundary phases and reactions of the impurity atoms and possibilities of defect 

complexes. The assumption of a growth surface close to equilibrium during MOCVD 

growth of GaN at 1000-1100oC is validated by the excellent agreement between 

experiment and theory. In general, the formation energy formulated as a function of 

chemical potentials and growth conditions was successful in predicting the defect 

incorporation. Metal supersaturation primarily determines the chemical potential of 

III/N and consequently incorporation or formation of point defects that involves 

exchange of III or N atoms with the reservoir. The proposed theoretical framework 

may be used to determine optimal growth conditions to achieve minimum 

compensation within any given constraints such as growth rate, crystal quality and 

other practical/system limitations. 
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8 CHAPTER 8: Point defect reduction in Al/GaN – theory and 

implementation of defect quasi Fermi level control 

 Introduction 

Fundamental semiconductor structures and devices including BJTs, FETs, Schottky 

diodes, LEDs and laser diodes require highly controlled impurity (dopant) 

incorporation. The dopant incorporation is required to be controlled from very low 

densities (e.g. drift region in Schottky diodes) to very high densities (e.g., Esaki 

diodes). However, incorporation of dopant atoms is accompanied by formation of 

native defects and incorporation of impurity atoms/ions. These additional point defects 

can limit the performance of devices through compensation as described in chapters 

1 and 7. In general, point defect control is found to be a more serious issue in wide 

bandgap semiconductors due to the dependence of defect formation energies on the 

Fermi level41 as discussed in chapters 1 and 7. The compensating defects in wide 

bandgap semiconductors include impurity ions, vacancies (self-compensation) and 

complexes.41 In this thesis, a study of the energy of formation of a point defect as an 

important tool in the reduction of point defect incorporation is reported.  

In the previous chapter, the dependence of the energy of formation on the chemical 

potential was utilized in point defect reduction. The chemical potentials were 

expressed in terms of tunable growth parameters and they were appropriately tuned 

to reduce specific defects. However, choice of growth environment may be influenced 

by other requirements including growth rate, chemical stability of the product, reaction 

kinetics etc. and altering it to reduce point defects may not always be feasible. 

Although the dependence of defect formation energy on the third term in equation 
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(7.1) i.e. equilibrium Fermi level is well known41, it has not been utilized in point defect 

reduction since Fermi level primarily depends on the type and concentration of doping 

and cannot be changed without changing the doping profile. However, managing the 

quasi Fermi level (QFL) of point defects presents an interesting possibility in point 

defect reduction. Among recent efforts in this direction, QFL control technique via 

illumination with photons with energies greater than the bandgap was reported 

previously.24,56,57 The advantage of such a technique is that its use does not alter the 

growth conditions. 

In this chapter, the general theory of compensating defect density reduction via an 

increase of the formation energy of defects through the modification of defect quasi 

Fermi level (dQFL) achieved by introduction of excess minority carriers into the system 

is presented. The proposed theoretical model is shown to be successful in predicting 

the existence of a defect energy dependent process efficiency with excellent 

qualitative and quantitative agreements with experimental data. The proposed theory 

is also material independent and may be applied to the doping process of any 

semiconductor. Certain general guidelines for and consequences of controlling the 

point defect formation and incorporation via excess minority carrier injection are 

presented. Si doped GaN is employed in this work as a model material system as an 

additional test to the theory. Excess minority carriers are in this case generated via 

above bandgap illumination. 
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 Theory 

8.2.1 Relationship between energy of formation and defect quasi Fermi level 

(DQFL) 

The tendency to incorporate a particular point defect during the growth processes may 

be represented by the formation energy of the defect. For a defect with charge state 

q, in a material at equilibrium, it is defined as 41,42 

      f q q
ref j j F V

j

E X E X n q E E     , (8.1) 

where Eref is the free energy of a crystal with a single defect referenced to the free 

energy of an ideal crystal, nj is the number of atoms of jth-type exchanged with the 

reservoir to form the defect and μj is the associated chemical potential. EF+EV is the 

Fermi energy referenced with respect to the valence band maximum. More details can 

be found elsewhere.41,42 As suggested by Van de Walle et al, the equilibrium 

formalism used to describe the defect incorporation during film growth, a non-

equilibrium process, may be employed for processes such as MOCVD due to high 

temperatures, growth conditions close to equilibrium and defects with high mobility.41 

Further, MOCVD growth of GaN is a mass transport limited process at growth 

temperatures 1000-1100 oC and supersaturation chemical potential drop is primarily 

across the boundary layer.43 Consequently growth surface is expected to be near 

equilibrium. To understand the increased tendency to incorporation of compensating 

defects in doped materials, let’s consider a case where the material is n-doped. In this 

case, the Fermi level shifts towards the conduction band relative to the intrinsic 

material. The shift is approximately equal to half the bandgap. Consequently, from 
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equation (8.1), for a compensating acceptor-type (negatively charged) defect, the 

formation energy decreases by half the bandgap. This results in an increased 

incorporation of such defects. This problem is exacerbated in wide bandgap materials 

due to larger swings of the Fermi level and associated electron exchange energy. As 

a consequence, a decrease in carrier concentration beyond a critical doping level is 

expected and has been reported in Si doped AlGaN at high Al compositions.24,198 

While the formation energy is defined for each charge state, the defect energy level is 

defined for each charge state transition. Consider the charge balance reaction where 

a defect changes its charge state by 1. 

 12 2q qX h X e      

The ratio of defect densities in different charge states can be calculated using the 

Fermi Dirac statistics and is given by 

 
 

1
exp

q

x F

q

X E E

kTX 

    
  

 , (8.2) 

where Ex is the defect energy corresponding to the transition 1q qX X  . Here, the 

concept of a defect energy term is extended to a general charge transition m nX X . 

Consider a charge balance equation 

 2 2m nX th X te    , (8.3) 

where t n m  . From equation (8.2), 
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where Ei
x is the defect energy for the ith charge state transition 1m i m iX X    with 

1 i t  . Consequently, it may be shown that the ratio of defect densities at charge 

states n and m is then given by 

 
 

exp
n

X F

m

X t E E

kTX

    
  

 , (8.4) 

where EX is defined as the average defect level and is given by 

 
1 n

i
X x

m

E E
t

   . (8.5) 

The ratio of charge state densities may also be expressed in terms of defect formation 

energies for the corresponding charge states. Assuming Ef(Xm) and Ef(Xn) as the 

formation energies of defect X in charge states m and n respectively, one can obtain 
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 . (8.6) 

From equations (8.4) and (8.6), the difference in the formation energies of the defect 

in different charge states can be written as 

      f f m f n
X FE E X E X t E E     . 

Similarly, the difference in the formation energy between a charge state n and neutral 

state (m=0) is 

      0f f f n
X FE E X E X n E E     .  (8.7) 
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Equation (8.7) expresses the formation energy of a defect at a given charge state in 

terms of defect level, Fermi level and formation energy of defect in its neutral state. If 

minority carriers are injected into the system at a constant rate such that a steady 

state is achieved, the charge carrier populations are described by QFLs. At typical 

doping levels, the change in the majority carrier density is negligible and the QFL of 

the majority carrier can be assumed to be the same as the equilibrium Fermi level. If 

a defect is present, it will interact with the electrons and holes by absorbing and 

emitting them. Here, we have to define a defect QFL Ei
Fx for the ith transition 

1m i m iX X    with 1 i t  , as discussed previously, in order to describe the 

probability of occupation of each of the defect energy levels. From the definition of 

QFL and equation (8.4), the ratio of defect densities at different charge states under 

steady state is written as: 

 
 

exp
n

X FXss
m

ss

X t E E

kTX

    
  

, 

where EFX is the average QFL defined similar to EX in equation (8.5) as 

 1
n

i
FX Fxt

m

E E  .  (8.8) 

The difference in the formation energies between different charge states at steady 

state is therefore given by 

      f f m f n
ss ss ss X FXE E X E X t E E     . 
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If one of the states is neutral (m=0), the difference in the formation energy at steady 

state between a charge state n and neutral state is  

      0f f f n
ss ss ss X FXE E X E X n E E     . (8.9) 

The formation energy of a neutral defect is independent of the Fermi level and does 

not change between steady state and equilibrium, i.e.,    0 0f f
ssE X E X . Hence from 

equations (8.7) and (8.9), the change in the formation energy of a defect at charge 

state n between equilibrium and steady state is 

      f n f n
ss FX FE X E X n E E   .  (8.10) 

Hence, the change in the formation energy of the charged defect is proportional to the 

deviation of the defect QFL from the equilibrium Fermi level. Consequently, equation 

(8.10) provides us with a means to alter the formation energy of any defect. Consider 

an n-type material with an acceptor-type compensator as the defect of interest. The 

charge on the acceptor takes negative values. From equation (8.10), for n<0, the 

formation energy of this acceptor can be increased by decreasing EFX below the 

equilibrium Fermi level.  

The DQFL is a function of electron and hole QFLs. The analysis of defect QFL in a 

reverse biased p-n junction was done by Lutz.199 A similar analysis in any material 

with excess steady state carrier density results in the defect QFL for the transition

1q qX X  to be defined by 
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 (8.11) 

where Ex and EFx are the defect transition energy for 1q qX X   and the defect quasi 

Fermi level for the corresponding transition respectively, Ei is the Fermi energy of 

intrinsic semiconductor, EFn and EFp are electron and hole QFLs, respectively, and cn 

and cp are the capture coefficients of electrons and holes, respectively. Hence, for all 

defect transitions i
xE , the defect quasi Fermi level i

FxE  may be calculated and EFX and 

EX are obtained from equations (8.8) and (8.5). The net change in the formation energy 

is then calculated from equation (8.10). The intrinsic Fermi energy is dependent on 

the bandgap (Eg) and effective densities of states of the valence (NV) and conduction 

(NC) bands and is given by 

 ln
2 2
g V

i
C

E NkT
E

N

 
   

 
,  (8.12) 

with 2Ei~Eg. It is important to recognize that EFn-EFp represents a photo-voltage, Vp. 

More details are found elsewhere.199 The average dQFL defined for a general charge 

state n is then given by  

 1

0

n
i

FX FxnE E  ,  (8.13) 

where Ei
Fx is the QFL defined for the ith charge state transition 1i iX X   with 1 i n 

. It is clear that the defect QFL is a function of carrier QFLs and the defect energy 
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level. The effect of differences in capture coefficients on defect QFL is minor and cn is 

assumed to be equal to cp unless otherwise specified. QFLs require an assumption 

that the carriers are in equilibrium with the lattice since Fermi-Dirac distribution is used 

to describe the carrier population. Similarly, defects are also assumed to be in thermal 

equilibrium with the lattice. The formation energy of the defect in steady state may 

hence be written as 

      f q q
ref j j FX V

j

E X E X n q E E    .  (8.14) 

8.2.2 The relationship between defect quasi fermi level and defect energy 

and photo-voltage  

The dependence of compensating dQFL in an n-type material (EFn=EF=Eg=6 eV) as a 

function of defect energy (EX-EV) calculated for different photo-voltages (Vp=EFn-EFp) 

from equation (8.11) is shown in Figure 8-1(a). Here, the minority carrier band is the 

valence band. The energy difference between the defect level and the minority carrier 

band is termed as defect depth in this work. It is clear that there exists a maximum 

defect energy depth, equal to the generated photo-voltage, beyond which deviation of 

dQFL from the equilibrium Fermi level is negligible. Hence, a threshold photo-voltage 

can be defined as the minimum photo-voltage equal to the defect depth beyond which 

dQFL varies linearly with a slope =1 for any additionally generated photo-voltage. 

Figure 8-1(b) shows the presence of the threshold photo-voltage (Vth) in the 

dependence of dQFL on the hole QFL. The threshold voltage represents a sharp 

(gradual) transition in the behavior of the dQFL near Vth at low (high) temperatures, 

as shown in Figure 8-2. Further, it can be concluded that for a shallow acceptor-type 
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defect transition (Ex≈0) and a shallow donor-type defect (Ex≈Eg), the dQFL is equal to 

hole QFL and electron QFL with Vth≈0. This corroborates with the analysis on the 

possible role of defects in lasing by Bernard et al 200. At lower donor concentrations, 

i.e., EFn=EF <Eg, the threshold is lower than Ex, i.e., if EFn>Eg-Ex, the threshold photo-

voltage Vth=EFn-(Eg-Ex) and if EFn<Eg-Ex, Vth=0. Therefore, for a zero threshold, the 

defect needs to be sufficiently shallow so as to satisfy Ex≤Eg-EFn. Similarly, for a 

compensating donor defect in p-type material, zero threshold requires Ex≥Eg-EFp. This 

is illustrated in Figure 8-3 where EFx is determined only by EFp for Ex<Eg-EFn and by 

EFn for Ex>Eg-EFp. A similar analysis reveals a symmetric behavior in p-type materials 

where the threshold is determined by the defect level referenced with respect to the 

conduction band, i.e., Eg-Ex. The zero threshold corresponds to Ex≥Eg-Efp. The 

summary of the general behavior of the defect QFL is illustrated in Figure 8-3 and 

Figure 8-4. 

 

Figure 8-1: (a) The dependence of dQFL on (a) the defect energy at different generated photo-

voltages and (b) hole QFL calculated at different defect energies in n-type material (EFn=Eg=6 

eV) at T=1300K. 
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Figure 8-2: The transition region in behavior of dQFL at different temperatures with EFp=1eV 

in n-type material (EFn=Eg=6 eV). 

 

Figure 8-3: The dependence of dQFL on defect energy in a generic material. 
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Figure 8-4: The general dependence of defect QFL on minority carrier QFL in (a) p-type and 

(b) n-type material. 

It may hence be concluded that the compensating defect QFL always decreases 

(increases) in n-type (p-type) materials in the presence of excess minority carriers. 

This results in a corresponding increase in the defect formation energy and 

consequently a decrease in defect incorporation. Hence, in general, minority carrier 

injection/generation always decreases the density of compensating defects and there 

exists a minimum required carrier density corresponding to a threshold photo-voltage 

determined by the defect depth to initiate the decrease in defect density. This is 

illustrated in Figure 8-5. Further, since dopant atoms can be considered as extremely 

deep impurities that are close to the opposite band with a threshold photo-voltage 

close to the bandgap of the material, their incorporation remains practically unaffected. 
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Figure 8-5: (a) The increase in the formation energy of acceptor-type compensators with 

charge (-1) with different (-1/0) transition levels (Ex) as a function of hole QFL in n-type material 

(EFn=Eg=6eV). (b) Plot illustrating that the formation energy of a defect with charge +q (-q) in 

p-type (n-type) material always increases with slope = |q| for photo-voltages above the 

threshold. 

8.2.3 Efficiency: Work done against defect formation 

The effect of QFLs on the formation energy may also be described in terms of excess 

free energy (driving force) for reaction (8.3). The free energy change for a reaction is 

  0 lnG G kT K    ,  (8.15) 

where K is the ratio of concentrations of products and reactants and the standard free 

energy change  0 ln eqG kT K   , where Keq is the equilibrium constant. The 

equilibrium constant for the reaction (8.3) is given by 
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where NC and NV are effective densities of states in the conduction and valence bands, 

respectively. In steady state, the ratio of the concentrations of the products and 

reactants can be obtained using QFLs. The ratio is given by 

 
   2

2

2
exp exp

t tn
Fn Fp C VX FXss ss C

ss tm
V

ss ss

X e q E E E Et E E N
K

kT N kTX h
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 (8.17) 

At steady state, 0G   and the excess free energy or the driving force can be written 

as 

 
 

ln 2
2

Fn Fpss
ex FX

eq

E EK
G kT t E

K

  
           

 . (8.18) 

The excess free energy depends on the generated photo-voltage, Vp=EFn-EFp. Figure 

8-6 shows the excess free energy in the system and the defect QFL of a particular 

transition with defect level Ex as a function of induced photo-voltage. It is clear that the 

threshold photo-voltage corresponds to a maximum and minimum in the excess free 

energy where the minority carriers are holes and electrons, respectively. The ratio of 

the change in dQFL from the equilibrium Fermi level (or the corresponding increase 

in defect formation energy) and the input energy can be interpreted as an efficiency 

of the process. It is clear that this efficiency is determined by the defect energy. The 

energy supplied to the system through light can be described using the work done by 

the generated photo-voltage given by  

 in p Fp FnW tV t E E     . 
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Figure 8-6: The excess free energy as a function of the generated photo-voltage for different 

defect depths in [(a), (c)] n-type material with EFn = Eg = 6 eV and [(b), (d)] p-type material with 

EFp=0. 

The useful work done against defect formation is the increase in the formation energy 

given by 

  out FX FW t E E  .  

The efficiency is then given by 

 
 FX Fout

in Fp Fn

E EW

W E E



 

  
.  (8.19) 

Figure 8-7 illustrates the approximate dependence of the efficiency of the process on 

the applied photo-voltage (a measure of illumination intensity) and defect depth, 

assuming the majority carrier QFL is close to the corresponding energy band. The 

dependence can be illustrated with a right angled triangle ABC with the hypotenuse 

AC representing the increasing threshold energy. The illumination has an effect with 
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finite efficiency inside the triangle, with BC representing the maximum achievable 

efficiency 

  max 1 X
X

g

E
E

E
   .  (8.20) 

The defect density is hence reduced by introducing a driving force (similar to 

supersaturation in growth) against defect incorporation itself (by increasing the energy 

of formation) or in favor of other defect removal mechanisms such as out-diffusion. 

8.2.4 DQFL and Fermi level: Modified formation energy diagrams 

The discussion so far contributes to the understanding of dQFL control in doped 

materials with the Fermi level close to the conduction or valence bands. Typically, 

defect formation energies are presented as a function of the equilibrium Fermi level at 

assumed chemical potentials of the elements involved. In the following, the effect of 

excess charge carriers on the formation energy is studied as a general function of the 

equilibrium Fermi level, i.e., modified formation energy diagrams are presented. Since 

the above bandgap illumination presents a highly promising approach to conveniently 

provide excess minority carriers, the modified formation energy diagrams are 

presented assuming generation of electron-hole pairs resulting in excess free carriers. 

Constant illumination and band to band recombination is assumed, i.e., the 

recombination rate R=Bnmajnmin and minority carrier lifetime τ=1/(Bnmaj), where B is the 

radiative constant and photo-voltage (Vp=EFn-EFp) is determined by illumination 

intensity independent of doping concentration. Accordingly, the minority carrier 

lifetime increases as the Fermi level is pushed away (decrease in nmaj) from the 

conduction/valence band. The modified formation energy diagram is shown in Figure 
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8-8 assuming a bandgap of 3 eV, T=1300 K, I=1 Wcm-2 at 300 nm being absorbed 

within 100 nm, and B=10-8 cm3s-1 (reported for GaN201). The formation energies at 

equilibrium and the defect transition energies are assumed for illustrative purposes. 

In Figure 8-8(a), the dashed lines represent the formation energies without illumination 

and the solid lines represent the formation energies during illumination. The green plot 

represents a deep acceptor with charge transition at the middle of the bandgap and 

the blue plot represents a relatively shallow donor-, defect. Figure 8-8(b) shows the 

deviations of corresponding dQFL from the Fermi level, which determines the change 

in defect formation energy as discussed earlier. The following observations may be 

made: 

1. The difference between steady state and equilibrium defect formation energy 

is a function of the Fermi level such that the efficiency (change in the formation 

energy for a given photo-voltage) increases as Fermi level shifts away from the 

valence/conduction bands i.e.,  max 1 th
X

g

E
E

E
  

 
with a decreased threshold 

energy of  th X g FnE E E E  
 

for n-type and  th X FpE E E 
 

for p-type 

materials. 

2. The formation energy can only be increased up to that of the uncharged state. 

3. As the Fermi level shifts away from the band edges, the excess majority carrier 

concentration may exceed the equilibrium majority carrier concentration, i.e., 

the majority carrier quasi Fermi level is different from the Fermi level and the 

dopant formation energy consequently increases. 
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Figure 8-7: The efficiency of illumination as a function of defect depth and generated photo-

voltage. 

8.2.5 Rules of point defect control 

High doping of GaN leads to the incorporation of several native vacancy defects in 

addition to impurities like C, H, and O. The concentration of such point defects varies 

significantly depending on the applied doping concentration, type of doping, and 

growth conditions.202,203 High concentrations of such point defects lead to 

compensation of the dopant and reduce free carrier concentrations and mobility or 

even lead to a completely insulating crystal film. In the case of n-type GaN:Si, C 

acceptor impurities can compensate Si donors204, which leads to a strongly reduced 

mobility (mobility collapse), reduced free carrier densities, and even highly resistive 

films44. A deliberately chosen low V/III ratio, as described in the experimental section, 

results in relatively high incorporation of C acceptors (1018 cm-3) and improves the 
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sensitivity of testing the above theoretical concepts.58 The lack of dependence of C 

incorporation on Si concentration (n~Nc to n>Nc) is clearly illustrated via secondary 

ion mass spectroscopy (SIMS) measurements (Figure 8-9) on the following ‘ladder’ 

structure: a 1.3 μm undoped GaN template followed by intercalated 200 nm thick Si-

doped layers with four different Si doping concentrations separated by 200 nm 

undoped layers. At high Si concentrations, the shift in the Fermi level and 

corresponding change in formation energy is negligibly small. Other impurities like H 

(below 7x1017 cm-3) and O (below 2x1017 cm-3) are found by SIMS in low 

concentrations. Hence C is the main compensating defect in GaN:Si when doping in 

the low 1018 cm-3 range.58 

Certain conclusions may be formulated for illumination-controlled dQFL-based point 

defect control scheme. The growth conditions are assumed to remain unaltered, i.e., 

the moderate light intensity or charge injection/generation have no significant effect 

on process conditions, including V/III-ratio and temperature, gas-phase reactions, or 

surface kinetics. The following principles are applicable for reducing compensating 

point defects in any n- or p-doped semiconductor: 

1. The dopant incorporation remains unchanged as above bandgap illumination 

at moderate intensity has no effect on its formation energy; The threshold 

photovoltage is large and equal to bandgap as discussed previously. 

2. The UV-illumination changes the formation energy of compensators only and 

leads to a decreased incorporation of impurities and reduced self-

compensation by native defects; this is true for n- and p-type semiconductors; 
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3. For a given minority carrier concentration and defect depth, the reduction in 

compensating defect concentration increases with bandgap;  

4. The reduction in the defect incorporation/formation for a given photo-voltage is 

only a function of defect depth and is independent of bandgap or type of doping;  

5. Relatively low minority carrier concentrations generated at moderate light 

intensities are sufficient to significantly decrease relatively deep point defect 

densities; 

6. The change in the charge state of the compensating acceptor/donor state in n-

/p-type material due to minority carrier generation/injection is typically +/-1; 

Hence typically EX=Ex and EFX=EFx. 

7. The excess formation energy is zero for a photo-voltage around two times the 

defect energy depth. This was assumed in previous studies.24  

It has to be noted that the energy of formation of the defect is assumed to be positive 

in calculating the reduction in defect density. A negative formation energy 

(spontaneous defect formation) introduces an additive threshold energy equal to the 

negative formation energy to the previously discussed threshold energy. Any binding 

energies due to defect complex formation not already incorporated into the formation 

energy calculations can further increase the threshold i.e. the increase in the formation 

energy of the defect has to exceed the sum of threshold voltage, negative formation 

energy and defect complex binding energies. 
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Figure 8-8: The dependence of dQFL and formation energy on the Fermi level assuming 

constant illumination intensity and Eg=3 eV at 1300 K (typical growth T). 

 

Figure 8-9: SIMS measurement of a GaN:Si ‘ladder’ sample. Several layers with varying Si 

doping concentration were grown. The growth conditions were selected for a 1x1018 cm-3 C 

concentration. 
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 Case study with DQFL based point defect reduction in GaN 

In addition to previously published results related to a qualitative experimental 

validation of this theory, in this article a quantitative validation based on n-GaN is 

included. GaN films doped with Si were grown heteroepitaxially on (0001)-sapphire 

substrates using a metal organic chemical vapor deposition (MOCVD) reactor at a 

growth temperature of 1040°C, at a total reactor pressure of 20 Torr and under a V/III 

ratio of 100. This V/III ratio was reached by flowing 67 µmol/min of Trimethylgallium 

and 0.3 slm of ammonia, under a total flow rate of 7.4 slm using nitrogen as diluent 

gas. Silane was used as n-type Si precursor. A 20 nm low temperature (650°C) AlN 

nucleation layer was deposited on sapphire prior to GaN growth, providing for a Ga-

polar film.44 Si doped 700 nm thick GaN:Si layers were deposited on 1.3 μm undoped 

GaN films grown onto the AlN nucleation layer. The n-type films were doped with Si 

from 1x1018 cm-3 to 7x1019 cm-3. The UV-illumination during growth for the samples 

was achieved by using a mercury-xenon arc lamp uniformly irradiating the wafer 

surface at a power of ~1 W/cm2. The illumination was only used during the growth of 

the n-type GaN.56 Secondary Ion Mass Spectrometry (SIMS) analysis was obtained 

using a CAMECA IMS-6f magnetic sector analyzer instrument. The analysis for Si and 

C was achieved using Cs+ primary 11 nA beam rastered over a 120x120 µm2 area 

and detection of negative secondary ions from a 30 µm diameter region at the center 

of the raster. Electrical characterization was performed on an Ecopia HMS-3000 Hall 

effect measurement system. Room temperature Hall conductivity measurements on 

all films were performed using the van der Pauw method. Photoluminescence (PL) 

measurements were performed using a 325 nm (56mW) HeCd laser at room 
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temperature or at 3K. The PL setup consisting of Janis (SHI-RDK-415D) closed cycle 

cryostat using helium and a Princeton Instruments (SP2750 0.75m) spectrometer with 

an attached PIXIS 2K charge-coupled-device (CCD) camera with a resolution better 

than 0.01nm. Dislocation density was estimated using a Philips X’Pert Research X-

ray Diffractometer. 

To support the enumerated rules, Figure 8-10 shows the carrier concentration as a 

function of silane flow rate. It is clear that the carrier concentration does not change 

with illumination at higher silane flow rates, where Si incorporation is much larger than 

C. This strongly suggests that Si incorporation is independent of illumination (1st 

principle). Further, studies in Si-doped AlGaN and Mg-doped GaN strongly support 

the first rule.24,56  

Compensation of Si donors has a major effect on carrier mobility at low concentrations 

as Si doping levels become comparable to the C acceptor background concentration. 

This so-called mobility collapse is also shown in Figure 8-10. For Si concentrations 

below 5x1018 cm-3, the mobility starts decreasing significantly due to decreased 

shielding205 and drops to an extremely low 115 cm2V-1s-1 at a Si concentration of 

2x1018 cm-3. The introduction of above bandgap illumination results in a significant 

increase in mobility at low Si concentrations. The increase in the mobility is a 

consequence of decreased ionized carbon acceptor scattering, i.e., the mobility 

increases with decrease in doping as expected in materials without compensating 

impurities. There is a corresponding increase in the free carrier concentration at low 

silane flow rates due to reduced compensation by C, as seen in Figure 8-10. This 

observation strongly supports 2nd principle.  
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Low temperature (3K) photoluminescence (PL) experiments on Si doped GaN grown 

with and without illumination are shown in Figure 8-11. The spectra were normalized 

to the donor bound exciton (DBX) transition at 3.48 eV due to either O or Si203. In 

addition to the DBX transition, a strong (weak) transition at 2.2 eV is observed in the 

sample without (with) illumination. This yellow luminescence at 2.2 eV is typically 

attributed to CN.62,206 Consequently the significant decrease in the yellow 

luminescence can be attributed to significant reduction in the C acceptor 

concentration, which is in a strong agreement with the mobility studies. Note that the 

decrease is in CN configuration i.e. acceptor (compensating) configuration and total C 

content may or may not change depending on other favorable non-compensating 

configurations. Further, a similar study on Mg doped GaN57 reveals a reduced 

incorporation of compensating H under UV illumination. The same study expectedly 

showed a reduced incorporation of acceptor Mg in the presence of excess donor 

oxygen. 

While considering principles 3 and 4, one needs to realize that the defect depth 

typically increases with increase in bandgap (like when increasing the Al content in 

AlGaN). When the change in the charge state of the compensating defect is ±1 

(principle 5), EX=Ex and EFX=EFx are typically true. However, there are cases, such as 

VN
3+/VN

1+ transition in p-type GaN, where VN
2+ isn’t stable.41,207 Hence, the general 

formalisms described by equations (8.5) and (8.13) are required. Specifically, in case 

of VN
3+ to VN

1+ transition, due to doubly degenerate energy states interacting with 

electrons resulting in VN
3+↔VN

1+, the average defect energy state and corresponds to 

0.59 eV41 or 1.8 eV207 (the Fermi energy corresponding to transition from stable 3+ to 
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1+ states of nitrogen vacancy). The average dQFL in this case is merely the dQFL 

calculated for a defect state at 0.59 eV or 1.8 eV due to degeneracy. 

A quantitative comparison of the experimental data with theoretical estimations 

requires the knowledge of defect depth and the relative reduction in defect 

concentration. DFT-based estimates made at T=0 K with formation energies varying 

between Al/Ga-rich and N-rich environments make accurate comparison with 

experimental results difficult since growth temperatures are ~1300 to 1500 K. Further 

differences between the experimental and theoretical predictions are expected within 

the order of magnitude due to deviations of assumed defect energies and carrier 

concentrations from their actual values. Surface pinning120,121,162 may introduce some 

additional deviations. However, with reasonable assumptions, valuable quantitative 

conclusions can be made. An experimental reduction of CN by ~ 80% is suggested by 

photoluminescence studies as shown in Figure 8-11. Recent theoretical formation 

energy estimates of carbon as an acceptor (CN) places the defect level at 0.9 eV above 

the valence band maximum.208 Figure 8-12(a) shows modified formation energy 

diagrams showing the increased formation energies (solid lines) with respect to 

equilibrium formation energy (dashed lines) for various defects and Figure 8-12(b) 

shows the corresponding decrease in steady state defect concentrations relative to 

their equilibrium densities in GaN and Al0.65Ga0.35N. These calculations utilize DFT 

calculated formation energy diagram and assume a band to band recombination with 

radiative constant B=1.1x10-8 cm3s-1 201. Accordingly, the formation energy of CN is 

expected to increase by ~ 110 meV at the Fermi level calculated for known Si doping 

and CN incorporation is expected to reduce by ~70%, as shown as solid squares in 
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Figure 8-12(b). Hence, considering the expected difficulties in directly correlating DFT 

results with experiment, there is an excellent agreement between the predictions of 

the proposed theoretical model and experimental results. Further, UV illumination 

studies with Si doped AlGaN and Mg doped GaN under identical illumination 

intensities have been reported.24,56 Studies on Si doped Al0.65Ga0.35N with metal 

vacancy related compensation indicated a 1/3rd reduction of compensation under 

moderate illumination.24 Photoluminescence indicates the defect to be around 2 eV, 

assuming a Frank Condon shift of ~ 0.5 eV. A good theoretical fit requires the -1/0 

acceptor state transition at 2.1 eV for a fractional reduction of ~30% with the formation 

energy increasing by ~50 meV (Figure 8-12), which is in excellent agreement with the 

photoluminescence studies. A good candidate for the defect complex is (VM-2ON)-1 (-

1/0 at ~ 2.35 eV in AlN)209 and the associated DFT calculated formation energy is 

used to represent the defect in Figure 8-12. Photoluminescence(PL) studies on UV 

illuminated Mg doped GaN growth show a decrease in compensating H by roughly 5 

times (~ 80%), showing activated samples without the requirement of thermal 

annealing.56 PL studies were corroborated by SIMS analysis showing a clear decrease 

in H incorporation in UV illuminated samples.210 The decrease as measured by SIMS 

is lower at ~50%. It has to be noted that a direct quantitative correlation with SIMS 

isn’t appropriate since we reduce the likelihood of only specific configurations of 

defects. Other configurations may not be effected and SIMS characterizing atomic 

density i.e. defects in all configurations may underestimates the efficacy of 

compensating defect reduction. The reduction is in good agreement (Figure 8-12) with 

predicted increase in formation energy for H (+1/0) considering the spontaneity of H 
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incorporation in hydrogen diluent growth conditions. At the calculated Fermi level (0.3 

eV at growth temperature and 2x1019 cm-3 of Mg 56), the formation energy increases 

to ~ 150 meV and the reduction in H incorporation is ~ 80%, which is in agreement 

with experimental results. Further, the effect of UV illumination on VN self-

compensation is studied. Since the donor +3/+1 transition occurs at 0.47 eV with an 

activation energy of Eg-0.47 eV, VN is extremely deep with no expected reduction with 

UV. Experimental results agree with no observed change in self compensation regime. 

These results strongly indicate that the theoretical model is capable of valuable 

quantitative predictions and giving direction to experiments. Due to the excellent 

agreement with experiment, preventing defect incorporation is likely the dominant 

defect reducing mechanism during growth i.e defect incorporation is reduced by 

shifting the equilibrium of impurity incorporating surface reaction by changing the 

defect quasi Fermi level. Further the ability to change the formation energy enables 

the generated photo-voltage to be a convenient tunable growth parameter that may 

be employed to control the energetics of point defects. Although, in this work, growth 

conditions are assumed to be close to equilibrium, the technique of defect reduction 

by introducing an opposing driving force by dQFL control may be employed in growth 

conditions away from equilibrium as well (e.g molecular beam epitaxy). However, 

quantitative predictions in such cases may deviate from experiment. 
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Figure 8-10: Mobility and carrier concentration as a function of the silane flow rate. 

 

Figure 8-11: Photoluminescence spectra for 2x1018 cm-3 doped samples grow with and without 

above bandgap illumination. 
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Figure 8-12: The (a) modified formation energy diagrams showing the increased formation 

energies (solid lines) with respect to equilibrium formation energy (dashed lines) for various 

defects and (b) steady state defect concentrations relative to their equilibrium values for 

various defects in GaN and Al0.65Ga0.35N in comparison with experimental densities (square 

dots) showing that the defect density decreased and is with good quantitative agreement with 

the proposed model 

 Evidence for role of minority carriers 

Although, the theoretical model describing the efficacy of DQFL in reducing defect 

incorporation has been corroborated by experiments with above bandgap illumination, 

alternative theories including surface photovoltage and associated electric fields, light 

absorption in gas phase, temperature change etc. are not ruled out. A more direct 

evidence for role of minority carriers in reducing compensating defect incorporation is 

presented here. Assuming band to band recombination, the recombination rate at 

steady state, 

  2
minmaj iR B n n n    (8.21) 
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 and min

1

majBn
  ,  (8.22) 

where nmaj and nmin are majority and minority carrier densities at steady state, R=G is 

the recombination/generation rate, ni is the intrinsic carrier concentration, τmin is the 

minority carrier lifetime and B is the radiative coefficient. Accordingly, τmin and hence 

the excess steady state minority concentration varies inversely as the doping 

concentration. The induced photovoltage is a function of generation/recombination 

rate and hence a function of intensity of illumination only given by 

 
2

ln 1p Fn Fp
i

R
V E E kT

Bn

 
    

 
.  (8.23) 

Thin films of Si doped GaN were grown heteroepitaxially on (0001)-sapphire 

substrates using a metal organic chemical vapor deposition (MOCVD) reactor at a 

growth temperature of 1040 oC, reactor pressure of 20 Torr and under a V/III ratio of 

2000 (N2 diluent). A laser diode with emission at 405 nm (~1 Wcm-2) was used for 

selective area illumination. Figure 8-13 shows the expected CN reduction in GaN 

grown at 1300 K under illumination of 1 Wcm-2 at 405 nm as a function of Fermi level 

(i.e. doping concentration). 
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Figure 8-13: An illustration of decrease in CN density relative to equilibrium concentrations as 

a function of Fermi level (doping) in n-type GaN with illumination at 405 nm with an intensity 

of 1 Wcm-2 

A small region of the growing films is illuminated using a 405 nm (3.06 eV) laser diode. 

The bandgap of GaN at growth temperature (1040 oC) is ~2.7eV.211 Normalizing the 

observed defect luminescence in illuminated regions with respect to dark regions 

provides a measure of relative defect density as shown in Figure 8-14 (a). The 

luminescence at 2.2 eV in MOCVD grown GaN is attributed to CN and is used in this 

study.208 A clear decrease in CN luminescence in regions with UV illumination is 

observed in agreement with earlier results indicating reduced compensating CN 

incorporation. More importantly, the observed CN luminescence decreases with a 

decrease in doping in agreement with theoretical predictions (Figure 8-14(b)). A 

deviation from the theoretical model at lower doping is expected since Shockley-Read-

Hall recombination is expected to be comparable to or larger than band to band 

recombination and will produce a doping independent minority carrier lifetime. 
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Consequently, steady state minority carrier concentration is expected not to increase 

further.212 The SRH recombination lifetime of 0.1 ns shown in Figure 8-14(b) is a 

reasonable observation.24 Hence a saturation in defect reduction is observed. A 

further increase in excess minority carrier concentration and further decrease in defect 

incorporation requires an increase in illumination intensities. 

 

Figure 8-14: The (a) CN luminescence for GaN epitaxial films with and without above bandgap 

illumination at different doping levels showing an improved efficacy of DQFL point defect 

control at lower doping in (b) qualitative agreement with proposed theoretical model. 

At constant illumination, other speculated effects including gas phase 

decomposition/reactions or temperature change remain unchanged. Hence the 

chemical potentials of the reactants remain constant and decrease in defects may be 

concluded to be not due to such phenomena. If the decrease in defect incorporation 

is assumed to be due to surface electric fields due to Fermi level pinning at the surface, 

an induced surface photo-voltage (SPV) may change defect incorporation and SPV 

has been reported to be a function of doping.116,117 In order to rule out SPV as a 
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potential cause, its effects are analyzed. The SPV may be evaluated using the 

following:104 

  2 /qV kT
ex

q
V n p e


      

For an observable SPV, the condition EC-EFN ~ EFP-EV needs to satisfied. However, in 

MOCVD, the growth temperature is relatively high at 1300K, and numerical solutions 

indicate EC-EFN<0.7 eV and EFP-EV>1.7 eV. Hence SPV may be assumed to be 

negligible. Hence the excess minority carriers via defect quasi Fermi level control is 

concluded to be responsible for defect reduction.  

 Conclusion 

A quantitative theoretical framework that describes a general technique of point defect 

reduction in semiconductors via the defect quasi Fermi level control is developed. 

Modified formation energy diagrams are proposed, which provide powerful tools to 

determine the feasibility of defect reduction and process conditions such as excess 

carrier generation rate (illumination intensity) that can produce the desired reduction 

in point defect density. The general rules that describe the effects of defect level, 

defect formation energy, and bandgap on efficacy of dQFL control are given. Studies 

on GaN and AlGaN corroborate the theoretical predictions with good quantitative 

agreement. The feasibility of above bandgap illumination as means of generating 

minority carriers controlling dQFL is confirmed. The significant observed reduction in 

point defect density supports the conclusion that dQFL control is a highly promising 

and general means of improving electronic and optical properties of any 

semiconductor or even dielectric. Further the steady state minority carrier 
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concentration was varied by varying the minority carrier lifetime at constant 

illumination intensity. Defect photoluminescence measurements on illuminated and 

dark regions in Si doped GaN employed as a case study reveals that the efficacy of 

DQFL point defect control increases with decrease in doping concentration and hence 

increase in minority carrier density and corroborates the theoretical model and 

providing conclusive evidence for the role of minority carriers.
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9 CONCLUSIONS AND OUTLOOK 

 Conclusions 

In this dissertation, a progress in ameliorating surface and point defect problems in 

Al/GaN is reported by improving (a) the current understanding of the AlGaN surface 

and its interface with metals, dielectric and AlGaN of a different composition and 

providing passivation schemes and (b) providing a theoretical framework to relate 

point defect energy of formation to chemical potential determining growth parameters 

and defect quasi Fermi levels determined by excess minority carriers and 

consequently  providing means to effectively reduce point defects.  

In chapter 2, XPS measurements reveal that surface states determine the position of 

the Fermi level at the surface of GaN and AlN. Accurate modeling of the valence band 

edge and comparison with XPS data indicates the presence of donor surface states 

at 1.4 eV and acceptor states at energies >2.7 eV from the valence band in GaN with 

Al polar AlN showing acceptor states at energies > 3.3 eV. Density of acceptor surface 

states was estimated to be 7x1013 and 9x1013 eV-1cm-2 in GaN and AlN respectively. 

The spontaneous polarization charge was found to have significant influence on 

surface electronic properties. The presence of charged surface states is concluded 

from the shift in charge neutrality levels and barrier heights with change in polarity as 

measured by XPS. Based on this conclusion, theoretical modeling and comparison 

with XPS data implies that the full compensation of spontaneous polarization charge 

arises from charged surface states. Results indicate surface reconstruction with 

metallic adlayers at metal-rich conditions which is expected to facilitate 2DEG 
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formation in HEMTs. Barrier heights show a dependence on polarity with ϕmetal-polar > 

ϕnon-polar > ϕnitrogen-polar with N-polar surfaces showing the least barriers.  

In chapter 3, the results are extended to the alloy AlGaN. The barrier height at CNL 

exhibits a monotonically increasing quadratic dependence (determined by the 

bandgap bowing parameter) on Al composition. The studies on AlGaN surface was 

extended to the AlGaN/AlGaN interface. The conduction and valence band offsets in 

AlGaN hetero-junctions were found to be split 2/3 and 1/3 of the bandgap difference, 

respectively. The bowing in the dependence of Φ  on Al composition resulted in an 

increase and decrease in the ratio of conduction band offset to bandgap difference in 

AlN/AlGaN and GaN/AlGaN interfaces respectively. Our results also indicate that the 

origin of the bandgap bowing is in the conduction band. Characterization of core level 

binding energies revealed a composition independent surface work function. 

Consequently, the electron affinity was found to be a linear function of the barrier 

height at CNL, i.e., band offsets determined via IFIGS and Anderson’s rule were found 

to be identical.  

In chapters 4 and 5, the surface studies are extended to the technologically important 

metal-AlGaN interface. In chapter 4, the interfaces of m- and c-plane AlN with metals 

of different electronegativity were characterized and the barrier heights measured. 

The Schottky barrier height was determined accurately by measuring the VBM with 

respect to the Fermi level at the surface (interface) before (after) metallization. VBM 

determination included modeling and curve fitting of density of states at the valence 

band edge with the XPS data. The experimental behavior of the barrier heights could 

be adequately explained using IFIGS. Slope parameter SX was used to incorporate 



154 

 

the density of surface states and was a measure of the extent of Fermi level pinning. 

The barrier height at CNL was determined to be ~2.1 eV (~2.7 eV) on m-plane (c-

plane) with SX ~ 0.36 eV/Miedema unit. SX << 0.86 implied a surface/interface states 

dominated behavior with significant Fermi level pinning and the measured barrier 

heights were close to the CNL. Titanium and zirconium provided the lowest barriers 

and gold provided the highest among the metals analyzed. It was consistently found 

that barrier heights decreased from metal polar to non-polar surfaces in general due 

to increased CNL. The results corroborate with the hypothesis of charged IFIGS 

compensating the spontaneous polarization charge. Further a general theoretical 

expression for the Schottky barrier height on AlGaN was determined as a function of 

Al composition and metal electronegativity, and corroborated with I-V characterization 

on Ni-based Schottky diodes. These barrier height and slope parameter 

measurements provide essential information for designing Schottky diodes and other 

contact-based devices on AlN and AlGaN. In chapter 5, Ni based Schottky contacts 

patterned on surface treated n-GaN by photolithography with unity ideality factor, 

homogeneity and high temperature stability (up to 600oC) are reported. The barrier 

height and ideality factor are found to be independent of temperature indicating a 

highly homogeneous contact. XPS studies indicate that the large ideality factors and 

leakage currents in Schottky contacts fabricated via photolithography reported in 

literature is due to shift in surface composition away from as-grown gallium rich 

surface or introduction of carbon based surface phases during development. The 

restoration to grown surface by the hot HCl and HF surface treatment is confirmed by 

XPS. The Ni Schottky diodes on restored surface and as-grown surface are found to 
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exhibit unity ideality factors, homogeneous barriers, low leakage currents and high 

temperature stability.  

In chapter 6, the surface studies are extended to the exploring passivation schemes 

by studying metal-dielectric interfaces. LPCVD stoichiometric silicon nitride forms a 

type II staggered band alignment and presents an electron barrier even at higher Al 

compositions where the bandgap of AlGaN is larger than that of silicon nitride. Further, 

removal of band bending in AlGaN (x<0.6) and reduction in band bending for x>0.6 

strongly indicates no or greatly reduced surface/interface states. The presence of 

band bending for x>0.6 is seen due to Fermi level alignment at the heterojunction and 

not due to Fermi level pinning by interface states. Photoelectron spectroscopy results 

were corroborated by C-V measurements. The shift in the barrier across the bandgap 

for silicon nitride heterojunction with Si doped and Mg doped GaN indicated no midgap 

interface states and passivation. Hence, stoichiometric silicon nitride presents a 

feasible passivation material for AlGaN for all compositions. Studies on PECVD silicon 

rich silicon nitride indicates poor passivation and insufficient electron barriers into 

AlGaN. Studies on PECVD silicon dioxide indicates sufficient electron barriers into 

AlGaN, however passivation i.e. reduction in interface state density is uncertain and 

more studies are required. 

In chapters 7 and 8, point defect reduction schemes in AlGaN are presented. In 

chapter 7, a theoretical framework that relates the chemical potentials to the growth 

conditions is presented that allows for optimizing growth conditions within any 

constraints to achieve minimum density of specified point defects. It is successful in 

providing quantitative predictions of CN defect incorporation with growth conditions 
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(V/III ratio, diluent gases, temperature etc.) in GaN and providing valuable insights 

into boundary phases and reactions of the impurity atoms and possibilities of defect 

complexes. The assumption of a growth surface close to equilibrium during MOCVD 

growth of GaN at 1000-1100oC is validated by the excellent agreement between 

experiment and theory. It is found that, metal supersaturation primarily determines the 

chemical potential of III/N and consequently incorporation or formation of point defects 

that involves exchange of III or N atoms with the reservoir. In chapter 8, a theoretical 

framework that describes a general technique of point defect reduction in 

semiconductors via the defect quasi Fermi level control is presented. Modified 

formation energy diagrams are proposed, which provide powerful tools to determine 

the feasibility of defect reduction and process conditions such as excess carrier 

generation rate (illumination intensity) that can produce the desired reduction in point 

defect density. The general rules that describe the effects of defect level, defect 

formation energy, and bandgap on efficacy of dQFL control are given. Studies on GaN 

and AlGaN corroborate the theoretical predictions with good quantitative agreement. 

The feasibility of above bandgap illumination as means of generating minority carriers 

controlling dQFL is confirmed. The significant observed reduction in point defect 

density supports the conclusion that dQFL control is a highly promising and general 

means of improving electronic and optical properties of any semiconductor or even 

dielectric. Further the steady state minority carrier concentration was varied by varying 

the minority carrier lifetime at constant illumination intensity. Defect 

photoluminescence measurements on illuminated and dark regions in Si doped GaN 

employed as a case study reveals that the efficacy of DQFL point defect control 
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increases with decrease in doping concentration and hence increase in minority 

carrier density and corroborates the theoretical model and providing conclusive 

evidence for the role of minority carriers. 

 Outlook 

There are two important points of focus in this work - surface defects and bulk point 

defects. The reported progress in passivation of surface defects, knowledge of their 

influence on barrier heights and point defect reduction schemes provide the following 

future prospects:  

 The theoretical framework that relates the chemical potentials and the growth 

parameters may be generalized or applied to different material systems with 

different growth techniques with valid thermodynamic approximations. 

 The chemical potential control based point defect reduction may be applied to 

various defects of importance in AlGaN and other materials enabling better 

electrical and optical properties. For example, 

o Reducing H and VN based self-compensation in Mg doped GaN and 

AlGaN to achieve high hole concentrations.  

o reducing vacancy-oxygen or other types of complexes responsible for 

“knee” behavior in AlGaN at higher doping densities to achieve high 

electron concentrations  

 The theoretical framework describing point defect reduction by defect quasi 

Fermi level control is general and may be applied to different material systems 

to lower compensation and improve electrical properties. Other wide bandgap 

materials such as oxides may be investigated. 
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 Implementation of vertical Al rich AlGaN and GaN based Schottky diodes with 

high breakdown voltages, low leakage currents and low on-resistance may be 

possible utilizing the studies and theory presented in this thesis. The 

passivation schemes on AlGaN proposed in chapter 6 may be utilized on both 

Al rich AlGaN and GaN to reduce surface states and prevent field crowding and 

allow for higher breakdown voltages. The surface treatment reported in chapter 

5 allows for near ideal Ni-GaN Schottky contacts with high temperature stability. 

The point defect control schemes may be used to reduce compensating point 

defects to achieve low doping and high breakdown voltages in addition to low 

on-resistance due to higher mobilities. Single crystalline GaN substrates may 

be employed to grow low doped MOCVD GaN and fabricate a vertical Schottky 

diode with metal-GaN interface and passivated surface that are stable and 

reproducible. 
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