
 
 

ABSTRACT 

SUN, TIANLEI. Realizing Advanced Thin Film Micro-Electronics: Development of 

Corrugated Thermoelectric Generators and Stretchable Organic Semiconductors. (Under the 

direction of Dr. Brendan T. O’Connor) 

This thesis contains two separate parts:  

I: Novel thermoelectric generators design.  

The global energy demand to support the modern society has been increasing rapidly 

along with the economic development. Increasing the energy usage efficiency is a promising 

approach to solve the global resource scarcity problem. Thermoelectric generators (TEG) 

offer a route to reuse the waste heat being generated. This work presents two thin film TEG 

design based on corrugated architecture. The first work focuses on optimizing the fabrication 

process by using heat-shrink PET and is presented as a cost-effective method that can be 

potentially used in large area applications. Proof of concept devices are fabricated followed 

by analytical and simulative exploration to explore performance optimization. Secondly, a 

similar woven structure that can be fabricated into fabric and power wearable electronics is 

considered. The performance is theoretically explored using analytical tools. 

II: Stretchable polymer semiconductors.  

Intrinsically stretchable semiconductors will facilitate the realization of seamlessly 

integrated stretchable electronics. In this thesis, we employ two different approaches to 

improve the stretchability of thin film semiconductor polymers. The first approach is to blend 

a rigid high-performance donor-acceptor polymer semiconductor 

poly[4(4,4dihexadecyl4Hcyclopenta [1,2b:5,4b’] dithiopen2yl) alt [1,2,5] thiadiazolo [3,4c] 

pyridine] (PCDTPT) with a ductile polymer semiconductor poly(3hexylthiophene) (P3HT). 



 
 

Morphology and charge carrier mobility are characterized during the cyclic strain process. 

The second approach is to modify the elastomer substrate with UV/ozone treatment. Peeling 

test is used to explore the adhesion energy between thin film and oxidized substrate. Changes 

in surface morphology of thin film under cyclic strain, when on modified elastomer 

substrates, are measured with quasi in-situ atomic force microscopy. We find that the 

substrate tension, surface adhesion, and near surface modulus has a significant impact on 

film morphological stability. 
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1 Unconventional thermoelectric generators (TEGs) 

1.1 Introduction 

The global energy demand to support modern society has been increasing rapidly along 

with the economic development. Since 1990, the world energy consumption increased from 

less than 400 quadrillion BTU to 600 quadrillion BTU, and will continue to increase to 800 

quadrillion BTU in 2040 1. In order to meet this high demand on energy and perform 

sustainable development, on one hand, new types of renewable (solar, wind, biomass, et al) 

energy are exploited to replace the finite resources like fuel and coal. On the other hand, 

increasing the energy usage efficiency to reduce the amount of useless waste heat generated, 

or reusing this waste heat is a promising approach to solve the global resources scarcity 

problem. In fact, almost 60% of primary energy sources is converted to waste heat when 

being used (Figure 1 2) in U.S in 2015. Most of this waste heat comes from the incomplete 

combustion and inefficient heat transfer 3. The utilization of this low-grade waste heat 

commonly includes district building heating, chemical synthesis processes and water 

heating3,4. Thermoelectric generators (TEGs) provide the opportunity to convert this waste 

thermal energy directly to electrical power, and fit the need for thermal energy harnessing 

over a broad temperature range. It is also in a small size without moving part. However, to 

date, there has been only limited commercial adoption due to the high costs and relative low 

efficiency compared to other technologies. Therefore, in order to make TEG competitive, 

more research efforts and further improvement in this area are required.  
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Figure 1 Estimated U.S. Energy Consumption in 2015 2 
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1.1.1 Thermoelectric technology and device performance 

The thermoelectric effect describes the direct conversion of thermal energy to electrical 

power. It mainly involves three separately identified effects: the Seebeck effect, Peltier effect 

and Thomson effect. The Seebeck effect is the electrical potential that develops in the 

presence of a temperature gradient. It described a phenomenon that if a connection between 

two different metal wires was heated, a voltage difference would be generated between the 

other ends of these two metal wires due to the diffusion of charge carrier from hot side to the 

cool side driven by the temperature gradient 5. The Peltier effect, conversely, is the 

conversion from electricity to temperature difference. When an electric current pass through 

a junction of two different metal wires, it the Peltier effect results in heating or cooling at the 

wire junction. This effect is a result of electron energy states changing when current is passed 

the junction. The Thomson effect described the reversible heating or cooling in a junction 

where both temperature difference and electric current exist, and involves both Seebeck 

effect and Peltier effect.  

Figure 2 describes the concepts of Seebeck effect and Peltier effect and how they are 

applied in a TE device. The traditional TE devices include thermoelectric generators (TEGs) 

and thermoelectric coolers (TECs), and both have the similar configuration. They are usually 

made of p-type and n-type rigid, bulk TE materials, which are electrically connected in series 

by metal interconnection, and this is the common design for commercial products.  

The performance of a TE device is usually indicated by the maximum efficiency (ηmax) , 

which is given as 5: 

𝜂𝑚𝑎𝑥 =
𝑇𝐻−𝑇𝐶

𝑇𝐻

√1+𝑍𝑇−1

√1+𝑍𝑇+
𝑇𝐶
𝑇𝐻

     (1) 
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in which TH is the temperature at the hot side of TE couple, TC is the temperature at the cool 

side of TE couple, and ZT is TE element’s dimensionless figure of merit. The ZT value is 

determined by TE material property and decides how efficiently a TE material can produce 

thermoelectric power at a certain environment temperature, which is shown as 5 

ZT = S2σT/κ       (2) 

in which S is Seebeck coefficient, σ is electrical conductivity, κ is thermal conductivity, T is 

absolute temperature.  

. 

 

Figure 2 Schematic of Seebeck effect and Peltier effect6 

There was little improvement in TE material until the end of twentieth century (Figure 

3(a) 7). However, significant efforts have focused on improving the ZT value recently and the 

maximum value has been improved above 2 for both n-type and p-type TE material (Figure 

3(b) (c) 8) due to the employment of new chemical systems such as skutterudites, 

pentatellurides, ternary chalcogenides and clathrates 9.  
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Figure 3 (a) Evolution of the maximum ZT over time 7. Summary of some of best ZT for (b) 

p-type and (c) n-type bulk thermoelectric materials as a function of temperature 8  

1.1.2 Novel thermoelectric device design 

Despite the traditional design of bulk TE devices, novel TE device designs have come up 

in order to improve the performance, reduce the fabrication cost, or apply for special 

applications like flexibility. In addition to improving the TE material ZT value, a good TE 

device structure design can also lead to significant improvement of the device performance. 
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One important principle is to let the TE materials function within their optimum temperature 

range. From Figure 3 (a) and (b), for most of p-type and n-type TE materials, the ZT values 

reach a maximum point at a certain temperature range. For example, Bi group material 

functions best around room temperature, while Pb group more intends to work at a higher 

temperature around 900 K. When being operated at a wide range of temperature difference, 

it’s more ideal to stack multiple TE material in series, or called segmented TE device 10–12, 

ensuring they all functions near their own optimum temperature range to boost the overall 

device efficiency. By using this method, a high conversion efficiency of 20% has been 

accomplished 12.  

While improving efficiency is critical for competitiveness, a low-cost fabrication process 

is also important for commercialization. Huang et al. came up with a planar design of micro-

TEC using bridge geometry, which is believed to be compatible with integrated circuit (IC) 

batch processes and will eventually reduce the fabrication cost 13. Another useful method to 

reduce cost would be employing thin film TE materials and roll-to-roll fabrication process 14–

16. The thin film TE materials usually possess a lower thermal conductivity than the bulk 

ones due to the increasing phonon scattering near the surface and thus increase the device 

performance 17. The thin film TE devices are also compatible with organic TE material. 

Compared with inorganic material, organic TE material possess the advantages of easy 

fabrication, low cost, light weight and flexibility yet suffer from low efficiency. The best ZT 

value of OTE material so far is 0.42 reported by Kim et al. 18   
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1.2 Heat shrink formation of a corrugated thin film thermoelectric 

generator 

1.2.1 Introduction and motivation 

(From T. Sun, J. L. Peavey, M. D. Shelby, S. Ferguson, and B. T. O’Connor, “Heat 

shrink formation of a corrugated thin film thermoelectric generator”, Energy Conversion and 

Management, 103, 2015.) 

The direct conversion of thermal energy to electrical power without moving parts makes 

thermoelectric generators (TEG) a highly attractive energy conversion technology. These 

devices also have the advantage of having a small volume, and the ability to convert energy 

over a broad temperature range. However, to date there has been limited commercial 

adoption of TEGs due to high module costs and relative poor efficiency compared to other 

technologies. Recently, significant efforts have focused on developing thermoelectric (TE) 

materials with increased efficiency through improving the TE element’s dimensionless figure 

of merit, ZT = S2σTκ−1, where S, σ, T and κ are the Seebeck coefficient, electrical 

conductivity, absolute temperature, and thermal conductivity, respectively19. The ZT value 

provides an upper limit on TE power conversion efficiency and is thus a key optimization 

parameter20. Currently, there have been numerous demonstrations of thermoelectric materials 

with ZT values greater than 216,21. However, TEGs based on these materials will struggle to 

become cost effective22. Alternatively, low-cost thermoelectric materials based on organic 

and organic–inorganic hybrid systems are being developed that have recently shown 

promising cost-performance metrics22,23. Conjugated polymers have been developed with ZT 

as high as 0.418, and hybrid solution processed materials have been shown to have ZT values 

as high as 0.124. 
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While improving ZT is critical for cost competitiveness, other aspects of TEG design 

must also be considered to ensure low cost and high performance systems25,26. In particular, it 

is highly advantageous to develop TEG modules that are compatible with low-cost 

processing methods and to develop modules that do not have elaborate heat sink demands27. 

Low-cost TE processing has focused on thin-film materials that are compatible with roll-to-

roll processing28–30. For these thin-film elements, heat transfer across the plane of the film 

(cross-plane TEs) is the most common module architecture31,32. However, maintaining a 

large temperature difference across the thin film junctions (and thus increasing power output) 

becomes a challenge27. Thin film TEGs can also be designed such that heat transfer occurs in 

the plane of the film (in-plane TEs)33–35. However, this design is not compatible with large 

area heat sources, and thus not typically applied for power generation36. An alternative thin-

film thermoelectric design is to place the thin film thermoelectric elements in a corrugated 

arrangement between thermal interface planes, as illustrated in Figure 4 and labeled here as a 

corrugated TE generator (C-TEG). In this design, heat transfer is in the plane of the thin-film 

thermoelectric elements, effectively increasing the TE element leg-length and improving the 

ability to maintain a finite temperature difference across the thermoelectric junctions. While 

heat transfer is in the plane of the thin film, the module remains a cross-plane TE design 

making it compatible with large area applications. 

There have been several previous demonstrations of similar corrugated-type TEGs34,37–39. 

In these demonstrations, there have been two primary methods of fabrication. In the first 

approach, the TE elements are deposited onto a flat plastic substrate, the substrate is then 

adhered to a secondary corrugated surface37. The secondary surface holds the thin film in the 

corrugated shape and acts to separate the cold and hot side junctions. In this approach, the 
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secondary element is a solid material that will result in a significant reduction in temperature 

difference across the thermocouples lowering power generation and efficiency. The second 

approach consists of using a thin film plastic substrate that is held in a sinusoidal mold. The 

thermoelectric elements are vacuum deposited onto the substrate and then the plastic 

substrate is removed from the mold and bonded to planar plastic plates to maintain the 

corrugated module architecture. This is an effective approach to form the corrugated module, 

however depositing onto a non-planar substrate is a challenge and requires vapor deposition 

methods that are unable to take advantage of low-cost solution processing methods of 

organic and hybrid materials38.  

Here, we further demonstrate a method of fabricating a C-TEG by using an innovative 

plastic heat shrink approach40. This method is compatible with processing thermoelectric 

elements onto flat surfaces that are then formed into the C-TEG geometry. This approach has 

the advantage of simple corrugated element formation that results in freestanding 

thermoelectric legs that will minimize parasitic thermal losses. The experimental 

performance of a thermally formed C-TEG with metallic thermoelectric elements is 

characterized in detail and compared to finite element and analytical models. To consider the 

opportunities of this device architecture, it is investigated theoretically with high 

performance thermoelectric materials and the architecture is optimized using thermal 

impedance analysis. 
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Figure 4. (a) Schematic illustration of the fabrication process for the corrugated TEG device, 

including the stack of heat-shrink PET, the adhesives, and thermoelectric couples on a 

polyimide substrate. The layers are all combined forming a sandwiched structure that is then 

thermally formed into the corrugated TEG. (b) Simplified geometric model of corrugated 

TEG device, with thermoelectric leg dimensions including thermoelectric thickness (tTE), 

length (L), width (wTE), and stacking angle (). (c) Photos of the corrugated TEG device 

before and after being thermally formed. 

 

  



11 
 

1.2.2 Corrugated thermoelectric module fabrication 

A schematic of the fabrication process, and final structure is illustrated in Figure 4(a). 

For proof-of-concept purposes, the thermoelectric elements consisted of Ag and Ni thin films 

deposited by vacuum thermal evaporation onto a 130-μm thick polyimide substrate, and 

patterned using a shadow mask. The polyimide film was the core layer of the TEG module 

and the support for the thin-film thermoelectric legs. The thermoelectric elements were 140-

nm thick, 4-mm wide and variable in length. The thermoelectric legs were electrically 

connected laterally in a row and then between rows at the last TE elements with Ag thin 

films, as illustrated in Figure 4(a) and pictured in Figure 4(c). There was approximately 

0.5 mm overlap of the metallic elements to form the electrical junctions. The non-shrink 

polyimide core was then attached to heat-shrink polyester (PET) films on each side of the 

polyimide with polymer adhesive placed between the rows of the thermocouples in 

alternating fashion. The outer layers were uniaxial stretch-oriented having a glass transition 

temperature (Tg) of approximately 345 K. The outer layers were extruded to create the un-

oriented base material and then uniaxially stretched at a temperature of approximately 

355 K40. The three-layer planar composite structure was then placed in a vacuum oven at 

383 K causing the PET sheets to shrink and forcing the polyimide interlayer to form and 

maintain a sinusoidal shape. In this demonstration, 630-μm thick PET films were stretched 

by 33%, resulting in films with a shrink of approximately 25% after heating. An example of 

the fabricated hybrid TEG is pictured in Figure 4(c) and is composed of three and a half Ag-

Ni couples per row with legs that are 12 mm long and 4 mm wide. Note that Ag and Ni were 

chosen for their good thermoelectric properties among metals. These materials are also 
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ductile and adhere well to the polyimide allowing for bending during TEG formation without 

mechanical failure. 

1.2.3 Results and Discussion 

Performance analysis 

The performance of the TE couples was characterized prior to the attachment of the PET 

outer layers, and then again after the completed corrugated TE fabrication process as 

described above. The TE couples tested prior to device fabrication were in a planar 

configuration. The temperature difference was achieved using commercial thermoelectric 

modules, one on each side of the couples with one heating and the other cooling. The planar 

TE device was placed across the commercial thermoelectric modules. The temperature at the 

junctions of the test structure was measured with a surface thermocouple (Model 88014, 

Omega Engineering) placed in close proximity to the metal junctions. For the C-TEG testing, 

the commercial thermoelectric modules were placed on each side of the test module. Again, 

one module was set to cool and the other to heat to generate a temperature difference across 

the module. In this case a thermocouple (5-SRTC, Omega Engineering) was adhered at the 

metal junctions using thermal paste. The current–voltage characteristics of the test devices 

were measured using a semiconductor parameter analyzer (HP 4156b). In Figure 5(a) the 

open circuit voltage is given as a function of temperature difference between the 

thermocouple junctions (ΔT) for a row of 3 couples and a row of 10 couples with 8-mm long 

legs. From the slope of the curve the Seebeck coefficient of one couple (STE) is found to be 

19.0 μV K−1 for the 3 TE couples in the flat sheet configuration, which matches well to 

previous experimental result of 19.2 μV K−1 41. However, STE drops down to 14.2 μV K−1 

when formed into the C-TEG design. Similarly, the electrical resistivity was found to be 
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368 nΩ m while flat and 875 nΩ m when bent. This resistivity is higher than typically 

observed for these metals in bulk form (20 nΩ m and 190 nΩ m for Ag and Ni, 

respectively)42–44. The large resistivity of the films in the flat configuration is attributed to the 

vacuum deposition process and thin film nature, which has previously been shown to 

increase the resistivity of metals compared to their bulk counterpart45,46. The change in 

properties when forming the C-TEG module is likely due to an increase in dislocation density 

and other defects associated with the bending process. The smallest radius of curvature 

observed for the thermoelectric couples with leg length of 8 mm was found to be 

approximately 3.8 mm. Previous research considering the change in conductivity of thin 

metal films with bending radius showed similar changes in electrical resistivity47. Critically, 

the metallic interconnection of the thermoelectric legs for different rows, pictured in Figure 

4(c), will see the smallest radius of curvature and the metal film will be in contact with the 

polymer adhesive. To determine if this has a large impact on performance, the Seebeck 

coefficient was measured across 10 thermocouples over multiple rows, which includes the 

interconnecting Ag film between rows. The average STE was found to be 14.0 μV K−1 per 

couple, showing negligible performance loss associated with this interconnection. 

The output voltage and output power for 3 TE couples in one row of the C-TEG was 

investigated experimentally and with finite element numerical simulation using ANSYS48, 

for a ΔT of 7.0 K. The finite element model consisted of 598,225 nodes and 295,719 

elements using an auto-generated mesh. The model assumes planar legs as illustrated in 

Figure 4(b). The difference in the finite element model output using sinusoidal legs and the 

straight leg approximation has previously been shown to be negligible49. Experimentally, the 

maximum output power was found to be approximately 0.67 nW at a current of 4.1 μA, as 
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shown in Figure 6. The result from the finite element simulation matches well with the 

experimental measurement, with a maximum output power of 0.65 nW. Generally, the total 

output power (P) of TEGs can be given by27, 

𝑃 =
(𝑛𝑆𝑇𝐸∆𝑇)2𝑅𝑜

(𝑅𝑖+𝑅𝑜)2 ,      (3)  

where n is the number of the TE couples, Ri is the TEG internal electrical resistance and Ro is 

the load electrical resistance. The maximum output power occurs when the load electrical 

resistance is equal to the internal electrical resistance of TEG resulting in, 

𝑃𝑚𝑎𝑥 =
(𝑛𝑆𝑇𝐸∆𝑇)2

4𝑅𝑖
 .                      (4) 

The geometry of the TE couples directly impacts the maximum output power due to Ri given 

by, 

𝑅𝑖 =
𝜌𝐿

𝑤𝑇𝐸𝑡𝑇𝐸
,      (5) 

where ρ is the combined electrical resistivity, L is the leg length, wTE is width of TE elements 

and tTE is thickness of the elements. The experimental maximum output power with variation 

in temperature difference for various L/tTE ratios is given in Figure 5(b) and is compared to 

the predicted power from Eqn. (4). It is found that Pmax increases with ΔT following a 

parabolic relationship as expected. It is clear that the thicker film and shorter leg length result 

in high power output following the relationship that power density is proportional to 

(wTEtTE)/L, as given by Eqn. (4)50. 

 



15 
 

 

Figure 5. (a) Open circuit voltage (Voc) as a function of the temperature difference across the 

couples (∆T) for various thermocouple configurations, 3 TE couples in a flat sheet, 3 TE 

couples in the corrugated structure, and 10 TE couples in the corrugated structure. The linear 

fits to the data are used to determine the average Seebeck coefficient of the thermoelectric 

couple. (b) The maximum power output for different geometry of the thermoelectric thin film 

material in the corrugated structure for 3 thermocouples. The line fit to the experimental data 

is made using equation 2.   
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Figure 6. (a) Voltage output (V) and (b) power output of 3-couples of the C-TEG as function 

of current (I) for a temperature difference across the couple (∆T) of 7.0 K. The measurement 

is compared to numerical finite element simulations. 
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Theoretical Performance Optimization 

The geometry of the experimentally demonstrated modules was selected based on 

availability of pre-stretched PET, stability of the thermally formed corrugated film, and 

ability to easily probe the temperature profile across the thermocouples. However, the 

resulting modules may not be the optimal geometry for power generation. Similarly, high 

performance materials may be employed as long as bending during fabrication does not 

significantly impact their properties. With this in mind, a dimensional and material analysis 

is theoretically conducted on the C-TEG design to consider the performance potential of this 

architecture. With the goal of minimizing the system cost, it is expected that the module will 

operate in the heat sink limited regime25,27. The TEG is heat sink limited when the output 

power of the system is limited by the ability to transfer heat to or away from the 

thermoelectric couples. This would be expected for a TEG system without elaborate heat sink 

designs. Here, the TEG performance is optimized under the conditions of a constant hot side 

temperature of the thermoelectric couple (TH), and heat rejection being limited by natural 

convection25,27. Optimal performance of this system is found under thermal impedance 

matching conditions. Details of this approach have been previously described25,27. Here, we 

provide a brief review of the analysis method. In thermoelectric operation, the convective 

heat transfer from the cold side of the module is equivalent to the summed conduction 

through the module, Peltier heat transfer, and joule heating, given by, 

 ℎ𝐴𝑚(𝑇𝐶 − 𝑇𝑎) = 𝐺(𝑇𝐻 − 𝑇𝐶) + 𝑆𝑇𝐸𝑇𝐶𝐼 +
1

2
𝐼2𝑅𝑖,   (6) 

where h is the heat transfer coefficient, Am is the projected area of the TEG module, TC is the 

cold side temperature of the TE couple, Ta is the environment temperature, I is electric 

current, and G is overall thermal conductance of the TE elements and substrate given by, 
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𝐺 =
𝜅𝑇𝐸𝐴𝑇𝐸

𝐿
+

𝜅𝑠𝐴𝑠

𝐿
,     (7) 

where κTE is the thermal conductivity of the TE element, ATE is the summed cross section 

area of the TE couples, κs is the thermal conductivity of the polyimide substrate and As is the 

summed cross section area of the polyimide substrate. To simplify the calculation, Peltier 

heat transfer and joule heating, which are relatively small compared with heat conduction are 

neglected27 resulting in, 

ℎ𝐴𝑚(𝑇𝐶 − 𝑇𝑎) ≈ 𝐺(𝑇𝐻 − 𝑇𝐶).    (8) 

The design of the C-TEG module will typically result in a low areal packing density of 

thermoelectric elements as compared to a conventional bulk TEG. This requires that the 

thermal resistance caused by heat spreading also be included in the optimization. Heat 

spreading occurs when heat flows through materials that have a change in cross-sectional 

area51, which in our case happens when heat flows between the outer PET films and the 

thermoelectric legs. The thermal resistance associated with heat spreading can be accounted 

for by modifying the heat transfer coefficient h resulting in a modified heat transfer 

coefficient h′ given by27,51,52, 

ℎ′ =
1

𝐴𝑚𝑅𝑠𝑝𝑟+1/ℎ
 ,     (9) 

where Rspr is the heat spreading resistance. One important factor affecting Rspr is thermal 

conductivity of the outer layer material, which in our case is PET51. Applying a high thermal 

conductivity material will dramatically decrease the heat spreading capacity and thus 

increase the overall power density. A possible approach is to coat a metal layer on the 

exterior of the PET layer to minimize heat spreading resistance. Combining Eqn. (4), 

(8) and (9), the maximum power density (pmax) is given as, 

http://www.sciencedirect.com/science/article/pii/S0196890415006676#e0010
http://www.sciencedirect.com/science/article/pii/S0196890415006676#e0030
http://www.sciencedirect.com/science/article/pii/S0196890415006676#e0035
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𝑝 𝑚𝑎𝑥 =
ℎ′2𝐴𝑚(𝑇𝐻−𝑇𝑎)2𝑆𝑇𝐸

2𝐴𝑇𝐸

4(ℎ𝐴𝑚+𝐺)2𝐿𝜌
.    (10) 

In this analysis, TH = 302 K, TF = 295 K, and h = 5 W m−2 K−1. The heat transfer coefficient 

represents natural convection of a vertical plate in air with a modest temperature difference 

between TC and TF
53. 

Based on this analysis, we consider pmax with a variation in L and α for the Ag–Ni 

elements with experimentally determined materials properties, with results given in Figure 7. 

It is important to note that conduction through the air cavity within the TE module is 

considered negligible in this analysis. This is a common assumption that does not typically 

have a large impact on performance. However, at small values of α, conduction through the 

cavity may become a significant factor and caution in the accuracy of this assumption is 

warranted. Here, we find that for a constant L, pmax increases as α becomes larger as a result 

of the increase in thermoelectric element packing density (i.e. increased fill factor). If α is 

held constant, there exists an optimal leg length (Lopt) that results in pmax. In the experimental 

conditions, α was approximately 41°, which would result in Lopt to be approximately 3 mm. 

For verification of the model, the experimental results with the same boundary conditions 

(TH = 302 K, TF = 295 K, h = 5 W m−2 K−1) are also plotted in Figure 7, and are shown to 

matched well with the calculated data. Differences between the model and experimental 

results may be associated with unaccounted for geometric variations, thermal contact 

resistances, and heat transfer coefficient. 
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Figure 7. The theoretical maximum power density (pmax) of a C-TEG module as a function of 

the thermoelectric couple leg length and leg angle (α) when employing the Ag-Ni couples 

under the heat sink limited conditions. Experimental maximum power density under the same 

boundary conditions for the fabricated devices is also provided (dots). 
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Figure 8. Geometric analysis of the maximum power density for a C-TEG based on Bi2Te3 

thermoelectric couples. (a) Power density as a function of leg length and leg stacking angle 

for a constant thermoelectric element thickness (tTE) of 75 µm. (b) Power density as a 

function of leg length and tTE for a C-TEG with a constant leg stacking angle (α) of 68o. 
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Thermoelectric materials with higher ZT should significantly improve the power 

generation of the C-TEG module. To consider the performance opportunity of the C-TEG 

design with advanced materials, we theoretically consider the performance with high 

performance Bi2Te3 based elements. In this case we use STE = 236 μV K−1, ρ = 12.3 μΩ m, 

κ = 0.57 W m−1 K−1, resulting in a ZT value of approximately 2.38 at room temperature, 

similar to previous demonstrations16. While the thin film thermoelectric elements should aid 

flexibility, the Bi2Te3 elements may not necessarily have the ability to flex during processing 

without fracture54. Nevertheless, the material is chosen to represent a realistic, high 

performance system that may be achieved with more compliant materials in the near 

future36,55. The power density of the module is given in Figure 8(a) with variation in L and α, 

with tTE held constant at 75 μm, and in Figure 8(b) for a variation in tTE and L, with α held 

constant at 68° (which represents a shrink ratio of approximately 50%, in-place of the 

experimentally demonstrated 20%). The larger α will increase the power density of the 

module, and the value chosen is based on a realistically achievable shrink ratio for drawn 

polymer films. A similar trend is found for pmax with variation in α and L as observed with 

the metal TE elements. In Figure 8(b), it is observed that the thickness of the thermoelectric 

elements increases the power out of the device but Lopt is found to be relatively constant. Due 

to the heat sink limited regime, at high α, Lopt is found to be larger than observed in the 

analysis of the metal TE couples resulting in greater compatibility with simple scalable 

processing. According to Mayer and Ram27, an excessively high packing density will result 

in reduced performance due to heat sink limitations. However, performance loss associated 

with excessive packing density is not observed in Figure 8. This is due to the packing limits 

inherent with the C-TEG design. The thermal conductance of the TE element is very small 
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due to the small thickness and long leg length, and the fill factor remains low even when α is 

equal to 90° due to the spacing associated with the polyimide substrate (∼0.12 mm) and 

adhesive (∼2 mm). The substrate thickness will also have an effect on the power density pmax 

by increasing parasitic heat transfer with increasing thickness. The impact of substrate 

thickness has previously been investigated for a corrugated TE cooler49. It was found that the 

losses can be relatively low for moderate temperature differences across the module49. 

Finally, for comparison, a conventional bulk thermoelectric (B-TEG) module with the 

same areal density of thermoelectric material (kg m−2) as the C-TEG under the same 

boundary conditions is considered. Here the B-TEG is considered with high thermal 

conductivity ceramic interface plates (κ = 150 W m−1 K−1), and TE elements without a 

substrate support. For a C-TEG with tTE = 75 μm and α = 68°, Lopt is found to be 4 mm 

resulting in 0.3 kg m−2 of Bi2Te3 and pmax = 31 mW m−2. Using a comparable areal density of 

TE material, the B-TEG will have a maximum power density of 83 mW m−2. The difference 

mainly comes from the application of the high thermal conductivity interface plates on the B-

TEG. Improving the thermal conductivity of the PET layer in the C-TEG with metal coatings 

or through embedded high conductivity particles will improve module performance and 

minimize any differences in performance. This suggests that the C-TEG can have 

performance comparable to B-TEG modules for similar thermoelectric element densities. 
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1.2.4 Conclusion 

In this paper, we experimentally demonstrated an innovative thermally formed 

thermoelectric device that employs thin film thermoelectric elements supported on a plastic 

substrate that are oriented in a corrugated fashion to resemble a convention bulk 

thermoelectric architecture. The demonstrated Ag-Ni thermoelectric based devices were 

found to have a maximum output power of approximately 0.22 nW per couple when under a 

7.0 K temperature difference. While there is slight performance degradation due to the 

processing approach, the performance is similar to other demonstrations of Ag-Ni 

thermocouples41. We then theoretically consider the performance of this system under a heat 

sink limited operating regime, finding that an optimal thermoelectric leg length between 3 

and 4 mm occurs over a wide range of leg stacking angles, and an optimal power output of 

1.5 μW m−2 is found for a stacking angle similar to that experimentally demonstrated 

(α = 40°). The theoretical results are then extrapolated to high performance thermoelectric 

materials showing that for a realistic shrink ratio of 50%, a power density of 31 mW m−2 can 

be achieved. This power output is similar to a bulk thermoelectric module for a comparable 

areal density of thermoelectric material. Further increases in performance are expected with 

implementation of thermal interface layers with higher thermal conductivity. 

The results suggest that for low power density applications with low-quality waste heat, 

the heat shrink C-TEG module may provide a cost-performance advantage as compared to 

conventional TEs. This is due in-part to the simple heat-shrink approach that is compatible 

with low-cost, scalable fabrication methods. The geometric details of the C-TEG module can 

also be easily modified by varying the heat shrink ratio of the individual PET layers. This 
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includes the formation of cylindrical shapes40. This allows for application to non-planar 

geometries with the ability to optimize element packing density for a specific application. 
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1.3 Performance expectations of a woven thermoelectric generator 

1.3.1 Introduction and motivation 

Thermoelecric generators (TEGs) are a highly attractive energy conversion technology to 

capture waste heat given their thin form factor, and lack of moving parts16,56,57. One 

particularly attractive application of TEGs is in wearable electronics, where the TEG can 

reduce or completely replace an on-board battery to power the electronic devices. 58–67 Thus, 

there is a desire to develop thermoelectric (TE) materials and devices that are compatible 

with wearable technologies. For wearable TEGs it is important that the module can make low 

thermal resistance contact with the body, and that it is able to change shape in a way that is 

comfortable to the wearer. A highly attractive approach to achieve this goal is to integrate the 

thermoelectric elements directly into a woven textile 67–74. 

Thermoelectric elements can be integrated with textiles through connecting traditional 

and commercially available TEGs to a fabric, through impregnating TE elements into a fabric 

host67–69,71–74, or through processing the TE materials in a fiber form factor that is then woven 

into a fabric 41,70,75, as shown in Figure 9. In these approaches, only the last approach is able 

to have fabric-like mechanical properties that will allow for seamless integration into a fabric 

– maximizing comfort and aesthetics. In the directly woven approach, the TE materials may 

be embedded into an insulating fiber host, or an insulating fiber can act at the substrate for 

the TE materials. In the later approach, Yadav et al. demonstrated a fiber TE couple by 

thermally evaporating silver (Ag) and nickel (Ni) onto one side of a silica fiber41. Liang et al. 

demonstrated a single leg glass fiber based TEG made of PbTe with both high performance 

as well as flexibility by using a solution-phase deposition method 75. However, they both 

stopped at individual fibers without fabricating a textile module. More recently, Lee et al. 
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demonstrated the example of flexible woven TEG textiles based on electrospun polymer 

nanofiber coated with Bi2Te3 and Sb2Te3 
70. The textile module was able to output 0.856 

mW/cm2 with temperature difference of 200oC applied in the textile thickness direction. 

These demonstrations are very promising, and highlight the significant progress continuing to 

be made in this TEG approach. However, the performance expectations of such as design for 

wearable applications have not been established. In addition, with the goal of seamless 

integration into a fabric, the ability to efficiently reject the heat becomes a challenge 69. The 

low heat rejection ability will cause heat accumulating at the cold side and eventually 

increase the cold side temperature (Tc) and will dramatically damage the device performance. 

In high performing wearable thermoelectric from commercial elements, a large heat sink was 

employed. However, this method has the drawback of heavy, uncomfortable and potential 

bad contact, which makes it not applicable to woven TEG. Alternatively heat spreading to 

reduce the convective thermal resistance can be employed76,77. Heat spreading layer is widely 

used between large bulk heat sink and electronics component as well as TEG to ensure a 

good contact for heat dissipation 76–78. For wearable TEG, it’s more feasible to employ planar 

heat sink that in the same plane as the fabric part. By using high thermal conductivity fiber, 

the heat transferred from human body can be spread out to planar heat sink and rejected 

efficiently.  

Here we show a fabric TEG design that is able to dissipate the heat efficiently and 

maintain a finite temperature difference between hot and cold side under heat sink limited 

conditions. This new design employs a corrugated structure that combines conventional bulk 

TE design and in-plane thin film TE device, as studied in previous research 38,49,79,80. 

Employing this structure allows the heat go through the out of plane direction of the device to 
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be compatible with large area application, while at the same time go through the in plane 

direction of TE material so as to maintain a substantial temperature difference 38,49,79,80. The 

heat dissipation is realized by transporting heat away from the cold side by highly thermal 

conductive fiber to a thin planar heat sink sheet. The heat sink sheet is fabricated into the 

TEG fabric patch to ensure a good integrity. Recently, Bahk et al.74 and Suarez et 

al.69considered the performance expectations of a wearable thin film thermoelectric module 

that took a more conventional cross-plane thermoelectric geometry. Here, we would like to 

focus on a fiber woven structure and the geometric and materials considerations for this type 

of architecture. Furthermore, we have explored the needs for thermal spreading and rejection 

through an approach that is compatible with the woven fabric approach. And also, the 

feasibility analysis was conducted aimed at supplying power for wearable electronics. Unlike 

traditional electronics, wearable electronics especially self-powered electronics needs to be 

designed to consume much less power for sustained operation. And this is usually achieved 

by integrating electronics onto a single system on chip (SoC) 81,82. By using this technique, 

the power consumption can be reduced to tens of micro watts and can be easily powered by 

TEG 81,82. And differed from other applications, wearable TEG needs to be area-effective due 

to the limited space in human body, and one needs to consider not only the performance 

(higher Th) but also the wearer’s comfort level. The overall human skin surface area is around 

1.9 m2, however there are only certain parts that are suitable for TEG. Usually head and trunk 

have a higher skin temperature than legs, arms and feet, which can produce more power. 

While arms have an advantage of improving heat rejection by increasing the heat convection 

coefficient while walking and swinging. The skin area for this suitable area (i.e. trunk and 

arms) is about 1 m2 and this will be the limit for effective TEG harvesting. 
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Figure 9. Approaches to wearable TEG through (a) integration and (b) woven fabric 

 

 

Figure 10. Schematic of (a) the textile TEG patch, (b) one unit of woven TEG and (c) side 

view of one-unit textile TEG 
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1.3.2 Device architecture and material properties 

There are many possible weave patterns for a fiber based TEG 70. Here, we focus on a 

modified plain wave design illustrated in Figure 10. This design captures many of the 

structural features that will dictate performance in various weave patterns, including spacing 

of elements, parasitic losses from insulating fibers, and means of heat spreading and 

rejection. In this architecture, the TE material is deposited onto a thin square fiber substrate 

(TE fiber) and connected by metal interconnection. The TE fibers are then woven between 

two round fibers. The direction that TE fibers lie along is called the weft direction and warp 

direction for the perpendicular one70. Supporting square fibers with relatively high stiffness 

are placed between every two TE fibers in the weft direction and between the two round 

fibers to sustain the whole structure and to maintain the weave geometry when an external 

force is applied on the device. They are also served as a spacer/insulator to prevent the 

potential shorting between TE materials. Finally, the top fibers act as thermal transport 

materials, to spread the heat laterally for improved heat rejection – by increasing the 

convective heat transfer surface area. Additional details of the heat sink design 

considerations are provided below.  

To explore the potential opportunity of this new structure, a TE couple with a high ZT 

value of approximately 1 at room temperature is chosen in this analysis, with Seebeck 

coefficient (STE) = 100 µV/K, electrical resistivity (ρTE) = 10 µΩ m and thermal conductivity 

(κTE) = 0.3 W/mK. The TE fiber, top fiber, bottom fiber and supporting fiber are all 

considered to be electrical insulators (ρ = ∞). For a TEG device design, it’s important to force 

the heat to go through the TE material as much as possible, and at the same time reject the 

heat away from the cold side efficiently to maximize the temperature difference across the 
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TE couples. Therefore, a low thermal conductivity value of 0.03 W/mK based on the 

polyacrylonitrile (PAN)83 are assigned to the supporting fiber and bottom fiber, and high 

thermal conductivity of 1000 W/mK is chosen for the top fiber. A more detailed analysis 

related to the high thermal conductivity fiber will be shown later.  

1.3.3 Analytical model 

The basic model for analyzing conventional bulk TEG performance in the limited heat 

sink condition has been established in the previous study 27. In that case, the parasitic heat 

loss through the air is usually neglected and the thermal resistance network is merely a 

simple circuit with convection resistance (Rc) in series with TE resistance (RTE). The 

temperature difference (TE) applied on the TE element can be simply obtained by equating 

the heat leaving the TE leg cold side to the one entering the heat sink 27. And then the output 

power or power density can be calculated using the following equation, 

𝑃 =
(𝑛𝑆𝑇𝐸∆𝑇𝑇𝐸)2𝑅𝑜

(𝑅𝑖+𝑅𝑜)2 ,      (11) 

in which n is the number of the TE couples, STE is the combined Seebeck coefficient of TE 

couples, Ro is the load electrical resistance and Ri is the internal electrical resistance. When 

the Ro matches with Ri, the output power reaches the maximum value, and is given by 

𝑃𝑚𝑎𝑥 =
(𝑛𝑆𝑇𝐸∆𝑇𝑇𝐸)2

4𝑅𝑖
,       (12) 

and the maximum power density (pmax) is given by 

𝑝𝑚𝑎𝑥 =
(𝑛𝑆𝑇𝐸∆𝑇𝑇𝐸)2

8𝑅𝑖𝐴
,       (13) 

where A is the occupied area. Internal electrical resistance is determined by TE dimension 

and electrical property and is given by 



32 
 

𝑅𝑖 = 𝜌𝑇𝐸
𝐿𝑇𝐸

𝑤𝑇𝐸𝑡𝑇𝐸
,      (14) 

where ρTE is the combined electrical resistivity of TE couple, LTE is the leg length, wTE is the 

TE couple width and tTE is the TE couple thickness. However, in our woven TEG 

architecture, TE cannot be obtained by only solving one equation due to the higher 

complexity of the structure. In this structure, since there is no cover on the top, the air 

convection not only happens at the cool side of TE leg but also at each surface open to the 

air, such as the surface of TE element (Rc-TE), the upper surface of bottom fiber (Rc-bottom), 

supporting fiber (Rc-frame) as well as top fiber (Rc-top) where is not covered by TE fiber. 

Besides, the parasitic loss from the bottom fiber (Rbottom), supporting fiber (Rframe), air (Rair) as 

well as contact resistance (Rcon-bottom and Rcon-substrate) are also considered in this model. Fig. 

11(a) shows the simplified thermal resistance network of this woven TEG structure. The 

stable temperature as a boundary condition is assumed to be at the inner surface of the skin, 

and the skin resistance both in the vertical (Rskin-noncon and Rskin-con) as well as laterally (Rskin-h) 

direction are also considered. In this case, to simply the model, all the heat transportation is 

considered to be one-dimensional. Then this complex circuit is further reduced to one single 

equivalent resistance and one equivalent voltage in series with TE/substrate resistance using 

Thevenin theorem. This allows one to isolate the TE element out of the complicated circuits 

and be able to calculate the temperature difference applied between TE legs and eventually 

calculate the maximum power density using Eqn. (13).  
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Figure 11. (a) Thermal resistance network for analytical model and (b) ∆TTE as a function of 

contact resistance coefficient hcon for both Analytical model and Finite Difference method 

(ANSYS).  
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 The maximum power density for one single TE couple with different contact resistance 

(Rcon) was first investigated using both analytical model and finite element numerical 

simulation (ANSYS). As one major thermal loss for wearable TEG, Rcon mainly comes from 

poor contact between TEG and human skin 84. The contact resistance can be expressed using 

heat transfer coefficient hcon in the following equation 

𝑅𝑐𝑜𝑛 =
1

ℎ𝑐𝑜𝑛𝐴𝑐𝑜𝑛
,      (15) 

where Acon is the contact area. In this analysis, the dimension of TE leg is chosen with TE leg 

length LTE = 2.5 mm, TE leg width wTE = 0.5 mm, and TE leg thickness tTE = 10 µm. The 

dimension of fabric structure is chosen with top fiber diameter d1 = 0.3 mm, bottom fiber 

diameter d2 = 0.3 mm, TE substrate fiber thickness ts = 0.1 mm, stacking angle θ = 90o and 

length along wasp direction for one-unit Dwa = 1 mm. The heat sink ratio x, which is defined 

as 

x = Aex/Ap,       (16) 

where Aex is the surface area of the heat sink sheet and Ap is the projected area of one TE 

couple, is set to 0 here, which means no heat sink is connected. The other dimensions can 

then be determined based on above-mentioned dimensions. The dimensions chosen here are 

optimal geometry that will potentially result in a higher performance based on geometry 

analysis that will be shown in the later text. The boundary condition is chosen with heat 

convection coefficient hc = 5 W/m2K and ambient temperature Ta = 27 oC.  

Initially, the results from analytical model and simulation method with the same 

boundary conditions show a small difference, and this variation seems to be a function of 

angle θ and also associated with contact thermal coefficient hcon. In order to reduce the error 

of analytical model and better match with simulation result, the contact thermal resistance is 
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multiplied by a coefficient as a function of θ, and the results of modified analytical model as 

well as ANSYS is shown in Figure 11(b). It shows that TE from analytical model increases 

from about 0.6 oC to 1.2 oC when hcon increase from 10 W/m2K to 1000 /m2K with the skin 

temperature (Tskin) of 34.4 oC and it matches well with result from ANSYS. This result 

indicates the contact resistance has a significant impact on the temperature difference across 

TE leg and eventually on TEG performance. To further validate the analytical model, a 

different boundary condition with temperature of 100 oC instead of 34.4 oC is employed and 

the results from the two methods are still found to match well. This validated the 

effectiveness of proposed analytical model and further geometry analysis and feasibility 

analysis is ready to perform with this model. 

1.3.4 Results and discussion 

Geometry analysis 

For a certain geometric design, it is important to perform geometry analysis to explore 

the potential variables for obtaining the best performance. For wearable applications, it is 

necessary that we capture realistic boundary conditions. The temperature difference across 

the TEG is expected to be relatively small, the purposefully pulling a high thermal flux 

through the TEG will result in an undesirable cold sensation 74. The skin temperature also can 

be different at different locations 85. Here, we adopt the boundary conditions at human chest, 

where the skin temperature is set to be 34.4oC at the ambient temperature of 27oC. And the 

contact thermal coefficient between skin and surface of TEG hcon is set to be 50 W/m2K. For 

wearable application, it is unrealistic and undesirable to apply a forced convection heat sink 

or other medium like water. Therefore in this study, a natural convection through air is 
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assumed as the heat sink boundary condition and the heat convection coefficient hc is set to 

be 5 W/m2K. 

Here we first study the single unit of this TE fiber device’s performance based on 

different TE geometry under limited heat sink condition and the results are shown in Figure 

12(a) and (b). Here two power density values are calculated based on different occupied area. 

One is defined as 

pmax = Pmax/Ap,       (17) 

and the other one is defined as 

p’max = Pmax/(Ap + Aex).     (18) 

pmax provides the information about the performance of only TE element, while p’max 

represent the performance of the whole device. They have a relationship that can be 

described as 

p’max = pmax/(1+x).      (19) 

This allows one to capture not only the performance of TE element, but also focus on the 

area consumption of the whole device. The result shows that for each heat sink condition, 

there exists an optimal leg length that results in the maximum power density. In this case, the 

combined thermal resistance of TE couple and TE substrate matches with the equivalent 

resistance Rth, and the temperature drop across the TE leg is almost half of the equivalent 

voltage Tth, based on the thermal impedance match theory 27. For x = 0, the optimal LTE is 

found to be around 2.5 mm and pmax (same as p’max when x= 0) of 2.16 mW/m2. This value is 

lower than that of TEG made of bulk material mainly due to smaller packing density and 

smaller temperature difference across TE leg. The packing density of TE material (C) is 

defined as, 
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𝐶 =  
𝑡𝑇𝐸𝑤𝑇𝐸

𝐴𝑝
.       (20) 

For the normal bulk TEG, usually C is at a value of about 25%, while in our case it varies 

from 0.05% to 4.7% depending on what TE and fiber dimensions are chosen. Since for a thin 

film device, which employs the in-plane direction properties of the material and the substrate 

is always inevitable, finding an efficient approach to improve C will be necessary to achieve 

a good pmax. It also found that both pmax and p’max are almost linear with the TE thickness 

within the chosen range. This is mainly because the increasing packing density associated 

with the increment of tTE.  

Unlike the traditional bulk TEG, the geometry of this fabric TEG is more complicated 

due the evolvement of fabric fibers. To better understand how the fabric part will influence 

the TEG performance, it’s necessary to perform analysis based on both fiber geometry as 

well as fiber property. The power density as a function of each fiber geometry is shown in 

Fig. 12(c)-(f). It is found that pmax decreases with increasing d1, and ts, and decreasing θ. This 

is mainly a result of different packing density, that with the smaller dimension of each fiber, 

the packing density of the TE element will increase. Besides, it is also found that pmax drops 

more with increasing ts than d1 due to the deduction of the combined thermal impedance of 

the TE/TE substrate also associated with the increasing ts. On the other hand, pmax reaches the 

maximum value at the certain optimal d2, which is the result of trade-off impact on d2 by 

contact resistance and packing density. 
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Figure 12. Output power density as a function of (a) TE couple leg length, (b) TE couple 

thickness,(c) top fiber diameter, (d) bottom fiber diameter (e) TE fiber thickness and (d) TE 

fiber angle with different heat sink area ratio.  
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Figure 13. Power density as a function of TE leg length and bottom fiber diameter with heat 

sink ratio of (a) 0, (b) 0.5 and (c) 2. 
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The above analysis shows that the TEG performance follows a single trend for some 

parameters (d1, θ, ts and tTE) while possesses the maximum value with others (d2 and LTE). 

Here we plotted the power density as a function of both LTE and d2 to find the most optimal 

geometry at a certain boundary condition with hc = 5 W/m2K and different x and the result is 

shown in Fig 13. The other parameters are chosen with d1 = 0.3 mm, θ = 90o, ts = 0.1 mm and 

tTE = 10 um. The results show that when x = 0, the optimal p’max of 1.48 mW/m2 happens 

when LTE = 2.8 mm and d2 = 0.45 mm. As x increases, optimal LTE is found to decrease while 

d2 increase. This phenomenon can still be explained by thermal-impedance match theory, 

although, instead of equating two terms-thermal resistances of TE leg and heat sink-, three 

terms which include the contact thermal resistance are believed to match with each other to 

reach the maximum power density. In this case, for a given heat sink condition (hc), the 

optimal LTE and d2 determine a similar thermal resistance among TE leg, heat sink and skin 

contact and eventually result in the best performance. This finding is important and helpful to 

optimize the design when both hot and cool side of TEG is unable to maintain a stable 

temperature boundary condition.  

The fibers also provide a potential path for the heat loss. To determine if this will have a 

substantial effect on the performance, we conducted the performance analysis with different 

thermal conductivity of the bottom fiber (κb) and supporting fiber (κf). The result shows that 

the performance loss is less than 8% even when both the kb and κf go up to 5 W/mK. This 

value is much higher than the thermal conductivity of common textile material86. Therefore, 

the parasitic loss from the bottom and supporting fiber can be neglected in this fabric TEG. 
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Figure 14. Temperature profile of the top fiber for various top fiber thermal conductivity (κt) 

for a top fiber length (Lt) of (a) 25 mm and (b) 100 mm. (c) Power density as a function of κt 

for various of Lt and x. 

 



42 
 

Thermal conductive fiber analysis 

TEG with stronger heat dissipation power would significantly increase the ∆TTE and 

improve the output power density. Unlike other TEGs which are usually parallel connected to 

the heat sink on the top of the cold side, we employ high thermal conductivity fiber to 

transport heat to the heat sink which is connected with TEG in a series manner. Therefore, it 

would be important to explore the top fiber’s thermal conductivity’s (κt) effect on ∆TTE and 

power density. This analysis is conducted by FEM using ANSYS Workbench. The geometry 

for FEM is chosen with the d1 = d2 = 0.3 mm, LTE = 2.5 mm, wTE = 0.5 mm, tTE = 10 um, ts = 

0.1 mm, θ = 90o and x = 2. The boundary condition assumes that the TEG is placed on the 

human skin with surface temperature of 34.4oC and ambient temperature of 27oC. The heat 

convection coefficient hc is assumed to be 5 W/m2K and contact heat transfer coefficient hcon 

is 50 W/m2K. The temperature profile for top fiber with different thermal conductivity (κt) is 

first shown in Fig. 14. In Fig. 14(a), it shows at low κt, the temperature in the middle of top 

fiber is about 29.2 oC, while 27.8 oC at the end where near the heat sink sheet. This suggests 

the heat transferred from the hot side mostly accumulates in the top fiber and is unable to 

transfer to the heat sinks for an efficient heat rejection. With the κt increasing, the middle of 

temperature curve start to drop down and the temperature at the end of fiber start to increase. 

This trend of temperature-distributed uniformity indicates more heat is transferred to the heat 

sinks. When κt is above 100 W/mK, temperature difference along the top fiber becomes very 

small and goes below 0.1 oC. And we call this κt the optimal thermal conductivity (κtopt). In 

this case, the TE couple and heat sink are well thermally connected and ∆TTE is mainly 

limited to the heat sink capability to dissipate heat. It is also found that κtopt will vary based 

on the top fiber length (Lt). A bigger Lt between the heat sink sheets usually requires a higher 
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κfopt and vice versa. For a structure with a Lt of 100 mm, even with κt equal to 500 W/mK, 

temperature gradient still exists in the top fiber along the length direction as shown in Fig. 

14(b), while for the smaller Lt of 25 mm, a κt of 100 W/mK is enough.  

The inability to transport heat to the heat sink efficiently due to the low thermal 

conductivity of top fiber will dramatically reduce the performance of the TEG device by 

holding back ∆TTE. The power density as a function of κt is plotted in Fig. 14(c). pmax with x 

= 2 at low κt is almost equal to pmax with x = 0. When κt increases, pmax for Lt = 25 mm 

reaches the optimal condition at κt equal to 100 W/mK, while the one for Lt = 100 mm can 

only be maximized until κt above 500 W/mK. It’s also found the pmax for x = 0 is almost 

independent of κt. This is expected because in this case, the heat doesn’t need to transfer in 

top fiber laterally much before it can be rejected from the top fiber surface.  

Feasibility analysis 

To gain more insight into the fabric TEG, a feasibility analysis for the TEG to power 

wearable electronics with different power consumption (Pa) is conducted. The dimensions of 

TE material and fibers are chosen with which the maximum power density can be achieved 

based on previous analysis. Here, we use overall TEG/heat sink area (Aoverall) needed to 

power the wearable electronics to characterize the feasibility of this fabric TEG. The overall 

area needed (Aoverall) for powering the sensor is given by, 

𝐴𝑜𝑣𝑒𝑟𝑎𝑙𝑙 =
𝑃𝑎

𝑝′𝑚𝑎𝑥
.      (21) 

The results of Aoverall as a function of x are shown in Figure 15. It shows that Aoverall is 

minimum at x = 0, and increase with the increasing of x. The difference due to the effect of 

thermal conductivity of top fiber κt is also shown in the figure as the colorful band. The 
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boundary of the band corresponds to the limit κt of 1000 W/mK and 0.01 W/mK respectively. 

It clearly shows that Aoverall can vary significantly with different κt, indicated by the 

bandwidth, and a big x usually results in a big variation.  

 

Figure 15. Overall area (Aoverall) needed as a function of target output power (Pa) for various 

heat sink ratio (x) and top fiber thermal conductivity (κt). 

The feasibility analysis above is based on the conservative assumption and it’s important 

to ensure that the hypothetical parameters are realistic to manufacture or achieve. In this case, 

the minimum Aoverall is around 0.1 m2 for 100 µW device, which is a relatively big area. 

However it has the potential to be further improved with the development of science and 

technology, and therefore it’s also important to explore such limitation under the most ideal 

condition. With this purpose in mind, another feasibility analysis is conducted based on the 

ideal yet maybe unrealistic parameters, with ZT = 2, LTE = 2.5 mm, d1 = 0.3 mm, d2 = 0.5 

mm, tTE = 50 µm, ts = 0, θ = 90o, x = 0, hc = 4.8 W/m2K. The result shows the power density 

can reach 88.6 mW/m2 and Aoverall can be reduced to 56 cm2 to power a 500 µW wearable 

electronics. This can be easily applied at most skin region in human body. The result 
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suggests that this woven TEG design is feasible and can be potentially applied on human 

body served as power source for wearable electronics.  

1.3.5 Conclusion 

We theoretically investigated a fabric TEG that employs thin film TE material deposited 

onto a square fiber that woven into a plain weave fashion with two other fibers at top and 

bottom. We first conducted the performance analysis under limited heat sink condition where 

heat dissipated by natural convection with air. In this case, the highly thermally conductivity 

is applied for the top fiber in order to transport heat to heat-sink sheet efficiently. The 

performance is shown to be sensitive to fabric geometry parameters such as TE couple leg 

length (LTE), TE couple thickness (tTE), top fiber diameter (d1), bottom fiber diameter (d2), TE 

fiber thickness (ts), angle of the TE fiber (θ), and heat sink parameters such as heat 

convection coefficient (hc) and added heat sink ratio (x). For a long top fiber length of 100 

mm, the thermal conductivity of top fiber (κt) needs to reach at least 500 W/mK to make sure 

the heat can be transport to heat sink efficiently to maximize the power density. Reducing the 

top fiber length to 25 mm can help reduce the requirement of κt to below 100 W/mK. Then 

the feasibility by harvesting human body waste heat energy using this TEG based on 

conservative and ideal condition is conducted. The results show that with further 

improvement, this woven TEG has the potential to power a 500 µW electronics with only an 

area of about 56 cm2. This suggests this fabric TEG may be advantageous in human being 

application and served as a reliable approach to power future wearable electronics.  
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1.4 Summary and potential future work 

1.4.1 Summary of present work 

Thermoelectric generator device has been proposed for almost 50 years and is struggling 

to be widely commercially adopted. While chasing a high-performance material is one way 

to improve the efficiency TEG, reducing the fabrication cost is the key to broaden its 

application. And a rational design can contribute to both high performance as well as cost 

reduction. In this work, we showed an innovative approach to fabricate the thin film TEG 

with corrugated architecture by using a heat-shrink fabrication process. We then theoretically 

consider the performance of this device architecture with high performance thermoelectric 

materials in the heat sink limited regime. The results show that the heat-shrink approach is a 

simple fabrication method that may be advantageous in large-area, low power density 

applications. The fabrication method is also compatible with simple geometric modification 

to achieve various form factors and power densities to customize the TE generator for a 

range of applications. We then apply the corrugated structure to woven fiber that can be used 

to power the wearable electronics by reusing the waste heat generated from human body. The 

performance of this woven TEG is theoretically analyzed under limited heat sink condition, 

in which the rejected heat is dissipated by thermal convection through the top fiber and 

connected heat sink sheet. The results show that the max output power density is sensitive to 

the packing density, heat sink condition and thermal conductivity of the top fiber. The 

feasibility shows this fabric TEG has the potential to power a 500 µW electronics with an 

area of about 56 cm2. This suggests this fabric TEG may be advantageous in human being 

application and served as a reliable approach to power future wearable electronics. 
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1.4.2 Suggestion for future work 

The corrugated TEG is sensitive to the structure geometry. Therefore, further 

optimization can be made in reducing the substrate thickness, increasing the film thickness 

and increasing the contraction angle. It also shows a reduction of electrical property at the 

bending junction, therefore employing a more flexible material such as conductive polymer 

should provide better mechanical properties.  
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2 Stretchable organic semiconductors 

2.1 Introduction 

2.1.1 Conductive polymer 

The first conductive polymer (CP), polyaniline, was described in 1862 by Henry 

Letheby87. After more than 100 years, Alan J. Heeger, Alan MacDiarmid and Hideki 

Shirakawa reported a high conductivity polymer, polyacetylene doped with iodine, which 

started the modern study on the conduction mechanism of conductive polymer, and this 

achievement was awarded the 2000 Novel Prize in Chemistry for the discovery and 

development of conductive polymer (Figure 16) 88,89. 

 

Figure 16. The Nobel Prize in Chemistry 200088. 

The conductive polymer is a special group of polymers that possess alternating single and 

double bonds or aromatic rings in their backbones (Figure 17). The conjugated double 

bonds, (i.e. pi bonds), are the key for a conductive polymer having metallic or semiconductor 
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properties. The conjugated p orbitals combine with each other to create an electronic band, 

within which region the electrons become highly mobile.  

 

Figure 17. Chemical structure of three conductive polymer: polyacetylene, P3HT and 

PEDOT 

Compared with metals and inorganic materials, the charge mobility for CPs is usually 

low. Therefore, it’s difficult and unrealistic for CP to replace the role that traditional 

inorganic materials are playing, but CP will provide a perfect supplement in applications 

where inorganic material are not well suited. Conductive polymer possesses some 

extraordinary properties, such as flexibility, semitransparency, low-weight, small 

environmental impact, and simple fabrication processability. Today, great interest has grown 

in CPs and the materials are maturing with a large number of novel electronic devices being 

demonstrated such as bio-integrated device90, actuator91, supercapacitors92, organic light 

emitting diode93, organic photovoltaic 94–96 and sensors97–99. The conductive polymer usually 

employs thin film structure in devices, and can be easily printed or coated onto diverse types 
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of substrates, which gives it the possibility to be fabricated using roll-to-roll process to 

reduce cost (Figure 18).  

 

Figure 18 Slot-die coating of the silver back electrode onto PEN. The wet print that has an 

opaque green color is seen behind the slot-die coating head (top right). The dried and highly 

reflective silver back electrode is shown on the rewinding side (top right). The menisci 

during coating of the eight stripe module is also shown100. 

2.1.2 Stretchable polymer semiconductors 

The electronics that are able to survive under large deformation has received a great 

attention in recently years. The potential application includes bio-integrated device that is 

expected to replace the part of human being, as well as foldable electronic device in daily life 

such as smart phone and wearable electronics. The material for traditional electronic is 

usually based on Si and therefore rigid and brittle. In order to make these devices stretchable, 

special design to release the energy under deformation is necessary. A popular method is to 

connect the rigid device island with flexible connection and moves out of plane when under 

deformation. An example is given here in Figure 19, that the complementary metal-oxide-
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semiconductor (CMOS) is connected with non-coplanar bridges101. Another popular 

configuration to achieve stretchability is employing out of plane buckling structure102–104, as 

shown in Figure 20. To achieve this, a soft elastomer substrate is pre-strained followed by 

printing a rigid semiconductor film. After the pre-strain is released, the thin film is forced to 

form the wrinkle or buckling structure. These types of methods are based on the well-

developed traditional inorganic fabrication process and therefore are aligned with current 

manufacturing instrument. However, the cost and the requirement for the out of plane 

movement limit its application as well as performance. Therefore, it would be idea to develop 

semiconductor material that is intrinsic stretchable that can avoid the complex structure 

design. 

 

Figure 19. (A) SEM image of an array of stretchable CMOS inverters with noncoplanar 

bridges that have serpentine layouts (Left) and magnified view (Right). (B) Optical images of 

stretching tests in the x and y directions101. 
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Figure 20 (a) Optical images of a large-scale aligned array of wavy, single-crystal Si ribbons 

(widths = 20 µm, spacings = 20 µm, thicknesses = 100 nm) on PDMS. (b) Angled-view 

scanning electron micrograph of four wavy Si ribbons from the array shown in (a)104.  

Conductive polymers (CPs) is an attractive material system for the potential intrinsic 

stretchable semiconductors given the ability to manipulate their plasticity, and the long 

history in the development of polymers with large reversible elasticity (i.e., elastomers). In 

addition, solution-processed polymer semiconductor has been reported with hole mobility 

over 10 cm2/Vs105. This value exceeds that of hydrogenated amorphous silicon with mobility 

on the order of 1 cm2/Vs106. However, a polymer with good stretchability usually possess a 

low charge carrier mobility, and vice versa. For example, Peng et al create a co-polymer 

semiconductor that is able to be stretched to 140%, but the field effect mobility was limited 

to around 10-4 cm2/Vs107. This is mainly because the necessities for high carrier mobility such 

as high degree of crystallinity and rigid chains are disadvantageous to the deformation of  
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polymer, Figure 21108,109. Recently, Son et al suggest in their work that generating localized 

aggregates instead increasing the crystallinity is an efficient method to improve the charge 

carrier transport110. This might provide another approach to increase the polymer’s electrical 

property while maintaining the advantages in mechanical property.  

 

Figure 21. Tensile modulus vs. hole mobility for polythiophenes. (a) The tensile modulus 

and hole mobility of P3HT are lower than that of PBTTT. Both the stiff- ness and hole 

mobility increase when as cast PBTTT (PBTTT-AC) is annealed at 180oC (PBTTT-AN). The 

increase in tensile modulus and mobility of PBTTT compared with P3HT is attributed to 

improved order in PBTTT. Further ordering occurs in PBTTT when it is annealed, also 

leading to improved mobility and increased stiffness. (b) The tensile modulus and hole 

mobility of P3HT simultaneously increase with increasing regioregularity of the side-chains. 

The increase in both properties is likely due to the increased ability of regioregular P3HT to 

form ordered aggregates, which have improved charge transport properties, but is also 

stiff108,109.  

One of the efficient way to improve the stretchability of the polymer semiconductor is by 

mixing with another elastomer component that possess better mechanical properties107,111–116, 

as shown in Figure 22112. The common elastomers are polydimethylsiloxane (PDMS)113 and 

polystyrene-block-poly(ethylene-co-butylene)-block-polystyrene (SEBS)112,115 due to being 

elastomers with good mechanical compliance and easy fabrication process.  In this case, in 

order to maintain the electrical property of the blend film at the presence of the insulator 
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elastomer, a phase separation is necessary for the change carrier mainly transporting through 

the functional semiconductor polymer. For devices like a transistor that the charge only 

transport within several nanometers in the semiconductor surface, a vertical segregation 

between two components is required, as shown in Figure 22(b)112 and Figure 23117.  

 

 

Figure 22. (a) A 3D schematic of the desired morphology composed of embedded nanoscale 

networks of DPP-TT polymer semiconductor to achieve high stretchability, which can be 

used to construct a highly stretchable and wearable TFT. (b) A 3D illustration of vertical 

segregation of blend film. (c) AFM phase images of the top and bottom interfaces of the 

blend film with 70 wt% SEBS.112 
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Figure 23. (a) Schematic of the segregation character of the 1:1 and 1:4 blend films. (b and 

c) TOF-SIMS results for vertical segregation of the (b) 1:1 and (c) 1:4 blend films on a Si 

substrate with its native oxide layer. The CN− ion is unique to the PCDTPT polymer117. 
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Adding plasticizer would be another way to improve the stretchability of CPs118–121. The 

plasticizer increases the free volume and therefore reduce the glass transition temperature 

(Tg) of the polymer. For now, this method is mainly applied on the highly conductive 

polymer poly(3,4- ethylenedioxythiophene):polystyrene sulfonate (PEDOT:PSS). In fact, the 

plasticization of PEDOT:PSS shows improvement on not only the mechanical compliance 

under deformation, but also on the electrical conductivity, as shown in Figure 24. The 

increased electrical property is likely due to the improved crystallinity of PEDOT and the 

ordering of the PEDOT nanocrystals in the solid films122.   

The stretchability of polymer is also shown to be related to their micro structure such as 

molecular weight, side chain structure, packing order, and so on123–126. Recently, Lu et al. 

showed that branched side chain and edge-on backbone contribute to better mechanical 

compliance as well as electrical performance under strain and obtained charge carrier 

mobility of 0.1 cm2/Vs under 100% strain125. The enhanced ductility mainly comes from the 

reduced order of alkyl chain packing order in the crystalline domain as well as the 

amorphous region with branched side chains compared with linear side chains. These 

molecular features results in a “softer” thin film with lower Tg
127, Figure 25.  
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Figure 24 (a) Sheet resistance as a function of both DMSO and Zonyl concentration in the 

ink. b) Plot of normalized resistance ( R/R0 ) vs strain for PEDOT:PSS films spun from 0.1% 

and 10% Zonyl (with constant 5% DMSO) transferred onto PDMS substrates. Shaded areas 

represent the crack-onset strains (CoS) of the respective films. The widths of the shaded 

areas are two times the standard deviations for the measurements of crack-onset strain. The 

different marker symbols (squares, triangles, etc.) refer to different films coated from the 

same solution118. 
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Figure 25 (a) DSC thermogram of the studied polymers at heating/cooling rate of 10 °C 

min−1, (b) DMA curves of samples at frequency of 1 Hz and heating rate of 10 °C min−1. The 

structures of studied polymers are shown on the right. 

2.1.3 Characterization methods 

 

A variety of characterization methods have been developed to better understand 

conductive polymer of material properties including mechanical properties, electrical 

properties, optical properties, morphology, etc. Here, we introduce some common 

characterization methods used to analyze the polymer thin films.  

Ultraviolet visible spectroscopy 

Ultraviolet visible spectroscopy is a measurement of attenuation of a beam of light after 

passing through a sample or reflected from the surface of a sample. The sample can be either 
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solid or solution. Due to different number and arrangement of sigma, pi bonding and 

nonbonding electrons within the conductive polymer resulting in different electron transition 

energy in the molecule, the conductive polymer sample absorbs light with different 

wavelength and shows varied absorption spectrum. Figure 26 shows absorption spectrum for 

two different polymers P3HT and PCDTPT. From the figure we can see that P3HT mainly 

absorbs light within the wavelength range between 400 nm and 650 nm and the absorption 

reach the maximum at 550 nm, while PCDTPT has a different absorption range between 700 

nm and 950 nm with the maximum absorption wavelength around 900 nm. Therefore, the 

UV-vis technology allows us to identify different types of CPs by comparing measured 

absorption spectra. Besides, for some conductive polymers, one can even tell the relative 

crystallinity level of a solid sample through some feature in the absorption spectrum graph. 

For example, for P3HT film, we notice there exist a small shoulder at the right of the 

maximum peak. And in a normalized absorption spectrum, a higher shoulder usually 

indicates a higher crystallinity level of the sample128.  

Figure 27 shows the UV-vis setup in our lab. We use a commercial power source to 

generate light and Ocean Optics Jazz spectrometer as a receiver to analyze the absorption or 

transmission of the sample. Between the light source and receiver, there exists 4 other parts: 

light filter, polarizer, sample holder and reference holder. The light filter is used to optimize 

the light quality as well as reduce the light power to a safe range for the receiver. The 

polarizer can generate a beam of polarized light, which is used to study the polymer chain 

orientation of anisotropic polymer films. This is done by measuring the absorption anisotropy 

of the film under linear polarized light with varied orientations. The sample holder holds the 

polymer sample together with substrate and reference holder holds the substrate only. 
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Usually the absorption measurement is done with the polymer film on a transparent glass 

substrate. Although transparent, the glass does absorb a small amount of light that may 

interfere the absorption result and it’s important to deduct this part of light absorption during 

the measurement. To achieve this, a substrate with the same processing (i.e. cleaning process, 

surface treatment) as polymer substrate is held using reference holder. Every time before the 

measurement, take the reference from the clean substrate to eliminate the effect of substrate.  

 

Figure 26. Absorbance of the PCDTPT:P3HT blend film at 75% strain and film strained to 

75% and then lowered to 10% under polarized light parallel (∥) and perpendicular (⊥) to 

the strain direction. 
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Figure 27. UV-vis setup in O’Connor research laboratory, NC State University 

Atomic Force Microscope 

Atomic Force Microscope (AFM) is one type of Scanning Probe Microscope (SPM), 

which is designed for characterization the sample’s surface morphology and structure by 

physically scanning over the specimen with a probe. Different than other SPM techniques, 

AFM works by monitoring and regulating the atomic reaction between sample and probe tip. 

Figure 28129 describes how AFM works briefly. When tip approaches the sample, the 

cantilever is deflected by the interactive force from sample surface. This cantilever deflection 

is monitored by a laser beam deflection system, in which a beam of laser is shot onto the 

back of cantilever and reflected to a position sensitive detector. The interactive force can be 

calculated from the Hooke’s law,  

N = -kz                   (22) 
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in which N is the interactive force, k is the cantilever stiffness and z is the deflection of 

cantilever tip. By maintaining a stable interactive force (by controlling setpoint value), the 

probe will move up and down while scanning over the sample surface and the image of 

sample surface can be tracked by laser position feedback loop. In our case, we use MFP-3D 

model AFM from Asylum Research, Figure 29.  

 

Figure 28. Schematic of how an AFM works129. 

 

 

Figure 29. MFP-3D model AFM from Asylum Research. 
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Electrical properties 

Charge carrier mobility (µ) is usually a primary figure of merit used to describe the 

electrical behavior of organic semiconductors since it characterizes how fast the charge 

carriers, holes or electrons, move through the material. It determines the limiting device 

operation speed performance and therefore is an important parameter for characterization.  

Charge carrier mobility for the organic semiconductor material can be extracted from thin 

film transistor (TFT) characteristic. A schematic for TFT device structure is shown in Figure 

30130. It is usually composed of five components: substrate, gate electrode, dielectric layer, 

active layer, source and drain electrode. And depending on the electrode position, there are 

bottom gate-bottom contact, top gate-bottom contact, bottom gate-top contact and top gate-

top contact configurations. In this thesis, the transistors are fabricated into bottom gate-

bottom contact configuration unless otherwise mentioned due to the easy fabrication 

processing and good quality. Figure 31 shows the source and drain electrode made of 40 nm 

gold/5 nm titanium for one transistor testbed. It’s patterned through standard 

photolithography process and fabricated by thermal evaporation. The organic semiconductor, 

which serves as active layer in the channel between source and drain electrodes, is deposited 

or transferred onto the testbed surface for electrical characterization.  
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Figure 30 Schematic representations of field-effect transistor architectures, (a) top-gate 

bottom-contact, (b) top-gate top-contact, (c) bottom-gate bottom-contact, and (d) bottom-gate 

top-contact. The arrow shows the charge conduction interface130. 

 

Figure 31. Microscope image of source and drain electrodes made of 40 nm gold/5 nm 

titanium for one transistor testbed. 

There are two voltages applied for an effective transistor device - gate voltage (VG), 

voltage applied on the gate electrode and source-drain voltage (VDS), voltage applied 

between source and drain electrodes. Our focus is on p-type transistors. When VG = 0 V 
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(ideally, but positive VG is needed in some cases), the conductance of the channel is very low 

due to the very small amount of charge carrier in the material and the device is “off”.  While 

when VG < 0 V for a p-type or VG < 0 V for n-type organic semiconductor, charge carrier 

starts to accumulate at the semiconductor/dielectric interface and moves in the presence of 

electric field induced by VDS. And at this point, the device is “on” and there is significant 

current, Ids, between source and drain electrodes. However, sometimes the point where gate 

voltage first introduces in mobile charge carrier doesn’t always correspond to VG = 0 due to 

doping, energy level mismatch, traps, etc. So, for convenience, threshold voltage (Vth) is 

created to define the point the transistor has significant charge accumulation. Figure 32a 

describes a common IDS-VDS curve at different VG. When VG>Vth and VG is held stable, IDS 

initially goes up linearly with VDS, and this region is called “linear regime”. This regime 

continues to exist until VDS reaches VG-Vth, i.e. VDS = VG-Vth, where “saturation regime” 

start to dominate. At this point, the conduction band is “pinched off” and further increase VDS 

will not increase IDS. Another way for TFT characterization is to hold VDS stable, and sweep 

VG, as shown in Figure 32b. In this case, after the device is switched on (passing 

subthreshold region), the device is operated under saturation regime first, and then gradually 

transferred to linear regime. The saturated mobility µsat can then be extracted from the slope 

of IDS
1/2 vs VG curve in the saturation regime using the following equation, 

𝜇 =
2𝐿𝑐

𝑊𝐶𝑜𝑥

𝐼

(𝑉𝐺−𝑉𝑡ℎ)2
,               (23) 

where Lc is the channel length, W is the channel width, Cox is the capacitance of the dielectric 

layer per unit area. All the mobility values in the following text would have been calculated 

using the same Eqn. 23.  
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Figure 32. (a) Example ID-VD curves for a PTCDI-C8 TFT for various values of VG. (b) 

Example ID-VG curves plotted on semi logarithmic axes for the same device for various 

values of VD. The I1/2 vs VG curve for VD =75V is shown on the righthand axis131. 
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2.2 Stretchable Film Approach 

Blending technique has been proven an efficient method to improve polymers’ 

mechanical properties such as ductility, strength and fracture toughness. In the field of 

polymer semiconductor, blending a functional polymer semiconductor with another 

elastomer also shows advantages for improving ductility115,116,132. However, although the 

electrical performance after blending with elastomer can be maintained by phase separation, 

it still shows deduction after the blend film is being strained because of the formation of 

cracks115,132. In fact, the natural property of polymer semiconductors to plastically deform 

under strain is not overwhelmed by adding elastomer and the blend film still undergoes 

plastic deformation instead of elastic deformation under large strain. Although it is tempting 

to have a polymer that can be both elastically deformed and possessing good electrical 

property, the elastomer’s natural behavior of low crystallinity doesn’t corporate well with the 

necessities for high electrical property. In comparison, it’s easier and more realistic to 

achieve stretchability through plasticity, or plastic deformation. Therefore, instead of 

blending with an elastomer to improve the stretchability, adding a ductile polymer 

semiconductor might be more advantageous in terms of higher electrical performance.  

 

  



68 
 

2.3 Plastic Deformation of Polymer Blends as a Means to Achieve 

Stretchable Organic Transistors 

2.3.1 Introduction and motivation 

(From T. Sun, J. I. Scott, M. Wang, R. J. Kline, G. C. Bazan, B. T. O’Connor, “Plastic 

Deformation of Polymer Blends as a Means to Achieve Stretchable Organic Transistors”, 

Adv. Electron. Mater. 3, 2017) 

Electronics that are able to maintain their function during large deformation provide 

opportunities for integration into a range of transformative technologies, from soft-robotics to 

bio-integrated devices90,133. This vision has resulted in a growing number of demonstrations 

of stretchable electronic devices including photovoltaics96,134, light-emitting devices135,136, 

sensors133,137, and transistors116,138,139. To impart the ability for devices to reversibly stretch, 

approaches include the use of geometric structures that minimize strain on the active 

components90,96,140 and employing intrinsically stretchable materials107,138,141. The 

development of intrinsically stretchable devices is particularly attractive due the ability to 

achieve larger device densities, greater strain limits, and seamless integration into stretchable 

applications. In order to achieve an intrinsically stretchable device, all the layers composing 

the device need to be stretchable138,139. A particular challenge in realizing these devices is the 

development of intrinsically stretchable semiconductor layers138. In the search of stretchable 

semiconductors, polymers are an attractive material system to explore given the ability to 

manipulate their plasticity, and the long history in the development of polymers with large 

reversible elasticity (i.e., elastomers)142. Examples of intrinsically stretchable polymer 

semiconductors include the demonstration of a tri-block co-polymer based on poly(3-

hexylthiophene) (P3HT) and poly(methyl methacrylate) to form a thermoplastic elastomer 

that was able to stretch by 140%107. However, the field effect mobility was limited to ≈10−4 
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cm−2 V−1 s−1. More recently, a cross-linked diketopyrrolopyrrole (DPP) polymer was 

synthesized with a consistent field effect mobility above 0.4 cm2 V−1 s−1 over a strain range 

of 20%143. Another approach has been to form a fibril network of polymer semiconductor 

material embedded into an elastomer host113,115,132. However, this approach consists of a 

sparse network of semiconductor material that may limit performance, and can still result in 

fibril fracture at large strain. An alternative approach is to modify the plasticity of the 

polymer of interest. There have been a number of reports on changing the plasticity of 

electrically conducting polymer films through modification of the molecular structure144,145, 

morphology145,146, and through the use of additives117–119,147,148. While these approaches have 

shown a change in plasticity, there have been limited reports on repeated stretchability of the 

films. Recently, the conductive polymer poly(3,4-ethylenedioxythiophene):polystyrene 

sulfonate (PEDOT:PSS) was shown to be highly deformable when incorporating the 

plasticizer Triton X-100119, which was attributed to lowering the glass transition temperature 

(Tg) of the film. However, we are unaware of demonstrations of plasticizers used in polymer 

semiconductors to achieve stretchable films138. Here, we introduce a novel approach to 

achieve intrinsically stretchable polymer semiconductors. We employ a polymer 

semiconductor blend film that is shown to plastically deform in tension and compression 

when on an elastomer substrate allowing for a highly deformable organic semiconductor with 

high charge mobility when applied in an organic thin film transistor (OTFT). Previously, 

blending polymer semiconductors has been shown to modify the mechanical response of the 

film while maintaining charge transport behavior117,149. While the ductility of films was 

shown to increase, the ability to cyclically stretch while maintaining electrical properties has 

not been shown. For a semiconductor that will be used in stretchable devices, not only is it 
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important to be able to survive large tensile strain, but also to function after the reduction of 

the applied strain. Here, we achieve this cyclic strain capability by blending a high-

performance polymer poly[4-(4,4-dihexadecyl-4H-cyclopenta[1,2-b:5,4-b,]dithiophen-2-yl)-

alt-[1,2,5]thiadiazolo[3,4-c]pyridine] (PCDTPT)150 with a highly ductile polymer P3HT. 

PCDTPT has been shown to be a high-performance polymer semiconductor when applied in 

an OTFT, but is relatively brittle and cracks at a few percent strain117. Blending P3HT with 

PCDTPT significantly increases the ductility of the film over neat PCDTPT, while also 

maintaining the charge mobility associated with the higher performing PCDTPT when 

applied in an OTFT. This behavior was attributed to vertical segregation of the PCDTPT 

toward the gate dielectric interface, while also having significant intermixing of both 

polymers throughout the films thickness, as illustrated in Figure 33117. In this work, we 

explore the ability of P3HT:PCDTPT blend films to function well under large cyclic strain. 

The morphology and charge transport is characterized for the film strained by 75% and 

released back to 10% strain, relative to its original length under a specified number of cycles. 

We show that the films can be cyclically strained up to 100 times while showing stable 

charge transport behavior owing primarily to the reversible plastic deformation behavior of 

the blend film with highly stable local polymer order. This represents a novel approach to 

achieve intrinsically stretchable semiconductor consisting solely of semiconductor materials. 

Below we first discuss the morphology of the blend film under cyclic strain followed by 

charge transport characterization. 

http://onlinelibrary.wiley.com/doi/10.1002/aelm.201600388/full#aelm201600388-fig-0001
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Figure 33. (a) Photos of an unstrained film, 75% strained film and strain-released film at 

10% strain while on PDMS. (b) Illustration of the change in film morphology during the 

cyclic strain process from a top view and side view. At large tensile strain, the illustration 

includes alignment of both polymers and partial tearing features. When the strain is reduced 

the polymer alignment reduces and tearing features narrow. The side view includes an 

illustration of the vertical segregation of the polymers found in the blend film. (c) An 

illustration of transfer printing the polymer semiconductor film from the elastomer stamp to 

an OTFT test bed.  
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2.3.2 Results and discussion 

Films were first spun cast onto octyltrichlorosilane (OTS) treated silicon and then transfer 

printed to a polydimethylsiloxane (PDMS) elastomer substrate. The film-PDMS stack was 

then elongated in tension to a specified strain. For cyclic strain, the film-PDMS stack was 

strained to 75% and then strain was released back to 10% relative to its unstrained state, and 

repeated for a specified number of cycles. After the strain process was complete, the films 

were either characterized while on the PDMS substrate or transfer printed onto a secondary 

substrate for further characterization. Images of a film being strained are shown in Figure 33 

along with a schematic of the cyclic strain process, and the lamination onto a transistor test 

bed for charge transport characterization. Our previous report investigating PCDTPT:P3HT 

blend films showed that the blend ratio had a significant impact on the segregation 

characteristics and ductility of the film117. A 1:1 PCDTPT:P3HT blend ratio by weight had a 

charge mobility similar to the neat PCDTPT film, but in addition to vertical segregation, 

large lateral segregation of the PCDTPT was observed that limited the crack onset strain to 

under 50%. When reducing the ratio to 1:4 the lateral segregation was suppressed and 

ductility increased but there was a decrease in charge mobility. Here we focus on a polymer 

ratio of 4:6 by weight, approaching the 1:1 ratio to maximize charge mobility but without 

gross lateral segregation of the PCDTPT, resulting in highly ductile films, as we show below. 

An optimization of the blend film was not performed, and further optimization of the 

polymer ratio and processing conditions may lead to further performance gains. 

Film morphology 

The change in morphology under large cyclic strain is first characterized by measuring 

the films with UV–visible spectroscopy under linearly polarized light while the film was on a 
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PDMS substrate. P3HT and PCDTPT absorb light over different spectral ranges of ≈400–620 

nm for P3HT and 650–1100 nm for PCDTPT, as shown in Figure 34(a). This allows for 

unique optical characterization of each polymer. When large strains are applied to the films, 

the absorbance of linear polarized light parallel to the strain direction increases relative to the 

absorbance of polarized light perpendicular to the strain direction over both the spectral 

range associated with P3HT and the range associated with PCDTPT. This dichroism is 

associated with the alignment of the polymer backbones in the direction of strain151. To 

quantify the alignment of the polymer in the strained film, we calculated the dichroic ratio of 

the blend films at a wavelength of 550 nm to track P3HT, and at 900 nm to track PCDTPT, 

provided in Figure 34(c). We find that the dichroic ratio increases with applied strain and 

behaves in a similar manner with strain at both wavelengths. At a strain of 75%, the dichroic 

ratios of 2.4 and 2.3 were found at 550 and 900 nm, respectively. When the 75% strained 

film was reduced to lower strains, the dichroic ratio drops following the same trend as found 

in the tensile strain direction. The film strained by 75% and then reduced to 10% strain has a 

dichroic ratio of ≈1.1 at both 550 and 900 nm. To determine if this morphology change is 

consistent over many strain cycles, the films were repeatedly strained to 75% and then back 

to 10% for up to 100 cycles with the dichroic ratio measured at these strain limits. As shown 

in Figure 34(d), the dichroic ratio at 550 and 900 nm consistently repeats during the cyclic 

strain process. These results suggest that when the large tensile strain applied to the film is 

released, the polymer in the film plastically deforms back toward an in-plane isotropic 

distribution. It is important to note that the absorbance measures the average in-plane 

orientation of the polymers such that an isotropic backbone distribution and a biaxial 

orientation distribution will both have a dichroic ratio of 1. It has previously been shown that 

http://onlinelibrary.wiley.com/doi/10.1002/aelm.201600388/full#aelm201600388-fig-0002
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a P3HT film uniaxially strained in tension by 100% and then strained again in tension in the 

transverse direction by 100% results in films with a broad crystalline orientation 

distribution152. It is expected that a similar morphological change will occur here and that 

when the strain is lowered the polymer backbones will go back toward an in-plane isotropic 

distribution. To verify that the films are plastically deformed, the blend film was strained to 

75%, transfer printed to a silicon substrate and then floated off in water. Here, the film is able 

to retract without constraint providing an indication of elastic recovery. The film strained by 

75% and then floated in water was found to contract by approximately 8% which is attributed 

to elastic strain recovery, demonstrating that the films are plastically deformed. 

The absorbance can also provide information on the local order of the polymer in the 

film153. To compare how the absorbance features change over many strain cycles, we plot the 

normalized absorbance for films strained by 75% the first time and after 100 cycles, and 

films strain released back to 10% the first time and after 100 cycles in Figure 34(b). We find 

that the absorbance features are remarkably similar before and after the cyclic strain process. 

The vibrionic features in the P3HT remain almost identical, indicative of similar aggregate 

order153. This is consistent with previous work on strain oriented neat P3HT films where it 

has been shown that the P3HT orients in the direction of strain without a significant 

difference in aggregate percentage or aggregate quality128. The PCDTPT absorbance is also 

very similar after the first strain cycle and 100th cycle indicative of similar PCDTPT 

aggregate order. 
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Figure 34. (a) Absorbance of the PCDTPT:P3HT blend film at 75% strain and film strained 

to 75% and then lowered to 10% under polarized light parallel (∥) and perpendicular (⊥) to 

the strain direction. (b) The normalized absorbance of the blend film at 75% strain and at 

10% strain, comparing the first strain cycle (1x) to 100 cycles (100x). The measured 

absorbance at a specific strain state and polarized light orientation are normalized and offset 

for clarity. The absorbance at a specified strain state and light polarization during the first 

strain cycle and after 100 cycles are plotted together to compare absorbance features. (c) The 

dichroic ratio of the blend film under tensile strain (+) and reduction of the applied strain (-) 

during the first strain cycle. The dichroic ratio is taken at 550 nm and at 900 nm to capture 

the P3HT and PCDTPT, respectively. (d) The dichroic ratio of the blend film at 75% strain 

and 10% strain with increasing number of strain cycles. 
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Figure 35. Two-dimensional grazing incidence X-ray diffraction images of (a) an unstrained 

film, and strained films during the (b-e) first strain cycle and after (f-i) 100 strain cycles held 

at 75% strain and 10% strain as specified. The X-ray beam is incident parallel (∥) or 

perpendicular (⊥) to the strain direction as labeled. 

 

 

Figure 36. Two-dimensional grazing incidence X-ray diffraction images of films strained to 

75% and 10% after 10 and 50 strain cycles. The X-ray beam is incident parallel (para) or 

perpendicular (perp) to the strain direction as labeled. 
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Figure 37. In-plane line scans of the 2D GIXD images with X-ray parallel to the strain 

direction, taken for films at the (a) 75% strain limit and (b) 10% strain limit. The reported 

data is for the films in its 1st strain cycle (1x) and 100th strain cycle (100x). 

The change in morphology under cyclic strain was also characterized by grazing 

incidence X-ray diffraction (GIXD). 2D GIXD images were taken on films under various 

number of strain cycles at both 75% strain and at 10% strain, with images shown in Figure 

35 and Figure 36. Previously it has been shown that P3HT and PCDTPT crystallites are 

present in the blend film and that due to the packing differences of the crystals, their 

diffraction peaks in the π-stacking and alkyl-stacking directions are separated in reciprocal 

space117. We observe that as the film was strained the diffraction pattern becomes anisotropic 

with an increase in in-plane diffraction intensity of (100) and (010) peaks when the X-ray 

beam is parallel to the strain direction (i.e., scattering vector nominally perpendicular to the 

strain direction). This difference is most clearly observed in the in-plane (100) peaks as 

indicated in Figure 35. This is indicative of alignment of both the P3HT and PCDTPT 

crystals with the backbone orienting in the direction of strain. When the strain was released, 

the diffraction anisotropy decreases, with the in-plane (100) diffraction peaks becoming 

closer in relative intensity, suggesting that the polymer goes back toward an in-plane 

http://onlinelibrary.wiley.com/doi/10.1002/aelm.201600388/full#aelm201600388-fig-0003
http://onlinelibrary.wiley.com/doi/10.1002/aelm.201600388/full#aelm201600388-fig-0003
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isotropic distribution, in agreement with the absorbance anisotropy. Importantly, the 

diffraction characteristics at a given strain state remain very consistent with increasing strain 

cycles. In-plane line scans from the 2D images for films in the first strain cycle and after 100 

strain cycles are provided in Figure 37 to highlight the diffraction similarity. These results 

provide further support that the cyclic deformation process does not significantly change the 

local order of both polymers in the blend film, including the crystallinity or crystal size. 

The morphology of the strained films was further investigated using atomic force 

microscopy (AFM), optical microscopy, and scanning electron microscopy (SEM) with 

results given in Figures 38 and 39 and Figure 40. The blend film exhibits some obvious 

topography changes under large applied strain and strain release. Before being strained, the 

topography of the film was smooth with an RMS roughness of 1.6 nm. After being strained 

by 75% there was an increase in roughness resulting in an RMS roughness of 5.1 nm. The 

increased roughness is attributed to inhomogeneous deformation in the film, resulting in 

features that appear as partial tears. An AFM line scan that compares the substrate height to 

the film height, given in Figure 38j, shows that these features are not through the film 

thickness, and the film remains continuous. When the strained film was released to 10% 

strain relative to its initial length, the partial tearing features appear to close, and the film 

RMS roughness reduces to 3.9 nm. Under cyclic strain, we find that at a low number of 

cycles, the topography of the films is repeated at high and low applied strains. As the number 

of strain cycles increases we begin to observe large protrusions in the AFM images for films 

at the 10% strain state, which is attributed to localized delamination of the film. Here, the 

AFM images are for films transfer printed from PDMS to a Si substrate. The delamination of 

the film is also observed while on PDMS in the optical microscope images (Figure 39) and 

http://onlinelibrary.wiley.com/doi/10.1002/aelm.201600388/full#aelm201600388-fig-0004
http://onlinelibrary.wiley.com/doi/10.1002/aelm.201600388/full#aelm201600388-fig-0005
http://onlinelibrary.wiley.com/doi/10.1002/aelm.201600388/full#aelm201600388-fig-0004
http://onlinelibrary.wiley.com/doi/10.1002/aelm.201600388/full#aelm201600388-fig-0005
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SEM images (Figure 40). Comparing the AFM images to the optical microscope and SEM 

images shows that the delamination features are similar before and after the transfer-printing 

step. It is important to note that the chosen strain range represents a limiting case, and 

increasing the lower strain limit reduces the observed delamination behavior. 

As a comparison to the blend films, neat P3HT films were also cyclically strained. 

Importantly, there are various reports in the literature regarding the crack onset strain of 

P3HT films, which can vary from 10%144 to over 150%151. The crack onset depends on a 

number of factors including the molecular weight of the polymer and the source. The neat 

P3HT used in this study has a crack onset strain of over 150%. Similar to the blend film, the 

P3HT plastically deforms under strain, and the dichroic ratio increases with applied strain151. 

Unlike the strained blend film, the film roughness remains similar when strained, and no 

cracks or partial fracture was present128,151. Upon strain release from the 75% strain limit, 

significant delamination of the film occurs. Subsequent strain cycles results in severe 

delamination, which was observed by optical microscopy in Figure 39, and SEM in Figure 

40. The delamination in the P3HT film is found to be significantly greater than what was 

found for the blend films and prevented successful transfer printing onto a secondary 

substrate after the cyclic strain process. The delamination of the P3HT film is consistent with 

previous work on PEDOT:PSS films where buckling and delamination was observed when 

large tensile strain applied to ductile films while on an elastomer host was reduced148. 

During strain reduction, the thin film may buckle out of plane, delaminate, or plastically 

deform, which depends on the film elasticity, plasticity, and adhesion to the elastomer 

substrate154. The dramatic difference in the cyclic strain character between the blend film and 

the neat P3HT film is attributed to inhomogeneous elongation that occurs in the film, and a 

http://onlinelibrary.wiley.com/doi/10.1002/aelm.201600388/full#aelm201600388-fig-0005
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local change in elasticity. Blending the brittle PCDTPT with P3HT results in a blend film 

that is nominally not as ductile as the neat P3HT film. This is evidenced by the large increase 

in film roughness associated with partial tearing observed in the highly strained blend films. 

Interestingly, the roughness reduces upon strain release suggesting that these localized 

regions may have a greater plasticity undergoing greater deformation and providing a region 

of stress relief. The localized thin regions that form during the strain process are not likely to 

be only one polymer type given that both the PCDTPT and P3HT are shown to orient during 

the strain process by a similar magnitude. Spin casting a blend consisting of two immiscible 

polymers has previously been shown to first form a vertical segregation profile followed by a 

lateral instability and the formation of large lateral segregated domains of the two 

polymers155. The drying kinetics can limit this evolution in the film formation process. Here, 

we believe that lateral segregation begins to occur in the film; however, solidification arrests 

the segregation process prior to the formation of pure lateral domains, as previously observed 

in the 1:1 PCDPTPT:P3HT blend films155. This lateral segregation of the polymers in the 

blend then contributes to the lateral thickness variation with large applied strain. Previously 

we have shown that the elastic modulus of P3HT lowers upon large applied strain156. This 

drop in modulus will reduce the elasticity mismatch between the film and substrate reducing 

the driving force for film buckling to occur154. In addition, as the film is strained, these 

localized thin regions may have increased compliance and plasticity associated with thin film 

confinement effects157. In contrast, the neat P3HT film does not have a significant change in 

roughness with tensile strain, such that a localized change in plasticity may not be present. 

This may contribute to the P3HT film favoring delamination over plastic deformation during 

strain release. The adhesion of the film to the elastomer substrate may also play a role in the 
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difference in delamination behavior between the blend film and the neat P3HT film. 

However, during the transfer printing process, both neat PCDTPT and P3HT films are easily 

transferred off the PDMS stamp onto a secondary receiving substrate. The secondary 

receiving substrate includes low surface energy OTS treated silicon, suggesting that both 

polymers are not strongly adhered to the PDMS. While difference in adhesion between 

PCDTPT and P3HT may be present, it does not appear to be a primary driving force for the 

observed delamination behavior. 

 

Figure 38. AFM height images of films strain by 75% and then lowered to 10% strain after 

(a,b) 1, (c,d) 10, (e,f) 50 and (g,h) 100 strain cycles. (i) An AFM image of an unstrained film. 

The area of all images are 5 µm × 5 µm. The black arrow shown below the AFM images 

provides the direction the film was strained. Line scans for films at (j) 75% strain and (k) 

10% strain after 100 strain cycles. The line scan for the 75% strained film is given at the edge 

of the film to show that the roughness is not through the film thickness. 
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Figure 39. Optical microscope image of (a) a PCDTPT:P3HT blend film at 10% strain after 

50 strain cycles, and (b) a P3HT film at 10% strain after 10 strain cycles between 75% strain 

and 10% strain. Arrows in figure indicate the applied strain direction. Both images are taken 

while on the PDMS substrate. Clear differences in delamination (dark lines) are observed 

between films. 

 

 

Figure 40. SEM images of the (a) PCDTPT:P3HT blend and (b) neat P3HT film after 

cyclically strained between 75% strain and 10% 10 times and held at the lower strain limit. 

To image the films the PDMS was adhered to a glass substrate. During this process there was 

additional strain release and the strain state is closer to approximately 6% strain. The images 

are taken with the films at a 45-degree tilt. 
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OTFT Performance 

The ability of the blend film semiconductor to function in a stretchable transistor was 

tested by cyclically straining the films while on a PDMS host substrate, and then transferring 

printing the films to a rigid bottom gate bottom contact OTFT test bed for device 

characterization, as illustrated in Figure 33(c). This approach has been applied in a number 

of studies of stretchable semiconductors given the simplicity of the approach and ability to 

focus on the semiconductor layer115,132,141,151,158. Once the film was printed, the saturated field 

effect charge mobility was measured without further processing. The unstrained blend film 

had a charge mobility of 0.09 ± 0.01 cm2 V−1 s−1 for a 5 µm channel length device. The 

charge mobility channel length dependence is given in Figure 41, showing a drop in mobility 

with increasing channel length, consistent with low contact resistance behavior152. A 

corresponding neat P3HT film had a charge mobility of 0.04 ± 0.01 cm2 V−1 s−1, and a neat 

PCDTPT film had a charge mobility of 0.10 ± 0.01 cm2 V−1 s−1. The charge mobility of the 

blend film suggests that charge is primarily transporting through the PCDTPT. It is important 

to note that PCDTPT and P3HT have a similar highest occupied molecular orbitial (HOMO) 

energy level such that it is possible that charge may transport through both polymers. The 

measured charge mobility is lower than previously reported for PCDTPT, and 

PCDTPT:P3HT blend films due to the lack of a thermal annealing step after spin casting the 

films119,150. It was found that when thermally annealing the film immediately after spin 

casting at the optimized conditions of 200 °C for 10 min, that once the film is strained the 

charge mobility lowers to a value similar to the film with no thermal annealing, as shown in 

Figure 41. When large tensile strain was applied to the films, the charge mobility increases 

along the direction of polymer alignment and decreases in the transverse direction, as given 

http://onlinelibrary.wiley.com/doi/10.1002/aelm.201600388/full#aelm201600388-fig-0001
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in Figure 42117. For charge transport in the direction of strain, the charge mobility of the 

blend film increases to 0.16 cm2 V−1 s−1 at 75% strain. Once the strain was released back to 

10% strain, the charge mobility decreases and was found to be 0.08 cm2 V−1 s−1. For charge 

transport perpendicular to the strain direction, the charge mobility decreases to 0.04 cm2 V−1 

s−1 at 75% strain, and increases back to 0.1 cm2 V−1 s−1 upon strain release to 10% strain. The 

change in charge mobility with strain and strain release is consistent with the changing 

alignment of the polymer chains in the film151,159. 

 

Figure 41. (a) Saturated field effect mobility with channel length for an unstrained as cast 

film, and for charge transport parallel to the strain direction for 75% strained films without 

thermal annealing (AC) and for a film that is thermally annealed after spin casting at 180C 

for 10 minutes and then straining the film by 75% and printing onto the rigid testbed. (b) 

Characteristic transfer curves for 5 m channel length devices for each of these films. 
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Figure 42. Saturated field effect mobility with strain, parallel (para) and perpendicular (perp) 

to the strain direction for a single tensile strain, for 5 m channel length devices 

 

Figure 43. Saturated field effect mobility for (a) charge transport parallel to the strain 

direction, and (b) charge transport perpendicular to the strain direction for films at 75% strain 

and films released to 10% strain for a specified number of strain cycles. Charge mobility is 

also reported for an unstrained film. The channel length for the transistors is 5 µm. 
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Figure 44. Subthreshold swing (a,b), on-off ratio (c,d), and threshold voltage (VTH) of the 

transistor transfer characteristics with number of strain cycles. This includes charge transport 

parallel to the strain direction (a,c,d) and perpendicular to the strain direction (b,d,f). Values 

are reported for films held at the 75% strain and 10% strain limits. 

 

 

Figure 45. Transfer curve for unstrained film and film strain by 75% after 1 and 100 strain 

cycles for charge transport parallel to the strain direction (without any thermal annealing 

step). 
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Figure 46. Saturated field effect mobility for (a) charge transport parallel to the strain 

direction, and (b) charge transport perpendicular to the strain direction for films at 75% strain 

and films released to 10% strain for a specified number of strain cycles. Charge mobility is 

also reported for an unstrained film. The channel length for the transistors is 100 µm. 

The blend films were further strained between 75% and 10% strain for up to 100 cycles 

to examine the film's electrical stability, with charge mobility for 5 µm channel length 

devices shown in Figure 43. The other important transistor characteristics including 

threshold voltage, subthreshold swing, and on-off ratio are also plotted with strain cycle in 

Figure 44 showing relatively stable behavior. The current–voltage curves for a film 

cyclically strained once and after 100 times are also given in Figure 45 showing very similar 

http://onlinelibrary.wiley.com/doi/10.1002/aelm.201600388/full#aelm201600388-fig-0006
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characteristics. At the 75% strain limit, the charge mobility remains consistent for charge 

transport parallel and perpendicular to the strain direction. At the 10% strain limit, the charge 

mobility drops slightly with increasing number of cycles for charge transport both parallel 

and perpendicular to the strain direction. The drop in mobility is likely associated with the 

film delamination at this strain state that increases with cyclic strain. The films are being 

transfer printed by lamination onto the transistor test structure, where any delaminated film 

may find improved contact on the receiving substrate. Thus, the impact of delamination may 

not be fully captured with this measurement approach. However, film distortion near the 

delamination area occurs during the transfer printing process, as observed by AFM, which 

likely increasing the resistance to charge transport. The charge mobility for long channel 

lengths (100 µm) with cyclic strain is given in Figure 46 showing similar behavior with 

strain cycle and transport direction. While there was a drop in charge mobility with strain 

cycle when the film is held at its lower strain limit, the change is relatively small, particularly 

compared with changes observed in previous approaches such as semiconductor fibril–

elastomer composites113,143. The OTFT results reported here are compared to recent 

demonstrations in the literature of stretchable organic semiconductors using a similar testing 

method in Table 1. The comparison includes demonstrations based on block co-polymers107, 

cross-linked polymer semiconductor143, crack network films158, and fibril–elastomer 

composite approaches115,132. As shown in Table 1, the findings reported here are among the 

highest combination of charge mobility and strain range reported to date. 

 

 

http://onlinelibrary.wiley.com/doi/10.1002/aelm.201600388/full#aelm201600388-tbl-0001
http://onlinelibrary.wiley.com/doi/10.1002/aelm.201600388/full#aelm201600388-tbl-0001
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Table 1. A comparison of OTFT characteristics of stretchable organic semiconductors tested 

on rigid test-beds after cyclic strain. The reported range in charge mobility is for 100 strain 

cycles, except the block copolymer approach, which is for 1 time tensile strain only.  

Approach 
Mobility  

(cm2V-1s-1) 
On/Off 

Strain 

range (%) 
Ref. 

Block-copolymer <2x10-4 102 60 [107] 

Semiconductor fibril-elastomer 

composite 
0.006-0.001 105 50 [113] 

Semiconductor fibril-elastomer 

composite 
<0.001 103 100 [143] 

Crack network 0.02-0.008 105 15 [158] 

Polymer blenda) 0.04-0.02 103 65 This work 

Polymer blendb) 0.25-0.16 104 65 This work 

a) Charge transport perpendicular to the strain direction  
b) Charge transport parallel to the strain direction at 75% strain 

 

2.3.3 Conclusion 

Plastic deformation of polymer semiconductor blends has been shown to be a highly 

effective approach to achieve intrinsically stretchable semiconductors. The PCDTPT:P3HT 

blend demonstrated here was previously shown to have vertical segregation of PCDTPT 

toward the interface with the gate dielectric in an OTFT resulting in charge mobility similar 

to neat PCDTPT films. While charge transport is maintained, the ductile P3HT is mixed 

throughout the film imparting significant plasticity. Under large tensile strain, both polymers 

are found to orient in the direction of strain, and upon strain release, the compressive force 

results in a morphology consistent with polymer chains reorienting back toward an in-plane 

isotropic distribution. During this process, the local order of the polymer was shown to be 

remarkably consistent. There does appear to be local material inhomogeneity in the film that 

results in an increase in film roughness with large applied strain. This turned out to be 

advantageous, as it provides locations of stress release during the compression of the 

elongated film back toward its original shape. The film showed no signs of fracture for 
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strains up to 75% and for 100 strain cycles between 10% and 75% strain. However, as large 

strain cycles were applied film delamination began to occur at the lower 10% strain limit. 

When the cyclically strained film was applied in an OTFT, charge mobility was found to 

track with the polymer alignment. At a given strain state, the charge mobility was found to be 

consistent up to the 100 applied strain cycles considered in this study; this includes charge 

mobility consistently above 0.15 cm2 V−1 s−1 for charge transport parallel to the strain 

direction at the 75% strain limit. This approach is the first report to achieve an intrinsically 

stretchable polymer semiconductor film where the film is comprised solely of semiconductor 

material. In conclusion, polymer semiconductor blends is a promising and facile method to 

achieve intrinsically stretchable organic semiconductor films. 

2.3.4 Experimental section 

Film Processing  

The blend film was cast from a 4:6 weight ratio of PCDTPT:P3HT dissolved in a 1:1 

volume ratio of 1,2-dichlorobenzene:chloroform. The PCDTPT was synthesized following a 

previously described process150, and had a number average molecular weight of 71 kg mol−1 

and a polydispersity of 4.9. The regioregular P3HT was obtained from Sigma-Aldrich, Inc., 

with a number average molecular weight Mn = 54 kg mol−1, a polydispersity of 2.4160. The 

solution was spun cast onto OTS treated Si substrate at 1500(2π) rad min−1 (1500 rpm) for 30 

s at room temperature. The films were then transferred onto a PDMS slab mounted on a 

custom-made strain stage for subsequent straining and morphological characterization. The 

strain process was done by hand and the strain rate varied but was at most 10% s−1. The 

polymer semiconductor films were transferred again to the final receiving substrate for 

transistor fabrication, X-ray diffraction measurements, and AFM measurements. Cyclic strain 
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was done in a nitrogen atmosphere and transfer printing was conductive in ambient air. The 

transfer-printing technique is described in detail in previous work152. The PDMS was Sylgard 

184 and was prepared at a 10:1 base to cross-linking ratio and cured in a vacuum oven held at 

≈85 kPa at 60 °C over a period of ≈12 h. 

Morphology Characterization  

UV–visible spectroscopy measurements were made using an Ocean Optics Jazz 

spectrometer. The absorbance of the films was measured while on a PDMS substrate and 

measured at multiple strain states. The AFM images were measured using an Asylum MFP-

3D-BIO in tapping mode. The X-ray diffraction measurements were made at the Stanford 

Synchrotron Radiation Lightsource (SSRL) on beamline 11–3 with an area detector (Rayonix 

mar CCD225), an energy of 12.735 keV, and an incidence angle of ≈0.12°. The SEM 

images were measured using FEI Verios 460L field-emission scanning electron microscope. 

The films were measured while on a PDMS substrate and coated with 10 nm of Au to 

remove charging effects. 

OTFT Characterization 

After straining the film-PDMS stack by a specified amount, the films were transferred 

printed onto bottom gate, bottom contact OTFT test beds. The source–drain electrodes 

consisted of a 5 nm Ti wetting layer, followed by 40 nm of Au. The channel length was 5 µm 

and the channel width was 1000 µm. The gate dielectric was an OTS treated SiO2 layer that 

was 300 nm thick. The highly doped Si wafer formed the gate electrode. Charge mobility 

was measured in the saturation regime with a source–drain voltage of −60 V, and sweeping 

the gate voltage from 25 V to −60 V, with typical results shown in Figure 25. The charge 
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mobility was determined by taking the slope of the square root of current versus gate voltage 

over a minimum 5 V range. 
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2.4 The role of elastomer substrate tension, interface stiffness, and 

adhesion on the behavior of a stretchable polymer semiconductor 

2.4.1 Introduction 

Combining stretchability with electronic functionality is poised to advance technologies 

such as health monitoring and soft robotics as well as open up new technologies previously 

unachievable due to mechanical limitations of inorganic semiconductors. Intrinsically 

stretchable polymer semiconductors provide an opportunity to seamlessly integrate devices 

into stretchable objects. To achieve stretchable polymer semiconductor films, methods have 

included using a crack network, the use of polymer blends, the development of cross-linked 

polymer networks, and the use of viscoelastic polymers111,112,115,116,125,139,143. The use of 

viscoelastic polymer semiconductors that can be cyclically strained while maintaining 

microstructural order and stability provides one promising strategy to achieve intrinsically 

stretchable devices111. Here, the polymer semiconductor deforms in both tensile and 

compressive strain while maintaining stable electrical characteristics111. Typically, the 

neighboring elastomer provides the driving force for the deformation of the 

semiconductor161. The success of this approach relies on the viscoelastic behavior of the 

semiconductor film. To manage viscoelasticity, polymer semiconductor backbone, side-

chains, molecular weight have all been modified to promote the desired mechanical 

behavior117,118,146,148. Additionally, copolymers and polymer blends have been 

explored107,111,114. In cases of large cyclic strain where the film undergoes plastic 

deformation, eventual physical failure may occur through film morphological changes, 

formation of discontinuities in the film, or delamination of the film from the neighboring 

substrate111,139,162. 
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In this article we consider the characteristics of the neighboring elastomer on the ability 

to plastically deform the polymer semiconductor film in a repeated manner with minimal 

morphological impact. We consider the polymer semiconductor poly[2,5-bis(2-

octyldodecyl)pyrrolo[3,4-c] pyrrole-1,4(2H,5H)-dione-3,6-diyl)-alt-(2,2’;5’,2’’;5’’, 2’’’-

quaterthiophen-5,5’’’-diyl)] (DPP-4T) film on a polydimethylsiloxane (PDMS) elastomer 

substrate. DPP-4T is chosen as it has been reported to possess a high hole mobility 

approaching 1 cm2/Vs163–165, and as shown has a glass transition temperature significantly 

below room temperature. PDMS is chosen as it is a popular silicone elastomer with high 

extensibility, clarity, high chemical resistance, high thermal stability, and is widely used in 

stretchable organic electronic demonstrations96,115,166,167. PDMS is also widely applied in thin 

film mechanical characterization146,154,156,159,167. While the focus here is on plastic 

deformation of the active layer, many of the findings are applicable to other stretchable 

polymer conductor approaches that employ an elastomer substrate. 

The focus on the investigation is on the role of adhesion between the elastomer and the 

polymer semiconductor film, the stiffness of the underlying elastomer, and tension of the 

elastomer on the deformation behavior of the semiconductor film under cyclic strain. The 

PDMS surface energy, and near surface stiffness was modulated through UV/ozone 

treatment. The films are probed in a quasi-in-situ manner by UV-visible spectroscopy and 

atomic force microscopy using a strain stage that can be integrated with both instruments. 

We find that the increase in elastic modulus of the near surface PDMS and the increase in 

adhesion energy between the PDMS and DPP-4T significantly improve the morphological 

stability of the DPP-4T films. The strain at fracture of the thin film is improved with greater 

substrate adhesion, similar to other reports124,166. The PDMS treatments also results in a 
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reduction in the both the formation of thin film wrinkles and delamination under cyclic strain 

of approximately 40%. We show that the film can be cyclic strained up to 100 times while 

showing stable surface roughness and stable local polymer order. This improvement in 

physical stability is attributed to the reduced elastic modulus mismatch between the film and 

substrate, the increased adhesion of the film to the substrate, and maintaining the PDMS 

substrate in tension throughout the cyclic strain range considered. In this analysis, we also 

show that the lack of film wrinkling over the strain range considered does not necessarily 

equate to being within the elastic strain limit as previously reported166. Alternatively, we 

show that the polymer film reaches its yield stress prior to reaching the critical stress required 

for wrinkling thus eliminating wrinkling under stretching. 

 

 

 

 



96 
 

 

Figure 47. Illustration of the change in the films surface morphology when on the (a) normal 

PDMS substrate and (b) UV/ozone treated PDMS substrate during the cyclic strain process 

from the side view. (c) UV/Ozone treatment effect on PDMS. 
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2.4.2 Results and Discussion 

PDMS characterization 

The PDMS substrate surface energy, and near surface stiffness was modulated through 

UV/ozone treatment. When exposed to plasma or UV-Ozone, the methyl group of PDMS 

convert into hydrophilic moieties and thus increases the surface energy 168–170. At the same 

time, a silica layer begins to form at the surface of the substrate, resulting in an increase in 

stiffness near the substrate surface 169,171. The use of UV/ozone treatment has been previously 

shown to improve adhesion of polymer semiconductor and metal films, improving the strain 

at fracture 148. The UV/ozone treatment conditions are constrained for the PDMS due to the 

embrittlement of the surface by the silica formation. An untreated PDMS substrate can be 

strained by over 100% prior to rupture. The formation of the silica layer results in surface 

cracks that form prior to this rupture limit. Nevertheless, under limited UV/ozone treatment, 

an incomplete layer of silica forms such that the surface retains elastomeric properties and 

allows for the PDMS to be strained significantly without surface crack formation. When the 

PDMS is treated with UV/ozone for 20 min, surface cracks will appear under an optical 

microscope at strains of approximately 65%. At strains less than 65% the film can be 

cyclically strained without crack formation. Here, we limit our analysis to PDMS with 

UV/ozone treatment times of 10 and 20 minutes. 

The surface energy of PDMS under different UV-Ozone treatment condition is first 

characterized with water contact angle measurements. The contact angle results are shown in 

Figure 48 for untreated PDMS and PDMS under UV-Ozone treatment for 10 min and 20 

min. As expected, the contact angle drops with increasing treatment time in a nearly linear 

manner, indicating the surface energy is increasing. This is a results of methyl (-CH3) group 
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on the PDMS surface being oxidized into hydroxy (-OH) group and eventually converts the 

CH3-Si-O- structure into a hydrophilic ceramic -O-Si-O- network 168. The contact angle was 

measured after 5 hours for 20 min UV/Ozone treated PDMS and the value shows negligible 

variation. The stable contact angle suggests the hydrophobic recovery in the treated PDMS, 

which is known to occur172,173, does not happen with any significance over the first 5 hours 

after treatment. All subsequent experiments using the treated PDMS occurred within 5 hours 

allowing the film behavior to be considered without considering the recovery of PDMS 

surface layer. 

The adhesion energy between thin DPP-4T film and PDMS substrate was determined by 

90o peeling test, with results shown in Figure 2. The DPP-4T film was peeled from the 

PDMS using Scotch magic tape. The force and displacement were recorded, and the period 

over which the applied force is stable is used to determine adhesion energy. The adhesion 

energy (c) was calculated by c = F/w, where F is average peeling force, and w is the width 

of tape174. The adhesion energy for DPP-4T thin film onto neat PDMS is found to be 0.048 

J/m2, which is consistent with previous adhesion result of semiconductor polymer thin film 

onto PDMS 175 Then adhesion energy increases to 0.16 J/m2 and 0.32 J/m2 with 10 and 20 

minutes of UV/ozone treatment, respectively. 

The UV-Ozone treatment on PDMS not only changes the surface energy, but also 

increases the stiffness of the PDMS surface 168–170. To determine the increase in surface 

stiffness, we applied a previously described wrinkling method 156,176. The method is based on 

the interfacial instability generated from the modulus mismatch between a stiff film on a 

compliant substrate when under compression, which in this case is silica-like layer and neat 
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PDMS, respectively. This interfacial instability results in a buckling with a characteristic 

wavelength (λ), and the elastic modulus of the thin film can be given by 

𝐸𝑢 = 3𝐸𝑠(
1− 𝜈𝑢

2

1− 𝜈𝑠
2)(

𝜆

2𝜋ℎ𝑢
)3,      (24) 

where E is the elastic modulus, ν is the poison ratio, and h is the thin film thickness. The 

subscripts u and s are for the film and substrate, respectively. Here, the modified surface of 

the PDMS is considered the film on the unmodified PDMS substrate. To generate the 

wrinkles, the PDMS was strained by 15% and then treated with UV-Ozone for 20 minutes. 

The PDMS was then compressed until surface wrinkles were formed. The wavelength of the 

wrinkles was measured using Atomic Force Spectroscopy (AFM), with results shown in 

Figure 49 and the average wavelength is 58.5 nm. The thickness of the surface layer (h) is 

measured using variable angle spectroscopic ellipsometry (VASE, Woollam M2000). This 

approach has been previously applied to measure the silica layer thickness in ozone treated 

PDMS177. While, it is expected that there is a gradient in the silica concentration with 

depth178, we apply a simple 2 layer model for the VASE using a Cauchy model for the 

modified surface layer. Using this approach, h was determined to be 1.54 nm, with the model 

fit given in Figure 50. The elastic modulus of the PDMS substrate (Es) is determined to be 

0.81 MPa by performing a standard tensile test on an untreated PDMS substrate. νu and νs are 

taken as 0.33 and 0.5, respectively 171. Applying these values to equation (24), the surface 

modulus for 20-minute UV-Ozone treated PDMS is calculated to be 570 MPa. This should 

be taken as an approximate value given that a gradient in surface modulus should exist. In 

addition, previous research has shown a wrinkle wavelength dependence on the PDMS pre-

strain176. Nevertheless, this increase in the PDMS modulus near the substrate surface reduces 

the modulus mismatch between DPP-4T film and PDMS substrate and will effect DPP-4T 
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wrinkling behavior when under strain, discussed further below. The elastic modulus was 

determined for the DPP-4T films using the same approach and was measured to be 120 MPa. 

 

Figure 48. Contact angle and adhesion energy for PDMS under different UV/ozone 

treatment time.  

 

Figure 49. AFM surface morphology of a buckled PDMS at rest obtained with 15% pre-

strain and UV/ozone treatment for 20 min. 
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Figure 50. Characterization of UV/Ozone treated PDMS surface layer thickness using 

ellipsometry. (a) Psi and Delta fitting of measured data with existing model. (b) Uniqueness 

analysis of Mean Squared Error (MSE). 

Wrinkle onset strain and yield point  

Under large cyclic strain, the viscoelastic film may wrinkle while on the elastomer 

substrate. In some studies, film winkling is exploited as a means to achieve 

stretchability104,143. In these cases, the films are kept within its elastic limit and the strain is 

limited to a range of stable wrinkle formation. Here, we regard the wrinkling as an 

undesirable defect. The wrinkling will limit the strain range. In compressive strain, after the 
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wrinkles have formed, continued compression results in stresses that promote film 

delamination179. In addition, out of plane wrinkling may limit some device designs and 

applications. 

Here, we are interested in determining the role of the substrate on the onset of wrinkling 

of the polymer film under cyclic strain and its relationship to film yielding. It has been 

previously been proposed that the yield strain of a polymer thin film can be found by placing 

the film on an elastomer and cyclically straining the film/elastomer composite over 

increasing strain ranges until wrinkles are observed when the strain is removed166. It was 

argued that over the elastic regime, the strained film and substrate both return to their original 

shape without wrinkling. Past the yield point, the film is plastically deformed and when the 

strain is released form the PDMS substrate, a compressive force will act upon the strained 

film resulting in film wrinkling. However, there is the competing mechanism of plastic 

deformation of the film. If the yield stress is met prior to the critical stress for wrinkling, then 

plastic deformation will occur prior to wrinkling. The stress strain behavior of the film will 

then dictate when wrinkling will occur. 

To consider the onset of wrinkling, the film is laminated onto a PDMS substrate while 

both being in an unstrained state. The film/PDMS composite are then strained to a specified 

strain and returned to the unstrained state. This is done in a custom strain stage such that the 

film topography can be measured by AFM while on the strain stage. At the unstrained state, 

the surface is measured by AFM to determine the onset of wrinkling. If no wrinkles are 

found, a large tensile strain is applied to the film, and the measurement is repeated. This 

approach is similar to others previously described 112,166. The wrinkle onset strain of the DPP-

4T film onto PDMS is characterized for 30 nm and 150 nm thick films, and on PDMS 
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substrates with different UV/ozone treatment times. The maximum applied strain at which 

point wrinkles were observed by AFM in the unstrained state is considered the wrinkle onset 

strain. The wrinkle onset strain for the two film thicknesses considered, and the various 

UV/ozone treatments is given in Figure 52. AFM images of the films just prior to reaching, 

and just after reaching the wrinkle onset strain are given in Figure 51. 

For 30 nm thick film, the wrinkle onset strain is around 18% with neat PDMS. Then it 

increases to 40% for 10 min treated PDMS and further increases to 48% for 20 min treated 

PDMS. The wrinkle onset strain for 150 nm film follows the same trend but with overall 

lower values. Although the wrinkle onset strain is a result of the film being plastically 

deformed, it doesn’t capture the onset of plastic deformation, or yield point, and turns out to 

be highly dependent on the substrate processing. 

To illustrate the substrate’s effect, we characterized the amount of film retraction of a 

strained DPP-4T film after removing the film from the PDMS substrate. This was done by 

straining the film while on PDMS and then floating the film off the substrate onto water. 

Once removed from the substrate, the thin film will contract based on the elastic strain 

retained in the strained film. The shrinkage of the film, [(final length - strained film 

length)/strained film length], can be roughly considered the elastic strain retained in the film. 

This should be approximately equal to the yield strain of an unstrained film. We find that for 

films strained by 45% and floated in water, the shrinkage is roughly 4%, independent of the 

film thickness and the UV/ozone treatment of the PDMS substrate. This highlights the 

intrinsic property of the film, rather than the influence of the substrate.   

The differences between wrinkling onset strain and yield point results suggest that the 

substrate has a very strong impact on the thin film deformation mechanism. Since the 
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polymer semiconductors are usually fabricated into thin film of tens of nanometer, its 

mechanical characterization is normally done on an elastomer substrate such as PDMS. In 

this system, the stress that is applied on the substrate will be transferred to the thin film 

through shear stress at the interface, and eventually force the film to move together with the 

substrate 161. The UV/Ozone treatment on PDMS helps improving film’s ability to deform 

without failure from two aspects. First, it increases the adhesion energy between film and 

substrate. During the strain process, a high adhesion energy is usually believed to increase 

the crack onset of the thin polymer film due to the uniform strain at each point reducing the 

localized strain and potential delamination 124. While during the strain release process, the 

substrate will force the thin film to compress within the plane until the strain energy release 

rate exceeds the interfacial toughness in certain regions resulting in localized delamination 

180. A high adhesion energy increases the interfacial toughness between film and substrate 

and delay the point when film start to delaminate. The strain energy release rate is 

proportional to the thin film thickness, and therefore the thicker film delaminates earlier than 

thinner film, as shown in Figure 52. 

The other advantage of UV/Ozone treatment on PDMS is that it increases the surface 

modulus of PDMS by forming a silica layer which may eliminate the buckling. The effect of 

the high modulus silica layer on the buckling phenomenon can be analyzed using the 

extension of well-established buckling equation. Assume both DPP4T film and silica-like 

PDMS thin layer buckle when the strain is released. The equation for the bending process is 

given as 

(𝐸𝑓
̅̅ ̅𝐼𝑓 + 𝐸𝑢

̅̅ ̅𝐼𝑢)
𝑑4𝑧

𝑑𝑥4 + (𝐹𝑓 − 𝐹𝑢)
𝑑2𝑧

𝑑𝑥2 + 𝑘𝑧 = 0,   (25) 
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in which �̅�  = E/(1-ν2) is the plane-strain modulus, E is the Young’s modulus, ν is the 

Poisson’s ratio, I = wh3/12 is the moment of inertia where w is the width of the film and h is 

its thickness, F is the uniaxially applied force, k=𝐸𝑠
̅̅ ̅wπ/λ is the Winkler’s modulus of an 

elastic half-space, and z(x)=Asin(2πx/λ) is the sinusoidal vertical deflection of the film and 

oxidized PDMS. The subscripts, f, u and s denote the DPP-4T thin film, oxidized PDMS 

layer and PDMS substrate, respectively. By rearranging the terms in Eqn. (26) and 

minimizing the applied force ( ∂(𝐹𝑓 − 𝐹𝑢) =0), an optimal wavelength λ is calculated to be 

𝜆 = 2𝜋(
𝐸𝑓̅̅ ̅̅ ℎ𝑓

3+𝐸𝑢̅̅ ̅̅ ℎ𝑢
3

3𝐸𝑠̅̅ ̅
)

1

3.     (26) 

Given the very small thickness of oxidized PDMS layer compared with polymer film, the 

second term in the numerator can be neglected and treated as zero. This means the thin silica 

layer has very little effect on the buckling wavelength. With the optimal wavelength, the 

critical stress can be obtained as  

𝜎𝑐 ≈ (
9

64
𝐸𝑓
̅̅ ̅ 𝐸𝑠

̅̅ ̅2
)

1

3
+

𝐹𝑢

ℎ𝑓𝑤
= (

9

64
𝐸𝑓
̅̅ ̅ 𝐸𝑠

̅̅ ̅2
)

1

3
+

𝐸𝑢ℎ𝑢×𝑠𝑡𝑟𝑎𝑖𝑛

ℎ𝑓
,   (27) 

The first term in Eqn. (28) is the same as critical stress for stiff film onto soft substrate, and 

the second term comes from the tensile stress in the oxidized PDMS layer. In other word, in 

order to buckle, the polymer film need to overcome the tensile stress in the oxidized thin 

PDMS first. Based on the modulus measured in the early text, the first term is about 2.76 

MPa, while the second term is about 28.5 MPa multiplied by strain. Therefore, the critical 

stress for buckling is significantly increased compared with film onto normal PDMS 

substrate. And this may cause the stress in the film smaller than the critical stress therefore 

eliminate the appearance of buckling.  
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Figure 51. AFM scanned surface morphology for 30 nm and 150 nm DPP-4T film before 

and after reaching the YOE and YOW. 

 

Figure 52. Yield point on elastomer (YOE) and yield point on water (YOW) for films onto 

PDMS with different UV/ozone treatment time. 
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Film Morphology under cyclic strain 

Films were first spun cast onto octyltrichlorosilane (OTS) treated silicon substrate and 

then printed to a free standing PDMS elastomer slab. For cyclic strain, two different strain 

ranges are used here: from 5% to 45% and from 20% to 60%. The film-PDMS stack was 

strained to either 45% or 60%, and then strain was released back to 5% or 20%, respectively, 

and repeated for a specified number using a motorized strain stage. All the strain values in 

this work are calculated relative to the film unstrained state. After the strain process was 

complete, the films were characterized on the PDMS substrate. The specially designed low 

depth profile strain stage can be easily fit under the AFM. This allows us to perform the 

AFM with the film-PDMS on the strain stage and continue to strain them after the scan is 

finished, therefore realize the in-situ characterization during cyclic strain. 

The surface morphology and RMS roughness of 30 nm DPP-4T film onto PDMS with 

different UV-Ozone treatment time and different strain range during the cyclic strain is given 

in Figure 53 and Figure 54. Before being strained, the topography of the film was smooth 

with a low RMS roughness below 1 nm. After being strained by 60%, RMS roughness for 

neat, 10min-UVO and 20min UVO PDMS all slightly increased above 1 nm, and stays stable 

even after 100 cycles. The DPP-4T we used in this work possess a crack onset strain over 

80%. Therefore, when being strained under this value, cracks and large variation of RMS is 

not expected to appear and topography seems likely to be independent of the adhesion 

energy. When the strained film was released to 20% strain, the topography starts to diverge. 

For film onto neat PDMS, some protrusions start to show up in the AFM images which is due 

to localized delamination and RMS roughness increases to 6.9 nm. As the cycle number 

increases to 100, the protrusions become taller and wider and RMS roughness further 
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increases to 15.4 nm. In comparison, the RMS roughness for film onto 10 min UVO PDMS 

stays low at 2.2 nm at 1st cycle and moderately increases to 4.8 nm after 100 cycles with 

smaller protrusions than film onto neat PDMS. And when UV-Ozone treatment further 

increases to 20 min, only extremely small protrusions appear with amplitude less than 5 nm 

and the RMS roughness stays low at 2 nm even after 100 strain cycles.   

During the strain reduction, the thin film onto a soft substrate may move out of the plane, 

forming wrinkles, buckling or delamination depending on the film intrinsic mechanical 

properties, adhesion to the elastomer substrate as well as substrate properties 154. The 

dramatic difference in the cyclic strain character among films onto PDMS under different 

UV/ozone treatment time is mainly attributed to the increasing adhesion energy between thin 

film and PDMS substrate, as indicated by the peeling test result shown in the early text. For 

film onto neat PDMS, the delamination happens when film is being strain release for the first 

time indicating the stress in the film is larger than the delamination critical stress. In the 

following cyclic strain, the delamination propagates from the failure region, and combines 

into protrusions with bigger amplitude. After UV/ozone treatment, the critical stress for 

delamination is increased. Therefore, for film onto 20 min UV/ozone treated PDMS, no 

extrusion is observed indicating stress in the film is smaller than the delamination critical 

stress and this strong adhesion is forcing the film stays in the plane undergoing plastic 

compression. The continued cyclic strain induces the small increment in the RMS roughness 

and subtle protrusions. This is classic fatigue failure that happens even when the film stress is 

smaller than the critical failure stress. In this failure mode, repeating strain keeps weakening 

the interfacial bonding between thin film and PDMS substrate until the appearance of 

subcritical delamination, which is shown as subtle light region with tens of nanometer width 
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and several nanometer amplitudes. However, the growth and propagation of this subcritical 

delamination is rather slow. After 100 cycles, the subcritical delamination almost keeps its 

size, with slightly increasing amount. The result indicates that a strong adhesion between thin 

film and PDMS substrate will improve the mechanical resistance under monotonic loading as 

well as cyclic loading. 

Besides the adhesion energy, the other reason for the reduction of wrinkles come from 

the change in the surface mechanical property after UV-Ozone treatment. It is well known 

that when a stiff thin film onto soft substrate is under compression, interfacial instability will 

induce the surface buckling 154. The elastic modulus of 30 nm DPP-4T film was measured 

using aforementioned buckling method and calculated using Eqn. (24), and is determined to 

be 120 MPa. After 20 min UV-Ozone treatment, the surface modulus of PDMS is shown to 

increase from 0.81 MPa dramatical to 570 MPa, which is discussed in the early text. And the 

existence of high modulus thin oxidized PDMS layer increases the critical stress for buckling 

therefore eliminated the appearance of buckling phenomenon.  

DPP-4T film was also conducted cyclic strain under a different strain range from 5% to 

45%. For film onto PDMS with 10min and 20min UV/ozone treatment, the surface 

morphology and RMS roughness are almost identical to that of film being strained from 20% 

to 60%. While when the PDMS is neat, the film presents slightly lower RMS roughness 

when being released back to 5% than the film being released to 20%. The possible 

explanation could be a higher strain energy rate at 60% strain than 45% strain that results in 

localized weak adhesion region which is easier to delaminate under compression.  

Then the change in morphology is characterized by measuring the absorbance of cyclic 

strained film with UV-vis spectroscopy under linearly polarized light with the film onto 



110 
 

PDMS substrate. DPP-4T absorb light over a range wavelength from 400 nm to 1000 nm, 

with a major peak at 784 nm and a secondary peak around 450 nm, as shown in Figure 55. 

The shoulder at 700 nm indicate the polymer chain forms H aggregates 181. When the films 

are strained, the absorbance of linear polarized light parallel to the strain direction increases, 

while the absorbance of polarized light perpendicular to the strain direction decreases over 

the entire spectral range. This dichroism is associated with the alignment of the polymer 

backbones along the strain direction 151. To quantify the alignment of the polymer during 

strain process, we calculated the dichroic ratio of the film at the wavelength of 784nm for 

both strain range (5% to 45% and 20% to 60%) and onto PDMS with different UVO 

treatment time. We find that the dichroic ratio is almost independent of PDMS surface 

treatment, as shown in Figure 55 and Figure 56. At 60% strain, the dichroic ratios are found 

to be 1.97, 1.99 and 1.95 for film onto neat, 10min UVO and 20min UVO PDMS, 

respectively. When film is strain released to 20%, dichroic ratios drop down slightly faster 

than that during strain process, and are found to be 1.12, 1.13 and 1.13 for film onto neat, 

10min UVO and 20min UVO PDMS, respectively. For films being strained to 45% then back 

to 5%, the dichroic ratios are found to be 1.73, 1.77 and 1.76 at 45%, and 0.93, 0.94, 0.90 at 

5% for film onto neat, 10min UVO and 20min UVO PDMS, respectively. The dichroic ratio 

below 1 indicates the polymer chains are being aligned more along the perpendicular to the 

strain direction by compression. The dichroic ratios for films onto different surface under 

cyclic strain are also monitored and are found to be consistently repeated for all the 

situations, as shown in Figure 6. The consistency of the dichroic ratio indicates the 

morphology doesn’t change much during the cyclic strain up to 100 cycles and independent 

of substrate surface treatment. The normalized absorbance for films being strained to 60% 
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and 45% the 1st time and 100 cycles, and films released back to 20% and 5% the first time 

and 100 cycles onto PDMS with different UVO treatment time is also shown and no 

significant change happens before and after 100 cycle strain. The similar absorbance features 

indicate the similar DPP-4T aggregation order.  

2.4.3 Conclusion 

UV/ozone treatment on the surface of PDMS substrate prior printing the polymer 

semiconductor film has been shown to be an effective and easy approach to achieve 

stretchable semiconductors. The surface layer PDMS under UV/ozone becomes more 

hydrophilic with higher surface energy, and form a stronger bonding when polymer film is 

printed onto the PDMS surface. The higher adhesion energy increases the critical stress for 

delamination and greatly improve the wrinkling onset strain from 17% to 47%. However, the 

intrinsically property of polymer has not been change, with a constant yield point on water 

below 5% independent of UV/ozone treatment. The mechanical property of surface PDMS 

has also been changed, with a modulus increasing from 0.89 MPa to 0.57 GPa. The existence 

of thin oxidized PDMS layer with large modulus increases the critical stress for buckling and 

is expected to reduce or eliminate the buckling feature. During the strain process, both 

delamination onset and following propagation are suppressed with the increasing adhesion 

energy. After 100 strain cycles, the film that onto PDMS with 20 min UV/ozone treatment 

shows very subtle protrusions and stays a very low RMS roughness about 2nm compared 

with over 10nm for film onto neat PDMS. The local order of polymer is stable during the 

cyclic strain process and independent of UV/ozone treatment. In conclusion, UV/ozone 

surface treatment on PDMS substrate is an easy and promising method to achieve stretchable 



112 
 

organic semiconductor film onto soft substrate and may be potential to be applied on more 

than one polymer system.  

 

Figure 53. RMS roughness of films (a) being strained and (b) strain released during the 

cyclic strain process. AFM images films being strain released for two different strain ranges 

for 1 and 100 cycles onto PDMS with different treatment conditions are shown here. For 

strain range from 20% to 60%, AFM images are presented for films with (c) 1 cycle and (d) 

100 cycles with normal PDMS, (e) 1 cycle and (f) 100 cycles with UV/ozone for 10 min, and 

(g) 1 cycle and (h) 100 cycles with UV/ozone for 20 min. For strain range from 5% to 45%, 

AFM images are presented for films with (i) 1 cycle and (j) 100 cycles with normal PDMS, 

(k) 1 cycle and (l) 100 cycles with UV/ozone for 10 min, and (m) 1 cycle and (n) 100 cycles 

with UV/ozone for 20 min.  
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Figure 54. AFM images for films being strained and strain released for different cycles and 

different strain ranges onto PDMS with different UV/ozone treatment conditions. 
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Figure 55. (a) Absorbance of DPP-4T film onto 20 min UV/ozone PDMS at 60% strain and 

film strained to 60% and then lowered to 20% under polarized light parallel ( ∥ ) and 

perpendicular (⊥) to the strain direction. (b) The normalized absorbance of the film onto 20 

min UV/ozone PDMS substrate at 60% strain and at 20% strain for strain range of 20% - 

60%, and of film at 45% strain and at 5% strain for strain range of 5% - 45%, comparing the 

first strain cycle (1x) to 100 cycles (100x). The measured absorbance at a specific strain state 

and polarized light orientation are normalized and offset for clarity. The absorbance at a 

specified strain state and light polarization during the first strain cycle and after 100 cycles 

are plotted together to compare absorbance features. (c) The dichroic ratio of the film onto 20 

min UV/ozone PDMS substrate under tensile strain (+) and reduction of the applied strain (-) 

during the first strain cycle for strain range of 20% to 60% and 5% to 45%. The dichroic ratio 

is taken at 783 nm. (d) The dichroic ratio of the film onto 20 min UV/ozone PDMS substrate 

at 60% strain and 20% strain for 20% - 60% strain range and 45% strain and 5% strain for 

5% - 45% strain range with increasing number of strain cycles. 
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Figure 56. Normalized absorbance and dichroic ratio for films being strained and strain 

released for different cycles and different strain ranges onto PDMS with different UV/ozone 

treatment conditions. 



116 
 

2.4.4 Experimental Section 

Film Processing: The DPP4T film was cast from 3mg/ml and 8mg/ml solution dissolved in 

chloroform for 30nm and 150nm thick film respectively. The DPP-4T was purchased from 

Ossila, Ltd, with a number average molecular weight Mn = 76,226 g/mol, a polydispersity of 

2.45. The solution was spun cast onto OTS treated Si substrate at 1500(2π) rad/min (1500 

rpm) for 30 s at room temperature, followed by annealing at 150oC for 15 min. The films 

were then gradually cooled down in the glovebox. Then the films were transferred onto free 

standing PDMS slab for subsequent straining and morphological characterization. The strain 

process was done by motorized strain stage with the strain rate 5 %/s.  

PDMS processing: The PDMS was Sylgard 184 and was prepared at 15:1 base to cross-

linking ratio and cured in a vacuum oven held at ≈85 kPa at 60oC over a period of ≈12h. The 

UV-Ozone treatment was done by placing free standing PDMS slab into cooled down UVO 

cleaner model No. 42 A from Jelight Company Inc for 10 or 20 min.  

Peeling test: The peeling test was performed using an Instron 5943 tensile tester. The sample 

includes the DPP-4T thin onto PDMS slab, which is adhered to a glass substrate. A Scotch 

magic tape was laminated onto DPP-4T film surface and attached to the hands of tensile 

tester. Then a force was applied on the tape to delaminate DPP-4T film perpendicular from 

the PDMS substrate. The average applied load was then used to obtain the adhesion energy 

using Eqn. (24).  

AFM detection of yield point: The polymer films were transferred to free standing PDMS 

slab as mentioned above. The polymer/PDMS was strained to a series strain and relaxed to 

0%. AFM scan was performed each time when film was relaxed to 0%. The strain at which 

wrinkles started to show up is recorded as well as AFM images. 
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Water floating determination of elastic region: The polymer films were first transferred to 

free standing PDMS slab and the original length was recorded. Then the PDMS together with 

polymer was strained for 50% using strain stage and length of strained polymer length was 

recorded. PSS thin film was cast onto clean glass slides from 1% solution in water at 

4000(2π) rad/min (4000 rpm), followed by dried at 100oC for 10min. Then the strained 

polymer film was transferred onto PSS/glass substrate. Water was added gently onto the 

polymer/PSS/glass sample. And then the floating polymer was picked up using a clean 

silicon substrate after about 5 min it floated on the water allowing for the shrinkage to 

happen. The final length of polymer was recorded and the shrinkage percent could be 

calculated.  

Morphology Characterization: UV-visible spectroscopy measurements were made using an 

Ocean Optics Jazz spectrometer. The absorbance of the films was measured while on a 

PDMS substrate and measured at multiple strain states. The AFM images were measured 

using an Asylum MFP-3D-BIO in tapping mode. The measurement was made with film onto 

PDMS substrate.   
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2.5 Summary and potential future work 

2.5.1 Summary for present work 

We introduce two efficient approaches to improve the stretchability of organic 

semiconductor polymers. Blending a rigid but functional polymer of PCDTPT with another 

more ductile polymer P3HT that possesses superior plasticity under both straining and strain-

releasing condition. The electrical property of blend is comparable with neat PCDTPT due to 

the vertical aggregation. A reversible dichroic ratio during strain and strain release process 

indicate a reversible morphology. And during the cyclic strain, this reversible morphology is 

also maintained. Besides, the local packing order of the polymers is shown to be remarkably 

stable. The saturated field effect charge mobility is shown to be consistently above 0.04 

cm2/Vs. The film showed no signs of fracture for strains up to 75% for 100 cycles, but start 

to show delamination when strain is released to 10% for large strain cycles.  

To reduce the delamination, we moderately treat the PDMS substrate with UV/ozone 

before printed with thin film polymer semiconductor, which we choose DPP-4T here. The 

surface layer PDMS under UV/ozone becomes more hydrophilic with higher surface energy, 

and the mechanical property is also changed. The surface treatment increases the adhesion 

energy between PDMS substrate and the DPP-4T film, and at the same time reduces the 

modulus mismatch between these two. After UV/ozone treatment, the wrinkling onset strain 

is greatly improved from 17% to 47%. And during the cyclic strain, the RMS roughness is 

shown to be consistently below 2 nm for up to 100 strain cycles with range from 5% to 45% 

as well as from 20% to 60%, with a stable local packing order of the polymer. This work 

points out the importance of adhesion energy between two layers and may suggest a potential 

approach for future stretchable electronics.  
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2.5.2 Suggestion for future work 

Blending is an effective method to change the mechanical property of material. Our work 

used a ratio of 4:6 between PCDTPT and P3HT. A future research direction in optimizing the 

ratio of the two components may lead to a better performance. A combination of blend and 

surface treatment may also worth to explore. For surface treatment method, we only 

characterized the morphology during the cyclic strain and didn’t characterize the charge 

carrier mobility because the film cannot be transferred to OTS treated transistor test bed from 

UV/ozone treated PDMS. Further exploration for mobility measurement can provide more 

information about the film resistance during cyclic strain when has a strong bonding with 

substrate. A possible way to measure the charge carrier mobility is to laminate the film 

together with PDMS substrate onto transistor test bed, as shown in Figure 56125,158. 

 

Figure 57. Schematic illustration of lamination method used to evaluate semiconducting 

polymers for stretchable electronics158.  

The polymer usually possesses viscoelasticity, which cause the polymer not able to 

respond to the stimulus immediately. Therefore, in the dynamic measurement like cyclic 



120 
 

strain process, the strain rate may have a very important effect on the polymer’s behavior. 

Future research to study the strain rate’s effect on the stretchability of the film may offer 

more information about the effect of film’s viscoelasticity on the stretchability.  

We show that the stretchability of DPP-4T film onto UV/ozone treated PDMS has been 

greatly improved. It would be helpful to do the same measurement on other polymer systems 

to confirm this is a universal method instead of only be specific on DPP-4T. The potential 

new polymer system could be ductile polymer like P3HT that can be strained to 90% or 

100% without showing crack. It would also be interesting to use some more rigid polymer 

like DPP-TT or N2200 to show the surface treatment’s effect on the crack onset.  
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