
ABSTRACT 

WASHIYAMA, SHUN. Al-rich AlGaN/AlN-based Double Barrier Resonant Tunneling 
Diodes. (Under the direction of Dr. Ramón Collazo and Dr. Zlatko Sitar). 
 

A thermodynamic supersaturation model was developed to evaluate the epitaxial 

growth of aluminum gallium nitride ternary alloys by metalorganic chemical vapor 

deposition (MOCVD). Using this model, AlN and GaN phase stability was discussed in 

terms of the Al and Ga vapor supersaturation above the AlGaN surface. GaN phase was 

found to be close to chemical equilibrium under typical growth conditions whereas Al 

supersaturation was as high as 108-1010. The Gibbs free energy of reaction of GaN formation 

reported in the literature was modified from temperature dependence of incorporation of Ga 

into AlGaN. Variable parameters stabilizing the III-nitrides were provided.  

The Burton, Cabrera, and Frank theory (the BCF theory) was also studied for surface 

kinetics during AlGaN MOCVD. Growth spirals centered at screw dislocation were formed 

by the presence of GaN phase under low Ga supersaturation. Taking into account the 

significant difference in Al and Ga supersaturations, the BCF model that describes terrace 

width on the growth spirals was extended to formulate the resulting terrace width as a 

function of alloy composition and supersaturation. A pathway to obtain device quality 

smooth surface was discussed based on the developed model. 

Surface defect, referred to as “hillock”, on AlGaN heteroepitaxial layer grown on 

AlN single crystal native substrates was investigated by means of conventional and 

aberration-corrected transmission electron microscopy. The hillocks were categorized into 

two groups based on crystallographic symmetry: non-hexagonal and hexagonal. They were 

found to have a-type dislocation density of 1010 cm-2 independently of types of hillocks. 



Methodology to reduce hillock density was suggested to improve device performance 

fabricated on the AlN substrates. 

Supersaturation based chemical potential control that was recently developed for GaN 

doping study was also applied to Si doped Al-rich AlGaN MOCVD. Compensating point 

defects such as carbon on the nitrogen site (CN) and cation vacancy Si complex (VIII+Si) was 

reduced using the developed model. CN was reduced with increasing NH3 flow rate and 

growth temperature whereas VIII+Si complex was reduced with decreasing NH3 and growth 

temperature. The observed trade-off formation mechanism of CN and VIII agreed well with 

the chemical potential control model. Consequently, the highest carrier concentration of 

2.5×1019 cm-3 was achieved on single crystal AlN substrate.  

Al-rich AlGaN/AlN based double barrier resonant tunneling diode (DBRTD) was 

demonstrated at room temperature for the first time. The DBRTD structure was composed of 

0.75 nm-thick AlN barriers and 1.0 nm-thick Al0.6Ga0.4N well. I-V characteristics clearly 

showed negative differential resistance (NDR) with a peak current of 3.3 mA/cm2 at 3 V. The 

obtained peak to valley ratio was approximately 70. Furthermore, asymmetric NDR behavior 

was observed. NDR was observed only when an external electric field was applied in the 

positive c-direction. By contrast, no NDR was observed with an external electric field in the 

negative c-direction. Comparing to the I-V characteristics simulated by the non-equilibrium 

Green’s function and self-consistent Schrödinger-Poisson’s equations solver, the observed 

asymmetry may be due to high ohmic contact resistance. Finally, pathways to improve the 

device performance were discussed.  
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Chapter 1: Introduction 

1.1. Dissertation overview 

Terahertz (THz) technology has been studied for a variety of applications such as ultra-

high-speed wireless communication, spectroscopy and imaging due to its high frequency, 

transmissivity and unique THz absorption properties of molecules. Resonant tunneling 

diodes (RTDs) are semiconductor electronic devices that continuously oscillate in a 

frequency above THz at room temperature (RT), classifying them as the fastest electronic 

devices based on their operational physics. Group III-nitride ternary alloys are promising 

candidates for THz RTDs as they offer high materials properties in comparison to the pre-

existing III-V semiconductors. Most nitride-based RTDs are implemented in Al(Ga)N/GaN 

and GaN/AlInN systems. Remarkable device performance in nitride RTDs has not been 

achieved yet. It is expected that tensile strain in Al(Ga)N on AlN and strong interaction 

between AlN-InN cause defect formation and segregation in quantum confinement 

structures, limiting electron transport properties. Al-rich AlGaN/AlN heterostructure is an 

attractive material system that is not subject to these challenges. In order to realize Al-rich 

AlGaN-based RTDs, precise growth control is crucial as interface roughness and variation in 

layer thickness and alloy composition is detrimental to device performance. In addition, 

reduction of lattice defects either extended or point is necessary to exploit full potential of 

Al-rich AlGaN-based RTDs. Comprehensive knowledge in these fields is indispensable for 

the development of the future THz technology using AlGaN-based RTDs. 
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In this dissertation, Al-rich AlGaN-based RTDs will be demonstrated for the first time. 

The present chapter will provide an overview of properties and lattice defects of the III-

nitrides. Furthermore, THz applications and radiations will be briefly introduced as well as 

properties of AlGaN/AlN heterostructures associated with RTD operational physics. A 

thermodynamic supersaturation model for metalorganic chemical vapor deposition 

(MOCVD) will be constructed in chapter 2 in order to describe the growth driving force and 

the resulting alloy composition and to design appropriate process condition. In addition to 

thermodynamics, surface kinetic theory known as the Burton, Cabrera, and Frank theory (the 

BCF theory) will be applied to AlGaN epitaxial growth in chapter 3 with a focus on 

obtaining smooth surface on sapphire substrate. Chapter 4 will provide a study of hillocks 

formed on Al-rich AlGaN layer grown on AlN single crystal substrate by means of 

conventional and scanning transmission electron microscopy (CTEM and STEM). Pathways 

for hillock density reduction will be explored. Compensating point defect reduction will also 

be demonstrated by recently developed chemical potential control technique in order to 

achieve high conductivity in Si-doped n-type AlGaN films in chapter 5. With the results 

obtained in chapters 2 to 5, Al-rich AlGaN/AlN-based RTDs will be demonstrated in chapter 

6. Device performance will be discussed using self-consistent Schrödinger-Poisson solver. 

Finally, this dissertation will be concluded with future work in chapter 7.  

 

1.2. Properties of group III-nitrides 

InN, GaN, and AlN compose the group III-nitride semiconductor system along with 

their ternary and quaternary alloys. These semiconductors possess direct transition type 
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bandgap ranging from 0.78 eV for InN and 3.39 eV for GaN to 6.03 eV for AlN at room 

temperature1. Energy bandgaps for alloys follow Vegard’s law with a bowing parameter, b.  

  [eV] (1.1) 

where EA and EB are bandgaps of material A and B, and x is mole fraction of material A. 

Figure 1-1 shows energy bandgaps as a function of a lattice constant. The tunable direct 

bandgaps with whole alloy composition enables optoelectronic devices such as detectors and 

emitters in the infrared (IR) and visible to deep ultraviolet (DUV) spectral regions. GaN and 

AlN are categorized as wide bandgap materials from 3.4 eV to 6.1 eV. This study will focus 

on AlGaN and AlN materials. These wide bandgap materials are also attractive for high 

power electronic devices due to their high breakdown field and thermal conductivity.  

 

Figure 1-1: Energy bandgaps of the III-nitride semiconductors (InN, GaN, and AlN) as a 

function of a lattice constant. Bowing parameters used are 1.4 [eV] for InGaN, 0.7 [eV] for 

AlGaN, and 2.5 [eV] for AlInN1,2. 
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In addition to the material properties, spontaneous polarization exists in the III-nitride 

crystal. The wurtzite structure is the thermodynamically most stable phase of the III nitrides 

with hexagonal symmetry. A cation-anion bond has ionic and covalent characters. The highly 

electronegative N-atom results in the formation of a dipole moment with positive III-metal 

and negative N-atom in the c-direction. The tetrahedron is distorted such that c0/a0 ratio and 

internal parameter, u0, deviates from the values of an ideal hexagonal closed packed structure 

(1.633 and 0.375). This ionic character breaks centrosymmery in the c-direction, inducing 

spontaneous polarization that points to the negative c-direction. The polarization induced by 

the dipole moment is expressed with density, n, and moment, δr of dipole as:  

   
!
P = nδ !r   [C/m2] (1.2) 

The spontaneous polarization points to the negative c-direction ([000-1] direction), resulting 

in the electric field in the opposite direction as: 

  [V/m]  (1.3) 

where ε is the dielectric constant. Thus, the III-nitrides are polar materials without inversion 

symmetry in the c-direction, as seen in Figure 1-2. The III-N bond is towards +c-direction in 

III-polar materials, which is the most commonly studied crystal orientation. Crystallographic 

planes orthogonal to the c-plane include a-plane {11-20} and m-plane {1-100}, called as 

non-polar or prism plane. Polarization in pyramidal planes such as {11-22} and {1-101} 

depend on its inclination angle from the c-plane, which is known as semi-polar planes. III-

polar AlGaN and AlN are studied in this work. Table 1-1 summarizes lattice constants, 

internal parameter and spontaneous polarization in wurtzite InN, GaN, and AlN. Other 

  

!
E = −

!
P
ε
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important materials properties related to RTD operational physics and the influence of 

internal polarization on device performance will be discussed in sections 1.5 and 6.3 

respectively. 

 

Table 1-1: Lattice constants, internal parameter and spontaneous polarization of wurtzite 

InN, GaN, and AlN1,2. 

 InN GaN AlN 

a0 [Å] 3.533 3.189 3.112 

c0 [Å] 5.693 5.185 4.982 

c0/a0 1.611 1.626 1.601 

u0/c0 0.377 0.376 0.380 

Psp [C/m2] -0.032 -0.029 -0.081 
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Figure 1-2: Partial unit cell of wurtzite crystal structure. Spontaneous polarization field is 

pointing to negative c-direction ([000-1]), causing internal electric field in the opposite 

direction ([0001]). 

1.3. Growth of III-nitrides 

1.3.1. Epitaxy 

Most nitride semiconductor devices consist of a thin-layered structure grown on bulk 

substrate. Purity and uniformity in thickness and alloy composition of the thin layers play an 

important role in device performance. Functionality of those layers is controlled by means of 

epitaxy. Epitaxy is a term used to represent single crystal growth on a substrate. Thin film is 

grown by either incorporation of a growing species into atomic steps or nucleation and 

growth on substrate3. The epitaxial layer inherits features of substrate material such as crystal 

structure and lattice constant. Lattice misfit is defined as the difference of lattice constant in 

epitaxial layer and substrate as4: 

+c-direction 
III-atom 

N-atom 

Metal-polar 

N-polar 

E P 
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asub − aepi

asub

×100  [%] (1.4) 

where asub and aepi are lattice constants of substrate and epitaxial layer. Figure 1-3 shows 

lattice misfit in AlGaN growth on AlN as a function of Al mole fraction. Accordingly, as 

combination of thin film and substrate material, epitaxy is categorized into two types5. 

Homoepitaxy is thin film growth on an identical material as a substrate, e.g. AlN thin film 

growth on an AlN bulk substrate. Figure 1-4 (a) and Figure 1-5 (a) show schematic diagrams 

of atomic arrangement and growth mode in homoepitaxy. This growth mode is known as 

Frank-van der Merwe mode. No difference of lattice constant in thin film and substrate 

makes it possible to obtain atomically smooth layer without introducing strain. Thus far, state 

of the art AlN thin films are grown on an AlN single crystal substrate produced by physical 

vapor transport (PVT)6,7. In contrast, epitaxial film can also be grown on a foreign substrate, 

called as heteroepitaxy. Due to a lack of AlGaN native substrate, deposition of AlGaN layer 

relies on heteroepitaxy. Substrate material is chosen based on several limitations: (1) higher 

melting point than growth temperature, (2) no structural transformation from RT to growth 

temperature, (3) similar crystal symmetry and small lattice misfit, (4) availability of large 

size single crystal wafer, (5) materials properties for expected device application (e.g. 

transparency in targeted spectrum region for light emitting devices). 
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Figure 1-3: Lattice misfit in AlGaN layer on AlN as a function of Al mole fraction. 

 

Consequences of heteroepitaxy are schematically drawn in Figure 1-4 (b) and (c) and Figure 

1-5 (b) and (c). Growth on PVT AlN wafer is a powerful tool for Al-rich AlGaN 

heteroepitaxy. Epitaxial AlGaN layer can be grown on AlN substrate with small lattice misfit 

(<1% for AlxGa1-xN with x>0.6) and low thermal stress. Al-rich AlGaN layer having 

equivalent dislocation density (as low as 103 cm-2) can be pseudomorphically grown without 

cracking and/or introducing defects to relax the lattice8, as seen in Figure 1-4 (b). AlGaN 

layers has been confirmed to have identical in-plane lattice constant to AlN substrate by high 

resolution X-ray diffraction studies8. As shown in Figure 1-5 (b), some heteroepitaxial 

systems with small lattice misfit show growth mode transition from layer-by-layer to three 

dimensional island growths. These materials systems include InAs/GaAs, GeSi/Sn/Si, 

GaN/AlN, Fe3O4/FeO/Pt9–13. Surface roughening by nucleation occurs when layer thickness 

exceeds critical thickness as a consequence of strain relaxation13. This growth mode is known 
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as Stranski-Krastanov (SK) mode. The SK mode is used for quantum dot formation14–17. So 

far, strain relaxation including the SK mode and introduction of misfit dislocations in 

heteroepitaxial AlGaN growth on AlN substrate has not been confirmed. Atomically smooth 

AlGaN layer is, therefore, readily achieved associated with small lattice misfit and less 

influence of the pre-existing lattice defects such as screw dislocations18. In addition, high 

internal quantum efficiency for DUV emission in AlGaN multiple quantum wells has been 

realized on AlN wafer19. Extended defects on epitaxial AlGaN layer grown on AlN substrate 

will be studied in chapter 4. In contrast to AlN wafer, sapphire (α-Al2O3) is the most 

commonly used substrate for nitride epitaxy, having high melting point, approximately 

hexagonal crystal symmetry and transparency for DUV spectral range. Epitaxial growth on c-

plane sapphire is realized by 30° rotation in the basal plane to minimize misfit strain energy. 

Thus, epitaxial relationship is20: 

 
   
(0001)Nitride ! (0001)Sapphire   and 

   
[11− 20]Nitride ! [1−100]Sapphire   

An advantage of sapphire over AlN wafer is controllability of polarity. Polarity of 

heteroepitaxial nitride layer is determined by surface treatment of sapphire substrate. Lateral 

polar structures (LPS) in GaN, AlGaN, and AlN have been fabricated using selective area 

growth of N- and III-polar materials21–24. Troha et al. have successfully demonstrated second 

harmonic generation for UV emission at 306, 331, and 356 nm using modal dispersive phase 

matching with AlN LPS25. Due to large lattice misfit between sapphire and Al(Ga)N (≈16% 

for GaN and ≈12% for AlN26), however, high density of dislocation is introduced into the 

epitaxial layer in initial stage of growth. Growth of AlGaN and AlN on sapphire begins with 
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nucleation of small islands by dewetting. According to Young’s equation27, equilibrium 

balance in creation of new interface is described as: 

 
  
γ sv = γ fs + γ fv cosθ   (1.5) 

where γsv, γfs, γfv, and θ are surface energy of substrate, interfacial energy, surface energy of a 

nucleus, and contact angle between nucleus and substrate. The nucleus is stable when: 

 
  
γ sv < γ fs + γ fv cosθ   (for 0<θ<180°) (1.6) 

This condition corresponds to Volmer-Weber growth in Figure 1-5 (c). The small islands are 

slightly misoriented from bulk orientation. Dislocations are generated during initial stage of 

island growth28 and/or coalescence of the small islands29. Dislocations are detrimental to 

device performance since they act as non-recombination centers, carrier scattering center, 

leakage path, and compensating defects30–33. High density of growth spirals mediated by 

dislocation with screw component also cause surface roughening18. Novel theoretical 

modeling in AlGaN surface growth kinetics on sapphire will be provided in chapter 3. In 

addition to lattice misfit, difference in thermal expansion coefficient could cause film 

cracking during cooling down from growth temperature.  
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Figure 1-4: Schematic diagram of epitaxial growth. (a) Homoepitaxy: There is no lattice 

misfit between epitaxial layer and substrate. (b) Heteroepitaxy with small lattice misfit: 

Epitaxial layer is strained (Pseudomorphic growth). Epitaxial layer has identical lattice 

constant to that of substrate. (c) Heteroepitaxy with large lattice misfit: Epitaxial layer is 

relaxed by introducing misfit dislocations at the interface between epitaxial layer and 

substrate. 

 

Figure 1-5: Growth modes in epitaxy. (a) Frank-van der Merwe mode. Homoepitaxy and 

heteroepitaxy without strain relaxation belong to this mode. (b) Stranski-Krastanov mode. 

Heteroepitaxy with small lattice misfit, causing surface roughening, is categorized as this 

mode. (c) Volmer-Weber mode. This growth mode is observed in large lattice misfit system. 
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1.3.2. Thermodynamics 

In any growth processes, nitride materials are crystallized from vapor or liquid. At a 

certain temperature and pressure the resulting phase is determined by the magnitude of the 

Gibbs free energy. Solid phase is realized when its free energy is lower than those of liquid 

and gas phase. The free energy is related to enthalpy and entropy as; 

   (1.7) 

where G, H, and S are the Gibbs free energy, enthalpy, and entropy of the system. In the 

growth from vapor, the deposition is driven by the difference in the free energy (i.e. chemical 

potential) of solid and gas phase, as seen in Figure 1-634. The driving force is, hence, given 

by the difference between input partial pressure, Pin, and equilibrium vapor pressure, Peq. The 

driving force is called as vapor supersaturation, σ.  

 
 
σ =

Pin − Peq

Peq

  (1.8) 

σ>0 is required for deposition while dissociation occurs under σ<0 (i.e. undersaturation). 

When σ=0, the system is in equilibrium between deposition and dissociation. Supersaturation 

under a given growth condition is estimated by calculating equilibrium vapor pressure based 

on thermodynamic requirements including the law of mass action, total pressure, and 

stoichiometric restrictions34. Vapor pressure at chemical equilibrium is numerically estimated 

by solving simultaneous equations arising from those assumptions. Thermodynamic analysis 

is a powerful tool to predict growth rate and Al mole fraction, and thus, to design process 

condition for AlGaN growth.  

 

 G = H −TS



 

13 

 

Figure 1-6: Driving force for thin film deposition from vapor35. Chemical potential difference 

in gas phase and substrate surface at equilibrium is directly related to pressure difference in 

gas phase (input) and equilibrium. 

 
 There are three major growth techniques for AlGaN epitaxy: Hydride vapor phase 

epitaxy (HVPE), molecular beam epitaxy (MBE), and metalorganic chemical vapor 

deposition (MOCVD). Figure 1-7 exhibits the Gibbs free energy of reaction for AlN 

formation by MOCVD, MBE, and HVPE36. In general, driving force of HVPE growth is 

lower than MOCVD and MBE whereas growth rate is higher due to high input partial 

pressure of III-precursors. Freestanding GaN and AlN films are obtained by HVPE37,38. MBE 

is technique of deposition under ultra high vacuum (UHV). Low impurity concentration and 

uniform deposition is possible by MBE. However, MBE reactor requires careful and frequent 

maintenance, which makes it difficult for mass production. MOCVD is the most commonly 

employed growth technique. Growth rate and driving force in MOCVD is in between HVPE 

and MBE. Here, growth mechanisms and thermodynamics of three growth techniques are 

briefly described.  
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Table 2
Growth efficiency for triethyl versus tnmethyl—group III sources

System Source Pressure Reference
(pm/mol) (atm)

GaAs 2 )< iO~ TEGa+ AsH3 1 Kuoet al. [221
1.6><I0~ TMGa+AsH3 I

InP 3.8x10
3 TEIn+PH

3 1 Fukui and Horikoshi[40]
4.5 x 10~ TEIn +PH3 LP Razeghi et al. [41]
7.9x 102 TMIn—TEP+PH3 1 Moss and Evans [181
6.9x10

3 TMln+ PH
3 1 Hsu et al. [21]

GalnAs 7.65<102 TEIn + TEGa +AsH3 LP Razeghi et al. [41]
2.Ox io~ TMGa+TMIn+AsH3 I Kuo et al. [22]

— Growth rate (p rn/mm) (pm
Controlling flow rate (mol/min) mol -

tion, the growth rate has been found to be inde- through the boundary layer. In other words, the
pendent of substrate orientation [24]. The growth system is near thermodynamic equilibrium at the
rate is also found to be independent of AsH3 flow interface. This situation is shown schematically in
rate when the V/Ill ratio is much larger than fig. 5. The input gas is highly supersaturated but
unity and linearly proportional to the TMGa flow equilibrium is established at the solid—vapor inter-
rate, as expected for diffusion limited growth from face. Since the input vapor phase has a very high
eq. (5). In this temperature range, the chemical supersaturation, one of the two components must
potential drop across the interface is small, the be totally depleted at the interface. Since the V/Ill
driving force is mainly expended on moving Ga ratio is large, the Ga partial pressure will be nearly

0 at the interface [11]. The same situation will
prevail for all group III elements at the interface

T I Cl during the growth of A B - C alloys with mixing
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on the group III sublattice. Thus, the group III
distribution coefficient will be controlled by diffu-

~
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a
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Fig. 5. Schematic diagram of chemical potential versus reaction

Fig. 4. Temperature dependence on GaAs growth rate (normal- coordinate, showing the drop in chemical potential required for
ized by the TMGa molar flow rate). Data were obtained from each step in the growth sequence to keep all rates equal. The
Manasevit and Simpson [311(a), Gottschalch et al. [32] (A), sum of individual chemical potentials can alternatively be
Leys and Veenvliet [121 (0), and Krautle et al. [33] (0). thought of as products of partical pressures of the reactants.
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Figure 1-7: Gibbs free energy of reaction of AlN formation by MOCVD, MBE, and HVPE. 

Chemical reactions used are Al(g)+NH3(g)=AlN(s)+3/2H2(g) for MOCVD, 

Al(g)+N(g)=AlN(s) for MBE, and AlCl+NH3(g)=AlN(s)+HCl(g)+H2(g) for HVPE, 

respectively36. 

 

HVPE utilizes halide sources such as bromide, iodide, and chloride. Figure 1-8 shows 

schematic diagram of HVPE reactor for AlGaN deposition39. In nitride HVPE, HCl is used as 

halide source. Metal precursors are produced in source zone via chemical reactions between 

pure metal (Al and Ga) and halide species.  
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   (1.9) 

   (1.10) 

   (1.11) 

   (1.12) 

Chemical equilibrium in the source zone is controlled by temperature, pressure, and input 

flow rate of HCl and H2. Since some halide species are reactive with quartz, these variable 

parameters need to be appropriately designed to minimize the influence of the reaction with 

quartz at growth temperature. Kumagai et al. has developed a thermodynamic analysis for 

AlN HVPE growth40. AlCl3 was found to be less reactive with quartz compared to AlCl. 

Process condition to produce more AlCl3 rather than AlCl was investigated using this 

thermodynamic model. Those precursors are brought onto substrate surface with carrier gas 

such as N2 and H2. NH3, a precursor for nitrogen, is separately introduced into the reactor to 

prevent gas phase reaction between NH3 and metal precursors. Nitride layer is then grown on 

heated substrate through the following chemical reactions. 

   (1.13) 

   (1.14) 

   (1.15) 

As multiple chemical species are generated in source zone, all possible chemical reactions on 

substrate surface need to be considered. Figure 1-9 shows temperature dependence of vapor 

  
III(s)+ HCl(g) ↔ IIICl(g)+ 1

2
H2(g)

  III(s)+ 2HCl(g) ↔ IIICl2(g)+ H2(g)

  III(s)+ 3HCl(g) ↔ IIICl3(g)+ H2(g)

  2IIICl3(g) ↔ III2Cl6(g)

  IIICl3(g)+ NH3(g) ↔ IIIN (s)+ 3HCl(g)

  IIICl(g)+ H2(g) ↔ IIICl(g)+ 2HCl(g)

  
IIICl3(g)+ 1

2
H2(g) ↔ IIICl2(g)+ HCl(g)
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pressure of species involved in AlN formation. Thermodynamic calculation was conducted 

based on the model suggested by Kumagai41. All the species of AlCln contribute to the 

equilibrium vapor pressure in eqn. (1.8). In other words, these species are related to 

desorption flux from growing surface. Particularly, vapor pressure of AlCl is relatively high, 

resulting in lower vapor supersaturation than that in other growth techniques. UV transparent 

freestanding AlN wafer has been realized by growing on PVT AlN substrate and polishing it, 

which enabled high efficiency DUV LED fabrication42. 

 

Figure 1-8: Schematic diagram of HVPE reactor for AlGaN deposition39. III precursors are 

produced by chemical reaction between III-metals and HCl in source zones. NH3 is 

separately introduced into the reactor. 
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Figure 1-9: Temperature dependence of vapor pressure of species involved in chemical 

reaction for AlN formation by HVPE, calculated based on thermodynamic model suggested 

by Kumagai41. 

 

MBE features low impurity and uniform deposition associated with UHV condition. 

Growing species are supplied onto substrate surface as a form of molecular or atomic beam. 

Under UHV condition (<10-7 Torr), no significant collision with residual gas occurs due to 

large mean free path. The required background pressure, Pbackground, to achieve low impurity 

film is estimated from Knudsen’s equation4.  

    (1.16)  

where F, m, kB, T are flux of residual gas, mass of molecule, Boltzmann constant, absolute 
temperature, respectively.   
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Figure 1-10: Oxygen flux as a function of background pressure. UHV represents pressure 

below 10-7 Torr, as indicated by black dashed line. 

 

Figure 1-10 shows flux as a function of background pressure4. Semiconductor has mid 1022 

atoms per cm3. Assume (1) oxygen as a residual gas, (2) deposition rate of epitaxial film of 1 

monolayer per second (corresponding flux of low 1015 cm-2 and pressure of mid 10-6 Torr), 

(3) desirable impurity concentration: below 1017 cm-3, and (4) oxygen incorporation 

efficiency into the growth layer: 100%. The flux ratio of residual oxygen and growing 

species is 10-5. This ratio gives required background pressure as:  

   (1.17) 

where F, C, and P are flux, concentration, and pressure of impurity (O2) and growing species, 

respectively. The required background pressure estimated is 5×10-11 Torr. This is the reason 
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why UHV is necessary in MBE growth with low impurity concentration. In addition to low 

impurity, UHV conditions also facilitates homogeneous deposition. Distribution of beam on 

substrate is controlled with orifice thickness and aperture width of the effusion cells. 

Variation of film thickness in MBE can be reduced below 1% on entire wafer. During MBE 

AlGaN growth substrate is maintained at relatively low temperature (<900°C43–45) to 

suppress significant outgas from the reactor wall. Reflection of high electron energy 

diffraction (RHEED) can also be operated during MBE growth under UHV, as shown in 

Figure 1-11.  

 

Figure 1-11: Schematic diagram of MBE reactor4. Typical distance between substrate and 

effusion cells is on the order of 10-1 m. Electron beam is irradiated from RHEED gun to 

substrate surface. 

 

RHEED allows for in-situ observation of surface evolution. Another aspect of MBE is low 

deposition rate. Beam flux is determined by equilibrium vapor pressure in the effusion cell 
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that solely depends on the cell temperature. Large beam flux is not employed as it may 

contaminate aperture of the cell, causing a change in beam distribution. Nitrogen is 

dissociated into N-atoms by plasma. Thus, simple chemical reaction on the substrate surface 

is assumed as:  

   (1.18) 

Compared to other growth reaction, only growing species are involved in MBE reaction. This 

simple reaction without by-products results in high vapor supersaturation. More details of 

HVPE and MBE are beyond the scope of this dissertation. 

MOCVD is a growth method utilizing metalorganics as metal precursors. This 

dissertation focuses on AlGaN and AlN grown by MOCVD. Metalorganics employed in 

MOCVD include alkyl groups such as ethyl and methyl. III-metal precursors of Ga and Al in 

this study are triethylgallium (TEG: (C2H5)3Ga) and triethylalumimum (TMA: (CH3)3Al). As 

N2 is not available due to its high vapor pressure, NH3 is used as a nitrogen precursor.  

 

Figure 1-12: Schematic diagram of vertical RF-heated MOCVD reactor. Gas species are 

introduced into the reactor through showerhead above a wafer. 

  III(g)+ N (g) ↔ IIIN (s)

Exhaust 

TEG 
TMA NH3 

H2 N2 
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As drawn in Figure 1-12, precursors are brought onto substrate with carrier gas such as N2 

and H2. Supplied amount of metalorganics is determined by bubbler pressure and 

temperature. Equilibrium vapor pressure of TMA and TEG is calculated with empirical 

equation46.  

  [Torr] (1.19) 

where pMO, A, B, and T being equilibrium vapor pressure of metalorganics, constants, and 

absolute temperature, respectively. Mass flow rate of metalorganics, fMO, is then estimated 

using cylinder pressure, pbubbler, carrier flow rate, fcarrier, as: 

 
 
fMO = fcarrier

pMO

pbubbler − pMO

  (1.20) 

Since vapor pressure of TMA and TEG is lower than pbubbler under typical cylinder condition, 

pMO in denominator is negligible. Properties and constants for TMA and TEG vapor pressure 

calculation using equation (1-19) are given in Table 1-2. 

 

Table 1-2: Properties of TEG and TMA46. 

 TMA TEG 
Melting point [°C] 15.4 -82.3 

A 8.22 8.08 
B 2134 2162 

 

Metalorganics arrive to the substrate surface by diffusion through boundary layer. Pyrolysis 

temperature of metalorganics is low compared to growth temperature (>1000°C), thus, 

simplified chemical reaction is assumed for nitride formation as: 

  pMO = 10
A− B

T [ K ]
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   (1.21) 

As seen in the reaction, hydrogen is a by-product of nitride formation. Thus, it is expected 

that not only reactants but also hydrogen play an important role to determine chemical 

equilibrium. The more details of growth thermodynamics in AlGaN MOCVD will be 

discussed in chapter 2. 

 

1.3.3. Surface kinetics 

Surface kinetics, in addition to thermodynamics, is necessary for a comprehensive 

understanding of AlGaN growth. Crystal growth occurs either by incorporation of atoms into 

steps or nucleation and growth on the substrate surface. In general, AlGaN thin film is grown 

on substrate surface slightly misoriented from the basal plane (c-plane), called as vicinal 

surface. The vicinal surface provides high density of atomic step, depending on 

misorientation angle. Those steps act as sinks for atoms migrating on the growing surface 

(i.e. adatoms). The existing dislocation density in the growing layer affects surface kinetic 

processes; thus, AlGaN heteroepitaxy on AlN substrate is not comparable to the growth on 

sapphire substrate. When AlGaN film is grown on AlN substrate, the sinks are solely bi-layer 

steps on a vicinal surface. Bryan et al. have reported that three different growth modes exist 

in AlN homoepitaxy, depending on misorientation angle47. For on-axis substrate, two-

dimensional nucleation occurs due to the absence of incorporation sites, (i.e. bi-layer steps). 

Adatoms form clusters on the substrate and becomes stable when the size of cluster exceeds 

critical radius of nuclei. Relatively rough surface is obtained in this growth mode. With small 

  
III(g)+ NH3(g) ↔ IIIN (s)+ 3

2
H2(g)
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misorientation angle, growth proceeds via step motion. Adatoms are incorporated only into 

kinks in the step flow growth. Thus, atomically smooth surface is obtained without two-

dimensional nucleation on the surface. This growth mode is desirable for device fabrication. 

As misorientation angle is increased further, step bunching takes place. Although the detailed 

mechanism causing step bunching is still in discussion, the most frequently employed 

explanation is the “Schwoebel effect48”. Energy barriers for upper and lower step sites are not 

identical for an adatom on terrace. The asymmetric energy barrier, called as Ehrlich-

Schwoebel barrier, results in non-uniform step velocity, and eventually causing step 

bunching. Two different types of steps exist in step bunching growth: (1) bi-layer steps and 

(2) macro steps. The height of a macro step is determined by the number of bi-layer steps 

composing a bunched step, while bi-layer step height is dependent on material. Surface is, 

hence, relatively rough in this growth mode. In addition to roughness, compositional 

inhomogeneity has been observed in an AlGaN layer grown in step bunching18. High Ga 

content has been confirmed in bunched steps compared to bi-layer steps by STEM Z-contrast 

imaging. This is due to the difference in incorporation efficiency of Ga in these two types of 

steps. More Ga adatoms could evaporate on surface with wider terraces whereas 

incorporation efficiency is high on dense bunched step regions. 

In contrast to AlN substrate, spiral growth dominates AlGaN epitaxy on foreign 

substrates18,49. Sources of steps are dislocations having screw component. Screw dislocation 

produces atomic step with a height corresponding to its Burger’s vector50. The produced 

atomic steps are pinned at screw dislocation, creating growth spirals on the surface. The more 
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details of surface growth kinetics in high dislocation density AlGaN epitaxial layer on 

sapphire substrate will be described by the BCF in chapter 3. 

 

1.3.4. Gas phase chemistry 

A characteristic feature of AlGaN and AlN MOCVD is the parasitic gas phase 

reaction51. NH3 immediately forms adducts with TMA in the gas phase when being mixed. 

This parasitic reaction occurs with low activation energy of TMA:NH3 formation52. Thus, 

when input partial pressure of NH3 is high in the reactor, metal precursors are consumed in 

the gas phase without contributing to deposition. Nano particle formation has been observed 

during deposition above the substrate53. Growth efficiency is reduced by the gas phase 

reaction. To suppress the adduct formation, a MOCVD reactor needs to be designed so that 

NH3 and metalorganics are mixed on a substrate surface. Another possible way to reduce the 

reaction rate is to grow under relatively low NH3 input pressure. The influence of the 

parasitic reaction on AlGaN MOCVD will be discussed in chapter 2.  

 

1.4. Defects in III-nitrides 

1.4.1. Point defects 

Point defects are dimensionless lattice defects. These are composed of impurities, 

vacancy and complexes. There are two types of impurities. Interstitial represents impurities 

sitting in-between lattice sites, while substitutional is an impurity in a lattice site. Extrinsic 

semiconductors such as AlGaN and AlN become conducting when doped with substitutional 
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impurities that have one more or less valence than the III- or N-atoms, which give free 

electron/hole. Silicon and magnesium are typical dopants for n-type and p-type nitrides1. 

When the matrix contains impurities having a counter charge, however, free carriers are 

reduced or eliminated. This carrier compensation effect plays a significant role in obtaining 

high conductivity. Figure 1-13 exemplifies free carrier concentration as a function of Si 

donor concentration and compensation level. When compensation level is high, free carriers 

do not contribute to conduction. 

 

Figure 1-13: Free electron concentration, n, in n-type layer as a function of Si donor 

concentration, ND. Carrier concentration is significantly reduced when it approaches 

compensation level, NA. 

 

In AlGaN and AlN, major point defects are carbon on nitrogen site (CN), oxygen on nitrogen 

site (ON), hydrogen, vacancies (VIII and VN), vacancy complexes and DX center54–59. This 

dissertation will study CN and VIII+Si complex in Si doped metal-polar AlGaN since they 
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mainly determine n-type conduction. CN is single charged acceptor type point defect that 

provides a hole. CN can act as NA in Figure 1-13. The source of carbon impurity is the 

metalorganics. In addition to CN, free electron concentration decreases with increasing Si 

concentration in AlGaN. Due to the self-compensation effect, a plot of free electron 

concentration as a function of Si concentration represents the well known “knee behavior”31. 

Chichibu et al. has suggested that the self-compensation is attributed to VIII+Si complex 

formation with heavy doping56. The details of VIII+Si defect formation are not clear. These 

point defects have their own unique formation energy. The formation energy of charged point 

defect is modeled by density functional theory (DFT)60–63. The formation energy is typically 

plotted as a function of Fermi energy that shifts towards conduction band with increasing free 

carrier concentration by doping. Figure 1-14 gives the formation energy diagram of charged 

point defect in AlN64.  

 

Figure 1-14: Formation energy diagram of charged point defects as a function of Fermi level 

in AlN64. 
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The charged point defects having lower formation energy tend to be incorporated into the n-

type layer. Reduction in point defect concentration is, thus, achieved by increasing their 

formation energy. Recently, Reddy et al. have developed a novel theoretical framework to 

suppress compensating point defect formation in Si doped (Al)GaN65. Chemical potential 

was controlled by vapor supersaturation to shift growth conditions from Ga-rich to N-rich, 

which enabled for increasing the formation energy of CN. As a consequence, CN 

concentration was reduced to the detection limit of secondary ion mass spectroscopy (SIMS). 

In Chapter 5, the chemical potential control technique will be extended to Si doped Al-rich 

AlGaN for obtaining high conductivity by compensating point defect reduction. 

 

1.4.2. Extended defects 

In addition to point defects, extended defects such as dislocations and hillocks also exist 

in an AlGaN layer. These defects determine electronic and optical properties, and thus, the 

resulting device performance. Point defects are characterized by indirect methods such as 

photoluminescence and Hall effect measurement, while extended defects are directly 

observed by scanning electron microscope (SEM), atomic force microscope (AFM) and 

transmission electron microscope (TEM) since these defects have dimensions: one-

dimensional for dislocation and three-dimensional for hillocks. Here, dislocations and 

hillocks formed during AlGaN epitaxy are introduced.  
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1.4.2.1. Dislocations 

Dislocations are commonly observed one-dimensional lattice defects in AlGaN epitaxial 

films. Three possible types of dislocations exist in nitrides depending on the angle between 

the dislocation line and Burgers vector, b. Burgers vectors in nitride wurtzite structure are 

<0001>, 1/3<11-20>, and 1/3<11-23>66. When the dislocation line is parallel to its Burgers 

vector, the dislocation is pure screw type, while Burgers vector of edge dislocation is 

perpendicular to dislocation line. Mixed type dislocation has both screw and edge 

components. Dislocation formation is a consequence of lattice displacement by slip. Table 1-

3 shows possible slip systems in the wurtzite structure: basal plane, prism planes, and 

pyramidal planes67. When AlGaN and AlN layer is grown on c-plane sapphire substrate, 

epitaxy starts with nucleation in the initial stage due to large lattice misfit. The strain 

accumulated in the small islands is relaxed by introducing dislocations28. Dislocations are 

also generated via coalescence of the islands29. Typical dislocation density in AlGaN and 

AlN film on sapphire is as high as 109-1010 cm-2. These dislocations are aligned to the growth 

direction (i.e. c-direction) to minimize energy by reducing its length. The main type of 

dislocation in AlGaN and AlN is the a-type edge dislocations. Since the dislocation energy is 

proportional to square of Burgers vector, a-type dislocation is energetically favorable to 

form.  

Type and density of dislocation is characterized by either X-ray diffraction (XRD) or 

TEM. Crystal tilt or twist produced by distortion associated with Burgers vector is measured 

in XRD. When dislocation lines are along the c-direction, c-type and a-type dislocations 
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cause tilt and twist in thin film. Therefore, dislocation density, ρ, is related to X-ray rocking 

curve full width at half maximum (FWHM) of (002) and (302) reflection as68: 

   (1.22) 

where β and b are FWHM in angular unit and Burgers vector, respectively. Figure 1-15 is a 

plot of dislocation density as a function of FWHM of AlN (002) and (302) reflections. 

Dislocation density estimation by XRD is quick and non-destructive; however, XRD is less 

sensitive to local structures such as bundle dislocations and dislocation inclination. 

 

Figure 1-15: Dislocation density in AlN layer as a function of AlN (002) and (302) X-ray 

rocking curve FWHM. Burgers vectors used were bscrew=4.982 Å and bedge=3.112 Å. 

 

Similar to XRD, lattice distortion by dislocation is characterized by TEM. Diffraction occurs 

when the electron beam goes through a thin TEM foil. Distorted lattice planes result in the 

difference in diffraction condition from the dislocation free crystal region, which generates 
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contrast in the TEM image. Identification of dislocation type is possible by imaging with 

multiple diffraction conditions. In general, dislocation contrast is described by the so-called 

“invisibility criterion69”.  

    
!
b ⋅ !g = 0   (1.23) 

Dislocation contrast disappears when the dot product of its Burgers vector, b, and diffraction 

vector, g, is zero. At least two different diffraction conditions are necessary to determine type 

of dislocation. Typically applied imaging conditions in the c-plane III-nitride film are 

diffraction vectors parallel and perpendicular to the c-direction. Screw c-type dislocations are 

visible with g=[0001], while contrast of a-type edge dislocations disappears. Mixed type 

dislocations are observed in both imaging conditions. 

Selective area growth such as epitaxial lateral overgrowth (ELO) is a growth technique 

to reduce dislocation density70. Growth only proceeds on patterned window regions where 

the nitride layer is exposed to the growth environment. In GaN ELO, SiO2 is used as mask 

material since GaN does not nucleate over SiO2 masks. Thus, a ratio of area generating 

dislocations is reduced in comparison to planar growth. In AlN ELO, AlN nucleates on the 

SiO2 mask due to extremely high Al supersaturation. A deep trench pattern is formed to 

avoid overgrowth of unexpectedly nucleated AlN. Dislocation density is reduced to low 108 

cm-2 by ELO technique71. In any ELO technique, additional dislocations are generated during 

coalescence of ELO islands. Recently, Miyake et al. have reported that the dislocation 

density in an AlN thin film is significantly reduced to mid 108 cm-2 from 1010 cm-2 by high 

temperature annealing at 1700°C72,73. Dislocation density reduction by recovery at high 

temperature is a well-known phenomenon in metals. To annihilate a dislocation in a crystal, 
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the displacement by a dislocation need to be canceled out by another dislocation that has 

opposite Burgers vector. This process is achieved by dislocation motions such as dislocation 

glide, climb, and cross slip. However, dislocation recovery in a crystal having ionic character 

is less likely to occur since both cation and anion neighbors need to be displaced. 

Unfortunately, studies on recovery in ceramic materials is sparse74,75. Liu and Evans have 

investigated dislocation recovery kinetics in single crystal calcite (CaCO3) by annealing at 

873-1073 K for different times. They made plots of dislocation reduction rate as a function of 

time at a given annealing temperature. The rate equation used for dislocation climb 

mechanisms is, for example: 

 
  

1
ρ n −

1
ρ0

n = tk0 exp −
Ea

RT
⎛
⎝⎜

⎞
⎠⎟

  (1.24) 

where ρ, ρ0, k0, Ea are dislocation density at time t and 0, rate constant, and activation energy 

of dislocation climb. n=1 is for vacancy bulk diffusion and n=3 for vacancy core diffusion. 

By comparing other possible mechanisms including dislocation glide and cross slip, they 

suggested that the calcite crystal was recovered via dislocation climb driven by vacancy core 

diffusion. Although the details of recovery mechanism in AlN layer are not clear, high 

temperature annealing is simple and a fast process compared to ELO technique, which 

requires a series of processes such as lithography and etching.  
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Table 1-3: Possible slip systems in nitride67. 

Type Slip plane Slip direction 
Basal {0001} <11-20> 
Prism {1-100} <11-20> 

 {1-100} <0001> 
 {11-20} <0001> 
 {11-20} <1-100> 

Pyramidal {11-22} <1-100> 
 {1-101} <11-20> 
 {1-102} <11-20> 
 {11-22} <11-23> 
 {1-101} <11-23> 
 {1-102} <1-101> 

 

 

1.4.2.2. Hillocks 

In growth on an AlN bulk substrate, an AlGaN epitaxial layer can have identical 

dislocation density to that of a substrate (on the order of 103 cm-2). Thus, growth spirals by 

screw dislocations do not tend to form on AlGaN surface. With such a low dislocation 

density, instead, formation of extended defects is highly sensitive to surface conditions 

including wafer contamination, local strain by polishing damage, and the pre-existing 

dislocations and precipitates in a wafer. Bryan et al. have confirmed that AlGaN epitaxial 

growth on AlN bulk substrate is prone to forming surface defects, referred to as hillocks7. 

There were two types of hillocks confirmed: (1) sharp top and (2) flat top. The hillock 

density was reduced from 107 cm-2 to 104 cm-2 by annealing at a temperature above 1400°C 

in H2 atmosphere. The size of hillocks increases with layer thickness, suggesting that step 

velocity around hillocks is higher than that of parallel steps formed on a vicinal surface. 

Difference in surface morphology causes variation in film thickness. In addition, hillocks had 
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higher Ga composition than smooth surface by luminescence experiments such as 

photoluminescence (PL) and cathode luminescence (CL). Therefore, it is expected that 

compositional and thickness variation due to hillocks lowers the device performance 

fabricated on AlN native substrate. The origin and influence of hillocks on device 

performance on AlN substrate has not been fully investigated as well as their internal defect 

structure. To shed light on the hillock density reduction, chapter 4 will provide structural 

characterization of hillocks by CTEM and STEM. 

 

1.5. Al-rich AlGaN/AlN-based DBRTDs 

1.5.1. THz technology 

Electromagnetic waves in the frequency range between far IR and sub-millimeter waves 

are classified as terahertz (THz). THz frequency ranges from 0.1 THz to 10 THz (from 3 mm 

to 30 µm in wavelength). This spectral region is called as the “THz gap” since THz waves 

have not been actively explored due to the absence of practically available sources and 

detectors. Figure 1-16 exhibits frequency range of THz waves along with corresponding 

wavelength, wave number, photon energy, and temperature76. THz waves are located in the 

frequency region between electronics and photonics. THz waves have both characteristics of 

light and radio waves77. Similar to light, THz waves do not penetrate into conductive 

materials, and thus, optical measurement system is applicable to THz technology. On the 

other hand, various substances such as paper, cloth, plastics, ceramics, and wood, are highly 

transparent to THz waves.  
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Figure 1-16: The range of THz waves and corresponding wavelength, wavenumber, photon 

energy, and temperature76. 

 

In addition, the energy of a THz wave is comparable to low frequency vibrational and 

rotational energy of molecules. Figure 1-17 shows absorption characteristics of chemical 

compounds in the frequency range from microwave, THz, IR to visible light78. Because of 

interaction between these energies and THz waves, molecules show characteristic absorption 

spectra in the THz region, called as the “fingerprint spectra”. THz waves interact with 

hydrogen bonds and van der Waals forces between molecules, while inter vibrational energy 

of molecular functional groups is in the IR region. For example, the low frequency 

vibrational modes of a giant molecule such as protein is studied by THz spectroscopy79. As a 

consequence of the significant interaction with the hydrogen bond, absorption coefficient of 

water is relatively high in THz region80.  
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Figure 1-17: Absorption characteristics of chemical compounds in the frequency range from 

microwave, THz, IR to visible light78. 

 

THz imaging is another expected application for a variety of fields. In the medical field, THz 

wave has received attention for early detection of cancer and inspection of dental cavities 

(Figure 1-18 (a)77). With lower energy of THz waves compared to X-ray, safe non-ionizing 

inspection for a human body is possible. THz imaging is also useful for security screening 

(Figure 1-18 (b)81). Using unique absorption properties of molecules, explosives, weapons 

and drugs can be detected82. THz imaging can be applied to non-destructive inspection of 

cracks in cement-based materials83 and defect detection in semiconductor devices84.  
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Figure 1-18: Examples of THz application. (a) THz imaging for inspection of cavity in 

teeth77. (b) THz picture of person who is hiding a knife81. 

 

In addition, THz waves are expected for next generation ultra-fast wireless communication85–

88. Due to the recent technological developments such as wearable devices (e.g. Google glass 

and smart watch) and drastically growing demand of data rates in wireless network, currently 

allocated frequency bandwidth is approaching the limit. Hence, wireless Terabit-per-second 

(Tbps) data rate is expected to be realized within the next five to ten years85. In order to 

increase data rate, the most effective way is to broaden the bandwidth. Wireless 

communication in THz, which is not occupied yet, is a desirable solution since the number 

and bandwidth of channels can be increased into the THz range. Despite these applications, 

THz technology has not been fully explored yet. One of the technological challenges is the 

absence of practically available THz sources. 

 

(a) (b) 
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1.5.2. THz radiations 

THz waves are generated as part of the black body radiation from any materials at a 

temperature above 10 K. For artificial sources, electronic, optical or optoelectronic 

approaches are taken for THz radiation as well as the use of vacuum electron tubes. 

Gyrotron89,90 and free electron lasers91,92 are sources using electromagnetic waves generated 

by gyro motion of electron and synchrotron radiation. These sources are capable of high 

output power, however, the devices are large, which make industrial applications impossible. 

Optical approaches include techniques utilizing non-linear optical effects such as different 

frequency generation93,94 and optical parametric amplifiers95,96. Since external laser sources 

are required, these devices are large and relatively expensive. Coherent laser sources are p-

Ge lasers97,98 and quantum cascade lasers99,100 (QCLs). THz lasing is possible by the energy 

transition of holes in valence bands in p-type Ge doped with shallow acceptor such as Ga. 

Lasing can be achieved in either: (1) transition between energy states of light and heavy 

holes, or (2) transition between Landau states in light or heavy holes. The p-Ge laser requires 

external magnetic field source and low temperature.  

QCLs are coherent sources that utilize intersubband transition between energy states 

formed in quantum wells. QCL is composed of a cascading structure with repeatedly formed 

active regions. A QCL is a high power laser source as one electron generates one photon in a 

single active region. The major challenge is low temperature operation, originating from THz 

emission energy comparable to the kinetic energy of electron at room temperature.  

Electronic devices showing negative differential resistance (NDR) such as the Gunn 

diode101,102, impact avalanche transit time (IMPATT) diode103,104, tunnel junction transit time 
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(TUNNETT) diode105,106, and resonant tunneling diode107,108 (RTD) are utilized as oscillators 

for THz radiations. NDR is necessary to obtain gain in the oscillator. Gunn diodes consist of 

n-type compound semiconductors such as GaAs and InP. Under low external field, electrons 

are located in the Γ valley of the conduction band whereas high electric field results in 

transfer into the upper valleys such as L and Χ. NDR appears in the transition region, called 

as the “Ridley-Watkins-Hilsum effect”109. Oscillation frequency in Gunn diode is below 1.0 

THz. IMPATT and TUNNETT diodes utilize “transit time effect of carriers” to realize NDR. 

A delay of carrier drift is generated during the avalanche breakdown for IMPATT and 

tunneling for TUNNET. The carrier delay causes increase in current under decreasing ac 

voltage, resulting in NDR105. Oscillation frequencies in these devices also remained in the 

sub-THz region103,106. Double barrier RTDs (DBRTDs) exhibit NDR by resonant tunneling 

effects in quasi-bound states formed in quantum wells110. 1.92 THz has been demonstrated in 

InGaAs/AlAs system108. Although major challenges are an increase in output power and 

operation frequency, DBRTDs are the most promising electronic devices for THz radiation, 

and one of the few quantum effect devices that can operate at RT. This study will focus on 

demonstration of NDR with Al-rich AlGaN/AlN-based DBRTDs. In the next section, 

operation principle of DBRTD will be described.  

 

1.5.3. Operation physics of DBRTD 

The concept of resonant tunneling in semiconductors first emerged in the mid-1970s and 

was proposed by Tsu and Esaki111. Since then, double-barrier resonant tunneling diodes 

(DBRTDs) have been realized and their development has been motivated by their high-speed 
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operation on the order of terahertz (THz) frequencies and their characteristic negative 

differential resistance (NDR). The high-speed operation is mainly attributed to the short 

distance carrier travel intrinsic to DBRTDs. A DBRTD is formed by inserting two thin 

potential barriers to form a thin quantum well structure sandwiched between a doped emitter 

and collector region as shown in Figure 1-19. These barriers are formed by using two 

materials with wider bandgaps than those used for the well or doped emitter/collector 

regions. The emitter and collector (n+ layers in Figure 1-19) are heavily doped so that the 

Fermi energy extends into the conduction band of the n-type semiconductor.  

In classical physics that treats an electron as a particle, the electron will be reflected 

back on the barrier. Quantum mechanically, in contrast, the electron has a finite tunneling 

probability through the finite thin potential barriers under energy and momentum 

conservation in the process. In a DBRTD, a thin potential well is sandwiched between these 

thin barriers. In a bulk material, the energy states in the conduction band are continuous. 

However, when the material dimensions is less than its electron wavelength (10-20 nm for 

AlN and GaN), these continuous bands split into discrete quasi-bound energy states112. 

Therefore, the quantum mechanically thin potential well can contain discrete quasi-bound 

energy states. Without an external electric field, the electrons in the emitter do not possess 

enough energy to tunnel the potential barrier and the tunneling probability through the barrier 

is low. When a high field is applied to the emitter and collector, the conduction band will 

bend, as depicted in Figure 1-19 (b) and (c). At a certain bias, electrons have identical energy 

to the empty quasi-bound energy state, referred to as a resonant state (Figure 1-19 (b)). At 

this point, electrons possess a higher tunneling probability through the barriers. The electron 
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wave function takes a finite length of time to establish its steady state. This response time is 

defined as the tunneling time, τtunnel, given as:  

 
  
τ tunnel =

!
Γ

  (1.25) 

where Γ is the energy full width at half maximum (FWHM) in transmission probability 

through resonant states as a function of electron energy. The energy FWHM decreases 

exponentially with increase in height and thickness of the barrier, which results in larger 

τtunnel. The operational speed in the DBRTD is determined by τtunnel that can be in the order of 

0.1ps (10 THz)113.  

When resonance tunneling takes place, the current-voltage (I-V) characteristics shows 

a spike, as shown in Figure 1-19. This current spike is due to the dominant resonant tunneling 

current over the leakage current through defects111. With further increase, energy of electrons 

exceeds the first bound state between the barriers, as shown in Figure 1-19 (c). At this 

condition the number of electrons tunneling through the barriers will be significantly 

reduced, resulting in a decrease in current as shown at point c in the IV curve. Decrease in 

current with increasing voltage is defined as NDR. By further increasing the applied bias, the 

current will sharply increase again for the second bound state as shown after point c in Figure 

1-19. The ratio of the peak current to the valley current is called peak to valley ratio (PVR). It 

is often used as a figure of merit for RTDs directly related to the maximum switching time 

and gain (conductance). To achieve the maximum dynamic range for the device, a sharp 

NDR and a large PVR is required. The PVR is dependent on barrier height and width, 

material quality, and interface roughness. Sakr et al. have performed theoretical calculations 
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to determine the transmission coefficient and current density for a single particle transmitting 

through a GaN/AlxGa1-xN DBRTD under a bias to show how the barrier height effects 

PVR114. Their calculations showed that as the barrier is made taller (i.e. increase Al content) 

the peak to valley ratio increases and the valley current decreases, meaning that only a 

smaller fraction of carriers will tunnel through the barriers once the resonant state falls below 

the conduction band.  

 

Figure 1-19: (Left) Schematic diagram of DBRTD structure: Active region is sandwiched 

between heavily doped n-type layer. (Middle) Conduction band profile under applied 

voltage: (a) V=0, (b) V=Vpeak, and (c) V=Vvalley. (Right) I-V characteristics of DBRTD: NDR 

is observed in between peak and valley. 

 

The NDR between (b) to (c) leads to gain within the oscillator circuit arising from a 

growing charge imbalance or region of higher field that leads to oscillation amplitude 

growth. Figure 1-20 shows schematic diagram of DBRTD oscillator, conduction band 

profile, and equivalent circuit of the oscillator. In general, oscillator consists of inductor, L, 

and capacitor, C, connected with a DBRTD that possess negative differential conductance, 
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GRTD, and its parasitic capacitance. When GRTD>GL, oscillation occurs, meaning that the gain 

is sufficient to overcome any radiation loss in an oscillator including an antenna. Thus, this 

gain/amplification is properly described by the PVR. 

 

Figure 1-20: Schematic diagram of (a) slot resonator, (b) I-V characteristics and conduction 

band profile, and (c) equivalent circuit of the DBRTD oscillator107. 

 

1.5.4. AlGaN/AlN heterostructure for THz DBRTD 

Thus far, 1.92 THz has been achieved with InGaAs/AlAs-based DBRTDs108. Current 

limitations facing THz DBRTDs are based on the need to increase output power and 

oscillation frequency under real operational conditions (no need for cryogenic operation for 

high performance). This will finally lead to the desired realization of portable THz sources 

that could be implemented as chemical detectors for imaging.  
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As a possible solution to address these limitations, the III-nitride wide bandgap 

semiconductors have progressively received attention as alternatives to the pre-existing III-V 

materials due to materials properties that directly address these issues1,115–119. Nevertheless, 

recent DBRTDs developed on GaN/AlGaN, GaN/AlN and GaN/AlInN have not achieved 

remarkable device performance120–122. These studies have only shown small PVR values and 

bistability of I-V characteristics, not sufficient to realize the expected higher frequencies. 

This limited device performance is a consequence of the lack of control in nitride growth and 

the presence of defects such as dislocations and point defects. InN-based pseudobinary alloys 

such as AlInN show a significant repulsive force that acts on the Al-In bonds resulting in 

“phase separation”. The regular solution model takes into account interaction between 

different materials when alloying. Free energy change by mixing, ΔGMix, is expressed with 

mixing enthalpy, ΔHMix, and entropy, ΔSMix as123: 

   (1.26) 

where Ω and x are interaction parameter between alloying materials and mole fraction. Figure 

1-21 exhibits estimated free energy of mixing for AlxIn1-xN, InxGa1-xN, and AlxGa1-xN alloys 

as a function of x124. It is expected that InGaN and AlInN materials suffer from strong 

interaction when alloying whereas mixing free energy in AlGaN is negative in the whole 

composition range. Thus, AlGaN is considered to be a random alloy in which probability that 

AlN is sitting next to GaN is given by its mole fraction. 

 

 

  ΔGMix = ΔH Mix −TΔSMix = Ωx(1− x)− RT x ln x + (1− x) ln(1− x)⎡⎣ ⎤⎦
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Table 1-4: Materials properties of III-V and III-nitride semiconductors1,115–119. 

 AlAs GaAs InN GaN AlN 
Thermal conductivity at RT 

[W cm-1 K-1] 0.91 0.5 - 2.5 3.2 

Breakdown field  
[MV/cm] - 0.4 - 3 12 

LO phonon energy [meV] 50 36 73 91.2 99.2 

Bandgap [eV] 2.4 1.42 0.78 3.39 6.03 
 

 

 

Figure 1-21: Mixing free energy in (a) AlInN, (b) InGaN, and (c) AlGaN as a function of 

temperature. Interaction parameters used in regular solution model are 56.3 kJ/mol for 

AlInN, 32.6 kJ/mol for InGaN, and 3.0 kJ/mol for AlGaN124. 

 

In addition, the large difference in the free energy of reaction between AlN and GaN hinders 

the formation of sharp interfaces between simple AlN/GaN structures. In contrast, Al-rich 

AlGaN layers can be grown under optimum growth conditions on AlN.  

From a strain management perspective, a high Al mole fraction is desirable to reduce 

lattice misfit in the AlGaN layer on AlN as the internal electric field depends on the strain, as 
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seen in Figure 1-3. Based on the considerations of controllable electronic properties and band 

engineering in the AlGaN/AlN heterostructure, AlGaN at an Al mole fraction of 60-70% is 

favorable. Figure 1-22 (a) exhibits the Si donor activation energy as a function of Al mole 

fraction7. The Si donor activation energy abruptly increases with an Al mole fraction above 

80%. Activation energy below 26 meV is needed to obtain a high free carrier concentration 

arising from a full room temperature activation of the Si donor. Therefore, an Al mole 

fraction of 60-70% is employed for the AlGaN layer in this study. The conduction 

discontinuity at AlGaN/AlN interface is given by125: 

   [eV] (1.27) 

where x is Al mole fraction. The estimated band offset is around 1 eV at Al0.6Ga0.4N/AlN 

hetero-interface, as seen in Figure 1-22 (b), sufficient as a good barrier.  

In summary, the Al-rich AlGaN/AlN material system offers a larger LO phonon energy, 

thermal conductivity, and higher breakdown field, in addition to thermodynamic stability, 

which allows for RTDs that would significantly exceed current performance. Nevertheless, 

no report in Al-rich AlGaN/AlN-based RTDs exists. This is due to three major challenges 

that need to be addressed in order to achieve high device performance in Al-rich 

AlGaN/AlN-based RTDs: (1) precise control of growth including layer thickness and alloy 

composition, (2) dislocation density reduction, and (3) point defect management. Therefore, 

this thesis is motivated to realize the first observation of NDR in Al-rich AlGaN/AlN-based 

RTDs by addressing these issues. 

  ΔEc ≈1.8− x2 − 0.8x
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Figure 1-22: (a) Si donor activation energy7 and (b) conduction band offset125 in AlGaN/AlN 

heterostructure as a function of Al mole fraction. 
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Chapter 2: Thermodynamics of AlGaN MOCVD 

2.1. Overview 

Al-rich AlGaN/AlN DBRTDs are composed of quantum well/barriers with thickness of 

below 5 nm. The barrier height is determined by the Al mole fraction in AlGaN layer. Since 

variation in layer thickness and Al mole fraction affects electron transport properties in 

DBRTDs, as discussed in the previous chapter, precise control of MOCVD growth is 

necessary to achieve high device performance. In MOCVD, nitride crystal grows from vapor 

when products are energetically favorable in the chemical reaction of nitride formation. More 

specifically, the difference between the chemical potential of the gas phase and its 

corresponding equilibrium one needs to be large enough for deposition35. The excess 

chemical potential, supersaturation, σ, drives the formation reaction of AlN and GaN. The 

vapor supersaturation does not only drive the growth of III-nitrides, but also plays a 

significant role in determining surface morphology and incorporation of charged point 

defects. It is useful to analyze the influence of supersaturation above the III-nitride surface 

during MOCVD on the resulting materials quality, thus, device performance. 

Thermodynamic analysis has been used in some research groups to evaluate the growth 

properties of III-nitride semiconductor materials126–129. The MOCVD growth of GaN has 

been successfully evaluated in terms of Ga supersaturation34. As predicted from the classical 

crystal growth theory known as the BCF theory, a distance between bi-layer steps (i.e. terrace 

width) on growth spirals centered at screw dislocations is inversely proportional to the 

natural logarithm of supersaturation130. The terrace widths on the GaN surface are controlled 
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by Ga supersaturation with the faction of H2 in the carrier gas. In addition, the increase in the 

Ga supersaturation reduced the concentration of unintentionally incorporated CN that acts as 

acceptor type compensating point defect in Si-doped n-type GaN59. Reddy et al. have 

developed novel point defect control theory based on the supersaturation model65. The 

supersaturation was related to chemical potentials of Ga- and N-atoms that determine the 

formation energy of charged point defects. Using this model, the concentration of CN has 

been reduced down to the detection limit of SIMS. Consequently, the vapor supersaturation 

is an important parameter to control the growth properties such as surface morphology and 

point defect formation. 

In addition to thermodynamics, it is well known that parasitic gas phase reactions 

between TMA and NH3 cause unpredictable behavior in AlN and AlGaN growth by 

metalorganic chemical vapor deposition (MOCVD)52,53,131,132. The gas phase reaction 

depletes the Al precursor in gas phase, resulting in a reduction of growth rate and Al mole 

fraction in AlGaN. The rate of the gas phase reaction strongly depends on the growth 

conditions and reactor geometry. As a result of the complex gas phase chemistry, it is not 

easy to precisely predict the growth properties of AlGaN even under well-controlled growth 

conditions. 

In this chapter a thermodynamic supersaturation model is established in order to 

evaluate Al- and Ga-supersaturation above the AlGaN surface during growth by MOCVD. 

The role of thermodynamics in AlGaN MOCVD is discussed in terms of supersaturation. 

Desirable process conditions are suggested for stable AlGaN growth. Finally, the influence of 
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well-known gas phase parasitic reaction between metalorganics and NH3 is studied as well as 

fluid dynamic effect.  

 

2.2. A thermodynamic supersaturation model 

Supersaturation can be related to the input partial pressure and the equilibrium vapor 

pressure above the growing surface, and is given by eqn. (1-8). In eqn. (1-8), it is assumed 

that s are equivalent to the input partial pressures of TEG and TMA. As typical growth 

temperatures of GaN and AlN in MOCVD are high enough to activate formation reactions, 

chemical equilibrium is achieved immediately after the reactants arrive to the surface. These 

growths are fast processes, that is, the growth is primarily limited by the transport of mass 

flux rather than the chemical reaction rates. Taking into account the lower pyrolysis 

temperatures of TEG and TMA of around 300°C133, formations of AlN and GaN proceed by 

the following simplified reactions126: 

   (2.1) 

   (2.2) 

The law of mass action gives the equilibrium constants for these reactions as follows: 

   (2.3) 

and 

Pi
!

  
Al(g)+ NH3(g) ↔ AlN (alloy)+ 3

2
H2(g)

  
Ga(g)+ NH3(g) ↔ GaN (alloy)+ 3

2
H2(g)

  
K AlN =

aAlN PH2

3
2

PAl PNH3
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   (2.4) 

where , , , and  are the activity of AlN, the activity of GaN, the vapor 

pressure of H2, and the vapor pressure of NH3 at equilibrium, respectively. The activities, 

 and , are expressed by: 

   (2.5) 

and 

   (2.6) 

where x, Ω, R, and T are Al mole fraction, AlN-GaN interaction parameter, gas constant, and 

absolute temperature, respectively. Due to weak interaction between AlN-GaN bonding, the 

interaction value of 3.0 kJ/mol is relatively small in comparison to other nitride alloys, 32.7 

kJ/mol for InN-GaN and 56.5 kJ/mol for AlN-InN124. In general, the equilibrium constant for 

a chemical reaction is related to the free energy of reaction as: 

   (2.7) 

where  is the Gibbs free energy of reaction.  is obtained from the difference 

between the formation free energy of products and reactants; then the  is written as: 

  
KGaN =

aGaN PH2

3
2

PGa PNH3

aAlN aGaN PH2 PNH3

aAlN aGaN

  

aAlN = xexp
Ω 1− x( )2

RT

⎧
⎨
⎪

⎩⎪

⎫
⎬
⎪

⎭⎪

  
aGaN = 1− x( )exp

Ωx2

RT
⎛
⎝⎜

⎞
⎠⎟

   
K = exp −

ΔGrxn
!

RT
⎛

⎝⎜
⎞

⎠⎟

ΔGrxn
! ΔGrxn

!

ΔGrxn
!
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   (2.8) 

where , ,  are the Gibbs free energy of formation of 

solid phase nitride, gaseous III metal precursor, and gaseous NH3, respectively.  

Figure 2-1 exhibits the Gibbs free energy of reaction for AlN and GaN formation as a 

function of growth temperature36. The reaction free energy of AlN is more negative than that 

of GaN. The tremendous difference in the reaction free energy indicates that AlN is more 

stable during AlGaN growth. The Gibbs free energy of GaN formation reaction will be 

discussed in the later section (2.4.2). 

 

Figure 2-1: The Gibbs free energy of reaction for AlN and GaN formation36. Chemical 

reactions (2.1) and (2.2) are assumed. 

 

By taking into account  and , the Al mole fraction, x, in AlxGa1-xN alloys is defined 

as: 
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   (2.9) 

In addition, the growth species need to satisfy molar conservation constraint (stoichiometric 

restriction). Then we have: 

   (2.10) 

where  is the input partial pressure of NH3. The total pressure of the system is given by a 

summation of vapor pressure of the existing species in the reactor as: 

   (2.11) 

where  and  are the vapor pressures of H2 and N2 at equilibrium, respectively. 

Considering the only species involved in the assumed chemical reactions, the total pressure 

can be reduced to: 

   (2.12) 

where  is the reduced total pressure concerning AlGaN formation. A non-linear equation 

for  was derived by substituting eqns. (2-3), (2-5), (2-9), and (2-10) into eqn. (2-12) as: 

   (2.13) 

where   and . Similar equation is obtained for  from eqns. 

(2-4), (2-6), (2-9), (2-10) and (2-12) as: 

  
x =

PAl
! − PAl

PAl
! − PAl + PGa

! − PGa

   
PAl
! − PAl( ) + PGa

! − PGa( ) = PNH3

! − PNH3

PNH3
!

  
PTot = PAl + PGa + PNH3

+ PH2
+ PN2

PH2 PN2

  
Pr = PAl + PGa + PNH3

+ PH2

Pr

PAl

  
PAl

4 + 2xA+
8aAlN

2

xK AlN
2

⎛
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⎞
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   (2.14) 

where   and . Finally, we define additional parameters to 

further characterize AlGaN growth after the ideas suggested by Koukitu et al126. Some NH3 

molecules are thermally decomposed in gas phase, with the pyrolysis producing N2 and H2. 

Using the decomposition efficiency, α, the pyrolysis is expressed by: 

   (2.15) 

Since H2 is a by-product of AlN and GaN formation reactions, it is also important to analyze 

the role of H2 diluent process in AlGaN growth. F ratio is defined as the mole fraction of H2 

relative to the total amount of input diluent gas (H2 and N2), then we get: 

   (2.16) 

Numerical calculation is implemented using eqns. (2.13) and (2.14) to obtain PAl and PGa 

under a given growth condition. This supersaturation model is also used in chapter 3 and 6 to 

investigate the influence of supersaturation on surface kinetics and point defect formation.  
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2.3. Growth and characterizations 

2.3.1. Metalorganic Chemical Vapor Deposition 

All AlGaN films are grown on thin AlN templates on top of c-plane sapphire substrate 

in a vertical, RF-heated low-pressure MOCVD reactor equipped with an open showerhead 

(Figure 2-2). The reactor total pressure was kept constant at 20 Torr throughout growth. 

TMA, TEG, and NH3 were used as Al, Ga, N precursors, respectively. Temperature profile 

during typical AlGaN growth is given in Figure 2-3. Growth was preceded by a substrate 

treatment in H2 ambient at 1100°C for 7 minutes and nitridation at 950°C for 4 minutes. A 20 

nm-thick low temperature AlN nucleation layer was deposited at 650°C and then annealed at 

1050°C for 15 minutes to obtain Al-polarity. After the annealing process, the 300 nm-thick 

AlN layer was grown to serve as a template for the subsequently grown AlGaN layer in H2 

diluent gas at temperatures ranging from 1100°C to 1250°C. Heteroepitaxial growth of 

AlGaN on AlN was conducted under various growth conditions. Several series of 

experimental growth procedures for AlGaN were suggested to build the AlGaN 

supersaturation model. Our standard growth conditions, if not otherwise mentioned, 

consisted of a growth temperature of 1100°C, H2 diluent gas flow rate of 10 slm, an NH3 

flow rate of 0.3 slm, a TEG flow rate of 11.4 µmol/min and a TMA flow rate of 10.5 

µmol/min. The actual TMA flow rate was assumed by complete dissociation of TMA from 

the dimer to the monomer upon entering the growth chamber. Growth temperature was 

measured by optical pyrometer (1.6 µm) at the center of sample with emissivity of SiC (0.84) 

used as a susceptor. 
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Figure 2-2: The vertical MOCVD reactor used in this study. Precursors and carrier gas are 

introduced into the reactor through an open showerhead located above a SiC susceptor. 

 

Figure 2-3: Temperature profile during AlGaN growth. 1: Vacuum annealing at 1100°C. 2: 

H2 etching at 1100°C for 7min. 3: Nitridation at 945°C for 4 min. 4: LT-AlN deposition at 

645°C. 5: LT-AlN annealing at 1040°C for 15min. 6: 300 nm-thick AlN deposition. 7: 

AlGaN growth at 1100°C. 8: Cool down.  
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2.3.2. Al mole fraction determination by X-ray diffraction 

X-ray diffraction (XRD) measurements were carried out using a Philips X’Pert materials 

research diffractometer with a Cu X-ray source. Monochromated CuKα1 by a four-bounce Ge 

[220] crystal was used as X-ray beam. AlGaN and AlN 2θ-ω scans in symmetric (002) and 

asymmetric (105) and (-105) reflections were conducted in a double-axis configuration. Al 

mole fraction in strained AlGaN layer on AlN/sapphire template was determined by the 

relative measurement between AlN and AlGaN peaks, called extended bond method134,135. 

Figure 2-3 shows schematic diagram of asymmetric (105) in grazing incidence and (-105) in 

grazing exit geometries. When there is a strain in AlGaN layer on AlN, AlGaN peak appears 

at a different angle in (105) and (-105) 2θ-ω scans. The angle difference of the AlGaN peaks 

is used to determined strained lattice constant of AlGaN layer, and hence, Al composition. 

AlN is assumed to be relaxed, and its peak is used as a reference. 

 

Figure 2-4: (a) Grazing incidence and (b) grazing exit geometry for asymmetric (105) and (-

105) reflection. AlGaN peaks are found at same 2θ-ω in asymmetric scans if AlGaN layer is 

relaxed on AlN. 
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2.4. Thermodynamics of AlGaN MOCVD 

2.4.1. AlN and GaN Stability  

The equilibrium vapor pressure of Al and Ga were calculated by numerical techniques 

using eqns. (2-13) and (2-14). Figure 2-4(a) shows a set of theoretical curves of  and  

as a function of V/III ratio based on our standard growth conditions: growth temperature of 

1100°C, H2 diluent gas flow rate of 10 slm, TMA flow rate of 10.5 µmol/min, TEG flow rate 

of 11.4 µmol/min, and growth pressure of 20 Torr. The V/III ratio is varied by changing NH3 

flow rate from 0.015 slm to 7.0 slm, while other growth parameters are kept constant. For 

higher V/III ratios, the total flow rates increase accordingly, leading to the decrease in  

and . As predicted from the le Chatellier’s principle, the increase in  shifts the 

reaction forward to favor the nitride formation reactions (2-1) and (2-2). Since the 

thermodynamic growth rate of an epitaxial layer is proportional to the driving force for 

deposition ( ), both AlN and GaN phases become more stable by lowering 

equilibrium vapor pressures. It is worth noting that  is significantly lower than . The 

difference in the Gibbs free energy of reaction of AlN and GaN is attributed to the significant 

difference in equilibrium vapor pressures, as seen in Figure 2-1. The  is comparable to 

, suggesting that the GaN phase is close to chemical equilibrium under our growth 

conditions. Due to the significantly lower , Al mole fraction expressed by eqn. (2-10) is 

written as: 

PAl PGa

PAl
!

PGa
! PNH3

!

ΔPi = Pi
! −Pi

PAl PGa

PGa

PGa
!

PAl
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   (2.17) 

 and  can be determined by substituting  and  into eqn. (1-8). Figure 2-1(b) 

exhibits  and  as a function of V/III ratio based on the same growth conditions as Fig. 

2-1(a). The significant difference between  and  is observed due to much lower  

in comparison to . The result suggests that co-existence of high  and low  needs to 

be appropriately managed during AlGaN growth. More intuitively, the influence of Pi on 

AlGaN is understood in a form of desorption flux, which is given by Knudsen’s eqn. (1-16). 

Figure 2-5 shows desorption flux of Al and Ga from AlGaN surface as a function of V/III 

ratio. More than 1015 Ga atoms per one second in cm2 are escaping from AlGaN surface 

whereas desorption flux of Al is negligible. Assuming a growth rate of 360 nm/h for GaN, 

approximately 4 bi-layers are deposited per second. This corresponds to low 1016 cm-2s-1. 

Therefore, significant desorption flux of Ga results in an increase in the Al mole fraction at 

low V/III ratio, as seen in Figure 2-6. With decreasing PGa by increasing V/III ratio, Al mole 

fraction approaches the gas phase mole fraction, 0.48. This is the physical meaning of eqn. 

(2.17). The  can be controlled by various growth parameters. The influence of each 

parameter on Pi, x, and  is summarized in Table 2-1. 
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Figure 2-5: (a) Vapor pressure and (b) supersaturation of Al and Ga as a function of V/III 

ratio under our standard growth condition: T=1100°C, =10 slm, =10.5 µmol/min, 

=11.4 µmol/min, =20 Torr, α=0.2, F=1.0. Al and Ga are indicated by blue and red. 

(a) Solid and dashed lines correspond to equilibrium vapor pressure and input partial 

pressure. 

 

Figure 2-6: Desorption flux of Al and Ga calculated with Pi in Figure 2-4 (a) and Knudsen’s 

eqn. (1-16) as a function of V/III ratio. 
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Figure 2-7: Al mole fraction as a function of V/III ratio. Growth condition used is same as 

Figure 2-4 and 2-5. High Ga desorption flux at low V/III ratio results in increase of Al mole 

fraction. Gas phase mole fraction: 0.48. 

 
Table 2-1: Change in Pi, x, and σi when various growth parameters are increased. “i” of  

represents Al or Ga. 
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2.4.2. The Gibbs free energy of reaction 

In this section, we will review the validity of the developed supersaturation model. As 

expected from eqns. (2-13) and (2-14), the most influential factor for phase stability is 

equilibrium constant, K. Eqn. (2-7) gives an insight into the importance of reliability of 

 due to exponential character of K. The AlN formation reaction has been reported by 

Koukitu based on JANAF Thermodynamic Tables as Log10KAlN (T[K])=-

14.2+3.17×104/T+2.33log10 (T[K])36,136. Although thermodynamic data of GaN is not 

available on the tables, they have also estimated the KGaN as Log10KGaN (T[K])=-

12.2+1.78×104/T+1.79log10 (T[K]) using the reported  of GaN formation and eqn. (2-

8). Recently, K. T. Jacob and G. Rajitha have made a critical discussion on the 

thermodynamic data including enthalpy, entropy, and free energy of formation of GaN137. 

Consequently, they estimated  of GaN from 800K to 1400K as: 

   [J/mol] (2.18) 

This corresponds to the first term in eqn. (2-8). Using eqn. (2-8) and  of gaseous Ga and 

gaseous NH3 on the JANAF Thermodynamic Tables, the  of GaN formation for the 

assumed chemical reaction (2-2) is calculated as: 

   [J/mol] (2.19) 

It is not an exaggeration to say that the study on the thermodynamic properties of nitrides is 

still ongoing. From that standpoint, it is a valuable approach to evaluate the reliability of 

 for GaN. As mentioned in section 2.2,  is comparable to . One can expect that 
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Al mole fraction, x, depends on the growth temperature. Then, by measuring x,  can be 

estimated from eqn. (2-17). The experimentally obtained  gives us the required  of 

GaN through eqn. (2-13) if  is used as unknown. In order to obtain , five AlGaN 

samples were grown using our standard growth conditions. The only variable growth 

parameter was growth temperatures ranging from 1060°C to 1250°C.  Measured Al mole 

fractions are: 0.87, 0.81, 0.66, 0.56, and 0.53 obtained from AlGaN samples grown at growth 

temperatures of 1250°C, 1200°C, 1150°C, 1100°C, and 1060°C, respectively. Figure 2-7 

exhibits experimentally obtained  of GaN as a function of growth temperature. Two 

lines based on reported  are included in Fig. 2-7. It is clear that the experimentally 

obtained  values are more negative than reported values, suggesting that the actual 

GaN phase is more stable. One may suspect that the free energy of mixing, , is 

expected as an excess free energy source from the regular solution model, eqn. (1-26). In this 

study, 3.0 kJ/mol is employed for the interaction parameter, Ω124. In contrast to pseudobinary 

alloy systems with a miscibility gas such as InGaN, AlGaN is considered as a random alloy 

in which the repulsive interaction between Al and Ga is negligible. Therefore,  shows 

negative values independently of Al mole fraction and temperature, as seen in Figure 1-21 

(c). Precision in Ω does not cause significant error in calculation. In Fig. 2-7, the  is 

distributed to the reported  by A. Koukitu using the Ga mole fraction, (1-x), at given 

temperatures36. Values of  taking into account  are not as low as experimentally 

obtained . Therefore, the  can be ruled out from an excess free energy source 
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causing the difference between reported and required  values. In this study, curve 

fitting is used to estimate . The corrected  is used in this study.  

 

Figure 2-8: The Gibbs free energy of reaction of GaN formation as a function of temperature. 

Red and black lines correspond to the values reported by K. T. Jacob and A. Koukitu36,137. 

Experimentally obtained  are shown in blue dots.  used in the present study was 

estimated by curve fitting to the . 

 

2.4.3. Thermodynamically limited AlGaN MOCVD 

Here, the thermodynamic properties of AlGaN MOCVD are discussed using 

experimental results and the developed supersaturation mode. Fig. 2-8 shows the Al mole 

fraction as a function of the growth temperature in the range between 1000°C and 1250°C in 

the case of H2 and N2 diluent gas, while other growth parameters such as total flow rate, TEG 

flow rate, TMA flow rate and NH3 flow rate are identical to our standard growth conditions. 
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In the H2 diluent gas process, Al mole fraction in AlGaN exponentially increases from 0.49 

to 0.87 with the increase of growth temperatures. A similar trend is observed in N2 diluent 

process, even though the incorporation of Ga in AlGaN seems more efficient. One of the 

important features here is that Al mole fractions for both diluent gas processes approached 

closely to the group III precursor flow ratio of 0.48 at around growth temperature of 1040°C. 

The dependence of Ga incorporation on the growth temperature suggests that AlGaN growths 

under the above-mentioned growth conditions are mostly carried out in thermodynamic 

limited growth regime rather than mass transport limited regime. The critical growth 

temperature separating mass transport limited from thermodynamically limited regimes is 

approximately 1040°C. The difference in Al mole fraction under H2 and N2 diluent gases 

corresponds to 50°C in temperature, suggesting that N2 diluent stabilizes GaN phase. 
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Figure 2-9: Temperature dependence of Al mole fraction in AlGaN under H2 (blue) and N2 

(red) diluent. Simulation and experimental results are indicated as lines and dots. For eye 

guide, gas phase Al mole fraction (x=0.48) is shown in green line. TEG, TMA, and NH3 flow 

rates are 11.4 µmol/min, 10.5 µmol/min, and 0.3 slm, respectively. α=0.2 and F=1.0 are used 

for H2 diluent while α=0.9 and F=0.1 for N2 diluent. Red dashed line corresponds to 

calculation with α=0.2 and F=0 under N2 diluent. 

 

The difference by the type of diluent gas is due to the presence of H2 that suppresses nitride 

formation reaction because H2 is a product of the assumed chemical reactions (2-1) and (2-2). 

However, such a small difference in GaN stability is not consistent with simulations. 

Comparing experimental results with theoretical predictions, it is clear that the same F ratio 

and α value cannot be applied to both diluent processes. For calculation in N2 diluent, 

different NH3 decomposition efficiency (α =0.9) was used to fit experimental data in 
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comparison to H2 diluent (α=0.2). When the same α value was applied, the predicted Al mole 

fraction corresponds to the gas phase composition independently of the growth temperature, 

as seen in the red dashed line in Fig. 2-8. This could be explained by so-called “H2 inhibition 

effect on NH3 decomposition138”. The rate of NH3 decomposition is significantly reduced by 

the presence of H2. Thus, NH3 pyrolysis is more likely under N2 diluent. In addition to that, 

F=0.1 instead of F=0 is necessary to fit experimental data in N2 diluent. The comparison 

implies that there is additional factor corresponding to H2 flow rate of around 1.0 slm, which 

reduces GaN phase stability. Recently, Akasaka et al. have reported that the evaporation 

energy of GaN under N2 carrier gas is higher than that under H2
139. The growth rate of screw 

dislocation related growth spirals on selective area grown GaN were connected to 

supersaturation during MOCVD. The Arrhenius plot provided the evaporation energy of GaN 

growth under H2 and N2 ambient. Their observation agrees with our experimental results 

shown in Fig. 2-8. Since the evaporation process is a complex phenomenon depending on the 

factors including surface diffusion length, residence time, and step structure, surface growth 

kinetics also need to be considered. The influence of vapor supersaturation on surface 

kinetics of AlGaN MOCVD on sapphire substrates is discussed in chapter 3. 

In addition, it is worth noting that the temperature dependence of Al mole fraction in H2 

diluent process indicates a slope change at a temperature above 1200°C. Considering eqns. 

(2-4) and (2-6), the effect of GaN activity on  becomes more effective when Al mole 

fraction approaches 1. At higher x regime, GaN activity lowers  so that GaN phase 

remains. Identical mechanism causing a slope change in  can be seen in low V/III ratio 
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region (<400) in Fig. 2-4(a). This is another supportive evidence of the thermodynamic 

limitation of AlGaN MOCVD. 

As  was corrected using experimental data obtained under H2 diluent indicated by 

blue dots in Fig. 2-8, the developed model needs to be justified using additional experimental 

results. In order to demonstrate the influence of  on Al mole fraction, AlGaN films were 

grown with various growth conditions. TMA flow rate was varied from 4.2 µmol/min to 31.3 

µmol/min, TEG flow rate was varied from 11.4 µmol/min to 34.1 µmol/min, and growth 

temperature was varied from 1000°C to 1250°C. Variation of Al mole fraction in AlGaN 

layers as a function of Al mole fraction in gas phase is shown in Fig. 2-9 (a). The significant 

deviation from a linear relationship between the measured Al mole fraction and the group III 

precursor input flows indicate the incorporation of Al differs from Ga under these particular 

growth conditions. After introducing the thermodynamic correction of the  into Al mole 

fraction in gas phase, the linear relationship between the experimental Al mole fraction and 

the group III precursor input flows was obtained, as shown in Fig. 2-9 (b). This comparison 

justifies the developed model, suggesting that AlGaN growth is limited by thermodynamics. 

Figure 2-10 illustrates growth regimes of AlGaN MOCVD. Growth rate is limited by 

chemical reaction rates (kinetics) at low temperature, mass transport at middle temperature, 

and thermodynamics at high temperature, respectively. Standard growth conditions are in the 

thermodynamically limited regime. The boundary between mass transport limited growth and 

thermodynamically limited regimes is at around 1040°C. Mass transport limited growth is 

desirable because growth rate is independent of temperature. In the next section, the 
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contribution from gas phase parasitic reaction and fluid dynamics to AlGaN growth will be 

discussed. 

 

Figure 2-10: Measured Al mole fraction as a function of (a) gas phase Al mole fraction and 

(b) thermodynamically corrected Al mole fraction. Variable parameters are NH3, TEG and 

TMA flow rates, and growth temperature. All samples were grown under H2 diluent. For 

simulation, α=0.2 was used. 

 

Figure 2-11: Illustration of growth regimes in AlGaN MOCVD. Left: Chemical reaction rate 

limited growth. Middle: Mass transport limited growth. Right: Thermodynamically limited 

growth regime.  
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2.5. Gas phase parasitic reaction and fluid dynamics 

As mentioned in the introduction, there exist two important phenomena in AlGaN 

MOCVD: gas phase parasitic reaction between NH3 and metalorganics, and thermodynamics. 

These distinct phenomena have to be considered separately, namely, when the AlGaN growth 

is discussed from the thermodynamic viewpoint, gas phase parasitic reaction needs to be 

negligible and vice versa. Otherwise, the interpretation of any results could be misleading. 

Since V/III ratio of typical AlGaN growth condition is high (>100), the rate of gas phase 

reaction primarily depends on NH3 partial pressure, growth temperature, reactor geometry, 

among other characteristics. Here, we focus on the influence of NH3 flow rate, which is 

directly related to NH3 partial pressure. Fig. 2-11 (a) shows Al mole fraction as a function of 

NH3 flow rate. Al mole fraction decreases from 0.56, 0.49 to 0.47 by increasing NH3 flow 

rate from 0.3, 1.0 to 3.0 slm and approaches the input group III ratio in the gas phase of 

x=0.48. This is a consequence of negligibly lowered  with respect to  by increasing 

NH3 flow rate, as seen in Fig. 2-4(a). Simulated Al mole fraction agrees well with 

experimental results. One may expect that thermodynamics is dominant and gas phase 

reaction is not problematic. However, gas phase reactions also reduce the Al mole fraction 

with NH3 flow rate140,141. Therefore, prior to concluding that gas phase reaction is not 

activated at given conditions, it is necessary to clarify the dependence of growth rate on NH3 

flow rate. Fig. 2-11(b) exhibits growth rate and calculated growth driving force, , as a 

function of NH3 flow rate. Unlike Fig. 2-8 (a), there is a tremendous difference between 

simulation and experiment. First, the  starts decreasing at around 0.5 slm because  and 
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 decrease with increasing total flow rate and constant total pressure. The reduction in  

is estimated roughly as 20% from 0.3 slm to 3.0 slm of NH3 flow rate. In contrast, the 

experimental growth rate decreases by as much as 75%. One may claim that there should be 

a contribution from fluid dynamic effects. The growth rate, , described in fluid 

dynamics is expressed as142: 

   (2.20) 

where  and  are the volume of molecule and the boundary layer thickness, 

respectively. Since  can be considered as constant, only  term needs to be considered. 

The boundary layer thickness, , is proportional to , where  is gas velocity and  

is the kinematic viscosity. Under constant H2 flow rate and total reactor pressure (10 slm and 

20 Torr), the  is affected by the change in total flow rate, which is from 10.3 slm to 13.0 

slm. Using the kinetic theory of gas, the  is reduced by 23% when NH3 flow rate increases 

from 0.3 slm to 3.0 slm. From a fluid dynamic viewpoint, it is expected that the growth rate 

would increase with NH3 flow rate. Therefore, the reduction in the growth rate is now 

attributed to the gas phase parasitic reaction. Consequently, thermodynamics of AlGaN 

MOCVD can be discussed only when the influence of the gas phase reaction is negligible 

under low NH3 flow rate or partial pressure. 
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Figure 2-12: (a) Al mole fraction and (b) growth rate of AlGaN as a function of NH3 flow 

rate. Red dots and blue curve indicate experimental results and simulations, respectively. Al 

mole fraction follows theoretical calculation whereas growth rate is significantly lowered 

with increasing NH3 flow rate in comparison to simulation. 

 

2.6. Summary 

In summary, a thermodynamic supersaturation model has been developed to evaluate the 

growth properties of AlGaN by MOCVD. After correcting the Gibbs free energy of reaction 

of GaN formation, the developed model allowed for predicting the resulting Al mole fraction 

in AlGaN. The model revealed that GaN phase was close to chemical equilibrium while Al 

supersaturation was as high as 1010 for typical growth conditions. Such a low Ga 

supersaturation had an important role in determining the Al mole fraction in AlGaN, 

resulting from large desorption flux of Ga from the growing surface during AlGaN MOCVD. 

A temperature dependence of Al mole fraction indicated that AlGaN growth was 
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thermodynamically limited rather than mass transport limited growth. The boundary between 

mass transport limited growth and thermodynamically limited growth was around 1040°C 

under our standard growth condition. The agreement between experiment and simulation 

suggests that the parasitic gas phase reaction between metalorganics and NH3 was not 

significant at low NH3 flow rate. In addition, N2 diluent gas slightly stabilized GaN phase. 

However, a significant NH3 decomposition was expected under N2 diluent.   
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Chapter 3: The BCF theory of AlGaN growth 

3.1. Overview 

A large PVR in DBRTD is necessary for high power radiation since negative differential 

conductance, -Gd, as defined as ΔI/ΔV in the NDR region in Figure 1-20, is the gain for THz 

radiation in the oscillator circuit. Interface roughness scattering in the heterostructure is 

known to increase the valley current, resulting in low PVR143. Hence, control of the surface 

morphology is important to achieve high device performance in Al-rich AlGaN/AlN 

DBRTDs. Surface growth kinetics is frequently described by the classical crystal growth 

theory established by Burton, Cabrera, and Frank in 1951, which is known as the BCF 

theory130. The BCF theory was developed to explain unexpectedly high crystal growth rate 

that would not agree with crystal growth by classical two-dimensional nucleation on a crystal 

surface. Surprisingly, they successfully established the theory of crystal growth to predict 

high growth rate without any atomic scale observation coming from such techniques as 

atomic force microscope. They introduced the concept of the influence of atomic steps 

created by screw dislocations. The BCF theory has been applied to various types of materials 

such as GaAs, AlGaAs, GaAsSb, GaInP, SiC, GaN, and AlGaN18,34,144–150. Kimoto and 

Matsunami have investigated the surface kinetics in homoepitaxial SiC on 6H-SiC {0001} 

vicinal surface in detail. The critical supersaturation for the transition between two-

dimensional nucleation and step flow growth was derived based on the BCF model. By 

measuring the transition growth condition, surface diffusion lengths were estimated on Si- 

and C-face SiC. Activation energies for surface diffusion were found to be 0.89 eV and 1.38 
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eV on Si and C face 6H-SiC{0001}, respectively. Bryan et al. have realized a systematic 

surface kinetic study on AlN homoepitaxy47. The growth mode was controlled by the 

misorientation angle and vapor supersaturation. Decrease in supersaturation and/or increase 

in misorientation angle were required to change the growth mode from two-dimensional 

nucleation to step flow growth. A critical supersaturation condition for this growth mode 

transition was also formulated based on the BCF theory. Experimentally measuring critical 

supersaturation allowed for estimating the surface energy of Al-polar AlN(0001) to be 149±8 

meV/Å2. 

In addition to a general description of the surface growth kinetics, the BCF model is also 

applicable to alloy composition study. Suzuki and Nishinaga have extended the BCF model 

to AlGaAs and InGaAs surface growth kinetics144. The alloy composition was described by 

the ratio of incoming flux of Al/Ga atoms on growing surface. In InGaAs growth, desorption 

flux of In-atoms were taken into account for the resulting composition. The developed model 

agreed well with experimental results. Bryan et al. have also applied a similar surface kinetic 

model to explain compositional inhomogeneity on bi-layer stepped and step-bunched AlGaN 

surfaces18. Alloy composition in AlGaN layer strongly depended on substrate misorientation 

angle (i.e. terrace width). More Ga was incorporated into the step-bunched region, while bi-

layer stepped region had higher Al content. Since bilayer stepped region had larger terrace 

width compared to step-bunched surface, this was explained by difference in diffusion 

lengths of Al and Ga adatoms. It was suggested that diffusion length of Al was larger than 

that of Ga. Ga adatoms do not reach step edge when terrace width is larger than diffusion 

length, resulting in more desorption. 
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Furthermore, the BCF model also describes the surface morphology of crystals having 

dislocations with screw component. Akasaka et al. have reported the surface growth kinetics 

to reduce surface hillocks originating from a micro-pipe in homoepitaxial N-polar GaN 

layer145. Surface supersaturation was adjusted by pulsed introduction of Ga precursors (TMG 

and TEG) to enhance surface migration on the bilayer stepped surface. The step flow growth 

rate decreased linearly with the surface supersaturation whereas the spiral growth rate 

decreased more rapidly. When the growth rate by bilayer steps surpassed that by the spiral 

growth around hillocks, the formation of hillocks was suppressed. Mita et al. have 

investigated the influence of Ga supersaturation on the growth spirals formed on Ga-polar 

GaN surface on sapphire substrate34. Spirals terrace widths were controlled by Ga 

supersaturation since terrace width is inversely proportional to the natural logarithm of Ga 

supersaturation. H2 partial pressure was employed as a variable parameter to adjust the Ga 

supersaturation. As discussed in chapter 2, H2 is a by-product of GaN formation reaction, 

while N2 is not involved. By taking a ratio of terrace widths under H2 and N2 diluent gas, it 

was found that 20 % of H2 exist even under N2 diluent condition due to GaN formation 

reaction and thermal cracking of NH3 molecules.  

As mentioned above, the BCF model is useful to describe surface growth kinetics of any 

material systems. However, a systematic study on growth spirals formed on AlGaN surface 

has not been realized. From the thermodynamic supersaturation model discussed in chapter 2, 

Al supersaturation was orders of magnitude higher than Ga supersaturation. Therefore, it is 

necessary to investigate factors affecting AlGaN surface evolution during MOCVD to 

achieve a smooth surface morphology.   
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In this chapter, surface growth kinetics of epitaxial AlGaN on sapphire will be studied 

based on the BCF theory, being combined with the developed thermodynamic 

supersaturation model in chapter 2. This study will be focused on the control of growth 

spirals centered on dislocations with screw component in AlGaN layer. An extended model 

will be provided to describe ternary AlGaN alloy surface. In the following section, formation 

of growth spirals and the resulting terrace width will be formulated based on the BCF model. 

 

3.2. The BCF theory 

Before 1940, crystal growth on low index planes was considered to proceed by two-

dimensional nucleation of additional atomic layers. Probability of the nucleation is a function 

of supersaturation. The nucleation energy required supersaturation values on the order of 

50%, while real crystal growth occurred at 1% or even lower supersaturation conditions. 

Under such low supersaturation conditions, the formation of nuclei on the crystal surface is 

negligible. This discrepancy was answered by Burton, Cabrera, and Frank130, known as the 

BCF theory. Frank has suggested that crystal growth continues if there is a step associated 

with a dislocation with a Burgers vector normal to the growing surface (i.e. screw 

component). Dislocations are not necessarily pure screw type. Figure 3-1 illustrates the 

surface evolution process in a crystal having a screw dislocation. The dislocations provide an 

infinite source of steps, and thus, two-dimensional nucleation is no longer required for crystal 

growth. A step by dislocation winds up as growth proceeds, forming a growth spiral. In this 

section, equations relating the spiral growth will be introduced.  
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Figure 3-1: Surface evolution of a crystal having a screw dislocation terminating to the 

surface. Growth spiral is formed centered at the dislocation50. 

 

Consider adatoms arriving to crystal surface with steps from vapor as depicted in Figure 

3-2. Adatoms are incorporated at kink sites on the steps. Advancement of the steps is realized 

by continuous incorporation. Here, we will derive equations for advance rate of parallel and 

curved steps.  Surface diffusion length, λs, is defined as:  
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   (3.1) 

where τs and Ds are mean residence time and diffusion constant of adatoms. The diffusion 

constant, Ds, follows Arrhenius relationships as: 

   (3.2) 

where a, ν, and Us are lattice constant, jump frequency, and diffusion barrier, respectively. 

Residence time is expressed with desorption energy, , as: 

   (3.3) 

Eqns. (3.1) to (3.3) gives the exponential form of the surface diffusion length: 

   (3.4) 

According to the surface diffusion equation: 

   (3.5) 

where c(x, t) and F are adatom concentration at a time, t, and a position, x, and incoming flux 

of atoms from vapor. To solve the differential equation (3.5), the quasi-static approximation 

is considered as follows: (1) steps act as perfect sink of adatoms (no reflections). (2) Steps 

can maintain the adatom concentration at equilibrium (steady state). (3) Adatoms can arrive 

at a step either from upper or lower terrace (symmetric barrier at steps). This approximation 

gives: 
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   (3.6) 

In the right side of eqn. (3.6), the first, second, and third terms represent surface diffusion, 

desorption, and incoming flux from vapor, respectively. A particular solution of eqn. (3.6) is 

obtained using equilibrium concentration as a boundary condition,  , as: 

   (3.7) 

where λ0 is distance between steps (terrace width). Next, assume that adatom diffusion 

current to lower and upper terraces is symmetric. Then, we have: 

   (3.8) 

where j+ and j- are diffusion current to lower and upper terrace, respectively. Step velocity is 

related to the adatom diffusion current as: 

   (3.9) 

 where M and h are volume of molecule and step height, respectively. Diffusion current at 

step edge is given by: 

   (3.10) 

Eqns. (3.7), (3.9) and (3.10) are summarized as: 
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   (3.11) 

where . Now consider two limiting cases. For , hyperbolic terms becomes 

1, then we have: 

   (3.12) 

This equation indicates that step velocity is dependent on λs. Steps are separated from each 

other so that they do not interact. By contrast, for , hyperbolic term is approximated 

as , then the step velocity is: 

   (3.13) 

When a high density of step is available as sink, step velocity is no longer a function of λs. In 

general thin film deposition, the step velocity is dependent on the incoming flux and surface 

diffusion length. Then, eqn. (3.12) is rewritten as: 

   (3.14) 

where . In eqn. (3.14), the last term represents normalized ratio of incoming flux to 

desorption flux. As discussed in chapter 2, this term is related to vapor supersaturation. Thus, 

we can also write eqn. (3.14) as: 

  
vs =

2λs M
h

F − F0( ) tanh
λ0

2λs

⎛
⎝⎜

⎞
⎠⎟

  
F0 ≡

c0
τ s

   λ0 ≫ 2λs

  
vs =

2λs M
h

F − F0( )

   λ0 ≪ 2λs

  
tanh λ0

2λs

⎛
⎝⎜

⎞
⎠⎟
≈ λ0

2λs

  
vs ≈

λ0 M
h

F − F0( )

  
vs =

2Dsτ s

λscλ

F0

F − F0

F0

⎛
⎝⎜

⎞
⎠⎟

 
cλ ≡ h

M



 

81 

   (3.15) 

where   is defined as equilibrium coverage by adatoms on growing 

surface. Using eqn. (3.1), this equation is also written as: 

   (3.16) 

Since equilibrium coverage is expressed as  with evaporation energy from 

kink onto surface, Ws, eqn. (3.16) is written with eqn. (3.3) as: 

   (3.17) 

where W is total evaporation energy for the crystal. This equation is the velocity of parallel 

steps on the crystal and can be applied to step velocity in spiral growth. 

Now we consider the step velocity of a portion of spiral with curvature of R. The step 

advance rate is given by: 

   (3.18) 

where v∞ is step velocity far from the center of the spiral. Rc represents critical radius of two-

dimensional nuclei expressed as: 
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   (3.19) 

where γfv is surface energy of the nucleus. Taking into consideration a simple Archimedean 

spiral, 

   (3.20) 

where r and ϕ are position and angle in polar coordinate. Angular velocity is: 

   (3.21) 

At a point r, the curvature of radius is given by: 

   (3.22) 

At a point far from the center of spiral ( ), the first derivative of ϕ is: 

   (3.23) 

A distance between parallel steps is expressed using eqn. (3.23) as: 

   (3.24) 

At a point far from the spiral center,  is applicable to eqn. (3.24). Thus, we have: 

   (3.25) 

 Using the derived L, step velocity is obtained from eqns. (3.11) and (3.17) as: 
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   (3.26) 

The eqns. (3.25) and (3.26) describe surface kinetics in spiral growth and used to investigate 

AlGaN growth on sapphire substrate in the later section (3.4). 

 

Figure 3-2: Schematic diagram of adatom behavior on stepped crystal surface. Atoms arrive 

to the surface from gas phase with incoming flux, F. Some atoms re-evaporate from the 

surface with desorption flux, F0. Symmetric adatom current into upper and lower terraces is 

assumed. 

 

3.3. Influence of supersaturation on surface morphology 

3.3.1. Surface morphology of AlN on sapphire 

Prior to AlGaN epitaxial growth, the surface evolution of heteroepitaxial AlN layer grown 

on sapphire will be investigated in this section. A 300 nm-thick epitaxial AlN film was 

grown on top of a vicinal c-plane sapphire substrate by MOCVD in a manner discussed in 

chapter 2. The substrate misorientation angle is 0.2 degrees in a-direction of sapphire. Figure 

3-3 shows an AFM image of AlN template layer on sapphire substrate. Step flow growth 
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with well-aligned parallel steps is confirmed. The average terrace width measured in the 

AFM image is approximately 70 nm. To maintain the step flow growth mode, the adatom 

surface diffusion length must be long enough compared to the terrace width. Thus, the result 

suggests that Al surface diffusion length satisfies, . In addition, large lattice misfit 

between AlN template and sapphire results in screw dislocation density of low 108 cm-2. This 

value corresponds to a few screw dislocations in 1µm×1µm area, which could produce 

growth spirals. However, growth spirals are not clearly observed on the AlN surface. This 

discrepancy is explained by eqn. (3.25). Figure 3-4 is the calculated terrace width as a 

function of Al supersaturation. As discussed in chapter 2, Al supersaturation for MOCVD 

growth is as high as 108 or even higher. The extremely high supersaturation makes the terrace 

width in the spiral growth mode shorter. The measured terrace width, ≈70 nm, is significantly 

larger than the calculated value (below 2 nm) for the supersaturation above 108. In order for 

the spirals to evolve, the growth rate of the spirals must be faster than the region without 

screw dislocations. Thus, it is expected that high Al supersaturation shortens the terrace 

width, and thus, lowers the step velocity in the spiral growth mode in comparison to that in 

the step flow mode on vicinal surface, resulting in parallel steps without spiral formation on 

AlN surface even with high screw dislocation density, ≈108 cm-2. 

  2λs > λ0
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Figure 3-3: AFM image of a 300 nm-thick AlN layer grown on c-plane sapphire substrate. 

Parallel steps are observed, while growth spirals are not confirmed. 

 

Figure 3-4: Terrace width on heteroepitaxial AlN surface grown on c-plane sapphire as a 

function of Al supersaturation. For calculation in eqn. (3.25),  7 and 

  were used. 
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3.3.2. Surface morphology of AlGaN on AlN/sapphire 

Surface morphology of AlN has been successfully explained using the derived equations 

and the supersaturation model. However, as mentioned in chapter 2, Al and Ga 

supersaturation values are orders of magnitude different. Typical Ga supersaturation is below 

10 whereas Al supersaturation is higher than 108. The role of each species in forming AlGaN 

surface is of particular interest in this chapter. In this study, Al0.57Ga0.43N layers grown on the 

AlN template is used as a reference composition to investigate the influence of Al and Ga 

supersaturation on surface morphology. Process condition for the reference layer is 

summarized in Table 3-1. AlGaN layer thickness was simply controlled by growth time. Al 

mole fraction was varied either by changing TMA flow rate or TEG flow rate.  

 

Table 3-1: Process condition for reference Al0.57Ga0.43N layer grown by MOCVD. 

Variable parameters  

Growth temperature 1100°C 

Total pressure 20 Torr 

Total flow rate 10.3 slm 

NH3 flow rate 0.3 slm 

TMA flow rate 10.5 µmol/min 

TEG flow rate 11.4 µmol/min 

Diluent gas H2 

Al mole fraction 0.57 
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First, the surface evolution of Al0.57Ga0.43N layer is investigated as a function of layer 

thickness. This will help to figure out the influence of Al mole fraction on surface 

morphology at a fixed film thickness discussed later. Figure 3-5 exhibits AFM images of 

Al0.57Ga0.43N layers with layer thickness of 10 nm, 100 nm, and 300 nm, respectively. It is 

obvious that parallel steps disappear and steps wind up at a thickness of 10 nm. A similar 

tendency was observed independently of Al mole fraction. Thus, it is important to notice that 

the presence of GaN phase results in the formation of the growth spiral during AlGaN growth 

(i.e. onset of spiral growth mode). As layer thickness increases further, the growth spirals 

enlarge, as seen in Figure 3-5(b) and (c). This does not result from dislocation density 

reduction by more annihilation with increasing thickness as XRD rocking curve 

measurement does not confirm significant reduction in dislocation density from 100 nm and 

300 nm. Screw dislocation density remained above 108 cm-2. Thus, it is expected that the 

enlargement of growth spirals in Al0.57Ga0.43N could be simply attributed to natural section of 

spirals. 
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Figure 3-5: AFM images of Al0.57Ga0.43N layers at different thicknesses. (a): 10 nm, (b): 100 

nm, and (c): 300 nm. Growth spirals enlarge with layer thickness.  

 
Next, in order to figure out the dependence of Al mole fraction on surface morphology, 

Al0.85Ga0.15N layer was grown with reduced Ga precursor flow rate. This results in lower 

supersaturation during the AlGaN growth. AFM images of 300 nm-thick AlGaN layers with 

different Al mole fraction are shown in Figure 3-6. Figure 3-6 (a) is the reference sample 

shown in Figure 3-5 (c). In Al0.85Ga0.15N layer, smaller spirals are observed compared to the 

reference sample. Thus, it is expected that the size of the spiral could be determined by the 

Al mole fraction. However, as mentioned above, supersaturation is lowered to obtain higher 

Al mole fraction from 0.57 to 0.85. It is important to distinguish the effect of Al mole 

fraction from that of supersaturation. 
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Figure 3-6: AFM images of 300 nm-thick AlxGa1-xN layers with different Al mole fraction. 

(a) x=0.57 and (b) x=0.85. The smaller the growth spirals are, the higher Al mole fraction 

becomes. 

 

In order to figure out the influence of Al mole fraction and supersaturation separately, 

theoretical calculation has been conducted using the developed supersaturation model. Figure 

3-7 are simulation results of vapor pressure and supersaturation of Ga as a function of TMA 

and TEG flow rates. For calculation, TEG and TMA flow rates were varied by varying their 

bubbler pressures instead of flow rate themselves. In Figure 3-7 (a) and (b), black dots 

represent the reference growth condition for Al0.57Ga0.43N layer. Under this growth condition, 

vapor pressure and supersaturation are exactly the same. To change Al mole fraction, two 

different approaches are taken; (a) decrease TEG flow rate and (b) increase TMA flow rate, 

as shown in red and blue in Figure 3-7. Note that the decrease and increase in bubbler 

pressure results in an increase and decrease of TMA/TEG flow rates, respectively, since 

1 µm 
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equilibrium vapor pressure of metalorganics is solely determined by bubbler temperature, not 

bubbler pressure. Increase/decrease of the bubbler pressure changes the pressure of carrier 

gas (i.e. N2 pressure). When Al mole fraction is increased by decreasing TEG flow rate, 

equilibrium vapor pressure, , input partial pressure, , and Ga supersaturation, , are 

reduced. In contrast, increase in TMA flow rate results in constant , decrease in , and 

increase in . It is worth noting that higher Al mole fraction is realized at different 

supersaturation conditions. This will allow us to evaluate the influence of Al mole fraction 

and supersaturation separately. Figure 3-7(c) shows calculated Al mole fraction as a function 

of input Al mole fraction calculated from Figure 3-7 (a) and (b). The Al mole fraction varied 

by decreasing TEG flow rate and increasing TMA flow rate, respectively. The black dots 

represent the reference growth condition for Al0.57Ga0.43N. Al mole fraction of 0.8 indicated 

by the blue and red dots is obtained by increasing TMA flow rate and TEG flow rate from the 

reference condition (black dots). Since these two Al0.8Ga0.2N layers are grown under lower or 

higher supersaturation compared to the reference, the influence of supersaturation on the 

surface morphology can be evaluated. 
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Figure 3-7: (a) Vapor pressure and (b) supersaturation of Ga as a function of TMA and TEG 

flow rates. Black dots indicate reference growth condition. The resulting Al mole fraction is 

shown in (c). 

 

Figure 3-8 exhibits AFM images of the reference Al0.57Ga0.43N, Al0.85Ga0.15N, and 

Al0.79Ga0.21N layers. Al0.85Ga0.15N and Al0.79Ga0.21N samples were grown by decreasing TEG 

flow rate and increasing TMA flow rate, respectively. These layers were grown under lower 
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(1.5 for Al0.85Ga0.15N) and higher Ga supersaturation (4.4 for Al0.79Ga0.21N) than that of 

reference condition (2.1). If supersaturation is a major factor to determine the surface 

morphology of AlGaN layer, the terrace width (or spiral size) follows the magnitude 

relationships of the supersaturation. However, as seen in Figure 3-9, both Al0.85Ga0.15N and 

Al0.79Ga0.21N layers show smaller spirals compared to the reference sample. The measured 

average terrace widths are also shorter for Al0.85Ga0.15N (57 nm) and Al0.79Ga0.21N (44 nm) 

than the reference (66 nm). Thus, it is expected that surface morphology of AlGaN layer is 

determined by Al mole fraction, rather than supersaturation itself. In the next section, the 

equations derived from the BCF model will be applied to the AlGaN growth experimentally 

observed in this section.  
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Figure 3-8: AFM images of AlGaN layers. (a) Reference sample, Al0.57Ga0.43N, (b) 

Al0.85Ga0.15N grown by decreasing TEG flow rate, and (c) Al0.79Ga0.21N grown by increasing 

TMA flow rate. 

 

3.4. Adjustment of the BCF theory for ternary AlGaN alloys 

In this section, the BCF model is extended to AlGaN epitaxial growth based on the 

obtained results. The experimental observations given in the previous section are: 
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Ø AlN layers do not show growth clear spirals. The step velocity is expected to be 

lower than that of bilayer stepped surface. This was explained by extremely high 

Al supersaturation during MOCVD. 

Ø Steps wind up at the initial stage of AlGaN growth. The size of spirals enlarges 

with layer thickness. A similar trend was observed independently of Al mole 

fraction. The presence of GaN phase is expected to be a key in the onset of spiral 

growth mode. 

Ø Spiral size and terrace width on AlGaN layer at a certain thickness is determined 

by Al mole fraction rather than supersaturation.  

 

In order to explain these results, consider terrace width given by eqn. (3.25) for AlGaN 

growth. In eqn. (3.25), , , and  are dependent of material. Molecular volume may be 

assumed to be constant as its variation from GaN to AlN is below 10%. Surface energy, 

γAlGaN, is treated as unknown. Surface energy depends on surface reconstruction that also 

depends on growth conditions such as growth temperature, pressure and Ga-rich/N-rich 

conditions151. Thus, there is no available surface energy for GaN in our case. Here, the 

Vegards’ law is applied to the surface energy for AlGaN as: 

   (3.27) 

Consider σ for AlGaN growth. From chapter 2, it is obvious that average supersaturation, 

 
σ Al−Ga =

σ Al

σ Al +σ Ga

, is not applicable to AlGaN growth. Since   σ Al ≫σ Ga , the average 

γ  M σ

  γ AlGaN = xγ AlN + 1− x( )γ GaN
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supersaturation is , if defined, always  σ Al−Ga ≈σ Al . If this average supersaturation is 

definable for AlGaN growth, GaN phase must be more stable with respect to the growth 

temperature. Nevertheless, strong temperature dependence of Al mole fraction has been 

observed, suggesting that the presence of AlN does not suppress significant desorption of Ga 

during AlGaN growth. Thus, it is considered that GaN and AlN are growing separately 

during AlGaN growth. This is reasonable as we could evaluate  σ Al  and  σ Ga  separately. Only 

factors connecting AlN and GaN during AlGaN deposition is composition and activities. 

However, the effects of these factors can only be observed when composition is extremely 

high or low, as discussed in chapter 2. Otherwise, these are negligible. In addition, since 

AlGaN is a miscible random alloy without strong interaction between GaN and AlN, the 

mixing effect is also ruled out. Thus, the superimposed form for the terrace width with 

surface energy and supersaturation is taken as: 

   (3.28) 

Figure 3-9 shows calculated and experimentally observed terrace width of AlGaN layers 

as a function of Al mole fraction. The calculated values are dimensionless because surface 

energy of GaN is unavailable. The experimentally observed average terrace width was 

measured from 20 pairs of successive turns of parallel steps in AFM image. In Figure 3-9(a), 

the calculated terrace width of AlGaN surface decreases with Al mole fraction. The values 

follow the terrace width of GaN, while the contribution of AlN is negligible due to orders of 

magnitude higher  σ Al  than  σ Ga . From eqn. (3.28), it is clear that larger terrace width is 
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achieved by the presence of GaN grown under lower  σ Ga . As Al mole fraction increases, the 

contribution of GaN is lowered, resulting in shorter terrace width. Therefore, the terrace 

width on AlGaN surface is determined by the Ga mole fraction for low  σ Ga . This calculation 

result agrees well with experimental observation, as seen in Figure 3-9 (b). The average 

terrace width decreased from 95 nm and 65 nm to 45 nm as Al mole fraction increases from 

0.4 and 0.57 to 0.79, respectively. Even if surface energy of GaN is not available, the derived 

equation gives insight into realization of smooth AlGaN surface. As discussed in the AlN 

surface on sapphire, higher supersaturation was desirable to shorten the terrace width, and 

thus lower the step velocity in the spiral growth mode. Thus, process conditions for high  σ Ga  

would achieve smoother AlGaN surface at a certain Al mole fraction. 

 

Figure 3-9: (a) Calculated and (b) experimentally obtained terrace width on AlGaN surface 

as a function of Al mole fraction. The error bar is determined from standard deviation. 

Experimental results show good agreement with the extended model.  
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3.5. Summary 

In summary, the BCF theory was extended to AlGaN epitaxial growth on sapphire. The 

equation to describe the terrace width was formulated in order to explain the dependence of 

terrace width on Al mole fraction combined with the developed supersaturation model in 

chapter 2. Spiral growth mode was not confirmed on AlN growth on sapphire even with high 

screw dislocation density of 108 cm-2. This was explained by lower step velocity in the spiral 

growth mode due to high  σ Al  than that in the step flow growth mode on vicinal surface. By 

contrast, spiral growth mode during AlGaN growth was clearly observed in the initial growth 

stage. Comparing to the AlN growth, the onset of the spiral growth mode was attributed to 

the presence of GaN phase. The growth spirals enlarged with layer thickness in Al0.57Ga0.43N 

films. At a certain thickness, terrace width and spiral size were dependent of Al mole fraction 

rather than supersaturation. The spiral size and terrace width were reduced with Al mole 

fraction. The equation describing the terrace width was applied to ternary AlGaN alloys. 

New equation was formulated with superimposed form for lower  σ Ga  and extremely high 

 σ Al . The calculation has shown that the terrace width of AlGaN surface was determined by 

Ga mole fraction due to low  σ Ga , resulting in large terrace width. The contribution of AlN 

phase was negligible. Experimentally measured terrace widths agreed well with the 

calculation. It is expected that smooth AlGaN layer can be grown under relatively high 

supersaturation condition using the developed equation.  
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Chapter 4: Hillocks on Al-rich AlGaN on AlN substrates 

4.1. Overview 

Dislocations in group III-nitrides are known to act as leakage paths152,153, carrier 

scattering154,155 and trap centers156,157. These phenomena have negative impacts on the device 

performance of DBRTDs158. It is clear that the presence of a leakage path through the active 

region increases the valley current in the NDR region, and thus lowers the PVR. If there is 

significant leakage in the DBRTD structure, the NDR due to resonant tunneling effect may 

not be even observed. In addition, dislocation scattering reduces the electron saturation 

velocity159. A parasitic capacitance of the DBRTD, , is determined by a tunneling time, 

, through the active region and a transit-time in the depletion region of a collector layer, 

, as: 107. As , a low saturation velocity results in 

larger transit time. Thus, dislocation scattering increases the parasitic capacitance, limiting 

the operation speed of the DBRTDs. Furthermore, trapping by dislocations lowers the 

reproducibility of the I-V characteristics of the DBRTDs157,160,161. Obviously, continuous 

oscillation is hindered by the instability of the NDR under ac bias condition.  

In contrast to the above-mentioned directly detrimental characters to DBRTDs, 

dislocations also act as carrier compensators in a n-type nitride layer162. In the DBRTD 

structure, the active region is sandwiched between the heavily doped n-type AlGaN emitter 

and collector layers. These layers provide free carriers contributing to tunneling current 

through the active region. As the negative differential conductance is defined as 

 CRTD

 τ RTD

 
τ Dep   

CRTD ∝ τ RTD +τ Dep 2( )  
τ dep = ddep vs
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, high current density is required for high enough gain to overcome a radiation 

loss in the oscillator circuit. Therefore, high conductivity is necessary in the n-type AlGaN 

layers. Recently, Bryan et al. have reported the impact of dislocations on carrier 

compensation in n-type Al-rich AlGaN layer31. One order of magnitude higher free electron 

concentrations of 1×1019 cm-3 has been achieved when dislocation density was reduced from 

mid 1010 cm-2 to low 1010cm-2. Hence, low dislocation density is highly desirable to fabricate 

Al-rich AlGaN/AlN DBRTD structures. 

Recent development of single crystal AlN substrate by PVT and epitaxial growth of 

AlGaN on the wafer by MOCVD7 is the most promising technique to achieve high 

performance in Al-rich AlGaN DBRTDs. The pre-existing dislocation density in the AlN 

wafer is as low as 103-104 cm-2.163 This value corresponds to one dislocation in hundreds 

µm× hundreds µm area. As typical DBRTD device area is up to hundreds µm in diameter, it 

is expected that dislocation free DBRTDs can be fabricated on the AlN substrate. However, 

there are still challenges remaining in high quality epitaxial growth on the AlN substrate. 

One of the major challenges is surface defect referred to as hillocks. Bryan et al. have 

reported that hexagonal shaped hillocks with a density of ≈105 cm-2 were formed on AlGaN 

epitaxial layer surface grown on AlN substrate7. PL measurement revealed that the hillocks 

had higher Ga content compared to hillock free surface, as seen in Figure 4-1. Even though 

the hillock density has been reduced to 104 cm-2 by annealing in H2 ambient at a temperature 

above 1400°C prior to the epitaxial AlGaN deposition, the presence of hillocks is detrimental 

to the DBRTD operation because the composition in AlGaN quantum well determines 

 −Gd = ΔI ΔV
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conduction band discontinuity (i.e. barrier height). In order to reduce hillock density further, 

it is necessary to understand the details of defect structures and origins of the hillocks.  

In this chapter, the defect structure of hillocks formed on an Al-rich AlGaN epitaxial layer 

on an AlN substrate are investigated by means of CTEM and aberration corrected STEM. 

 

 

Figure 4-1: (a) optical microscope image of AlGaN surface grown on the AlN substrate and 

(b) PL spectra from high and low hillock density area7. High hillock density area shows two 

near band edge emissions, suggesting that hillocks contain more Ga. 

 

4.2. Hillocks on Al0.7Ga0.3N surface 

An AlGaN heteroepitaxial layer was grown on an AlN homoepitaxial layer on top of a c-

plane AlN wafer by MOCVD. Nominal layer thicknesses of the AlGaN and the 

homoepitaxial AlN layer were 350 nm and 150 nm, respectively. The Al mole fraction in the 

AlGaN layer was estimated to be approximately 0.7 by XRD reciprocal space mappings 

Low hillock density 
High hillock density 
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(RSMs). A hillock density of 104 cm-2 was confirmed on the Al0.7Ga0.3N layer surface by 

SEM. The hillocks were categorized into two groups according to the crystallographic 

symmetry. Figure 4-2 exhibits SEM images of the hillocks. The majority of hillocks are 6-

fold pyramidal shape with either a misoriented grain or a pit on top. Hexagonal hillocks with 

flattop are also observed in Figure 4-2(3). The size of the hexagonal hillocks is around 3 µm 

in diameter in this particular sample. The size will increase with Al mole fraction and layer 

thickness7. In addition, non-hexagonal hillocks having a circular flattop with pits also exists, 

as observed in Figure 4-2 (4) and (5). The density and diameter of the non-hexagonal hillocks 

are below 10 cm-2 and are from 10 µm to 20 µm, respectively.  



 

102 

 

Figure 4-2: Hillocks observed on Al0.7Ga0.3N surface. Hillocks are categorized into two 

types. (1)-(3): Hexagonal hillocks. (4)-(5): Non-hexagonal hillocks. Majority is hexagonal 

hillocks, while the density of non-hexagonal one is below 10 cm-2. 

 

4.3. TEM characterization 

4.3.1. Focused ion beam 

TEM samples that contain the hillocks were prepared by a focused ion beam (FIB) system, 

FEI Quanta 3D FEG. Electron/ion dual beam is available during TEM sample preparation. 

The ion beam is tilted by 52° from the electron beam. FIB is a useful technique when there is 

an area of interest for TEM observation. A thin TEM sample is obtained from an arbitrary 

area by sputtering the sample surface using Ga ion beam accelerated at 2-30 kV. FIB sample 
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preparation procedure is shown in Figure 4-3. To protect the sample surface from ion beam 

irradiation, Pt is first deposited on a TEM sample area of interest. Typical dimension of the 

Pt bar is 20 µm× 2µm× 2µm. Upper and lower sides are sputtered at 30 kV to create large 

enough space for the later cutting process. To lift the sample out, bottom and left side of the 

sample are cut. At this point, the TEM foil is connected with the sample only at the right 

side. The left side is then bonded with an omniprobe micro manipulator by Pt deposition. The 

omniprobe brings the sample onto a TEM grid after cutting the right side. The sample is 

fixed on the grid by Pt deposition and then polished down to electron transparent thickness (< 

100 nm). During the polishing process, the sample cross-section is monitored by SEM image. 

Ion beam current is reduced from 7 nA to 1nA at 30 kV as the sample thickness decreases. 

Finally, to remove any ion beam damage, the sample is cleaned with lower energy ion beam 

at 5 and 2 kV, being tiled by ±5° with respect to the beam. The FIB preparation ends when 

the TEM sample thickness becomes thin enough. Figure 4-4 is SEM images of regions 

chosen for TEM sample preparation in this study. For a comparison to hillock regions, no 

hillock region (flat surface) is also observed as a reference sample. 
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Figure 4-3: Experimental procedure of sample preparation by FIB. TEM sample is obtained 

from particular area of interest on the AlGaN surface. 
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Figure 4-4: SEM images of TEM areas of interest. (a): no hillock region, (b): non-hexagonal 

hillock, and (c): hexagonal hillock formed on the AlGaN surface on the AlN substrate. 

 

4.3.2. Weak beam dark field technique 

When electrons travel through a thin TEM foil, multiple diffraction take place as electron 

wavelength is orders of magnitude shorter (2.5 pm at 200 kV) than the distance between 

crystallographic planes (≈Å). Such a short wavelength makes an Ewald sphere large in 

reciprocal space that allows multiple diffractions. Under this imaging condition (on zone 

condition), all dislocations that exist in the specimen are observed as dark/bright lines in 

bright/dark field (BF/DF) images. A lattice distortion induced by strain field of a dislocation 

core produces a contrast in diffraction condition to unstrained area. It is possible to image 

dislocations with a certain Burgers vector using so-called “two beam condition” where only a 

certain diffraction beam is strongly excited along with transmitted beam. Using the 

invisibility criteria, , a type of dislocation can be identified. Under two beam 

conditions, a TEM sample is tilted so that the lowest order of diffraction, g, is strongly 

excited. This makes dislocation lines relatively wide. This is not useful to observe high 
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dislocation density samples or sample having bundle dislocations as they are located close to 

each other. Weak beam dark field (WBDF) technique enables to resolve each dislocations by 

making dislocation lines sharp. Compared to the conventional DF imaging with the two beam 

condition, a diffraction beam used for imaging, g, is weakly excited in the WBDF. In other 

words, the Ewald sphere is not exactly on a reciprocal lattice point. The deviation from the 

exact reciprocal lattice point is called as “excitation error“ and is typically ≈0.2 nm-1 for 

WBDF imaging. In the kinematical approximation, a half-width of diffraction intensity from 

a dislocation is given by69: 

   (4.1) 

where s and  are the excitation error and an effective extinction distance. The  is 

expressed with the s and an extinction distance as: 

   (4.2) 

The extinction distance, , represents the period of the diffraction beam intensity. The value 

of  is dependent of material, diffraction vector including [hkl] and the order of diffraction. 

Under the WBDF condition, s is large and thus  is small. This makes dislocation line 

width given by eqn. (4.1) narrow. Only near the dislocation core satisfies diffraction 

condition, which appears to be bright in WBDF image. The WBDF is realized by tilting the 

electron beam (i.e. Ewald sphere) from the two beam condition so that higher order of 

diffraction is strongly excited, e.g. 3g. Then an image is taken with the weakly excited 
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diffraction beam, g. Figure 4-5 illustrates the Ewald sphere construction for WBDF 

procedure164. 

 

Figure 4-5: WBDF procedure164. (a) Two beam condition, (b) Electron beam is tilted so that 

the lowest diffraction beam is moved to optic axis, and (c) WBDF condition. 

 

4.3.3. Energy dispersive X-ray spectroscopy 

When accelerated electrons pass through materials, those high-energy electrons ionize 

inner shell electrons of the atoms making up the TEM sample. X-rays are emitted when 

electrons in the higher energy states are relaxed to the empty lower energy states. Figure 4-6 

illustrates the inelastic scattering process for X-ray radiation69. The energy of the radiated X-

ray in this process is unique to the electron configuration in an atom, and thus called as the 

characteristic X-ray. A technique to analyze these X-ray signals based on spectroscopy is 

energy dispersive X-ray spectroscopy (EDS). The EDS is a powerful technique to identify 

the presence of a secondary phase165, compositional inhomogeneity166,167, three dimensional 

defects such as inclusions and precipitates168,169 as well as quantitative determination of alloy 
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composition170. A detection limit of EDS is on the order of %. STEM FEI Titan 80-300 used 

in this study has a capability of EDS analysis with atomic resolution171. In this study, STEM 

EDS mapping is employed to reveal the presence of defects that may produce the hillocks on 

an AlGaN surface grown on an AlN substrate. 

 

Figure 4-6: An example of characteristic X-ray generation process69. An inner shell electron 

in K shell is removed by a high energy electron. Characteristic X-ray is emitted when the 

empty state is filled by an electron in upper (L) shell. 

 

4.4. Defect structures 

4.4.1. No defect region 

In a STEM high angle annular dark field (HAADF) image, a contrast is proportional to 

square of atomic number, Z172. The Z-contrast method enables to distinguish AlGaN epitaxial 

layer from AlN homoepitaxial layer and substrate. An AlGaN layer that contains heavier 

atoms, Ga, appears to be brighter than AlN layer. In contrast, a low angle annular dark field 

(LAADF) image is more sensitive to strain than the HAADF technique173. Electron 
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acceleration voltage of 200kV was used for all TEM experiments in this study. Prior to 

studying the hillocks, a no hillock region was studied by STEM HAADF imaging. A TEM 

sample was obtained from flat surface of the Al0.7Ga0.3N surface far from the hillocks in 

Figure 4-7. As the hillock density is approximately 104 cm-2, flat region without hillocks are 

readily found. To achieve surface conductivity for the FIB processing, the AlGaN surface 

was coated with an Au-Pd thin layer by sputtering. 

 

Figure 4-7: SEM image of no hillock region on AlGaN surface grown on AlN substrate. 

 

A STEM HAADF image of the flat region is shown in Figure 4-8. As targeted, uniform 

AlGaN layer thickness of approximately 350 nm is confirmed on top of AlN homoepitaxial 

layer. Although a nominal AlN layer thickness is 150 nm, the interface between AlN layer 

and substrate is invisible. This result suggests that the AlN homoepitaxial layer has been 

successfully grown on the AlN substrate without any intermediate layer formation. In 
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addition, there are no extended defects observed throughout the TEM sample including the 

AlGaN and AlN layer. Therefore, an AlGaN layer on a flat surface does not have extended 

defect such as dislocations. Furthermore, uniform contrast in AlGaN and AlN layer suggests 

that the composition in the AlGaN layer is homogeneous and AlN homoepitaxial 

layer/substrate does not have precipitates and inclusions.  

This is further confirmed by STEM EDS mapping in Figure 4-9. The EDS mappings 

represent the presence of Al, Ga, N, O, and Au. As the AlGaN layer is covered with the Au-

Pd thin layer, Au signal is useful to find AlGaN surface. As expected from the STEM 

HAADF image, AlGaN and AlN layer exhibit homogeneous distribution of elements. No 

secondary phase such as an oxide layer is observed at the interface between the 

homoepitaxial AlN layer and the substrate. This observation agrees with successful 

homoepitaxial growth of AlN suggested by the invisible homoepitaxial interface confirmed 

by the STEM HAADF image. Any defects including dislocations, secondary phase, 

precipitates, and inclusions do not exist in the region without hillocks.  
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Figure 4-8: STEM image of no defect region of AlGaN layer on AlN substrate. 

Heteroepitaxial interface between AlGaN and AlN homoepitaxial layer is clearly seen. 

 

Figure 4-9: STEM and EDS images of no defect region. Al, Ga, N, O, and Au are chosen for 

imaging. No characteristic feature related to lattice defect is observed. 
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4.4.2. Non-hexagonal hillocks 

A non-hexagonal hillock shown in Figure 4-10 is analyzed. The dashed line black box 

indicates the TEM sample area. This sample includes a pit in the center. Figure 4-11 is a 

STEM HAADF image of the non-hexagonal hillock. The pit is located in the center of the 

image. The AlGaN layer thickness was estimated to be around 820 nm, which is more than 

twice thicker than the AlGaN layer on flat surface (350 nm). From chapter 3, it is expected 

that hillock formation is a consequence of higher growth rate around hillocks compared to 

step flow growth on the vicinal surface. In addition to higher thickness, a rough zigzag 

shaped heteroepitaxial interface is clearly observed. Hence, the AlN homoepitaxial layer 

surface was rough when the AlGaN deposition began. It is considered that the non-hexagonal 

hillock originated from locally unsuccessful homoepitaxial growth. Furthermore, high 

densities of threading dislocations, which appear to be lines in the image, are generated at the 

heteroepitaxial interface as well as the homoepitaxial interface. Although the homoepitaxial 

interface is invisible, the AlN layer thickness is estimated to be 100-150 nm as some 

dislocations are generated in the homoepitaxial layer.  No lattice defects are observed in the 

AlN substrate. More details of the observed dislocations in the AlGaN and AlN layer are 

studied by WBDF imaging.  
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Figure 4-10: SEM image of non-hexagonal hillock on AlGaN on AlN substrate. Black box 

with dashed line indicates TEM region. 

 

Figure 4-11: STEM HAADF image of AlGaN/AlN homoepitaxial layer/ AlN substrate.  

Each layer is labeled on the left. 
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Figure 4-12 shows WBDF images taken with two different diffraction vectors, 

g=<0002> and <11-20>. c-type and a+c-type dislocations are visible under g=<0002>, while 

g=<11-20> allows for observing a-type and a+c-type dislocations. In Figure 4-12 (a), there is 

no threading dislocation terminating on the AGaN layer surface. In contrast, a high density of 

threading dislocation is clearly observed with g=<11-20> in Figure 4-12 (b). As these 

dislocation lines are along the c-direction, a type of dislocation is identified as pure edge 

dislocations with Burgers vector of a-type dislocation, b=1/3<11-20>. The density of 

dislocations was estimated to be approximately 3×1010 cm-2. This value is equivalent to the 

dislocation density in an AlGaN layer grown on a sapphire substrate. It is obvious that the 

non-hexagonal hillocks having such a high dislocation density are detrimental to any 

electronic and optoelectronic device applications. In addition, as seen in the STEM and 

WBDF images, dislocations are also observed in the AlN homoepitaxial layer. As there is, in 

principle, no lattice misfit in homoepitaxy, there must be a source of significant strain on the 

AlN substrate surface to generate lattice displacement. The presence of uniformly nucleated 

dislocations suggests that the origin of the non-hexagonal hillock must be a “plane source” 

rather than “point source”.  

STEM EDS mappings are shown in Figure 4-13. Same elements as Figure 4-9 are used 

for the mapping. From Al and Ga images, more Al is confirmed on the sidewall of the pit. 

This may be attributed to the difference in growth kinetics during MOCVD. More 

interestingly, strong oxygen signals are detected at around the heteroepitaxial and 

homoepitaxial interfaces where high density of dislocation is generated. Even though it is not 

clear that there exists secondary phases such as Al2O3 and aluminum oxynitride (AlON), this 
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observation supports that the AlN substrate was covered with a layer that provides significant 

lattice misfit, causing generation of high density of dislocation. Thus, one possible origin of 

the non-hexagonal hillocks may be a surface oxide contamination on the AlN wafer. To 

further investigate the origin, EDS mapping was carried out at the bottom of the pit marked 

by yellow box in Figure 4-13. Carbon mapping was added to EDS mapping in Figure 4-14. 

Similar to Figure 4-13, a higher oxygen signal is observed near the heteroepitaxial and 

homoepitaxial interfaces. Brighter/darker Al/Ga signals are also seen on the sidewall as well 

as the zigzag shaped heteroepitaxial interface. Furthermore, a localized strong signal from 

carbon is observed at the bottom of the pit. In general, the EDS analysis is less sensitive to a 

light-element due to a low fluorescence yield and an increased absorption in a TEM 

sample69. Nevertheless, a particle-shaped carbon is clearly seen in the image. Therefore, the 

origin of the non-hexagonal hillocks may be an oxide layer formation and/or a carbon 

particle on the AlN wafer. 

 

Figure 4-12: WBDF images of non-hexagonal hillock with (a) <0002> and (b) <11-20> 

reflection vectors. 

Pit 

g: 0002 

Pit 

g: 11-20 

AlGaN 

AlN 
AlGaN 

AlN 



 

116 

 

Figure 4-13: STEM LAADF and EDS images of non-hexagonal hillock. A yellow box in 

STEM image is mapping area in Figure 4-14. 

 

Figure 4-14: Magnified STEM and EDS images of the bottom of non-hexagonal hillock. 

Strong carbon signal is observed at the bottom of the pit in the non-hexagonal hillock. 
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4.4.3. Hexagonal hillocks 

In contrast to the non-hexagonal hillocks, the majority are hexagonal ones. Figure 4-15 

is a SEM image of the hexagonal hillock studied. A black box with dashed line is a TEM 

area observed. The prepared TEM sample does not contain a pit located on the center of the 

hillock. STEM images are shown in Figure 4-16. Unlike the zigzag-shaped rough AlN 

surface in the non-hexagonal hillock, a sharp heteroepitaxial interface is observed, suggesting 

that the AlGaN layer was deposited on a smooth AlN homoepitaxial layer surface. This sharp 

interface is indicative of successful homoepitaxial growth. Thus, the homoepitaxial interface 

is invisible as observed in the no-hillock region. Any extended defects are not found in the 

substrate. The estimated AlGaN layer thickness is approximately 450 nm. In addition, there 

is more Ga in the hillock region in the AlGaN layer as seen in the STEM image. This is clear 

in EDS mapping in Figure 4-17. The Ga-rich region extends from the center to the edge of 

the hillock. As mentioned in 4.1, a hillock itself has more Ga than the region without 

hillocks. However, compositional inhomogeneity also exists in the hexagonal hillocks. The 

observed inhomogeneity could be attributed to local difference in growth kinetics. There are 

inclined crystal planes at the edge of the hillock. The observed contrast in the Ga-rich region 

could be a trace of the inclined planes. These semi-polar surfaces tend to be rough due to the 

less ordered atomic configuration in comparison to the basal plane174,175. The rough surface 

provides more sinks for adatom incorporation, and thus, results in more Ga. This was 

independent of the top surface structure of the hexagonal hillocks, i.e. the presence of a pit or 

a misoriented grain. Unlike the non-hexagonal hillock, no strong oxygen signal is confirmed 

at both heteroepitaxial and homoepitaxial interfaces. Thus, hexagonal hillocks do not 
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originate from clear secondary phases formed on the AlN substrate. Furthermore, in the 

center of the hillock, a round shaped contrast was observed in the AlN layer shown in the 

right image of Figure 4-16 (STEM LAADF). This will be mentioned later using STEM EDS 

mapping. 

In any types of hexagonal hillocks, a more complex dislocation structure was observed 

than the non-hexagonal hillocks in which dislocations were mostly of threading type. Figure 

4-18 exemplifies a WBDF image with g=<11-20> from a hexagonal hillock. Dislocations 

exist only in the AlGaN layer. The AlN homoepitaxial layer and the substrate do not show 

any extended defects. Dislocations with a density of low 109 cm-2 are treading dislocations 

propagating to the growth surface (c-plane), while basal plane dislocations are also observed. 

Similar to the non-hexagonal hillock, it is obvious that the presence of hexagonal hillocks 

having such a high dislocation density significantly degrade device performances. In 

addition, note that hillock formation is not due to the Stranski-Krastanov growth mode for 

the following two reasons: (1) fully strained AlGaN layer was confirmed by X-ray diffraction 

reciprocal space mappings. Strain relaxation rate of the AlGaN layer with respect to the AlN 

substrate is merely 4%. If the growth mode changed from the step flow growth to the 3D-

island growth mode due to misfit strain relaxation, the AlGaN layer must be relaxed on AlN 

substrate. (2) Hillocks have been confirmed to enlarge with AlGaN layer thickness and Al 

mole fraction7. Thus, an onset of hillock formation is the actual AlGaN deposition. If hillocks 

formation is associated with the Stranski-Krastanov growth mode, hillocks must be nucleated 

at a certain layer thickness. Therefore, the hillock formation is caused by external factors 

such as the presence of secondary phase and contamination.  
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Figure 4-15: SEM image of hexagonal hillock on AlGaN on AlN substrate. Black box with 

dashed line indicates TEM sample area. 

 

Figure 4-16: STEM images of the hexagonal hillock on AlGaN layer on AlN substrate. 

Magnified LAADF image shows the round shaped contrast at the center of the hillock. 
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Figure 4-17: STEM EDS mapping of hexagonal hillock. More Ga is observed in HAADF 

and Ga mapping. Oxide layer is not confirmed. 

 

Figure 4-18: WBDF image of hexagonal hillock under g=<11-20>. Threading dislocations 

are clearly observed as well as basal plane dislocations. 
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To identify the origin of the hexagonal hillocks, EDS mappings in a higher 

magnification was conducted in the magnified STEM LAADF image of Figure 4-16. Al, Ga, 

N, C, and O were used for the EDS mappings. In the HAADF image in Figure 4-19, a yellow 

arrow indicates the position of the observed round shaped contrast. There is no local 

compositional inhomogeneity observed as well as uniform oxygen signals, meaning that Al, 

Ga, and O do not contribute to the localized contrast. Instead of these elements, the carbon 

signal is responsible for the contrast. EDS spectra from regions with and without the contrast 

confirmed the presence of carbon. The observed carbon signal is located at 100 nm from the 

heteroepitaxial interface, which is approximately on the AlN substrate surface. Therefore, 

this hexagonal hillock might have originated from a carbon particle on the AlN 

substrate. However, the other two hexagonal hillocks did not show carbon signal at the 

center. It is implied that other sources of hillock formation may exist in heteroepitaxial 

AlGaN growth on the AlN single crystal substrate. To fully understand the hillock formation 

mechanisms, all possible sources that may cause the hillock formation need to be considered. 

In the next section, pathways to reduced hillock density will be suggested based on the 

obtained results.  
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Figure 4-19: STEM and EDS mappings of hexagonal hillock. Al, Ga, N, C, and O are used 

for mapping. 
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4.5. Pathways to hillock density reduction 

The defect structures of hillocks have been investigated by TEM. In any types of 

hillocks, high density of dislocation was confirmed on the order of 109 cm-2 to 1010 cm-2. 

Thus, hillock density reduction is highly desirable for any device application. Here, some 

possible methods to reduce the hillock density are provided. First, if there exists any 

contamination such as secondary phases or particles on the AlN wafer, a proper cleaning 

process must be established. Figure 4-20 is typical procedure from the preparation of the AlN 

wafer to the epitaxial growth of AlGaN/AlN by MOCVD. An AlN boule produced by PVT is 

sliced into thin wafers. Graphite heat insulators are used in the PVT process. Carbon particles 

may remain on the AlN wafers without appropriate wafer cleaning even after the wafer 

slicing process of an AlN boule that is covered with graphite particles. The boule is then 

polished by mechanical and chemical-mechanical polishing for epi-ready surface preparation. 

Rice et al. have confirmed by X-ray photoelectron spectroscopy that the presence of surface 

hydroxide layer composed of mixed aluminum oxide hydroxide and aluminum trihydroxide 

on the CMP AlN surface176. The as-received AlN wafer is annealed in the MOCVD chamber 

under H2 ambient at 1550°C in order to reduce the hillock density from 105 cm-2 to 104 cm-2.7 

After unloading the wafer from MOCVD reactor, it is further cleaned using sulfuric acid 

(H2SO4) and phosphoric acid (H3PO4) mixture ratio of 3:1 at 85°C for 10 min to get rid of the 

residual hydroxide layer. The hydroxide layer may not be removed completely from the 

wafer surface as well as alkaline slurry used in the CMP process. The wafer is then loaded 

onto the MOCVD reactor again. It is well known that amorphous aluminum oxide is readily 

formed on an AlN surface in air at room temperature177. During this loading and unloading 
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process, the wafer surface may be contaminated by particles and/or oxidized. Prior to the 

MOCVD AlGaN/AlN deposition, the wafer surface is nitrided in NH3 atmosphere at 1100°C 

for 7 min. The presence of any residues may cause the hillock formation during AlGaN and 

AlN epitaxial growth. Therefore, the wafer cleaning process to get rid of the residues must be 

established, which will result in the hillock density reduction. This process will include a 

careful surface inspection using an optical microscope and an appropriate chemical wet 

cleaning. The observed carbon particle like feature is approximately 100 nm in diameter. 

This is large enough to observe by optical microscope. In other words, the number of the 

observable particles on the AlN wafer must be zero prior to the epitaxial growth by MOCVD. 

For a chemical wet cleaning process, residual oxides need to be characterized in ≈10 µm2 

area scale. The size of the non-hexagonal hillocks varied from 10 µm to 20 µm in diameter. 

SEM EDS technique may be helpful to characterize surface oxides on the AlN wafer. Once 

oxide layer is found, additional chemical cleaning can be tested to remove the oxide layer.  

In addition to the wafer cleaning, there is a possibility that the pre-existing dislocations 

produce hillocks, as discussed in chapter 3. If step velocity in the spiral growth mode by 

screw dislocations is faster than that in the step flow growth mode on a vicinal surface, 

growth spirals can enlarge. In this case, supersaturation could be used to reduce hillock 

density. As expected from the BCF theory studied in chapter 3, step velocity in the step flow 

growth is proportional to the supersaturation: 

   (4.3) 

 In contrast, the spiral growth mode does not follow the linear dependence due to the 

hyperbolic term with terrace width that is also dependent on the supersaturation: 

 
vstep ∝σ
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   (4.4) 

The supersaturation dependence for the step flow growth mode and the spiral growth mode is 

plotted in Figure 4-21. At low supersaturation conditions, both step velocities are equivalent 

due to the negligible hyperbolic term. As supersaturation increases, however, the difference 

in the step velocities increases. The step velocity in the spiral growth mode is lower than that 

in the step flow growth mode under high supersaturation condition as heteroepitaxial AlN 

film mentioned in chapter 3 does not show growth spirals even with high screw dislocation 

density of low 108 cm-2. Thus, hillock formation due to dislocations with screw component 

might be suppressed by growing under high supersaturation conditions.  

 

 

Figure 4-20: Pictures of possible contamination processes onto AlN substrate from producing 

PVT AlN boule slicing/polishing the AlN wafer to growing epitaxial layer on the wafer. 
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Figure 4-21: Step velocity in the step flow growth and the spiral growth modes as a function 

of vapor supersaturation. As supersaturation increases, the step flow growth becomes 

dominant. 
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4.6. Summary 

Defect structures and origins of the non-hexagonal and hexagonal hillocks formed on 

Al0.7Ga0.3N epitaxial layer grown on AlN homoepitaxial film on top of c-plane AlN single 

crystal substrate were investigated by means of CTEM and STEM. The obtained results are 

summarized in Table 4-1. Surface SEM characterization confirmed that there are two types 

of hillocks: non-hexagonal and hexagonal hillocks. Both types of hillocks had high density of 

a-type dislocations (109 cm-2 – 1010cm-2) as well as inhomogeneity of AlGaN composition. 

STEM EDS mapping on the non-hexagonal hillock revealed that localized high carbon 

concentration existed at the bottom of the pit on the non-hexagonal hillocks. This type of 

hillock originated from the rough AlN homoepitaxial layer surface that might be caused by 

the presence of oxide secondary layer formed on the AlN substrate. The hexagonal hillocks 

do not show such a secondary layer related EDS signal. One of three hexagonal hillock 

samples also showed high carbon concentration on the AlN substrate. Independently of types 

of hillocks, there was no extended defect observed in the AlN substrate. The obtained results 

suggest that any types of hillocks significantly lower the device performance due to high 

dislocation density and variation in composition and layer thickness. It is expected that 

optimum wafer cleaning process and/or supersaturation based step velocity control would 

reduce hillock density. 
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Table 4-1: Summary of defect structures in non-hexagonal and hexagonal hillocks revealed 

by WBDF and EDS. 

 Non-hexagonal Hexagonal (3 samples) 

Size in diameter ≈10-20 µm ≈5 µm 

Hillock density <10 cm-2 ≈103-104 cm-2 

AlGaN/AlN interface Zigzag Sharp 

AlN/AlN interface Invisible Invisible 

Compositional inhomogeneity Yes Yes 

Dislocations in AlGaN a-type, 1010 cm-2 a-type, low 109 cm-2 

Extended defect in AlN substrate No No 

Secondary phases Oxide? No 

Carbon At the bottom of pit In AlN layer (1 of 3 samples) 
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Chapter 5: Point defect reduction in Si doped AlGaN 

5.1. Overview 

As dislocation, point defects may also act as carrier traps178,179 and scattering centers180,181 

in the quantum well/barrier active region of the DBRTD structure. Vitusevich et al. have 

reported on impurity-assisted resonant tunneling in GaAs/AlAs resonant tunneling diodes178. 

It has been considered that unintentional energy states were formed in the AlAs barrier by Si 

donors that diffused from the heavily doped emitter layer. Experimentally observed resonant 

tunneling current through the impurity-induced energy states agreed with a carrier transport 

model based on perturbation theory. Due to the charge accumulation in these states with the 

limited number of impurities, the DBRTD structure showed an intrinsic bistabilility of NDR 

and PVR in the I-V characteristics, which was also confirmed by the perturbation approach. 

In contrast to the unintentional energy states in the barrier, resonant tunneling due to impurity 

ions placed in a quantum well has been theoretically studied by Machida et al.179 

Transmission energy spectra were calculated for DBRTD structures with undoped and doped 

quantum wells. The intrinsic structure without impurities exhibited a single transmission 

peak due to a quasi-bound state in the well whereas introducing impurity atoms in the well 

created an additional resonant state, causing impurity-assisted resonant tunneling. Their 

results showed that the maximum transmission probability by the impurity states was 

dependent on its concentration in the well. In addition to the carrier trapping effect, elastic 

scattering by ionized impurity also affects the electron transport properties of DBRTDs. 

Fukuyama et al. have studied the resonant transmission coefficient in GaAs/AlAs 
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DBRTDs180. They employed a  plot method to evaluate the resonant 

transmission coefficient, which was proposed by Tsuchiya and Sakaki182. The resonant peak 

in the plot was broadened and lowered with increasing Si doping concentration in the well, 

meaning that the resonant tunneling coefficient was reduced by impurities. They concluded 

that the elastic ionized impurity scattering was responsible for the reduction in the resonant 

transmission coefficient. Wolak et al. have also revealed the effect of elastic scattering due to 

ionized impurities on carrier transport properties of GaAs/Al0.3Ga0.7As DBRTDs grown by 

MBE181. They intentionally doped Si (donor), Be (acceptor), and co-doped with Si/Be into 

the GaAs well. Systematic shift in the current peak and the PVR was confirmed for the 

different doping condition. The p-type doping bended the conduction band so that a resonant 

state was raised, while the resonant state was lowered by the n-type doping. The observed 

peak shift was successfully explained by a ballistic transport model that accounted for the 

influence of band bending due to the doped impurities. Therefore, the presence of impurities 

and other point defects in the active region needs to be sufficiently reduced to achieve 

repeatable and large NDR and PVR in the DBRTDs.  

In addition to these detrimental effects, carrier compensation reduces conductivity in the 

heavily doped n-type AlGaN collector and emitter layers. High conductivity is necessary to 

obtain large negative differential conductance for sufficient gain to overcome radiation loss 

in the DBRTDs. Free electrons in these layers are compensated if there exists a significant 

amount of acceptor type point defects. Si is typically employed as a n-type dopant in AlGaN 

and exhibits a low activation energy (<50 meV) in AlxGa1-xN with x<0.8183. However, Si 

  
d 2I

dV 2 −V
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doped AlGaN exhibits a “knee behavior” of resistivity as a function of Si incorporation. 

Resistivity increases with increase in Si incorporation beyond a minimum value for a specific 

Si concentration184–186. This produces a high doping limit for Si in AlGaN that lowers the 

maximum achievable carrier concentrations that are necessary for high conductivity. Further, 

a low doping limit (a minimum achievable carrier concentration with a corresponding 

maximum mobility) exists in AlGaN similar to that in GaN187. Various efforts in point defect 

control in III-Nitrides by varying growth environment including precursor gas flows, growth 

temperature, diluent gas flows, pressure etc. have been attempted to improve 

conductivity34,187–192. Recently, Reddy et al. have demonstrated a supersaturation based 

chemical potential control theory for charged point defect reduction in Si doped n-type GaN 

films65. The vapor supersaturation that depended on growth environment variables was 

related to the defect formation energy through chemical potentials. The developed novel 

theoretical framework allowed for minimizing the incorporation of carbon impurities on 

nitrogen sites (CN) in Si doped n-type GaN films. V/III ratio was increased to increase Ga 

supersaturation. This made the growth environment more N-rich, which increased the 

formation energy of the CN defects in Figure 5-1 (a)193. CN concentration was reduced down 

to SIMS detection limit at a high V/III ratio of ≈16000, as seen in Figure 5-1 (b). The 

reduction in the CN concentration measured by SIMS agreed well with the developed model.  

In this chapter, the supersaturation based chemical potential control will be applied to Si 

doped Al-rich AlGaN grown by MOCVD for compensating point defect reduction.  

 



 

132 

 
Figure 5-1: (a) Formation energy of carbon impurities in GaN as a function of Fermi energy 

and growth condition (N-rich or Ga-rich)193 and (b) C concentration in GaN as a function of 

V/III ratio65. 

 

5.2. Compensating point defects in Si doped AlGaN 

Implementation of chemical potential control based point defect reduction requires a 

prior identification of the point defects. As discussed previously, the carrier concentration 

exhibits a knee behavior with low and high doping limits in AlGaN in the Al rich 

composition as shown in Figure 5-2 (a)7. The decrease in carrier concentration with increase 

in Si incorporation provides a strong indication of self-compensation for donor incorporation 

larger than a critical concentration. The defect responsible for self-compensation at high Si 

doping was hypothesized as the cation vacancy complex with Si31,56. Further, the self-

compensation was found to be enhanced by dislocations possibly either acting as a source of 

compensating vacancies and complexes or producing local strain fields that lower the 

activation energy or formation energy of the defects31. CN has also been identified as one of 

(a) (b) 
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the important defects compensating at low Si doping and resulting in a low doping limit31. 

Threading dislocations are also expected to be compensating in nature with approximately 

one acceptor charge per c-lattice constant162, but is expected to produce a low doping limit in 

films grown on sapphire only and do not play a role in AlGaN grown on single crystal AlN 

substrates31. 

Figure 5-2 (b) shows the point defects within the bandgap of AlGaN as a function of Al 

composition. The conduction band minimum and valence band maximum are plotted with 

respect to the vacuum level as a function of Al composition employing the surface charge 

neutrality levels determined in Reddy et al.194 Here, the surface charge neutrality level (CNL) 

(i.e. Fermi level pinning energy) is the reference energy.195,196 The defect states within the 

bandgap are determined using the photoluminescence data7 where the stoke shift induced 

energy difference between the thermodynamic transition level and luminescence energy in 

both GaN and AlN is ~0.5 eV63,193,197 and is assumed a constant with alloy composition. It is 

clear that both CN and vacancy silicon complex behave as highly localized defects whose 

thermodynamic transition levels may also be employed as a reference energy which remains 

constant with respect to the vacuum level independent of the alloy composition. It has to be 

noted that cation vacancy complexes with oxygen may also contribute to the low doping limit 

and may exhibit luminescence peaks at similar energies to CN
7.  
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Figure 5-2: (a) The dependence of carrier concentration as a function of doping concentration 

for different Al compositions in the alloy AlGaN7. CN and vacancy-silicon complexes 

(VIII+nSi) dominate to the left and right of the peak conductivity, respectively. (b) The 

thermodynamic transition levels of CN and VIII+nSi within the bandgap. 
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5.3. Supersaturation based chemical potential control 

The tendency to incorporate a specified defect during the growth processes may be 

represented by the formation energy of the defect. For a defect X with charge state q, in a 

material at equilibrium, it is defined as: 

   (5.1) 

where  is the free energy of the crystal with a single defect referenced to the free energy 

of the ideal crystal,  is the number of atoms of  type exchanged with the reservoir to 

form the defect and  is the associated chemical potential.  is the Fermi energy 

referenced with respect to the valence band maximum. Extending the chemical potential 

model described in an earlier study in GaN65 to the alloy AlGaN, the chemical potentials of 

Al and Ga are calculated separately by: 

  (5.2) 

and 

 ,  (5.3) 

where  is the equilibrium partial pressure of Al(Ga) atoms at the surface during growth 

and  is the vapor pressure of corresponding metal at equilibrium at the growth temperature. 

From chapter 2, the Peq is directly related to vapor supersaturation, and thus, chemical 
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potential is also described with supersaturation as . 

The equilibrium partial pressures of Al(Ga) atoms are calculated using the thermodynamic 

supersaturation model for MOCVD AlGaN developed in chapter 2 and hence the chemical 

potential at a particular growth state may be determined. More importantly, the change in 

chemical potentials between two growth states i.e. change in formation energy of the defect 

between two growth states may be determined. Hence employing the known growth 

variables, the growth environment producing the highest formation energy for a specified 

defect may be determined and a standard or reference growth state with corresponding 

reference chemical potentials is defined. The difference in the chemical potential of Al(

) or Ga( ) atoms between a specified growth state and the predefined reference growth 

state is obtained by:  

  (5.4) 

and 

 ,  (5.5) 

where the subscript ‘ref’ refers to the equilibrium partial pressure in the reference growth 

state. In order to determine the chemical potential of nitrogen, the following equilibrium is 

assumed in the alloy AlxGa1-xN 
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 ,  (5.6) 

and hence: 

 .  (5.7) 

From equation (5.7), the difference in the chemical potential of nitrogen between the 

specified growth state and the reference growth state can be determined by: 

 .  (5.8) 

Hence employing the thermodynamic model described in chapter 2, along with equations 

(5.4), (5.5) and (5.8), the nature of the growth environment i.e. chemical potentials of Al,Ga 

and N may be determined with respect to a reference growth state. The required growth 

environment to reduce the compensating defect may be determined only after identifying the 

defect. From section 5.2, CN and VIII-Si based complexes are assumed as the defects 

responsible for low and high doping limits, respectively, in MOCVD AlGaN. 

Accordingly, the formation energy of CN is given by:  

 ,  (5.9) 

and the change in the formation energy of C due to changes in chemical potentials may then 

be written as: 

 .  (5.10) 

The dependence of the energy of formation of CN in AlGaN in equations (5.9) and (5.10) are 

identical to that of pure GaN demonstrated by Reddy65 since C depends only on the chemical 

potentials of C and N. However it has to be noted that the chemical potential of N in AlGaN 

is dependent on chemical potentials of both Al and Ga. Further, it is clear that the formation 
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energy of CN can be increased by increasing the chemical potential of N i.e. making the 

growth environment N rich where . Assuming boundary phase of C in AlGaN 

to be identical to that in GaN, i.e. C-N, the change in the chemical potential of C,  (as 

demonstrated in Reddy et al.) is approximately given by: 

 ,  (5.11) 

and hence the change in the energy of formation is given by: 

   (5.12) 

The corresponding decrease in CN is estimated by: 

 ,  (5.13) 

where  and  are the C incorporation at specified and reference growth conditions 

respectively.  

A similar analysis may be performed for the VIII+Si complex whose formation energy may 

be written as: 

   (5.14) 

and the change in the formation energy of VIII+Si complex due to changes in chemical 

potentials may then be written as: 

 .  (5.15) 

where . Since the dependence of the formation energy 

of the defects on the chemical potentials of Al,Ga and N are known, we can develop a 
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chemical potential map as a function of growth parameters such as NH3 and metal organic 

flows and determine the growth environment necessary to reduce specified defects. 

Accordingly, by applying the developed chemical potential and thermodynamic growth 

models, the change in the chemical potential of N is plotted as a function of metalorganic and 

V/III ratio in Figure 5-3 (a). It is clear that the growth environment becomes more N rich 

with increase in V/III ratio at any given metalorganic flow and may be quantified.  

The dependence of the formation energy of the defects may then be quantified by equations 

(12) and (15) for CN and VIII+nSi respectively as shown in Figure 5-3 (b) and 5-3 (c). The 

reference growth state is a growth temperature of 1100 °C, H2 diluent, gas flow rate of 10 

slm, an NH3 flow rate of 0.3 slm, a TEG flow rate of 11.4 µmol/min and a TMA flow rate of 

22.2 µmol/min.  

Figure 5-3 provides the necessary guidelines to determine the optimal growth conditions. 

1. The compensation producing the low doping limit (CN) is expected to decrease with 

increase in V/III ratio for a given metal organic flow.  

2. For a constant V/III ratio, increase in metal organic flow results in a decrease in CN 

incorporation.  

3. In contrast, the compensation producing the high doping limit i.e. VIII complex 

increases with increase in chemical potential of N and hence any attempt to decrease 

CN increases VIII and vice versa.  

4. The magnitude of change in the formation energy of CN ( ) is larger than the 

corresponding change for VIII ( ) for a given Si precursor (SiH4) flow (partial 

pressure). 

  2ΔµN

 ΔµN
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5. Further, the change in partial pressure of SiH4 due to change in SiH4 flow also 

changes the formation energy of VIII complex. For example, changing the SiH4 flow 

from 1.3 nmol/min to 13 nmol/min decreases the formation energy of VIII+nSi by 

~0.2 eV for every Si atom in the complex.  

6. Temperature also plays a vital role in vacancy formation and while resulting in a 

marginal change in C incorporation.  

These guidelines will be employed to reduce the compensation at low/high doping and 

improve the low/high doping limits and achieve low point defect and high carrier 

concentrations required for Al-rich AlGaN/AlN DBRTDs. 
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Figure 5-3: (a) The change in the chemical potential of N as a function of metalorganic flow 

and V/III ratio with the reference defined at standard growth conditions (growth temperature 

of 1100 °C, H2 diluent, gas flow rate of 10 slm, an NH3 flow rate of 0.3 slm, a TEG flow rate 

of 11.4 µmol/min and a TMA flow rate of 22.2 µmol/min). The corresponding change in 

energy of formation of (b) CN and (c) VIII from the reference state. 
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5.4. Growth of Si doped Al0.65Ga0.35N 

Si doped Al0.65Ga0.35N films were grown on a 300 nm-thick AlN epitaxial template on 

top of a c-plane sapphire substrate by MOCVD. Growth procedure is as described in chapter 

2 under our standard growth condition; H2 flow rate of 10 slm, growth temperature of 

1100°C, and total pressure of 20 Torr. Layer thickness and threading dislocation density of Si 

doped AlGaN are 300 nm and ≈3×1010 cm-2, respectively. To control point defect 

incorporation, the NH3 flow rate was varied from 0.3 slm to 3 slm and correspondingly, the 

V/III ratio approximately varies from 700 to 7000. Accordingly, total flow rate increased 

from 10.3 slm to 13.0 slm. As discussed in chapter 2, the growth rate of AlGaN is dependent 

on NH3 partial pressure due to the parasitic gas phase reaction between TMA and NH3. Note 

that Si atoms are linearly incorporated into the AlGaN layer with precursor (SiH4) flow rate 

in the form of mass transport198. Here, therefore, AlGaN deposition rate was kept constant at 

approximately 600 nm/h by adjusting metalorganic flow rates under the guidance of the 

developed supersaturation model. Total metalorganic flow rate (TMA+TEG) was increased 

from 24.9 µmol/min for low NH3 flow rate (0.3 slm) to 104.7 µmol/min for high NH3 flow 

rate (3.0 slm) so that the Al mole fraction were kept constant at around 0.65 as well as the 

growth rate. Targeted doping concentration ranged from low 1017 cm-3 to mid 1019 cm-3, 

corresponding to SiH4 flow rate from 0.14 nmol/min to 40 nmol/min. In addition to NH3, it is 

expected that the growth temperature play a significant role as the formation energy of point 

defect is an exponential function of temperature. Thus it was varied from 1030°C and 

1100°C to 1200°C. As shown in chapter 2, the Al mole fraction increases at high growth 

temperature. To minimize the desorption effect high temperature growth was conducted with 
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high NH3 flow rate (3.0 slm) that stabilizes GaN phase. Midgap luminescence due to the 

point defects in the Si doped AlGaN samples were characterized with PL measurements at 

room temperature. PL spectra were acquired using a pulsed ArF excimer laser (λ = 193 nm) 

along with a Princeton Instruments Acton SP2750 0.75 m high-resolution monochromator 

and a PIXIS: 2KBUV cooled charge-coupled device camera. Figure 5-4 shows PL spectra 

from Si doped Al0.65Ga0.35N layers. CN and VIII+Si midgap luminescence are observed at 3.2 

eV and 2.5 eV, respectively, along with the near band edge emission (NBE) peak at around 

5.0 eV. Conductivity of Si doped AlGaN layer was measured by the Hall effect measurement 

in van der Pauw geometry with V/Al//Ni/Au metal stack for Ohmic contact. 

 

Figure 5-4: PL spectra from Si doped AlGaN layers. VIII+Si complex and CN peaks are 

observed at around 2.5 eV and 3.2 eV, respectively. 
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5.5. NH3 partial pressure dependence on CN and VIII+Si complex 

5.5.1. NH3 vs. CN 

As shown in Figure 5-3, it is expected that formation of CN is suppressed by increasing 

NH3 partial pressure (i.e. NH3 flow rate or V/III ratio). Figure 5-5 (a) is PL spectra as a 

function of NH3 flow rate. All samples were grown at 1100°C and doped with Si at a 

concentration of 1×1018 cm-3. Due to the relatively low doping concentration, VIII+Si peak 

was not observed. It is clear that CN peak intensity was reduced with NH3 flow rate. The 

normalized CN peak intensity to the NBE emission is quantified in Figure 5-5 (b). By 

increasing NH3 flow rate from 0.3 slm to 3.0 slm, the normalized CN peak intensity was 

lowered by more than two orders of magnitude. This observation agreed well with a 

theoretical prediction by the chemical potential control. Figure 5-6 shows the expected 

relative C incorporation obtained from equation (13) as a V/III ratio (i.e. NH3 flow rate). NH3 

flow rate of 0.3 slm was used as a reference condition. The compensation is expected to 

decrease with increase in V/III ratio by making the growth environment more N rich. The 

expected decrease in CN is ~2 orders due to an increase in NH3 flow from 0.3 slm to 3 slm 

with approximate increase in N chemical potential by ~0.3 eV (Figure 5-3 (a)). Thus, C 

reduction in Si doped Al-rich AlGaN growth was successfully realized by the chemical 

potential control model along with n-type GaN MOCVD65. In addition, it is worth noting that 

4-5 times higher metalorganic flow rate was used for the growth under high NH3 flow rate 

condition (3.0 slm). This means that source of C in the growth environment also increased by 

4-5 times. Nevertheless, the significant reduction in C concentration has been achieved. 
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Therefore, the formation energy of CN is more important factor to determine the resulting CN 

concentration rather than the amount of impurity atoms existing during deposition.  

 

Figure 5-5: (a) The normalized PL spectra for Al0.65Ga0.35N shown as a function of NH3 flow 

rate and (b) the corresponding ratios of intensity of CN peak to intensity of near band edge 

luminescence showing a clear decrease in CN peak with increase in NH3 flow. 

 

Figure 5-6: The predicted relative change in C incorporation by changing NH3 flow rate from 

0.3 slm to 3 slm. 
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The Si doped AlGaN films conductivity also supports the observed reduction in C 

concentration. Figure 5-7 exhibits conductivity as a function of NH3 and SiH4 flow rates. 

Dashed lines indicate SiH4 flow rate at which AlGaN samples became insulating. At 0.3 slm 

NH3 flow rate, maximum conductivity of 5.3 was obtained at a SiH4 flow rate of 4.4 

nmol/min. Below this flow rate, the conductivity decreases and became insulating at 1.3 

nmol/min. The corresponding Si concentration is ≈1×1018 cm-3, and thus, the equivalent C 

concentration is expected for the compensation by CN. With an increase in NH3 flow rate to 

3.0 slm, the impurity compensation level was reduced. Insulating AlGaN sample was 

obtained at a SiH4 flow rate of 0.13 nmol/min. The compensation level is in between this 

value and the lowest SiH4 flow rate at which AlGaN sample was conducting, 0.67 nmol/min. 

This value corresponds to low to mid 1017 cm-3 and is higher than the expected C 

concentration from the theoretical prediction and PL measurements. It is important to note 

that the threading dislocation density in the AlGaN samples studied is ≈3×1010 cm-2. Kyle et 

al. have reported a correlation between threading dislocation density and concentration of 

acceptor type trap states in GaN162. Transport and charge balance equations were established 

from temperature dependent Hall measurements to evaluate the concentration of dislocation 

related trap state. For high threading dislocation of 2×1010 cm-2, the concentration of the 

acceptor trap states was found to be 1.6-3.0×1017 cm-3. Assuming similar acceptor traps in 

our AlGaN samples with dislocation density of ≈3×1010 cm-2, the estimated compensation 

level agrees well with the concentration of dislocation related traps. Therefore, it is 

considered that the trap concentration due to high density of threading dislocation is higher 

than the concentration of CN in the AlGaN samples grown at high NH3 flow rate. High NH3 
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flow rate is effective to reduce the impurity compensation by CN. More detailed study 

including AlGaN deposition with low dislocation density and SIMS analysis are necessary to 

further confirm validity of the developed chemical potential control model. 

 

Figure 5-7: Conductivity as a function of SiH4 and NH3 flow rates. Dashed lines indicate 

SiH4 flow rates where samples became insulating. Corresponding CN level is shown above 

the figure. 

5.5.2. NH3 vs. VIII+Si complex 

As described in guidelines 1 and 2, the C incorporation decreases with increase in NH3 

partial pressure and VIII+Si complex increases with increase in NH3 partial pressure. This is 

clearly seen by the transition of the defect luminescence from CN to VIII+Si with increase in 

ammonia flow from 0.3 slm to 1 slm as shown in Figure 5-8. AlGaN samples were doped at a 

SiH4 flow rate of 6.7 nmol/min and the silicon concentration was approximately ~mid 1018 

cm-3. The transition from CN peak to the VIII+Si peak even indicates that the onset of self-
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compensation (due to vacancies) is shifted to lower Si concentrations with increase in NH3 

partial pressure as predicted by the model (guidelines 1 and 2) due to lowered formation 

energies. Further as described in guideline 3, the VIII+Si peak increases with increase in Si 

incorporation from low 1018 cm-3 to mid 1018 cm-3 as shown in Figure 5-8 (b).  

Conductivity measurement shows obvious difference in the self-compensation for 

AlGaN samples grown with low and high NH3 flow rate, as seen in Figure 5-9. For 0.3 slm 

NH3 flow rate, onset of self-compensation is indicated by a black dashed line. Above this 

SiH4 flow rate (4.4 nmol/min), the conductivity is reduced as Si doping concentration 

increases, generating more VIII+Si complexes with lowered formation energy. A significant 

shift of the self-compensation regime was observed with an increase in NH3 flow rate to 3.0 

slm. It is clear that the conductivities of AlGaN samples grown at 3.0 slm NH3 flow 

represented the self-compensation regime (i.e. decreasing conductivity with Si doping) even 

below 4.4 nmol/min SiH4 flow rate where the maximum conductivity was obtained with 0.3 

slm. Even though CN concentration was reduced with NH3 flow rate, the VIII+Si complex is 

more readily formed with high NH3 flow rate condition as expected from the PL results. The 

observed trade-off mechanism of point defect formation agrees well with the prediction 

shown in Figure 5-2 (b) and (c). Thus, growth process condition needs to be designed for 

targeted electronic properties of AlGaN. For example, low NH3 flow rate is desirable to 

realize highly conductive AlGaN films for the emitter and collector layers in the DBRTD 

structure, while high NH3 flow rate could be preferable to suppress the formation of point 

defect in the active region. 
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Figure 5-8: (a) CN and VIII+Si midgap luminescence as a function of NH3 flow rate (b) 

VIII+Si peak as a function of SiH4 flow rate. VIII+Si peak increases with NH3 and SiH4 flow 

rates. Note that a sharp peak at 2.5 eV in (b) is due to the second order of NBE. 

 

Figure 5-9: Conductivity as a function of NH3 and SiH4 flow rates. Onset of self-

compensation is indicated above the plot. 
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5.6. Temperature dependence of CN and VIII+Si  

5.6.1. Temperature vs. CN 

Defects producing low and high doping limits cannot be independently controlled since 

growth conditions designed to reduce C increases vacancy complexes and vice versa. Hence 

an attempt to improve low doping limits by reducing C results in lower peak carrier 

concentrations due to higher tendency to incorporate vacancy complexes. However, as 

discussed in guideline 2, C exhibits a greater dependence on the NH3 flow rate. For 

comparison, the NH3 flow rate dependence on CN and VIII+Si complex is reproduced here as 

Figure 5-10. Low and mid 1018 cm-2 Si doping was used for the left and right PL spectra. It is 

clear that C reduces by ~40 times when NH3 is increased from 0.3 slm to 1 slm (black 

arrow). In contrast, VIII+Si complex increases by only ~ 5 times as indicated by the black 

arrow in Figure 5-10. This is in excellent agreement with the theoretical predictions and may 

be utilized along with guideline 4, i.e. temperature dependence of the point defect formation.  
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Figure 5-10: VIII+Si and CN defect luminescence as a function of NH3 flow rate. CN peak is 

more sensitive to NH3 in comparison to VIII+Si peak. 

 

Temperature dependence of CN luminescence is shown in Figure 5-11. All samples were 

grown at 3.0 slm NH3 flow rate and doped with Si at a concentration of 5×1018 cm-3. CN peak 
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intensity was lowered by ≈5 times for 1100°C and ≈14 times for 1200°C, respectively. The C 
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   (5.16) 

With  <  (Ga droplet formation if  > ),  for T2≥T1. 

Therefore, increase in the temperature makes growth environment more N-rich. This is also 

applicable to our case as thermodynamics of AlGaN growth studied in chapter 2 follows a 

similar trend to GaN34. Their observation is in agreement with the experimentally observed 

CN peak reduction in Figure 5-11. The reduction in the impurity compensation was also 

confirmed from conductivity, as shown in Figure 5-12. SiH4 flow rate where AlGaN layers 

were insulating was shifted towards lower doping regime. Similar to NH3 dependence, the 

compensation level was estimated to be low 1017 cm-3 and low 1018 cm-3, respectively. 

Highest conductivity of 38 Ω-1cm-1 was obtained at 1030°C. More interestingly, strong 

temperature dependence on VIII+Si formation was observed. 
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Figure 5-11: (a) The normalized photoluminescence spectra for Al0.65Ga0.35N shown as a 

function of temperature with a silicon concentration ~5×1018 cm-3 and (b) and reduction in 

CN peak intensity as a function of temperature. 

 

Figure 5-12: Conductivity as a function of SiH4 flow rate and temperature. Dashed lines 

indicate SiH4 flow rate where samples became insulating. 
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5.6.2. Temperature vs. VIII+Si complex 

As stated in guideline 4, vacancy formation is expected to greatly decrease with decrease 

in temperature. Figure 5-13 shows temperature dependence of VIII+Si luminescence. 

Accordingly, a decrease in temperature from 1100°C to 1030°C resulted in a decrease in 

vacancy peak by ~30 times. Similar experiments with CN showed a marginal increase by ~5 

times for the same decrease in temperature (Figure 5-11). Figure 5-14 summarizes the 

dependence of conductivity of Si-doped AlGaN on growth temperature at NH3 flow rate of 

3.0 slm. As described in guideline 4, a decrease in growth temperature results in a significant 

decrease in vacancy complex formation. Hence the peak conductivity increases with decrease 

in growth temperature from 1100°C to 1030°C. Further, as expected, AlGaN thin films 

grown at even higher growth temperature 1200°C were found to be insulating for all SiH4 

flows.  

It has to be noted that increase in peak conductivity also results in the corresponding 

SiH4 flow rate being shifted to higher values. However, guideline 3 states that the increase of 

Si chemical potential at higher SiH4 flows results in a decrease in formation energy of 

vacancy silicon complex and increase in self-compensation. Hence it is obvious guidelines 2 

and 4 that may be employed to obtain higher peak conductivities are constrained by guideline 

3 that puts additional maximum/minimum limits for growth temperature, NH3 flow and SiH4 

flow. This is clearly observed in Figure 5-15 showing the dependence of conductivity at a 

low growth temperature of 1030°C on NH3 flow rate. At the low growth temperature, from 

guideline 4, the vacancy-complex formation is inhibited, and the peak conductivity is 

increased and shifted to higher SiH4 flows as seen in Figure 5-14. Now, employing guideline 
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2, one might expect decreasing NH3 flow rate from 3 slm shown in Figure 5-14 to 0.3 slm 

might result in even higher peak conductivities. However, this further pushes the peak 

conductivity to even higher SiH4 flows and guideline 3 provides a constraint here where the 

corresponding high Si chemical potentials at high SiH4 partial pressures lowers the formation 

energy of vacancy-silicon complex and increases compensation. This is observed in Figure 5-

15 where the peak conductivity is pushed to higher SiH4 flows resulting in self-compensation 

described in guideline 3 and lowered peak conductivity. Hence, this interdependence of the 

guidelines results in a requirement to optimize the growth conditions employing 1) the III-

chemical potential or NH3 partial pressure 2) Si chemical potential or SiH4 flow and 3) 

growth temperature to obtain the highest conductivity required for the AlGaN collector and 

emitter layers or point defect required in active region in the DBRTD structure. The highest 

peak carrier concentration obtained was 5×1018 cm-3 with a mobility of 45 cm2/Vs and a 

conductivity of 40 Ω-1cm-1 at 1030°C and 3 slm NH3 flow rate. The lowest carrier 

concentrations obtained was 9×1016 cm-3 with a low mobility of 5 cm2/Vs and a conductivity 

of 0.07 Ω-1cm-1 at 1030°C and 3 slm NH3 flow rate.  
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Figure 5-13: The normalized photoluminescence spectra for Al0.65Ga0.35N shown as a 

function of NH3 flow showing a clear decrease in CN peak with increase in NH3 flow. 

 

Figure 5-14: Conductivity as a function of SiH4 flow rate and growth temperature. Onset of 

self-compensation is shown above the plot. 
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Figure 5-15: Conductivity as a function of NH3 flow rate at 1030°C. Shift of SiH4 flow rate 

that realizes maximum conductivity is clearly seen as well as compensation level indicated 

by dashed arrows. 

5.7. Desirable process conditions for device fabrication 
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cm-3 was obtained at a SiH4 flow rate of 17 nmol/min. However, with increase in NH3 flow 

rate to 1.0 slm, the carrier concentration at a similar SiH4 flow rate was reduced to 3×1017 

cm-3 due to the increased self-compensation by VIII+Si complex. This significant decrease in 

carrier concentration was restored by decreasing temperature to 1000°C. Due to stronger 

temperature dependence of VIII+Si complex formation than NH3 flow rate, the carrier 

concentration exceeded 1.5×1019 cm-3. Consequently, the highest carrier concentration of 

2.5×1019 cm-3 ever reported was achieved. 

In contrast, CN is responsible for the low doping limit. To realize AlGaN film with high 

electron mobility and low free carrier concentration, C incorporation needs to be suppressed 

along with dislocation density reduction. This will be achieved with high NH3 flow rate and 

high growth temperature. However, as observed in Figure 5-14, increase in these variables 

result in significant self-compensation. In particular, vacancy formation strongly depends on 

temperature, while the less influence of NH3 on VIII+Si formation was observed. Thus, NH3 

partial pressure might be more effective to overcome the low doping limit. 
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Figure 5-16: Carrier concentration as a function of NH3 and SiH4 flow rates. AlGaN samples 

were grown on AlN substrates. 
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decreasing the equilibrium partial pressure of Al and Ga by increasing the ammonia partial 

pressure. This result in an increased formation energy of CN and accordingly, the NBE 

normalized CN luminescence peak reduced significantly indicating a reduction in 

compensating CN. The reduction in CN luminescence was in reasonable quantitative 

agreement with the developed chemical potential control model. In contrast, self-

compensation was significantly reduced with decrease in growth temperature. The highest 

conductivity of 38 Ω-1cm-1 was obtained at a growth temperature of 1030°C and a NH3 flow 

rate of 3.0 slm. Based on the obtained results, possible process conditions for high 

conductivity or high mobility with low carrier concentration were suggested. Same trend was 

observed in the case of growth on AlN substrates that has low dislocation density.  
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Chapter 6: Al-rich AlGaN/AlN based DBRTDs 

6.1. History of the nitride based DBRTDs 

The first experimental observation of NDR in a III-nitride based RTD has been reported 

by Kikuchi et al. in 2001121. They fabricated GaN/AlN DBRTD and superlattice structures 

composed of six AlN barriers and five GaN quantum wells. NDR was clearly observed with 

PVR of 3.1 for DBRTD and 9.7 for superlattice structure at room temperature. In addition, 

asymmetric I-V characteristics was observed for both structures, i.e. the NDR appeared only 

in one bias direction. In the same year, Grinyaev and Razzhuvalov have theoretically 

investigated the resonant tunneling effect in GaN/AlxGa1-xN heterostructures199. The 

pseudopotential and scattering matrix methods were used to estimate the transmission 

coefficient and the phase transmission time. With several monolayer thick Al0.3Ga0.7N 

barriers and GaN well, the characteristic collision time in the active region was evaluated to 

be ≈1.0 ps. Sacconi et al.200 and Indlekofer et al.201 have also theoretically studied the 

influence of the internal polarization in the nitride based DBRTDs in 2002. Sacconi et al. 

have analyzed the transmission coefficient in GaN/AlN DBRTDs by solving the Schrödinger 

equation using the tight binding model and transfer matrix method200. It was found that the 

resonant energy states were lowered by the internal polarization. As a consequence, 

calculated I-V characteristics showed a shift in the resonant current peak.  

Asymmetry in the I-V characteristics due to the polarization has been theoretically 

predicted by Indlekofer et al.201 They have employed the self-consistent real-time Green’s 

function to describe the non-equilibrium state of a GaN/AlN DBRTD structure. The 
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polarization charge of ±3×1013 cm-2 was assumed at the heterointerface. The simulation 

exhibited the asymmetry in the energy potential/charge profile and corresponding I-V 

characteristics. Typical current peak due to the resonant tunneling effect was obtained under 

forward bias condition (i.e. external electric field in the negative c-direction), while only a 

leakage current was observed in the opposite bias direction. From the potential and charge 

profiles under positive/negative bias as shown in Figure 6-1, it was found that the collector 

region was depleted under reverse bias, which prohibited current through the DBRTD 

structure. Thus, the observed asymmetry in the I-V characteristics was attributed to the 

polarization charge induced at the heterointerface.  

In 2003, bistability in the I-V characteristics of GaN/AlGaN DBRTDs has been reported 

by Foxon et al.202 NDR was only observed when positive/negative bias was increased, while 

decreasing the bias to 0 V did not reproduce the NDR. From the weak dependence of 

magnetic field applied parallel to the active region on the I-V curve, they attributed the 

observed hysteresis to the presence of trapping centers by lattice defects or internal 

polarization. Further experimental and theoretical studies on the vertical carrier transport 

properties of GaN/AlN RTDs have been reported by Hermann et al. in 2004203. They 

systematically analyzed the influences of barrier height, barrier and well thicknesses, and 

polarization charge density in GaN/AlxGa1-xN RTDs on the resonant current density as well 

as tunneling current through a thin single barrier structure using self-consistent Schrödinger-

Poisson solver and real-time Green’s function. It was revealed that the degree of asymmetry 

in the tunneling current was dependent on the polarization charge density, and NDR was 

experimentally observed at around 1.0 V and 600 µA/cm2 with PVR of 8.3.  
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Golka et al. have demonstrated GaN/Al0.7Ga0.3N DBRTDs fabricated on single crystal 

GaN substrates with low dislocation density (≈102 cm-2) in 2006158. Although NDR was 

clearly observed at around 2 V, the I-V characteristics were irreproducible for multiple I-V 

measurements. A consistent explanation for the observed bistability was not given; however, 

the I-V characteristics was restored by thermal treatment at 350°C in N2 ambient. Hence, the 

bistability was attributed to carrier accumulation by trapping centers, which could be released 

during the annealing process. The influence of dislocation density on NDR has been further 

investigated by Bayram et al. in 2010204.  

In 2011 Sakr et al. have investigated ballistic transport in GaN/AlxGa1-xN DBRTDs by 

Schrödinger-Poisson solver with transfer matrix method114. The dependence of current 

density on barrier height (i.e. Al mole fraction in the barrier) was presented. Current density 

decreased with the barrier height whereas an increase in the barrier height increased the PVR 

value along with the peak voltage. An optimized device structure design was also proposed 

to minimize the band bending due to the polarization charge. By employing Al0.4Ga0.6N for 

the bottom contact layer and spacer and GaN for the top contact layer and spacer, relatively 

symmetric I-V characteristics were predicted. Boucherit et al. have also reported similar 

work on the ballistic transport in GaN/AlxGa1-xN DBRTDs by the non-equilibrium Green’s 

functions formalism205. In 2012, Bayram et al. have demonstrated repeatable NDR in 

GaN/Al0.1Ga0.9N DBRTD on polar (0001) and non-polar (1-100) plane GaN freestanding 

substrates206. As expected from the simulation based on the Schrödinger-Poisson’s equations, 

the GaN/AlGaN DBRTD on a polar GaN substrate showed asymmetry in the I-V 

characteristics. However, negligible bistability in the NDR with respect to upward/downward 
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scan was realized for the polar DBRTD. The observed PVR was 1.4 at 0.84 V at room 

temperature. NDR in a non-polar DBRTD was also reproducible over consecutive 50 scans 

without any treatments. Despite no influence of internal polarization expected from the 

simulation, symmetry in the I-V characteristics of the non-polar DBRTD was not discussed.  

Nagase and Tokizaki have reported a bistability of GaN/AlN DBRTDs by intersubband 

transition in the GaN quantum well in 2014122. NDR was observed when forward bias was 

increased, while there was almost no current when decreasing the forward bias from 3 V to 

0V. The observed bistability was considered to be a consequence of intersubband transition 

from the upper resonant state, E1, to the ground state, E0, in the GaN well. However, this 

observation was based on their assumption that the observed NDR at ≈1.3 V was due to the 

second bound state (E1) in the well. They simulated I-V characteristics showing NDR due to 

the ground state at ≈0.5 V. Nevertheless, NDR was not experimentally observed for the 

ground state. Although they claimed that the simulated current density for the first NDR was 

small compared to the second bound state by ≈3 orders and the obtained current for the NDR 

was ≈0.1 mA. For the equipment used in the study (Agilent 4156C), current on the order of 

hundreds nA is measurably high. Thus, the observed bistability may be a consequence of 

carrier trapping, which is commonly observed in the nitride based DBRTDs158,205,206. In fact, 

their DBRTD structures were fabricated on sapphire substrates by MOCVD. High dislocation 

density of ≈109 cm-2 and high impurity concentration is expected without efforts to reduce 

these defects.  

In 2016, Growden et al. have reported highly repeatable room temperature NDR on 

GaN/AlN DBRTDs207. To obtain high quality device, they employed single crystal GaN 
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substrate and MBE growth. In addition, the top contact layer was doped with 8×1019 cm-3 Si 

to suppress the depletion on the top barrier along with thick unintentionally doped cladding 

region (6 nm). Consequently, stable NDR with PVR of 1.07 at around 4 V was realized at 

room temperature over more than 1000 continuous up and down voltage sweeps. Sensitivity 

to the light exposure was also tested to confirm the influence of trapping centers. Only ≈1 nA 

of difference was observed by shining various color of lights on the DBRTDs during I-V 

measurements, which was expected to be a result of photocurrent.  In the same year, resonant 

tunneling effect in InGaN/GaN based superlattice structures has been reported by Kopyev et 

al.208 They fabricated RTD structures composed of n-type doped In0.15Ga0.85N/GaN multiple 

quantum wells. NDR was observed with PVR of ≈1 at temperatures below 150-200K.  

In 2017, Encomendero et al. have established a novel analytical model for DBRTDs with 

polar materials using their repeatable NDR with GaN/AlN DBRTDs over 10 

measurements209. The developed model allowed for estimating the built-in polarization field 

from the threshold voltage under reverse bias condition. More recently in 2018, they 

achieved room temperature microwave (≈1 GHz) oscillations using the high quality 

GaN/AlN DBRTDs210. Even though oscillation frequency and output power of ≈3.0 µW were 

not high enough for practical applications in the THz technology, the obtained experimental 

result was the first demonstration of room temperature oscillation using the nitride based 

DBRTD. The latest theoretical study on GaN/AlInN DBRTDs has been given by Rong et al. 

in 2018211. They investigated two different device structures: (1) lattice matched 

GaN/Al0.83In0.17N DBRTD and (2) polarization matched GaN/Al0.69In0.31N DBRTD. As seen 

in Figure 6-2, the lattice matched structure showed conventional asymmetric energy profile 
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as well as the I-V characteristics. In contrast, the polarization matched DBRTD realized 

symmetry in the I-V characteristics.  

As mentioned above, experimental achievements in nitride DBRTDs are sparse except the 

stable NDR realized by Growden et al.207 and Encomendero et al.209, while device simulation 

studies were well developed. Therefore, this chapter will focus on the experimental 

realization of NDR in Al-rich AlGaN/AlN DBRTDs based on the results from chapter 2 to 

chapter 5. The DBRTDs showing NDR with high PVR will be demonstrated for the first 

time.  

 

Figure 6-1: Simulated potential and charge profile in GaN/AlN DBRTD structure201. 
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Figure 6-2: Conduction band profiles and I-V characteristics in (a) lattice matched 

GaN/Al0.83In0.17N and (b) polarization matched GaN/Al0.69In0.31N DBRTD structures211. 

 

6.2. Simulation of Al-rich AlGaN/AlN DBRTDs 

6.2.1. Spontaneous and piezoelectric polarization at AlxGa1-xN/AlN heteroestructures 

The III-nitrides have an internal polarization along c-direction. The spontaneous 

polarization density in ternary AlxGa1-xN alloys are expressed using a linear interpolation by 

Vegard’s law as212: 

    (6.1) 

where,  
Psp

AlN  and  
Psp

GaN  are spontaneous polarization density of AlN and GaN, respectively2. 

In addition to the spontaneous polarization, lattice distortion also generates polarization in 

the III-nitrides. The piezoelectric polarization due to misfit strain is given by: 

(a) (a) (b) 
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   (6.2) 

where a, a0, e and C are lattice constant of AlGaN epitaxial layer and AlN substrate, 

piezoelectric and elastic tensor elements, respectively. These tensor elements for GaN and 

AlN are in Table 6-1. A discontinuity in the polarization induces charges to compensate the 

polarization field at a heterojunction as:  

   (6.3) 

Lattice constant of AlxGa1-xN layer follows Vegards’ law as: 

   (6.4) 

From eqns. (6.1) – (6.4), the polarization charge induced at the AlxGa1-xN/AlN interface is 

then given by213: 

   (6.5) 

Using eqn. (6.1), the polarization charge given by eqn. (6.5) is further simplified as: 

   (6.6) 

Calculated polarization charge at strained AlxGa1-xN and relaxed AlN interface is shown as a 

function of Al mole fraction in Figure 6-4. 
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Table 6-1: The elastic and piezoelectric tensor elements for GaN and AlN214. 

Parameters GaN AlN 

  [GPa] 68 94 

  [GPa] 354 377 

  [C/m2] -0.34 -0.53 

  [C/m2] 0.67 1.5 
 

 

 

Figure 6-3: The spontaneous and piezoelectric polarizations in AlxGa1-xN/AlN 

heterostructures. R and S denote strain states as (R) relaxed and (S) strained. 
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Figure 6-4: Spontaneous and piezoelectric polarization charge density induced at strained 

AlxGa1-xN and relaxed AlN heterointerface as a function of Al mole fraction. 

 

6.2.2. Self-consistent Schrödinger-Poisson equation solver 

Quantum mechanically, the electron wave function and energy states are described by 

the Schrödinger equation. In a quantum well structure, by assuming an energy potential along 

the layer stacking direction (z direction) and plane wave propagation in x and y plane, one 

can consider one-dimensional Schrödinger equation along z direction by variable separation. 
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   (6.7) 

where ħ,  m∗ , and En are the Dirac constant, effective mass of electron and eigenenergy in the 

active region composed of quantum well/barriers. Electrostatic potential,  ϕ z( ) , needs to be 

considered for the Schrödinger equation (6.7). The potential induced by the spontaneous and 

piezoelectric polarization is given by Poisson’s equation as: 

   (6.8) 

where  
ϕ p z( )  ,  n z( ) , ε are potential due to polarization charge, carrier density, and the 

dielectric constant, respectively. Eqns. (6.7) and (6.8) are numerically solved self-

consistently, i.e. calculation is repeated until solutions of both equations converge. The self-

consistent Schrödinger-Poisson’s equation gives conduction band profile, discrete energy 

states in the quantum well and corresponding transmission probability for the bound states. 

The obtained transmission probability is used to simulate a ballistic quantum transport 

through the AlGaN/AlN DBRTD structure without scattering process. According to Esaki 

and Tsu, tunneling current through a thin barrier is given by215: 

   (6.9) 

In this study, SILVACO ATLAS software was employed to simulate the ballistic quantum 

transport of electrons using the non-equilibrium Green’s function along with the self-

consistent Schrödinger-Poisson equation solver to estimate the envelop function, quasi-bound 

states in the quantum well, and the charge density in AlGaN/AlN DBRTDs216. 
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 Figure 6-5 shows simulated conduction band profile and I-V characteristics for 

Al0.6Ga0.4N/AlN DBRTD. With relatively low polarization field, significant depletion on the 

top AlN barrier is not observed. Consequently, similar current density was obtained under 

forward/reverse bias, although the I-V characteristics was not completely symmetry.  

 

 

Figure 6-5: Simulated (a) conduction band profile and (b) I-V characteristics for 

Al0.6Ga0.4N/AlN DBRTD with layer thickness of 1.0/1.0/1.0 nm for AlN/AlGaN/AlN active 

region. Resonant energy state is formed at around 0.35 eV in the AlGaN well. 

 

6.3. Device fabrication 

An Al0.6Ga0.4N/AlN DBRTD structure was grown on an AlN template layer on top of a 

c-plane sapphire substrate by MOCVD. Figure 6-6 (a) shows the Al0.6Ga0.4N/AlN DBRTD 

structure. The Al0.6Ga0.4N/AlN active region is sandwiched between heavily doped n-type 
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Al0.6Ga0.4N layer. As discussed in chapter 5, optimum process conditions were employed to 

minimize impurity incorporation into the Si doped AlGaN contact layer on sapphire 

substrate. Hall effect measurements revealed a free carrier concentration of 1.5×1018 cm-3, 

Hall mobility of 62 cm2/Vs, and conductivity of 15.4 Ω-1cm-1, respectively. Using a V-based 

metal stack217, Ohmic contact was obtained on the Si doped AlGaN layer, as shown in Figure 

6-6. The threading dislocation density in the structure was estimated to be low 1010 cm-2 from 

TEM WBDF experiment. A unintentionally doped AlGaN spacer was introduced in between 

n-type contact layer and AlN barrier. The roles of spacer layer are (1) to suppress the 

diffusion of dopant atoms into the active region and (2) to increase depletion width to 

decrease the parasitic capacitance of RTD for high-speed operation107,218,219. However, the 

influence of the spacer layer thickness in the polar nitride DBRTD remains elusive, and the 

detailed study on the spacer layer is beyond the scope of this study. Equivalent thickness (1-2 

nm) to the AlGaN quantum well was employed for the spacer in this study.  

A mesa structure on the DBRTD was first patterned by reactive ion etching (RIE) at an 

etching rate of 15 nm/min with BCl3/Cl2 gas mixture ratio of 1:1 (Figure 6-6 (b)). A 

V/Al/Ni/Au Ohmic metal contact was then deposited by electron beam evaporation and 

patterned on the top and bottom n-type AlGaN layer by liftoff technique (Figure 6-6 (c)). 

Finally, the metal contact was activated by rapid thermal annealing (RTA) at 850°C for 

1minute220 (Figure 6-6 (d)). Figure 6-8 is an optical image of the fabricated DBRTD 

structure. Metal contact and etched AlGaN surface appear to be dark and bright, respectively. 
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Figure 6-6: DBRTD fabrication procedure. (a): MOCVD growth of DBRTD structure, (b): 

MESA etching by RIE, (c): Ohmic contact formation by liftoff, and (d): Contact activation 

by RTA. 

 

Figure 6-7: I-V characteristics of Si doped n-type Al0.6Ga0.4N contact layer, showing Ohmic 

behavior. 
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Figure 6-8: Optical microscope image of the fabricated Al0.6Ga0.4N/AlN DBRTD structure. 

 

6.4. I-V characteristics on single and double AlN barrier RTDs 

Prior to double barrier structures, tunneling current through a 0.75 nm-thick AlN barrier 

was tested. Figure 6-9 shows a schematic diagram of the single barrier structure and the 

obtained I-V characteristics. The tunneling current increased monotonously under 

forward/reverse bias. In addition, I-V characteristics were asymmetric. As reported by 

Hermann et al.203, it is expected that the observed asymmetry is due to the band bending 

induced by the polarization charge at the AlGaN/AlN heterointerfaces. However, the degree 

of asymmetry was not significant in comparison to the I-V characteristics simulated by 

Hermann et al. because of moderate internal polarization with our thinner AlN barrier (0.75 

nm) than their case, 30 nm203. With relatively low conductivity of 15.4 Ω-1cm-1 in the n-type 
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AlGaN contact layer, the obtained tunneling current through the AlN barrier was on the order 

of ≈µA. The corresponding current density is ≈mA/cm2. 

 Figure 6-10 exhibits the I-V characteristics of an AlGaN/AlN DBRTD structure with 

an AlGaN well thickness of ≈2 nm. External electric field was applied in the positive c-

direction of the DBRTD structure. Current increased with voltage from 0 V to 3V. With 

further increase in the voltage, decrease in current was observed, meaning that this 

AlGaN/AlN DBRTD structure showed NDR due to the resonant tunneling effect through the 

quasi-bound state formed in the AlGaN quantum well. The peak and valley current were 120 

µA (61 mA/cm2) at 3 V and 100 µA (51 mA/cm2) at 17 V, respectively. Thus, the PVR was 

1.2. This is the first demonstration of NDR in AlGaN/AlN DBRTD, although the obtained 

current density and PVR were low. In addition, no NDR was obtained when external electric 

field was applied in the negative c-direction. As discussed in section 6.1, it is expected that 

the observed asymmetry is due to the charge induced by spontaneous and piezoelectric 

polarization at AlGaN/AlN heterostructures. However, a significant asymmetry was not 

expected from the simulation result in Figure 6-5. Compared to GaN/AlN heterostructure, 

Al-rich AlGaN/AlN system has lower spontaneous polarization discontinuity. Thus, the 

observed asymmetry may be due to consequence of unsuccessful Ohmic contact formation. 
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Figure 6-9: (a) Schematic diagram of single AlN barrier structure and (b) I-V characteristics 

showing tunneling current through the thin AlN barrier. 

 

Figure 6-10: (a) Schematic diagram of Al-rich AlGaN/AlN DBRTD structure and (b) I-V 

characteristics. NDR is clearly seen. Current peak is observed at around 3.0V. The obtained 

PVR is 1.2. 
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An AlGaN/AlN DBRTD with thinner AlGaN well was also fabricated. Figure 6-11 

shows STEM HAADF Z-contrast image of the active region. Dark and bright regions 

represent AlN barriers and AlGaN layers, respectively. AlGaN quantum well was clearly 

observed in between AlN barriers. The TEM image confirmed that AlN barrier and AlGaN 

well thickness were ≈0.75 nm and ≈1 nm, respectively. There was a variation in thickness for 

the well and barriers as well as some dark spots in the AlGaN layers. This could be due to 

TEM sample preparation damage or thickness and composition non-uniformity. 

The I-V characteristics on the AlGaN/AlN DBRTD structure are shown in Figure 6-12. 

NDR due to the resonant tunneling was clearly seen. The current increased abruptly with a 

threshold voltage of ≈1.5 V. The obtained current peak was 6.5 µA (3.3 mA/cm2) at 2.75 V. 

The tunneling current decayed more abruptly compared to the previous sample with thicker 

well. A second increase at ≈20 V was observed corresponding to the second resonant state in 

the AlGaN well. The valley current was 0.094 µA (0.05 mA/cm2) at 16.7 V. Thus, the PVR 

value obtained was ≈70. The full width at half maximum (FWHM) of the current peak was 

approximately 1.5 V. As expected from the TEM image in Figure 6-10, the quasi-bound 

states may have variation due to the non-uniformity of barrier and well thicknesses. Similar 

to the previous sample with thick AlGaN well, no NDR was observed under external electric 

field in the negative c-direction.  
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Figure 6-11: Device structure and high resolution TEM image of the active region. Thin AlN 

double barrier is confirmed. 

 

 

Figure 6-12: (a) DBRTD structure with thinner AlN double barrier and (b) its I-V 

characteristics. Sharp current peak is clearly observed at around 3.0 V. 
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6.5. Challenges and pathways for Al-rich AlGaN/AlN-based DBRTDs 

NDR due to the resonant tunneling effect has been demonstrated in Al-rich AlGaN/AlN 

DBRTDs for the first time. The highest value of the obtained PVR was ≈70. However, there 

were two major challenges: low current density and variation in the layer thickness, in 

addition to an optimization of the device structure. Here, pathways to improve the carrier 

transport properties in AlGaN/AlN DBRTDs will be suggested.  

First, current density will be further improved by reducing compensating point defect in 

the Si doped n-type AlGaN layers, as studied in chapter 5. The DBRTD structure tested in 

this study contains dislocation density of 1010 cm-2. This high dislocation density results in 

acceptor type compensating defect concentration of low 1017 cm-3.162 Thus, dislocation 

density reduction will increase conductivity of AlGaN contact layers. In fact, free carrier 

concentration of 1019 cm-3 has been realized on sapphire substrates with reduced dislocation 

density31 by high temperature annealing technique suggested by Miyake72 and Fukuyama221. 

Another possible approach to increase conductivity is growth on an AlN single crystal 

substrate having dislocation density of ≈103 cm-2. The achieved conductivity of ≈125 Ω-1cm-1 

in chapter 5 is the highest value ever reported and this is one order of magnitude higher than 

the conductivity value used for AlGaN/AlN DBRTDs in this study. Hence, significant 

improvement in the current density is expected.  

In addition to conductivity, the use of the AlN substrate will also allow for obtaining 

abrupt and uniform AlGaN/AlN interface. Dycus has investigated stability of AlGaN/AlN 

multiple quantum wells grown on the AlN native substrate by STEM170. Uniform and sharp 

heterointerface were observed independently of Al mole fraction in AlGaN quantum well 
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grown on AlN substrate, while compositional inhomogeneity existed in AlGaN/AlN quantum 

wells on sapphire substrate. Therefore, it is expected that growth on the AlN substrate is the 

most promising technology to exploit full potential of Al-rich AlGaN/AlN DBRTDs. In 

addition, process conditions may be further optimized for uniform and thin layer deposition. 

In the study by Encomendero209, growth rate of ≈3 nm/min was used, which is lower than our 

growth, 8-9 nm/min. Low growth rate enables to deposit uniform thin film, and thus, 

optimum process condition may be applied to increase layer uniformity, keeping point defect 

formation suppressed.  

 

6.6. Summary 

NDR due to resonant tunneling effect has been demonstrated in Al0.6Ga0.4N/AlN 

DBRTDs at room temperature for the first time. The AlGaN DBRTD structure was 

fabricated by MOCVD and conventional processing techniques. Asymmetric tunneling 

current through a 0.75 nm-thick AlN barrier was observed on the order of ≈µA. I-V 

characteristics on AlGaN/AlN DBRTDs with two different AlGaN quantum well thicknesses 

were evaluated. Both structures showed NDR at room temperature under external electric 

field in the positive c-direction whereas no NDR was observed when external field was 

applied in the negative c-direction. For 2 nm-thick well sample, the obtained PVR was 1.2. 

With thinner AlGaN well (1 nm), the highest value of ≈70 was realized. The results may lead 

to a technological realization of the future THz based applications. 
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Chapter 7: Conclusions and future work 

7.1. Conclusions 

In this dissertation, an expansive study on Al-rich AlGaN has been conducted. Growth 

thermodynamics, surface kinetics, hillocks characterization by TEM, Si doping and point 

defect reduction by chemical potential control, and resonant tunneling effect in Al-rich 

AlGaN/AlN DBRTDs have been investigated. NDR by resonant tunneling in Al-rich 

AlGaN/AlN DBRTDs has been realized at room temperature for the first time. In addition, 

the highest carrier concentration ever reported (2.5×1019 cm-3) in Si doped AlGaN was 

achieved on AlN substrate. This dissertation provides comprehensive materials science 

knowledge for the technological development not only in the THz RTD, but also in power 

electronics and optoelectronics utilizing the potential of wide bandgap Al-rich AlGaN 

materials.  

In chapter 2, a thermodynamic supersaturation model was developed to evaluate the 

growth properties of AlGaN by MOCVD. With the modified Gibbs free energy of reaction of 

GaN formation, the developed model allowed for predicting the resulting Al mole fraction in 

AlGaN. Using the model, stability of GaN and AlN was discussed. It was revealed that GaN 

phase was close to chemical equilibrium, while Al supersaturation was as high as 1010 under 

typical growth conditions. Such a low Ga supersaturation played an important role in the 

resulting Al mole fraction in AlGaN due to the large desorption flux of Ga from the growing 

surface during AlGaN MOCVD. From a temperature dependence of Al mole fraction, 

AlGaN growth was found to be thermodynamically limited rather than mass transport limited 
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growth. The boundary between mass transport limited growth and thermodynamically 

limited growth was around 1040°C under our standard growth condition. The parasitic gas 

phase reaction between metalorganics and NH3 was not significant at low NH3 flow rate. In 

addition, N2 diluent gas slightly stabilized the GaN phase. However, a significant NH3 

decomposition was expected under N2 diluent.   

In chapter 3, the BCF theory was extended to AlGaN epitaxial growth on sapphire 

substrates. In order to explain the dependence of terrace width on Al mole fraction, the 

equation that describes the terrace width around growth spirals was formulated in 

combination with the developed supersaturation model in chapter 2. Spiral growth mode was 

not observed in AlN layer grown on sapphire even with high screw dislocation density of 108 

cm-2. This was explained by lower step velocity in the spiral growth mode due to high Al 

supersaturation than step velocity in the step flow growth mode on vicinal surface. By 

contrast, spiral growth mode during AlGaN growth was clearly observed in the initial growth 

stage. Comparing to the AlN growth, the onset of the spiral growth mode was attributed to 

the presence of the GaN phase. The growth spirals enlarged with layer thickness in 

Al0.57Ga0.43N films. At a certain thickness, terrace width and spiral size were dependent of Al 

mole fraction rather than supersaturation. The spiral size and terrace width were reduced with 

increasing Al mole fraction. The equation describing the terrace width was applied to ternary 

AlGaN alloys. A new equation was formulated based on a superimposed form for lower Ga 

supersaturation and high Al supersaturation. With the extended equation it was found that the 

terrace width of AlGaN surface was determined by the Ga mole fraction due to low Ga 

supersaturation, which increased terrace width. AlN phase under high Al supersaturation did 
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not contribute to the surface morphology of AlGaN layer. Experimentally measured terrace 

widths agreed qualitatively with the calculation. Thus, smooth AlGaN layer grown under 

relatively high supersaturation condition is expected. 

In chapter 4, defect structures and origins of hillocks formed on Al0.7Ga0.3N epitaxial layer 

grown on c-plane AlN single crystal substrate were studied by CTEM and STEM. Surface 

SEM characterization confirmed two types of hillocks: non-hexagonal and hexagonal 

hillocks. From WBDF experiments with CTEM it was observed that both types of hillocks 

contained high density of a-type dislocations (109 cm-2 – 1010 cm-2) as well as compositional 

inhomogeneity in AlGaN. STEM EDS mappings on the non-hexagonal hillock revealed that 

localized high carbon concentration existed at the bottom of the pit on the non-hexagonal 

hillocks. This type of hillock originated from the rough AlN homoepitaxial layer surface that 

might be caused by the presence of oxide secondary layer formed on the AlN substrate. 

Although the hexagonal hillocks did not show oxygen related secondary layer, one of three 

hexagonal hillocks had high carbon concentration on the AlN substrate. Thus, some hillocks 

might have originated from a carbon particle on the AlN substrate. Independently of the 

types of hillocks, there was no extended defect observed in the AlN substrate. The obtained 

results suggest that any types of hillocks significantly lower the device performance due to 

high dislocation density and variation in composition and layer thickness. It is expected that 

optimum wafer cleaning process and/or supersaturation based step velocity control would 

reduce hillock density. 

In chapter 5, compensating point defect reduction in Si doped AlGaN by chemical 

potential control was developed. A theoretical model that provides a quantitative relationship 
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between point defect formation energies and growth variable was established in CN and 

VIII+Si complex formation in Al-rich AlGaN. The chemical potential of III/N and the 

resulting formation of point defects that involves exchange of III or N atoms with the 

reservoir were determined by the Al/Ga supersaturation calculated with the model in chapter 

2. The developed model provided quantitative predictions of the CN defect incorporation as 

well as VIII+Si complex as a function of NH3 and SiH4 flow rate and growth temperature. As 

predicted, the “trade-off” formation mechanism in these point defects was confirmed 

experimentally. The growth environment was tuned to a more N rich condition by decreasing 

the equilibrium partial pressure of Al and Ga by increasing the NH3 partial pressure. This 

resulted in an increase in formation energy of CN and accordingly, the near band edge 

emission normalized CN luminescence peak reduced significantly indicating a reduction in 

compensating CN. The reduction in CN luminescence was in reasonable quantitative 

agreement with the developed chemical potential control model. In contrast, self-

compensation was significantly reduced with a decrease in growth temperature. Based on the 

obtained results, Si doped AlGaN layers were grown on AlN single crystal substrates. A 

similar trend in compensation was observed. By minimizing the self-compensation by VIII+Si 

complex, the highest carrier concentration of 2.5×1019 cm-3 ever reported was achieved.  

In chapter 6, NDR due to resonant tunneling effect has been demonstrated in 

Al0.6Ga0.4N/AlN DBRTDs on sapphire at room temperature for the first time. The AlGaN 

DBRTD structure was fabricated by MOCVD and conventional processing techniques. 

Asymmetric tunneling current through a 0.75 nm-thick AlN barrier was observed on the 

order of ≈µA. I-V characteristics on AlGaN/AlN DBRTDs with two different AlGaN 
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quantum well thicknesses were tested. Both structures clearly showed NDR at room 

temperature under external electric field in the positive c-direction. In contrast, no NDR was 

observed when external field was applied in the negative c-direction. For 2 nm-thick well 

sample, the obtained PVR was 1.2. With thinner AlGaN well (1 nm), the highest value of 

≈70 was realized. The obtained results may lead to a realization of the future THz 

technology. 

 

7.2. Future work 

7.2.1. Growth 

A thermodynamic supersaturation model, the BCF theory and chemical potential control 

for Al-rich AlGaN were studied in chapter 1, 2, and 5. By expanding the surface kinetic 

theory, more comprehensive model will be established in order to predict all the growth 

properties including Al mole fraction, growth rate, surface morphology, growth mode, point 

defect concentration from input process conditions including substrate misorientation angle. 

This can be expanded to include computational predictions for point defect incorporation, 

leading to the vision of the “virtual MOCVD” predictive tool. 

 

7.2.2. Hillocks 

Hillocks formed on AlGaN epitaxial layer grown on AlN native substrate were studied 

by TEM. Carbon particle like features were observed on AlN substrate surface in STEM 

EDS mapping. In order to reduce hillock density, wafer cleaning process will need to be 
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improved based on ionic solvation methods. A systematic study on cleaning of these surfaces 

needs to be performed that includes any potential detergents and the surface state after its 

application. In addition, to suppress hillock growth, predictions from the BCF theory may 

need to be applied.   

 

7.2.3. Point defects 

In chapter 5, point defect management in Si doped AlGaN was studied by means of 

chemical potential and temperature, and the highest carrier concentration of 2.5×1019 cm-3 

was realized on AlN substrate. By optimizing process conditions to suppress self-

compensation by VIII+Si complexes, even higher carrier concentration may be achieved. To 

overcome the low doping limit due to the CN defect, Si doped Al-rich AlGaN layer will be 

grown on AlN substrate under high temperature and high NH3 partial pressure. This will 

result in low carrier concentration on the order of 1016 cm-3 and high Hall mobility above 100 

cm2/Vs, which is required for AlGaN based power electronics. 

 

7.2.4. AlGaN/AlN DBRTDs 

Al-rich AlGaN/AlN DBRTDs were demonstrated for the first time. Further improvement 

in the electron transport will be realized by (1): reducing dislocation density to increase 

current density, (2): optimizing process condition to achieve uniform and abrupt AlGaN/AlN 

heterointerfaces, and (3): employing optimum active region design. To achieve these, 

optimized AlGaN/AlN DBRTD structure by device simulation will be fabricated on AlN 
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single crystal substrate. This will lead to the demonstration of THz emission and its 

applicability into quantum cascade lasers. 



 

189 

REFERENCES 

1 Y. Hao, J.-F. Zhang, and J.-C. Zhang, Nitride Wide Bandgap Semiconductor Material and 

Electronic Devices (CRC Press, 2016). 

2 T. Hanada, Basic Properties of ZnO, GaN, and Related Materials (Springer, 2009). 

3 I. Markov and S. Stoyanov, Contemp. Phys. 28, 267 (1987). 

4 U.W. Pohl, Epitaxy of Semiconductors (Springer, 2013). 

5 T. Nishinaga, Handbook of Crystal Growth (Elsevier, 2014). 

6 R. Dalmau, B. Moody, R. Schlesser, S. Mita, J. Xie, M. Feneberg, B. Neuschl, K. Thonke, 

R. Collazo, A. Rice, J. Tweedie, and Z. Sitar, J. Electrochem. Soc. 158, H530 (2011). 

7 I. Bryan, Al-Rich AlGaN and AlN Growth on Bulk AlN Single Crystal Substrates, North 

Carolina State University, 2016. 

8 M.R. Bobea, High Resolution X-Ray Diffraction Characterization of III-Nitride 

Semiconductors : Bulk Crystals and Thin Films, North Carolina State University, 2015. 

9 W. Weiss and M. Ritter, Phys. Rev. B 59, 5201 (1999). 

10 B. Daudin, F. Widmann, G. Feuillet, Y. Samson, M. Arlery, and J.L. Rouviè, Phys. Rev. B 

56, R7069 (1997). 

11 K. Yamaguchi, K. Yujobo, and T. Kaizu, Jpn. J. Appl. Phys. 39, L1245 (2000). 

12 K.A. Lozovoy, A.P. Kokhanenko, and A. V. Voitsekhovskii, Surf. Sci. 669, 45 (2018). 

13 A. Baskaran and P. Smereka, J. Appl. Phys. 111, (2012). 

14 C. Bayram and M. Razeghi, Appl. Phys. A 96, 403 (2009). 

15 K. Fu and Y. Fu, Appl. Phys. Lett. 94, 181913 (2009). 

16 J.X. Chen, A. Markus, A. Fiore, U. Oesterle, R.P. Stanley, J.F. Carlin, R. Houdré, M. 



 

190 

Ilegems, L. Lazzarini, L. Nasi, M.T. Todaro, E. Piscopiello, R. Cingolani, M. Catalano, J. 

Katcki, and J. Ratajczak, J. Appl. Phys. 91, 6710 (2002). 

17 E. Steimetz, F. Schienle, J.-T. Zettler, and W. Richter, J. Cryst. Growth 170, 208 (1997). 

18 I. Bryan, Z. Bryan, S. Mita, A. Rice, L. Hussey, C. Shelton, J. Tweedie, J.-P. Maria, R. 

Collazo, and Z. Sitar, J. Cryst. Growth 451, 65 (2016). 

19 Z. Bryan, I. Bryan, J. Xie, S. Mita, Z. Sitar, and R. Collazo, Appl. Phys. Lett. 106, 142107 

(2015). 

20 K. Dovidenko, S. Oktyabrsky, J. Narayan, and M. Razeghi, J. Appl. Phys. 79, (1996). 

21 R. Kirste, S. Mita, M.P. Hoffmann, L. Hussey, W. Guo, I. Bryan, Z. Bryan, J. Tweedie, M. 

Gerhold, A. Hoffmann, R. Collazo, and Z. Sitar, Phys. Status Solidi C 11, 261 (2014). 

22 D. Alden, W. Guo, R. Kirste, F. Kaess, I. Bryan, T. Troha, A. Bagal, P. Reddy, L.H. 

Hernandez-Balderrama, A. Franke, S. Mita, C.-H. Chang, A. Hoffmann, M. Zgonik, R. 

Collazo, and Z. Sitar, Cit. Appl. Phys. Lett 108, (2016). 

23 M.P. Hoffmann, R. Kirste, S. Mita, W. Guo, J. Tweedie, M. Bobea, I. Bryan, Z. Bryan, M. 

Gerhold, R. Collazo, and Z. Sitar, Phys. Status Solidi 212, 1039 (2015). 

24 M.P. Hoffmann, M. Gerhold, R. Kirste, A. Rice, C.-R. Akouala, J.Q. Xie, S. Mita, R. 

Collazo, and Z. Sitar, Proc. SPIE 8631, 86311T (2013). 

25 T. Troha, M. Rigler, D. Alden, I. Bryan, W. Guo, R. Kirste, S. Mita, M.D. Gerhold, R. 

Collazo, Z. Sitar, and M. Zgonik, Opt. Mater. Express 6, 2014 (2016). 

26 S.A. Kukushkin, A. V Osipov, V.N. Bessolov, B.K. Medvedev, V.K. Nevolin, and K.A. 

Tcarik, Rev.Adv.Mater.Sci 17, 1 (2008). 

27 K.-W. Benz and W. Neumann, Introduction to Crystal Growth and Characterization 



 

191 

(Wiley, 2014). 

28 M.A. Moram, C.S. Ghedia, D.V.S. Rao, J.S. Barnard, Y. Zhang, M.J. Kappers, and C.J. 

Humphreys, J. Appl. Phys. 1061, 73513 (2009). 

29 Y.B. Kwon, J.H. Je, P. Ruterana, and G. Nouet, J. Vac. Sci. Technol. A 231, 1588 (2005). 

30 M. Kneissl and J. Rass, III-Nitride Ultraviolet Emitters : Technology and Applications 

(Springer, 2016). 

31 I. Bryan, Z. Bryan, S. Washiyama, P. Reddy, B. Gaddy, B. Sarkar, M.H. Breckenridge, Q. 

Guo, M. Bobea, J. Tweedie, S. Mita, D. Irving, R. Collazo, and Z. Sitar, Cit. Appl. Phys. Lett 

112, (2018). 

32 Y.Y. Wong, E.Y. Chang, T.H. Yang, J.R. Chang, J.T. Ku, M.K. Hudait, W.C. Chou, M. 

Chen, and K.L. Lin, J. Electrochem. Soc. 157, H746 (2010). 

33 M. Kneissl, T. Kolbe, C. Chua, V. Kueller, N. Lobo, J. Stellmach, A. Knauer, H. 

Rodriguez, S. Einfeldt, Z. Yang, N.M. Johnson, and M. Weyers, Semicond. Sci. Technol 26, 

14036 (2011). 

34 S. Mita, R. Collazo, A. Rice, R.F. Dalmau, and Z. Sitar, J. Appl. Phys. 104, 13521 (2008). 

35 G.B. Stringfellow, J. Cryst. Growth 68, 111 (1984). 

36 A. Koukitu and Y. Kumagai, J. Phys. Condens. Matter 13, 6907 (2001). 

37 Y. Kumagai, Y. Kubota, T. Nagashima, T. Kinoshita, R. Dalmau, R. Schlesser, B. Moody, 

J. Xie, H. Murakami, A. Koukitu, and Z. Sitar, Appl. Phys. Express 5, 55504 (2012). 

38 H.M. Kim, J.E. Oh, and T.W. Kang, Mater. Lett. 47, 276 (2001). 

39 F. Satoh, T. Yamane, H. Murakami, and Y. Kumagai, J. Cryst. Growth 305, 335 (2007). 

40 Y. Kumagai, T. Yamane, T. Miyaji, H. Murakami, Y. Kangawa, and A. Koukitu, Phys. 



 

192 

Status Solidi 0, 2498 (2003). 

41 Y. Kumagai, K. Takemoto, J. Kikuchi, T. Hasegawa, H. Murakami, and A. Koukitu, Phys. 

Status Solidi 243, 1431 (2006). 

42 T. Kinoshita, T. Obata, T. Nagashima, H. Yanagi, B. Moody, S. Mita, S. Inoue, Y. 

Kumagai, A. Koukitu, and Z. Sitar, Appl. Phys. Express 6, 92103 (2013). 

43 D. Broxtermann, M. Sivis, J. Malindretos, and A. Rizzi, Cit. AIP Adv. 2, (2012). 

44 M. Stutzmann, O. Ambacher, A. Cros, M. Brandt, H. Angerer, R. Dimitrov, N. Reinacher, 

T. Metzger, R. Hö pler, D. Brunner, F. Freudenberg, R. Handschuh, and C. Deger, Mater. 

Sci. Eng. B50 212 (1997). 

45 M. Shirazi-HD, R.E. Diaz, T. Nguyen, J. Jian, G.C. Gardner, H. Wang, M.J. Manfra, and 

O. Malis, J. Appl. Phys. 123, 161581 (2018). 

46 K. Seshan, HANDBOOK OF THIN-FILM DEPOSITION PROCESSES AND 

TECHNIQUES Principles, Methods, Equipment and Applications Second Edition (William 

Andrew Publishing, 2001). 

47 I. Bryan, Z. Bryan, S. Mita, A. Rice, J. Tweedie, R. Collazo, and Z. Sitar, J. Cryst. Growth 

438, 81 (2016). 

48 M.A. Herman, W. Richter, and H. Sitter, Epitaxy : Physical Principles and Technical 

Implementation (Springer, 2004). 

49 M. Funato, R.G. Banal, and Y. Kawakami, AIP Adv. 5, 117115 (2015). 

50 H.L. Bhat, Introduction to Crystal Growth : Principles and Practice (CRC Press, 2015). 

51 Y.G. Zhou, R. Zhang, W.P. Li, B. Shen, P. Chen, Z.Z. Chen, S.L. Gu, Y. Shi, Y.D. Zheng, 

and Z.C. Huang, Mater. Lett. 45, 331 (2000). 



 

193 

52 T.G. Mihopoulos, V. Gupta, and K.F. Jensen, J. Cryst. Growth 195, 733 (1998). 

53 J.R. Creighton, W.G. Breiland, M.E. Coltrin, and R.P. Pawlowski, Cit. Appl. Phys. Lett 81, 

(2002). 

54 L. Gordon, J.L. Lyons, A. Janotti, and C.G. Van de Walle, Phys. Rev. B 89, 85204 (2014). 

55 G. Parish, S. Keller, S.P. Denbaars, and U.K. Mishra, J. Electron. Mater. 29, 15 (2000). 

56 S.F. Chichibu, H. Miyake, Y. Ishikawa, M. Tashiro, T. Ohtomo, K. Furusawa, K. Hazu, K. 

Hiramatsu, and A. Uedono, J. Appl. Phys. 113, (2013). 

57 A. Uedono, K. Tenjinbayashi, T. Tsutsui, Y. Shimahara, H. Miyake, K. Hiramatsu, N. 

Oshima, R. Suzuki, and S. Ishibashi, J. Appl. Phys. 111, 13512 (2012). 

58 T. Kinoshita, T. Obata, H. Yanagi, and S. Inoue, Appl. Phys. Lett. 102, 12105 (2013). 

59 F. Kaess, S. Mita, J. Xie, P. Reddy, A. Klump, L.H. Hernandez-Balderrama, S. 

Washiyama, A. Franke, R. Kirste, A. Hoffmann, R. Collazo, and Z. Sitar, J. Appl. Phys. 120, 

105701 (2016). 

60 C.G. Van de Walle and J. Neugebauer, J. Appl. Phys. 95, 3851 (2004). 

61 C.G. Van de Walle, Phys. Rev. B 57, R2033 (1998). 

62 C. Stampfl and C.G. Van de Walle, Appl. Phys. Lett. 72, 459 (1998). 

63 J.L. Lyons, A. Janotti, and C.G. Van de Walle, Phys. Rev. B 89, 35204 (2014). 

64 B.E. Gaddy, Z. Bryan, I. Bryan, R. Kirste, J. Xie, R. Dalmau, B. Moody, Y. Kumagai, T. 

Nagashima, Y. Kubota, T. Kinoshita, A. Koukitu, Z. Sitar, R. Collazo, and D.L. Irving, Appl. 

Phys. Lett. 103, 161901 (2013). 

65 P. Reddy, S. Washiyama, F. Kaess, R. Kirste, S. Mita, R. Collazo, and Z. Sitar, J. Appl. 

Phys. 122, 245702 (2017). 



 

194 

66 Y.A. Osipiyan and I.S. Smirnova, Phys. Status Solidi 30, 19 (1968). 

67 S. Srinivasan, L. Geng, R. Liu, F.A. Ponce, Y. Narukawa, and S. Tanaka, Appl. Phys. Lett. 

83, 5187 (2003). 

68 T. Metzger, R. Höpler, E. Born, O. Ambacher, M. Stutzmann, R. Stömmer, M. Schuster, 

H. Göbel, S. Christiansen, M. Albrecht, and H.P. Strunk, Philos. Mag. A 77, 1013 (1998). 

69 D.B. Williams and C.B. Carter, Transmission Electron Microscopy : A Textbook for 

Materials Science (Springer, 2009). 

70 K. Hiramatsu, J. Phys. Condens. Matter 13, 6961 (2001). 

71 H. Hirayama, S. Fujikawa, J. Norimatsu, T. Takano, K. Tsubaki, and N. Kamata, Phys. 

Status Solidi 6, S356 (2009). 

72 H. Miyake, C.-H. Lin, K. Tokoro, and K. Hiramatsu, J. Cryst. Growth 456, 155 (2016). 

73 H. Miyake, G. Nishio, S. Suzuki, K. Hiramatsu, H. Fukuyama, J. Kaur, and N. Kuwano, 

Appl. Phys. Express 9, 25501 (2016). 

74 M. Liu and B. Evans, J. Geophys. Res. Solid Earth 102, 24801 (1997). 

75 K.P.D. Lagerlof, T.E. Mitchell, and A.H. Heuer, J. Geophys. Res. 102, 24801 (1997). 

76 T. Nagatsuma, IEICE Electron. Express 8, 1127 (2011). 

77 A. Rostami, H. Rasooli, and H. Baghban, Terahertz Technology : Fundamentals and 

Applications (Springer, 2011). 

78 K. Ajito and Y. Ueno, IEEE Trans. Terahertz Sci. Technol. 1, 293 (2011). 

79 B.S. Kalanoor, M. Ronen, Z. Oren, D. Gerber, and Y.R. Tischler, ACS Omega 2, 1232 

(2017). 

80 H.-J. Song and T. Nagatsuma, Handbook of Terahertz Technologies (Pan Stanford, 2015). 



 

195 

81 A.Y. Pawar, D.D. Sonawane, K.B. Erande, and D. V. Derle, Drug Invent. Today 5, 157 

(2013). 

82 J.F. Federici, B. Schulkin, F. Huang, D. Gary, R. Barat, F. Oliveira, and D. Zimdars, 

Semicond. Sci. Technol. 20, S266 (2005). 

83 S. Fan, T. Li, J. Zhou, X. Liu, X. Liu, H. Qi, and Z. Mu, AIP Adv. 7, 115202 (2017). 

84 M. Yamashita, C. Otani, K. Kawase, K. Nikawa, and M. Tonouchi, Appl. Phys. Lett. 93, 

41117 (2008). 

85 I.F. Akyildiz, J.M. Jornet, and C. Han, Phys. Commun. 12, 16 (2014). 

86 T. Nagatsuma, G. Ducournau, and C.C. Renaud, Nat. Photonics 10, 371 (2016). 

87 V. Petrov, A. Pyattaev, D. Moltchanov, and Y. Koucheryavy, 2016 8th Int. Congr. Ultra 

Mod. Telecommun. Control Syst. Work. 183 (2016). 

88 M.A. Akkaş, Wirel. Networks 1 (2017). 

89 M.Y. Glyavin, A.G. Luchinin, and G.Y. Golubiatnikov, Phys. Rev. Lett. 100, 15101 

(2008). 

90 M.Y. Glyavin and A.G. Luchinin, in 2008 33rd Int. Conf. Infrared, Millim. Terahertz 

Waves (IEEE, 2008), pp. 1–2. 

91 N. Vinokurov, J. Infrared, Millimeter, Terahertz Waves 32, 1123 (2011). 

92 P. Tan, J. Huang, K. Liu, Y. Xiong, and M. Fan, Sci. China Inf. Sci. 55, 1 (2012). 

93 Y. Sasaki, A. Yuri, K. Kawase, and H. Ito, Appl. Phys. Lett. 81, 3323 (2002). 

94 Y.J. Ding, J. Opt. Soc. Am. B 31, 2696 (2014). 

95 K. Ravi, M. Hemmer, G. Cirmi, F. Reichert, D.N. Schimpf, O.D. Mücke, and F.X. Kärtner, 

Opt. Lett. 41, 3806 (2016). 



 

196 

96 Z. Li, S. Wang, M. Wang, B. Yuan, and W. Wang, J. Opt. 19, 105503 (2017). 

97 A. Bergner, U. Heugen, E. Bründermann, G. Schwaab, M. Havenith, D.R. Chamberlin, and 

E.E. Haller, Rev. Sci. Instrum. 76, 63110 (2005). 

98 O.A. Klimenko, Y.A. Mityagin, S.A. Savinov, V.N. Murzin, N. V Dyakonova, P. 

Solignac, and W. Knap, J. Phys. Conf. Ser. 193, 12064 (2009). 

99 M. Brandstetter, M.A. Kainz, T. Zederbauer, M. Krall, S. Schönhuber, H. Detz, W. 

Schrenk, A.M. Andrews, G. Strasser, and K. Unterrainer, Appl. Phys. Lett. 108, 11109 

(2016). 

100 S. Fathololoumi, E. Dupont, C.W.I. Chan, Z.R. Wasilewski, S.R. Laframboise, D. Ban, A. 

Mátyás, C. Jirauschek, Q. Hu, and H.C. Liu, Opt. Express 20, 3866 (2012). 

101 F. Amir, C. Mitchell, N. Farrington, and M. Missous, Proc. SPIE 7485, 74850I (2009). 

102 A. Khalid, G.M. Dunn, R.F. Macpherson, S. Thoms, D. Macintyre, C. Li, M.J. Steer, V. 

Papageorgiou, I.G. Thayne, M. Kuball, C.H. Oxley, M. Montes Bajo, A. Stephen, J. Glover, 

and D.R.S. Cumming, J. Appl. Phys. 115, 114502 (2014). 

103 M. Mukherjee, N. Mazumder, S.K. Roy, and K. Goswami, in Microw. Conf. 2007. APMC 

2007. Asia-Pacific (IEEE, 2007), pp. 1–4. 

104 M. Mukherjee, N. Mazumder, S.K. Roy, and K. Goswami, Semicond. Sci. Technol. 22, 

1258 (2007). 

105 G.I. Haddad, J.R. East, and C. Kidner, Microw. Opt. Technol. Lett. 4, 23 (1991). 

106 J. Nishizawa, T. Kurabayashi, Y. Miura, T. Sawai, P. Plotka, and M. Watenabe, in 2007 

Jt. 32nd Int. Conf. Infrared Millim. Waves 15th Int. Conf. Terahertz Electron. (IEEE, 2007), 

pp. 150–151. 



 

197 

107 M. Asada, S. Suzuki, and N. Kishimoto, Jpn. J. Appl. Phys. 47, 4375 (2008). 

108 T. Maekawa, H. Kanaya, S. Suzuki, and M. Asada, Appl. Phys. Express 9, 24101 (2016). 

109 J. Xu and M. Shur, Solid. State. Electron. 31, 607 (1988). 

110 J.P. Sun, J.P. Sun, G.I. Haddad, P. Mazumder, and J.N. Schulman, PROC. IEEE 86, 641 

(1998). 

111 H. Mizuta and T. Tanoue, The Physics and Applications of Resonant Tunnelling Diodes 

(Cambridge University Press, 1995). 

112 R.E. Hummel, Electronic Properties of Materials (Springer, 2011). 

113 K.K. Ng, in Complet. Guid. to Semicond. Devices (John Wiley & Sons, Inc., 2010), pp. 

75–83. 

114 S. Sakr, E. Warde, M. Tchernycheva, and F.H. Julien, J. Appl. Phys. 109, 23717 (2011). 

115 G.A. Slack, R.A. Tanzilli, R.O. Pohl, and J.W. Vandersande, J. Phys. Chem. Solids 48, 

641 (1987). 

116 H. Shibata, Y. Waseda, H. Ohta, K. Kiyomi, K. Shimoyama, K. Fujito, H. Nagaoka, Y. 

Kagamitani, R. Simura, and T. Fukuda, Mater. Trans. 48, 2782 (2007). 

117 D.J. Lockwood, G. Yu, and N.L. Rowell, Solid State Commun. 136, 404 (2005). 

118 B.J. Sealy, J. Inst. Electron. Radio Eng. 57, S2 (1987). 

119 J. Piprek, T. Troger, B. Schroter, J. Kolodzey, and C.S. Ih, IEEE Photonics Technol. Lett. 

10, 81 (1998). 

120 Z. Vashaei, C. Bayram, and M. Razeghi, J. Appl. Phys. 107, 83505 (2010). 

121 A. Kikuchi, R. Bannai, and K. Kishino, Phys. Status Solidi 188, 187 (2001). 

122 M. Nagase and T. Tokizaki, IEEE Trans. Electron Devices 61, 1321 (2014). 



 

198 

123 R. COLLAZO and N. DIETZ, in Photoelectrochem. Water Split.  Mater. Process. Archit. 

(RSC Publishing, 2013), pp. 193–222. 

124 T. Takayama, M. Yuri, K. Itoh, T. Baba, and J.S. Harris Jr, J. Cryst. Growth 222, 29 

(2001). 

125 P. Reddy, I. Bryan, Z. Bryan, J. Tweedie, S. Washiyama, R. Kirste, S. Mita, R. Collazo, 

and Z. Sitar, Appl. Phys. Lett. 107, 91603 (2015). 

126 A. Koukitu, N. Takahashi, and H. Seki, Jpn. J. Appl. Phys. 36, L1136 (1997). 

127 D.W. Song, H. Jin Kim, Y. Seon Jeon, and E. Yoon, J. Cryst. Growth 298, 367 (2007). 

128 D.-C. Lu and S. Duan, J. Cryst. Growth 208, 73 (2000). 

129 N. Kato, S. Sato, T. Sumii, N. Fujimoto, N. Okada, M. Imura, K. Balakrishnan, M. Iwaya, 

S. Kamiyama, H. Amano, I. Akasaki, H. Maruyama, T. Noro, T. Takagi, and A. Bandoh, J. 

Cryst. Growth 298, 215 (2007). 

130 W.K. Burton, N. Cabrera, and F.C. Frank, Philos. Trans. R. Soc. A Math. Phys. Eng. Sci. 

243, 299 (1951). 

131 D.G. Zhao, J.J. Zhu, D.S. Jiang, H. Yang, J.W. Liang, X.Y. Li, and H.M. Gong, J. Cryst. 

Growth 289, 72 (2006). 

132 A.V. Lobanova, K.M. Mazaev, R.. Talalaev, M. Leys, S. Boeykens, K. Cheng, and S. 

Degroote, J. Cryst. Growth 287, 601 (2006). 

133 T.F. Kuech, Mater. Sci. Reports 2, 1 (1987). 

134 J. Tweedie, R. Collazo, A. Rice, J. Xie, S. Mita, R. Dalmau, and Z. Sitar, J. Appl. Phys. 

108, 43526 (2010). 

135 N. Herres, L. Kirste, H. Obloh, K. Köhler, J. Wagner, and P. Koidl, Mater. Sci. Eng. B 



 

199 

91–92, 425 (2002). 

136 M.W. Chase, NIST-JANAF Thermochem. Tables 2 Vol. (Journal Phys. Chem. Ref. Data 

Monogr. (1998). 

137 K.T. Jacob and G. Rajitha, J. Cryst. Growth 311, 3806 (2009). 

138 K. Tamaru, Acc. Chem. Res. 21, 88 (1988). 

139 T. Akasaka, Y. Kobayashi, M. Kasu, and H. Yamamoto, Appl. Phys. Express 6, 105501 

(2013). 

140 A. Rice, R. Collazo, J. Tweedie, J. Xie, S. Mita, and Z. Sitar, J. Cryst. Growth 312, 1321 

(2010). 

141 Q. Bao, T. Zhu, N. Zhou, S. Guo, J. Luo, and C. Zhao, J. Cryst. Growth 419, 52 (2015). 

142 M. Ohring, Materials Science of Thin Films : Deposition and Structure (Academic Press, 

San Diego, CA , 2002). 

143 R. Lake, G. Klimeck, and D. Blanks, Semicond. Sci. Technol. 13, A163 (1998). 

144 T. Suzuki and T. Nishinaga, J. Cryst. Growth 111, 173 (1991). 

145 T. Akasaka, C.-H. Lin, H. Yamamoto, and K. Kumakura, J. Cryst. Growth 468, 821 

(2017). 

146 T. Kimoto and H. Matsunami, J. Appl. Phys. 75, 850 (1994). 

147 S. Chika, H. Kato, M. Nakayama, and N. Sano, Jpn. J. Appl. Phys. 25, 1441 (1986). 

148 C.C. Hsu and J.B. Xu, in 1998 Conf. Optoelectron. Microelectron. Mater. Devices. Proc. 

(Cat. No.98EX140) (IEEE, n.d.), pp. 434–437. 

149 C.C. Hsu, Y.C. Lu, J.B. Xu, and I.H. Wilson, Appl. Phys. Lett. 64, 1959 (1994). 

150 K. Mochizuki and T. Nishinaga, Jpn. J. Appl. Phys. 27, 1585 (1988). 



 

200 

151 C.E. Dreyer, A. Janotti, and C.G. Van de Walle, Phys. Rev. B 89, 81305 (2014). 

152 S.W. Kaun, M.H. Wong, S. Dasgupta, S. Choi, R. Chung, U.K. Mishra, and J.S. Speck, 

Appl. Phys. Express 4, 24101 (2011). 

153 J.W.P. Hsu, M.J. Manfra, R.J. Molnar, B. Heying, and J.S. Speck, Appl. Phys. Lett. 81, 79 

(2002). 

154 M.J. Manfra, S.H. Simon, K.W. Baldwin, A.M. Sergent, K.W. West, R.J. Molnar, and J. 

Caissie, Appl. Phys. Lett. 85, 5278 (2004). 

155 S. Syed, M.J. Manfra, Y.J. Wang, R.J. Molnar, and H.L. Stormer, Appl. Phys. Lett. 84, 

1507 (2004). 

156 Z.-Q. Fang, D.C. Look, and L. Polenta, J. Phys. Condens. Matter 14, 13061 (2002). 

157 H. Chen, L. Yang, S. Long, and Y. Hao, J. Appl. Phys. 113, 194509 (2013). 

158 S. Golka, C. Pflügl, W. Schrenk, G. Strasser, C. Skierbiszewski, M. Siekacz, I. Grzegory, 

and S. Porowski, Appl. Phys. Lett. 88, 172106 (2006). 

159 X.-G. Yu and X.-G. Liang, J. Appl. Phys. 103, 43707 (2008). 

160 Y. Lin, A.D. van Rheenen, and S.Y. Chou, Appl. Phys. Lett. 59, 1105 (1991). 

161 H. Chen, L. Yang, X. Liu, Z. Zhu, J. Luo, and Y. Hao, IEICE Electron. Express 10, 

20130588 (2013). 

162 E.C.H. Kyle, S.W. Kaun, P.G. Burke, F. Wu, Y.-R. Wu, and J.S. Speck, J. Appl. Phys. 

115, 193702 (2014). 

163 R. Dalmau and Z. Sitar, in Springer Handb. Cryst. Growth (Springer, Berlin, 2010), pp. 

821–843. 

164 B. (Brent) Fultz and J.M. Howe, Transmission Electron Microscopy and Diffractometry of 



 

201 

Materials (Springer, 2013). 

165 K. Mitsuishi, K. Kimoto, Y. Irokawa, T. Suzuki, K. Yuge, T. Nabatame, S. Takashima, K. 

Ueno, M. Edo, K. Nakagawa, and Y. Koide, Jpn. J. Appl. Phys. 56, 110312 (2017). 

166 M. Shirazi-HD, R.E. Diaz, T. Nguyen, J. Jian, G.C. Gardner, H. Wang, M.J. Manfra, and 

O. Malis, J. Appl. Phys. 123, 161581 (2018). 

167 B. Liu, R. Zhang, J.G. Zheng, X.L. Ji, D.Y. Fu, Z.L. Xie, D.J. Chen, P. Chen, R.L. Jiang, 

and Y.D. Zheng, Appl. Phys. Lett. 98, 261916 (2011). 

168 S. Wenner, L. Jones, C.D. Marioara, and R. Holmestad, Micron 96, 103 (2017). 

169 P. Doig and P.E.J. Flewitt, Metall. Trans. A 14, 1943 (1983). 

170 J.H. Dycus, Advancing Atomic Scale Quantification of Interface Structure and Chemistry 

via Scanning Transmission Electron Microscopy, North Carolina State University, 2017. 

171 J. Houston Dycus, R.M. White, J.M. Pierce, R. Venkatasubramanian, and J.M. LeBeau, 

Appl. Phys. Lett. 102, 81601 (2013). 

172 S.J. Pennycook, P.D. (Peter D. Nellist, and I. Ebrary, Scanning Transmission Electron 

Microscopy : Imaging and Analysis (Springer, 2011). 

173 L. Jones, IOP Conf. Ser. Mater. Sci. Eng. 109, 12008 (2016). 

174 O. Romanyuk, P. Jiříček, P. Mutombo, T. Paskova, and I. Bartoš, in edited by J.-I. Chyi, 

Y. Nanishi, H. Morkoç, J. Piprek, E. Yoon, and H. Fujioka (International Society for Optics 

and Photonics, 2013), p. 86252I. 

175 T. Wernicke, C. Netzel, M. Weyers, and M. Kneissl, Phys. Status Solidi 5, 1815 (2008). 

176 A. Rice, R. Collazo, J. Tweedie, R. Dalmau, S. Mita, J. Xie, and Z. Sitar, J. Appl. Phys. 

108, 43510 (2010). 



 

202 

177 M. MacKenzie and A.J. Craven, J. Phys. D. Appl. Phys. 33, 1647 (2000). 

178 S.A. Vitusevich, A. Förster, K.M. Indlekofer, H. Lüth, A.E. Belyaev, B.A. Glavin, and R. 

V. Konakova, Phys. Rev. B 61, 10898 (2000). 

179 N. Machida, K. Furuya, and M. Gault, Jpn. J. Appl. Phys. 35, 4232 (1996). 

180 H. Fukuyama, T. Waho, and T. Mizutani, Jpn. J. Appl. Phys. 31, L823 (1992). 

181 E. Wolak, K.L. Lear, P.M. Pitner, E.S. Hellman, B.G. Park, T. Weil, J.S. Harris, and D. 

Thomas, Appl. Phys. Lett. 53, 201 (1988). 

182 M. Tsuchiya and H. Sakaki, Jpn. J. Appl. Phys. 30, 1164 (1991). 

183 R. Collazo, S. Mita, J. Xie, A. Rice, J. Tweedie, R. Dalmau, and Z. Sitar, Phys. Status 

Solidi 8, 2031 (2011). 

184 F. Mehnke, X.T. Trinh, H. Pingel, T. Wernicke, E. Janzén, N.T. Son, and M. Kneissl, J. 

Appl. Phys. 120, 145702 (2016). 

185 F. Mehnke, T. Wernicke, H. Pingel, C. Kuhn, C. Reich, V. Kueller, A. Knauer, M. 

Lapeyrade, M. Weyers, and M. Kneissl, Appl. Phys. Lett. 103, 212109 (2013). 

186 Y. Shimahara, H. Miyake, K. Hiramatsu, F. Fukuyo, T. Okada, H. Takaoka, and H. 

Yoshida, Jpn. J. Appl. Phys. 50, 95502 (2011). 

187 F. Kaess, S. Mita, J. Xie, P. Reddy, A. Klump, L.H. Hernandez-Balderrama, S. 

Washiyama, A. Franke, R. Kirste, A. Hoffmann, R. Collazo, and Z. Sitar, J. Appl. Phys. 120, 

105701 (2016). 

188 A.M. Armstrong, M.W. Moseley, A.A. Allerman, M.H. Crawford, and J.J. Wierer, J. 

Appl. Phys. 117, 185704 (2015). 

189 A. Kakanakova-Georgieva, S.-L. Sahonta, D. Nilsson, X. T. Trinh, N. T. Son, E. Janzén, 



 

203 

and C. J. Humphreys, J. Mater. Chem. C 4, 8291 (2016). 

190 K. Ikenaga, A. Mishima, Y. Yano, T. Tabuchi, and K. Matsumoto, Jpn. J. Appl. Phys. 55, 

05FE04 (2016). 

191 D.. Koleske, A.. Wickenden, R.. Henry, and M.. Twigg, J. Cryst. Growth 242, 55 (2002). 

192 A. Ubukata, Y. Yano, H. Shimamura, A. Yamaguchi, T. Tabuchi, and K. Matsumoto, J. 

Cryst. Growth 370, 269 (2013). 

193 J.L. Lyons, A. Janotti, and C.G. Van de Walle, Appl. Phys. Lett. 97, 152108 (2010). 

194 P. Reddy, I. Bryan, Z. Bryan, J. Tweedie, S. Washiyama, R. Kirste, S. Mita, R. Collazo, 

and Z. Sitar, Appl. Phys. Lett. 107, 91603 (2015). 

195 W. Walukiewicz, Phys. B Condens. Matter 302–303, 123 (2001). 

196 J.M. Langer, C. Delerue, M. Lannoo, and H. Heinrich, Phys. Rev. B 38, 7723 (1988). 

197 B.E. Gaddy, Z. Bryan, I. Bryan, J. Xie, R. Dalmau, B. Moody, Y. Kumagai, T. 

Nagashima, Y. Kubota, T. Kinoshita, A. Koukitu, R. Kirste, Z. Sitar, R. Collazo, and D.L. 

Irving, Appl. Phys. Lett. 104, 202106 (2014). 

198 G. Kusch, F. Mehnke, J. Enslin, P.R. Edwards, T. Wernicke, M. Kneissl, and R.W. 

Martin, Semicond. Sci. Technol. 32, 35020 (2017). 

199 S.N. Grinyaev and A.N. Razzhuvalov, Phys. Solid State 43, 549 (2001). 

200 F. Sacconi, A. Di Carlo, and P. Lugli, Phys. Status Solidi 190, 295 (2002). 

201 K.M. Indlekofer, E. Dona, J. Malindretos, M. Bertelli, M. Kocan, A. Rizzi, and H. Luth, 

Phys. Status Solidi 234, 769 (2002). 

202 C.T. Foxon, S. V. Novikov, A.E. Belyaev, L.X. Zhao, O. Makarovsky, D.J. Walker, L. 

Eaves, R.I. Dykeman, S. V. Danylyuk, S.A. Vitusevich, M.J. Kappers, J.S. Barnard, and C.J. 



 

204 

Humphreys, Phys. Status Solidi 0, 2389 (2003). 

203 M. Hermann, E. Monroy, A. Helman, B. Baur, M. Albrecht, B. Daudin, O. Ambacher, M. 

Stutzmann, and M. Eickhoff, Phys. Status Solidi 1, 2210 (2004). 

204 C. Bayram, Z. Vashaei, and M. Razeghi, Appl. Phys. Lett. 97, 92104 (2010). 

205 M. Boucherit, A. Soltani, M. Rousseau, J.-L. Farvacque, and J.-C. DeJaeger, J. Appl. 

Phys. 112, 114305 (2012). 

206 C. Bayram, D.K. Sadana, Z. Vashaei, and M. Razeghi, in edited by M. Razeghi, E. 

Tournie, and G.J. Brown (International Society for Optics and Photonics, 2012), p. 826827. 

207 T.A. Growden, D.F. Storm, W. Zhang, E.R. Brown, D.J. Meyer, P. Fakhimi, and P.R. 

Berger, Appl. Phys. Lett. 109, 83504 (2016). 

208 V. V Kopyev, I.A. Prudaev, and V.L. Oleynik, J. Phys. Conf. Ser. 864, 12052 (2017). 

209 J. Encomendero, F.A. Faria, S.M. Islam, V. Protasenko, S. Rouvimov, B. Sensale-

Rodriguez, P. Fay, D. Jena, and H.G. Xing, Phys. Rev. X 7, 41017 (2017). 

210 J. Encomendero, R. Yan, A. Verma, S.M. Islam, V. Protasenko, S. Rouvimov, P. Fay, D. 

Jena, and H.G. Xing, Appl. Phys. Lett. 112, 103101 (2018). 

211 T. Rong, L.-A. Yang, L. Yang, and Y. Hao, J. Appl. Phys. 123, 45702 (2018). 

212 H. Morkoç, Nitride Semiconductor Devices : Fundamentals and Applications (Wiley-

VCH, Weinheim, Germany , 2013). 

213 E.T. Yu, X.Z. Dang, P.M. Asbeck, S.S. Lau, and G.J. Sullivan, J. Vac. Sci. Technol. B 

Microelectron. Nanom. Struct. Process. Meas. Phenom. 17, 1742 (1999). 

214 F. Bernardini, V. Fiorentini, and D. Vanderbilt, Phys. Rev. B 63, 193201 (2001). 

215 R. Tsu and L. Esaki, Appl. Phys. Lett. 22, 562 (1973). 



 

205 

216 See SILVACO at https://www.silvaco.com/. 

217 B.B. Haidet, B. Sarkar, P. Reddy, I. Bryan, Z. Bryan, R. Kirste, R. Collazo, and Z. Sitar, 

Jpn. J. Appl. Phys. 56, 100302 (2017). 

218 I. Mehdi, R.K. Mains, and G.I. Haddad, Appl. Phys. Lett. 57, 899 (1990). 

219 N. Kishimoto, S. Suzuki, A. Teranishi, and M. Asada, Appl. Phys. Express 1, 42003 

(2008). 

220 B. Sarkar, B.B. Haidet, P. Reddy, R. Kirste, R. Collazo, and Z. Sitar, Appl. Phys. Express 

10, 71001 (2017). 

221 H. Fukuyama, H. Miyake, G. Nishio, S. Suzuki, and K. Hiramatsu, Jpn. J. Appl. Phys. 55, 

05FL02 (2016). 

 


