
 ABSTRACT 

COLLEGE, DAVID ALAN. Ultrafine-Grained Surface Layers on S7 Tool Steel via Electron 

Beam Irradiation and Cryogenic Freezing. (Under the direction of Dr. Yuntian Zhu). 

 

Electron beam (e-beam) treatment of tool steel surfaces has been available for several 

decades as an approach to create hard surface layers which potentially increase the service 

life of tools.  Irradiation pulses incident on a surface for only a few micro-seconds can be 

sufficient to induce melting of a surface layer which may be on the order of several microns 

in thickness.  The much larger mass of the substrate is a very efficient heat sink resulting in 

cooling rates much more rapid than are normally found in industrial heat treatment processes.  

Ultrafine grain sizes result from the ultra-rapid cooling of the melt layer.  Due to the Hall-

Petch phenomena, a high hardness which improves wear resistance is predicted for the 

ultrafine-grained layer.  This work yielded actual hardness gains of 9.9 to 36.1% on the 

surface of previously quenched and double-tempered S7 tool steel. 

Despite the value of elevated hardness as a result of e-beam treatment, the dynamics 

of the rapid cooling leads to potentially detrimental residual tensile stresses.  Implementation 

of the e-beam process has been limited in many applications by this accompanying residual 

tensile stress in the surface layer, which may lead to premature fracture.  This work provides 

an investigation into the treatment of S7 tool steel with both e-beaming to increase hardness 

and cryogenic freezing after e-beaming to reduce the residual tensile stress.  The e-beamed 

surface layer was found to contain over 4 times the amount of retained austenite found in an 

unbeamed specimen.  The cryogenic treatment is believed to convert retained austenite into 

martensite and experience a corresponding volume expansion.  The cryogenic treatment 

reduced the peak tensile residual stress by 28%, which makes it a promising method to 

expand the applications of e-beamed tool steel.  
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1. INTRODUCTION 

 

1.1. Motivation for Investigation 

Various methods of forming materials into useful products rely on punches, dies, shears, 

and other tools produced from hardened tool steel.  This is particularly true in the electrical 

and electronics industries in which this author is immersed.  Nonferrous metals, and 

sometimes soft ferrous metals, are stamped and formed into electrically conducting terminals 

and then crimped onto wire ends.  The tools required to do these operations experience wear 

despite the relative hardness and strength of tool steel in comparison to the materials being 

worked.  New tool materials or surface treatments which help the tool withstand wear are 

worth investigating.  Tool longevity pays dividends in tool costs and reduced down-time and 

makes production planning more certain. 

 

1.2. Scope of Investigation 

Irradiation of tool steel surfaces is of interest as a method of improving wear on forming 

tools.  Specifically, electron beam (e-beam) surface treatment of ASTM A681 type S7 tool 

steel (S7) will be studied.  A literature search did not uncover any specific studies on e-beam 

treatment of the S7 alloy.  The investigation of e-beaming of S7 will look at the hardness 

profile created, and the surface coefficient of friction created.  The grain size in the e-beamed 

layer will be investigated to explain the expected hardening effect.  A significant problem to 

address with the use of e-beamed surface layers is the creation of residual tensile 

stresses[2][3] which limits the suitable applications for the technology.  Residual tensile 
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stress abatement via cryogenic freezing is proposed and will be studied.  No published 

studies have been found which utilize cryogenic temperatures (or any other means) for 

reducing residual stress in e-beamed steel surface layers.  X-ray diffraction (XRD) 

techniques will be used to evaluate residual stress and the phases present in the layer. 
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2. BACKGROUND AND LITERATURE REVIEW 

 

2.1. Irradiation of Surfaces 

Irradiation sources such as lasers, e-beams, and ion beams can produce very intense, 

localized energy for treating and modifying the surface of materials.  Beam treating of 

surfaces was initiated with lasers for semiconductor processing in the 1960’s.[4]  Exploration 

of the technique in subsequent years expanded to include e-beams and ion beams for the 

treatment of a wide array of materials.[4]  The interaction of highly energetic incident 

photons, electrons, or ions with the electronic structure of the atoms near the treated 

material’s surface will create intense heat.[5]  This heat derives from electrons jumping to 

higher energy bands and then transferring energy to phonons as they return to a lower energy 

band.[6]  Photon beams can only excite conduction and valance band electrons, whereas 

high-energy electron and ion beams can also interact with electrons in core shells.[6]  The 

collision of beam particles with the substrate atoms’ nuclei is elastic and inconsequential in 

the case of photons and electrons [6] but significant for ions.[7]  Depending on the particle 

energy, beam bombardment on a substrate also creates shock waves which may affect 

microstructure slightly below the melted and quenched layer.[2][8][9]  One explanation is 

that repeated shock waves drive carbon diffusion in martensite to form very small dispersed 

Fe3C precipitates.[8]  The generated particle stopping heat and shock waves can be 

investigated as mechanisms to affect microstructure in a ferrous surface layer for hardening it 

to increase wear resistance. 
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The essential aspect of each of the several beaming processes is that high energy 

particles stream toward, and collide with, a substrate surface over a prescribed duration.  

When surface treatment is the goal, the burst of colliding particles is usually very short.  

Basic differences among the beaming processes also exist.  The e-beam and ion beam 

methods generally require a vacuum.  The creation of a vacuum makes a process more 

expensive and time consuming.  Some e-beaming apparatuses have been developed which 

utilize plasma to conduct the electrons, a process which still requires a vacuum to be created 

as a preliminary step.  Laser surface treating processes must overcome the complication that 

photons may be easily reflected by metals.  Careful consideration must be made to select the 

wavelength so that it is absorbed by the substrate being treated.  In many cases when metallic 

substrates are laser treated, coatings which facilitate the efficient absorption of the beam must 

first be applied to the surface.[5][10] 

The heat produced by electronic and possibly nuclear stopping of particle beams can 

accumulate very rapidly.  Heating rates as high as 106 to 1010 °C/s are sometimes 

attained[4][5], although more modest rates can also be practical and effective.[10]  

Commonly, enough heat is created to melt a surface layer.  Figure 1 schematically shows 

general energy absorption profiles for short bursts of both a typical laser beam and a typical 

e-beam incident on a substrate.  Individual applications and equipment will cause results to 

vary considerably.  Owing to their mass, beamed electrons with sufficient speed can carry 

deeper into the substrate than photons and often impart the highest energy at a depth slightly 

below the surface.[11]  Ion beams, not shown in Figure 1, have the potential to penetrate 

even more deeply than electrons due to even higher mass. 
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Figure 1.  Schematic of the typical energy absorption profile of laser and electron beam heating 

(e = electron energy, ν = photon energy) – adapted from [11] 

 

The depth of greatest energy absorption for an e-beam or an ion beam will be the depth 

at which melting nucleates, as shown in Figure 2a.  Next, melt fronts will proceed very 

rapidly in both directions from the starting depth as shown in Figure 2b.  One melt front will 

quickly reach the surface and the other will penetrate to a depth determined by overall energy 

intensity and duration.  Beyond the melt, a heat affected zone will exist as shown in Figure 

2c.  The heat affected zone did not receive enough heat to cause melting, however the 

significant heat that was received here likely enables diffusion within the solid to make 

microstructural and phase changes.  Proskurovsky et al., have found that practical durations 

for beam irradiation to achieve a fully melted layer are only on the order of one or several 

microseconds.[12][13] 
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Figure 2.  Schematic of nucleation and formation of surface melt layer from e-beam bombardment. 

Cut lines indicate irradiated surface is much wider than the depth of penetration. 

a) nucleation b) melt fronts moving c) final melted depth and heat affected zone after termination of beam 

 

When the radiation is terminated, the melted layer will self-quench with no cooling 

media needed because the substrate is a comparatively massive thermal sink.[4][14] The 

substrate will conduct heat away from the melt with a very steep temperature gradient, and a 

solidification front will proceed very rapidly back toward the surface as shown in Figure 3b.  

When the mass of the substrate heat sink is very large compared to the mass of the melted 

layer, conductive cooling rates may range over similar magnitudes to the heating 

rates.[5][8][12]  Evaporation of material from the melt will provide additional cooling to the 
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surface of the melted liquid.[15][16]  The partial vacuum atmospheres common for e-beam 

processes will accelerate evaporative cooling.  Radiative heat loss, and in rare cases 

convective heat loss, will also provide a minor contribution to cooling from the surface.[15]  

Due to evaporation, radiation, and possibly convection, a solidification front may also start 

from the surface and proceed into the melt until it meets the solidification front proceeding 

from the cold substrate.  Figure 3c illustrates schematically the start of a surface 

solidification front if surface cooling is very high. 

 

Figure 3.  Solidification of layer melted by beaming. 

Cut lines indicate irradiated surface is much wider than the depth of penetration. 

a) completion of melting b) conduction solidification front moving c) potential surface solidification front forming 
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2.2. E-beaming Development 

The use of e-beam treatments to harden the working surface of numerous alloy and tool 

steels has been studied by many investigators under various e-beam processing 

conditions.[3], [17]–[33].  Rotshtein asserts that advantages for choosing electron beam 

sources include the availability of wide apertures, reliability, electrical efficiency, and X-ray 

safety,[34] as well as the ability to achieve a broad range of incident energy levels.[8]  The 

research being undertaken in this work will utilize a wide-aperture, pulsed e-beam source to 

harness these advantages. 

Electron beams can be efficiently created in a vacuum or in a plasma.  Some early 

investigations into treating metallic surfaces were done with direct acting e-beams generated 

in a vacuum and focused to form a microdot on the treated surface.  Highly focused beams 

were familiar and available to science and industry from their use in cutting and welding 

operations.  Since the beam incidence was only a microdot, a grid of many repeated 

exposures was required to cover an appreciable area.[22][35]  Other researchers realized that 

a pulsed, wide-aperture beam would be useful and convenient in many material surface 

treatment situations.[12][36]  Ozur et al. defines a wide-aperture beam as having >10 cm2 of 

area coverage.[37]  Proskurovsky et al. showed that electron beams generated in vacuum are 

subject to discontinuities in beam density, and that the use of plasma as a conductor greatly 

improves beam homogeneity.[12][38]  The combination of a wide aperture, a plasma 

conductor and a pulsed exposure represent the current state-of-the-art for e-beam surface 

treatment. 
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Figure 4 shows a general schematic of a wide-aperture plasma-based electron beam 

apparatus.  An e-beam device of this type was used for the current research.  In operation, a 

sample is affixed to the collector, shown as item 3 in Figure 4.  After closure and sealing of 

the chamber case, a vacuum is created in the chamber.  Then a small volume of plasma-

forming gas, in many cases argon, is injected into the chamber.  Ozur et al. indicate that a 

particle density of 1011 to 1014 cm-3 for the plasma-forming gas is effective.[37]  The pressure 

of the plasma-forming gas at this density is still well below atmospheric pressure.  For 

instance, Tang et al. used an argon pressure of 3 x 10-2 Pa for their work with M50 tool 

steel.[19]  Various methods of generating plasma from a gas exist, including arc generation, 

auxiliary hot-cathode guns, and high-current reflected discharge.[37]  Voltage applied at the 

anode and cathode separates plasmas of opposite charge into a double layer, as shown by 

labels 5 and 6 in Figure 4.[12]  Due to the excellent conductivity of the plasma, the plasma 

clouds take the voltage of the adjacent cathode or anode.[12]  A final pulse of accelerating 

voltage applied at the cathode causes electrons to explosively jump the gap between the 

cathode plasma and the anode plasma.[12]  Electron flow proceeds toward the anode and ion 

current flows in the opposite direction.[37]  The anode plasma can efficiently transfer up to 

90% of the electron flow through the anode to the collector.[12]  Some shaping of the 

electron beam can be accomplished with magnetic fields created by solenoid coils located 

around the device’s case.[12][37] 
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Figure 4.  Schematic diagram of a wide-aperture electron beam apparatus utilizing plasma.  

1: explosive emission cathode; 2: electron flow direction; 3: collector; 4: chamber case; 5: cathode plasma; 6: anode 

plasma; 7: solenoid coils; 8: anode -adapted from [37]  

 

2.3. Interaction of an Electron Beam with a Ferrous Substrate 

E-beams can produce very intense, localized energy for treating and modifying the 

surface of materials.  An e-beam surface treatment often results in complete melting on the 

surface.  In the case of ferrous surfaces such as S7, the required incident energy to create 

melting is about 2.5 J/cm2[8].  Dynamic re-solidification follows melting.  The very rapid 

melting and cooling rates of the e-beam treatments can be used to tailor the resulting 

microstructure via the introduction of crystal defects and non-equilibrium structures. 

In the case of a predominantly ferrous substrate, four solid phases of iron are germane to 

the discussion of microstructure.  These solid phases are often given the short identifications 

of α, α’, γ, and δ.  The equilibrium crystalline phase for iron at room temperature is ferrite, 

which is often labeled as α on an iron - iron carbide phase diagram such as Figure 5.  Ferrite 
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has a body-centered cubic (BCC) crystalline structure.  Carbides often also play a role in iron 

alloy microstructures because of the very low solubility of carbon in ferrite.  The most 

common carbide is Fe3C also known as iron carbide or cementite.  For plain carbon steels, 

Fe3C is an equilibrium constituent along with ferrite if carbon concentration is greater than 

just 0.022 weight percent.  Under significant heating – at least 727 ˚C for plain steel as 

shown in Figure 5 - face-centered cubic (FCC) austenite, the γ phase of iron, will form from 

the ferrite and cementite present.  The carbon from the cementite will go into solution at 

interstitial sites in the austenite.  Occasionally, the surface beaming process on ferrous alloys 

is varied so that the substrate heats to the point of transforming into austenite but does not 

reach melting.[22]  With continued heating, γ iron with low carbon content will reform in a 

BCC arrangement identified as δ phase before reaching melting temperatures.  As can be 

seen from Figure 5, higher carbon steels (with C wt % > .5) will melt without forming delta 

phase.  The addition of alloying elements may skew the specific temperatures and 

concentrations on the basic phase diagram, and also enable the possibility of other carbides 

being formed. 

In tool steels, many properties are affected by the presence of various carbides within the 

microstructure.  Depending upon how and when they were formed, the carbides present 

before e-beaming may be along grain boundaries or precipitated within grains.[20]  The 

carbides likely absorb beam energy at different rates than the steel substrate and also have 

different melting temperatures than the steel substrate.  Sometimes the rapid absorption of 

heat by carbides can cause eruptions from the surface which may not completely heal without 

additional melt sequences.[23][28][30][39]  Many experiments have shown that with 
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repeated e-beam pulses, the carbides can be completely dissolved into the melted 

layer.[20][3]  High quench rates probably do not allow for re-precipitation of carbides.  With 

each melt sequence it is estimated that any released alloying elements from the carbides can 

diffuse on the order of 100 nm.[33]  With a large number of melt sequences, a homogenous 

layer containing the elements from the fully dissolved carbides will form a homogenous steel 

alloy of a different composition than the steel substrate which surrounds the carbides in the 

unmelted substrate.[19] 

 

Figure 5.  Iron - Iron Carbide (Fe - Fe3C) Equilibrium Phase Diagram 

[40] 

 



 

13 

During cooling of low carbon melted steel, the alloy will pass through delta phase before 

its formation of austenite.  Higher carbon alloys will nucleate austenite directly.  When very 

rapid quenching of austenite occurs, austenite usually transforms into martensite which is a 

body-centered tetragonal structure (BCT) often identified as alpha prime phase (α’).  

Martensite does not show up on the iron - iron carbide equilibrium phase diagram because it 

is metastable.  There is an activation energy which generally prevents it from changing to the 

lower-energy phases of ferrite and cementite.  Metastable austenite may also be retained in 

the microstructure during rapid cooling.  Although austenite is on the equilibrium phase 

diagram, its existence at low temperatures is not a low-energy condition for plain and low-

alloy steels. 

It is important to note that due to the very small melt thickness and the very short time 

durations, process variations can result in significant changes to melt kinetics and thus 

microstructure.  Various researchers working with different steels and different beam 

parameters have reported contrasting conclusions about the phases created in the e-beamed 

layer.  In some studies, for example Ivanov et al. [17], both austenite and martensite were 

found.  Zou et al. proposed that dispersed alloy elements from the melted carbides 

contributed to stabilization of nearly pure austenite in D2 tool steel which was e-beamed 25 

times.[28]  Rotshtein cited evidence that very thin melt layers would not support the creation 

of martensite.[8]  Zhang, et al, found some BCC phase mixed with martensite and austenite 

in e-beamed H13 tool steel.  They proposed that the BCC content was retained δ phase.  
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2.4. Ultrafine and Nanocrystalline Grains 

The creation of unusually small grain sizes is typically a primary goal of attempts to 

harden surfaces of normal, coarse grain (CG) metals via irradiation.  According to Meyers 

and Chawla, CG metals from conventional industrial processes typically have grain sizes in 

the range of 10 - 100 µm.[41]  This study aims to produce grains several orders of magnitude 

smaller than CG.  For this discussion, nanocrystalline(NC) grains will be considered to have 

average size under 100 nm which follows Cavaliere[42], Hanlon[43], and others.  

Occasionally, other writers such as Meyers et al.[44] have used 250 nm or another value as 

the cutoff for the NC regime.  The definition for ultrafine(UF) grain size will also follow 

Cavaliere.[42]  Table 1 lists the grain size definitions used for this discussion.  For reasons to 

be explored next, the UF and NC grain sizes are desirable for getting appreciable surface 

hardness gains compared to CG metals. 

 

Table 1.  Definitions for grain size used in this work 

Grain Size Class Size Range Comments 

Coarse Grain(CG) 10 µm – 100 µm Size developed from normal 
manufacturing processes. 

Fine Grain 1 µm – 10 µm  

Ultrafine(UF) Grain 100 nm – 1 µm  

Nanocrystalline(NC) 10 nm – 100 nm  

 

When a melted surface on a common tool steel is undercooled to a temperature below 

the liquidus, austenite grains will nucleate in the liquid.  The extremely rapid cooling rates 

after e-beam termination result in extremely undercooled conditions and the generation of 
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many more nucleation events than would occur with a normal industrial solidification 

process such as casting.  With plentiful nucleation events occurring, the grains cannot grow 

far until they encounter other growing grains, which significantly limits average grain size.  

In normal circumstances, as cooling continues below the martensite start temperature, 

martensite laths or plates nucleate within the prior austenite grains.  In addition, it has been 

shown that for some steel chemistries, faster cooling rates also increase the martensite start 

temperature, encouraging nucleation of more martensite laths or plates within the prior 

austenite grain.[45]  As a consequence, the martensitic structure will be finer.  There may be 

a competing factor in that smaller austenite grains make it more difficult for the shearing 

action of the lattice to occur in the martensite transformation.  Overall, though, the more 

rapid the cooling, the smaller the grain and sub-grain size. 

According to the well-known Hall-Petch relationship, grain boundaries and sub-grain 

boundaries act to strengthen and hardened metals.[46][47]  The classic theory on the cause of 

the Hall-Petch relationship presumes that dislocations are generated inside the grain due to 

stress at a Frank-Read source and move under stress until they pile up at grain boundaries.  

Figure 6 illustrates dislocation pile-up.  A higher stress is required at the boundary to activate 

a slip system in the adjacent grain and cause deformation to continue.[44][48]  Thus, grain 

boundaries are crystal defects which resist dislocation movement and strengthen the material.  

As grain sizes get much smaller, the likelihood of abundant dislocations existing within the 

grain and the likelihood of accumulating enough dislocation pile-up to initiate adjacent grain 

slip is small, resulting in higher yield strength.[48]  The Hall-Petch equation relates yield 

strength, σy, to grain size, d, according to the following relation: 



 

16 

𝜎𝑦 =  𝜎0 + 𝑘𝑑−1/2. 

For this equation, σ0, is the friction stress required to move a dislocation through a perfect 

material lattice, and k is a constant which will vary with material.  Sometimes, the original 

Hall-Petch form is modified to a general exponent to better fit data collected: 

𝜎𝑦 =  𝜎0 + 𝑘𝑑−𝑛. 

The variable n in the exponent is generally found to be such that 0.3 ≤ n ≤ 0.7.[44] 

 

 

Figure 6.  Schematic of dislocation pile-up at a grain boundary 

[49] 

 

A few years after the Hall and Petch papers were published, Cottrell proposed a variation 

on the theory.  Cottrell posited that dislocations wouldn’t really move through a boundary.  

Instead, he modeled a dislocation pileup as a crack and calculated the stress the crack would 

transfer to the neighboring grain.[50]  He proposed that Frank-Read sources within the 

neighboring grain and at close proximity to the boundary, would generate new dislocations, 
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and thus deformation, from the stress of the pileup against the grain boundary.  The Cottrell 

method still results in an equation of the Hall-Petch form.[41] 

 

Figure 7.  Schematic of deformation theory according to Cottrell. 

Stress from pileup in one grain activates Frank-Read sources in neighboring grains.[41] 

 

However, at a critical grain size, the dislocation pile-up models will no longer work.[44]  

Very small grains will not have enough dislocations and dislocation sources.  Alternate 

models of grain size strengthening were needed and have been proposed.  Li and Chou 

proposed that grain boundaries themselves could be the source of dislocations.[51]  Fleck et 

al. [52], building on the work of Ashby[49]and Li[51], proposed that grain boundaries stored 

both random and geometrically necessary dislocations which hardened the grain boundary. 

Meyers and Ashworth [53] developed a model that has come to be termed “core and 

mantle” which is depicted in Figure 8.  They propose that grain boundaries act as work 
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hardened reinforcements and that the interior of the grain is softer.  Further, they propose that 

a high initial microstress is needed to create a microyield at the harder grain boundary to 

initiate progressive macroyielding through the grain.  The core and mantle model results in a 

yield strength relationship using a “law of mixtures” of the flow stress inside the core or bulk 

of the grain, σfB, and the flow stress in the mantle or grain boundary, σfGB.[53]  With the use 

of AB for the areal fraction of the bulk within the grain, and AGB for the areal fraction of the 

grain boundary, the following expression can be formed: 

𝜎𝑦 =  𝐴𝐵𝜎𝑓𝐵 + 𝐴𝐺𝐵𝜎𝑓𝐺𝐵. 

 

 

Figure 8.  Illustration of core and mantle model of grain boundary strengthening 

[44] 

 

With some geometric assumptions and mathematical analysis, Meyers and Ashworth 

developed their equation into the following form[53]: 
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𝜎𝑦 =  𝜎𝑓𝐵 + 𝑘1( 𝜎𝑓𝐺𝐵 − 𝜎𝑓𝐵)𝑑−1/2 − 𝑘2( 𝜎𝑓𝐺𝐵 − 𝜎𝑓𝐵)𝑑−1. 

If the last term is ignored, the equation is in the general form of the Hall-Petch equation.  For 

CG and fine grain sizes as defined in Table 1, the equation generally does follow the Hall-

Petch result as the last term is small.[48]  However, the rate of hardness increase will be 

reduced in the UF and NC grain sizes as the last term begins to be significant.  Figure 9 

shows experimental results that confirm this trend. 

 

 

Figure 9.  Strengthening effect for iron with reducing grain size.  

The rate of Hall-Petch strengthening in the CG regime is greater than the rate in the NC regime.[54] 

 

Eventually, with grain size decreased significantly into the NC realm, grain size gets so 

small that deformation mechanisms other than dislocation movement can occur.  Some 

alternate deformation mechanisms proposed for NC grains are diffusional creep, grain 
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boundary sliding, grain rotation, and twinning.[44]  Some controversy has occurred as to 

whether these alternate deformation mechanisms actually cause strength to subside if grain 

sizes are on the small end of the NC range.  The proposed drop in strength has often been 

termed an “inverse Hall-Petch” relation by those discussing it.  Figure 10 is a result that 

illustrates a supposed inverse Hall-Petch behavior. 

 

Figure 10.  Hall-Petch effect for electrodeposited Ni-Fe  

Transition from normal Hall-Petch material behavior to inverse Hall-Petch material behavior is claimed. [55] 

 

In the case presented in Figure 10, the number of data points available to determine the dip in 

the end of the trend line doesn’t seems conclusive.  A trend line that levels off on a plateau 

seems equally credible.  Meyers, et al. highlight several other studies from the literature 

which show even more dramatic strength declines on the small end of the NC grain size 

range.[44]  However, many experts now have doubts about the appropriateness of the results 

and the existence of the inverse relationship.  Porosity of samples, gaseous impurities, and 
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variation of composition within the samples are suspected as contributors to the early 

conclusions.[48] 

 

2.5. Consideration of Amorphous Structure 

Glazing is the melting of a substrate surface with subsequent ultra-rapid cooling to 

produce a non-equilibrium amorphous coating.[5]  Amorphous materials are normally very 

resistant to deformation because dislocations cannot move through them.  Creation of a 

metallic glass on the surface of a tool steel substrate may prove to be a very hard and wear 

resistant combination.  However, ferrous materials, like most metals, are very resistant to 

amorphization because crystallization represents a lower energy state.  An alloying of 

approximately 20 atomic % metalloid elements such as boron, phosphorous, carbon, and 

silicon is usually found to be necessary to allow amorphization of bulk ferrous alloys.[56]  

These metalloid elements are present at a much lower concentration in the S7 tool steel being 

studied, so glazing to create even a thin continuous amorphous surface would be difficult and 

unlikely.  However, Zhang, et al., did report the presence of very localized amorphous 

regions as a result of e-beaming D2 steel.  They believed extremely high carbon 

concentrations were achieved in locations where carbides were dissolved and instantly frozen 

before diffusion could occur.[23]  Similarly, Tang, et al., found evidence of local amorphous 

regions along grain boundaries after e-beaming M50 steel.[19] 
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2.6. Residual Stress 

The dynamic nature of the cooling gradients and phase changes in the beamed layer is 

capable of producing residual tensile stress.[3]  Due to the very small melt thickness and the 

very short time durations, very large temperature gradients exist.  In nearly all materials, a 

solid of unchanged phase expands with increasing temperature and contracts with decreasing 

temperature.  A phase change occurring in the solid may also cause contraction or expansion 

depending on the packing factor of the involved lattice arrangements.  Generally, adjacent 

layers that cool from significantly different temperatures will contract differently, which will 

produce detrimental residual tensile stress.[3][2]  The residual stress from cooling gradients 

applies across a very large number of grains and can be termed a macrostress.  The residual 

macrostress alters the general atom spacing in the crystal lattices.  Conversely, microstress is 

localized around defects such as dislocations, vacancies, and other defects.  Local instances 

of microstress will not affect the overall macrostress.[57]  In this paper, any further mention 

and discussion of residual stress will refer to macrostress unless noted. 

Figure 11 depicts a thin surface layer with residual stress.  Commonly, surface residual 

stress is assumed to be planer and biaxial, acting across all grains with no component normal 

to the surface.[57]  Contractions due to cooling are assumed to behave equivalently in the x 

and y directions.  Thus, stresses in Figure 11 are defined as: 

𝜎𝑧 = 0, 

and 𝜎𝑥 =  𝜎𝑦. 
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Despite the assumed absence of direct strain normal to the surface, Poisson strain will still be 

developed in that direction.  Poisson strain is the corresponding strain that occurs in the two 

principle directions normal to a direct strain.  The Poisson strain will be of opposite sign to 

its corresponding direct strain and is quantified by the Poisson ratio, ν, for the material.  The 

general equations for the total principal strains including the Poisson effect are shown 

next.[58] 

𝜀𝑥 =  
1

𝐸
[𝜎𝑥 −  𝜈(𝜎𝑦 + 𝜎𝑧)] 

𝜀𝑦 =  
1

𝐸
[𝜎𝑦 −  𝜈(𝜎𝑥 + 𝜎𝑧)] 

𝜀𝑧 =  
1

𝐸
[𝜎𝑧 −  𝜈(𝜎𝑥 + 𝜎𝑦)] 

The resulting strains and strain relationships for the condition in Figure 11 simplify as 

follows: 

𝜀𝑥 =  
1

𝐸
[𝜎𝑥 −  𝜈(𝜎𝑦)], 

𝜀𝑦 =  
1

𝐸
[𝜎𝑦 −  𝜈(𝜎𝑥)], 

𝜀𝑧 =  −
𝜈

𝐸
(𝜎𝑥 + 𝜎𝑦), 

where 𝜀𝑥 =  𝜀𝑦. 
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Figure 11.  Depiction of plane stress in a surface layer 

[59] 

 

The Poisson strain in the z direction will modify both the layer thickness and the lattice 

spacing in the z direction.  In Figure 11, the layer thickness change, Δt, is a result of the 

Poisson strain in the z direction with t representing the unstrained layer thickness.  The 

orientation of each individual grain in the layer will determine the combination of direct 

strain and Poisson strain experienced by its lattice.[57]  The effect of plane stress and Poison 

strain on lattice spacing is illustrated in Figure 12.  The 2-dimensional lattice illustrations 

represent grains in the surface layer which are oriented in various directions with respect to 

the surface.  Without an acting stress, the lattice in each grain takes the normal lattice 

spacing, do, for the material in its specific phase and at its specific temperature.  All 

unstressed lattices in Figure 12 have the same lattice spacing, do.  If a stress is applied 

parallel to the surface, the lattice spacing in the direction normal to the surface is seen in 

Figure 12 to change to d
o due only to Poisson strain.  The strain in the z direction is then: 
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𝜀𝑧 =  
𝑑′𝑜 + 𝑑𝑜

𝑑𝑜
 . 

The other depicted lattices in the stressed condition have orientations that allow them to 

participate to various degrees in both direct strain and Poisson strain due to the applied stress.  

The lattice spacing, d, will vary in each of these lattices, a condition which will be discussed 

in more detail in section 3.5.3. 

 

 

Figure 12.  Schematic of stress effect on differently oriented lattices 

- adapted from [60] 
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The creation of residual stress during e-beam processing has not been the topic of much 

study or experimentation.  Proskurovsky, et al. was the earliest to assert that residual tensile 

stress was developed during the dynamic cooling of the e-beam melt.[2]  Zhang, et al. used 

X-ray diffraction(XRD) to definitively determine residual stress developed during e-beaming 

of D2 tool steel under several processing conditions.[3]  Figure 13 shows schematic 

representations of layer formation and stress distribution as determined by Zhang, et al.  

During melting, the liquid layer cannot maintain a stress.  After cooling, Zhang’s results 

show tensile stress extending all the way to the surface.  Zhang also states that the stress 

distribution can be further complicated by the phase change and accompanying expansion 

from austenite to martensite during cooling.[3] 

 

Figure 13.  Schematic of expected stress states in e-beamed layers during melting and after conduction cooling to the 
substrate heat sink (surface cooling not considered) 

[3] 
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As discussed in section 2.1, an alternate condition may be possible if surface cooling 

occurs rapidly enough to solidify the surface before the main melt layer.  In this scenario, a 

very thin solid layer at the surface of the melt, like the original substrate, will reach a final 

compressive stress as the remaining melt layer cools.  Deeper within the melted layer, the 

tensile stress will still form.  The proposed stress profile developed by a solidification front 

starting on the surface is shown in Figure 14.  Despite a compressive stress on the surface, 

high tensile stress still forms very near the surface. 

 

 

Figure 14.  Stress pattern proposed for instance when solidification front starts on surface 

 

Many studies have shown cryogenic freezing of bulk tool steels results in additional 

martensite formation.[61]  The phase change from austenite to martensite includes an 

expansion which should counteract an existing tensile residual stress.  An objective of this 

study is to utilize cryogenic temperatures to alleviate residual tensile stress reduction in e-

beamed steel surface layers via expansion during phase transformation.  
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3. EXPERIMENTAL PROCEDURES 

 

3.1. Tool Steel Specimens 

Specimens were created from S7 tool steel, which is an iron alloy nominally containing 

(wt%) 0.5% C, 0.55% Mn, 0.6% Si, 3.25% Cr, 1.55% Mo, and 0.18% V.[62]  The specimens 

were 6 mm thick and had a 16 mm x 16 mm surface ground to approximately 0.4 µm finish 

for e-beam treatment and study.  A preliminary heat treatment was applied which consisted 

of austenitization at 940 ˚C, air quenching to room temperature, tempering at 315 ˚C, and 

then tempering again at 300 ˚C.  Hardness readings between Rockwell C 54 and 56 after the 

heat treatment confirmed the process was correct.  Figure 15 shows five specimens with the 

prepared surface facing up and one specimen flipped over to reveal the use of engraved 

identifying marks to help sample management. 

 

Figure 15.  Specimens ready for e-beam treatment 
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3.2. Electropolishing 

Electropolishing was used for cleaning, surface smoothing, and material removal during 

the experiments.  Following the standard quench and double-temper heat treatment described 

in section 3.1, electropolishing was used to remove any surface oxides and provide further 

smoothing of the surface for improved testing.  The potential for progressive smoothing of a 

surface during electropolishing is depicted in Figure 16.  Several of the samples were 

reserved after this initial electropolishing step to act as controls for comparisons to specimens 

receiving the additional treatments.  Electropolishing was also used during testing to remove 

precise, incremental amounts of material from the surface so that testing of properties at 

various depths could occur. 

 

 

Figure 16.  Schematic of surface finish improvement over time during electropolishing 

[63] 

 

The electropolishing method needed to be optimized for the specific size and material of 

the specimens being treated.  A schematic of the electropolishing process is shown in Figure 
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17.  The developed method utilized a bath of commercially available electropolishing 

solution sold under the name EPS 4000, which consisted predominantly of phosphoric and 

sulfuric acids.  The solution is available from Electro Polish Systems, Inc.; Germantown, WI, 

USA.  As can be seen in Figure 18, electropolishing will only occur at specific voltage and 

current parameters.  However, Figure 18 is general in nature; the electrical parameters need 

to be determined for each combination of alloy, bath chemistry, temperature, and geometry 

being considered.  The process developed for the S7 samples used a 2.5 VDC potential and a 

polishing solution bath warmed to 80-90 ˚C.  Following polishing, the specimens were rinsed 

as quickly as possible in deionized water followed by cleaning in a warmed, agitated 

detergent solution made with 398T from ACCU-LABS Inc., Chicago, IL, USA. 

 

 

Figure 17.  Schematic of typical electropolishing process 
[64] 
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Figure 18.  General current to voltage relationship for electrochemical treatments to metal surfaces 

[65] 

 

To preserve a portion of a surface during the electropolishing process, masking was 

applied prior to immersion in the electropolishing bath.  Common nail polish, based on 

nitrocellulose polymer, was found to be acceptable for masking if applied in several coats 

with each coat cured at 65˚C for 20 minutes.  Figure 19 illustrates the application of the mask 

and the result after 9 masking and polishing steps.  Under each portion of the mask, the 

surface is preserved at the depth and condition existing when the mask was applied.  If 

necessary or desired, the masking could be dissolved later with a solvent for additional tests 

or checks on the material at the depth represented by the preserved area. 
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Figure 19.  Masking of specimen during electropolishing  
A) applying mask B) first mask applied C) multiple masks applied through multiple electropolishing steps 

 

3.3. E-beaming Device and Process 

A Sodick Co., Ltd., model PF-32B e-beam device, which can be seen in Figure 20, was 

used for the surface e-beam treatment.  This model is of the wide-aperture, plasma-based 

type.  The wide aperture allows up to a 60mm diameter area to be treated with a single pulse.  

Beam pulses are preset by the Sodick control software at 2 µs duration.  Argon at 0.05 Pa 

was used as the plasma gas.  Initial experimentation determined that beam settings of 25 kV 

cathode voltage, 5 kV anode voltage, and a 30 mm gap between the anode and the specimen 

produced visual evidence of melting, shining, and smoothing on the surface.  Therefore, 

these beam conditions were used for all the tests.  Two sets of samples were created; one set 

received one e-beam exposure of the referenced e-beam pulse conditions and one set 

received 8 e-beam pulse exposures.  When multiple e-beam exposures are used, the Sodick 

control software spaces the pulses several seconds apart so that substantially complete 

cooling occurs between each exposure. 
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Figure 20.  The Sodick PF32B e-beam device used for surface treatment 

 

3.4. Cryogenic Treatment 

Some of the samples received a cryogenic treatment which began 4 days after e-

beaming.  The cryogenic freezing was carried out at -196 ˚C using liquid nitrogen in an 

insulated tank at atmospheric pressure.  The samples were hung above the liquid in a basket 

fashioned from copper wire for several hours and then lowered into the liquid for 

approximately 2 days. 
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3.5. X-Ray Diffraction(XRD) 

 

3.5.1. General Diffraction Principles 

When a radiation wave encounters an electron that is tightly bound, much of the wave 

will be scattered elastically in all directions.[66]  The scattering is accomplished because the 

changing electric field of the wave causes the encountered electron to instantaneously vibrate 

at an excited energy and then give off its own waves as it falls back to its normal energy.[58]  

Elastic scattering, also termed coherent scattering, implies that the new waves will be of the 

same phase and energy as the original beam.  When waves from multiple collisions are 

scattered, there may exist some direction in which the waves have a constructive interference 

which is termed diffraction.[58][66]  The illustration in Figure 21 will show the implications 

of scattering and diffraction on crystalline materials.  When wave 1 in Figure 21 impacts 

atom K and wave 1a impacts atom P, waves will be scattered in all directions from each 

collision.  Assuming wave 1 and 1’ are in phase, there is only one direction where the 

scattered waves would remain in phase with each other.  The paths labeled 1’ and 1a’ show 

the direction for which the path traveled by a portion of the scattered waves remains the same 

length.  It can be proved mathematically that the length PR is the same as the length QK 

allowing the waves to stay in phase.  The diffraction angle between 1 and 1’ is twice as large 

as the incidence angle, θ, of wave 1 with respect to the surface.  Because of the periodic 

spacing of atoms in a crystal, the portion of a wave scattered at an angle parallel to 1’ from 

any atom on plane A will add to the diffraction intensity. 
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Figure 21.  Diffraction of X-rays by a crystal lattice  

[67] 

 

Under certain conditions waves from other planes of atoms can reinforce the diffraction.  

W.L. Bragg was the first to understand and quantify the conditions for diffraction 

reinforcement from other planes.[68]  Bragg realized that if the difference in travel length of 

waves scattered from different planes was a whole integer multiplier of the radiation 

wavelength, then the waves would end up remaining in phase.  His realization resulted in a 

formula, called Bragg’s Law, which is at the center of X-ray diffraction theory and practice: 

𝑛𝜆 = 2𝑑𝑠𝑖𝑛𝜃. 

The wavelength of the radiation is λ and n represents an integer.  As was shown in Figure 21, 

d is the planer spacing in the crystal and θ is the incidence angle to plane A.  Because lattice 

plane spacing distances commonly measure a few angstroms, the X-ray radiation band is 

found to have appropriate wavelengths to make use of Bragg’s Law.[66]  The planer spacing, 
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d, can be found with a known wavelength by incrementally searching through all possible 

angles to find angles for which Bragg’s Law is satisfied and diffraction occurs. 

A schematic of a basic XRD device is shown in Figure 22.  Typically, the x-ray source, 

the detector, and the sample holder can all rotate to create different angles in the plane 

shown.  Although not needed for the current work, many systems allow the sample to also be 

tilted in other directions out of the plane shown.  Diffraction will be noted by peaks in 

intensity registered by the detector at the angles at which Bragg’s law is satisfied.  Common 

crystal lattice systems will have multiple plane directions displaying periodicity, so multiple 

sets of diffraction peaks are likely to be found.  Figure 23 shows an example XRD output for 

a single-phase substance showing diffraction peaks for planes with various Miller indices.  

Using Bragg’s law, the plane spacing, d, for the various plane systems can be found.  

Similarly, if the plane spacing is known, the diffraction peak angles, θ, can be predicted from 

Bragg’s law.  In polycrystalline material, only those grains whose planes are properly aligned 

will participate in diffraction.[69]  If the grains are randomly oriented, the results from the 

diffracting grains accurately represent the entire population of grains within the material. 

 

Figure 22.  Schematic of basic X-ray diffraction device 
[59] 
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Figure 23.  X-ray diffraction scan of a single-phase solid(NaCl) illustrating intensity peaks for different plane systems  

[59] 

 

3.5.2. X-Ray Diffraction for Phase Identification 

The principles discussed in section 3.5.1 and highlighted with Figure 23 also apply to 

solids with multiple phases.  Each phase will produce its own set of XRD peaks when the 

sample is analyzed.  For example, Figure 24 from Talebi, et al. shows that tempering of a 

medium-carbon, low-alloy steel resulted in the precipitation of carbide phases which 

produced their own XRD peaks.  The new peaks arise because the lattice arrangement in the 

new phases is different than the lattice arrangement in the original phase.  As discussed in 

section 2.3,  heat treatment of steel may produce several phases including carbides. 
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Figure 24.  XRD results of medium carbon, low alloy steel at 2 stages of heat treatment 

[70] 

 

A sample treated with a single e-beam pulse and an unbeamed control sample were both 

analyzed for retained austenite content using an XRD technique.  The XRD analysis was 

carried out by an accredited laboratory following an established ASTM standard, E975. [71]  

Figure 25 shows one of the samples mounted for XRD determination of retained austenite.  

The ASTM E975 method utilizes the intensities from 4 total diffraction peaks of chromium 

Kα irradiation.  Specifically, the peaks studied are at 2θ = 78.5˚ for austenite (200), 2θ = 106˚ 

for ferrite/martensite (200), 2θ = 128˚ for austenite (220), and 2θ = 156˚ for ferrite/martensite 

(211).  Additionally, corrections are made to account for certain carbides which, if present, 

may add to the apparent intensity of some of the peaks being evaluated.  The correction is 
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usually made by software that can detect and evaluate separate peaks that quantify the 

presence of common error-inducing carbides.  Carbides known to affect the 4 studied peaks 

include Fe3C, M6C, Cr3C2, Cr7C3, and M23C6.[71]  Chromium radiation is appropriate for 

samples containing iron to avoid high fluorescence that can occur with the more common 

copper radiation.[57]  The austenite content of the e-beamed sample was determined at 

progressive depths by electropolishing to remove material between subsequent XRD tests.  

Electropolishing allows the removal of material in the most stress-free means possible so that 

the newly exposed layer remains essentially unaltered from its original state.  Stress from 

other removal methods may initiate a phase change and thus skew the results.[71] 

 

 

Figure 25.  Sample mounted in the XRD equipment for retained austenite determination 
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3.5.3. X-Ray Diffraction for Residual Stress Determination 

The use of XRD to evaluate residual stress hinges on detecting the change to the lattice 

spacing under the applied stress.  Section 2.6 discussed background information on stress-

induced lattice spacing changes.  From Bragg’s Law, presented in section 3.5.1, a change in 

lattice spacing, d, necessitates a change in diffraction angle, θ.  Figure 26(a) and (b) illustrate 

the change in diffraction angle under a residual macrostress.  As an aside, Figure 26(c) 

illustrates the XRD peak change that occurs due to microstress. 

 

Figure 26.  Changes to XRD diffraction peak under strain 

[67] 

 

The measurement of lattice spacing is not straightforward because the orientation of the 

grain will affect how the lattice participates in direct and Poisson strain due to a planer 



 

41 

residual stress.  To evaluate the stress on an overall basis involves the use of a tilt angle being 

utilized in the XRD equipment.  Referring to Figure 27, the angle Ψ will be defined as the tilt 

angle between the normal to the surface and the normal to the diffraction plane.  The normal 

to the diffraction plane also is the axis of symmetry between the incident beam and the 

diffracted beam.  The illustration shows the beam and detector being tilted, however, the 

specimen could be tilted instead.  For every angle Ψ, there will be a few grains in the 

specimen surface layer whose lattices are oriented for diffraction.  Each grain oriented to a 

specified diffraction tilt will have a unique lattice spacing, d
Ψ
, based on the magnitude of 

direct and Poisson strains it is experiencing.  It can be shown[68] that a relationship exists 

between stress, σ, tilt angle, Ψ, and lattice spacing, d
Ψ
, such that 

𝜎 =  
𝐸

(1 + 𝜈)𝑠𝑖𝑛2Ψ
(

𝑑Ψ + 𝑑′𝑜

𝑑′𝑜
) . 

A further simplification is used in practice where the slope, m, of the d
Ψ
 versus sin2Ψ is 

substituted without introducing more than .1% error[67][72]: 

𝜎 =  
𝐸

(1 + 𝜈)
𝑚 . 

The plot of d
Ψ
 versus sin2Ψ is found to be linear for biaxial stress and common materials free 

of significant texturing.[67]  An example linear plot for d
Ψ
 versus sin2Ψ is included as Figure 

28. 
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Figure 27.  Schematic illustration of XRD Ψ rotations and diffraction peak movement under stress 

- adapted from [60] 

 

 

Figure 28.  Example of linear d vs. sin2Ψ plot used to determine m 

[57] 
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A second set of the e-beamed samples were subjected to an XRD sin2 Ψ analysis of the 

residual stress according to the guidance of SAE specifications J784a and HS-784.[73][74]  

The samples included an unbeamed control specimen, a specimen treated with one e-beam 

pulse, a specimen treated with 8 e-beam pulses, and a specimen treated with 1 e-beam pulse 

as well as subsequent cryogenic freezing.  Chromium Kα irradiation was used to study the 

spacing of the (211) plane of ferrite/martensite.  Due to expected linearity of the sin2 Ψ 

versus strain plot for common tool steels under planer stress, the two-angle simplification of 

the technique was appropriate.  Specifically, Ψ angles of 10˚ and 50˚ were used.  As 

explained by Prevey, stress gradients and x-ray penetration vary with depth necessitating a 

correction integration.[57]  The integration is performed with processing software in the 

XRD equipment.  An additional correction is also employed due to stress relaxation as a 

result of material removal, however this correction is negligible when the thickness removed 

is several orders of magnitude less than the thickness of the total sample.[57]  The XRD 

residual stress determination was carried out by a second accredited laboratory. 

 

3.6. Nanoindentation 

The common hardness testing methods and devices can be grouped by the magnitude of 

the load and size of the indent.  Table 2 lists general groupings of common indenting 

methods and scales from the coarsest to the most delicate.  The standard and superficial test 

scales are rather prolific in everyday industry but are not adequate for fine work on very thin 

layers such as are found in this investigation.  The Knoop and Vickers microhardness tests 

are much more delicate but require manual optical measurement.  For very fine features and 
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very thin layers, nanoindentation methods have been developed which are superior to even 

the microhardness tests.  The advantages of nanoindentation include smaller loads, shallower 

indentations, direct measurement, and continuous monitoring of load and position during the 

entire indentation procedure.[75] 

 

Table 2.  General classification of hardness testing methods 

Hardness Test Class Example scales Comments 

Standard 
Brinell[76] 

Rockwell B, C[77] 

Inexpensive, easy to operate, 

wide industrial use, load > 60 kg 

Superficial 
Rockwell N and T 

series[77] 

Inexpensive, easy to operate 

wide industrial use, load = 15 – 45 kg 

Microhardness 
Knoop[78] 

Vickers[78] 

Optical measurement required, load 

<= 1000g 

Nanoindentation specialized 
Expensive, specialized equipment, 

load generally measured in mN 

 

Optical measurements are time-consuming and can lead to error and resolution 

problems.  Depending on the work-hardenability of the material, indentations may form pile-

up or sink-in around the indenter as illustrated in Figure 29.  Determination of the bounds of 

the included area in optical area measurement may not be straightforward in these cases.  As 

indents get very fine, errors due to this uncertainty can be large.  Also, finding very small 

indentations in the optical view after they are created may be difficult.[75]  Nanoindentation 

methods overcome the problem of reliance on optical measurement that can exist in the 

Knoop and Vickers microhardness methods. 
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 Figure 29.  Illustration of pile-up and sink-in phenomena as a result of indentation 

[79] 

 

Figure 30 shows a representative load and unload curve illustrating the continuous data 

collection during typical nanoindentation measurements.  In addition to hardness, the 

theoretical elastic modulus can be calculated from the initial slope, S, of the unload portion 

of the curve shown in Figure 30.[80]  The loading and unloading should be done very slowly 

in order to improve the certainty about when contact was established and to avoid heat 

buildup in the local contact area.[81] 
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Figure 30.  Schematic of load and unload data curve for nanoindentation 

[80] 

 

A common indenter used for nanoindentation was proposed by E. S. Berkovich [82] and 

is named after him.  Figure 31 shows atomic force microscopy (AFM) images of an actual 

Berkovich indenter at 2 different magnifications.  The original Berkovich indenter was 3-

sided with a face angle of 65.03˚which was a design created to have the same ratio of 

indention depth to actual face contact as the Vickers indenter.[82]  Berkovich realized that a 

4-sided indenter such as a Vickers indenter is difficult to form to a perfect point.  As shown 

in Figure 32, manufacturing error is likely to create an offset of some size on a 4-sided 
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pyramid.  When working with very small indentations, this offset may be a large percentage 

of the indentation size.  A three-plane pyramid will always form a theoretical sharp point.  

The Berkovich indenter used most often today has been modified very slightly to a 65.3˚face 

angle so that it’s depth to projected area ratio theoretically matches the Vickers indenter.[83]  

Both 3-sided and 4-sided pyramids face the problem of imperfect sharpness with a radius 

forming on the tip at some scale.  The tip radius, which can be seen on the tip in the very 

high magnification of Figure 31b, can be due to wear or manufacturing imperfection.  A 

calibration procedure is utilized to account for the actual contact area versus indentation 

depth of slightly rounded indenters.  Calibration procedures are performed regularly to keep 

up with the condition of the indenter. 

 

 

Figure 31.  AFM images of a Berkovich-type tip 

a) 10 µm x 10 µm AFM scan.  B) 2.5 µm x 2.5 µm AFM scan.[84] 
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Figure 32.  Illustration of malformed 4-face indenter 

[78] 

 

To determine a hardness profile through the e-beamed layer, a procedure of alternating 

nanoindentation and electropolishing was devised.  Samples treated with one e-beam pulse 

and 8 e-beam pulses were tested by this method.  Also, a sample treated with each pulse 

count was tested in combination with an additional cryogenic freezing treatment.  A 

Universal Material Tester(UMT) manufactured by CETR of Campbell, CA, USA was 

configured to do the nanoindentation testing.  (Since 2011, CETR is owned by Bruker 

Corporation.)  Indentations were made with a Berkovich indenter pushed with a 50 mN load.  

The 50 mN load created indents less than 1 µm deep in the specimens being studied.  At 

various depths within the layer, 7 to 9 nanoindentations results were averaged to determine 

the reported nanohardness.  A typical set of load curves for the procedure are depicted in 
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Figure 33.  Several representative indentations were imaged by atomic force microscopy 

(AFM) and are shown in Figure 34.  After gathering each nanoindentation data set, a portion 

of the surface was masked for preservation, and the remaining surface area was 

electropolished to a new depth. 

 

 

Figure 33.  Representative load curves for a set of 50mN indentations with Berkovich indenter 
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Figure 34.  AFM scan of several representative nanoindentations in a specimen 

 

3.7. Grain Size 

The electropolishing process often produced enough of an etching effect to reveal grain 

morphology.  The etching started at the end of the process as voltage fell off from polishing 

voltage and continues during the brief time it took to get the sample rinsed with deionized 
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water.  To estimate the grain size, the etched surface was viewed via an AFM scan after a 

depth of 2 µm had been electropolished from the original surface.  The AFM module was 

manufactured by Nanosurf, AG, of Leistal, Switzerland.  The device was operated in tapping 

mode and a view area of 5 µm by 5 µm was used for grain size determination. 

 

 

Figure 35.  Specimen clamped in AFM unit for scanning of grain size and nanoindentation size 
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3.8. Coefficient of Friction 

The coefficient of friction testing also made use of the UMT equipment from 

CETR/Bruker.  The test equipment was reconfigured as depicted in Figure 36.  As in 

nanoindentation, the z carriage provided ultra-precise z-direction movement with z-position 

feedback.  The z-carriage was fitted with a load sensor capable of measurement of load in 

both the x and z directions.  Below the load sensor, a mechanism is used to clamp a tungsten 

carbide (WC) ball which will serve as the contact point for sliding.  The WC ball is clamped 

to prevent rolling.  A module with a linearly reciprocating mechanism was installed under the 

carriage capable of precise z direction movement.  The mechanism is a motor driven slider-

crank mechanism producing approximately simple harmonic motion over 10mm of stroke in 

the x direction. 

 

Figure 36.  Schematic of tribological testing equipment for determination of coefficient of friction 

[85] 

 



 

53 

Figure 37 shows a sample installed for the friction test.  The specimen is clamped from 

the side surfaces to a tooling plate on top of the reciprocating mechanism.  The WC ball will 

remain stationary in the x direction but will move as necessary in the z direction to engage 

the sample and maintain the desired load.  A 2N load and a 2Hz driving frequency were 

chosen for this test.  The test continues through a 2 second acceleration, a 20 second dwell at 

speed, and a 2 second deceleration. 

 

 

Figure 37.  View of tungsten carbide ball in holder and engaging test sample during friction coefficient test 

  



 

54 

4. RESULTS AND DISCUSSION 

 

4.1. XRD Analysis for Retained Austenite 

The rapid melting and cooling of the e-beam treatments can be used to tailor the 

resulting microstructure via the introduction of crystal defects and non-equilibrium 

structures.  When very rapid quenching of austenite occurs, it usually transforms 

substantially into metastable martensite; however, some austenite may be retained.  Although 

both martensite and retained austenite are non-equilibrium microstructures, retained austenite 

has higher internal energy and is farther from equilibrium. 

Figure 38 documents the XRD phase analysis carried out per ASTM E975 methods.  

Significant elevation of the austenite content is seen to a depth of at least 20 µm.  The 

retained austenite content at a depth of 50 µm appears to have been unaltered and is of the 

same magnitude as the original retained austenite content of the unbeamed control.  Other 

studies done on tool steel have shown similar findings of elevated austenite in the e-beamed 

layer.[3][26][29][31][33]  Consequently, austenite for the proposed tensile stress reduction 

technique is likely to exist in the melt layer of e-beam treated tool steels.  Generally, the 

lower the quenching temperature, the more complete the martensite conversion.  Coaxing this 

retained austenite to transform into martensite with a cryogenic treatment should be a viable 

method for reducing residual tensile stress. 
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Figure 38.  Retained austenite at various depths in e-beamed layer 

 

The existence of increased retained austenite as shown in Figure 38 likely derives from 

the high carbide content in the original tool steel.  Experiments have shown that with 

repeated e-beam pulses, the carbides can be completely dissolved into the melted 

layer.[20][3]  With each melt sequence it is estimated that any released alloying elements 

from the carbides can diffuse on the order of 100 nm.[33]  With a large number of repeated 

melt sequences, a homogenous layer containing the elements from the fully dissolved 

carbides will be formed.  The homogeneous layer will have a different composition than the 

steel substrate which surrounds the carbides in the unmelted substrate.[19]  Elevated alloying 

content can lower the finishing temperature of the austenite to martensite reaction to below 
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room temperature.  For instance, Zou et al. proposed that dispersed alloy elements from the 

melted carbides contributed to stabilization of austenite in e-beam treated D2 tool steel.[28]  

Thus, multiple beam exposures are likely to produce more available retained austenite for the 

proposed stress reduction mechanism. 

 

4.2. XRD Analysis for Residual Stress 

The two-angle sin2 ψ XRD results for residual stress versus depth into the sample is 

plotted in Figure 39.  The e-beamed samples showed a very thin compressive residual surface 

stress.  However, a high tensile stress peak over 1000 MPa was found at a depth of just a few 

µm below the surface.  As was shown in Figure 38, considerable retained austenite is present 

at the same depth as the high tensile residual stress.  Consequently, cryogenic freezing was 

employed to try to coax further conversion of austenite to martensite with the expectation 

that the martensite expansion would reduce tensile residual stress.  A sample which had 

received one e-beam pulse at the referenced conditions followed by liquid nitrogen treatment 

was analyzed for residual stress using the same lab and procedures.  A 28% reduction in peak 

tensile residual stress was revealed as shown in Figure 39. 
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Figure 39.  Residual stress in e-beamed samples as determined with XRD analysis 

 

The compressive surface stress highlighted in Figure 39 would seem to indicate a 

solidification front started at the surface and moved into the melt slightly before the 

solidification front from the unmelted substrate arrived at the surface.  As material under the 

surface contracted with cooling and solidification, the already solid surface was placed in 

compression.  Surface compressive stress is usually an advantage and is not universally seen 

in e-beamed tool steel; for instance, Zhang, et al., found tensile stress on the surface for their 

treatment of D2 tool steel.[3]  Despite the worthwhile presence of compressive surface stress, 

very high tensile stress just below the surface could still be problematic in some applications.  

The results in Figure 39 show that the hypothesis of reducing residual tensile stress with 
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cryogenic freezing was achieved.  The proposed mechanism for the reduction was the 

coaxing of the higher than usual quantities of retained austenite to expand due to a phase 

change to martensite driven by low temperature treatment.  The low temperature treatment in 

combination with e-beaming for the purpose of stress reduction appears to break new ground.  

Zou, et al. did use cryogenic freezing on e-beamed D2 tool steel samples for a different 

purpose.[28]  They were attempting to prove that they had stabilized austenite to the point 

that it wouldn’t transform to martensite at 77K; no stress studies were done. 

 

4.3. Nanohardness 

All the e-beam treated samples show a significant hardness increase on the surface and 

to a depth of 3 to 5 µm.  Table 3 records the surface hardness gains for each of the 

treatments.  All the treatments showed hardness gains which ranged from 9.9 to 36.1%.  The 

sample that received multiple e-beam pulses with subsequent cryogenic treatment shows the 

greatest hardness increase.  The general trends are that an increased number of beam 

exposures creates higher hardness as does the addition of cryogenic treatment.  The detailed 

results for nanohardness versus depth for each sample are shown in Figure 40 through Figure 

43.  The two samples that received 8 e-beam pulses seem to show deeper hardening profiles.  

The elevated hardness for samples receiving one pulse extended to a depth of 2 µm whereas 

elevated hardness extended to 5 µm for the samples receiving 8 e-beam pulses.  The material 

hardness seems to be relatively unaffected by the treatments from a depth of about 25 µm 

and beyond. 
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Table 3.  Surface nanohardness with various treatments 

Sample Average Surface 
Nanohardness 
(GPa) 

Surface 
hardness 
increase (%) 

Comments 

Unbeamed control 7.96 NA  

1 e-beam pulse 8.75 9.9 9.65 GPa peak hardness at 2 µm 
deep 

8 e-beam pulses 8.86 11.1 9.40 GPa peak hardness at 5 µm 
deep 

1 e-beam pulse + 
cryogenic treatment 

9.39 18.0 9.57 GPa peak hardness at 2 µm 
deep 

8 e-beam pulses + 
cryogenic treatment 

10.84 36.1  

 

 

Figure 40.  Nanohardness vs. depth after 1 e-beam pulse 
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Figure 41.  Nanohardness vs. depth after 8 e-beam pulses 

 

 

Figure 42.  Nanohardness vs. depth after 1 e-beam pulse plus cryogenic treatment 
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Figure 43.  Nanohardness vs. depth after 8 e-beam pulses plus cryogenic treatment 

 

All the e-beamed samples experienced a layer under the surface with reduced hardness 

corresponding to highly tempered martensite in a heat-affected zone.  This area, which is 

highlighted in Figure 44, did not melt, but being adjacent to the melt, received enough heat to 

reach tempering temperatures.  For some applications, the soft layer may pay dividends with 

an ability to yield and blunt a crack that forms in the hard case.  In other applications, this 

softer underlying layer may be deleterious because yielding may cause an undesirable change 

in dimension. 

The nanohardness profiles do not show any layers of clearly increased hardness beyond 

the heat-affected zones.  Other studies have found clearly visible hardness peaks in layers 

deeper than the heat-affected zone and attributed them to work hardening by shock 
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waves.[8][9]  The beam energy level used in this work may not have been sufficient to create 

this effect. 

 

 

Figure 44.  Nanohardness profile comparison of various e-beamed surface treatments 

 

4.4. Grain Size 

Figure 45 shows an AFM scan of a sample that received one e-beam pulse and was 

subsequently electropolished to a depth of 2 µm.  A sample nanoindentation from the 

Berkovich indenter is also seen in Figure 45.  The 2 µm depth from the original surface is 

within the significantly hardened layer.  The grains or sub-grains which appear exhibit a size 

range of 100-300 nm which is in the UF grain size we defined and sought. 
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Figure 45.  AFM of sample with nanoindentation after electropolishing to 2 µm depth 

 

As presented in section 4.3, nanohardness profiles in Figure 40 - Figure 43 show clear 

surface hardening on all e-beamed samples.  A significant contribution to the extra hardness 

is ascribed to Hall-Petch hardening due to the UF grain size of 100-300 nm as shown in the 

AFM image of Figure 45.  The extremely rapid cooling rates discussed in section 2.3 result in 

significantly undercooled conditions which drives the generation of many more nucleation 

events than would occur with a normal industrial solidification process.  With plentiful 

nucleation events occurring, the grains cannot grow far since they encounter other growing 

grains, which significantly limits average grain size.  According to the well-known Hall-
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Petch relationship discussed in section 2.4, grain boundaries and sub-grain boundaries act to 

strengthen and harden most metals.[46][47] 

However, the combination of 8 pulses of e-beaming plus cryogenic freezing does show 

significantly higher hardness in Figure 43 and Figure 44 than the other treatments achieved.  

The result appears to be linked to the cryogenic freezing, since the sample with 8 pulses and 

no freezing in Figure 41 did not harden to the same extent. 

 

4.5. Coefficient of Friction 

The results from the dynamic coefficient of friction tests are summarized in Table 4.  

The Bruker testing device continuously and simultaneously monitored the z direction force 

and the x direction force while dragging a tungsten carbide ball on the surface.  The device’s 

software calculated instantaneous dynamic coefficient of friction from the two monitored 

forces.  Very little differentiation in friction coefficient can be noticed among the surfaces.  

The output graphs for dynamic coefficient of friction are shown in Figure 46 through Figure 

50.  The unbeamed sample did show a noticeable trend of increasing friction as can be seen 

in Figure 46.  Perhaps this sample was experiencing wear, as it is the softest of the samples.  

A subtler increase in friction over time may be seen in Figure 50 which shows the results for 

the sample which received 8 e-beam pulses as well as cryogenic treatment.  The sample 

receiving 8 e-beam pulses plus cryogenic treatment was the hardest sample, so perhaps the 

coefficient of friction increase was indicative of brittle breakdown beginning on the surface.  

The instantaneous spikes on the graphs correspond to the change in direction of the slider.  

The spikes did not contribute appreciably to the average coefficient of friction because the 
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duration is very short and because the spikes at opposite ends of the travel were generally in 

opposite directions. 

 

Table 4.  Dynamic coefficient of friction test results: tungsten carbide ball on variously treated S7 steel surfaces 

Sample Average Coefficient 
of Friction 

Observation 

Unbeamed control .145 Noticeable trend of increasing friction, 

possibly due to wear 

1 e-beam pulse .146  

8 e-beam pulses .133  

1 e-beam pulse + 
cryogenic treatment 

.135  

8 e-beam pulses + 
cryogenic treatment 

.144 Subtle trend upward 

 

 

Figure 46.  Coefficient of friction test for WC ball and unbeamed control sample 
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Figure 47.  Coefficient of friction test for WC ball and sample e-beamed with 1 pulse 

 

 

Figure 48.  Coefficient of friction test for WC ball and sample e-beamed with 8 pulses 
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Figure 49.  Coefficient of friction test for WC ball and sample e-beamed with 1 pulse and cryogenically treated 

 

 

Figure 50.  Coefficient of friction test for WC ball and sample e-beamed with 8 pulses and cryogenically treated  
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5. POTENTIAL FOR FUTURE WORK 

 

As discussed in section 4.3, the combination of 8 pulses of e-beaming plus cryogenic 

freezing does show significantly higher hardness than the other treatments achieved.  Further 

experimental work could be expended to determine and document the cause of this 

synergistic increase in hardening.  Possible topics to investigate include differences in 

martensite morphology and the precipitation of η carbides which have both been found in 

conventionally heat treated tool steels which received cryogenic treatment.[86][87][88][89] 

Section 4.3 also revealed the existence of a soft, tempered layer under the hard e-beamed 

layer.  A benefit to overall performance may be found if the strength and hardness of this 

layer could be bolstered to better support the hard surface layer.  Perhaps the tempered layer 

could be re-hardened by processing with a targeted loading to cause the layer to yield.  The 

tempered layer, being softest, would yield first causing work hardening in the needed zone. 

The results of section 3.6 showed that increasing the number of pulses increased the 

attainable hardness and the depth of elevated hardness.  This work did not examine the 

application of pulse counts greater than 8.  Further testing at increased pulse counts seems 

warranted. 

In section 2.3 it was stated that the intensity and duration of the beam pulse affect melt 

depth.  Although the present equipment has a fixed duration pulse, various other parameters 

can be adjusted to effect beam intensity.  A study of the effect of increased beam intensity on 

layer depth and properties would be of interest. 
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6. CONCLUSIONS 

 

The study of e-beamed S7 tool steel surface layers has yielded some important 

conclusions: 

1. E-beam treatment of S7 tool steel creates elevated surface hardness due to the 

creation of ultrafine grain size in a melted and rapidly quenched surface layer. 

2. Residual tensile stress is created within the e-beamed layer due to uneven 

contractions produced by dynamic heating, melting, and cooling. 

3. Elevated quantities of metastable retained austenite have been found in the e-beamed 

layer. 

4. Cryogenic freezing can produce significant reductions in the e-beamed layer’s 

residual tensile stress, presumably due to transformation of the retained austenite into 

less-dense martensite. 

5. Under some e-beam processing conditions, compressive stress can be created on the 

specimen’s surface.  Evaporative cooling enhanced by the low-pressure atmosphere 

in the e-beam device likely allows surface solidification before the full melt 

solidifies. 

6. Due to the reduction in residual tensile stress, e-beamed and cryogenically treated 

tool steel surface layers are likely to be useful in more applications than surfaces 

receiving e-beaming treatment alone. 
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