
  

ABSTRACT 
LOWE, WILLIAM CHRISTOPHER.  Dynamics of Disorder in Silicon Carbide.  (Under the 
direction of Dr. Jacob Eapen). 

 Silicon carbide (SiC) is a ceramic material with desirable thermal and mechanical 

properties for use in extreme environments. Due to its resistance to both radiation and corrosion, 

high temperature strength, and high melting point, it has been proposed in several nuclear 

applications as a first-wall blanket material in fusion reactors, structural material in molten salt 

reactors, fission product barrier in TRISO fuel, and for accident-tolerant fuel/cladding in current 

and next-generation fission reactors. However, crystalline silicon carbide is inherently brittle, 

which can lead to failure when exposed to high radiation flux and extreme temperatures. Another 

challenge to the use of SiC in high radiation environments stems from its susceptibility to 

amorphization at low temperatures, where the threshold temperature varies with dose and radiation 

type. In addition, SiC can undergo a β→α phase transition at high temperatures. These phenomena 

can result in degradation of thermo-mechanical properties and compromise the integrity of SiC-

based materials. The fundamental mechanisms by which amorphization occurs are currently not 

well-elucidated. In particular, the dynamic features that mark the evolution of amorphization are 

virtually unknown.  

 A key endeavor of this work is to quantify the dynamical facets of disorder in materials. 

Currently, the characterization of disorder is typically limited to the structural or topological 

aspects; a deeper understanding can be secured when additional information on dynamics is 

juxtaposed alongside the structural and topological features. In this dissertation, space-time 

correlation functions are used to probe the dynamics of disorder in silicon carbide using atomistic 

simulations.  

 Atomistic or molecular dynamics simulations offer a powerful methodology to investigate 

the response of materials to external influence such as nuclear radiation or rapid quenching. A 

modified form of the three-body Tersoff potential, combined with the Ziegler-Biersack-Littmark 

(ZBL) electrostatic screening function, is used in this work to describe the interactions between 

the atoms in silicon carbide. The equilibrium properties of silicon carbide – heat capacity, lattice 

parameter, radial distribution function, and melting point – are first benchmarked to the reported 

experimental data. Two separate spatio-temporal metrics – the van Hove self-correlation function 

and the four-point dynamic susceptibility – are then computed separately for the carbon and silicon 



  

atoms to discern the differences in dynamical behavior. Additionally, the sublattice entropies are 

also calculated based on vibrational density of states.   

 Disorder in SiC is introduced in two ways. In the first, a displacement cascade process is 

initiated by supplying excess momentum to a selected atom. Several defect identification methods 

based on widely used spatial partitioning techniques – Voronoi tessellation, Wigner-Seitz cells, 

nearest-neighbor spheres, and a common neighbor analysis – are first utilized to compute the 

number of point defects or the degree of disorder during a single displacement cascade. The results 

highlight the variability among the defect metrics associated with the different spatial partitioning 

methods.  

 The van Hove self-correlation function Gs(r,t) is then computed to determine the time-

resolved motion of carbon and silicon atoms during a displacement cascade. It is shown that the 

behavior of carbon and silicon atoms is markedly different following a 5 keV knock. Carbon atoms 

exhibit a dynamic hopping mechanism where the displaced atoms hop to different interstitial sites 

as well as to vacant native sites following the knock, while silicon atoms arrange into a self-

organized state, on the cusp of collapsing into an amorphous or a non-periodic state. Thus, it is 

shown that the silicon sublattice is dynamically unstable following a high-energy radiation knock. 

 An amorphous system generated by rapid quenching from a liquid state is then 

investigated. A dynamic susceptibility function is computed for the carbon and silicon atoms 

separately; this function reveals dynamic disorder in the form of dynamical heterogeneities – 

spatially distinct pockets of highly mobile and immobile atoms. The peak value of the dynamic 

susceptibility is observed to be greater for the silicon atoms, which indicates a greater dynamic 

disorder for the silicon atoms relative to the carbon atoms in the amorphous state. Furthermore, 

the relaxation times are much shorter for the silicon atoms revealing their greater mobility. 

Interestingly, the peak value of the susceptibility function shows a maximum at 2400 K, 

approximately, illustrating a peak dynamical heterogeneity between the Debye temperature and 

melting point. 

 Finally, the entropy of the carbon and silicon atoms is computed through the two-phase 

thermodynamic method. The vibrational and configurational entropy is calculated from the density 

of states which is computed through the Fourier transform of the velocity autocorrelation function. 

Using this information, the system is then partitioned into set of harmonic oscillators (vibrational) 

and a set of hard spheres (configurational) through a fluidicity parameter. Not too surprisingly, the 



  

results show that the amorphous system is dominated by the harmonic oscillator partition. It is then 

shown that the vibrational entropy of the silicon atoms is greater than the carbon atoms; this 

demonstrates a greater disorder for the silicon atoms. Most importantly, the change in entropy from 

the crystalline to amorphous state is shown to be more prominent for the silicon atoms. This 

observation is again consistent with the previous results on the greater dynamic disorder of the 

silicon sublattice.  

 Overall, it is concluded from three separate metrics that silicon atoms are dynamically more 

disordered than carbon atoms in aperiodic or amorphous silicon carbide. This work also 

demonstrates that space-time correlation functions, computed from atomistic simulations, are 

powerful metrics to probe the dynamical behavior of materials subjected to extreme environment; 

they also complement the more traditional metrics based on static structure. Furthermore, the 

spatio-temporal metrics used in this work can also be accessed with next-generation time-resolved 

spectroscopic techniques.   
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Chapter 1:  Introduction 

 Ceramic materials are widely known for their ability to withstand extreme environments 

and have been used for a variety of applications. A ceramic that has attracted a lot of attention 

recently in the nuclear power industry is silicon carbide (SiC) due to its excellent thermal and 

mechanical properties. SiC was primarily employed as an abrasive as far back as the late 1800s, 

but more recently has been used in car brakes, bulletproof vests, and semiconductor devices [1]. 

The mass production of SiC is credited to Acheson, who patented the process of fabricating SiC 

powder in 1893 by [2]. Due to its nearly ideal physical properties and documented use in high 

temperature and pressure environments, SiC is an especially attractive material for various nuclear 

applications. However, the inherent limitations of crystalline SiC have resulted in the development 

of composite materials that provide enhanced thermal and mechanical properties for use in both 

fission and fusion reactor concepts. 

 Structural, mechanical, and thermodynamic properties of SiC 

 SiC was first synthesized in 1891 using the Acheson process [2]. Since then, a number of 

fabrication techniques have been introduced, including sintering, direct conversion, and polymer 

pyrolysis. However, the most widely-used method for synthesizing SiC is chemical vapor 

deposition (CVD) [3], a technique which produces stoichiometric, high-purity SiC from a gas 

phase reactant such as CH3SiCl3.  

Crystalline SiC exists in a variety of polytypes which only differ in the stacking sequence 

of close-packed planes [4]. In all polytypes of SiC, the fundamental structural unit is a tetrahedron 

with a C (Si) atom occupying the center and covalently bonded to four Si atoms which occupy the 

vertices. Bonding in SiC is also partially ionic (~12%) [5] due to the difference in electronegativity 

between C and Si. The focus of this work is 3C-SiC (β-SiC), the polytype that shows cubic 

symmetry and has an ABC stacking sequence. A single β-SiC unit cell is depicted in Figure 1.1. 

The lattice parameter (a0) and density (ρ) of SiC at 300 K are reported to be 4.3589 Å and 3.215 

g/cm3, respectively [6]. The potential application of SiC as nuclear cladding is partly due to its low 

linear thermal expansion coefficient, defined as 

( )
0

ln 1d a da
dT a dT

α = ≈                                                                               (1.1) 
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 As temperature increases, the average amplitude of vibration in SiC increases, as does the 

mean interatomic spacing, resulting in thermal expansion. Due to the strongly covalent bonding in 

SiC, dimensional changes and thus thermal expansion are insignificant. For a reference 

temperature of 298 K, α has been measured to be in the range of 4 – 6.2·10-6/K [6].  

 

 
Figure 1.1 A unit cell of SiC consisting of four CSi4 tetrahedra. Si atoms are indicated by the larger blue 
spheres, and the carbon atoms are illustrated as smaller brown spheres. The lattice constant (a0) of SiC at 
300 K is 4.3589 Å, which is shown in the figure as the distance between two corner Si atoms. An equivalent 
unit cell can be obtained by putting Si atoms at the centers of the tetrahedra, while carbon atoms would be 
placed at the vertices. 

 SiC does not melt in the usual sense (i.e., a first order thermodynamic phase transition), 

but undergoes thermal decomposition into C and liquid Si at 3100 ± 40 K [7]. The thermal 

decomposition temperature has also been reported to be as low as 2818 K [8] at atmospheric 

pressure. Compared with the Zr alloys (Zircaloy 2/4) used as cladding in light water reactors 

(LWRs), which melt at around 2100 K [9], SiC offers an improvement in melting behavior during 

a postulated accident. Moreover, SiC has a higher specific heat capacity (Cp) than most metals – 

at room temperature it is taken to be 671 ± 47 J/kg·K [6]. The volumetric heat capacity (ρ·Cp), 

which governs the transient thermal response, is also higher than UO2 and Zircaloy, but lower than 

stainless steels [10]. Another key property under consideration is the thermal conductivity (κ) 

because along with the volumetric heat capacity, it affects the material response under transient 

conditions. At room temperature, the thermal conductivity of SiC has been measured to be 280 – 

360 W/m·K [6, 10], which is larger than both UO2 and Zircaloy [10] at most temperatures. 

SiC also exhibits desirable mechanical properties for use in high temperature and extreme 

environments. High purity crystalline SiC has a large elastic modulus (E0) of 460 GPa that 
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decreases slightly with increasing temperature [6, 10], and also decreases with increasing porosity, 

which can become an issue with SiC fiber composites. The room temperature shear modulus (G) 

has been reported to be 191 GPa [11]. SiC is also one of the hardest materials in existence. The 

Vicker’s hardness has been measured to be anywhere from 20.7 GPa to 24.5 GPa, while the Knoop 

hardness was measured at 24.5 GPa [12-15]. The mode-I fracture toughness (KIc) is relatively low 

for SiC compared to metals. At room temperature, the fracture toughness of CVD SiC is reported 

to be in the range 2.4-5.1 MPa·m0.5 [12-15]. SiC composites offer improved fracture toughness, 

but undergo pseudo-ductile fracture rather than brittle fracture, resulting in extensive micro-

cracking [16]. 

 Fusion applications 

  Due to its low neutron activation and structural stability at high temperatures, SiC was 

first proposed as a fusion reactor material in the 1970s. Specifically, SiC was proposed as a 

material for the first wall of the reactor [17, 18], which is exposed to high fluxes of neutrons and 

energetic ions, along with extremely high temperatures and pressures. The energy from these 

neutrons (~14 MeV) is deposited within the first wall and induces significant atomic displacements 

in the form of vacancies and interstitials. A fundamental limitation of monolithic SiC is its inherent 

brittle nature and unpredictability relative to high stress environments.  

 Recent technological advancements on SiC composite materials have alleviated this 

problem, however. The discovery of Nicalon™ continuous SiC fiber set in motion the 

development of SiC fiber-reinforced, SiC ceramic matrix composites (SiC/SiC composites) [19-

22]. SiC/SiC composites are composed of a ceramic (SiC) matrix reinforced with continuous SiC 

fibers woven into a ‘matrix’ [17]. The fiber/matrix interphase mitigates the inherent brittleness and 

enhances the fracture toughness, and, as a result, can extend the operating temperature window up 

to possibly 1000°C [22]. Nuclear grade SiC/SiC composites have shown enhanced resistance to 

neutron irradiation and retention of mechanical properties at high temperatures. Nonetheless, there 

are still some limitations for SiC/SiC composite materials. Most importantly, both SiC and SiC/SiC 

composites are susceptible to amorphization at low temperatures. This will be discussed in more 

detail later. 
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 Accident-tolerant fuel 

 As mentioned above, SiC/SiC composites show an increased tolerance to radiation damage 

and have nearly ideal mechanical properties. Thus, SiC/SiC composites are also attractive 

materials for accident-tolerant fuel (ATF), a new class of nuclear materials with enhanced 

tolerance to a catastrophic accident such as a loss-of-coolant accident (LOCA). In a typical large-

break LOCA scenario, a significant break in a pipe results in a rapid depressurization of the reactor 

coolant system (RCS). A reactor scram drastically reduces power generation in the core; however, 

the decay of radioactive fission products continues to generate significant amount of heat. The 

decay heat is still 7% of full power immediately after shutdown, and at 4 hours it is still at 1% 

[23]. The remaining coolant in the core is eventually boiled off, causing an adiabatic heat-up of 

the fuel and cladding. For the conventional UO2-Zr alloy fuel/cladding system, fuel rod burst is 

known to occur in the temperature range of 700-1200ºC [23, 24]. Above 1200ºC, oxidation 

reactions between Zr alloy cladding and high temperature steam occur, rapidly producing 

hydrogen gas; this also generates an appreciable amount of heat due to the self-catalytic nature of 

the Zr-steam oxidation reaction [24]. The subsequent pressurization of the core from the buildup 

of hydrogen gas can lead to catastrophic explosions and compromise the structural integrity of the 

pressure vessel and possibly the containment building.   

 As a result of the station blackout (SBO) accident at the Fukushima Daiichi reactors in 

2011, the Department of Energy’s Office of Nuclear Energy initiated research and development 

efforts into ATF materials with significant improvements relative to the ability to withstand the 

various physical phenomena which can occur during a design basis (and beyond) accident 

scenario. In general, the goal of ATF research is improving the safety of LWRs under severe 

accident scenarios. Future reactor designs will incorporate both passively-safe features and ATFs, 

which will lessen the necessity of operator intervention, as well as simplify the overall design [23]. 

 Accident-tolerant cladding must exhibit slower reaction kinetics with steam compared to 

Zr alloy, good dimensional stability, enhanced fission product retention, good high temperature 

strength, and good radiation resistance [25]. In addition, the oxide film that forms due to the 

oxidation reaction of SiC with steam must be chemically stable while also acting as a barrier 

against the diffusion of hydrogen into the underlying cladding material. The cladding must also be 

more resistant to rupture via pellet-cladding interaction. During a postulated accident scenario, the 

optimal fuel/cladding system will have a better chance of withstanding the degradative processes 
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within the reactor core associated with a LOCA scenario or reactivity insertion accident (RIA). 

Table 1.1 below summarizes key attributes of ATFs [25]. 

Table 1.1 Important requirements for ATF materials [6, 16, 18, 23, 26-29] 
Fuel Cladding 

·  Enhanced thermal-mechanical properties ·  Improved reaction kinetics with steam 

·  Enhanced retention of fission products ·  Slower hydrogen generation rate 

·  Good dimensional stability ·  Small neutron absorption cross section 

  ·  Good dimensional stability 

  ·  Improved ductility and toughness at high T 

 Moreover, ATFs must be able to maintain good performance under normal operating 

conditions, and be backward compatible with current LWR designs [10, 23, 25]. The performance 

of these materials must be compared with the typical UO2-Zr system under normal and transient 

conditions. 

 SiC/SiC composites are candidate ATF materials and are widely studied across the nuclear 

industry due to their oxidation resistance and high temperature strength relative to other materials 

such as chromium-coated, zirconium-based or FeCrAl cladding materials [16, 28, 29]. Ceramic 

composites are generally difficult to synthesize. The most common method employed to fabricate 

SiC/SiC composites is chemical vapor composition (CVI); however, due to the difficulty in 

achieving low porosity during fabrication, the composite may be combined with a thick layer of 

chemically vapor deposited monolithic SiC which acts as a fission gas barrier [30]. It has recently 

been demonstrated that CVI-fabricated SiC/SiC composites offer improved tensile strength under 

irradiation compared to monolithic SiC [31, 32]. Degradation in mechanical properties was found 

only after damage levels of greater than 70 displacements per atom (dpa) [33]. Swelling was also 

observed at low doses and reaches a saturation point which decreases with increasing irradiation 

temperature [34]. Nano-infiltrated transient eutectic (NITE) SiC that was irradiated at 400°C and 

700°C showed saturation of swelling at less than 2 dpa with little to no change up to 10 dpa [35]. 

Thermal conductivity tends to decrease rapidly until it reaches saturation, which has been 

attributed to the accumulation of defects which can effectively scatter phonons [34]. 

 Despite the inherent challenges associated with the development, fabrication, and 

ultimately licensing SiC-based composites, they remain a promising material for use in accident-

tolerant fuel designs [6, 16, 23, 25, 27, 30, 36-38].  
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 Molten salt reactors 

 SiC is also an attractive material for Generation IV molten salt reactors (MSRs). 

Specifically, due to their high temperature strength, radiation resistance, and low neutron 

absorption, SiC/SiC composites are candidate materials for various reactor structural materials in 

pebble-bed fluoride salt-cooled high temperature reactors (FHRs), which uses molten salt coolant 

and pebble-bed core of graphite-encapsulated solid fuel [39]. The most challenging aspect of 

developing MSRs which utilize SiC-based components is the corrosion behavior of SiC. Recent 

experiments have shown that SiC could potentially react with metal impurities, tritium, and fission 

products to accelerate damaging corrosion processes which could ultimately lead to failure [39]. 

Moreover, tritium can actually become trapped within defect locations in SiC, so gaining a deeper 

understanding of both the corrosion and defect formation mechanisms is essential for this potential 

application of SiC. 

 

 Amorphization and recrystallization in SiC 
 Materials in a reactor core are exposed to extremely high fluxes of damaging radiation that 

includes neutrons, high-energy photons, and charged particles such as electrons, alpha particles, 

beta particles, and fission fragment ions. In general, heavier charged particles have a shorter range 

and deposit their energy over a shorter distance. The behavior of charged particles is distinctly 

different than that of neutral particles such as neutrons and gamma rays. Heavy charged particles 

are directly ionizing and due to Coulombic interactions with orbital electrons as they travel through 

a material. Lighter charged particles such as electrons and beta particles are also ionizing, but can 

also elastically scatter from both orbital electrons and nuclei. For neutrons, the main types of 

interactions are scattering, which can displace atoms from lattice sites, and absorption, which can 

ultimately lead to nuclear transmutation and further fission reactions. Photons and X-rays are also 

electrically neutral, but are the most penetrating and interact via the photoelectric effect, Compton 

scattering, and pair production. Neutral quanta of radiation, such as neutrons and photons, are 

indirectly ionizing and can cause significant damage to reactor materials.  

 SiC is known to undergo a crystalline-to-amorphous (c-a) transition in extreme 

environments such as radiation. For irradiation temperatures less than 423 K, the accumulation of 

point defects introduces significant strains, which under certain conditions can exceed a critical 

level above which SiC becomes amorphous [6, 40-43]. However, the threshold temperature (Tc) 
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for amorphization is dependent on both radiation type and dose. Under neutron irradiation, 

complete amorphization has been observed at 2.56 dpa for an irradiation temperature of 343 K, 

which was accompanied by a density decrease (swelling) of 10%, a hardness (nanoindentation) 

decrease of 45%, as well as a 45% decrease in elastic modulus [41, 44]. Above Tc, swelling in SiC 

increases logarithmically until it approaches saturation due to the enhanced recombination of point 

defects [41, 44]. Polycrystalline SiC implanted with 400 keV cesium ions was observed to form 

an amorphous region at the implantation interface [45]. Generally, irradiation-induced damage 

varies with temperature and the structure (polytype) of the irradiated material. Amorphous regions 

can also recrystallize resulting in a denser amorphous ‘solid’. There is a wide range at which 

recrystallization can occur, but it has been observed at temperatures as low as 725°C [45]. 

 At high temperatures (>2000°C), β-SiC can also undergo a (β→α) phase transition into a 

mixture of hexagonal and rhombohedral polytypes (α-SiC) which is of interest because the 

development of a polycrystalline α-SiC matrix is congruent with the degradation of mechanical 

and structural properties of SiC-based materials [46]. Recent studies have determined that the 

nucleation of α-SiC occurs at β-phase twin boundaries and stacking faults [47, 48]. Moreover, β-

SiC irradiated at about 1440°C to a dose of 9 dpa in the High Flux Isotope Reactor (HFIR) at Oak 

Ridge National Laboratory (ORNL) indicated incipient β→α phase transformation [49]. Overall, 

the irradiation-induced amorphization/recrystallization and β→α transitions can significantly 

affect the performance of SiC-based materials in nuclear applications, so it is important to gain a 

deeper understanding of the fundamental mechanisms involved in these complex processes. 

 Computational techniques such as molecular dynamics (MD) [50] have shed some light 

into possible amorphization mechanisms in SiC. Repeated displacement cascades have indicated 

that amorphization in SiC emanates from the accumulation of point defects and possibly antisites, 

which generate small clusters that later combine to form amorphous regions [51-56]. Simulations 

that mimic irradiation by displacing atoms [57-61] generally show the importance of point defects 

such as Frenkel-pairs (FPs), vacancies and antisites under different knock energies and doses. MD 

simulations of individual low-energy recoils and displacement cascades in SiC have pointed to the 

accumulation of FPs up to a critical concentration as the driving force for amorphization [55]. 

Simulations of high-energy recoils and overlapping displacement cascades [51-53, 58, 59] have 

previously shown that individual point defects (FPs and antisite defects) and isolated clusters are 

more prevalent at lower doses. The formation of larger clusters typically grows linearly with 
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increasing dose, which generates a significant amount of lattice swelling (i.e., volume increase) 

and an increase in elastic energy. Eventually, the irradiation-induced coalescence of clusters leads 

to rapid destabilization and amorphization. A recent ab initio MD study suggested that the 

accumulation of point defects and clusters causes the spontaneous collapse of the silicon sublattice 

[60]. It has also been reported that antisite defects play a significant role in amorphization at higher 

doses [52, 53].  

 The role of grain boundaries (GBs), stacking faults (SFs), and other interfacial 

configurations relative to the radiation response in SiC is also particularly well-known. MD 

simulations of nanocrystalline SiC revealed that GBs act as sinks for the annihilation of point 

defects [57, 62]. Moreover, SiC with a high density of SFs has shown enhanced radiation tolerance 

[63]. Specifically, migration barriers for vacancies and interstitials were found to decrease [64], 

while threshold displacement energies are higher [65], which leads to self-healing of irradiation-

induced defects and an overall enhancement in radiation tolerance. In fact, the dose to 

amorphization in SiC has been shown to increase due to refinement of grains and increased SF 

density [63, 66]. The production and accumulation of damage in SiC can also be inhibited through 

ion beam modification [67], where irradiation by energetic ions can anneal pre-existing defects. 

Defect recovery in SiC has been observed to occur from irradiation by 750 and 850 keV silicon 

and carbon ions, respectively [68]. 

 Another factor which could possibly play an important role in the amorphization of SiC is 

chemical disorder, defined as the ratio of homonuclear bonds (C-C) to heteronuclear bonds (C-Si) 

[69]. The rationale for ignoring Si-Si bonding is due to the fact that silicon atoms in amorphous 

SiC do not have a well-defined first neighbor shell [70-72]. Some studies have suggested that the 

irradiation-induced production of FPs drives the increase in chemical disorder in SiC and 

ultimately leads to amorphization at a critical value [61, 73-75]. On the other hand, it has also been 

postulated that C-C bonding is not necessary in certain amorphous SiC structures [60].  

 Up to this point, computational and experimental studies of amorphization in SiC have 

focused primarily on static structural characteristics (i.e., defects, bonding, and topology). The 

effects of the accumulation of defects, various interfacial structures, and chemical disorder have 

elucidated the response of SiC to radiation in terms of the static structure. The dynamic 

characteristics of disorder in SiC, while still a mystery, could provide a pathway for future research 
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into radiation damage of materials. For this reason, the focus of this dissertation is to elucidate the 

defect formation/recovery and amorphization in SiC using dynamical spatio-temporal metrics.   

 Motivation for this dissertation 

 The aim of this work is to probe the dynamical disorder in SiC under radiation or extreme 

environments using atomistic models and statistical-mechanical metrics. It is important to 

emphasize that the vast majority of this research on SiC has focused on the formation of static 

defects. However, under irradiation, since the defects are transient and not stable, the 

characterization of materials response through structural defects is inherently limited. 

Additionally, the displacements of atoms are correlated in space and time. To quantitatively 

describe these short-time dynamical correlations, this work employs space-time correlation 

functions to characterize the dynamics of displaced atoms; in particular, this dissertation will focus 

on discerning the difference in the dynamical behavior of carbon and silicon atoms in disordered 

SiC. 

 The spatio-temporal correlation functions used in this work are typically employed in the 

complex liquid and glass communities using atomistic simulations [76-78]. The dynamical nature 

of disordered systems such as supercooled liquids and glasses has been extensively studied 

throughout the years. In one well-known study [79], atoms in a binary supercooled Lennard-Jones 

(LJ) liquid were determined to exhibit a “jump motion” that became apparent through the 

formation of distinct peaks in the self van Hove correlation function Gs(r,t). Using the same 

dynamical metric, a similar type of motion was discovered to occur among oxygen anions in 

stoichiometric UO2 [80]. Gs(r,t) has also been utilized to investigate dynamical behavior in 

Brownian hard sphere systems [81, 82] and other supercooled systems [83]. In this thesis, the self 

van Hove correlation function is used to differentiate the dynamic behavior of C and Si atoms 

following a radiation knock.  

 A characteristic feature of disordered systems is dynamical heterogeneity (DH) [84-87], or 

spatially heterogeneous dynamics, which is the partitioning of a slowly-evolving system into 

dynamically similar spatial subgroups, i.e., pockets of atoms which exhibit similar dynamic 

motion. Spatial regions of highly mobile and immobile atoms can be extracted from MD 

simulations using several spatio-temporal metrics. The spatial correlation of the propensity, Cd, 

has been used to measure dynamic motion (i.e., DH) in glass-forming liquids [88]. The spatio-
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temporal metric used in this dissertation to probe DH in SiC is the four-point dynamic 

susceptibility, χ4(k,t), which typically grows in time as spatially heterogeneous dynamics begin to 

emerge, followed by a decrease to zero at longer times, indicating the disappearance of DH. This 

metric has been employed to study features of glassy systems [89] and is used in this work to probe 

DH in SiC. 

 Finally, disorder has a marked impact on entropy. Traditionally, entropy is calculated based 

on established methods such as thermodynamic integration (TI). However, TI is very 

computationally expensive and typically requires simulations spanning 1 ns. The two-phase 

thermodynamic (2PT) method, which was originally developed by Lin, Blanco, and Goddard [90], 

is more tractable in that it requires much shorter simulation times. The main advantage of the 2PT 

method is that it allows the separate computation of entropies for carbon and silicon atoms in SiC 

[91]. However, the 2PT method has to be modified to include an accurate equation of state (EoS) 

that is appropriate for metastable amorphous states. Recently, this methodology was extended to 

include both liquids and glassy (amorphous) states [92]. This formalism is therefore adopted in 

this work to compute the entropy of carbon and silicon atoms in SiC. 

 Using MD simulations with classical interatomic potentials, it is discovered from two 

separate spatio-temporal metrics - Gs(r,t) and χ4(k,t), and the computation of entropy from the 2PT 

method – that the silicon sublattice in SiC is inherently unstable and its dynamic behavior is an 

early precursor of amorphization. 
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Chapter 2:  Theory 

 The dynamic mechanisms of disorder in SiC are investigated using atomistic simulations, 

commonly known as molecular dynamics (MD) simulations. A typical MD simulation entails 

modeling a system of atoms interacting through classical interatomic potentials; ab initio methods 

such as those based on density functional theory (DFT) can also be used to calculate the forces 

between the atoms. The evolution of the system in time is carried out through numerical integration 

of Newton’s equations of motion.  

 Statistical mechanics provides the theoretical foundation for atomistic simulation 

techniques. In this dissertation, a statistical-mechanical methodology is employed for extracting 

dynamical information from MD simulations. Accordingly, this chapter includes a discussion of 

the fundamental postulates of classical and statistical mechanics, as well as the correlation 

functions which are used to analyze the spatio-temporal characteristics of radiation damage in SiC. 

 Phase Space and Hamilton’s Equations 

 In this dissertation, the system of interest contains carbon and silicon atoms interacting 

through classical interatomic potentials, so it is necessary to briefly discuss some of the basic ideas 

of classical and statistical mechanics. Consider a system of N interacting atoms with 3N internal 

degrees of freedom. For a system of N atoms consisting of 3N spatial and 3N momentum 

coordinates, a 6N-dimensional phase space is represented as [77, 78]: 

( ) ( ) ( ) ( ) ( ) ( ) ( )1 2 1 2, , , ... , , ...N Nt t t t t t tΓ ≡   r p r r r p p p       (2.1) 

where r and p represent the position and momentum of an atom, respectively. At a particular 

instant in time, the positions and momenta are sufficient to describe the microscopic state 

(microstate) of the system. Newton’s equations can be recast using the phase space variables using 

Hamiltonian mechanics. The equations of motion are: 

;   = 1,2,...,j
j

H j N∂
= −

∂
p

r
                                           (2.2) 

;   = 1,2,...,j
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H j N∂
=
∂

r
p

                                           (2.3) 
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 The phase space is a conceptual Euclidean space of 6N dimensions with 6N rectangular 

axes [78] – one for the 3N spatial and 3N momentum coordinates. Thus, the physical state of the 

system is specified by a single point in phase space, or a “phase point”. It is easy to that 6N total 

coordinates are needed to specify the state of the system. These 6N equations are a set of coupled, 

first-order partial differential equations, and can be integrated to give the evolution of phase space. 

 Ensemble averaging and the ergodic hypothesis 

 Thermodynamic system properties, such as pressure and internal energy can be expressed 

in terms of positions and momenta of the constituent atoms. A macroscopic system evolving in 

time can be represented by a statistical ensemble – a virtual collection of systems, considered 

simultaneously, which differ in microscopic details but reproduce the macroscopic thermodynamic 

quantities of interest.  Following the original work of Boltzmann, the probability distributions for 

a particular microstate can be worked out for different ensembles. The ensemble average of a 

property A is defined as [77, 78] 

( ) ( ), ,A Ad ρ= Γ∫ r p r p        (2.4) 

where brackets represent an ensemble average and ρ denotes the probability density of the 

ensemble. There are a variety of statistical ensembles used in atomistic simulations to determine 

thermodynamic system properties. For the canonical ensemble, in which the number of atoms, 

volume, and temperature (NVT) are held constant, the probability density becomes the Boltzmann 

distribution [93]: 

( ) ( )
3

,
,

1 exp
! N

B

E
N h Q k T

ρ
 

= − 
 

r p
r p

       (2.5) 

In Eqn. (2.5), E represents the energy, Q is the partition function, kB is Boltzmann’s constant, h is 

the Plank constant, and T is the temperature. For a system of N indistinguishable particles, the 

partition function is given by: 

( )
3

,1 1 exp
!NVT N

B

Q
H

d
N h k T

 
= Γ − 

 
∫

r p
       (2.6) 

where H represents the Hamiltonian; for a classical system it is equivalent to the total energy. 
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 In MD simulations, the ergodic hypothesis is invoked in the calculation of equilibrium 

thermodynamic properties. In essence, the ergodic hypothesis postulates the equivalence of the 

time average to the ensemble average, i.e., 

time ensemble
A A≡             (2.7) 

where the time average is defined as: 

( )
0

1lim , ,
time t

t

A A t
τ

τ→∞
=

= ∫ r p        (2.8)

  

 Time correlation functions 

 A time correlation function is a thermodynamic average of the product of two dynamical 

variables; the average is carried out over the phase space of the system, with an equilibrium 

ensemble as the weighting function [76]. Let A and B be functions of the phase space coordinates, 

i.e., 

( ) ( ){ } ( ),A t t A t=p q                                                                               (2.9) 

( ) ( ){ } ( ),B t t B t=p q                                                                             (2.10) 

 The correlation function for A and B is more formally expressed as [94]:  

( ) *
0

i t
ABC t d f B e A≡ Γ∫ L                                                                                                              (2.11) 

where f0 is the equilibrium distribution function and L is the Hermitian adjoint of the Liouville 

operator L; the star corresponds to the complex conjugate. It can be shown that the propagator
iLte− preserves f0 [94]:  

( )0 0 0
iLf f e fττ −= =                                                                                                                      (2.12) 

The correlation function CAB now becomes: 

( ) *
0

i i t
ABC t d f e B e Aτ− = Γ  ∫ L L                                                                            (2.13) 
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The above equation can be rearranged to give: 

( ) ( )*
0

i ti
ABC t d f e B e Aττ +−   = Γ    ∫ LL                                                                            (2.14) 

 Time correlation functions are not dependent on any absolute point in time, only the 

difference in time between A and B. Thus, the expression in the above equation invokes the 

stationary property. Since the operator L is Hermitian, the following expression can be derived 

[94]:  

( ) ( ) ( )*
0ABC t d f A t Bτ τ= Γ +∫                                                                            (2.15) 

Using the stationary property, the correlation function can be further expressed as: 

( ) ( ) ( ) ( ) ( )*
0 0 0ABC t d f A t B A t B= Γ =∫                                        (2.16) 

In this equation, the brackets indicate an ensemble average. If A and B are vectors, the time 

correlation function becomes: 

( ) ( ) ( ) ( ) ( )0 0 0ABC t d f t t= Γ ⋅ = ⋅  ∫ A B A B                                        (2.17) 

When the same dynamical variable is considered, the following expression for an autocorrelation 

function is obtained: 

( ) ( ) ( ) ( ) ( )*
0 0 0ABC t d f A t A A t A= Γ =∫                                        (2.18) 

 An autocorrelation function can be thought of as the extent to which a system retains a 

‘memory’ of its initial state. For a dissipative system, it has a maximum at t=0 that decreases 

monotonically with time. At short times, the behavior of time correlation functions is governed by 

frequency moments (or sum rules) [76]. The short and long time limits of time correlation functions 

are [77, 78] 

( )
0

lim 0ABt
C AB

→
=                                                                                                                (2.19) 

( )lim ABt
C t A B

→∞
=                                                                            (2.20) 
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 Time correlation functions are often used to compute transport coefficients such as thermal 

conductivity, diffusion coefficient, and shear viscosity [95]. Most phenomenological coefficients 

for dynamic processes are related to integrals of autocorrelation functions, i.e., a Green-Kubo 

equation. Of particular interest to this work is the diffusion coefficient, which is calculated from 

the integral of the velocity autocorrelation (CVV) function: 

( ) ( ) ( )
10 0

1 10
3 3

N

j j
j

D dt t dt t
N

ψ
∞ ∞

=

= ⋅ =∑∫ ∫v v                                                                            (2.21) 

 The ergodic hypothesis is invoked such that the ensemble average in the above expression 

is calculated from the time average of a well-equilibrated system. As a result of the stationary 

property, autocorrelation functions are not computed from a single time origin; it is a requirement 

to take an average over multiple time origins. In this dissertation, time correlations are constructed 

for short time windows in a non-equilibrium setting following a radiation knock; these correlations 

are therefore termed as time-resolved correlations functions. Note that an equivalent expression 

for diffusion coefficient can be derived from the mean-square displacement (MSD) using the 

Einstein formalism [78].  

 It is also important to recognize that time correlation functions act as a bridge between 

experiments and computer simulations. Specifically, light, x-ray, and neutron scattering techniques 

provide a direct measurement of time correlation functions [76] through their mathematical 

analogue in frequency space. 

 Space-time correlation functions 

 Extending the key idea in the previous section, space-time correlations can be defined 

appropriately. Of particular interest is the density space-time correlation. For a classical N-atom 

system, the density field is defined as [77, 78]: 

( ) ( )( ), - i
i

t tρ δ= ∑r r r                                                                            (2.22) 

In this expression, local density fluctuations around an infinitesimal volume element centered at r 

are considered.  The corresponding density-density correlation is defined as [96]: 



   

16 
 

( ) ( ) ( )1, , ,0G t tρ ρ
ρ

≡r r 0                                                                            (2.23) 

 G(r,t) is known as the van Hove correlation function. In the absence of quantum effects, it 

describes the average density distribution at time t if some atom was originally at the origin at t=0.  

In other words, G(r,t) represents the probability per unit volume of finding an atom at position r 

at time t, given that there was some atom at the origin at t=0, i.e., 

( ) ( ) ( )
1 1

1, + 0 -
N N

j i
i j

G t t
N

δ
= =

 =  ∑∑r r r r                                                                            (2.24) 

At t=0, G(r,t) reduces to 

( ) ( ) ( ),0G gδ ρ= +r r r                                                                            (2.25) 

where g(r) is the pair correlation function; it is discussed further in the next section. G(r,t) is a 

spatio-temporal quantity that is directly accessible via scattering experiments from the double 

differential scattering cross section ( ),S ωk  known as the dynamic structure factor; it is defined 

as [76]: 

( ) ( )1, ,
2

i tS F t e dtωω
π

∞

−∞

= ∫k k                                                                            (2.26) 

where F(k,t) is the intermediate scattering function, and is given by [95]: 

( ) ( ) ( ) ( )1 1, , - ,0 , iF t t G t e d
N N

ρ ρ
∞

− ⋅

−∞

≡ = ∫ k rk k k r r                                                                           (2.27) 

where ρ(k,t) is the Fourier transform of the density given by: 

( ) ( ), , it t e dρ ρ − ⋅= ∫ k rk r r                                                                                                              (2.28) 

 Coming back to van Hove correlation function, for distinguishable particles (Boltzmann 

statistics), G(r,t) naturally splits into two parts – a ‘self’ part with terms i=j and a ‘distinct’ part 

with terms i≠j [78, 79, 82, 96]: 

( ) ( ) ( ), , ,s dG t G t G t= +r r r                                                                            (2.29) 
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( ) ( ) ( )
1

1, + 0 -
N

s i i
i

G t t
N

δ
=

=   ∑r r r r                                                                            (2.30) 

( ) ( ) ( )1, + 0 -
N

d j i
i j

G t t
N

δ
≠

 =  ∑r r r r                                                                            (2.31) 

 The self-correlation, Gs(r,t), is also referred to as the van Hove self-correlation function. It 

represents the probability per unit volume of finding an atom at a distance r at time t if the same 

atom were initially located at the origin (r=0) at t=0. The distinct correlation function, Gd(r,t), is 

related to the probability per unit volume of an atom being located at r at time t if another distinct 

atom is located at r=0 at t=0. At each instant of time, the integral of Gs and Gd over all space gives 

[82, 95, 96]: 

( ), 1sd G t =∫ r r                                                                                                                (2.32) 

( ), 1dd G t N= −∫ r r                                                                            (2.33) 

At t=0, Gs(r,t) is a delta function centered at the origin, while Gd(r,t) is related to g(r) [82, 95, 96]: 

( ) ( ),0sG δ=r r                                                                                                                (2.34) 

( ) ( ),0dG gρ=r r                                                                                                                (2.35) 

At very long times and distances, the motion of a single atom, in a diffusive system, becomes 

uncorrelated; the correlation between distinct pairs of atoms reaches its asymptotic value [82, 96]: 

( ) ( )lim , lim , 0s sr t
G t G t

→∞ →∞
= =r r                                                                            (2.36) 

( ) ( )lim , lim ,d dr t
G t G t ρ

→∞ →∞
= =r r                                                                            (2.37) 

 For a material under equilibrium conditions, Gs is often approximated as a Gaussian; 

deviations from the ideal Gaussian behavior are also considered. If Gs(r,t) only depends on the 

magnitude of r, the angular integration can be carried out; the resulting quantity 4πr2Gs(r,t) is often 

calculated for isotropic systems [79, 83, 97].   

Previously, Gs(r,t) has been employed to study a variety of systems including Brownian 

hard spheres [81, 82], supercooled (glassy) states [79, 83, 97-99], and even nuclear fuel [80] at 
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high temperatures. In this dissertation, the quantity 4πr2Gs(r,t) is computed for the carbon and 

silicon sublattices in SiC during a displacement cascade in order to probe the dynamics of the 

radiation damage process. Furthermore, a study of the van Hove self-correlation function will 

provide insight into the diffusional characteristics of displaced atoms during the recovery period 

of the cascade. 

 Static and dynamic structure 

 The defect evolution in SiC is also evaluated from an analysis of individual snapshots, i.e., 

which represent the static structure, that are generated during a displacement cascade. The most 

fundamental measure of local structure is the radial distribution function (RDF), defined as [95]: 

( ) ( )
1 1

1 + -
N N

j i
i j

g
N

δ
ρ = ≠

= ∑∑r r r r                                                                            (2.38) 

 The RDF is also called the pair correlation function, g(r) as previously mentioned; the 

corresponding expression in terms of scalar r can be obtained from integration in spherical 

coordinates. For an isotropic material, integration over the polar and azimuthal angles gives: 

( ) ( )2
1 1

1 1 + -
4

N N

j i
i j

g r r
r N

δ
π ρ = ≠

= ∑∑ r r                                                                            (2.39) 

In this form, g(r) represents the probability of finding an atom i at a distance r from another atom 

j compared to the ideal gas probability. Integration with respect to radial distance gives [95]: 

( ) 2

0

4 1g r r dr N Nρ π
∞

= − ≈∫                                                                            (2.40) 

 The quantity ρg(r)4πr2dr is the number of atoms between r and r+dr about a central atom 

[78]. The RDF can be determined by X-ray diffraction studies via the static structure factor, S(k), 

which is defined as the Fourier transform of the density field [77, 100]: 

( ) ( ) ( ) ( )
1 1

1 - ,0 ji

N N
ii

i j
S S e e

N
ρ ρ ⋅⋅

= =

≡ = ∑ ∑ k rk rk k k k                                                                        (2.41) 

S(k) is related to the Fourier transform of g(r), and for isotropic systems can be expressed by [95]: 
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( ) ( ) ( )2

0

sin
1 4 1 ,   0

kr
S k dr g r r k

kr
πρ

∞

= + − ≠  ∫                                                                          (2.42) 

 Even though the RDF and S(k) are useful for determining the static structure of materials, 

they provide no information about the dynamical characteristics of atoms. A primary focus of this 

work is the extraction of both static and dynamic structure associated with disordered SiC. Recall 

that time correlation functions are not dependent on any particular choice of time, only differences 

in time. Therefore, the van Hove self-correlation is applied to study the time-resolved diffusive 

motion of individual atoms (C and Si) during a radiation damage event. 

 The following section contains a discussion of a powerful methodology for extracting 

dynamical information from a disordered system through evaluating the velocity autocorrelation, 

which is ultimately utilized to separately calculate the entropies of carbon and silicon in SiC.  

 Thermodynamic properties from the 2PT method 

 In this work, the 2PT method [90] is used to compute the entropy for crystalline and 

metastable amorphous SiC prepared by quenching from a liquid state. In addition, the specific heat 

at constant volume is benchmarked to previous results from simulations and experiments. The key 

idea behind the 2PT method is that thermodynamic properties can be expressed in terms of the 

total partition function Q. For example the entropy and specific heat can be written as [78, 90, 91]: 

( )ln lnBS k T Q Q
T
∂ = + ∂ 

                                                                                                           (2.43) 

( )2 lnv BC k T Q
T T
∂ ∂ =  ∂ ∂ 

                                                                                                            (2.44) 

where S denotes entropy, kB is Boltzmann’s constant, and T is the temperature. The partition 

function is only known for idealized systems. If a crystal system is considered to be a collection 

of non-interacting harmonic spheres, then the partition function Q can be calculated as [91]: 

( ) ( )
0

ln ln HOQ d G zν ν ν
∞

=   ∫                                                                                                      (2.45) 

where G(ν) represents the density of states, ν is the vibrational frequency, and zHO is the partition 

function of one harmonic oscillator (HO). Generally, a thermodynamic property P can be 
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expressed as a function of the total partition function. As mentioned before, since the partition 

function is only known for idealized systems, thermodynamic quantities are rarely computed this 

way.   

 Effective partitioning of the system 

 In the 2PT methodology, any realistic system is thought to be comprised of a set of non-

interacting harmonic oscillators (HO) and a set of hard sphere (HS) atoms. The density of states 

therefore can be partitioned into HO and HS components as given below. 

( ) ( ) ( )HS HO
k k kG G Gν ν ν= +                                                                                                                 (2.46) 

where k represents the different species in the mixture; for SiC, the density of states is computed 

separately for carbon and silicon atoms. The total density of states for each component is given by 

the fast Fourier transform (FFT) of the mass-weighted velocity autocorrelation function (VACF) 

[91]. It is given by: 

( ) ( ) 2

0

4 i t
k k

B

G dt t e
k T

πνν
∞

−= Ψ∫                                                                                                         (2.47) 

where Ψk(t) is the mass-weighted VACF of the kth component, defined as [91]: 

( ) ( ) ( ) ( )
1 10

0
k kN N

k k k k k k
i i

t m dt t m dt tψ
∞

= =

Ψ = ⋅ =∑ ∑∫ v v                                                                      (2.48) 

where ψk(t) is the VACF of the kth component. An illustration of the 2PT partitioning is given in 

Figure 2.1. 

 The partitioning between the idealized states is expressed through a fluidicity parameter fk, 

which determines the extent of the HS partition. It is formally defined as: 

( )
( )

0

0

HS HS
k k

k
kk

d G Nf
Nd G

ν ν

ν ν

∞

∞= =∫
∫

                                                                                                           (2.49) 

where HS
kN is the effective number of hard spheres of the kth component. Thus, a value of f=0 

indicates that the system is entirely crystalline, while f=1 means the system is entirely gas-like. 
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Obtaining an accurate value for f is crucial for a proper implementation of the 2PT methodology, 

and the fidelity of the method is entirely dependent on the fluidicity calculation. 

 
Figure 2.1 Partitioning a liquid or disordered system into harmonic oscillators (crystalline, vibrational 
component) and hard spheres (gas-like, diffusive component) in the 2PT formulation [90-92]. The total 
density of states (black) is the sum of the HO (blue) and HS (red) components. 

 In the 2PT method a simple approximation is made for the fluidicity and the self-diffusivity 

of the system. More details are given in [90, 92]. An exact expression for ( )HS
kG ν is derived in the 

2PT formulation; it is given by [90]: 

( ) ( ) ( )
12

0
0 1

6
HS k
k k

k k

G
G G

f N
π ν

ν

−
  

= +  
   

                                                                                       (2.50) 

Therefore, the HS density of states can be calculated from the zero-frequency value of the total 

density of states Gk(0) and the fluidicity parameter [91]. The entropy and specific heat are now 

formally expressed as [91]: 

( ) ( ) ( ) ( )
0 0

k

HS HS HO HO
k B k S k SS k d G W d G Wν ν ν ν ν ν

∞ ∞ 
= + 

 
∫ ∫                                                                         (2.51) 

( ) ( ) ( ) ( )
,,

0 0
v k v

HS HS HO HO
v k B k C k CC k d G W d G Wν ν ν ν ν ν

∞ ∞ 
= + 

 
∫ ∫                                                                           (2.52) 

where W denotes the quantum weight function for the corresponding thermodynamic property.  

The weight functions for the idealized HS and HO systems are known exactly [101]: 

( ) ( )ln 1 e
e 1

HO h
S h

hW β ν
β ν

β νν −= − −
−

                                                                                                  (2.53) 
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( ) ( )
3k

HS
HS k

S
B

s
W

k
ν

ν =                                                                                                                        (2.54) 

( ) ( )
( ),

2

2

e

e 1v k

h
HO

C h

h
W

β ν

β ν

β ν
ν =

−
                                                                                                              (2.55) 

( ) 1
2v

HS
CW ν =                                                                                                                                  (2.56) 

where ( ) 1
Bk Tβ −= , h is the Planck constant, and HS

ks is the entropy per atom of the hard sphere (HS) 

phase, which is defined as the sum of the ideal gas entropy and the excess entropy: 

HS IG EXC
k k ks s s= +                                                                                                                           (2.57) 

The ideal gas entropy is defined as [102]: 

2

5 2ln
2

IG k B k
k B

k k

m k T Vs k
h f N

π     = +    
     

                                                                                            (2.58) 

The excess entropy is computed as: 

( )' '
'

0

1EXC
kk

B

zs d
k

φ φ
φ

φ
−

= ∫                                                                                                                   (2.59) 

where ϕ denotes the packing fraction. The parameter zk (=PVk/RT) is the hard sphere 

compressibility. The choice of the hard sphere equation of state determines the excess entropy. In 

the original work [90], the Carnahan–Starling (CS) equation of state [103] is used; however, this 

is not an application for the metastable fluid branch. The following section discusses the recent 

extension to the metastable fluids that includes supercooled liquids and disordered/amorphous 

states [92].  

 Hard sphere theory and the Liu EoS 

 A hard sphere phase diagram is shown in Figure 2.2. The packing fraction ϕ represents the 

ratio of the total volume of the spheres to the system volume. At a packing fraction of ~ 0.49, two 

separate branches emerge; the metastable fluid branch, denoted by the blue squares, is of relevance 
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to this work. As the system is compressed, the hard spheres can become arranged into a random 

close-packed configuration (RCP) with a packing fraction of ~ 0.64 [104]. This configuration is 

typically characterized as an amorphous solid that exhibits only local vibrational modes [105], 

which is of particular importance relative to the investigation of the entropic disorder of amorphous 

SiC.   

 
Figure 2.2 A hard sphere phase diagram (reproduced from [92]), which portrays the relationship 
between the compressibility of a system of hard spheres Z  and the corresponding packing fraction ϕ. 

 An ideal gas can be reasonably approximated by a system of hard spheres, which can be 

modeled using the following interatomic potential [78]: 

  
0   HS

r
U

r
σ
σ

∞ ≤
=  ≤

                                                                                                                        (2.60) 

The equation of state (EoS) of a hard sphere system is written as a function of the compressibility 

and the packing fraction, i.e., [106] 

( ) ( )1z b gφ ρ σ += +                                                                                                                  (2.61) 

where g(σ+) denotes the value of the RDF at r=σ+, ρ is the density, and ϕ is the packing fraction.  

The parameter b represents the van der Walls co-volume, which in three spatial dimensions is 

expressed as: 
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32
3

HSb πσ
=                                                                                                                                     (2.62) 

A useful relationship between the packing fraction, van der Waals co-volume, and density is given 

by [107]: 

ˆ
6 4

bπρ ρφ = =                                                                                                                                (2.63) 

Thus, Eqn. (2.61) for compressibility can be re-written as follows:  

( ) ( ) ( )1 1 4z b g gφ ρ σ φ σ+ += + = +                                                                                                (2.64) 

 A number of HS equations of state have been proposed in the past. The Carnahan and 

Starling (CS) model [103] is accurate in the isotropic liquid branch of the HS phase diagram.  

However, the CS equation allows for packing fractions greater than the FCC packing fraction limit 

(ϕ=0.74), and is not accurate in the metastable branch of the HS phase diagram. In addition, the 

CS equation predicts a divergence in the compressibility at ϕ=1, which is much higher than the 

random close packed and face-centered cubic values of ϕ=0.64 and ϕ=0.74, respectively (Figure 

2.3).  Other HS equations of state are better suited to predict the compressibility in the metastable 

fluid regime of the HS phase diagram. The Speedy [108, 109] and Odriozola and Berthier (OB) 

[110] equations of state were developed to conform to the HS compressibility data in the 

metastable fluid branch. However, the equation of state developed by Liu [107] has been shown 

to be valid for kinetically jammed, amorphous states of matter, including supercooled liquids and 

glasses. 

 The Liu EoS is given by the following expression: 

40 42 44
ˆˆ ˆ ˆ ˆ( ) ˆ1Liu V

AZ Z C D E
B
φφ φ φ φ
φ

= + + − +
−

                                  (2.65) 

1
2 3 4

2 3 4 5

ˆˆ( ) 1 ˆ ˆ ˆ ˆ1V
VZ

V V V V
φφ

φ φ φ φ

 
= +   − + − − 

                                                      (2.66) 
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Figure 2.3 Hard sphere compressibility for different equations of states as a function of packing 
fraction, reproduced from [92]. The RCP packing fraction is denoted by the dotted line.  Note that only the 
metastable fluid branch of the Liu HS system is shown. 

 The coefficients for Liu’s equation are provided in the table below. 

  
Table 2.1 Coefficients for the Liu EoS 

Parameter Value  Parameter Value 
A 0.31416  V1 3.68584 

B 1.573357  V2 2.5848 
C 4.1637 × 1010  V3 1.9499 
D 2.3452 × 1011  V4 0.172284 
E 3.6684 × 1011  V5 0.16012 

 The Liu equation of state is applicable to metastable liquid systems, such as quenched 

amorphous SiC, in which the hard sphere partition is densely-packed.  Liu also concluded that the 

above equation of state can be used to accurately predict thermodynamic properties of amorphous, 

supercooled liquids with a packing fraction close to that of RCP configuration.  

 In order to determine the HS partition of the system, it essential to first compute the 

fluidicity parameter f. Recall from Eqn. (2.49) that f is the ratio of the number of hard spheres to 

the total number of atoms in the system. In this work, the calculation of the fluidicity parameter 

follows the derivation worked out in detail in [92]. In the 2PT method, the fluidicity parameter can 

be shown to be [91, 92]: 
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( )0,HS , ;
k

k HS
k

Df
D T P σ

=                                                                                                                 (2.67) 

 For a system consisting entirely of hard spheres (i.e., a gas), f = 1 and D = 0
HSD .  On the 

other hand, for a crystalline system, f = 0 and D = 0.  In the current work, the integral of the VACF 

is used to compute the self-diffusivity of carbon and silicon atoms, from which the following 

expression can be derived: 

( )0
12
B k

k
k k

k TG
D

m N
=                                                                                                                          (2.68) 

 In the 2PT method, the various assumption lead to a non-linear equation connecting the 

fluidicity and the diffusivity. Thus, with a known fluidicity, the 2PT method can partition any state 

into a system of harmonic oscillators (solid-like) and hard spheres (gas-like). From this 

partitioning, the thermodynamic properties of interest can be calculated as described previously.  

 Dynamical Heterogeneity in Supercooled and Amorphous Systems 

 It is shown from previous work that radiation generates a metastable glassy state [111]. 

Glassy or amorphous states depict a peculiar dynamical behavior known as dynamical 

heterogeneity or spatially heterogeneous dynamics [83, 85, 112-116]. In supercooled or glassy 

states, disorder is revealed through the appearance of pockets of high mobile and immobile atoms 

in markedly frustrated states. The formation of such spatially heterogeneous dynamics in slowly 

evolving systems can be captured through an analysis of the dynamic susceptibility. In this work, 

this phenomena is investigated for amorphous SiC using the dynamic susceptibility which is 

related to the four-point density correlator, G4(r,t) defined as: 

( ) ( ) ( ) ( ) ( ) ( ) ( ) ( ) ( )4 , 0,0 0, ,0 , 0,0 0, ,0 ,G t t t t tρ ρ ρ ρ ρ ρ ρ ρ= −r r r r r            (2.69) 

where ρ(r,t) represents density fluctuations at position r at time t. The spatially heterogeneous 

dynamics of the system is measured from the volume integral of the four-point density correlator. 

For a system of N atoms and a given wavevector k, the dynamic susceptibility χ4(k,t) is given by 

the following expression [89]: 
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( ) ( ) ( ) ( )
2 2

4
1 1( , ) cos 0 cos 0i i i i

i i
t N t t

N N
χ

  = ⋅ − − ⋅ −        
   
∑ ∑k k r r k r r                 (2.70) 

 It has been observed that in supercooled liquids, χ4(k,t) typically grows in time before 

decreasing at long times [117], showing a maximum at a time that is O(τ), where τ denotes the 

structural relaxation time. Thus, dynamical heterogeneity in a disordered system exhibits a finite 

lifetime, and is a dynamic form of disorder since it is associated with the formation of spatial 

heterogeneities in slowly evolving, frustrated systems. In this work, the presence of DH in 

amorphous SiC is investigated through an analysis of the dynamic susceptibility and the 

corresponding structural relaxation times for carbon and silicon atoms. 
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Chapter 3:  Defects, Amorphization, and Signatures of Disorder in 

Silicon Carbide 

 The formation and evolution of defects during collision cascades in SiC is a complex 

process that is dependent on irradiation temperature, type of radiation, and dose. Defects formed 

during individual cascades migrate to form clusters and eventually extended defects such as 

dislocations and voids [118]. These microstructural changes will inevitably lead to changes in 

thermal and mechanical properties, which will affect the material’s performance in challenging 

environments such as a reactor core. SiC, in particular, is known to exhibit swelling [119, 120] 

and creep [121-123] due to the accumulation of radiation damage. Both of these processes are 

reliant on the generation of point defects. In addition, SiC is known to undergo a crystalline-to-

amorphous (c-a) transition at a critical radiation dose. Amorphization in SiC has been shown to 

cause a significant decrease in density (swelling) of about 11 % [41, 124]. Currently, there is no 

general agreement on the fundamental mechanisms by which amorphization occurs in SiC; 

however, there are several viable theories. Lying at the heart of these macroscopic phenomena are 

the transient radiation damage processes that occur at the atomistic level. This chapter begins by 

describing the basic defects in SiC followed by a discussion on the common metrics that are used 

to identify defects in atomic systems.  

 Defect types in SiC 

 Silicon carbide has a zinc-blende lattice ( 43F m space group), which is formed by two 

interpenetrating face-centered cubic (FCC) lattices with tetrahedral coordination; it is essentially 

an FCC lattice ( 3Fm m space group) with four tetrahedral holes occupied. This leaves four 

tetrahedral and four octahedral holes, as shown in Figure 3.1. It is observed that an interstitial 

placed in a tetrahedral hole would have a coordination of four, while an atom occupying an 

octahedral site would be surrounded by six atoms. Theoretically, an atom that is completely 

displaced from its native lattice site can form an interstitial at one of these locations. The hexagonal 

interstitial (located at an octahedral site) was previously found to be energetically unstable [125], 

so they typically do not occur in SiC. 
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Figure 3.1 A single zinc-blende unit cell of SiC, formed by adding atoms to four tetrahedral holes of an 
FCC unit cell.  In this representation, carbon atoms (brown spheres) occupy FCC lattice sites, while silicon 
atoms (blue) occupy alternating tetrahedral holes.  There are four total empty tetrahedral sites and four 
empty octahedral sites. The octahedral sites are found at the body center (one site) and the edge centers, 
where each edge center contributes 1/4 of a site.  An equivalent unit cell is obtained if silicon atoms are 
placed at the FCC sites and carbon atoms in the tetrahedral holes.  

  Tetrahedral interstitials, on the other hand, can occur in a variety of configurations: 

• CTSi – a carbon atom occupies the center of an empty tetrahedron defined by four silicon 

atoms. 

• CTC – a carbon atom occupies the center of an empty tetrahedron defined by four carbon atoms. 

• SiTC – a silicon atom occupies the center of an empty tetrahedron defined by four carbon 

atoms. 

• SiTSi – a silicon atom occupies the center of an empty tetrahedron defined by four silicon 

atoms. 

 An antisite defect occurs when, say, a carbon atom inhabits the site normally occupied by 

a silicon atom, and vice-versa. There are two possible antisite defects in SiC, namely, a carbon 

antisite (CSi), which occupies a silicon lattice site, and the silicon antisite (SiC), which occupies a 

carbon lattice site. 

The most common point defect type in SiC is the dumbbell, or split interstitial.  In this 

configuration, two atoms share a single lattice site. The dumbbell axis is typically found to be 

along the <100> family of directions in FCC metals [118]; however, in ceramic materials, such as 

SiC, dumbbells can occur in various orientations, as illustrated in Figure 3.2. For example, 

atomistic simulations show that a carbon recoil in the [001] direction generates a Ci-C [001] 

dumbbell. Formation of dumbbell defects under radiation are discussed later in Chapter 5. In this 

orientation, a carbon interstitial, as denoted by the i subscript, shares a lattice site with another 
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carbon atom, with the axis oriented in the [001] direction. It has been suggested that the Ci-C<100> 

defect is the most stable carbon interstitial configuration in SiC [126]. In Chapter 5, the static and 

dynamic structure of SiC are considered in the evaluation of the defect evolution during a single 

displacement cascade event. A priori knowledge of the stable defect configurations and migration 

mechanisms will be very helpful in the investigation of spatio-temporal structures in SiC following 

a radiation knock.  

 
Figure 3.2 An illustration of some of the known stable dumbbell configurations in SiC.  (a) A SiC unit 
cell with carbon atoms in an FCC arrangement and silicon atoms occupying four of eight tetrahedral holes.  
The above figure portrays both a Ci-C<100> and a Sii-C<110> dumbbell interstitial. (b) A SiC unit cell 
with silicon atoms occupying an FCC lattice and carbon atoms four tetrahedral holes. In this case, a Ci-
Si<100> and Sii-Si<100> dumbbell are depicted.   

There are various stable and metastable dumbbell configurations found in SiC. 

Interestingly, studies of individual recoil events have showed that carbon and silicon atoms can 

form dumbbells with first, second and fourth neighbors [127]. In this work, Gs(r,t) is employed to 

track the time-resolved motion of atoms during a displacement cascade. When an atom is displaced 

and forms a Frenkel pair, it necessarily leaves behind a vacancy. In the examination of defect 

dynamics in SiC, the distance between an interstitial and its corresponding vacancy, dVI, is a useful 

piece of information; the formation of defects is often followed by migration to stable 

configurations, as well as recombination and annihilation. Table 3.1 delineates various point 

defects in SiC reported in the literature. For each defect configuration, Table 3.1 denotes the 

corresponding value of dVI (relative to the lattice constant a0) determined from MD simulations of 

individual, low-energy recoil events in SiC using the modified Tersoff potential.    
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Table 3.1 The distance between an interstitial and the vacancy it leaves behind, determined by Malerba 
et al. [127] from MD simulations of single recoil events in SiC. Note that the distance is given relative to 
the lattice constant a0. The authors employed the modified Tersoff potential (described in Chapter 4) in 
describing forces between atoms. There are a number of other point defects found in SiC (SiC, SiTC, etc.), 
but actual distances dVI have not been reported, possibly because they are not energetically-favorable 
configurations with the Tersoff potential. 

Defect type dVI 

Sii-Si[001] 0.8a0 

Ci-Si[001] 0.9a0-1.2a0 

Ci-C[001] 0.85a0 

Ci-Si[100] 0.5a0-0.8a0 

Sii-C[001] 1.1a0 

CSi 0.43a0 

CTSi 0.5a0-0.9a0 

 In their study of individual recoil events in SiC, Malerba et al. [127] simulated carbon and 

silicon recoils in the [001], [111], [110], and [ 111 ] directions. The values given in Table 3.1 

represent calculated distances between interstitial defects and their corresponding vacancies. These 

results reveal that when an interstitial is formed, there is not a single separation distance dVI 

associated with a particular point defect. In fact, there exists a range of possible separations. Silicon 

atoms have also been observed to travel distances of 0.4a0, 0.61a0, 0.75a0, and a0 with respect to 

their vacancies, in forming Sii-Si dumbbells. To form a Sii-C dumbbell, a displaced silicon atom 

travels anywhere from 0.75a0 to 1.1a0. The vacancy-interstitial separation distances for carbon 

interstitials in Ci-Si dumbbells vary from 0.5a0 to 1.2a0. Ci-C dumbbells have separation distances 

ranging from 0.8a0 to 1.2a0.          

 Under equilibrium conditions, the octahedral sites (illustrated in Figure 3.1) are 

energetically unstable. However, during a cascade, an atom with enough energy may occupy an 

octahedral site, forming a metastable interstitial. Based on static defect configurations, an 

octahedral interstitial in SiC has not been observed in simulations. However, it is quite possible 

that octahedral interstitials may emerge in the dynamics of defect formation/recovery. 

 Threshold displacement energy in SiC 

 To form a Frenkel (interstitial-vacancy) pair, it is first necessary to displace an atom from 

its native lattice site. The threshold displacement energy (TDE) is the minimum amount of kinetic 
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energy required to displace an atom from its equilibrium lattice site and form a stable Frenkel pair. 

The strongly directional covalent bonds in SiC result in an anisotropic TDE surface. The threshold 

displacement energy for the C sublattice is on average about half that of the Si sublattice, but the 

values reported in literature vary depending on the method used. To illustrate directional 

dependence of TDE in SiC, some representative values obtained from MD simulations are 

provided. Figure 3.3 shows the reported threshold displacement energies for carbon and silicon 

atoms in the [001], [110], and [111] directions [128]. 

 

 

Threshold Displacement Energy (eV) 
 C Si 

[001] 31 36 
[110] 38 71 
[111] 28 113 

Figure 3.3 (Left) A SiC unit cell showing three separate crystallographic directions for which the TDE 
has been calculated.  (Right) The TDEs for carbon and silicon atoms in the [001], [110], and [111] directions 
in SiC, calculated by Devanathan et al. [128].  In this thesis, a single displacement cascade in SiC is modeled 
using a modified Tersoff potential joined with a ZBL electrostatic screening function. Consequently, the 
reported TDEs in the above figure were obtained using the modified Tersoff potential. It is also noted here 
that the radiation knock and early recoil energies used in this thesis are considerably higher than the 
threshold displacement energies.  

For all three knock directions, the energy required to displace a carbon atom is less than 

that of a silicon atom. Zinkle et al. have proposed average TDE values of 20 and 40 eV for carbon 

and silicon atoms, respectively [129]. The formation of metastable defects at energies lower than 

the TDE has also been reported, suggesting the existence of an uncertainty band in SiC. If an atom 

has a kinetic energy above the upper threshold, a stable Frenkel pair is formed; if the kinetic energy 

is below the lower threshold, no defect is formed. For a kinetic energy that lies within the 

uncertainty band, only metastable Frenkel pairs can be generated [127, 130]. These metastable 

defects typically recombine, but can temporarily survive due to recombination barriers. At lower 

temperatures, these energy barriers can prevent recombination. For a displacement cascade in SiC 



   

33 
 

at a temperature of 300 K, the formation of metastable defects can have a significant impact on the 

overall defect evolution.   

 Defect identification methods based on geometry or structure 

 This section provides an overview of the methods typically used in identifying defects and 

disordered regions from cascade simulations. The purpose of discussing these techniques is to 

highlight their applicability along with their advantages and disadvantages. These methods are 

employed in Chapter 5 to evaluate the defect evolution from the static structure during a 

displacement cascade in SiC. 

 Voronoi tessellation 

 The Voronoi tessellation of an MD system consists of partitioning space around each 

individual atom into a convex region in the shape of a polyhedron. Thus, each atom essentially 

“owns” a particular region of space (see Figure 3.4). Surrounding each atom is a convex 

polyhedron Vi, known as a Voronoi polyhedron (VP), having the property that any given point in 

Vi is closer to that atom than to all other sites. Therefore, each atom is principally characterized by 

the location of its geometric center and by the size/shape of the surrounding polyhedron.  

 A more formal mathematical definition of a Voronoi polyhedron proceeds as follows [131, 

132]: Consider a system of atoms with geometric centers p1,p2,…,pN in a 3D Euclidean space E. 

The Voronoi polyhedron Vi around a given center pi is the set of points in E that are closer to pi 

than to any pj, i.e., 

( ) ( ){ }: , , ,   1,2,...,i i jV x E d x p d x p j = N= ∈ ≤
                                                       (3.1) 

In this expression, d denotes distance. If a point x is located within Vi, it necessarily must be closer 

to the center pi than to any other center pj. 

 A particular Voronoi cell Vi is distinguished by its various vertices, faces and edges. 

Additionally, the shape and size of VP may actually be used to characterize the structure under 

consideration. Analysis of the distribution of Voronoi cell volumes has previously been used as a 

tool for studying the structure of disordered systems [133]. In this dissertation, the distribution of 

Voronoi cell volumes is compared between equilibrated and irradiated SiC; the resulting deviation 

is a quantifiable measure of the disorder in the system. 
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Figure 3.4 An example Voronoi diagram of a 2D lattice. A set of neighboring geometric centers pi and 
pj are shown in adjacent Voronoi cells. 

 Analysis of Voronoi cell volumes  

 The Voronoi polyhedron associated with a diamond (or zinc blende) lattice is an 

Archimedean truncated tetrahedron, shown in Figure 3.5. In the Voronoi diagram of an ideal SiC 

lattice, a silicon (or carbon) atom is located at the center of the truncated tetrahedron. Each of the 

four hexagonal faces is directly connected to the Voronoi cells of nearest-neighbor atoms. A 

truncated tetrahedron also has twelve vertices, corresponding to the second nearest-neighbors in 

SiC.  

 
Figure 3.5 A 3D-printed truncated tetrahedron, which represents the ideal Voronoi cell in a zinc-blende 
lattice. This structure consists of four hexagonal and four tetrahedral faces. Credit:  PrintIt Industries, LLC. 

Consider a circumscribed sphere containing a truncated tetrahedron. This sphere will 

naturally touch all twelve vertices of the truncated tetrahedron. If a carbon atom is placed at the 

center of the tetrahedron, the midpoint of a line connecting the central atom to its nearest-neighbor 
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would be located at the center of a hexagonal face. A simple 2D illustration of this is given in 

Figure 3.6. 

 
Figure 3.6 A 2D representation of a circumscribed sphere containing a truncated tetrahedron (not 
shown). The C-Si bond passes through the center of a hexagonal face (dotted line).  

 Therefore, the radius of this sphere would correspond to the C-Si bond length of 1.85 Å. 

The volume of a truncated tetrahedron with a circumradius equal to the C-Si bond length is 

computed from known relationships: 

22
4c
ar =                                                                                                                                    (3.2) 

323 2
12ttV a=                                                                                                                                (3.3) 

 In Eqn. (3.2), rc represents the circumsphere radius, which in this case is equivalent to the 

C-Si bond length. From this equation, the side length a can be obtained. Finally, the volume of the 

Voronoi cell (Vtt) is computed from Eqn. (3.3). For an ideal SiC lattice, using the reported bond 

length, the Voronoi cell volume is 10.6 Å3 [134]. In the analysis of irradiated SiC, the Voronoi 

cells volumes which fall outside of the equilibrium distribution are counted as individual ‘defects’. 

However, this is more a measure of the distortion of the lattice, or relaxation volume, than of 

individual defects, since this method inherently does not account for vacancies (every cell in the 

Voronoi diagram of irradiated SiC will contain only one atom). 

 Analysis of coordination number 

 It is also possible to determine the number of nearest-neighbors in the vicinity a particular 

geometric center pi. A Voronoi diagram contains all necessary information to determine the 



   

36 
 

structural coordination number (CN) – or the number of nearest-neighbors – of an atom. Since the 

displaced atoms produced during displacement cascades can form a variety of dumbbell-type 

configurations as previously described, as well as different size clusters, this type of analysis would 

be useful. First, however, it is important to realize that an atom (with center pi) can have various 

types of neighbors [131]. This becomes important in the analysis of the distribution of coordination 

numbers in irradiated SiC. If midpoint mij belongs to Vi, then pj is a direct neighbor to pi. If a subset 

of perpendicular bisector plane hij is a face (or edge in 2D) of Vi, but mij does not belong to Vi, then 

pj is considered an indirect neighbor. If midpoint mij is a vertex or an edge, pj is called a degenerate 

neighbor.  

 
Figure 3.7 (Left) An illustration of perpendicular bisector plane hij. The midpoint mij is shown for 
clarity.  (Right) A 2D Voronoi diagram illustrating different classes of neighbor (color-coded). Yellow 
circles indicate midpoints, mij.  Purple stars signify direct neighbors, the green star is an indirect neighbor, 
and the blue star is a degenerate neighbor. 

 There are two types of coordination number that can be determined from a Voronoi 

analysis – the geometric and structural coordination numbers. The geometric coordination number 

equals the number of total direct and indirect neighbors (non-degenerate), while the structural 

coordination number is the number of direct neighbors. For an ideal SiC lattice, the structural 

coordination number is four because carbon (or silicon) atoms share covalent bonds with four 

silicon (or carbon) atoms. Since the midpoints of the second nearest-neighbors are located at the 

vertices, they are considered degenerate neighbors.   

 Analysis of local structure and coordination from Voronoi polyhedra has been employed 

in the past to monitor crystal nucleation in liquid systems [135, 136] from MD simulations. In 
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Chapter 5, the distribution of coordination numbers in irradiated SiC is computed from a Voronoi 

tessellation at different times during a displacement cascade. 

 The Wigner-Seitz method 

 In solid-state physics terminology, a Wigner-Seitz (WS) cell describes the Voronoi 

polyhedra associated with periodic lattice structures. Recently, analysis of WS cells has been 

applied to the identification of point defects [137-141] and amorphous pockets [142] in irradiated 

materials. In the WS algorithm, point defects are counted through superimposing atoms in the 

defected (irradiated) MD structure into Voronoi cells of the ideal (equilibrated) structure. 

Therefore, the Voronoi diagram of the equilibrated structure is used as a reference for the damaged 

structure (Figure 3.8). If the occupancy of a particular cell is zero, the lattice site is vacant. If the 

occupancy is two or greater, the site contains an interstitial(s). For a binary system, antisite defects 

are considered as well.  

 
Figure 3.8 A 2D example of the WS method.  (Left) Atoms from the damaged system are placed in 
Voronoi cells of the equilibrated structure.  (Right) Point defects are identified from the occupancies of 
Voronoi cells. 

The WS method allows one to discern whether an amorphous region in a material has an 

excess or deficiency of atoms compared the undisturbed lattice. However, inevitable difficulties 

arise when counting the true number of point defects. For instance, two displaced atoms can form 

a dumbbell configuration centered about a lattice site; the corresponding WS cell will have an 

occupancy of two, meaning only one interstitial is counted. Also, MD simulations of displacement 

cascades in UO2 have shown correlated atomic displacements as a recovery mechanism following 

a high-energy recoil [80]. An investigation into the dynamic behavior of short-lived transient 

defects would require a more sophisticated approach. Nonetheless, the WS method is adequate for 
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determining the number of surviving vacancies. In general, it is mostly qualitative trends that are 

extracted from the Wigner-Seitz cell method. 

 Nearest-neighbor spheres 

 A similar geometric method that is often employed replaces the shape-filling WS cells with 

spheres of radius equal to one half the nearest-neighbor (NN) distances [138, 141, 143, 144]. The 

geometric centers of the NN spheres are placed at the lattice sites of an undisturbed, equilibrated 

structure. Naturally, there will be a small fraction of the total simulation box volume that is 

unaccounted for; this can be circumvented by adopting the following criteria for identifying point 

defects: 

1. If a sphere is empty, it is labeled as a vacancy. 

2. If a particular atom is not located within any sphere, the position is marked as an interstitial. 

3. If more than one atom occupies a sphere, all but the closest atoms to the center are identified 

as interstitials. 

 Figure 3.9 is a depiction of the NN sphere method. It is important to note that the sphere 

radius is not always chosen to be exactly half the NN distance. Sometimes, the resulting number 

of vacancies and interstitials are unequal. As a result, the sphere radius is varied until the necessary 

balance between vacancies and interstitials is observed. A typical value used for sphere radius is 

the Lindemann radius [145, 146], which has been previously used to count point defects [141] and 

recognize disordered regions [147, 148] in cascade simulations. 

This technique is widely-used in the computational materials science community due to its 

intrinsic simplicity and suitability to displacement cascade simulations. Similar to the WS cell 

method, the NN sphere method allows one to extract general qualitative trends in defect formation 

and recovery during a collision cascade. For example, the different phases of a displacement 

cascade (ballistic, “cooling down”, etc.) can be captured using the NN sphere method. In this work, 

the NN sphere method is employed to compute the defect evolution in irradiated SiC. 
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Figure 3.9 A simple 2D illustration of defect identification using NN spheres (shown in light blue).  
Each sphere represents an atom in the equilibrated structure. Geometric centers of atoms in the defected 
structure are depicted as small red spheres. Vacancies are observed as empty spheres, while interstitials are 
recognized either as spheres with occupancy greater than one or atoms which do not reside in any sphere.   

 Common neighbor analysis  

 Despite the relative success of the aforementioned geometric methods in identifying point 

defects and disorder, their limited applicability to amorphous materials warrants more robust 

techniques for characterization of disorder. The common neighbor analysis (CNA) makes use of 

the local structure surrounding atoms in a material, and can clearly distinguish between different 

lattice types [149]. This is particularly important when analyzing local structure in amorphous 

materials [150], dislocations [151], and nanocrystalline materials [152, 153]. This technique has 

also been used to study crystal nucleation in supercooled Lennard-Jones liquids [154], which is 

relevant to the current investigation because the c-a transition in SiC is usually explained in terms 

of the formation of defect clusters which act as nucleation sites for amorphization. 

In Chapter 5, a common neighbor analysis is used to identify disorder based on local 

structure in irradiated silicon carbide. Similar to the Voronoi tessellation this method is better 

suited for characterizing disordered regions in a material, as opposed to discerning individual 

defects from snapshots, because it probes the local structure in a material (as opposed to the WS 

method, where each atom occupies an individual cell). As a result, it is not expected that this 

method will accurately give the exact number of individual point defects. However, the Voronoi 

and common neighbor analyses do provide a reasonable measure of general disorder and lattice 

distortion due to radiation.   
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 Advantages and disadvantages  

 This section describes a few notable techniques that have been used in identifying defects 

and characterizing disorder in materials from static structure or geometry. The technique which is 

most pertinent will depend on the application. The Wigner-Seitz and NN sphere methods are more 

applicable to identifying and counting individual defects, while the Voronoi (atomic 

volume/coordination) and common neighbor analyses are pertinent for disorder associated with 

amorphous regions and general lattice distortion. Nonetheless, each method has its own 

limitations. 

 While a Voronoi tessellation has the advantage of being space-filling, identifying 

individual defects from an analysis of atomic volumes is obviously not a feasible option. In the 

Voronoi diagram of an irradiated, disordered structure, each cell would contain one atom, 

eliminating the possibility of identifying vacant lattice sites. It is also difficult to predict the 

shape/volume of the Voronoi cells whose central atoms are part of dumbbells or clusters. Cells 

containing antisite or tetrahedral defects will have the same general shape as ideal Voronoi cells. 

The volumes, however, will be slightly different because the bond distance of, say a C-C dumbbell, 

will be less than the ideal C-Si bond length.   

 In a crystalline structure, atomic volumes typically obey a Gaussian distribution. However, 

an amorphous structure could exhibit significant differences from this ideal distribution. Thus, it 

is likely that amorphous regions in an irradiated material will be discernable through analysis of 

the atomic volume distribution. Also, even if a large number of defects are not created in a 

displacement cascade, the lattice can still become severely distorted. This behavior will become 

manifest in the Voronoi tessellation as well due to the positive volume change associated with 

interstitial atoms.   

 In comparison, the WS method is relatively accurate in identifying individual point defects 

because it is space-filling and uses the damaged configuration to compute the occupancies of 

Voronoi cells centered on ideal lattice sites. However, dumbbell-type defects, which are prominent 

in SiC, may not be accounted for in the WS method. A C-C dumbbell, for instance, can have a 

smaller separation distance (0.33a0, or about 1.6 Å) [127] than the equilibrium C-Si bond length. 

Therefore, two WS cells could contain a single dumbbell, meaning no defect would be counted 

because the occupancy of each cell would be one. 
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 The NN sphere method has similar limitations to the WS method, but has a further 

disadvantage in that it is not space-filling. Therefore, some space will inevitably be omitted in the 

analysis. In attempting to circumvent this weakness, any atom that is not located inside a sphere is 

considered an interstitial. Theoretically, this will allow one to account for all interstitials in the 

material. However, in practice, the resulting numbers of vacancies and interstitials are unequal. As 

a result, the sphere radius must be tuned to ensure the necessary balance between vacancies and 

interstitials 

 A common neighbor analysis is primarily useful for evaluating the local structure in a 

material, so it is not a measure of point defects. Defect clusters and amorphous regions are not 

individual point defects, but can be detected from a CNA. In general, this method is best suited for 

ideal crystalline structures, but can be applied to disordered materials or systems with localized 

disorder. Silicon carbide is known to form point defects, as well as become amorphous above a 

critical dose; thus, a combination of these methods is necessary to properly analyze radiation 

damage in SiC.  

 Most importantly, however, the defect identification methods discussed in this chapter can 

only describe the static structure or geometrical metrics of the system. Since information extracted 

from static snapshots of the system can only provide insight into the number and types of defects 

formed, these methods are inherently limited in their scope. Ultimately, the underlying dynamics 

are of greater interest during displacement cascades because it allows for a deeper and more robust 

description of the system’s behavior. As mentioned previously, the focus of this work is extracting 

the dynamic mechanisms of the disordering processes in SiC. The following chapter describes the 

atomistic model for SiC and the various benchmarks for structural and thermodynamic properties. 
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Chapter 4:  Atomistic Model for Silicon Carbide 

 In this dissertation, atomistic or MD simulations are employed to investigate the static and 

dynamic characteristics of disordered SiC. This chapter briefly covers the fundamentals of 

atomistic simulations along with a discussion on the interatomic potential used for describing 

interactions in SiC. Finally, the accuracy of the model is elucidated by benchmarking the 

predictions of the atomistic simulation under equilibrium conditions against experimental data.  

 Brief overview of MD 

 The classical MD method [93, 95, 155, 156] consists of tracking the motion of a set of 

atoms by integrating Newton’s equations of motion. For an isolated conservative system of atoms, 

the total energy is expressed with the Hamiltonian [77]:  

( ) ( )
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1 2 1 2 1 2
1, ,..., , , ,..., , ,...,
2

i
N N N

i i

H U
m

= +∑ pr r r p p p r r r       (4.1) 

where H is the Hamiltonian, pi is the momentum of atom i, and U denotes the potential energy of 

the system. For the ith atom, the equation of motion is given by: 

i i i im U= = −∇F a                                                (4.2) 

 Since the force on atom i is dependent on the interactions with other atoms, the motion of 

all the atoms is coupled. For this non-trivial many-body problem, the equations of motion can only 

be solved using numerical methods. Finite difference methods based on Taylor series expansion 

are typically employed to carry out the integration [95]. The velocity-Verlet [157] algorithm, based 

on the original Verlet algorithm, is one the most widely used numerical integration methods. It has 

several desirable properties such as time reversibility, numerical stability and long-time 

Hamiltonian (energy) conservation, known as the symplectic property. In the Verlet method, the 

positions and accelerations at time t, as well as the positions from the previous step, are used to 

calculate the positions at t+δt. Taylor expansion for the position vector gives the following for 

r(t+δt) and r(t-δt): 
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The position of atom i at time t+δt is related to the position at time now can be expressed as:  
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The velocities are obtained by dividing the difference in Eqn. (4.5) and Eqn. (4.4) by 2δt: 
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 In the Verlet algorithm, Eqn. (4.5) is utilized to compute the position at t+δt, while Eqn. 

(4.6) is used to obtain the velocities at time t. A drawback of the Verlet method is that positions 

and velocities are not computed at the same time; the velocities are not known until the positions 

are updated at t+δt. The velocity Verlet algorithm, on the other hand, allows one to compute 

positions, velocities, and accelerations at the same time: 
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 Other integrators such as higher order Gear predictor-corrector methods, which have a 

better numerical accuracy than Verlet methods, are also typically used in MD simulations. The 

velocity-Verlet is chosen in this work for the reasons mentioned previously; it is also 

mathematically equivalent to the leap frog method [95]. At the start (t=0) of an MD simulation, 

the initial velocities are sampled from a Maxwell-Boltzmann distribution corresponding to a 

temperature T using a thermostat. The positions are typically assigned based on crystal structures; 

for example, the initial configuration of SiC is generated as an array of repeating zinc-blende unit 

cells in each Cartesian dimension. In order to ensure that the simulation domain does not drift over 

time, the center of mass velocity of the system is subtracted from the initial velocities. For 

equilibrium simulations, a periodic boundary condition is used for simulating a bulk system. 

Pressure and temperature and usually controlled using a thermostat and a barostat (Berendsen), 
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respectively, during the equilibration period [95]. Data collection during equilibrium simulations 

is done in a NVE ensemble without the use of a thermostat or a barostat. For displacement cascade 

simulation special boundaries are constructed to remove excess energy (discussed in Section 

4.3.2). 

 Interatomic potential for equilibrium simulations of SiC 

 As discussed earlier, the forces between atoms are computed from an interatomic potential. 

For N interacting atoms, the total energy may be written as: 
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= + + +∑ ∑ ∑r r r r r r r                                          (4.9) 

The first term represents an external potential while the remaining terms denote internal 

interactions. The second term corresponds to a two-body (pairwise) potential, which depends on 

the separation distance between atoms i and j; it is given by: 
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 The most well-known pair potential is the Lennard-Jones potential [78, 79, 93, 95, 157] 
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In the above equation, σ defines the length scale, while ε governs the strength of the interaction 

[95]. Unfortunately, the LJ potential is only suitable for rare-gas elements such as Argon. In SiC, 

bonding is strongly covalent and it can be described by the addition of a three-body term – the 

third term in Eqn. (4.9) – to the total energy expression. The addition of four- and five-body terms 

are not usually attempted as it incurs enormous computational expense.  

 J. Tersoff devised an interatomic potential to model covalent systems such as silicon [158, 

159] and diamond [160]. Instead of using an explicit three-body form, the interatomic potential is 

expressed as a sum of effective two-body interactions: 

1
2total ij

i j
U U

≠

= ∑                                                                                                                (4.12) 
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 In this approach, Tersoff accounts for the role of bond order, or bond strength, in computing 

the potential interactions. For a covalently-bonded structure, the strength (energy) per bond 

decreases rapidly with increasing coordination. In other words, the more neighbors an atom has, 

the weaker the bond to each neighbor will be [158]. To incorporate bond order, the interatomic 

potential, Uij, is written as a sum of repulsive and attractive pair potentials. The form of the 

potential for SiC is given by 

( ) ( ) ( )ij C ij R ij ij A ijU f r f r b f r = +                                                                             (4.13) 

 In this expression, Uij represents the bond energy, fR signifies a repulsive pair potential, fA 

represents an attractive pair potential, and fC is a smooth cutoff function. The magnitude of the 

interatomic separation distance is denoted by rij. The function bij is a measure of the bond order. 

The repulsive and attractive pair potentials are exponential functions of rij, as in the Morse potential 

[161]: 

( ) expR ij ij ij ijf r A rλ = −                                                                             (4.14) 

( ) expA ij ij ij ijf r B rµ = − −                                                                             (4.15) 

The cutoff function fC is given by: 

( ) ( )
1,   

1 1 cos ,   
2 2

0,   

ij ij

ij ij
C ij ij ij ij

ij ij

ij ij

r R

r R
f r R r S

S R

r S

π

<


 −
= + < <  −   
 >

                                       (4.16) 

The bond order function is expressed as: 

( ) 1 2
1 ii i

nn n
ij ij i ib χ β ζ

−
= +                                                                            (4.17) 

( ) ( )ij C ik ik ijk
k i

f r gζ ω θ
≠

= ∑                                                                            (4.18) 

( )
( )

2 2

2 22
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ijk
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θ
θ

= + −
 + −  

                                                                           (4.19) 
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where θijk is the bond angle between triplet ijk, as depicted below: 

 
Figure 4.1 In the Tersoff potential, a bond order function bij is computed from the angle θijk. Therefore, 
to determine the angle, a triplet of atoms ijk is identified, where i is the central atom. Atoms j and k compete 
to form bonds with atom i.  The ideal bond angle for a tetrahedral structure is 109.5°.  

 If the bond rij is shorter than bond rik, it will be stronger and would not be appreciably 

weakened [158]. The parameters λij and μij are arithmetic averages, and Aij, Bij, Rij, and Sij are 

geometric averages of the corresponding i and j values.  

 The original Tersoff potential for SiC was developed through independently fitting the 

parameters for Si and C to the elemental data [162]. The original model has been eventually 

expanded to include multicomponent systems such as SiC and SiGe [162]. The simulated 

properties of SiC such as lattice constant, bulk modulus, and elastic constants have matched quite 

well with experimental data. In addition, the formation energies of several point defects have been 

computed and compared with density functional theory results [163]. With the exception of Si and 

C vacancies, the calculated defect formation energies using the Tersoff potential are in agreement 

with the values obtained from electronic structure calculations. 

 To account for the discrepancy in vacancy formation energy, Devanathan et al. [128] used 

a different set of parameters for carbon in the Tersoff potential [69], which were constrained to 

reproduce the energy of a vacancy in diamond. In this dissertation, interatomic forces in SiC are 

described with this modified Tersoff potential. The parameters are listed in Table 4.1. 
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Table 4.1 The parameters used in the modified Tersoff potential, originally proposed by Devanathan 
et al. [128] to account for discrepancies in vacancy formation energies calculated with the original Tersoff 
model for SiC [69, 70, 158, 159, 162]. 

  C Si 

A (eV) 1544.8 1830.8 

B (eV) 389.63 471.18 

λ (Å-1) 3.4653 2.4799 

μ (Å-1) 2.3064 1.7322 

β 4.1612x10-6 1.1x10-6 

n 0.99054 0.78734 

c 19981 100390 

d 7.034 16.217 

h -0.33953 -0.59825 

R (Å) 1.8 2.7 

S (Å) 2.1 3 
χSi-C 1.0086   

 Non-equilibrium cascade simulations 

 Simulating a displacement cascade requires imparting additional energy to the system 

which effectively ‘knocks’ an atom from its equilibrium lattice site. Thus, the system is perturbed 

from its local energy minimum (assuming one starts with a crystalline state) and the energy is 

dissipated through atomic collisions and spreads throughout the lattice. However, if the system is 

not large enough, residual energy will remain that will heat up the system. Thus, to dissipate the 

energy and to reduce the pressure wave fluctuations, a heat bath is typically applied at the 

boundaries of the system. Additionally, the interatomic potential described in the previous section 

was devised for equilibrium simulations. In a displacement cascade simulation, the system goes 

out of equilibrium and the atoms can come close to each other where the Coulombic interactions 

become important. The modifications required to carry out displacement cascades through MD 

simulations are discussed in the following sections. 
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 Interatomic potential for cascade simulations of SiC 

 The modified Tersoff potential, by itself, it sufficient for SiC at equilibrium conditions in 

which no external forces are present. In this case, atoms do not deviate much from their equilibrium 

lattice positions. However, for displacement cascade simulations, high-energy collisional events 

can bring atoms very close together (< 1 Å) as mentioned before. At these distances, repulsive 

Coulombic forces dominate due to the interactions of the positively-charged nuclei. The 

computational model for SiC in this work uses the modified Tersoff potential in conjunction with 

the Ziegler-Biersack-Littmark (ZBL) electrostatic screening function [164]. The ZBL potential is 

stitched with the pairwise energy in the following manner: 

( ) ( )1 ZBL Tersoff
ij F ij ij F ij ijU f r U f r U = − +                                                                        (4.20) 

 A Fermi-like function fF is utilized to smoothly connect the ZBL and Tersoff potentials 

without any discontinuities in the forces: 

( ) ( )
1

1 expF ij
F ij C

f r
A r r

=
 + − − 

                                                                           (4.21) 

The above expression for the Fermi function contains two adjustable parameters, AF and rC. Trial 

equilibrium simulations are performed to assess the optimal value of the parameter AF, which 

controls sharpness of the transition between the two potentials. In the trial runs at 300 K, AF is 

varied from 2 to 20. Figure 4.2 shows the convergence of per-atom potential energy of the 

Tersoff/ZBL system to the value obtained using the modified Tersoff potential (without ZBL). It 

is seen that both energies are nearly identical for AF values greater than 8. For the displacement 

cascade simulation results presented in this dissertation, the value of AF is taken to be 14 Å-1. 

Additionally, the cutoff rC is chosen to be 1.0 Å. 

 The ZBL potential can be described as a repulsive Coulombic potential multiplied by a 

screening function. Below is commonly-used form of this potential [164]: 

2
1 2

0

1
4

ZBL ij
ij

ij

rZ Z eU ar
φ

πε
   =    

  
                                                                           (4.22) 
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Figure 4.2 The potential energy (PE) per atom obtained from equilibrium simulations of SiC at 300 K 
using the original Tersoff potential with (black line with squares) and without (red line) the Tersoff+ZBL 
potential. The value of AF is varied from 2 to 20 to determine the optimal value for use in displacement 
cascade simulations. 

 In Eqn. (4.22), Z1 and Z2 represent the atomic numbers of the interacting nuclei, e is the 

electron charge and ε0 is the permittivity of a vacuum. The screening function ϕ is a function of 

the Bohr atomic radius a0  [164]: 

0
0.23 0.23
1 2

0.8854aa
Z Z

=
+                                                                                                                (4.23) 

The screening function is given as [164]: 

( ) 3.2 0.9423 0.4029 0.20160.1818e 0.5099e 0.2802e 0.02817ex x x xxφ − − − −= + + +    (4.24) 

 Cascade simulation setup 

 For the displacement cascade simulations, an atom near the center of the simulation box is 

chosen to receive the radiation knock; the initial knock-on event is modeled through imparting 

additional kinetic energy to the chosen atom, which is termed as the primary-knock on atom 

(PKA). This process is analogous to a high-energy neutron colliding with a lattice atom in SiC. In 

this work, a 5 keV impulse is given to a carbon atom in the [100] direction, parallel to the X-axis. 

The energy of the PKA is chosen such that it is sufficient to both displace the atom and produce a 

cascade of collisions. In addition, an “inner box”, which surrounds the PKA, is selected to 
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investigate the local dynamic and structural changes in the disordered region after the knock. This 

inner region is further broken up into fore region (ahead of the knock) and wake region (behind 

the knock). An illustration of the PKA, as well as the inner box region, is given in Figure 4.3. 

 
Figure 4.3 (Left)  A depiction of the primary knock-on event in which a carbon atom near the center of 
the system is given an additional kinetic energy of 5 keV in the [100] crystallographic direction.  (Right)  
A subset of the simulation domain – the inner box – is chosen to investigate the dynamic response of the 
lattice to the knock. This inner region is further broken up into a fore region, ahead of the knock, and wake 
region, behind the knock. 

 The initial knock event generates a considerable amount of excess thermal energy and 

stress, which results in a displacement cascade. This excess energy rapidly spreads through the 

lattice. To avoid reentrance of the thermal shock wave due to periodic boundary conditions, a heat 

bath is coupled to the outermost six layers of the simulation box (one for each rectangular face). 

The temperature is maintained in these thermostat boundary layers through velocity rescaling. 

Each boundary has a width of 15 Å, which is more than three times the lattice constant. To increase 

the efficiency of temperature control in the heat bath, the boundary layers are broken up into 

several sub-boxes, as portrayed in Figure 4.4; this allows temperature to be controlled locally in 

each sub-box. 

 
Figure 4.4 A cross-sectional view of one of the six faces of the MD simulation box consisting of 
512,000 atoms.  To allow for proper dissipation of the thermal energy from the PKA, a heat bath is coupled 
with the six outer boundary layers of the cubic region. These thermostat boundary layers each have a width 
of 15 Å. In addition, each boundary layer is divided into several sub-boxes for more efficient, local 
temperature control.  
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 The simulated displacement cascade in SiC occurs within a cubic simulation region 

containing 512,000 atoms. An inner box with about 50,000 atoms is chosen to investigate the 

irradiation response in the disordered zone. Specifically, Gs(r,t) is computed in the fore region of 

the inner box, which contains around 25,000 atoms. Before the knock is initiated, a crystalline SiC 

system is equilibrated under the conditions of constant number of atoms (N), pressure (P=0), and 

temperature (T=300 K), i.e., NPT, for 10 ps. This ensures the equilibrium phonon modes are well-

established before the knock is given. During the equilibration period, a timestep (δt) of 0.3 fs is 

chosen for the integration of Newton’s equations of motion. Once the system is well-equilibrated, 

the knock is given, and the system is allowed to evolve with the excess thermal energy and pressure 

waves attenuated at the boundaries. Since the PKA starts with a high velocity relative to the 

thermal velocity, the timestep δt is reduced by a factor of 20 (0.015 fs) for the first 100 fs; for the 

remainder of the simulation, the timestep is changed back to 0.3 fs. Also, due to the inherent 

statistical fluctuations with different initial conditions, the results are averaged over a statistically-

significant number of simulations with different initial momenta. In this dissertation, the results 

are averaged over sixty independent cascade simulations. 

 Verification and benchmark results 

 The accuracy of the atomistic model of SiC relies on its ability to reproduce equilibrium 

thermodynamic and structural properties. The results in Figures 4.5 and 4.6 are obtained by 

averaging ten independent runs with different initial momenta.  
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Figure 4.5 The variation of temperature (left) and pressure (right) in the SiC system as a function of 
simulation time. 
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 Figure 4.5 depicts the temperature and pressure during the NPT-equilibration stage, while 

Figure 4.6 portrays the total and potential energies. It can be observed that the system quickly 

reaches and maintains a steady state during the 10 ps equilibration period. Due to the positive 

kinetic energy from the atomic vibrations at 300 K, the total energy is slightly more positive than 

the potential energy, both of which remain essentially constant during equilibration. The potential 

energy is -6.4 eV/atom, which is reasonably close to the reported cohesive energy of cubic SiC (-

6.34 eV/atom) [165]. 
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Figure 4.6 The variation of total energy (left) and potential energy (right) with simulation time. 

 From the evaluation of basic system parameters, it is obvious that the modified Tersoff SiC 

system is stable and predicts a reasonably accurate cohesive energy. Next, the equilibrium structure 

of SiC is evaluated through inspection of the radial distribution function. 

 Radial distribution function 

 Figure 4.7 depicts the C-C, Si-Si and C-Si partial pair correlation functions. From these 

pair correlation functions, structural information on coordination number, C-Si bond length, and 

lattice constant is extracted.   

 The C-C and Si-Si first neighbor distances from the radial distribution function are both 

3.0 Å. The lattice constant is determined to be 4.32 Å from the second neighbor distance in both 

gC-C(r) and gC-Si(r). This matches quite well with the experimental value of 4.3589 Å [6]. The C-Si 

bond length, 1.82 Å, corresponds to the first neighbor peak in gAB(r), and is in excellent agreement 

with the value reported of 1.79 Å in the literature [166]. Furthermore, the integral of 4πr2g(r)dr 
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under the first peak in gAB(r) is calculated to be 3.95 which is very close to 4 – the coordination 

number in SiC. 
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Figure 4.7 The partial pair correlation functions gC-C(r) (top left), gSi-Si(r) (top right) and gC-Si(r) 
(bottom). The lattice constant is denoted by a0.  

Figure 4.8 is an illustration of a cubic SiC zinc-blende unit cell, obtained from a single 

equilibrium run, in which both the nearest neighbors and lattice constant are depicted.   

 
Figure 4.8 A zinc-blende unit cell isolated from the equilibrated SiC structure at 300 K.  The image is 
generated using OVITO atomistic visualization software [167].  Blue and red spheres signify carbon and 
silicon atoms, or vice versa.  Nearest neighbors of a particular atom are indicated by numbers 1-4.  The 
lattice constant is denoted by a0. 
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 Long range order parameter 

 As opposed to g(r), which gives information on the short-range order, the long-range-order 

(LRO) function provides a quantitative measure of crystallinity in a material. The LRO is 

computed from the discrete Fourier transform of the density field given by: 

( )
1

1 e
N

i

jN
ρ − ⋅

=

= ∑ k rk                                                                                                                (4.25) 

The modulus of the density field in the reciprocal space serves as order parameter of long range 

order in this investigation [95]. For a perfect SiC crystal at 0 K, the LRO should theoretically be 

equal to one. Figure 4.9 shows the LRO parameter for carbon and silicon atoms from equilibrium 

simulations of SiC at 300 K. 

 
Figure 4.9 The long range order parameter for carbon (red) and silicon (black) atoms in SiC at 300 K 
from equilibrium MD simulations. 

 As expected, both sublattices exhibit long range order at 300 K. Recall that a primary 

objective of thesis is to determine the dynamic mechanisms by which defect formation and 

recovery occurs in SiC after a high energy radiation knock. For a proper displacement cascade 

simulation, it is imperative to obtain a well-equilibrated, crystalline structure. The radial 

distribution function and long range order parameter both indicate that the SiC system is in a 

crystalline state. Additionally, the snapshots of the equilibrated configuration also confirm the 

crystallinity of the system.  



   

55 
 

 Determining the melting point through the two-phase interfacial method 

 In the previous section, the structural characteristics of an equilibrated SiC system have 

been benchmarked. In this section, the modified Tersoff potential will be tested for its ability to 

reproduce thermodynamic properties. An important thermodynamic property that is typically 

benchmarked with experiments is the melting point. Conventional MD simulations of single 

crystals using periodic boundaries tend to overestimate the experimental melting point due to lack 

of interfaces at which nucleation occurs. To obtain an accurate prediction of melting in SiC, the 

two-phase interfacial method [168] is employed. First, a SiC system is heated in 300 K increments 

until melting was observed at 5700 K through inspection of the RDF and analysis of the heating 

and cooling curves, as shown in Figure 4.10. The system is then heated past the melting point and 

subsequently quenched to a metastable, supercooled liquid state.   
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Figure 4.10 In the heating and cooling process, the temperature is increased until melting occurs; the 
signature of melting is the abrupt jump in the total energy, which is accompanied by changes to the radial 
distribution function and long range order. The melted system is then cooled to a metastable liquid state. In 
the above figure, the heating process is signified by the black circles, while the subsequent cooling is 
indicated by the red stars. A crossover point during the cooling process is portrayed as a dotted grey line.  

 From the heating and cooling curves, mechanical melting occurs at 5700 K. Due to the lack 

of interfaces in single crystal SiC, this predicted melting point is much larger than the experimental 

value of 3100 K [169]. Interestingly, a crossover point is observed at about 3060 K, which is 

remarkably close to the thermodynamic melting point. This may be attributed to the fact that the 

system exhibits a liquid behavior as the system is cooled, but reaches a point (~3060 K) at which 

the system behaves more like a supercooled liquid, resulting in a slope change in the total energy 

curve at the melting point.  



   

56 
 

 The C-C, Si-Si, and C-Si partial pair correlation functions are illustrated in Figure 4.11. Up 

to 5700 K, several distinct peaks are observed in the RDF, suggesting an ordered, crystalline state. 

Once the structure has melted, the magnitude of the 1st peak becomes less than 3 which is typical 

of a liquid state. The position of the first peaks of the C-C and Si-Si partial pair correlation 

functions also shifts indicating a structural transformation.  
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Figure 4.11 The C-C (top left), Si-Si (top right), and C-Si (bottom) partial pair correlation functions 
during the heating of the SiC system. Mechanical melting, which is different from thermodynamic melting  
is observed at 5700 K and is due to crystal instabilities [170].  

 Mechanical melting can also be determined from the LRO parameter, which is computed 

separately for carbon and silicon atoms during the heating process. In the crystalline system, the 

LRO parameter is close to unity, while for the disordered structure, long range order drops to 

almost zero as observed in Figure 4.12. Thus, from an analysis of total energy, RDF, and LRO, it 
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is clear that the SiC system has melted mechanically. However, for a more accurate prediction of 

the thermodynamic melting point, a different approach is needed.  
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Figure 4.12 The long range order parameter for carbon (black circles) and silicon (red stars) atoms is 
computed when SiC is heated from 300 K. As the temperature is increased, LRO gradually gets reduced 
until it suddenly drops to nearly zero at 5700 K. This sudden change signifies that the system has melted.  

  

 
Figure 4.13 An illustration of the merged solid-liquid structure used to determine the thermodynamic 
melting point of SiC [168]. An equilibrated SiC system at 300 K is brought into contact with a quenched 
liquid SiC system along the axial (Z) direction, effectively creating an interface where incipient melting 
occurs.  

 In the two-phase interface method [168], a metastable liquid system is brought into contact 

along the axial direction with an equilibrated SiC crystal at 300 K, effectively creating an interface 

between solid and liquid regions as shown in Figure 4.13. The merged structure is finally heated 

from 2800 K in 100 K increments until melting occurs at the interface. At each temperature, the 

system is allowed to equilibrate under the conditions of constant temperature and zero pressure for 

1 ns. To determine the melting point, the configuration of the merged SiC structure is generated at 
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several times during the equilibration period. Figure 4.14 depicts a series of snapshots of the 

system taken at increasing temperatures.  

 

Figure 4.14 Snapshots from the two phase interface method. As observed in the above snapshots, melting 
occurs at 3300 K, which is close to the reported melting point of SiC [7]. 

 At 3300 K, the interfacial region finally becomes fully amorphous. The melting 

temperature obtained from this method is remarkably consistent with the experimental melting 

temperature of 3100 K [7]. In reality, nucleation occurs at defects and interfaces, so the melting 

that occurs in the merged structure is consistent with this phenomenon. Hence, it can be concluded 

that the melting temperature can be successfully predicted using the modified Tersoff potential. 

Next, the variation of the lattice parameter is calculated as a function of temperature for 

equilibrium SiC and compared with experimental data.  

 Variation of lattice parameter with temperature 

 The modified Tersoff potential predicts a lattice parameter of 4.32 Å at 300K. The change 

in the lattice parameter with temperature is shown in Figure 4.15 along with experimental data 

[171]. Overall, the lattice parameter of SiC determined from equilibrium MD simulations deviates 

slightly from the experimental results; however, the differences are minor. At higher temperatures, 

MD predicts slightly higher values while it is reversed for lower temperatures (less than 600 K). It 

is concluded that the optimal Tersoff potential is able to capture the change in atomic volume with 

temperature reasonably well for the temperature range investigated.  
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Figure 4.15 Comparison of lattice parameter from MD simulations (black squares) using the modified 
Tersoff potential against experimental results (red circles) [171]. The temperature is varied from 200 K to 
1600 K in increments of 200 K.  Note that the MD system pressure is maintained at zero bar. 

 Heat capacity at constant pressure 

 For a final benchmark, the specific heat at constant pressure is calculated for SiC as a 

function of temperature. The heat capacity at constant pressure, Cp, is defined as: 

p
P

EC
T
∂ =  ∂ 

                                                                                                               (4.26) 

This quantity represents the change in internal energy per unit temperature under conditions of 

constant pressure. To compute Cp, the equilibrium SiC system is gradually heated from 200 K to 

3500 K in 200 K increments. At each temperature, the total energy is averaged over the final 15 

ps of the simulation, which evolves in an N(P=0)T ensemble. The total energy versus temperature 

data is then fitted to a quadratic function (see Figure 4.16). The resulting quadratic function is 

given below: 

( ) 2 71178.2378 0.04485 2.96125 10E T T T= + − ⋅                                        (4.27) 

The derivative of total energy with respect to temperature is then: 

0.0897 1178.2378pC T= +                                                                            (4.28) 
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Figure 4.16 The total energy of an equilibrium SiC system vs. temperature. The data was fit to a quadratic 
function, from which the specific heat is calculated. 

 The specific heat as a function of temperature is then compared with experimental data 

given in [6]. The Debye temperature, which is defined as the temperature of a crystal’s phonon 

mode, for SiC is reported to be anywhere from 860 K to 1200 K [172-174]. Below this temperature, 

specific heat is proportional to the cube of the temperature. As shown in Figure 4.17, the predicted 

specific heats from MD simulations with modified Tersoff potential is in reasonable agreement 

with experimental data [6, 175-178] at temperatures above the Debye temperature. An accurate 

prediction of specific heat below the Debye temperature is not feasible since quantum effects 

cannot be modeled with classical MD simulations. Quantum effects are included in the next 

section. 
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Figure 4.17 The specific heat at constant (zero) pressure for SiC obtained from equilibrium MD 
simulations (red stars) compared to experimental data [6]. The total energy vs. temperature was previously 
fitted to a quadratic function. The derivative of the total energy function (Eqn. (4.28)) is plotted above and 
compared with several sets of experimental data reported in [6]. 
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 The equilibrium MD simulation results discussed in this section have confirmed that the 

SiC system is properly equilibrated in terms of temperature, pressure, and energy. The computed 

lattice constant, C-Si bond length, and coordination number agree with reported values. Further, 

the melting point and specific heat have been benchmarked to experimental data.  

 Amorphous SiC system 

 The following section describes the details of the simulations used in this work to generate 

an amorphous SiC structure. The metastable amorphous system generated herein is used as the 

initial configuration for the study of entropy and dynamic susceptibility. 

 Quenching process 

 An 8 by 8 by 8 array of zinc-blende SiC unit cells (4096 atoms) is first equilibrated at 300 

K in the NP(=0)T ensemble for 100 ps using a timestep (Δt) of 1 fs.  Velocities are rescaled every 

20 fs for temperature control. Once the system has been equilibrated, the system is allowed to 

evolve in an NVT ensemble for an additional 100 ps. Positions and velocities are stored for 

computing the system properties, long range order, and the radial distribution function. The results 

are averaged over 40 independent simulations with different initial conditions. 

 

 
Figure 4.18 Snapshots of crystalline (left) and quenched amorphous (right) SiC at 300 K, generated in 
OVITO [167]. Carbon and silicon atoms are represented by blue and red spheres, respectively. 

 First, the temperature is increased in increments of 300 K. After the system has fully 

melted, the temperature is raised to Tm+900. At this point, the system is cooled in increments of 

300 K at a rate of 10 K/ps by equilibrating the structure for 100 ps in the NPT ensemble, followed 

by 100 ps of data collection in NVT. The resulting amorphous structures at each temperature are 

used to compute velocity autocorrelation and dynamic susceptibility. A snapshot of a 

representative amorphous SiC system is illustrated in Figure 4.18. 
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 Verification of the amorphous structure 

 As an appropriate comparison, the metastable amorphous SiC system generated through 

heating and cooling is compared to the structure obtained by Tersoff [70]. The C-C, Si-Si, and C-

Si radial distribution functions are computed at 300 K and compared with the structure generated 

by Tersoff through a similar heating and cooling process in Figure 4.19.   
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Figure 4.19 Partial radial distribution functions of amorphous SiC at 300 K obtained from MD 
simulations (black line), compared with the amorphous SiC system generated by Tersoff [70] (red stars). 
The top left, top right, and bottom plots show the C-C, Si-Si, and C-Si partial pair correlation functions, 
respectively.  

 It is clear that the amorphous SiC structure obtained in this work using the modified Tersoff 

potential [69] is structurally similar to the configuration generated by Tersoff in [70]. The 

differences in the peak magnitudes can be attributed to the quench method used by Tersoff in 
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which the system is equilibrated at 8000 K and then directly quenched to 300, while in this work 

the system is heated to Tm + 900K and sequentially cooled to 300 K. It is noted here that amorphous 

structures are not unique and they are dependent on the manner by which they are generated. 

 The chemical order of the system can be ascertained through the disorder parameter, 

defined as the ratio of homonuclear (nCC) to heteronuclear (nCS) bonds [70]: 

CC

CS

nχ =
n

                                                                                                               (4.29) 

In Figure 4.20, the disorder parameter is calculated as a function of temperature. At 300 K, Tersoff 

calculated the disorder parameter to be ~0.5 [70]. Given the close match to the value predicted in 

this work, it is determined that the system generated herein through sequential heating and cooling 

is structurally equivalent to the amorphous configuration investigated by Tersoff. 
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Figure 4.20 Chemical order in amorphous SiC, defined as the ratio of homonuclear to heteronuclear 
bonds. In a fully ordered system, there are no C-C bonds, so χ = 0; but for a completely amorphous (random) 
structure, χ = 1. 

 In the following section, the dynamical behavior of carbon and silicon atoms in amorphous 

SiC is extracted from MD simulations. In particular, the VACF and density of states are computed 

for the amorphous SiC system. These will be used in Chapter 7 to investigate the entropic 

signatures of disorder from the 2PT method. 
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 VACF and density of states of amorphous SiC 

 The density of states Gk(ν) is the Fourier transform of the velocity autocorrelation function 

(VACF). The mass-weighted VACF was also defined earlier in Chapter 2 for use in the 2PT 

method. In this section, the density of states is computed without mass weighting. In Figure 4.21, 

the VACF of carbon and silicon atoms in amorphous SiC is depicted as a function of temperature. 
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Figure 4.21 The velocity autocorrelation of carbon (left) and silicon (right) atoms in amorphous SiC 
computed for a 100 ps correlation time.  

 The VACF of the carbon atoms exhibits pronounced negative oscillations, which is 

indicative of solid-like vibrational motion, in the amorphous state. Silicon atoms, on the other 

hand, show characteristics of a liquid-like state, with little to no oscillatory motion. In both cases, 

the lattice loses all memory of its initial state by ~0.1 ps. From these VACFs, the vibrational 

density of states is computed for carbon and silicon atoms (Figure 4.22), which is eventually used 

to determine the configuration and vibrational entropies. 

 The first notable characteristic of the density of states is the relatively constant low 

frequency (long wavelength) vibrational modes (note the log-log scale). The value of Gk(0), which 

is proportional to the diffusivity, also shows a monotonic increase with temperature, as expected. 

Additionally, a broad peak is observed for silicon centered at ~10 THz, pointing to a wide range 

of intermediate frequency vibrational modes, as opposed to carbon, which has two discernible 

peaks at ~25 THz and ~30 THz.   
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Figure 4.22 Vibrational density of states of carbon (left) and silicon (right) atoms in amorphous SiC 
calculated from the VACFs.  

 The density of states can be used to calculate the specific heat at constant volume based on 

the quantum weight functions [179]. It is given by: 
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                                                                           (4.30) 

where ( ) 1
Bu h k Tν −= . Here h denotes Plank’s constant, ν is the vibrational frequency, and kB 

represents Boltzmann’s constant. Vashista and coworkers computed Cv for amorphous SiC using 

an interatomic potential which modeled both two- and three-body interactions [179]. Although the 

potential is different, it provides another good benchmark for the amorphous SiC system. Figure 

4.23 provides a comparison between the two amorphous systems. It is interesting to note that the 

specific heat predicts are nearly identical to each other. As temperature is increased, Cv approaches 

the asymptotic limit predicted by Dulong and Petit [180] for a 3D solid system.  
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Figure 4.23 Specific heats (Cv) computed by Vashista et al. [179] (red circles) and from this work (black 
squares) using Eqn. (4.30) for amorphous SiC. 
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Chapter 5:  Defect Evolution in Silicon Carbide using the van Hove 

Self-Correlation Function 

 Displacement cascades are inherently chaotic phenomena. Atomistic simulation techniques 

provide the unique capability to compute structural and dynamical quantities. The aim of this 

chapter is to shed light on a novel and convenient method for mapping out the spatio-temporal 

characteristics of atoms following a high-energy radiation knock. Specifically, it is demonstrated 

that statistical-mechanical space-time correlation functions are ideally-suited to probe the 

dynamical behavior of a lattice during displacement cascades. 

 Defect evolution from the static structure 

 Recall from Chapter 3 that defects are typically identified from individual snapshots, i.e., 

the static configuration, of an atomistic system. This section compares the results between the 

various methods following a 5 keV knock. The displaced atoms are termed as ‘transient defects’ 

or simply ‘defects’ in this section.   

 The damaged SiC system is first evaluated through an analysis of Voronoi cell (atomic) 

volumes. In particular, the disorder generated during a displacement cascade in SiC is measured 

by comparing the atomic volumes of the irradiated system against an equilibrium distribution. 

Figure 5.1 shows the distribution of Voronoi cell volumes in the equilibrated SiC structure at 300 

K and zero pressure. 
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Figure 5.1 The equilibrium distribution of atomic volumes in SiC from Voronoi tessellation at 300 K. 
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 In Section 3.3.2, the Voronoi cell volume of an ideal SiC lattice was calculated to be about 

10.6 Å3. The distribution of atomic volumes in the equilibrated SiC structure is Gaussian and 

centered about 10.36 Å3, which is close to the theoretical value. Those Voronoi cells, which fall 

outside this equilibrium distribution, are considered as defects.   
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Figure 5.2 The number of carbon (left) and silicon (right) defects as a function of time after knock.  
Each curve represents a different defect identification method.  Note that the X-axis is on a log scale. 

 The defect evolution following a 5keV radiation knock is shown in Figure 5.2; the details 

of the displacement cascade simulations are given in Section 4.3. Four metrics – Voronoi cell 

(atomic volumes), Wigner-Seitz, CNA, and NN spheres are compared in Figure 5.2. In the analysis 

of a displacement cascade in SiC, defects are computed separately for the C and Si sublattices. The 

first obvious difference between them is that, with the exception of the Voronoi (atomic volume) 

analysis, more defects seem to be formed in the carbon sublattice. Recall that the energy required 

to displace a carbon atom in SiC is less than that for silicon. Therefore, more carbon defects are 

expected to form during the cascade. Next, it is observed that the thermal spike occurs at about 0.1 

ps in both sublattices. This is due to the large amount of thermal energy deposited in the material. 

The behavior observed during the ballistic phase of the cascade is largely determined by the 

repulsive ZBL potential. Once the deposited energy is absorbed into the heat bath at 0.1 ps, the 

system begins to recover. During the cooling down phase of the cascade, energetic defects migrate 

to metastable configurations or recover, hence the gradual decrease in defects after 0.1 ps. For each 

method, the system reaches a stable defect value at a time of 1 ps after knock when a local 

thermodynamic equilibrium is established [181]. 

 Each curve in Figure 5.2 shows a similar general trend. However, as expected, the number 

of defects calculated from each method is quite different. The Wigner-Seitz method shows the 
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smallest number of defects for both the carbon and silicon sublattices. This can be attributed to the 

space-filling nature of Voronoi polyhedra. Overall, the WS method provides the most accurate 

estimate of the true number of interstitials that are formed during a displacement cascade; some 

dumbbells may be unaccounted for in the WS method. It is interesting to note that the carbon 

defects do not decrease after the peak value unlike the other methods. This suggests that the defects 

that are identified by the WS method remain stable till the end of the simulation. A recovery, 

however, is noticed for the silicon sublattice.  

 The common neighbor analysis depicts the second fewest number of defects. The number 

of defects predicted by the WS and CNA methods is relatively close, which is a bit surprising as 

the CNA method is generally considered less appropriate for identifying the number of point 

defects. The Voronoi (atomic volumes) analysis shows a larger number of defects in both carbon 

and silicon sublattices; surprisingly the number is noticeably higher for silicon. The NN sphere 

method uses an arbitrary cutoff radius, so the number of defects will vary depending on the radius. 

For the chosen cutoff radius (0.525 Å), it predicts comparable number of defects for the carbon 

lattice to the Voronoi method while underpredicting for the silicon sublattice. Aside the from 

Voronoi (atomic volumes) method, all the other methods are relatively consistent with each one 

another in the sense that fewer defects are predicted in the silicon sublattice. This behavior is also 

commensurate with the observation that silicon Frenkel pairs in SiC are somewhat unstable and 

they revert back to the original lattice by recombination [56].  

 It may appear the Voronoi atomic volumes may not be a reliable metric to assess the 

transient defect characteristics of a displacement cascade although the overall trend is consistent 

with the other methods; in particular, the time of peak defect formation and the recovery are 

virtually identical to the other methods. As shown later in this chapter, the silicon sublattice is 

more susceptible to disordering than carbon lattice. From this perspective, the Voronoi atomic 

volumes gives a useful prediction that the number of defects in the silicon sublattice is larger 

relative to the carbon sublattice. The large number of defects in the Si sublattice predicted by the 

Voronoi analysis implies a significant deviation in atomic volumes from equilibrium. Although 

few silicon atoms are actually displaced during the cascade, the silicon sublattice becomes highly 

distorted to stemming from the stresses that arise from initial high-energy knock. Thus small 

atomic deviations in the silicon lattice are captured by the Voronoi atomic volume method, but not 

the other defect counting methods.  
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 It is noted here that the above analysis hasn’t specifically accounted for the antisite defects 

as the aim has been to quantify the general ‘disorder’ in SiC during a displacement cascade, 

regardless of defect-type. Figure 5.3 shows the evolution of antisite defects calculated from a 

Wigner-Seitz analysis. During the cascade, the number of C and Si antisites increases steadily up 

to 0.1 ps. At this point, as the system begins to recover, and the number of Si antisites decreases.  

On the other hand, the number of C antisites continues to increase, finally converging to a steady 

value at a time of 1 ps. This behavior is similar to that of the other point defects shown in Figure 

5.2. It is inferred through the analysis of van Hove self-correlation in Section 5.2 that atoms are 

dynamically hopping across native and defect sites without recombining in the carbon sublattice.   
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Figure 5.3 The number of carbon (black line) and silicon (red line) antisite defects calculated from a 
Wigner-Seitz analysis. 

 The spatial distribution of the defects can be assessed by inspecting the location of defects 

at different times following a radiation knock. Figure 5.4 is an illustration of the defects generated 

from a Wigner-Seitz analysis of cell occupancies. Immediately after the knock (10 fs), two carbon 

interstitials are observed. It is not until 50 fs that the incipient stages of cascade formation are 

observed. The spike in defects from Figure 5.4 occurs at 0.1 ps, which roughly corresponds to the 

spike observed in all methods. Some recovery is noticed in this particular snapshot; no significant 

recombination is observed when the defect numbers are averaged over 60 independent runs as 

evinced by Figures 5.2 and 5.3. Further, it is helpful to recall that some defects, including various 

dumbbell configurations, may have been unaccounted for in this analysis.  
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Figure 5.4 The evolution of defects in cubic silicon carbide from a Wigner-Seitz (WS) analysis. The 
damaged configuration is superimposed onto the Voronoi diagram of an equilibrated SiC structure. All cells 
with occupancy greater than 1 are counted as single point defects. These snapshots are taken from a 
representative cascade simulation; the variation in Figures 5.2 and 5.3, however, is an average over 60 
independent runs with different initial conditions. Red and blue spheres signify carbon and silicon atoms, 
respectively. 

   

 
Figure 5.5 The evolution of defects in cubic silicon carbide from an analysis of Voronoi cell volumes.  
Any cell in the damaged configuration that falls outside the equilibrium volume distribution is counted as 
a ‘defect’. These snapshots were taken from a representative cascade simulation. Red and blue spheres 
signify carbon and silicon atoms, respectively. 

 The snapshots of the cascade generated using a Voronoi tessellation are shown in Figure 

5.5. The number of identified defects based on the atomic volume criterion is far greater than for 
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the WS analysis. At 10 fs, the PKA has already produced several silicon defects (blue spheres) in 

the vicinity of the knock. However, since the defect criterion in this case is based on the deviation 

from the equilibrium atomic volume distribution, the silicon defects can simply be the result of the 

severe lattice distortion due to glancing collisions with the PKA. Since the WS method is the more 

appropriate technique for identifying point defects, it can be concluded that the additional defects 

present in the above snapshots are due to lattice distortion, particularly from the energetic recoils 

produced during the cascade. The apparent lattice distortion results in dysmorphic Voronoi cells, 

which is revealed in the defect analysis. Most importantly, the most severe lattice distortion seems 

to occur in the Si sublattice (blue spheres) – a key piece of information that is not captured by the 

WS method. As noted earlier, these distortions can give vital clues to the dynamic stability of the 

sublattice following a high energy knock. It is also known that a radiation impact causes a glassy 

state in several classes of materials [181]. However, it is difficult to say whether the regions shown 

in Figure 5.2 or 5.3 can give any reliable clues on the glassy nature, especially on the dynamical 

behavior. In general, this is a drawback of all space-based defect identification schemes.   

 
Figure 5.6 The evolution of defects in cubic silicon carbide from coordination number analysis (CNA). 
These snapshots were taken from a representative cascade simulation.  Red and blue spheres signify carbon 
and silicon atoms, respectively.  

 Figure 5.6 portrays the defect map as characterized by the common neighbor analysis 

(CNA). The predicted number of defects lie between that of WS and Voronoi (atomic volumes). 
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 Some important conclusions can be drawn on the space-based defect identification 

methods. For comparison, the results obtained from three methods are compared in Figure 5.7. 

First, the carbon sublattice is more likely to form individual point defects, which may aggregate 

into localized defect clusters; this is evident from the WS analysis. Secondly, the energetic recoils 

formed during the cascade severely distort the silicon sublattice, which is only evident from the 

Voronoi analysis of cell volumes. Lastly, it is imperative to reiterate that these methods rely on 

static snapshots, i.e., atomic coordinates, of the system under consideration. As useful as they are, 

they cannot provide vital dynamical information about defect creation and subsequent motion. The 

next section presents an innovative spatio-temporal correlation method for extracting dynamical 

information to analyze the radiation response of SiC. This approach can identity the average 

location of the displaced atoms as well as serve to identify the dynamical recovery mechanisms in 

the sublattices of SiC.  

 
Figure 5.7 A comparison between the Wigner-Seitz (WS) method, Voronoi atomic volume (AV) 
metric, and coordination number analysis (CNA).  Representative snapshots are shown at 0.1, 1.0 and 5.0 
ps.  

 Defect evolution from the dynamic structure 

 In the previous section, it is determined that the structural or space-based defect 

identification methods are not always consistent to each other. The WS method is more suited to 

identifying point defects as well as antisites. Three methods (WS, CNA, and nearest neighbor 
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methods) agree on the general trend; all three predict that there are more defects in the carbon 

lattice relative to the silicon sublattice. In contrast, the Voronoi atomic volume method identifies 

a larger number of displaced atoms on the silicon sublattice. Interestingly, all the methods predict 

the same time for peak evolution (~0.1 ps) and time to recovery (~1 ps). 

 In this section, the defect evolution is described in terms of the time-resolved van Hove 

self-correlation function Gs(r,t) – the probability for atoms to occupy a given region at a given 

time relative to their position at time t=0. To determine whether or carbon and silicon atoms convey 

differences in their dynamic behavior, Gs(r,t) is computed separately for the respective sublattices. 

 Gs(r,t) for the carbon sublattice 

 Figure 5.8 presents the van Hove self-correlation function for carbon atoms during the 

ballistic phase of the displacement cascade. For an isotropic material, 4πr2Gs(r,t) is the isotropic 

probability of finding an atom at position r at time t if the atom was at the origin at t=0. For clarity, 

the Gs(r,t) results are broken up into various time segments after the knock occurs, i.e., during the 

ballistic phase, at the displacement spike, and during the cooling down phase of the cascade. This 

is done to glean the local dynamics at different times. Note that this analysis is restricted to the 

region ahead of the knocked atom, where one expects the most number of displaced atoms [181]. 
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Figure 5.8 4πr2Gs(r,t) for carbon atoms in SiC following a 5 keV carbon recoil in the [100] direction.  
The results in this figure are for the ballistic phase of the cascade, as determined by the previous defect 
evolution results. As a comparison, the equilibrium 4πr2Gs(r,t) curve for the C sublattice at 300 K is shown.   
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 The equilibrium distribution (dotted line) represents the extent of atomic vibrations in the 

perfect crystalline state; the peak (0.2 Å) signifies the average amplitude of vibration for carbon 

atoms. Therefore, at t=tknock, the carbon sublattice is an equilibrium state. Immediately after the 

knock (1 fs), the initial vibrational characteristics of the carbon sublattice are lost. In addition, the 

probability of an atom travelling less than 0.1 Å increases by several orders of magnitude. By 5 fs, 

a quasi-vibrational peak reappears and shifts closer to the equilibrium peak at 10 fs, suggesting a 

quick recovery of the carbon sublattice to a partially crystalline state. Interestingly, a prominent 

middle region develops following the knock. As evident, this middle region exhibits a power law 

dependence. A power-law typically signifies a scale-free phenomena; a more detailed illustration 

is given when the results for the silicon sublattice is presented. A tail region comprising of 

fluctuations is also noticeable. Next, 4πr2Gs(r,t) is computed for carbon atoms near the thermal 

spike period – the results are shown in Figure 5.9.   
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Figure 5.9 4πr2Gs(r,t) for carbon atoms in SiC at the times (after knock) corresponding during the 
thermal spike period in the defect curve, compared with the equilibrium distribution at 300 K. The grey 
region highlights the emergence of a noticeable shoulder that indicates the presence of defects outside of 
the vibratory zone in the distribution at 1.5 Å. 

 Inspection of Figure 5.9 reveals that the cascade is beginning to generate defects at specific 

locations outside of the vibratory zone after 10 fs. At 50 fs after knock, the cascade is in the ballistic 

phase but the displaced atoms are rapidly multiplying as the excess thermal energy disperses 

throughout the lattice. The formation of defects at 50 fs is conspicuous in 4πr2Gs(r,t) – a small, 

broad ‘shoulder’ is forming between ~1.2 and 2.2 Å. When an atom travels to a transient 
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(metastable) interstitial position, it leaves behind a transient vacancy. The distance between the 

transient interstitial and transient vacancy corresponds to the radial distance r in 4πr2Gs(r,t). In 

SiC, the distance between a vacancy and dumbbell interstitial has been reported to be anywhere 

from 0.33a0 (1.43 Å) to 0.5a0 (2.2 Å) [127]. These distances are consistent with the range of r 

values for the shoulder in the Gs curve at 50 fs. At 0.1 ps, the time of the peak in the defect curves, 

the shoulder is transforming into a distinct peak at ~1.35 Å, which is consistent with the distance 

travelled by a carbon atom to form a C-C dumbbell. Thus, the majority of defects which are formed 

in the ballistic regime in the C sublattice are dumbbells. Next, 4πr2Gs(r,t) results are shown at 

several times during the cooling down phase. 
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Figure 5.10 4πr2Gs(r,t) for carbon atoms in SiC during the cooling down phase of the displacement 
cascade, compared with the equilibrium distribution at 300 K.  The grey region highlights the formation 
several distinct peaks in the distribution. 

 In the cooling down phase, metastable defects with sufficient energy to overcome the 

recombination barrier can migrate back to vacant lattice sites. Typically recombination is a 

temperature-dependent process; at lower temperatures, the material can crystallize and prevent 

recombination. However, the knock energy in the current analysis is large enough to provide ample 

enough energy to allow defects to undergo recombination sequences. In Figure 5.10, the shoulder 

that had previously developed in the distribution at 50 fs has strengthened indicating the stabilizing 

of the C-C dumbbell defects. In addition, the peak of the vibratory zone is again shifting closer to 

the equilibrium peak which shows that the system is being coaxed back to a quasi-thermodynamic 

equilibrium through the removed of excess energy at the system boundaries.   
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 At 0.5 ps, several noticeable peaks emerge in the middle region of the 4πr2Gs(r,t) curve at 

1.4 Å, 2.2 Å, 3.2 Å, and 3.8 Å. As the system evolves (5 ps), these peaks are still present, implying 

the dynamic stabilization of these defects. The simultaneous occurrence of these peaks in the 

4πr2Gs(r,t) curve, indicates a dynamic hopping mechanism by which the atoms jump to adjacent 

sites at 2.2 Å, 3.2 Å, and 3.8 Å, respectively. This sort of jump behavior has been reported for 

supercooled Lennard-Jones liquids [79] as a small secondary peak in the van Hove self-correlation 

function. Dynamic atom hopping is also reported for oxygen ions in UO2 above 2000 K – these 

hops are shown to occur from one native lattice site to another site without forming defects under 

thermodynamic equilibrium [80]. Additionally, in radiation cascade simulations of UO2, the 

oxygen ions are seen to hop to the nearest two native sites [182]. It is therefore, imperative to 

assess the nature of the sites observed in Figure 5.10.  
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Figure 5.11 4πr2Gs(r,t) for carbon atoms in SiC superimposed with the peaks of the radial distribution 
function g(r) (rdf) at 300 K. The peaks observed in the isotropic van Hove self-correlation function are 
denoted by the blue arrows. The first peak (I) corresponds to C-C dumbbells while the second coincides 
with the nearest octahedral site (a/2,0,0). The third peak (III) corresponds to the nearest carbon neighbor, 
and the fourth (IV) peak points to the central octahedral site (a/2, a/2, a/2). The octahedral sites are unstable 
under equilibrium conditions; they are formed only under far from equilibrium conditions associated with 
a radiation knock. Note that the peaks in 4πr2Gs(r,t) are dynamic, meaning the displaced atoms at the above 
peaks are suggestive of dynamic hopping from one site to another. This figure brings out the essential 
difference between a spatio-temporal correlation (van Hove) and a purely structural correlation (rdf). 

 In Figure 5.11, the peaks of the radial distribution function (rdf) (at 300 K) are plotted 

alongside the isotropic van Hove self-correlation function. The three peaks of the rdf show the 

locations of nearest antisite (C-Si), nearest neighbor of the same type, and the second nearest 
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antisite, respectively. The isotropic van Hove self-correlation function shows four distinct peaks 

(I to IV). These peaks are the signatures of a dynamic hopping mechanism in the carbon sublattice. 

Interestingly, the locations of these peaks are largely consistent with the jump distances by 

displaced carbon atoms to neighboring interstitial sites reported in [126, 127, 183], or the jump 

distance to another native carbon site. The first peak (I) indicates a C-C dumbbell interstitial as 

previously described – this dumbbell defect is located approximately at 1.4 Å, which is consistent 

with previous studies on displacement cascades in SiC [127, 184]. As mentioned previously, the 

distance between a vacancy and dumbbell interstitial has been reported to be anywhere from 0.33a0 

(1.43 Å) to 0.5a0 (2.2 Å) [127]. The third (III) peak is coincident with the nearest carbon neighbor. 

This indicates that a displaced C atom from its native site can hop to another (vacant) C native site 

following a radiation knock. It is interesting to note that magnitude for occupying the antisite 

location (C-Si) is smaller than that of the dumbbell or native sites. It does not mean that the antisite 

are not occupied, but rather the probability to occupy the antisites is smaller relative to the other 

two locations.  

 The second and fourth peaks coincide with the octahedral holes; the second one 

corresponds to (a/2, 0, 0), while the fourth one corresponds to (a/2, a/2, a/2). It is interesting to 

note that the probabilities of occupying the octahedral holes are similar judging by the magnitude 

of the correlation function. Further, the probability of occupying a vacant native C site is slightly 

lower than to occupy the octahedral sites. This is in sharp contrast to the behavior observed for 

oxygen ions in UO2 that prefer to jump across the native sites rather than forming metastable 

interstitial defects when perturbed by a radiation knock [182]. The defects observed in the carbon 

sublattice are evidently metastable and some or most of them will recombine given appropriate 

time to heal.  

 Figure 5.11 brings out the distinction between van Hove self-correlation, which draws out 

the spatio-temporal signatures that are very helpful to identify the defect locations, a priori, and 

the radial distribition funciton, which is purely a structural metric. For example, the defect hopping 

across the native C sites would not be discoverable in a space-based approach. Since the van Hove 

self-correlation function is a probability function, the area of the peaks can provide quantitative 

informtion on the number of defects at each location. As evident, the most probable defect is the 

C dumbbell configuration that corresponds to the first peak in 4πr2Gs(r,t). 
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  To visualize the complex migration paths in the carbon sublattice, atomic trajectories are 

analyzed from snapshots at different times following a radiation knock. Figure 5.12 shows a series 

of snapshots from a representative cascade simulation which depicts the migration of a carbon 

interstitial to various dumbbell configurations after the knock. It may be noted here that the 

isotropic van Hove correlation function depicted in Figures 5.8 to 5.11 is constructed by averaging 

the correlations from sixty independent runs; thus the peaks observed in these figures are average 

displacements. In contrast Figure 5.12 shows the displacement of a particular configuration.  

 From t=0 to 50 fs, the selected carbon atom travels 1.43 Å to form a C-C dumbbell. This 

distance is consistent with the peak in the 4πr2Gs(r,t) curve at 50 fs; later, this dumbbell location 

is dynamically stabilized and is observed even at 5 ps. At 0.1 ps after knock, the same carbon 

interstitial makes a second jump to form another C-C dumbbell, travelling 3.42 Å from its initial 

location. This possibly corresponds to a minor peak in the 4πr2Gs(r,t) curve. From 0.1 to 0.2 ps, 

the tagged carbon atom again makes a jump and ends up in another dumbbell configuration 

traversing a distance of 4.5 Å. By 0.25 ps, the carbon atom has been displaced by 4.8 Å. Although 

these distances do not correspond to the peaks in 4πr2Gs(r,t) curve, the trajectory is indicative of 

metastable locations for the displaced carbon atoms. 

 

 
Figure 5.12 Snapshots of atomic migration from a representative simulation of a displacement cascade 
in SiC. Silicon and carbon atoms are portrayed as blue and red spheres, respectively. A single carbon atom 
(green sphere) is tracked as it migrates to various interstitial sites. 

 The migration patterns in Figure 5.12 indicate the complex pathways a carbon atom can 

take following a radiation knock. It is known that carbon can form several types of dumbbell 
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configurations. The migration mechanisms of carbon interstitials are complex and dependent on 

both temperature and crystallographic direction. These interstitials can recombine with nearby 

vacancies via a diffusion process consisting of one or more jumps [183]. One such migration 

pathway involves an interstitial atom, initially part of a C-C<100> dumbbell, migrating to form a 

C-C dumbbell at a second-nearest-neighbor site [126]. In another reported path, a single atom that 

is part of a C-C<100> dumbbell migrates to form a C-Si dumbbell at a silicon site; a second jump 

is made by this carbon atom to a neighboring carbon site to again form a C-C dumbbell.  

 In summary, using the van Hove self-correlation function, it is determined from the defect 

evolution that the carbon atoms can jump from a native site to dumbbell defect locations, or to the 

unstable octahedral sites. Additionally, the carbon atoms can also hop between native sites and 

across interstitial locations. This behavior was rationalized from the emergence of several peaks 

in the 4πr2Gs(r,t)distribution. In the following section, the van Hove self-correlation function is 

computed for the silicon sublattice in SiC. 

 Gs(r,t) for the silicon sublattice 
 The analysis of 4πr2Gs(r,t) for the silicon sublattice proceeds in a similar fashion. Figure 

5.13 delineates the van Hove self-correlation function for silicon atoms in SiC during the ballistic 

phase of the cascade. At 300 K, the average amplitude of vibration in the silicon sublattice is about 

0.24 Å, which is slightly larger than for carbon. During the ballistic phase, in which the primary 

knock-on produces a series of secondary knock-ons, and so on, the silicon and carbon sublattices 

behave in a similar manner. By 1 fs after the knock, silicon atoms immediately lose their 

vibrational characteristics. Between 5 and 10 fs, the vibratory behavior begins to re-emerge as 

evidenced by the reappearance of a quasi-vibrational peak, which is again shifting towards the 

equilibrium vibrational amplitude, suggesting a dynamic recovery. A power-law middle region 

(the tail is mostly fluctuations as before) is also forming in the distribution, which becomes more 

pronounced as the cascade proceeds. 
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Figure 5.13 4πr2Gs(r,t) for silicon atoms in SiC following a 5 keV carbon knock in the [100] direction.  
The results for the ballistic phase of the cascade are first introduced. As a comparison, the equilibrium 
4πr2Gs(r,t)curve for the Si sublattice at 300 K is shown.  
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Figure 5.14 The evolution of 4πr2Gs(r,t) for the silicon atoms in SiC near the thermal spike period. The 
inset shows a zoomed-in view of the formation of a distinct power law middle region in the distribution 
outside of the vibratory region. 

 The results in Figure 5.14 show that in the vicinity of the thermal spike, the Si sublattice 

reveals a prominent power-law middle region in 4πr2Gs(r,t) at distances greater than the 

equilibrium vibrations. Although the power law behavior is similar to that of the carbon atoms, it 

is striking to note the absence of peaks in the middle region. The lack of peaks indicates that there 
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are fewer stable defects in the Si sublattice although there are numerous displacements beyond the 

vibratory zone. 

 Figure 5.15 shows the isotropic van Hove self-correlation for the cooling down phase. The 

power law behavior strengthens. Most conspicuously, there are no peaks in the 4πr2Gs(r,t) curve 

beyond the vibratory zone. Thus it is inferred that even at longer times there are no significant 

number of stable defects generated in the Si sublattice. The lack of stable defects is also reflected 

in the WS defect count (see previous section); however, the WS metric is not able to reveal the 

displacements observed in the isotropic van Hove self-correlation. On the contrary, the Voronoi 

atomic volume metric predicts a significant number of displaced atoms for silicon relative to the 

carbon atoms. Thus the Voronoi atomic volume is a better measure that can unmask the 

displacements as observed Figure 5.14. 
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Figure 5.15 4πr2Gs(r,t) for silicon atoms in SiC during the cooling down phase of the displacement 
cascade, compared with the equilibrium distribution at 300 K. The inset shows a zoomed-in view of the 
power law middle region in the distribution. 

 In the cooling down phase of the cascade, the power-law middle region becomes slightly 

more pronounced, as portrayed in Figure 5.15. From 50 fs to 5 ps after knock, the power-law 

middle region in the 4πr2Gs(r,t) distribution appears to become stable, and is proportional to r-2.6. 

The power-law behavior is ubiquitous in natural phenomena such as turbulence in fluids and 

plasmas [185, 186], the dynamics of ecosystems [187], neural avalanches [188], solar flares [189], 

earthquakes [190, 191], and various other physical and biological systems [192].This distinctive 
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behavior exhibited by the silicon sublattice is possibly emblematic of a self-organized critical 

state, which typically occurs in non-equilibrium dynamical systems with a large number of 

interacting components. The next section discusses the concept of self-organized criticality (SOC) 

in the Si sublattice and how it is possibly a precursor to the c-a transition in SiC. 

 Self-organized criticality 

 As mentioned before, self-organized criticality describes a class of phenomena observed 

in non-equilibrium dissipative systems, such as earthquakes, sand piles, and ecosystems. These 

systems tend to organize themselves into states whose dynamics vary abruptly, and which are 

characterized by power-law behavior reminiscent of equilibrium systems at their critical points 

[193]. However, self-organized criticality is fundamentally different than the scale-free behavior 

near a critical point because a thermodynamic phase transition can only be reached by tuning a 

specific parameter, such as temperature or pressure. The critical state studied in these models is an 

‘attractor’ reached by starting far from equilibrium (i.e., the knock).  

 The concept of self-organized criticality was first introduced by Bak et al. [185, 194] as an 

explanation of a cellular automata model, the sandpile model, they had developed. If one were to 

pour sand uniformly, one grain at a time, onto a flat, circular surface, a pile will form with a gradual 

slope. As sand is continually added to the pile, the slope may become too steep in places, causing 

some grains to slide down in a small avalanche. The pile stops growing when a steady-state 

condition is reached, i.e., the amount of sand added is balanced by the amount falling off the edge. 

At this point, the pile is in a “critical state.” If more sand is added to the critical pile, an avalanche 

of any size can occur; however, most of the time, the grain will fall so that no avalanche occurs 

[187].   

 In the 1D cellular automata model developed by Bak et al., each column of sand interacts 

with its nearest-neighbors. The interactions are governed by a set of simple rules. For the system 

to become stable, the height difference between neighboring positions along the sand pile must be 

less than a critical value hc [195]. This is analogous to a real-life sand pile reaching a stable slope. 

If sand is added randomly to an empty system, the pile will reach a state in which all height 

differences assume the critical value. Any additional sand will simply fall from site to site (or off 

at the boundaries), leaving the system in the minimally stable state [194]. An important aspect of 

the 1D model is that any perturbation will propagate throughout the system, leaving it in the 
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minimally stable state. In other words, the 1D sand pile is unaffected by noise. Another one-

dimensional model system that exhibits self-organized criticality is an array of damped pendula 

connected by torsion springs. In this case, there are an infinite number of stationary (metastable) 

states in which the pendula are pointing down [185]. If the pendula are initially unstable (due to 

large forces), they will rotate until they reach the minimally stable state characterized by large 

spring forces that are barely able to balance the gravitational force. If a pendulum were to be 

pushed forward, the force on the nearest neighbor will exceed the critical value. The forces will 

dissipate until they reach the end of the array, thus returning the system back to a minimally stable 

state.  

 Similar extensions can be made for higher dimensions. For a 2D pendulum array in a 

metastable state, any small perturbation will spread to its nearest neighbors in a chain reaction 

since the pendula are connected with several minimally stable neighbors. The disturbance will 

eventually propagate through the entire lattice in a domino effect, pushing neighboring pendula 

out of their stable states. Thus, the global minimally stable state is not stable with respect to small 

fluctuations and cannot represent an attracting fixed point for the dynamics [194] (as in the 1D 

case). As the system continues to evolve, more unstable states are generated, which in turn 

obstructs the dissipation of the noise, as the initial network of connected minimally stable states is 

broken into clusters. The system becomes stable when the network is broken to the point where a 

perturbation will not propagate throughout the entire lattice. However, at the cusp point, there will 

be no length or time scale by which the disturbance dissipates throughout the system. Hence, the 

formation of a scale-invariant structure of minimally stable states [185] is expected to occur, which 

shows power-law behavior for noise and other spatio-temporal quantities.   

 This very delicate state is referred to as a self-organized critical state. It is called “self-

organized” because it reflects the natural tendency of non-equilibrium dynamical systems (with 

constant input) to arrange themselves into self-similar (fractal) configurations. It is also a “critical” 

state because at this point, a system is on the cusp of collapsing, whether it is an avalanche in a 

sandpile, an earthquake along a fault line, an extinction event in an ecological system, or a forest 

fire [196]. Self-organized critical states are akin to second order phase transitions in Ising 

ferromagnets, which can be modelled as a lattice of interacting magnetic spins in an external 

magnetic field [197]. Near the critical point, the broken symmetry in macroscopic thermodynamic 

states results in a power-law dependence of magnetic susceptibility. 
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 Approaching self-organized criticality in the silicon sublattice 

 In Figures 5.14 and 5.15, the development of a power-law middle region in 4πr2Gs(r,t) can 

clearly be seen for the Si sublattice; this region is stable after 0.1 ps, which interestingly coincides 

with the thermal spike. This behavior suggests that silicon atoms have arranged themselves into a 

SOC-like state following the 5 keV carbon recoil. In order to justify the claim of self-organized 

criticality occurring in the silicon sublattice, the SiC must first be compared with the cellular 

automata models developed by Bak et al. The first obvious parallel is that both are systems of 

interacting particles; the sandpile (or pendula) model consists of interacting columns of sand, while 

SiC is a system of atoms interacting via a classical interatomic potential. In both cases there are 

interactions between nearest-neighbors, which are required to dissipate energy, pressure, spring 

forces, or grains of sand through the lattice. Also, both are initially in a non-equilibrium state. For 

the array of pendula, a ‘kick’ is provided to a random pendulum, resulting in the propagation of 

forces through the lattice. In the sand pile model, grains of sand are added incrementally to a pile, 

pushing neighboring columns out of their minimally stable states.  

 It is conjectured that the silicon atoms in SiC following radiation exhibit a dynamic tension 

between crystalline and amorphous states. With just one knock, as investigated in this work, the 

silicon sublattice is in a state that is susceptible to collapse. In a critical sand pile, any additional 

grain of sand can cause a catastrophic avalanche. In a displacement cascade in SiC, continued 

knocks on the same region can cause the collapse of the whole silicon sublattice. With the collapse 

of the Si sublattice, the C sublattice no longer can remain stable, which may result in a c-a 

transition in SiC. As discussed earlier, the approach to self-organized critical state becomes 

apparent with the formation of a power-law middle region in 4πr2Gs(r,t), meaning the time-

resolved motion of silicon atoms exhibits self-similarity, or fractal-like behavior 

 Lastly, in Figure 5.2 recall that a Voronoi tessellation of irradiated SiC shows a significant 

number of ‘defects’ in the Si sublattice. A Voronoi analysis is a powerful tool which is very 

sensitive to deviations in atomic arrangements. Therefore, even a small lattice distortion will 

become apparent in the Voronoi atomic volumes. The silicon sublattice becomes significantly 

distorted, which manifests as defects in the analysis of Voronoi cell volumes; these defects can 

thought to be approaching a self-organized critical state – a delicate balance between crystallinity 

and disorder. With continued knocks, the silicon sublattice can indeed collapse leading to a 

complete amorphization. In other words, the silicon atoms portray a dynamic instability during a 
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displacement cascade. This observation is consistent with recent MD studies of displacement 

cascades which have shown that the dose to amorphization with only silicon displacements is 

actually lower than the dose from carbon displacements, suggesting the release of elastic energy 

accumulated due to silicon displacements as a likely mechanism for amorphization [56]. The 

current work is in agreement to this overall picture of a silicon sublattice in SiC that is somewhat 

fragile and susceptible to collapse. 

 Summary of Gs(r,t) results 

In this chapter, a displacement cascade is analyzed in cubic SiC through MD simulations. 

The overarching aim of this chapter is to shed light on a novel and convenient method for mapping 

out the spatio-temporal characteristics of atoms following a high-energy radiation knock. 

Specifically, it is demonstrated that van Hove self-correlation function is ideally-suited to probe 

the dynamical behavior of a lattice during displacement cascades. This correlation is computed 

separately for C and Si. Analysis of the van Hove self-correlation function establishes a dynamic 

hopping mechanism for the atoms of the carbon sublattice. Carbon atoms hop to neighboring 

interstitial positions as well as to the nearest carbon neighbor site. In the Si sublattice, however, 

no peaks are formed which indicates the absence of stable defects. However, the atomic 

displacements are observed well beyond the vibratory zone in the silicon sublattice. Interestingly, 

the van Hove self-correlation function portrays a power-law behavior after the thermal spike that 

is suggestive of a state of dynamic tension among the silicon atoms, which are possibly near a self-

organized critical state. Continued radiation knocks can indeed drive the silicon sublattice to cross 

the critical state and force it to undergo a c-a transition.  
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Chapter 6:  Dynamical Heterogeneity in Amorphous SiC 

 In Section 2.7, a useful metric was presented – the dynamic susceptibility (χ4(k,t)) – for 

discerning dynamic disorder in slowly evolving, frustrated systems such as supercooled liquids. 

Glassy or amorphous states depict a peculiar dynamical behavior known as dynamical 

heterogeneity (DH) or spatially heterogeneous dynamics [83, 85, 112-116]. The dynamic 

susceptibility, which is the volume integral of G4(r,t), has been used in the past to quantify DH in 

glassy and amorphous states [89, 198-200]. In this chapter, the dynamic susceptibility is used to 

elucidate the relaxation time and delineate the presence of DH among the carbon and silicon atoms 

in amorphous SiC. In the previous chapter, it was determined that carbon and silicon atoms in 

disordered SiC exhibit striking differences in their dynamic behavior through the analysis of van 

Hove self-correlation. It is expected that these dynamical differences will become more apparent 

by investigating the time evolution of dynamic susceptibility for carbon and silicon atoms.  

 Dynamic susceptibility  
 Unlike in the previous chapter, the dynamic susceptibility of carbon and silicon atoms is 

tested on an amorphous SiC sample that is generated by rapid quenching; the simulation details 

are discussed in Section 4.5. The reason for selecting an amorphous sample is that the computation 

of dynamical susceptibility typically requires long correlation times. It is thus unsuited for 

analyzing short time windows following a radiation knock. It is further noted here that amorphous 

systems are not unique and differences are expected based on the method of preparation [61]. 

However, relative differences between carbon and silicon atoms, which is the objective of this 

work, are not expected to be significantly dependent on the preparation techniques. In this work, 

an initially melted SiC system at 5700 K is quenched to various temperatures below the melting 

point Tm. Once the system is properly equilibrated for 100 ps, the dynamic susceptibility function 

χ4(k,t) is computed for the [800], [080], and [008] wavevectors; the average over these 

wavevectors is represented as χ4(t). The dynamic susceptibility is computed over a sufficiently 

long correlation time (1 ns) to allow for spatially heterogeneous dynamics to emerge. 
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 Benchmarking  

 Berthier and Kob [117] computed the dynamic susceptibility for a binary supercooled LJ 

system [79] using Monte Carlo simulations. The dynamic behavior is first benchmarked against 

the data reported in [117], as shown in Figure 6.1. Note that the timesteps for MC simulations 

correspond to a MC steps. An “apples-to-apples” comparison with Monte Carlo is not possible, 

given that MC simulations do advance in real time. What is important for the benchmark is that 

the peak values match, and more importantly, the time at the peaks show excellent agreement.  
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Figure 6.1 The dynamic susceptibility computed for the Kob/Anderson binary LJ system [79] for the 
reduced temperatures of 0.6 and 1.0. The results obtained from atomistic simulations are benchmarked 
against the Monte Carlo results of Berthier and Kob [117]. The key markers are the time at the peak vale 
and the value of the peak. 

 χ4(t) for silicon atoms in amorphous SiC 

 For a supercooled liquid, χ4(t) typically exhibits distinct time regimes where different 

physical behavior manifests itself. For instance, on very small time scales, the ballistic motion of 

the particles is important. However, at larger time scales, cooperative behavior begins to emerge 

that manifests as a peak in the dynamic susceptibility. It is at this time that DH becomes evident.  

Moreover, the length scales over which cooperative dynamics form increase with decreasing 

temperature, resulting in longer relaxation times at low temperatures. Thus, glassy materials 

typically exhibit a monotonic increase in DH (and hence, the peak value) with decreasing 

temperature, signifying longer relaxation times over which cooperative motion occurs.  



   

89 
 

 
Figure 6.2 The dynamic susceptibility of silicon atoms in amorphous SiC for a temperature range of 
300 – 3000 K in increments of 300 K.  

 In Figure 6.2, χ4(t) for silicon is computed for a 1 ns correlation time. There are several 

interesting features that are not associated with a deeply supercooled liquid. At the highest 

temperature, χ4(t) shows peak value of ~17 with a relaxation time of ~25 ps. As temperature is 

decreased, the peak increases with a concomitant increase in the relaxation time. This expected 

behavior continues till 2400 K. Remarkably, on further decrease in temperature, the peak value of 

χ4(t) decreases as shown in Figure 6.3 although the relaxation time still continues to increase with 

decreasing temperature.   
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Figure 6.3 The magnitude of χ4(τ), where τ denotes the relaxation time as a function of temperature for 
silicon atoms in amorphous SiC. 

 This non-monotonic behavior is atypical of supercooled liquids and glassy materials, where 

the magnitude of DH formation increases with decreasing temperature (with a corresponding 

increase in relaxation time). However, the waxing and waning of DH observed in silicon atoms is 
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congruous with the behavior observed in superionic conductors such as UO2 and CaF2 [80, 201-

204]. Another interesting observation is the asymmetry in the DH growth and decay as observed 

in Figure 6.3. On cooling from 2400 K, the DH decreases slowly while on heating the DH 

decreases rapidly. This rapid drop is likely from the destabilizing influence of entropy with 

increasing temperature.  

 The peak in χ4(t) at 2400 K indicates that the amorphous system is dynamically different 

across the temperature range. At low temperatures, the system is more crystal-like without 

significant dynamic grouping of mobile and immobile atoms. Similarly, at high temperatures near 

melting, the system is closer to a normal liquid without persistent heterogeneous dynamics. At 

intermediate temperatures, the natural proclivity of disordered atoms to form dynamic clusters is 

enhanced. From the variation of χ4(t), the system shows most heterogeneous dynamics at 2700 K.  

 χ4(t) for carbon atoms in amorphous SiC 

  
Figure 6.4 The dynamic susceptibility of carbon atoms in amorphous SiC computed for a temperature 
range of 300 – 3000 K in increments of 300 K. 

 In Figure 6.4, χ4(t) for carbon atoms in amorphous SiC is delineated. The high temperature 

behavior of carbon atoms is quite similar to that of silicon, as the peak heights are decreasing from 

2400 K to 3000 K. Due to the longer relaxation behavior for carbon, the distinct peaks indicative 

of DH are not evident below 2400 K. On the other hand, the relaxation times are orders of 

magnitude smaller for silicon atoms. The structural relaxation times for carbon atoms appear to be 

quite long (O(100 ps)), suggesting slowly emerging dynamical subgroups of carbon atoms (see 

Figure 6.5).   



   

91 
 

 Although the peaks at lower temperatures (less than 2400 K) are not evident in χ4(t) for the 

carbon atoms, based on the similarities in the high temperature behavior with silicon, it can be 

concluded that carbon atoms also exhibit the waxing and waning of DH. Conspicuously, however, 

the peak heights, and hence the strength of DH, is much smaller for carbon atoms.  Given the much 

larger relaxation times and the low DH strength, it is fair to conclude that carbon atoms are less 

‘jammed’ or disordered than silicon atoms, which is in line with the Gs(r,t) results. 

 

 
Figure 6.5 Structural relaxation times (τ) for carbon atoms (blue triangles) and silicon atoms (red stars) 
in amorphous SIC are plotted as a function of inverse temperature. 

 Generally, the spatial correlations are negligible at short times, and increase until they reach 

a peak value at χ4(τ), where τ denotes the structural relaxation time, or the time at which the 

correlations are the strongest. The relaxation time variation in Figure 6.5 shows a distinct change 

in slope at 2400 K where the DH magnitude is maximum. An Arrhenius relationship can be noticed 

for temperatures below 2400 K (for silicon atoms), which indicates that across this temperature 

regime, the DH is likely controlled by a single mechanism. Above 2400 K, it appears that the 

variation is non-Arrhenius; so it is also possible that the low temperature mechanism is changing 

to a high temperature mechanism. The sparse data set, however, does not allow a firmer conclusion 

to be made.  

 Discussion and summary of DH results 

 In terms of DH, the first obvious difference between carbon and silicon atoms is that 

relaxation times for carbon atoms are much longer than for silicon atoms, especially at lower 
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temperatures. Secondly, the magnitude of the peaks is greater for silicon atoms. This suggests that 

DH is more prominent in silicon atoms and that it occurs on a much shorter time scale. The 

information extracted from the dynamic structure of amorphous SiC through analyzing the 

dynamic susceptibility again leads to the conclusion that silicon atoms exhibit significantly more 

disorder than carbon atoms.   

 At lower temperatures, the amorphous system is solid-like in terms of its dynamic behavior.  

As the temperature is increased, DH becomes more prominent indicating cooperative motion, 

which results in dynamically similar pockets of atoms. This occurs in both the carbon and silicon 

sublattices. At a certain point (~2400 K), there is a natural tendency to break the collective motion, 

due to increasing entropy, and thus there is a temperature at which DH is a maximum. Beyond this 

peak value, the system is more liquid-like dynamically and the cooperative motion becomes much 

weaker.     

 A helpful visual comparison between the structural relaxation times of carbon and silicon 

is provided in in Figure 6.5. A crossover point is clearly observed for the silicon atoms at 2400 K; 

the same crossover temperature can be anticipated for the carbon atoms too. Moreover, the longer 

relaxation times for carbon atoms means that the carbon sublattice is much more dynamically 

stable. At this point is important to emphasize that DH is a distinctively dynamic phenomenon and 

cannot be extracted from static structural metrics such as the radial distribution function or the 

static factor.  

 Overall, the results in this chapter provide further support for the main conclusion of this 

work; that is, silicon atoms exhibit a greater degree of dynamic disorder than the carbon atoms in 

disordered SiC. This has been demonstrated through extracting the dynamic structure using well-

established spatio-temporal metrics – the van Hove self-correlation function and the dynamic 

susceptibility. Next, the extent of disorder is investigated by determining the difference in entropy 

between carbon and silicon atoms in amorphous SiC. 
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Chapter 7:  Thermodynamic Properties from the 2PT Method 

 Previously, it has been demonstrated that silicon atoms exhibit a dynamic instability during 

a single displacement cascade event. From the Voronoi analysis of the static structure of irradiated 

SiC, it is observed that the silicon sublattice is more disordered, in the form of atomic migrations 

beyond the vibratory zone. It is also discovered that dynamical heterogeneity is more prominent 

among silicon atoms in amorphous SiC relative to the carbon atoms. Another important measure 

of dynamic disorder is entropy, which can be expressed in terms of vibrational and configurational 

entropy. Recall that the 2PT methodology partitions a disordered system into a set of hard spheres 

(HS) and harmonic oscillators (HO). Thus, the total entropy of a system can be expressed as the 

sum of HS and HO contributions. The HO partition represents vibrational entropy since harmonic 

oscillators only exhibit vibrational motion. On the other hand, the HS contribution to entropy can 

be thought of as a measure of the configurational entropy (although not completely equivalent), as 

hard spheres only display translational (diffusive) motion. The central metric for partitioning the 

disordered system is the fluidicity parameter f, as discussed in Section 2.6. 

 In this chapter, the 2PT method is employed to compute the thermodynamic properties 

specific heat and entropy of amorphous SiC as a function of temperature. Since the previous results 

have shown significant differences in behavior between carbon and silicon atoms, these 

thermodynamic properties are calculated computed separately for the two sublattices. The 

amorphous structure is obtained by rapid quenching as described in Section 4.5. As noted in the 

last chapter, amorphous systems are not unique and differences are expected based on the method 

of preparation [61]. However, relative differences between carbon and silicon atoms, which is the 

objective of this work, are not expected to be significantly dependent on the preparation 

techniques. Amorphization by rapid quenching has some similarities to direct impact 

amorphization (DIA), or in-cascade melting, in which a material is induced to melt under 

irradiation and subsequently quenches to an amorphous state [75].   

 Variation of the fluidicity parameter 

 Using Eqn. (2.67) and Eqn. (2.68), the fluidicity parameter fk is first calculated separately 

for carbon and silicon atoms in the amorphous SiC system. Recall that fk determines the extent of 
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the hard sphere partition of the system, and is proportional to the zero frequency density of states 

G(0). 

 The variation of fluidicity parameter with temperature is shown in Figure 7.1. Although it 

increases monotonically with temperature, and is negligibly small at all temperatures; at 3000 K, 

the fluidicity is maximum, and it is ~2% approximately. Hence, it is obvious that the amorphous 

SiC system is dominated by the vibrational component, and the diffusive motion contributes little 

or no contribution to the entropy. In other words, the system entropy is dominated by vibrational 

entropy.  
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Figure 7.1 The variation of fluidicity parameter for carbon (black) and silicon (red) atoms in amorphous 
SiC. 

 Comparison to experimental data 
              

 

 

 

 

 

 

 

  

 

 

Figure 7.2 (Left) Specific heat predictions from the 2PT method compared to the experimental data for 
crystalline SiC. The experimental data is for specific heat at constant pressure while the 2PT data is 
applicable to constant volume conditions; for crystalline states, the differences are marginal. (Right) 
Comparison of specific heat divided by temperature – this metric is identically equal to the rate of change 
of entropy with temperature. The relatively good agreement at high temperatures indicates the applicability 
of the chosen method at temperatures above the Debye temperature (~1200 K). 
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 First, the predictions of the 2PT method are compared against experimental data. While 

2PT measures the absolute entropy, experiments typically measure relative entropies. Thus it is 

more appropriate to compare the rate of change of entropy. The rate of change of entropy with 

temperature (dS/dT) is simply C/T, where C is the specific heat. Both metrics are compared against 

the experimental data reported in [205] in Figure 7.2. Reasonably good agreement is observed 

between the 2PT predictions (without HS contributions) and experimental data. It is particularly 

noteworthy to note that C/T values are very nearly equal to each other at temperatures above the 

Debye temperature (~1200 K). The good match signifies the applicability of the chosen method 

and the interatomic potential in predicting the thermodynamic properties at temperatures above 

~1200 K. Nevertheless, the trends are preserved even at lower temperatures.   

 Entropic signatures of disorder in crystalline SiC 

0 300 600 900 1200 1500 1800 2100 2400 2700 3000
0

5

10

15

20

25

30

35

40

45

50

 Carbon
 Silicon

En
tro

py
 (J

/m
ol

·K
)

T (K)

 
Figure 7.3 The variation of entropy with increasing temperature for carbon and silicon atoms in 
crystalline SiC.  In this case, the entropy is essentially vibrational. 

 Having established the accuracy of the 2PT method, it is used to compute the entropy of 

the constituent atoms. Figure 7.3 shows the variation of component entropies with temperature. 

Note that the crystalline system is not partitioned into HS and HO components since there is no 

diffusion in a perfect crystal; in this case, the system is considered to be a collection of independent 

quantum harmonic oscillators. As shown in Figure 7.3, the entropy of crystalline SiC increases 

monotonically with temperature. Interestingly, the entropy, and hence vibrational disorder, is 

greater among the silicon atoms. In terms of entropy, silicon atoms clearly exhibit more disorder 

than carbon atoms. 
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 Next, the entropy is computed separately for carbon and silicon atoms for amorphous SiC 

in Figure 7.4.  Both contributions of configurational (HS) and vibrational (HO) entropy are 

included in the analysis; however, as expected, the configurational partition is nearly zero at all 

temperatures and thus the entropy is dominated by the vibrational partition even in the amorphous 

state.  
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Figure 7.4 The variation of vibrational (Svib) and configurational entropy (SHS) in the carbon and silicon 
sublattices of amorphous SiC. 
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Figure 7.5 The variation of total entropy in the carbon and silicon sublattices in amorphous SiC. 

 Now that the vibrational and configurational entropy has been computed in the quenched 

amorphous SiC system, the conclusion can be drawn again that the silicon sublattice is inherently 

more disordered than the carbon sublattice. The results from both the crystalline and amorphous 

systems confirm the prediction that Si atoms in SiC are more dynamically disordered relative to 
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carbon atoms. Figure 7.6, which depicts the change in entropy from crystalline to amorphous, 

draws out the striking difference between carbon and silicon. 
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Figure 7.6 The change in entropy in SiC between crystalline and amorphous states, defined as Samorph – 
Scrys. 

 The first obvious conclusion that can be drawn from Figure 7.6 is that the increase in 

entropy from crystalline to amorphous is much greater for silicon atoms. The results so far have 

pointed to greater disorder in the silicon sublattice; the larger entropy increase for the silicon atoms 

supports this conclusion.  

 At low temperatures, the entropy change increases somewhat sharply. A maximum is 

observed at 800 K for both carbon and silicon atoms. This maximum occurs near the reported 

Debye temperature (~1200 K). As temperature is increased further, the disorder increases for both 

sublattices. Interestingly, there is shallow minima at 2400 K, which is the temperature at which 

DH is maximum. This minimum is observed for both lattices. Further work is needed to rationalize 

this observation.  

 The constant volume molar heat capacity, Cv, was computed separately for carbon and 

silicon atoms using Eq. (2.52). The results for both crystalline and amorphous systems are shown 

in Figure 7.7. As temperature is increased from low values, Cv of both sublattices approaches the 

asymptotic limit predicted by Dulong and Petit [180]. It is again instructive to note the wider 

disparity in the specific heat between silicon and carbon atoms in the amorphous state.  
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Figure 7.7 The constant volume molar heat capacity for crystalline (left) and amorphous (right) SiC as 
a function of temperature. Cv is computed separately for carbon and silicon atoms.  

 
 Conclusions from the 2PT analysis of SiC 

 In the analysis of crystalline and amorphous SiC using the 2PT methodology, it is 

determined that entropy is greater for silicon atoms in both crystalline and amorphous SiC. The 

change in entropy from crystalline to amorphous SiC is, however, more pronounced for silicon 

atoms, indicating a greater disorder for the silicon sublattice. The change shows a maximum at 

800 K, close to the Debye temperature (~1200 K) and a minimum at 2400 K, the temperature 

where a dynamic heterogeneity is maximum. It is significant to note that the entropic variations 

presented in this chapter support the conclusion from the Gs(r,t) and χ4(t) analyses that the silicon 

sublattice is inherently more disordered in aperiodic or amorphous SiC.   
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Chapter 8:  Conclusion 

 Silicon carbide is a ceramic material whose excellent thermo-mechanical properties make 

it an attractive material for use in extreme environments such as the core of a nuclear reactor. In 

particular, SiC exhibits desirable neutronic and heat transfer properties compared with the typical 

zirconium alloy cladding employed in the current fleet of light water reactors, including a high 

specific heat and thermal conductivity, as well as low thermal expansion, excellent high 

temperature strength and low neutron absorption. Significantly, it exhibits lethargic oxidation 

kinetics with steam and air at high temperatures, which gives it a distinct advantage over zirconium 

alloys that are known to react with steam at high temperatures to form explosive hydrogen gas. 

However, a drawback of SiC, particularly for applications in various nuclear technologies, is its 

brittle nature and the crystalline-to-amorphous (c-a) transition at low temperatures in a radiation 

environment.     

 At the most fundamental level, radiation damage involves the formation and evolution of 

point defects. However, at very short time scales, defects are unstable and transient in nature. The 

changes in material properties are governed by the dynamic processes by which defects form, 

migrate, aggregate, and recombine. Experimental methods such as electron microscopy and X-ray 

diffraction are typically utilized to characterize the radiation effects; however, computational 

techniques such as molecular dynamics allow us to probe details that are inaccessible via 

experiments. The conventional methods used to compute the defect evolution from molecular 

dynamics only require individual snapshots, i.e., static structure, at various times during the 

simulation. Although the defect evolution from static snapshots is a useful metric in characterizing 

disorder, it provides meagre information on the dynamical underpinning of the amorphization 

processes. A primary objective of this dissertation, therefore, is to quantify the dynamic disorder 

in aperiodic or amorphous silicon carbide using spatio-temporal correlation functions that provide 

both structural and dynamical information. 

 Atomistic or molecular dynamics simulations offer a powerful methodology to investigate 

the response of materials to external influence such as nuclear radiation or rapid quenching. In this 

dissertation, classical molecular dynamics simulations are employed to investigate the dynamics 

of disorder in silicon carbide. A modified form of the three-body Tersoff potential, combined with 

the Ziegler-Biersack-Littmark (ZBL) electrostatic screening function, is used in this work to 
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describe the interactions between the atoms in silicon carbide. The equilibrium properties of silicon 

carbide – heat capacity, lattice parameter, radial distribution function, and melting point – are first 

benchmarked to the reported experimental data. Two separate spatio-temporal metrics – the van 

Hove self-correlation function and the four-point dynamic susceptibility – are then computed 

separately for the carbon and silicon atoms to discern the differences in dynamical behavior. 

Additionally, the sublattice entropies are also calculated based on vibrational density of states. 

 Disorder in SiC is introduced in two ways. In the first, a displacement cascade process is 

initiated by supplying excess momentum to a selected atom. Several defect identification methods 

based on widely used spatial partitioning techniques – Voronoi tessellation, Wigner-Seitz cells, 

nearest-neighbor spheres, and a common neighbor analysis – are first utilized to compute the 

number of point defects or the degree of disorder during a single displacement cascade. The results 

highlight the variability among the defect metrics associated with the different spatial partitioning 

methods.  

 The van Hove self-correlation function Gs(r,t) is then computed to determine the time-

resolved motion of carbon and silicon atoms during a displacement cascade. It is shown that the 

behavior of carbon and silicon atoms is markedly different following a 5 keV knock. Carbon atoms 

exhibit a dynamic hopping mechanism where the displaced atoms hop to different interstitial sites 

as well as to vacant native sites following the knock, while silicon atoms arrange into a self-

organized state, on the cusp of collapsing into an amorphous or a non-periodic state. Thus, it is 

shown that the silicon sublattice is dynamically unstable following a high-energy radiation knock. 

 An amorphous system generated by rapid quenching from a liquid state is then 

investigated. A dynamic susceptibility function is computed for the carbon and silicon atoms 

separately; this function reveals dynamic disorder in the form of dynamical heterogeneities – 

spatially distinct pockets of highly mobile and immobile atoms. The peak value of the dynamic 

susceptibility is observed to be greater for the silicon atoms, which indicates a greater dynamic 

disorder for the silicon atoms relative to the carbon atoms in the amorphous state. Furthermore, 

the relaxation times are much shorter for the silicon atoms revealing their greater mobility. 

Interestingly, the peak value of the susceptibility function shows a maximum at 2400 K, 

approximately, illustrating a peak dynamical heterogeneity between the Debye temperature and 

melting point. 
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 Finally, the entropy of the carbon and silicon atoms is computed through the two-phase 

thermodynamic method. The vibrational and configurational entropy is calculated from the density 

of states which is computed through the Fourier transform of the velocity autocorrelation function. 

Using this information, the system is then partitioned into set of harmonic oscillators (vibrational) 

and a set of hard spheres (configurational) through a fluidicity parameter. Not too surprisingly, the 

results show that the amorphous system is dominated by the harmonic oscillator partition. It is then 

shown that the vibrational entropy of the silicon atoms is greater than the carbon atoms; this 

demonstrates a greater disorder for the silicon atoms. Most importantly, the change in entropy from 

the crystalline to amorphous state is shown to be more prominent for the silicon atoms. This 

observation is again consistent with the previous results on the greater dynamic disorder of the 

silicon sublattice.  

 Overall, it is concluded from three separate metrics that silicon atoms are dynamically more 

disordered than carbon atoms in aperiodic or amorphous silicon carbide. This work also 

demonstrates that space-time correlation functions, computed from atomistic simulations, are 

powerful metrics to probe the dynamical behavior of materials subjected to extreme environment; 

they also complement the more traditional metrics based on static structure. Furthermore, the 

spatio-temporal metrics used in this work can also be accessed with next-generation time-resolved 

spectroscopic techniques  
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