
ABSTRACT 

MA, XIAOLONG. Microstructures and Mechanical Properties of Cu and Cu-Zn Alloys. 

(Under the direction of Professor Yuntian Zhu and Professor Jagdish Narayan) 

 

Strength and ductility are two crucial mechanical properties of structural materials, 

which, unfortunately, are often mutually exclusive based on the conventional design of 

microstructures and their deformation physics. This is also true in most nanostructured (NS) 

metals and alloys although they exhibit record-high strength. However, the disappointingly 

inadequate ductility becomes the major roadblock to their practical utilities due to the threat 

of catastrophic failure in load-bearing applications. Therefore, simultaneous improvement of 

strength and ductility or a well-defined trade-off between these two properties, i.e. increasing 

either of them without significant loss of the other, in NS materials has garnered extensive 

efforts from the research community. A few strategies have been explored to handle this 

long-standing challenge with promise. In this dissertation work, two of those strategies, 

deformation twins and laminate/gradient structures are specified with particular interests in 

NS Cu and Cu-Zn alloys. The author believes the observation and the revealed underlying 

mechanism are fundamental and therefore shed lights on their universal application to other 

metallic material systems. 

Deformation twins have been frequently observed in ultra-fined grained (UFG) and 

NS face-centered cubic (FCC) metals and alloys, which is closely related to the better 

strengthening and strain hardening in mechanical performance. Previous findings even show 

that there exist an optimum grain size range within nano scale, where the deformation twins 

are of most frequency, i.e. most stable in pure FCC metals. However, such grain-size 

dependent twinning phenomenon is still unclear in FCC alloys. We report, for the first time 

in systematic experiments, the observed optimum grain sizes for deformation twins in NS 



CuïZn alloys slightly increase with increasing Zn content. Our results indicate that alloying 

changes the relationship between the stacking-fault and twin-fault energy and therefore 

affects the optimum grain size for deformation twinning. Another interesting finding in 

contrast to the conventional thoughts is the macroscopic strain status of the deformation 

twins. These two issues are of both scientific and practical importance in microstructure 

design and fabrication in NS alloys. 

Laminate/gradient is another recently developed strategy, which may hold the 

promise to improve mechanical properties of metallic materials. We produced a laminate 

structure with a NS Cu-10Zn layer sandwiched between two coarse-grained (CG) Cu layers, 

where the collective tensile ductility and strain hardening are observed higher than prediction 

by the rule-of-mixture. The primary results from this sandwich also inspired the next idea of 

multi-layered NS Cu-10Zn and CG Cu, which is anticipated to have superior strength and 

ductility since it has more heterogeneous interfaces. Simultaneous improvement of strength 

and ductility in samples with decreasing interface spacing is found in these laminates. More 

importantly, itôs also observed that each interface generates extra geometrically necessary 

dislocations in the vicinity of itself with a most affected zone spanning a few micrometers. 

This is not affected by the interface spacing and implies an optimum laminate design for best 

back stress hardening capacity and ductility. Our results shed lights into the architectural 

design and fundamental deformation studies of materials with laminate/gradient structures.  
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Chapter 1    

Thesis Introduction 

Materials scientists have much in common with detectives: both want to figure out 

whatôs going on underneath the world they see. By collecting evidences and building up 

reasonable theories to fit facts, they attempt to make sense of what they observe and uncover 

the hidden truth. More than pure detectives, materials scientists would, in turn, take 

advantages of state-of-art knowledge to design and fabricate the desired microstructures that 

holds the promised properties. All this iterative process is well defined in the famous 

Thomasôs tetrahedron, where processing, properties, theory and microstructure reside each 

corner and interrelated with others.  

Applying the general principle to researches in nanostructured (NS) metallic 

materials, the community has spared tons of efforts to develop new microstructure candidates 

and investigate underlying deformation physics that render their better mechanical properties. 

One of the most challenging problems for massive structural applications of NS metals and 

alloys is to overcome their disappointingly low ductility. Up to date, a couple of strategies 

have been proposed to cope with this issue, including the design of bimodal grain-size 

microstructures, the advent of dispersed nanometric oxide particles, the introduction of nano-

scale growth or deformation twins in lieu of dislocations and general high-angle grain 

boundaries and the recent development of laminate/gradient structures.  

This dissertation focus interests on two of them: deformation twins and 

laminate/gradient structures. The background knowledge and hitherto relevant researches of 
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these two realms are detailed introduced in Chapter 2. The general role of twins in enhancing 

mechanical properties has been well studies thanks to extensive efforts during past decade. 

However, how to generate prosperous and stable deformation twins in NS materials is not 

clearly understood, especially in alloys. To be specific, how does alloying alter the so-called 

optimum grain size for twinning in nanometer scale and affect the macroscopic strain status 

of twinning microstructures? With respect to laminate/gradient structures, this is a relatively 

emerging topic in theoretical and experimental studies although their appearance in nature 

and manufacturing may date back to long time ago. Therefore, thereôre still a few 

fundamental issues remaining poor understood. For example, why and how does 

laminate/gradient structures influence deformation physics and thereby, the strength, ductility 

and strain hardening. Both of mentioned problems are important to the fundamental 

understanding and practical design of microstructures in NS alloys. 

In this dissertation, Cu and Cu-Zn (no more than 30 wt.%) alloys are selected in all 

researches for their representativeness in face-centered cubic (FCC) metals and alloys. With 

well-developed fabrication techniques like high-pressure torsion and accumulative roll 

bonding, NS materials are readily produced in laboratories. In the analysis of materials 

defects, advanced characterization tools like transmission electron microscope, focused ion 

beam and electron backscattering diffraction serve as necessary and excellent assistants to 

visualize microstructures.  The common experimentation details used in all studies here are 

given in Chapter 3. 

Chapter 4 is dedicated to the studies of the alloying effect on grain-size-dependent 

deformation twinning in NS Cu-Zn alloys, where we use transmission electron microscopy 
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and statistical analysis to reveal the additional shift of optimum grain size for twinning in NS 

alloys. An early model based on pure metals is therefore reconsidered to match the effect in 

NS alloys.  

In Chapter 5, we systematically investigate the macroscopic strain status of 

deformation twins in Cu-Zn alloys and found the relationship between zero-strain 

deformation twinning and the stacking-fault energies (SFE) by alloying. Underneath reason 

is further probed by high-resolution electron microscopy and discussed based on the early 

developed mechanisms for zero-strain twinning in NS materials.  

Chapter 6 aims to introduce a successful method to fabricate NS Cu-10Zn layer 

sandwiched between two coarse-grained (CG) Cu layers by high-pressure torsion, rolling and 

annealing. Interlayer interface bonding and its heterogeneity are detailed characterized by 

electron microscopy. Mechanical tests also revealed the strength and ductility in this 

sandwich laminate design. The origin of resulted higher strain hardening is discussed based 

on dislocation dynamics.  

Inspired by the primary results in the sandwich work, the multi-layered NS Cu-10Zn 

and CG Cu is systematically investigated in Chapter 7. Successful fabrication of laminates 

with similar microstructures but with various interface spacing paves the way for the 

following exploration of the heterogeneous interfacesô role in deformation and mechanical 

properties. Semi in-situ electron back-scattering diffraction mapping during tension reveals 

the dislocation dynamics in the vicinity in the interfaces and the layer interior.  The effect of 

heterogeneous interfaces is discussed based on the strain gradient theory, dislocation pile-up 

model and back stress hardening process.  
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Finally, Chapter 8 summarizes this work and briefly makes the future remarks based 

on the current research results. 
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Chapter 2    

Literature Review 

2.1 Bulk Nanostructured Materials 

Nanostructured (NS) materials are typically featured by their constituent or grain 

structures modulated on a length scale less than 100nm in at least one dimension [1ï4]. 

Generally, the community classifies NS materials into three categories: i) nanometer-sized 

particles, thin wires or thin films; ii) solids that the nanometer-sized microstructures is 

limited to a thin surface region; iii) solids with nanometer-sized microstructures all over the 

bulk [1,5]. In this dissertation work, our interests fall into the third category here, which 

simply named as bulk NS materials. In the wake of the significantly refined grain size, NS 

materials consist of a high density (typically 1019 per cm3) of grain (or interphase) 

boundaries, which is a sharp contrast to conventional thoughts. Figure 2.1a shows a two-

dimension model of a NS material, where the open-circle atoms at boundaries take up an 

unusual high proportion of the total atoms [4]. Another real transmission electron microscopy 

(TEM) observation of NS platinum is present in Figure 2.1b, where red ñTò marks the array 

of dislocations at boundary region [6]. Such microstructures have significant implications for 

their properties and will be addressed later.  

Two complementary approaches have been developed to synthesize bulk NS 

materials [5]. First one is a ñbottom-upò approach, where bulk NS materials are assembled 

from individual atoms or nanoscale building blocks like nanoparticles. Such methods include 

inert gas condensation [7], high-energy ball milling [8], spray conversion processing [9], 
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deposition [10], sol-gel process [11], etc. For structural applications, most bottom-up 

approaches require the consolidation of nanopowders, which is a challenge because the as-

produced samples usually contain considerable voids, flaws and crack sources. The second 

approach for fabricating bulk NS materials is known as a ñtop-downò one, in which the 

existing coarse-grained materials are refined into NS materials, typically by severe plastic 

deformation [12ï14]. The most successful ñtop-downò approaches developed so far are 

equal-channel angular pressing [15], high-pressure torsion [16], accumulative roll bonding 

[17], which have been extensively utilized in laboratory works and even commercially scaled 

up. The advantage of those ñtop-downò approaches is their strong capabilities to achieve NS 

materials with full of dense, free of porosity and contaminations, which paves the way to 

study their intrinsic mechanical properties and deformation mechanisms [5,18]. 

 

   

Figure 2.1 (a) a schematic illustration of two-dimensional NS material. The atoms in the centers of 

the ñcrystalsò are indicated in black while the atoms at boundary regions are represented by open 

circles. (b) A real high-resolution TEM micrograph shows atomic planes of NS platinum. An array of 

dislocations at boundaries is marked with red óTô. [4,6] 
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2.1.1 Mechanical properties of nanostructured materials 

Before proceeding to real experimental results, itôs worth to keep in mind that 

processing approaches and sample dimensions also influence the observed mechanical 

properties [19,20]. The early bottom-up approaches often resulted in porosity and incomplete 

bonding among the grains, which is detrimental and probably masks the real mechanical 

properties of NS materials. The often-use sample dimension of tensile test for NS materials 

in lab is micro-size in order to avoid the imperfections [2]. Therefore, we mainly focus on the 

micro-sample results from the ñtop-downò methods in the following texts.  

2.1.1.1 Strength 

Reducing the characteristic size in NS materials has tremendous effect on their 

properties. This is broadly observed and summarized as size effect. Applying this to NS 

metallic materials, the refinement of grain size plays a critical role their mechanical 

properties. For example, the dependence of yield strength, hardness on grain size in metals 

has been well established in the conventional polycrystalline range (micrometer grains and 

upper sizes). Yield stress, ůy, for materials with grain size d, follows the Hall-Petch relation 

[2,21,22] 

 1/2

0y kds s -= +  

where ů0 is the friction stress and k is the constant. For a more general case, the formula is to 

use a power expression with exponent ïn, where 0.3ÒnÒ0.7. Accordingly, a significant high 

yield stress and hardness is expected for the NS materials. A summarized result of yield 

strength vs. grains size from various sources on NS Cu is shown in Figure 2.2. Thereôre two 

basic conclusions:  
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i). Clearly, NS Cu is much more stronger than their CG counterparts, which exhibits yield 

strength of only ~100 MPa.  

ii). The conventional Hall-Petch relationship doesnôt always hold true with decreasing grain 

size, especially when the grain size is less than 25nm (d-1/2=0.2 nm-1/2). The deviation from 

Hall-Petch relationship is not exclusive to nanocrystalline Cu, but universal to most 

nanocrystalline metallic materials. Itôs worth to note that the deviation in hardness results is 

not so noticeable [22]. 

 

 

Figure 2.2 Summarized yield stress of NS Cu combined with the conventional Hall-Petch plot [2]. 
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Some researchers have introduced an inverse Hall-Petch relationship (meaning the 

slope switches to negative) for NS materials with grain size less than 20 nm [23ï25]. But this 

is still a controversial topic [2], which needs more information. 

2.1.1.2 Ductility 

In conventional understandings, refinement of grain size in the range of micrometer 

will lead an increase of ductility [2,26,27]. However, this is not promised in NS materials and 

unfortunately, their ductility at room temperature is often disappointedly low compared to 

their CG counterparts. For example, the NS Ni with nominal grain size of 28 nm exhibits 

very high yield strength more than 1 GPa, but with limited tensile elongation of 1% [28]. 

More generally, literature survey shows the vast majority of NS metals have tensile ductility 

below 5% [19,27] despite limited exceptions like the 23nm grained Cu with 15.5% tensile 

elongation in Youssef et al. [29], which poses a most challenge to the wide applications. 

 

 

Figure 2.3 Summarized ductility for NS materials: (a) for two-step processing methods (like inert gas 

condensation and mechanical milling); (b) for one-step processing (like electro-deposition, severe 

plastic deformation and in-situ mechanical milling) [19] 
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Koch has identified the three primary reasons for the appearance of the 

disappointingly low ductility in NS materials [18,19]: i) residual artifacts from processing; ii) 

force instability in tension; iii) crack nucleation or propagation instability. After screening 

out most of the first reason by employing appropriate techniques like one-step processing, 

researchers still found that the very low ductility seems to be the intrinsic property of NS 

materials, as shown in Figure 2.3b. Another general principle of NS materials extrapolated 

from Figure 2.3 is that ductility decreases with reducing grain size in nanometer scale, which 

is a contrast to the previous belief in conventional grain size regime. Combined with the 

strength trend, there comes, without surprise, a popular and long-standing belief that strength 

and ductility is a paradox in NS materials [14,30,31]. The reason for this well-established 

notion is closed tied to the deformation physics in NS materials.  

2.1.2 Deformation mechanism of nanostructured materials 

2.1.2.1 Breakdown of dislocation pile-up 

The deformation physics in NS materials could be fundamentally different from that 

for CG materials [2]. Conventionally, the Hall-Petch effect for the observed relationship 

between grain size and strength is reasonably explained by the dislocation pileup model, as 

schematically shown in Figure 2.4 [32,33]. Generated from the Franck-Read source assumed 

in the middle of the grain, dislocations with the same Burgers vector assemble at the grain 

boundary and effectively multiply the external stress field, which promote the dislocation 

motion in the neighbor grain under certain applied shear stress. However, with the significant 

refinement, effective dislocations accumulation is not favored within the grain, i.e. pile-up 

concept breaks down [34,35]. This has been widely observed, both experimentally and 
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computationally [36,37]. The deformed grains free of dislocations have been even found in 

ultrafine-grained Al, as shown in Figure 2.4b.  

 

 

Figure 2.4 (a) Schematic illustration of a pile-up formed in grain 1 under external shear stress Ű, 

which promote the activation of dislocation source S2 in grain 2. Dashed line represents the preferred 

slip plane in each grain. (b) TEM bright field image of a pure Al sample after high-pressure torsion 

deformation under 1 GPa for 1 revolution. [32,38] 

 

The absence of dislocation accumulation leads to two major consequences: first, the 

yield strength arises because the driving stress for all deformation would be largely carried 

by the external shear stress without effective multiplication. Second, strain-hardening 

capacity would be much poor in NS materials because hardening is typically attributed to the 

effective accumulation of dislocations. Hardening capacity is crucial to stable plasticity 

during tension, which highly related to the uniform elongation [39,40]. One should bear in 

mind that the breakdown of pile-up is more pronounced when grain size is extremely small, 

typically less than 10 nm. Other new mechanisms or minor mechanisms in CG grains 

become dominant and prevail the plastic deformation [41ï43]. 
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2.1.2.2 Grain boundary sliding  

Grain boundary sliding was previously studied in the phenomenon of superplasticity. 

It accommodates shear strain by sliding one single or a group of grain with respect to the 

other. Later on, this deformation mechanism has been proposed to be quite operative in 

nanocrystalline grains by molecular dynamics simulations [44ï49]. H. Hahn et.al [48] has 

established two hardness relationships based on the critical stresses to activate grain 

boundary sliding and dislocation motion/formation. Itôs proposed that below size of 50 nm, 

grain boundary sliding prevails over conventional dislocation motions. The internal stress 

built up across neighboring grains during the sliding, in turn, is accommodated by grain 

boundary and tripe junction migration. This process is favored in small grains because less 

planar interface provides less steric obstacles to the concurrent sliding process. H. Van [45,48] 

has identified two atomic processed in the interfaces to assist the sliding process: atomic 

shuffling and stress-assisted free volume migration and both are related to grain boundaries. 
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In experiments, the grain boundary sliding was observed as well in deformation of NS 

materials [43,50ï53]. More important, itôs further proved such deformation process occurs in 

a collective way by coordinating a couple of grainsô boundaries [43,50]. Small grains group 

and get aligned together during applied strain by coordinate grain boundaries of each other, 

which arrives at the minimum configuration of energies.  
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Figure 2.5 Continuous bright-field TEM observations of deformation processes in nanocrystalline 

Ni3Al during in-situ tensile test. Arrows in (d) mark the apparent grain boundary sliding features 

during tension [53]. 

 

2.1.2.3 Dislocation emission from grain boundaries 

As mentioned in the breakdown of dislocation pile-up section, the generation of 

intragrain dislocations becomes impractically difficult as the grain size reach nanometer scale, 

which has been widely accepted in experiments and simulations. Comparing the critical 

stress to activate dislocation motions from conventional Franck-Read source, the stress of 

dislocation emission from grain boundaries is relatively lower. Additionally, grain 
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boundaries of NS materials are usually of non-equilibrium state and high energy and 

therefore serve as primary dislocation sources and sinks. In fact, full and partial dislocation 

emissions from grain boundaries have been broadly reported in both computational 

simulations and experimental observations [47,54ï59]. For example, molecular dynamics 

simulations reveals that grain boundaries plays a critical role in the deformation of 

nanocrystalline Al, as shown in Figure 2.6 [60]. In contrast to the formation of dislocation 

tangle, cells, forests within the grain interior in conventional grain size scale, deformation is 

majorly carried out by the grain boundary mediated dislocation process. In experiments, in-

situ observations of deformation in nanocrystalline Platinum and Ni have revealed the 

dislocation dynamics in grain size even smaller than 10 nm [61,62]. Interestingly, 

examinations of X-ray diffraction during the deformation of nanocrystalline Ni indicated that 

the peak broadening process is reversible [63]. Its implication for the deformation physics is 

no residual dislocation network has been built up during the deformation.  

The primary explanation is that the mean free path of dislocations in NS materials is 

much smaller due to the grain size scale. Therefore, the emitted dislocations have more 

chances to be absorbed by the opposite grain boundary without mutual interactions. However, 

thereôre still minor evidences saying existence of dislocation storage and locks in 

nanocrystalline materials [61,64]. Note that both observations are not conducted under the 

conventional uniform elongation of tensile deformation, i.e. the strain level could be much 

higher than target applications. Regardless the issue of dislocation storage, dislocation 

generation by grain boundary emission has been generally identified as a crucial deformation 

mode in NS materials. 
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Figure 2.6 A snapshot of nanocrystalline Al at 11.9% plastic strain, showing vast dislocation activity 

generated from grain boundaries [60].  

 

2.1.2.4 Grain rotation and grain growth 

Rotating grains to accommodate plastic strain is first reported by Ke et al. [65], 

followed by observations of deformation in nanocrystalline Ni and Pt [6,42,66]. Grain 

rotation as a deformation mechanism in NS materials has been also investigated by MD 

simulation and analytical modeling [45,67,68]. Wang et al [6] has found that the grain 

rotation is largely mediated by the grain boundary dislocations under in-situ TEM, rather 

than grain boundary sliding and diffusion creep [69,70]. They observed that this is more 

often observed for grains with diameters less than 6 nm, as shown in Figure 2.7. However, 

TEM observation may not represent the case in bulk NS materials because the sample foil is 

too thin to reveal the real deformation story. Fortunately, texture measurement also 

confirmed the grain rotation mechanism in deformation of bulk NS Ni and its alloy [71,72]. 
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Figure 2.7 Grain boundary dislocations facilitate the grain rotation during tension. Red ñTò 

represents the grain boundary dislocations and red number marks grain orientation difference [6]. 

 

Grain growth or coalescence is another deformation mechanism that is sometimes 

reported accompanied with grain rotation, collectively [73,74]. For example, severe plastic 

deformation of nanocrystalline Ni and its alloy is accommodated by grain growth that is 

assisted with grain rotation at high-applied stress. The grain growth is also revealed in the 

surface nanocrystallinzed Cu structure, which is believed to provide extraordinary tensile 

ductility [75]. The grain growth of nanocrystalline Cu can even occur at liquid-nitrogen 

temperatures and the theoretical modeling investigation shows two necessary conditions: the 
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existence of impurity and non-equilibrium structures [76ï78]. The relation between grain 

rotation and grain growth is well concluded in Wang et al. [79], as schematically shown in 

Figure 2.8.  Grain rotation facilitates converting high-angle grain boundaries to lower-angle 

ones. The low-angle grain boundaries then disappear and leave intragrain dislocations. In 

terms of practical applications, grain growth is hateful and expected to be avoided in design.  

 

 

Figure 2.8 Schematic sequence of the deformation evolution of nanocrystalline Pd under shear stress 

of 0.6GPa, showing the relative grain rotation followed by mutual coalescence [79].  

 

2.1.2.4 Stacking faults and twinning 

In CG face-centered cubic (FCC) and body-centered cubic (BCC) metals, stacking 

faults and deformation twinning usually occurs in the materials with low stacking-fault 

energy because of the low-energy principle [80]. While in hexagonal close-packed (HCP) 

metals, twinning is a common deformation mode due to fewer slip systems [81,82]. In NS 
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materials, stacking faults and twinning are also observed in FCC and BCC metals and alloys 

even when their stacking-fault energy is not low [58,58,83,84]. This is largely brought from 

the high energetic grain boundary and remarkable inhibition of intragrain dislocation motions 

[57,83]. The generation of stacking faults from grain boundaries are usually the prior 

condition for deformation twinning. Twinning phenomenon in NS materials is a major focus 

of this dissertation and will be introduced in details in section 2.2. 

2.1.3 New strategies for better tensile ductility of nanostructured materials 

Extraordinary efforts have been made to better off the ductility of NS materials by 

tailoring the microstructures during the decadesô development of NS materials. Ma et al. [39] 

has summarized eight routes to improve the tensile ductility of bulk NS metals and alloys. 

Some approaches seem to make trade-off between strength and ductility at first glance while 

other strategies realized the simultaneous improvement of both strength and ductility. Wang 

et al found a bimodal microstructure with grain size ranging from micro to nano scale, which 

leads to remarkable improvement of tensile ductility in Cu, as shown in Figure 2.9a-b [85]. 

The intuitiveness is the superposition of the ductility of CG part and the strength of ultra-fine 

grained part. Further examination of relevant mechanics revealed that the critical role in this 

modification is believed to be the generation of massive heterogeneous interface, which is 

beneficial to the effective accumulation of geometrically necessary dislocations upon 

deformation [86,87]. High strain hardening and tensile ductility are thereby based on the 

Considère condition: /d ds e s² . This general principal could also extended to the design 

of multiphase microstructure, which has been utilized in a Ti alloy and achieved success [88]. 

Recent gradient/laminate structure development is also pertinent to the bimodal concept, 
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more or less. Instead, gradient/laminate structures are expected more effective than the 

simple bimodal microstructures in achieving superior mechanical properties [89]. This is still 

under study and this dissertation will shed some lights on this issue in later chapters.  

Nanosized and secondary precipitates are revealed to be another method to achieve 

decent tensile ductility in NS materials with or without sacrifice of strength [90ï92]. Theyôre 

effective to initiate, drag and pin dislocations and therefore elevate the strength and 

hardening capacity [39,93]. Figure 2.9c-d is the tensile curve and the typical microstructure 

in 7075 Al alloy which utilizes this approach to enhance the mechanical performance [90]. 

The presence of those precipitations is typically driven by aging after severe plastic 

deformation. Significant defective sites would be made to promote the precipitation 

nucleation after this process. Obviously, this strategy is limited to those alloys hold the 

promise of significant and controllable precipitations. 

Nano-scale growth and deformation twins in lieu of the nanograins elevate 

mechanical properties of NS materials as well [94ï96]. This firstly came as a surprise in the 

electrodeposited Cu by Lu et al. [94] and later on confirmed again in Ma et al. [95]. Zhao and 

Zhu found this strategy is pretty suitable for the NS FCC materials with lower stacking-fault 

energy [96]. Twin boundaries are effective obstacles for dislocation motions and primary 

sites for dislocation accumulations, as shown in Figure 2.10b. They also serve as defects 

source to maintain the plastic deformation. Therefore, the addition of twins in NS materials 

promotes the hardening capacity, strain-rate sensitivity and beneficial to the simultaneous 

improvement of strength and ductility [97ï99]. 
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Figure 2.9 (a) Engineering stress-strain curves for pure Cu Curve A, annealed, CG Cu; B, room 

temperature rolling to 95% cold work; C, liquid-nitrogen temperature rolling to 93% cold work; D, 

93% cold work+180oC, 3 min.; and E, 93% cold work+200oC, 3 min. Note the best performance of 

strength and uniform plastic strain to failure in Curve E. (b) Typical bimodal grain size microstructure 

in Curve E of (a). (c) Tensile engineering stress-strain curves of the CG, NS and NS+Precipitation 

samples of 7075 Al alloy. Open circles and squares mark the 0.2% yield strength and the uniform 

elongation, respectively. (d) HRTEM image along a <011> matrix zone axis of a NS+Precipitation 

sample showing spherical G-P zones, plate-shaped ɖô phase and equiaxed ɖ phase. [85,90] 

 

 



21 

 

 

Stimulated by the importance of twins in NS materials, materials scientists become 

more interested in how to generate prosperous twin structures in NS materials via either 

growth or deformation. Deposition growth is always restricted by its thickness scale and 

therefore difficult to produce bulk materials full with nano-scale twins despite their wide 

application in labs. Deformation twins seem promising to extend this strategy to the 

application in bulk NS materials. Therefore, itôs of both scientific importance and practical 

significance to further probe the deformation-twinning phenomenon in NS materials: 

mechanism, influential factors and their properties. 

 

 

Figure 2.10 (a) Tensile stress-strain curve for an electrodeposited Cu sample with nano-twins in 

comparison with that for a CG and a nanocrystalline Cu. (b) HRTEM of the nano-twin structures, 

showing partial dislocation disassociation, dislocation pile-up and at twin boundaries. [94,99] 
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2.2. Deformation twinning in nanostructured materials 

2.2.1 Basics of deformation twinning in FCC materials 

Conventionally, deformation twins in FCC metals are believed formed by the slip of 

partial dislocations with the same Burgers vector on successive planes [80,100]. As shown in 

Figure 2.11a, if deformation twinning occurs above the twin boundary a spherical grain via 

partials with a Burgers vector b1, a grain will be sheared into a new shape. Note this will 

produce a grain boundary kink at the twin boundary with a kink angle of 141°, which is twice 

of the angle between two close-packed {111} planes. The twinning partial dislocations are all 

Shockley partials that can glide on the slip plane. There are three equivalent Shockley 

partials on each slip plane. For example, as shown in Figure 2.11b, on the (111) slip plane the 

three partials are b1=Bŭ=a/6[211], b2=Aŭ=a/6[121], and b3=Cŭ=a/6[112]. Note that there are 

also three partials with opposite Burgers vectors, -b1, -b2 and -b3. On the close-packed (111) 

slip plane of FCC metals, the atomic stacking sequence in successive planes is 

ABCABCABCABC. When a partial dislocation glides across a slip plane, a stacking fault is 

produced and all atoms above the stacking fault change their positions. The atomic stacking 

position shift caused by the gliding of a partial dislocation can be described below:  

Partial b1: A Ÿ B, B Ÿ C, C Ÿ A 

Partial b2: A Ÿ B, B Ÿ C, C Ÿ A 

Partial b3: A Ÿ B, B Ÿ C, C Ÿ A 

In other words, although the three Burgers vectors have different orientations, they cause the 

same stacking position shift. As will be shown later, this has important implications for  
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Figure 2.11 (a) Conventional deformation twinning by the gliding of partials on successive slip 

planes above the twin boundary changes the shape of the spherical grain above the twin boundary. (b) 

Three equivalent Burgers vectors b1, b2 and b3 on the (111) slip plane for Shockley partials. [83,101] 

 

Figure 2.12 The process of forming a three-layer deformation twin by the slip of three partials with 

(Route A) the same Burgers vector on successive slip planes and (Route B) the slip of three partials 

with a mixture Burgers vector on successive slip planes. Two sides are schematic illustration of the 

final twin morphology caused by each route. [102,103] 
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deformation twinning in nanocrystalline FCC metals. Partials with opposite orientations, i.e. 

-b1, -b2 and -b3, will shift the stacking sequence to the opposite direction, i.e. B Ÿ A, C Ÿ B, 

A Ÿ C. The negative partials cannot slip in a perfect FCC crystal because it is energetically 

unfavorable. 

Route A in Figure 2.12 shows the formation of a three-layer twin via the slip of 

partials with the same Burgers vector, marked by the bold letter ACB. As shown, the initial 

stacking has a normal FCC sequence CABCABCABC. The slip of first partial b1 produces 

an intrinsic stacking fault (see the bold letter A), which is identical to removing a layer of C 

atoms. The slip of the second b1 partial on an adjacent slip plane converts the stacking fault 

into a two-layer twin nucleus (AC). Further slip of b1

 

partial grows the twin nucleus into a 

three-layer twin ACB, with the twin boundaries represented by two horizontal lines at left 

side. Since the twinning process described in Route A involves only partials with the same 

Burgers vector, we name such a process as monotonic twinning process. Route B shows that 

a three-layer twin with identical stacking sequence can also be produced by the slip of three 

partials with mixture of three Burgers vector (b1, b2 and b3) on successive slip planes. In 

other words, a twin can be formed by the slip of identical partials or different partials. This is 

because the three partials, b1, b2 and b3, produce the same stacking sequence shifts despite of 

their orientation difference. It should be noted that the macroscopic strain produced by the 

two twinning processes described in Figure 2.12 are very different. In Route A, all partials 

have the same Burgers vector, and therefore produce a shear strain in the same direction. 

This can collectively produce a macroscopic strain and change the grain shape as shown. In 

contrast, the twinning process described in Route B will produce a much smaller and even 
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zero macroscopic strain because partials with different Burgers vectors shear the lattice to 

different directions. As discussed later, most twinning mechanisms proposed for the FCC 

metals with coarse grains are consistent with the twinning process described in Route A, 

while the twinning process described in Route B could be common in nanocrystals. Factors 

influencing Route B in nanocrystalline FCC metals will be further elucidated. 

2.2.2 Grain size effect on twinning and mechanisms 

2.2.2.1 Observation of grain size effect on twinning  

The grain size effect on deformation twinning was observed́ mostly by experimental 

observations [83,104] because computer simulations always have the size limit. In this 

section, we present the experimental observations on the grain size effect for a broad grain 

size range from coarse-grains (larger than 1 ɛm) to nanometer-sized grains (smaller than 100 

nm), which can be schematically described in Figure 2.13. Briefly, in the coarse-grain size 

range, deformation twinning becomes more difficult with decreasing grain size for FCC, 

BCC and HCP metals [105], whereas in the nanocrystalline grain size range, with decreasing 

grain size twinning first becomes easier (the normal grain size effect) and then more difficult 

(the inverse grain size effect) [106,107]. This results in an optimum grain size that is easiest 

to deform by twinning for FCC metals. However, the twining behavior in nanocrystalline bcc 

and hcp metals have not been well studied, although it is generally observed that 

nanocrystalline hcp metals are more difficult to twin than their coarse-grained counterparts. It 

should be noted that the critical grain size for the transitions in deformation twinning 

behavior may be affected by intrinsic material properties such as the stacking fault energy 
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[108,109] and shear modulus as well as external deformation conditions such as strain rate 

and deformation temperature.  

 

 

Figure 2.13 Schematic description of grain size on the critical stress needed to activate deformation 

twinning. The grain size effect for nanocrystalline bcc and hcp metals is uncertain. The schematic of 

Hall-Petch relationship for twinning and full dislocation slip in CG metals and alloys, ů is the stress 

and d is the grain size. [83,110]  

 

It has been observed that larger grains are easier to deform by twinning for coarse-

grained materials. This was explained as follows. It is well known that the critical stress for 

dislocation slip can be described by the Hall-Petch relationship sS =s0+kS d
-1/2, where d is 

grain size, s0 is a constant, and kS is the Hall-Petch slope for dislocation slip. Experimental 

results indicate that the critical stress for twinning also shows a Hall-Petch type behavior, sT 

=s0' +kT d
-1/2, where kT is the Hall-Petch slope for twinning. Table 2.1 summarizes the Hall-

Petch slopes for both dislocation slip and twinning for some FCC, BCC and HCP metals. For 

CG FCC metals, it is obvious that kT is larger than kS, which means that with decreasing grain 

size the critical stress required for twinning increases faster than that for dislocation slip, as 
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schematically illustrated in Figure 2.13b. In other words, twinning becomes more difficult 

than dislocation slip with decreasing grain size. The physical reason for such a grain size 

effect in CG metals is not understood. Yu et al. recently attempted to explain such a 

phenomenon by a ñstimulated slipò mechanism [111]. More studies are needed to probe its 

fundamental physics. It should be noted that these experimental observations are not 

consistent with the classical dislocation model [33] that has been used to explain the grain 

size effect on twinning [112,113]. 

 

Table 2.1 The Hall-Petch slopes for fcc, bcc and hcp metals and alloys [105]. 

Material kS for dislocation slip 

MPaÅmm1/2 

kT for twinning 

MPaÅmm1/2 

kT/kS 

                       FCC 

Cu 5.4 (RT) 21.7 (77K) 4 

Cu-6 wt%Sn 7.1 11.8 (77K), 7.9 (RT) 1.7, 1.1 

Cu-9 wt%Sn 8.2 15.8 (77K) 1.9 

Cu-10 wt%Zn 7.1 11.8 (77K) 1.7 

Cu-15 wt%Zn 8.4 16.7 (295K) 2.0 

                       BCC 

Fe-3 wt%Si 12 100 8.3 

Armco iron 20 124 6.2 

Steel (1010, 1020,1035) 20 124 6.2 

Fe-25 at%Ni 33 100 3.0 

Cr 10.1 67.8 6.7 

V 3.5 22.4 6.4 

     HCP    

Zr 8.3 79.2 9.5 

Ti 6 18 3.0 
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Interestingly, the ratio of Hall-Petch slope for twinning to that for dislocation slip, 

kT/kS, is larger for BCC and HCP systems than for FCC systems. This suggests that the grain 

size effect on twinning is larger in CG BCC and HCP systems than in CG FCC systems. 

Experimentally, deformation twinning was found active in nanocrystalline FCC 

metals even with medium to high stacking fault energy, although their CG counterparts 

normally do not deform by twinning. But molecular dynamics simulations gave different 

considerations: some results revealed twinning as a major deformation mechanism [114], 

while others found twinning difficult and rare [115]. These reports raised a controversy on if 

nanocrystalline FCC metals were more favorable to deformation twinning than their coarse-

grained counterparts.  

The above controversy was solved by the experimental observation of grain size 

effect on deformation twinning in nanocrystalline FCC metals [106]. In a systematic study, 

an electrodeposited nanocrystalline Ni foil with grains in the range of 10-75 nm and an 

average grain size of ~25 nm were deformed under several conditions [116]. Very few twins 

were observed in the undeformed Ni sample. Figure 2.14 shows the histograms of (a) grain 

size distribution and (b) fractions of grains containing stacking faults and twins in samples 

deformed under tension at liquid nitrogen temperature at a strain rate of 3x10-3 s-1 to a strain 

of 5.5%, and a flow stress of 1.5 GPa. Figure 2.14b shows that with decreasing grain size the 

fraction of grains containing twins first increases and then decreases, while the fraction of 

grains containing stacking faults increases monotonically. The fraction of twinned grains is a 

good statistical indicator of twinning propensity. Therefore, Figure 2.14 indicates that with 

decreasing grain size the twinning propensity first increases and then decreases in 
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nanocrystalline FCC Ni. The decrease of twinning propensity with decreasing grain size is 

called the inverse grain-size effect. The observation of normal grain size effect and inverse 

grain size effect effectively reveals an optimum grain size range for the activation of 

deformation twinning in nanocrystalline FCC metals. In other words, the deformation 

twinning is easiest to form at a certain grain size in the nanocrystalline FCC metals. As will 

be demonstrated later in an analytical model, the optimum grain size is determined by 

intrinsic material properties such as stacking fault energy, shear modulus, Poissonôs ratio and 

lattice parameter. External factors such as deformation temperature, strain rate and applied 

stress may also have an effect, but this is not well understood and needs further study. The 

observations shown in Figure 2.14 were also verified by synchrotron and neutron diffraction 

[117]. These observations suggest that optimum grain size for twinning is a common 

phenomenon in nanocrystalline FCC pure metals.  

One of the salient features of the data in Figure 2.14 is that no inverse grain-size 

effect exists for stacking faults. This is believed due to the effect of generalized planar fault 

energies on the nucleation of twins, which make it more difficult to activate twinning partial 

than to activate the first partial to form stacking fault. In other words, the observed grain size 

effect on the deformation twins and stacking faults can be explained by the combined effect 

of grain size effect and the general planar fault energy effect. A recent study [118] viewed 

the grain size effect from the perspective of preference of grain orientation. Their analysis 

used the similar concept in our following mechanism discussion. 
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Figure 2.14 Statistical grain size effect on the formations of stacking faults and deformation twins in 

nanocrystalline Ni deformed under tension at liquid nitrogen temperature. (a) The size distribution of 

all grains examined under HRTEM. (b) The fraction distribution of grains containing stacking faults 

and twins. [116] 

 

Deformation-induced detwinning has also been observed both experimentally and in 

molecular dynamics simulations [119,120]. This raises a critical issue on the effect of grain 

size on the competition between deformation twinning and detwinning. Understanding this 

issue would help us to predict the stability and evolution of microstructures and mechanical 

properties of nanocrystalline fcc materials with twins as a major structural feature and with 

deformation twinning as a major deformation mechanism.   

Detwinning was systematically studied by [121] using an electrodeposited 

nanocrystalline Ni-20Fe (wt%) alloy with pre-existing growth twins and an average grain 
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size of 20 nm. The grain sizes were systematically increased by plastic deformation using a 

technique called high-pressure torsion (HPT). Plastic deformation is known to induce grain 

growth in nanocrystalline materials. The average grain size increased to 115 nm after 30 HPT 

revolutions, making it possible to study statistical changes in twin density during deformation 

over a wide nano-grain size range from 10 nm to over 100 nm.  

Figure 2.15 shows the evolution of the size distribution of both all grains and the sub-

set of grains containing twins with increasing numbers of HPT turns. The initial as-deposited 

sample has a narrow grain size distribution in the range of ~10-35 nm, and about 30% of 

these grains contain growth twins that were formed during the sample synthesis (Figure 

2.15a). The plastic strain increases with increasing HPT turns. As shown in Fig. 8b, after 5 

HPT turns, the average grain size increased to about 40 nm and the grain size distribution 

was broader. Significantly, only 7% of these grains contain twins, which is a dramatic drop 

from the initial state. These observations indicate that extensive de-twinning occurred during 

the HPT deformation. Further examination of Figure 2.15b-f reveals the following twinning 

and detwinning behavior with increasing grain sizes. At grain sizes below 40 nm, existing 

twins were annihilated by the detwinning process. When the grains grew to sizes above 40 

nm, especially around 70 nm, twins reappeared due to the activation of deformation 

twinning. When grains further grew to above 110 nm, the detwinning process dominated 

over the twinning process, leading to the disappearance of twins.  

The above experimental observations can be summarized as follows. There exists an 

optimum grain size range for the formation of deformation twins. Outside of this grain size 
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range, the detwinning process dominates and annihilates existing twins. The mechanisms for 

these observed twinning and detwinning behavior will be discussed later. 

 

 

Figure 2.15 The size distribution of all grains (light yellow bars) and grains that contain twins (dark 

blue bars) with increasing HPT turns in a nanocrystalline Niï20wt.% Fe alloy. The statistical data are 

measured using HRTEM, with sample in a location close to the edge of each HPT disk. 
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2.2.2.2 Mechanisms of grain size effect on twinning 

The transition of twinning behaviour from coarse-gained to nanocrystalline fcc metals 

and alloys is caused by their different deformation mechanisms including dislocation sources 

and twinning mechanisms. CG fcc metals are believed to twin via several conventional 

mechanisms including the pole mechanism, the prismatic glide mechanism, the faulted dipole 

mechanism, or other mechanisms [122,123]. These mechanisms often require a dislocation 

source in the grain interior to operate. The grain size effect on deformation twinning in CG 

metals have been explained by Figure 2.13 and Table 2.1, using the concept of Hall-Petch 

type relationship. However, such relationship is empirical and the real physics based on 

classical dislocation theory is yet to be discovered. 

Nanocrystalline metals and alloys are often free of dislocations in their grain interior 

[124], although dislocations can exist in nanocrystalline grains under certain deformation 

conditions. Consequently, dislocation emission from grain boundaries becomes the primary 

deformation mechanisms. Several twinning mechanisms in nanocrystalline fcc metals have 

been reported, among which the most often observed is the partial emission from grain 

boundaries [100]. As introduced in the next section, the change of deformation mechanism 

and twinning mechanism also changed the effect of grain size on twinning, which is not 

surprising because different deformation mechanisms are influenced by the grain size in 

different ways.  

The optimum grain size for twinning and the inverse grain size effect on twinning 

was predicted by an analytical model several years before the experimental observations 

[125,126]. In the model, the only assumption made is the emission of dislocations from grain 
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boundaries, which was based on experimental observations and molecular dynamics 

simulation results [127,128]. For simplicity, the model used a square grain cross-section (see 

Figure 2.16). The shear stresses needed for the slip of various dislocations, including the 

leading Shockley partial to produce a stacking faults, the twinning partial, the trailing partial, 

the detwinning partial, and the lattice dislocation as a function of grain size and shear stress 

orientation angle were calculated and compared. The dislocation that needs the lowest stress 

to slip is considered as the active one. A twin is considered nucleated after the leading partial 

generates a stacking fault across a grain and a twinning partial glides across the grain on the 

adjacent slip plane. The model indicates that thereôre two critical stresses are important in 

determining the optimum grain size for twinning: the nucleation stress of the second 

(twinning) partial (Űtwin) and the nucleation stress for a trailing partial to remove the first 

partial on the same plane (Űtrail). Deformation twinning is statistically promoted when Űtwin is 

less than Űtrail under certain preferred grain orientation.  

The optimum grain size values and the critical twinning stresses are estimated as [125,126] 
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where dop is the optimum grain size for twinnng, Űm is the critical twinning stress for a 

nanocrystalline fcc metal, ɜ is the Poissonôs ratio, ɔSF is the stacking-fault energy (SFE), 
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Figure 2.16 A schematic illustration of a dislocation model for the nucleation of a deformation twin 

via the emission of a twinning partial on a (111) plane adjacent to the stacking fault plane. [125,126] 

 

Table 2.2 The critical stress and optimum grain size for the formation of deformation twinning in 

some nanocrystalline fcc metals [129]. 

   G (GPa)      ɡ  ɔSF(mJm-2)    a (Å) Űm (GPa) dm (nm) 

Ag 30 0.37 22 4.090 0.16 73 

Al  26.5 0.345 122 4.04 0.89 6 

Au 27 0.44 45 4.080 0.31 30 

Cu 54.6 0.343 45 3.6146 0.37 46 

Ni 94.7 0.312 125 3.5232 1.06 23 

 

 

G is the shear modulus, a is the lattice parameter. The critical stress and optimum grain size 

for deformation twinning in some nanocrystalline fcc metals are calculated using above 
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equations and listed in Table 2.2. The predicted critical twinning stresses and optimum grain 

sizes agree well with experimental observations in pure metals [100]. 

One of the most significant features of this model is its successful prediction of 

normal and inverse grain size effect on deformation twinning. This is an indicator that the 

model indeed captured the physics of deformation twinning. However, it also has a major 

deficiency: it does not consider the effect from the general planar fault energy, which affects 

the nucleation and gliding of the leading and twinning partials. Consequently, this model 

cannot explain why no inverse grain size effect is observed for stacking faults. The physical 

reason for the grain size effect is the deposition of the dislocation lines on the grain 

boundaries as a dislocation glides under an applied stress. The deposited dislocation lines add 

strain energy to the system and act to drag the gliding dislocation. The dragging force does 

not change with grain size d, while the driving force for the dislocation slip is proportional to 

the length of the gliding section of the dislocation, which is grain size dependent (see Figure 

2.16). The driving force needs to overcome the dragging force for the dislocation to glide, 

and their difference in grain size dependences makes it more difficult for dislocations to 

move in smaller grains. 

2.2.2.3 Optimum grain size for twinning in nanostructured materials 

Figure 2.15 shows an optimum grain size range in which the deformation twins 

appear in a large fraction of grains. This grain size range is important for designing 

nanocrystalline fcc metals with twins as an important structural feature for enhancing the 

strength and ductility. For microstructures with grain sizes outside of this range, the built-in 

twins will be gradually annihilated during deformation by a detwinning process. On the other 
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hand, a stable high twin density could be maintained if the grains sizes are in this optimum 

range. This is a critical issue under some service conditions such as fatigue where the cyclic 

stress could induce extensive dislocation/twin interactions. The detwinning process could 

significantly soften the material, which may lead to the accelerated failure.  

The existence of such an optimum grain size for highest twin density can be 

understood with the following analysis. As discussed in previous sections, in a 

nanocrystalline fcc metal there exists a grain size range within which deformation twins 

would form. However, the detwinning process can be caused by the interaction between the 

dislocation and the twin boundary, which occurs in grains of all sizes. It was found that the 

detwinning tendency is stronger at small grain sizes than at large grain sizes [121] because 

the detwinning process involves dislocation interactions with twin boundaries, which needs 

to overcome relatively high-energy barriers [41]. Materials with smaller grains deform 

plastically under a higher applied stress, which makes it easier to overcome the energy 

barrier for detwinning. Therefore, detwinning should be statistically easier in smaller grains. 

From the above discussions, the tendency for twinning and detwinning during plastic 

deformation can be schematically illustrated as in Figure 2.17. For a sample whose grain 

sizes are outside of the optimum grain size range, the detwinning process dominates over the 

twinning process, which leads to the annihilation of twins. On the other hand, for a sample 

whose grain sizes are in the optimum grain size range, the twinning process prevails over the 

detwinning process, which leads to the formation of deformation twins in a large fraction of 

grains. The twinning process and detwinning process eventually reached a dynamic 

equilibrium, which produces a stable twin density and microstructure. 
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Figure 2.17 Schematic illustration of the grain size effect on the twinning and detwinning tendency. 

 

2.2.3 Macroscopic strain of deformation twins and mechanisms in FCC materials 

2.2.3.1 Observation of zero-strain deformation twinning in nanocrystalline FCC metals  

As introduced in Section 2.2.1, conventional twinning in fcc metals formed by 

partials with the same Burgers vector may have a grain boundary kink of 141o if viewed from 

an appropriate <110> orientation (shown in Figure 2.11). Such twin-grain boundary 

morphology is also observed in nanocrystalline fcc materials and may represents the highest 

macroscopic strain that can be generated by a deformation twin [130]. Figure 2.18a is a 

HRTEM micrograph of such a twin in nanocrystalline Cu synthesized by HPT, whose twin 

morphology is the same as that of in coarse-grained fcc metals. However, in nanocrystalline 

fcc metals, deformation twins can be also formed by partials with different Burgers vector 

and therefore the macroscopic strain could be lower and be even zero. The two different 

deformation routes in Figure 2.11 is the schematic illustration of this difference.  

Figure 2.18b shows another HREM image of deformation twins in nanocrystalline 

Cu, which indicates the zero macroscopic strain [130]. As shown, the grain boundary 
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segments were smooth even at locations where they intersect the twin boundaries, suggesting 

that these deformation twins shown in Figure 2.18b did not produce macroscopic strain of the 

grain. This phenomenon was thereafter observed in other fcc materials like pure 

nanocrystalline Cu and Cu-Ni alloys under both normal and severe deformation conditions 

[131,132], confirming the universality of this twinning behavior in nanocrystalline fcc 

metals. Studies also shows that the zero-strain twinning prevails over the twinning with strain 

in nanocrystalline Ni and Cu. Itôs also noted that external deformation conditions may also 

affect the zero-strain twin fractions. Experiments on nanocrystalline Ni in Wu et al. (2008) 

indicates that lower flow stress will promote the zero-strain twins. Itôs generally believed that 

the critical stress for zero-strain twinning is lower than that to conventional twinning. 

 

 

Figure 2.18 (a) HRTEM micrographs of twins in nanocrystalline Cu synthesized by high-pressure 

torsion. The arrow indicates the twin boundary. (a) A grain boundary has a 141° kink at its 

intersection with the twin boundary. (b) A zero-strain deformation twin with smooth intersection with 

the grain boundary (indicated by the broken curve). 
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Zero-strain deformation twinning helps us with understandings of mechanical 

behavior and microstructural evolution of nanocrystalline metals. For example, instead of 

locally accumulating macroscopic strain in twinned grains, zero-strain twins participate in 

plastic deformation by re-orienting the lattice without producing jagged grain boundaries, 

which makes it easy for grains to rotate and slide during further deformation [100]. Another 

salient feature of zero-strain twins is the easy migration of incoherent twin boundaries (ITBs) 

under slight external stress. This feature is believed to play a critical role in strain softening 

[134,135]. 

Up to date, there have been a couple of mechanisms proposed for the formation of 

zero-strain twins in nanocrystalline fcc metals. Generally, it could be classified into two 

major categories. One is the random activation of partials (RAP) and the other is named as 

the cooperative slip of three partials (CSTP). The coexistence and competition of both 

mechanisms in nanocrystalline fcc materials is recently studied as well.  

2.2.3.2 Random activation of partials (RAP) 

RAP mechanism was proposed by Wu et al. (2008) at the first observation of zero-

strain twinning phenomenon. Figure 2.11b illustrates a set of Shockley partials involved in 

the RAP process. As shown, on the (111) slip plane, there are three Shockley partials, b1=Bŭ, 

b2=Aŭ, and b3=Cŭ. Itôs obvious that b1+b2+b3=0. As discussed before, a twin can be formed 

by the slip of identical partials or different partials, because the three partials, b1, b2, b3, 

produce the same stacking sequence shifts despite of their orientation difference. Therefore, 

if all of the three partials propagate in equal number of times, one after another, there will be 

no net accumulation of macroscopic strain. Consider a Shockley partial dislocation loop on a 
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(111) plane with the Burgers vector b1 = 1/6[ ]. Figure 2.19 illustrates such a dislocation 

loop emitted from a grain boundary triple junction and deposited on other segments of the 

grain boundary of a hexagonal grain. Part of the dislocation line segments parallel to grain 

edges AB and DE has pure screw character and can easily cross-slip in the GB to the next 

slip plane. On the next slip plane, b1 can slip by itself under appropriate stress or produce 

other dislocations via the following two reactions:  

a

6
[211] =

a

6
[121] +

a

2
[110], or b1 = BA + b2

         
 

a

6
[211] =

a

6
[112] +
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2
[101], or b1 = BC + b3

          

 

 

Figure 2.19 A Shockley partial dislocation loop with Burgers vector b1 emitted from a grain 

boundary triple junction at E, grows, and deposits on other grain boundaries of a hexagonal grain. 

Part of the dislocation line segments parallel to grain edges AB and DE has pure screw character and 

can move along the grain boundary to the next slip plane. 
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Thus it is possible to randomly emit the three Shockley partials, b1, b2 and b3, on the next 

(111) slip plane. A global shear stress cannot drive the three partials simultaneously. So what 

drives the b1, b2 and b3 partial slip? It is argued that it is possible for these partials to 

randomly nucleate and slip one at a time, driven by changing local shear stresses. These 

stresses could significantly differ from the global shear stress. The possibility of such 

scenario is revealed by atomistic simulations under stress concentration of 3ï3.5 GPa, which 

is many times higher than the applied shear stress, near the edge of a stacking fault [136]. 

Furthermore, grain boundary sliding and grain rotation, significant in nanocrystalline 

materials, alter local stress state and/or change the orientation of the twinning grain [137]. 

These local stress variations can promote the random emission of partials. Other locations for 

high local stress concentration include triple junctions, and grain boundary ledges.  

2.2.3.3 Cooperative slip of three partials (CSTP) 

This mechanism was first discovered in detwinning process of fcc materials under in-

situ observation of deformation and verified by atomic simulation as well [138,139]. Later 

on, CSTP is also reported as the mechanism for twinning in nanocrystalline fcc metals like 

Cu and Ag [132,140]. Figure 2.20a is a HRTEM micrograph of a Ɇ3{112} coherent twin 

boundary (ITB) in Cu, showing a repeatable pattern of atomic structures. Such ITB can be 

represented as a set of Shockley partial dislocation on every {111} plane with a repeatable 

sequence b2:b1:b3, whose sum of Burgers vector is also zero. CSTP mechanism for twinning 

is based on the migration and stability of this Ɇ3{112} ITB [138], as shown in the process in 

Figure 2.20b-d. The initial triple partials are readily emitted from energetic grain boundaries 

in nanocrystalline materials, which is also proved by a in-situ observation [141]. In the 
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absence of external stress (Figure 2.20b), each group of triple partials are not far away from 

each other (~1nm) to achieve their stress balance due to the mutual interactions. In the 

presence of an appropriate low external stress, one or two partials move ahead to propagate 

the twin along the favorable direction while other(s) is prevented by the unfavorable stress 

orientation (Figure 2.20c). Under certain separation due to the propagation, the attraction 

between Burgers vectors of the partials and the constraint from the new generated stacking 

fault upon the propagation of moved partial(s) would drag the other partial(s) to catch up, as 

shown in Figure 2.20d. The triple partials will, again, reach the stress balance between each 

other after one cycle of the so-called ñmove-dragò process. This process can be repeated 

under the drive of external stress and therefore propagate the twin. ñMove-dragò mechanism 

can be also applied to the detwinning process. The favorable propagation direction for 

twinning or detwinning is determined by the external stress and grain orientation [138]. 

CSTP mechanism requires a couple of conditions. First, the SFE of fcc materials 

should be considerably lower to cause the separation of the partials. Simulations have 

indicated that the operation of CSTP mechanism is easier in Cu and Ag but not favorable in 

Al  [139]. Higher SFE will make the dissociation of the triple partials much harder from a 

perspective of energy. Second, the twin thickness is another factor affecting this process. 

Experimental observation and computer simulation have revealed that thinner twins like 

nanometer twins are easier to propagate by CSTP mechanism because they have less excess 

energies [138]. 
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Figure 2.20 (a) HRTEM micrograph of a Ɇ3{112} ITB showing periodic contrast on every three 

(111) atomic planes. (b-d) Schematic description of CSTP operation, ñmove-dragò propagation, to 

generate a zero-strain deformation twin: (b) the initial stable structure of Ɇ3{112} ITB, (c) part of 

triple partial(s) move ahead under external stress, (d) the rest partial(s) catch up and reach the stress 

balance again. 

 

2.2.3.4 Coexistence of RAP and CSTP in zero-strain twinning 

The two theories on the formation of zero-strain twins raise a critical issue: which 

mechanism plays a major role in the formation of deformation twins with zero-strain 

nanocrystalline fcc metals? To solve this issue, Wu et al. designed a layer-by-layer 

microstructure to suppress the RAP and to deter the grain rotation and grain boundary sliding 
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of nanocrystalline Cu grains during the deformation [142]. In addition, the nano-grains are 

textured to have their {111} planes parallel to the film surface, and the residual stress is 

oriented to have resolved shear stress on one type of partial dislocations only. Such a 

microstructure and stress state not only suppresses the RAP mechanisms, but also should 

promote the CSTP mechanism. It was found that macro-strains were generated in Ḑ56% of 

the twinned Cu grains, which is lower than previous reports of dominance of zero-strain 

twinning in pure fcc metals like Ni and Cu. This result shows that with RAP suppressed, 

zero-strain twins cease to dominate in our nanocrystalline Cu grains. This indirectly proves 

that the RAP mechanism played a significant role in producing deformation twins with zero-

strain. The result also means that the CSTP mechanism accounted for at least 44% of the 

deformation twins with zero-stain in the current experiment, suggesting that CSTP should be 

also a major mechanism for producing deformation twins with zero-strain.  

Alternatively, another HRTEM studies of nanocrystalline Cu after tension shows two 

kinds of ITB atomic structures [132], where one is the Ɇ3{112} ITB with repeated pattern 

and the other is a disordered ITB. These two various features are attributed to the operation 

of CSTP and RAP processes, respectively. Their observation serves as another evidence to 

support the coexistence of both mechanisms in nanocrystalline FCC metals.  

2.3 Laminate/gradient structures 

Laminate/gradient structures have evolved over millions of years in biological world 

to optimize the multi-functionality of living organisms [143,144]. For example, itôs found 

that the shell of the bivalve Placuna placenta, a layered assembly of elongated diamond-

shaped calcite crystals, is capable to simultaneously achieve penetration resistance due to the 
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pervasive nanoscale deformation twinning surrounding the penetration zone, which catalyzes 

a series of additional inelastic energy dissipating mechanisms in the wake of the existence of 

dense interfaces in laminate structures [145]. The advantage of laminate/gradient structures is 

intuitively the full utilization of differing layers/components by combining their unique 

properties and therefore to maximize the overall mechanical performance like stiffness, 

fracture toughness, energy dissipation, crack resistance and etc. [144,146ï148].  

Learning from nature, materials scientists are triggered to develop artificial 

laminate/gradient materials to cater to the structural requirement in practical applications.  

2.3.1 Fabrication of laminate/gradient structures 

Although laminate and gradient structures have a lot in common, the fabrication 

approaches in laboratory are not essentially the same. In this session, weôll, separately, 

introduce different current methods for laminate and gradient structures, including their 

advantages/disadvantages and validity.  

2.3.1.1 Overview of fabrication methods for metallic laminates 

Earlier, Hussey et al. reported the successful fabrication of nickel-aluminides layer 

structures via the method of vacuum plasma spraying and exothermic in-situ reactions [149]. 

Xia et al. further found that the tensile strength of metal-intermetallic laminates increase with 

the increase of volume fraction of intermetallic products, which is reasonable considering the 

particle strengthening effect [150].  Through reaction between layers, the bonding strength is 

usually not ideal to burden transverse loading. Directional solidification and arc casting 

represent anther type of techniques attempting to produce metallic laminates from the 

beginning process of materials [151ï153]. This method gave rise to sufficient bonding 
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strength as the materials are always treated as a whole. But, macroscopically, itôs not strictly 

consistent with the definition of laminate structures despite local satisfaction. Deposition is 

another direction to go for metallic laminates and achieve certain success [142,154,155]. 

More often, those laminates are typically referred as multi-layer thin films. Implication of 

this terminology is the difficulty of scaling up, i.e. deposition is, undoubtedly, beneficial to 

scientific discovery of fundamental understandings of materials, but not suitable for the 

production of bulk metallic laminates. Thereôre also some trials on other techniques like 

high-pressure torsion, friction stir welding, single rolling to process laminates/sandwiches 

with limited number of layers [156ï159]. 

One of the most promising techniques to fabricate bulk metallic laminates is 

accumulative roll bonding (ARB), which was firstly reported by Saito et al. to process 

various metals and alloys including commercial aluminum, Al-Mg alloy and interstitial free 

steel [17]. The general procedure of ARB is diagrammatic represented in Figure 2.21a 

[17,160,161]. Experimenters begin with an alternating stack of sheets of two metals/alloys 

and then carry out the ARB process. Unlike conventional rolling, ARB strains the sample via 

a cycle of rolling, cutting and restacking, and maintains the original sample dimensions. To 

prevent oxide contamination at the interface during the entire process, a specific surface 

treatment like wire brushing and cleaning is typically necessary between cycles. By this way, 

researchers have successfully fabricated a series of metallic laminates with controllable 

various layer thickness even reduced to nanometer scale, as shown in Figure 2.21b.  
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Figure 2.21 (a) Schematically representation of a typical accumulative roll bonding (ARB) process. 

(b) A series of Cu-Nb laminate composites with controllable layer thickness produced by the method 

in (a). [160] 

 

Another critical feature of ARB is the significant grain refinement it could produce by 

continuous cyclic processing, which makes it an effective severe plastic deformation method 

as well [160]. The efficient conversion of strains to 2n by easily n cycles of processing also 

leads to the sufficient bonding strength across layers except the last-formed interface. Taking 

this advantage, ARB holds the capability of fabricating various bulk NS metallic laminates 

even in university labs [162ï164]. 
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Up to date, the limitation of this technique for metallic laminates mostly relies on the 

following issues. First, the edge-crack gets easily initiated, especially at higher cycles. Some 

materials, like Al-Mg alloy, are sensitive to those edge-cracks because they propagate readily 

to the center of the sheets in the subsequent rolling cycle [161]. Second, as a rule of thumb, 

the last inter-layer interface is not as strong as others since the imposed strain is far less.  

Last, the surface treatment between processing cycles is critical and sometimes troublesome. 

Therefore, technically, some as-processed laminates are not strictly free of contamination 

across layers, which will throw effects on their mechanical properties [165].  

2.3.1.2 Overview of fabrication methods for gradient structures 

Gradient structure is not a brand-new concept for manufacturing. The conventional 

shot-peening technique has something in common with this perception, more or less. 

However, shot peening doesnôt purposely aim at introducing significant grain refinement at 

surface, but providing compressive stress to avoid the crack initiation and improve the 

fatigue property [166]. Therefore, conventional shot peening doesnôt appear as a well-

established method but inspired the community to generate gradient structures by modifying 

this approach at early attempts. 

Assisted with ultrasonic generation, shot peening process could become more 

efficient by dramatically increasing the frequency of ball impacts. J. Lu and K. Lu first 

proposed this idea in late of 1990s [167,168]. Further studies shown that microstructures and 

properties of processed samples could be tuned by the material, size, velocity and amount of 

the impact balls [169]. Another earlier attempt to achieve surface nanocrystallization is the 

so-called air blast shot peening, which, typically, uses compressed air to shoot the steel balls 
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to achieve powerful impacts on specimen and induce deformation and refinement [170,171]. 

The detailed comparisons of two early techniques are summarized in Table 2.3. Itôs worth to 

note the ultrasonic shot peening is not limited to the 20 kHz frequency and further modified 

to lower frequency like 50 Hz and the processing chamber is also flexible so that some 

specific requirement can be satisfied as well [172,173]. 

 

Table 2.3 Comparison of conditions of air blast shot peening and ultrasonic shot peening [171] 

 

 

In addition to the modification of shot peening, other advanced techniques also 

achieve success in fabricating gradient structures, mainly by introducing a surface 

nanocrystallization layer to the CG matrix. For example, Li et al. [174] reported a novel 

machine-induced plastic deformation method to create surface nanocrystallization, which is 

called surface mechanical grinding treatment. Basically, it employs a machining tool tip to 

produce large shear strains (typically 2~10) as well as high strain rate (up to 104~106 s-1) in 
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zones ahead of the tip.  With increasing the size of the tip, structural refinement in the surface 

layer of the ground materials is anticipated due to the severe surface plastic deformation and 

therefore a gradient structure from the surface to the material interior is expected. The key 

idea of surface mechanical grinding treatment is conceptually illustrated in Figure 2.22. 

Gradient structures fabricated by this method have been reported in Cu, Ni, interstitial free 

steel and various alloys [75,174ï177]. 

Other techniques like friction sliding, wire brushing and friction stir processing also 

achieve some encouraging results in modifying the surface microstructure, especially grain 

refinement [178ï180]. But generally, the hitherto most popular techniques for producing 

bulk gradient structures in metals and alloys are the first mentioned two. 

 

 

Figure 2.22 Schematic illustration of the surface mechanical grinding treatment set-up and the plastic 

deformation layer induced by the tool tip. [174] 
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2.3.2 Mechanical properties of laminate/gradient structures 

Generally, investigation of mechanical properties of laminate/gradient metallic 

structures is a cutting-edge field with a growing body of studies [89,181]. Weôll devote two 

sub-sections to describe their properties researches, separately. Laminate and gradient 

structures have much in common with respect to fundamental understandings, which will be 

detailed addressed further. But the reason for the separated descriptions here is the different 

judgment standards of mechanical properties for these two structures. Usually for laminate 

metallic structures, two or more materials with various chemical compositions, like 

aluminum alloy and steel, titanium and its alloy, etc., are processed together [182ï184]. 

Therefore, the most popular approach to tell better performance is to compare the mechanical 

properties across samples with different total layer numbers/layer thickness in an individual 

research. Due to the technical difficulties and different experimental details, rare studies 

made direct comparisons across different groups for the same laminate components. In 

contrast, for gradient structures, most studies so far focus on the fabrication with one single 

material component [75,147,175,177]. Not surprising, people could readily make 

comparisons across all the historical results for this material with various processing and 

microstructures. Two different methods of assessment have different concentrations and 

sometimes their conclusions are not comparable to each other.  

2.3.2.1 Controversial results in laminate structures  

As mentioned in previous section, the most used way to make macroscopic laminate 

metallic structures is ARB, which will be the focus of following results in comparisons. The 

resulted relationship between mechanical properties, including strength and ductility, and 
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layer numbers/layer thickness of laminate samples is really dependent. Different processing 

routes, base materials, pre-treatments and even operation details will significantly influence 

the relationship and mask their fundamentals in common. Therefore, thereôs so far no 

absolute statement on this issue and we list some of the literature results for reference. Figure 

2.23 shows two different trends between mechanical properties versus various ARB cycles. It 

seems widely accepted that the strength of the laminates is generally increased with the 

increase of ARB cycles, i.e. fewer layer thickness. However, the ductility or uniform 

elongation is largely controversial. Figure 2.23a shows a slight increase, or least no obvious 

drop, of the elongation with increasing ARB cycles in Al/Cu laminates [183]. While Figure 

2.23b indicates a distinct trend in Al /Al-12%Si laminate composites: ductility significantly 

dropped with more ARB cycles [185]. These two dataset are representatives of copious 

results from ARB processing and truly present the two general trends [186ï189].  

 

 

Figure 2.23 (a) Relationship between strength and ductility in (a) Al/Cu samples and (b) Al/Al-

12%Si samples: showing two different ductility trends versus number of ARB cycles. [183,185] 
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Itôs worth to bear in mind that the presented data doesnôt include any post-processing 

after ARB, which would add complication to the comparison. However, post annealing is 

sometimes preferred for the specific scientific purpose in research. An example will be 

shown in Chapter 6 and 7.  

2.3.2.2 Beyond rule-of-mixture in gradient structures 

Unlike the disputable observations in laminate structure, the mechanical properties in 

gradient structures have been found, in most cases, better off than their conventional 

counterparts. Researches on pure Cu and interstitial free steel show a great improvement of 

the overall mechanical performance by elevating the strength without noticeable sacrifice of 

ductility in tension. These results are summarized in Figure 2.24a-b. Note that both gradient 

structures embrace a particular nanocrystallized surface layer, which was considered to make 

extraordinary contribution to the observed strength. Meanwhile, the considerable retainment 

of the ductility is found as a unique characteristic of gradient structures, whose mechanism is 

still not fully understood. 

Lu et al. has proposed that the combination of strength and ductility of gradient 

structures will reshape the traditional ñbananaò curve for engineering materials, making it a 

outward curve rather than inward one, as shown in Figure 2.25 [89]. The advantage of 

gradient structures is not simply trading off the balance between two critical properties, but 

maximizing and achieving one superior combination of them under certain microstructure 

design.  Gradient structures have also been revealed other exceptional mechanical properties 

like enhancing fatigue and wearing properties, which is not the focus here and thereby not 

undergo details [190,191].  



55 

 

 

 

Figure 2.24 Tensile curves of gradient structures of pure (a) Cu and (b) interstitial free steel. Both 

contain a NS surface [75,147]. 

 

 

 

Figure 2.25 Conceptually illustration the strength/ductility relationship in traditional homogeneous 

microstructure and gradient structure: the strength of a metal is increase at an expense of ductility and 

follows a typical inward ñbanana-shapedò curve (blue). However, strength-ductility synergy is 

achieved with gradient nanograined (referred as GNG) structures (red) [89]. 
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2.3.3 Current perspectives of deformation mechanisms in laminate/gradient structures  

Laminates and gradient structures are put together in this dissertation because they 

have a couple of microstructural features in common. First, they both contains discrepant 

components within one material matrix, for example, differing grain size. As a natural result, 

there exist heterogeneous interface across those microstructural discrepancies. Second in 

mechanics, the material is not elastically or plastically consistent as a whole. Different 

microstructures respond the deformation in various ways but eventually exhibit a collective 

result. Both structures experience mechanical incompatibility and need to handle it during 

deformation in a way, which may have many similarities. The details of the deformation 

physics is still under investigations and Chapter 6&7 of this dissertation will shed some lights 

to this topic based on our observations.  

The hitherto reported works have proposed several possible mechanisms that play 

some roles in the deformation of laminate/gradient materials. Early work in gradient Cu 

focused the interests on the mechanisms for the extended tensile ductility of the surface NS 

Cu. It was discovered that under the support of CG matrix, the NS Cu is capable to continue 

plastic deformation by mechanical grain growth, as shown in Figure 2.26. The post-

deformation grain size distributions further confirm that the extent of grain growth is 

positively related to the undergoing strain levels. Fang et al. proposed that the CG matrix 

provided the most strain hardening during deformation provided and effectively suppressed 

the emergence of strain localization [75]. Thereby it made room for the sustainable plastic 

deformation for the very top NS layer based on the Considère condition for plasticity 

instability for tension.  
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Figure 2.26 (a) A bright-field TEM image showing the grain size distribution of topmost surface of 

the gradient Cu. (b) The grain size distribution of the topmost layer of the sample after tensile 

deformation with true strain of 33%. (c) Average grain size measurements in different sample 

locations with various deformation strains. [75] 

 

Another important proposal regarding the deformation physics in gradient materials 

emphasized the comprehensive effects from the whole structures during the deformation. Wu 

et al. observed an up-turn feature in strain hardening curve of a gradient interstitial free steel 

sample during tension [147]. Interestingly, this up-turn feature is absent when the sample is 

divided into two parts and tested both standalone (see Figure 2.27a). Wu believed that the 

extraordinary hardening is caused by the interaction between CG and NS components that 

compose the whole gradient structure. They further supported this claim by the observation 

of an extra stress state at lateral surface upon the incompatible deformation, as shown in 

Figure 2.27b. Most recently, Wuôs work in heterogeneous lamella structured Ti indicated the 

microscopic details of the interaction between CG grains and surrounding finer grains, as 

shown in Figure 2.27c. By measuring the back stress generated in cyclic tests, they proposed 



58 

 

 

that the interaction is implemented by back-stress hardening, which generates more 

dislocations at CG grains than homogeneous structures.  

Researches on laminate structures also highlight the roles of the bi-metal interface in 

mechanical properties. For example, Misra et al. summarized the relationship between 

strength and layer thickness in Cu/Nb laminates and proposed different deformation 

mechanism for corresponding length scale [192]. Itôs found that when the layer thickness is 

really small, saying a few nanometers, the conventional dislocation pile-up and dislocation 

bowing breaks down and dislocations are not confined to the individual layer and trying to 

perform interface crossing, which needs more activation stress and promotes higher strength 

as observed. Although most metallic laminates havenôt reached such extreme length scale, it 

shed lights on the understandings of the heterogeneous interface role in deformation.  

 

 

Figure 2.27 (a) Strain hardening rate (Ū=dů/dŮ) vs. true strain curves for gradient interstitial free 

steel sample and its homogeneous counterparts. (b) Measured distribution of lateral strain (Ůx) and 

strain gradient (dŮx/dy) across the thickness along one transverse line across the sample after tension. 

(c) TEM image showing the dislocation accumulation in a CG grain surrounded by finer grains at 

tensile strain of 2% of a lamella Ti sample. [147,193] 
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Generally, thereôre considerable reports on the delights and advantages brought from 

the design of laminate or gradient structures on mechanical properties [194ï197]. However, 

the fundamental deformation mechanism regarding the laminate/gradient structures still 

remains quite blur despite some pioneer studies like mentioned above. Itôs also one critical 

interest of this dissertation in later chapters to provide some new perspectives and evidences 

on this issue. Last but not least, one should also keep in mind that laminate and gradient 

structures have dissimilarities as well, which may have been glossed over by the extensive 

description of their similarities before. For laminate structure, the heterogeneous interfaces 

are usually sharp and stationary during deformation while the interfaces in gradient structures 

are assumed much smoother and sometimes invisible to microscopy during deformation 

[75,198]. Another difference is the macroscopic symmetry of the miscrostructure design. 

Laminate structures are typically of periodic alteration of their microstructure arrangement 

while gradient structures reported so far is mostly monotonically graded from interior to the 

surface or vice versa. Thereôre also not much studies on the potential effect of this difference 

on mechanical performance, neither.  
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Chapter 3    

General Experimental Techniques 

3.1 Sample Preparation 

3.1.1 Nanocrystalline Cu-Zn alloys 

The raw commercial Cu-Zn alloys with different Zn content (C22000: Cu-10wt.%Zn, 

C23000: Cu-15wt.%Zn and C26000: Cu-30wt.%Zn) were purchased from Mcmaster-Carr 

Supply Company (http://www.mcmaster.com) and Zoro (https://www.zoro.com/). The 

composition details of the as-received raw materials are summarized in Table 3.1. The as-

received materials are homogenized under 700oC for 3hrs before further treatments. Disks 

with diameter of 10 mm were punched from the raw materials with its original thickness, 

following by mechanical polishing with a series of sandpapers to the thickness of 1.5 mm.  

 

Table 3.1 Composition standards for the selected commercial Cu and Cu-Zn alloys [199] 

 Cu (wt.%) Pb (wt.%) Fe (wt.%) Others (wt.%) Zn (wt.%) 

C11000 Ó99.90 ------ ------- Ò0.10 ------ 

C22000 89.0~91.0 Ò0.05 Ò0.05 ------ Balanced 

C23000 84.0~86.0 Ò0.06 Ò0.05 ------ Balanced 

C26000 68.5~71.5 Ò0.07 Ò0.05 Ò0.15 Balanced 

 

The sample disks were put into a house-built high-pressure torsion (HPT) machine 

(see Figure 3.1a-b) and subjected to severe plastic deformation at room temperature for 6 

revolutions at 1.5 rpm under pressure of 1 GPa to achieve most refinement at disk edges. An 

example of sample disk before and after HPT was presented in Figure 3.1c. These disks are 

http://www.mcmaster.com/
https://www.zoro.com/
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original sample for researches in Chapter 4 and 5. The general principle for HPT operation is 

to assure the material overflow to guarantee the full deformation of the sample. 

  

 

Figure 3.1 (a) Overview of high-pressure torsion (constrained type) facility in lab. (b) The 

magnification of the central part to hold the sample. (c) Typical sample geometries before and after 

HPT processing 

 

3.1.2 Nanostructured Cu-10Zn sandwiched by coarse-grained Cu  

The sandwich laminates used in Chapter 6 is fabricated by incorporation HPT 

technique with appropriate rolling and annealing. ū-10mm disks with desired thickness 

punched from pure Cu (99.9%) and Cu-10wt.%Zn sheets were carefully cleaned with acetone 

and ethanol solutions in ultrasonic environment. Thereafter, three disks with the specific 

order were placed together into the HPT machine and processed under abovementioned 
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conditions except changing revolutions to 10.  The sandwiches were then rolled by a mini 

rolling machine in lab (Figure 3.2a) to the desired the thickness, followed by annealing at 

240oC for 2hrs in vacuum tube furnace, as shown in Figure 3.2b.  

 

 

Figure 3.2 (a) Overview of mini rolling machine in lab for sample processing. (b) Overview of 

vacuum tube furnace to perform necessary annealing. 

 

3.1.3 Multilayered Cu/Cu10Zn laminates  

The fabrication of multilayered Cu/Cu10Zn laminates is conducted in Dr. Heinz 

Werner Höppelôs lab, one of our collaborative groups in German. We appreciate their kind 

assistance with laminate sample preparation by accumulative roll bonding (ARB). The 

combination of original Cu and Cu10Zn sheets was processed with different cycles of 

rolling: 2, 3 and 5. For the processing details and specific surface treatment between rolling 

cycle, please refer their publications pertinent to ARB processing [184,200,201]. In order to 

produce laminates with remarkable microstructure differences and further enhancing the 

http://www.gmp.ww.uni-erlangen.de/people_show.php?id_p=3
http://www.gmp.ww.uni-erlangen.de/people_show.php?id_p=3
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bonding strength after ARB, additional annealing treatment under 250oC for 2hrs was 

performed for all samples in the previously mentioned furnace.  

3.2 Mechanical Tests 

3.2.1 Uniaxial tension tests 

To test the samplesô strength and ductility, uniaxial tension tests are conducted on a 

Shimadzu AGS 20kNG machine with software of both simple tension and cyclic tension 

programs (as shown in Figure 3.3a). In order to accommodate the specimen dimension in our 

studies, a specific tension grip (see inset in Figure 3.3a) is house built and incorporated with 

the facility during tests. The typical mini dog-bone shaped tension samples were machined 

by a Sherline CNC mill system (8600) with Linux software, as shown in Figure 3.3b. The 

codes for sample dimensions were individually programmed. One example of such code is 

attached in final appendix. Post-test analysis is assisted with Matlab program to precisely and 

objectively determine the uniform elongation, 0.2% offset yield strength and other 

parameters in mechanics. An example of Matlab code is attached at the end as well. 

3.2.2 Micro-hardness tests  

Micro-hardness testing is another tool to loosely characterize the mechanical 

properties of metallic samples and sometimes used to detect the extent of hardening after 

deformation. The micro-hardness tester for measurement is shown in Figure 3.3c. All 

samples are mechanically polished to a mirror finish by sandpapers or SiC lipping films. The 

loadings of the tester are carefully selected to match and facilitate the comparisons across 

samples.  
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Figure 3.3 Overview of (a) Shimadzu AGS-20kNG uniaxial tension tester. (b) Sherline CNC mill 

system (8600) to machine the dog-bone shaped tensile specimen. (c) Micro-hardness tester with 

loading variation from 10g to 200g. 

 

3.3 Transmission Electron Microscopy (TEM) 

3.3.1 TEM foil preparation 

The TEM samples/foils in our studies are prepared in multiple ways dependent on the 

original sample geometry, location sensitivity in research. In Chapter 4&5, TEM samples 

were firstly cut from the every edge of Cu-Zn disk after HPT. The cross-sectional samples 

were then polished via a MultiPrepTM polishing system from Allied High Tech Inc. (see 

Figure 3.4a). By using SiC lipping film with different grades, samples are finally polished to 

a foil with thickness ~30 ɛm. Foils were then carefully attached to ū-3mm Cu or Mo rings 

by superglue and ion milled by Precision Ion Polishing System (see Figure 3.4b) from Gatan 

Inc. The milling process was under protection of liquid nitrogen at -50oC to avoid potential 

grain growth. For Cu-Zn alloys, our recipe for ion mill was 4.0/3.5kV with high angle for 
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rough mill and 3.0/2.5kV with low angle for fine milling till perforation. The resulted edge 

regions around the perforation were usually ready for the following observation under TEM. 

 

 

Figure 3.4 Overview of (a) MultiPrepTM system from Allied High Tech. (b) Precision Ion Polishing 

System (PIPS) from Gatan Inc. 

 

For location sensitive purpose like particular interface in laminate structures, another 

technique called Focused Ion Beam (FIB) ñlift-outò was employed in that case. Mini samples 

underwent similar grinding and polishing process under MultiPrepTM polishing system and 

then were mounted in a FEI Quanta 3D FEG dual-beam instrument, as shown in Figure 3.5. 

The general procedures for FIB lift-out technique are:  

1. Locate the sample region of interest and deposit a thin Pt layer for protection. 

2. Bulk milling both sides of the Pt strip. 
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3. U-shape cuts to the sample to prepare for the lift-out release. 

4. Lift out the original sample foil by using the Omni-Probe 

5. Attach the original foil to sample grid and do final thinning  

The applied voltage and current of Ga+ vary with proceeding steps. For samples 

contain specific interface of interest, more cautions are needed to take care of different 

milling rates of materials across interfaces. Appropriate additional millings are sometime 

necessary to achieve electron transparent regions for both sides. Cross-sections of sample 

after bulk milling with low current also provided great chances to image the microstructure 

by Ion Channeling Contrast Microscopy (ICCM). ICCM under ion-beam mode with lower 

current facilitates the overview of sample microstructure and enables the recognition of 

various grain orientations, grain size and other microstructure details.  

 

 

Figure 3.5 Overview of a FEI Quanta 3D FEG dual-beam system for both FIB lift-out technique and 

EBSD observations 
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3.3.2 TEM observation 

Most TEM work of this dissertation was performed in a JEM-2010F transmission 

electron microscope operating at 200 kV at room temperature (Figure 3.6a). The high-

resolution micrographs were mostly taken along zone axis of <110> of Cu or Cu-Zn alloys 

under magnification more than 300k. The high-angle annular dark-field (HAADF) images 

were taken using an aberration-corrected FEI Titan G2 microscope (see Figure 3.6b) 

operated under 200 kV. Additionally, the Energy-disperse X-ray Spectroscopy (EDS) 

mapping was also acquired under this microscope for the region of interests. The microscope 

is equipped with four large-are silicon drift detector system and a collection solid angle of 0.7 

srad for the EDS signal detection, which facilitate resolving elemental identification with a 

high spatial resolution. The EDS composition was analyzed using the Cliff-Lorimer method 

in Bruker Esprit software. 

3.4 Electron Back-Scattering Diffraction (EBSD) Microscopy 

3.4.1 EBSD sample preparation 

EBSD samples were prepared using electrochemical polishing plus slight ion mill to 

clean the surface contamination. The electrolyte recipe of Cu and Cu-Zn alloys for 

electrochemical polishing is phosphoric acid (concentration of 85%), ethanol and deionized 

water with volume fraction of 1:1:2. Before electrochemical polishing, samples were 

carefully mechanically polished by MultiPrepTM system and arrived at a mirror surface. The 

electrochemical polishing was performed under a simple house-built facility where 301 

stainless steel served as the cathode (as shown in Figure 3.7a). It took ~1 min to polish each 
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sample for each sample to get grid of the most surface with strain. The applied voltage and 

current were customized dependent on the sample dimension. Samples were then placed into 

a Fischione Ion Mill instrument (Model 1060, as shown in Figure 3.7b) for further cleaning. 

Milling process followed the recommended recipe for Cu and Cu alloys is available from the 

instrument website. (http://www.fischione.com/model-1060-sem-mill -ion-milling-recipes-

bulk-materials) 

 

 

Figure 3.6 Overview of (a) JEM-2010F transmission electron microscope and (b) aberration-

corrected FEI Titan G2 microscope 

http://www.fischione.com/model-1060-sem-mill-ion-milling-recipes-bulk-materials
http://www.fischione.com/model-1060-sem-mill-ion-milling-recipes-bulk-materials
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3.4.2 EBSD observation 

The EBSD observations were performed in the abovementioned FEI Quanta 3D FEG 

dual-beam instrument with backscattering electron detectors. The operating software for 

EBSD tests was Aztec from Oxford instruments Inc. Most EBSD data were acquired under 

20 kV and 16nA with appropriate step size and binning mode. 

 

 

Figure 3.7 Overview of (a) house-built simple electrochemical polishing system (b) Fischione Ion 

Mill instrument (Model 1060) 

 

 

 

 

 



70 

 

 

Chapter 4    

Alloying Effect on Grain-Size Dependent Deformation Twinning 

in Nanocrystalline Cu-Zn Alloys 

Grain-size dependency of deformation twinning has been previously reported in 

nanocrystalline face-centered-cubic metals, which results in an optimum grain size range for 

twin formation. In this chapter, for the first time in experiments, the observed optimum grain 

sizes for deformation twins in nanocrystalline Cu-Zn alloys slightly increase with increasing 

Zn content. This result agrees with the reported trend but is much weaker than predicted by 

stacking-fault-energy based models. Our results indicate that alloying changes the 

relationship between the stacking-fault and twin-fault energy and therefore affects the 

optimum grain size for deformation twinning. These observations should be also applicable 

to other alloy systems. 

4.1 Introduction 

Twinning is a widely observed deformation mode in face-centered cubic (FCC) 

metals and alloys with nanometer-sized (<100nm) grains, even in metals that usually do not 

deform by twinning at their coarse-grained state under quasi-static strain rate and room 

temperature [58,80,100,104,110,135,202]. Twin boundaries are effective in inhibiting 

dislocation slip and thereby increasing yield strength in a way similar to grain boundaries 

[203ï206]. Meanwhile, twin boundaries are able to interact with dislocations to form steps 

and serve as dislocation sources for further plastic deformation [41,95,138,207]. In additions, 
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twin boundaries can also act as effective locations for dislocation accumulation, which 

increases the strain hardening rate and consequently improves the ductility [90,97,100]. 

Therefore, deformation twinning has been found one of the most promising strategies to 

simultaneously enhance strength and ductility in FCC materials.  

The benefit of twinning in enhancing mechanical properties makes it a significant 

issue in science and engineering of FCC nanocrystalline (NC) materials. Extensive studies 

have revealed that the deformation twinning is influenced by both extrinsic deformation 

conditions, including strain, strain rate, flow stress and temperature [118,208ï211], and 

intrinsic materials characteristics such as stacking-fault energy, general planar fault energies 

(GPFE), crystal orientation and grain size [100,105,121,212,213]. Recent experimental 

investigations have found that twinning propensity first increases then decreases with 

decreasing grain size in different FCC NC materials, indicating that there exists an optimal 

grain size window for the formation of deformation twins (dop) [107,116,214,215]. This is 

important to practical design of nano-materials for superior mechanical properties since this 

is the grain size window in which the twin structure is most stable [100,116,121].  

In the analytical model that predicted the optimal grain size for deformation twinning, 

stacking-fault energy is one of the most important factors that affect the optimal grain size 

[125,126]. The model agrees reasonably well with experimental observations in pure FCC 

metals [100,216]. Generally, the optimal grain size for twinning increases with decreasing 

stacking-fault energy.  The most effective way to change stacking-fault energy is by alloying.  

However, there have been so far no systematic experimental studies on alloying effect on the 

optimal grain size for deformation twinning. Recent ab-initio simulation on GPFE has 
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uncovered some salient differences between pure metals and their alloys [217]. For example, 

the generally accepted relationship in pure FCC metals, gSF (stacking-fault energy, SFE) 

å2gtwin (twin-fault energy), is no longer valid in their alloys due to the inhomogeneous 

distribution of solutes [217ï219]. In other words, the configuration of grain-size effect on 

deformation twinning in alloys may differ from the predictions of the reported model. 

In this chapter, Cu-Zn alloys were deformed and refined to nanometer grain sizes by 

high-pressure torsion (HPT). By changing the Zn compositions and deforming under 

identical conditions, we were able to systematically investigate the effect of alloying on 

grain-size dependent twinning propensity and the optimal grain size for twinning in NC 

materials.  

4.2 Experimental Method 

Commercial Cu-10wt.%Zn, Cu-15wt.%Zn and Cu-30wt.%Zn plates with coarse 

grains were punched into f-10mm disks, which were subjected to HPT for 6 revolutions with 

an imposed pressure of 1GPa at 1.5rpm. The grain size distributions were characterized in a 

JEOL-2010F Transmission Electron Microscope (TEM) operated at 200kV. Statistical 

analysis of deformation twins was conducted by high-resolution electron microscopy 

(HREM) observation of at least 170 grains in each sample. All TEM samples were cut from 

the very edge of as-HPTed disks as this is the region with the greatest degree of grain 

refinement. Samples were subsequently mechanical polished and ion milled. Theoretical 

critical stress and the optimal grain size for twinning in each alloy were calculated through 

previously proposed model based on pure metals, which helps to identify the influence of 

alloying and establish correlations with experimental results. 
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4.3 Results and Discussions 

Figure 4.1 shows the typical bright-field TEM images and diffraction patterns of three 

alloys after HPT for 6 revolutions at room temperature. All samples have achieved significant 

grain refinement to nano-scale compared to raw materials. The simple shear strain at edge of 

HPT-ed is sufficient enough to make microstructure evolution reach the equilibrium in our 

samples compared with previous studies [220].  But the microstructure morphologies vary 

slightly in different alloys. Some elongated grains are present in Cu-10Zn while the major 

constituent of Cu-30Zn microstructure is equiaxed grain. This is probably ascribed to their 

various SFEs, which will determine different capabilities of the formation of subgrain 

boundaries during the deformation and refinement [221,222]. Itôs worth to note deformation 

twins are frequently seen in as-processed samples (marked by white arrow in Figure 4.1). 

Insets are corresponding diffraction patterns. The presence of cluster diffraction spots and 

rings imply almost random misorientations of grains. Despite the minor discontinuity of 

diffraction rings, thereôs no prevailing texture along the observation direction. These results 

are consistent with previous result of Cu after high strain torsion [220]. Figure 4.1d-f are 

statistical grain-size distributions in each material, indicating the average grain sizes are 

77nm, 53nm and 43nm for Cu-10Zn, Cu-15Zn and Cu-30Zn, respectively. Grain size is 

determined by geometric mean of its long and short dimensions. The difference among 

effectiveness of refinement in alloys is related to their SFEs [222ï225]. Note that large grain-

size range from below 10nm to more than 100nm allow us to perform careful statistical 

analysis of grain size dependent twinning in each material. 
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Figure 4.1 Bright-field TEM images of (a) Cu-10Zn, (b) Cu-15Zn and (c) Cu-30Zn show HPT-ed 

microstructures containing nano-size grains and deformation twins. Insets are corresponding selected 

area diffraction patterns.  Statistical grain size distributions of (d) Cu-10Zn, (e) Cu-15Zn and (f) Cu-

30Zn show considerable proportions of nano-grains for statistical analysis. 

 

HREM images in Figure 4.2a-c depict three typical twin morphologies in Cu-Zn 

alloys, which were counted as deformation twins in statistical analysis. Figure 4.2a shows a 

deformation twin with both ends terminated at grain boundaries (GBs) (as indicated by white 

asterisks in the inset), which is typical in NC materials. Non-equilibrium GBs with high 

energy usually exist in severely deformed NC samples [16,226]. They can serve as sources 

for partial emissions and promote the nucleation of deformation twins by readily overcoming 
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the barrier of unstable stacking-fault energy and unstable twin-fault energy [57,100,227,228]. 

Therefore, the other two important parameters in GPFE curve: SFE ((gSF) and twin-fault 

energy (gtwin) will dominate the twinning propensity in such scenario [126,229]. Figure 4.2b 

shows a deformation twin terminated in the grain interior (marked by white dots). Such 

features appear in these samples and provide evidence for the formation mechanism of partial 

emission from GB [228], which is the basis for following model analysis. Figure 4.2c 

illustrates a deformation twin with migrated coherent twin boundary that was formed by 

interactions with other defects such as Shockley partials. As mentioned in the introduction, 

twin boundaries can also act as defect source to emit Shockley partials. Figure 4.2d-f 

demonstrate specific locations (dotted squares) of these three deformation twins at 

corresponding nano-grains. Note that all of them are bounded by GBs (as marked by 

asterisks), which is the most frequently observed in this study. This provides the fundamental 

basis for the semi-quantitative model that will be discussed later. It should also be clarified 

that not all twin structures in FCC could be revealed on any single <110> zone axis under 

HREM because only those with the right orientation can be observed [100]. However, 

statistical results of deformation twins from large samples are still informative and qualitative 

comparisons are valid.  

Figure 4.3 shows the statistical histogram of randomly observed nano-grains and 

those with deformation twins, as well as the corresponding fractions of grains with 

deformation twins versus grain size. In order to keep the consistency of all statistical results, 

additional precautions are taken to leave out those grains with severely lenticular shape (i.e. 

long dimension/short dimension >2).  
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Figure 4.2 Typical twinning morphologies in deformed NC Cu-Zn alloys: (a) Deformation twins 

across the whole grain. (b) Deformation twin terminated in the grain interior. (c) Deformation twin 

highly interacted with other defects.  Specific locations in corresponding nano-grains are shown in 

(d)-(f). Note all twins are bounded by GBs, as shown by asterisks. 

 

Table 4.1 Parameters and results in calculations of the model [230,231] 

Material gSF (mJ/m2) a (Å) G (GPa) n  dop (nm) 

Cu10Zn 35 3.64 44 0.307 44 

Cu15Zn 25 3.65 44 0.307 72 

Cu30Zn 14 3.69 40 0.375 144 
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Figure 4.3 Statistical analysis of randomly observed nano-grains and their twinning propensities. 

Grain-size distributions of all observed grains (blue bar) and those with twins (red bar) in (a) Cu-

10Zn, (c) Cu-15Zn, (e) Cu-30Zn. Corresponding fractions of grains with twins in (b) Cu-10Zn, (d) 

Cu-15Zn, (f) Cu-30Zn, including total fraction (number at top right) and those of each size region 

(blue bar). 

 

As a result, the total fraction of twinned grains, which can be used as an indicator of twinning 

propensity, increases (0.36 to 0.46) with increasing Zn content, which is also consistent with 

GPFE effect on twinning [215,228,229]. Fraction (Figure 4.3b, d, f) plots also indicate a 

similar trend of the effect of alloying. In all three NC alloys, with decreasing grain size, the 

twinning propensity first increases and then decreases after certain grain sizes, i.e. there is an 

optimum grain size dop for twinning for each alloy. The dop for twinning is estimated by the 
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location of fraction peak (black arrows in Figure 4.3), showing 35nm, 45nm and 56nm for 

Cu-10Zn, Cu15Zn and Cu-30Zn, respectively.  This indicates an increase in dop with 

increasing Zn content, which has never been systematically reported before.  

An analytical model has been developed to analyze the grain size effect on twinning 

propensity in FCC NC materials [125,126]. This model is based on classical dislocation 

theory and the assumption that leading Shockley partials are readily emitted from energetic 

GBs, which agrees with the case in this work. The critical stresses for twin nucleation (ttwin) 

and trailing partial (ttrail) to remove the first twin partial are expressed as (take screw system 

as an example [126])  
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where G is the shear modulus, n is the Poissonôs ratio, gSF is the SFE, a is the angle between 

the applied shear stress and the dislocation line, a is the lattice parameter, d is the grain size. 

Deformation twins are statistically promoted under the condition of ttwin < ttrail. Assuming the 

grains are randomly oriented and the orientation distribution are the same for grains in all 

size ranges, the optimum grain size for twinning dop can be obtained by solving 
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The parameters used in model calculations are listed in Table 4.1 [230,231]. The 

comparison between model calculations and the experimental results is summarized in Figure 
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4.4. It can be concluded that the trend of alloying effect on optimum grain size for 

deformation twinning (dop) is consistent in models and experimental observations: dop 

increases with the increase of Zn content. However, experimental results indicate a weaker 

effect as predicted by calculations. For Cu-30Zn, dop is only around 56nm, which is a much 

smaller increase than predicted by models (144nm). The mechanisms underneath these two 

features are elucidated below.  

First, increase in solute contents leads to larger optimum grain size for deformation 

twinning. As indicated in the model, dop is determined when ttwin and ttrail are equivalent. It 

can be inferred from Eq 6.1 and 6.2 that SFE primarily affects ttrail by eliminating the formed 

stacking fault. Therefore, when SFE is decreased, more stress is required to remove the 

generated fault, i.e. higher ttrail. In contrast, most other material parameters, like shear 

modulus, Poissonôs ratio and lattice parameter, are similar in the same series of alloys, as 

seen in Table 4.1. Consequently, as shown in solid plots of Figure 4.5, more solutes in alloys 

will cause the shift of dop to higher region by decreasing SFE.  

Second, the shift of dop is not as severe as speculated by model calculations. We note 

that the analytical model originates from pure FCC metals. The quoted relation in this 

analysis is gSFå2gtwin, which is derived from hard-ball models and applicable to most pure 

FCC metals [33,234]. In reality, solute atoms are not homogeneously distributed in alloys. 

They prefer to locally reside near or away to the planar fault, i.e. the well-known Suzuki 

effect [33,235]. As a result, recent ab-initio calculations have revealed that actual alloy 

systems deviate from this relationship [217,219,236], namely  
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Figure 4.4 Summary of experimental results and model predictions of optimum grain sizes (dop) for 

deformation twinning in different nanocrytalline Cu-Zn alloys vs. their Zn compositions 

 

                               SF twin2g g¸                                                    (4.4) 

For example, 2gtwin is higher than the intrinsic SFE gSF when Cu are alloyed with Al atoms 

[219,237]. In addition, simulations also implicate that this discrepancy becomes more 

significant with increasing Al composition [236]. For materials in our studies, previous work 

has indicated the Suzuki segregation is operative even under room temperature in a-brass 

alloy [238], proving the validity of Eq 4.4 in Cu-Zn alloys here. Therefore, one can envision 

that the energy barrier to form a deformation twin (two interfaces, i.e. 2gtwin) is not exactly 

identical to that of erasing a single stacking fault (gSF), especially for the highly alloyed 

materials (Cu-30Zn). 
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Figure 4.5 Model-based stress calculation (solid lines) of twinning partial (ttwin) and trailing partial 

(ttrail) and resulted optimum grain sizes (dop) for deformation twinning in Cu-Zn alloys. Dash-dot 

curves schematically represent the modifications due to the inequality of gSFÍ2gtwin in alloy systems 

and therefore modified optimum grain sizes dop. 

 

Hence, the abovementioned element-based model requires modifications to incorporate 

alloying effects. We are currently working on this issue and intend to publish the modified 

model in the future. Here, we demonstrate a qualitative modification. As schematically 

presented in the dash-dot plots in Figure 4.5, the change of ttwin curve results in the shift of 

dop. Based on experimental results, 2gtwin should be larger than gSF when Zn is locally 

segregated around planar fault, i.e. dop shift to small size in each alloy. Since this effect could 
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be amplified with increasing solute composition due to more chance of preferential and 

inhomogeneous segregations [236], it is reasonable for Cu30Zn to exhibit maximum 

deviation of dop from model predictions (see the trend in Figure 4.4-4.5).         

4.4 Chapter Conclusion 

In summary, deformation-twinning propensities in NC Cu-Zn alloys were 

systematically studied by HREM. Statistical results reveal a significant grain-size and inverse 

grain-size effect on twinnablity in all alloys, indicating an optimal gain size window for 

deformation twinning in nano-grains. Also, alloying is found to affect the optimum grain size 

for twinning, making it deviate from what is predicted by an analytical model developed for 

pure FCC metals, where the twin boundary energy is assumed to be half of the stacking fault 

energy.  However, in an alloy system, this assumption of energy relationship is no longer 

valid, which is the primary reason for the observed deviation. These observations should be 

applicable to other alloys systems. 
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Chapter 5    

Stacking-Fault Energy Effect on Zero-Strain Deformation 

Twinning in Nanocrystalline Cu-Zn Alloys 

It has been reported that most deformation twins in nanocrystalline face-centered-

cubic metals do not produce macroscopic strain. In this chapter, we report the decrease of 

zero-strain deformation twinning with decreasing stacking-fault energy. One of the two major 

mechanisms that produce zero-strain twinning is cooperative slip of three partials under 

external applied stress. Lower stacking-fault energy weakens this mechanism and statistically 

reduces the fraction of twins with zero-strain.  

5.1 Introduction 

In conventional coarse-grained metals, deformation twinning is usually accompanied 

by macroscopic strain [80,100]. This was considered a characteristic of twinning for over half 

century because all of the conventional twinning mechanisms in coarse-grained materials, 

including pole, prismatic glide, faulted dipole, etc. require the slips of twinning partials with 

the same Burgers vector on consecutive slip planes [123,239,240]. As a result, deformation 

twinning always generates a macroscopic strain. Recently, zero-strain deformation twinning 

has been widely found in nanocrystalline (NC) face-centered-cubic (FCC) metals and alloys 

and even in a few coarse-grained materials [130ï132,140,202,241]. Zero-strain twins are 

generated via twinning partials with different Burgers vectors, whose sum is zero [100]. They 

could affect the mechanical behavior and microstructural evolution of NC metals. For 
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example, instead of locally accumulating macroscopic strain in twinned grains, zero-strain 

twins participate in plastic deformation by re-orienting the lattice without producing jagged 

GBs, which makes it easy for grains to rotate and slide during further deformation [130]. 

Another salient feature of zero-strain twins is the easy migration of incoherent twin 

boundaries (ITBs) under slight external stress [139,140]. This feature is believed to play a 

critical role in strain softening [138,207].  

Two major mechanisms have been proposed for deformation twinning with zero-

strain in NC FCC metals. Wu et al. proposed that random activation of partials (RAP) was 

the mechanism for their observation of zero-strain twins in severely deformed NC metals 

such as Ni, Cu and Al [130,228]. It was hypothesized that Shockley partials were 

individually activated on neighboring slip planes. Due to the random nature of the partials, 

the sum of their Burgers vectors is close to zero. Experimental observations and molecular 

dynamics simulations revealed another important mechanism, named as cooperative slip of 

three partials (CSTP), which generates a twin by cooperative slip of three different partials on 

three adjacent planes [139ï141,242], where b1+b2+b3=0. The twin propagates through the 

movement of the ×3{112} ITBs controlled by the stress balance between each set of three 

partials, which is simply called the ñmove-dragò mechanism. Specifically, one or two partials 

are driven by applied stress while the rest is dragged along due to the stacking-fault energy 

(SFE) and/or twin fault energy.  Both mechanisms were found to play a significant role in 

zero-strain twinning in NC Cu, which has medium stacking fault energy [202].  

In the CSTP mechanism, SFE is  assumed to play a critical role while the RAP 

mechanism is not affected much. However, their comprehensive influence on zero-strain 
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twinning has not been experimentally investigated. The objective of this study is to 

systematically investigate the SFE effect on zero-strain twinning and the underlying 

mechanism. Alloying is an effective approach to change SFE [243]. Cu-Zn alloys are selected 

for this study. 

5.2 Experimental Method 

Commercial Cu-10wt.%Zn, Cu-15wt.%Zn and Cu-30wt.%Zn plates were punched 

into f-10mm disks, which were subjected to HPT for 6 revolutions under the same pressure 

of 1 GPa at 1.5 rpm. Transmission Electron Microscopy (TEM) foils were made from the 

very edge of the HPT-processed disks. Each TEM foil was ion milled under the protection of 

liquid nitrogen. The temperature was set at -100oC to prevent potential grain growth. 

Statistical analysis of macroscopic strains and thicknesses of deformation twins was 

conducted by high-resolution transmission electron microscopy (HRTEM) observation of at 

least 170 grains in each sample. The average grain size is 40~50nm for all samples 

[244].Vickers micro-hardness tests were performed to estimate the applied stress in each 

sample.   

5.3 Results and Discussions 

The morphology of a grain boundary (GB) segment intercepted by a deformation twin 

is a good indicator on whether a twin produces strain [100]. Smooth GB implies a net zero 

macroscopic strain and vice versa. A few other factors including GB shuffling and free 

volume migration may also affect the GB smoothness. However, assuming those factors 

affect the GB smoothness in an unbiased way, they do not hinder our statistical study here. 
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Figure 5.1 shows typical structures of GBs intercepted by deformation twins. GBs with kinks 

correspond to twins that produce macroscopic strain, while those without kinks correspond to 

zero-strain twins. Figures 5.1a-c clearly show grain-boundary kinks in three Cu-Zn alloys 

(marked by dots and arrows). The various kink angles depend on both the view orientations 

under TEM and sum of Burgers vectors for the partials that contribute to the twin formation 

[100]. As seen in Figures 5.1d-f, zero-strain twins are also observed in all NC alloys, which 

are consistent with early reports [131,132,202].  

Statistical analysis shows the fractions of twins with strain and zero-strain twins in 

Figure 5.2a. As shown, zero-strain twins outnumber twins with strain in the Cu-10Zn sample 

whereas the opposite is true in the Cu-30Zn sample. In other words, the fraction of zero-

strain twins is reduced in the low-SFE NC Cu-30Zn alloy (Figure 5.2b).  

For those zero-strain deformation twins, their ITBs terminated in the grain interior 

indicate how they were generated [135,139,141]. The CSTP mechanism is operated by 

cooperative slip of three partials (b1, b2 and b3) on three slip planes. This feature gives rise to 

×3{112} ITBs with periodic atomic structures, as shown in Figure 5.3a. In contrast, another 

kind of ITB is shown in Figure 5.3b. This ITB is not periodic in atomic structure, which is 

probably generated by the RAP mechanism because RAP randomly generates the partials. 

Analysis of such ITB structures is helpful to understand the fundamentals of how intrinsic 

properties and extrinsic conditions affect the formation of zero-strain twins.  
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Figure 5.1 Typical high-resolution TEM images of deformation twins with macroscopic strains in 

NC (a) Cu-10Zn, (b) Cu-15Zn, (c) Cu-30Zn and zero-strain twins in (d) Cu-10Zn, (e) Cu-15Zn, (f) 

Cu-30Zn. Solid lines mark the matrix-twin relationships. The twin-GB interceptions are highlighted 

to indicate the macroscopic strain or the lack of it. 
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Figure 5.2 (a) Fraction of zero-strain deformation twins in each Cu-Zn alloy. Red bars stands for 

fraction of zero-strain twins and blue bars stands for twins with macroscopic strain. (b) Fractions of 

zero-strain deformation twins and stacking-fault energy (blue) in Cu-Zn alloys. 

 

Figures 5.3c-e are HRTEM images of ITBs with the CSTP feature in Cu-10Zn. Such 

features are also present in other two alloys. During the twin propagation, ×3{112} ITB is 

split and a periodic atomic sequence is generated due to the local stress balance [242], which 

is identified by the extra spots in corresponding fast Fourier transforms (FFT) (inset of Figure 

5.3e) compared to typical FCC <110> pattern. By carefully locating the exact ITBs (marked 

by dotted lines), we measured the split length and found that it varies from twin to twin. 

When free of local stress, the near-equilibrium length should not be too different from that of 

pure Cu, which is 0.8nm [131,139]. This is consistent with what is shown in Figure 5.3c with 

a split length of only 0.88nm. However, this split length is susceptible to local stress 

fluctuation. Much longer split length such as 3.7 nm and 18.3 nm are shown in Figures 5.3d-

e. Itôs noteworthy that 18.3 nm is much longer than previous observations [131,140] in Cu  
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Figure 5.3 Typical atomic morphology of ITBs of zero-strain twins in the Cu-10Zn alloy: (a) with 

periodicity: ×3{112} ITB, (b) without periodicity. Split of ×3{112} ITBs under (a) near zero stress 

to (b, c) lower residual stress under equilibrium states in as-deformed nano-grains. Inset in (c) is FFT 

pattern for the extended ITB, confirming the existence of periodic structure by extra spots. 
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alloys and may represent an extreme case. More importantly, such evidence is a strong clue 

to even more extreme cases: breakdowns of ITB equilibrium. This is a reasonable hypothesis 

in our samples during severe plastic deformation, which is also verified by applied stress 

estimation later.  

Figures 5.4a-c are schematic illustrations of the breakdown process of ×3{112} ITB, 

a possible mechanism to explain the shrinkage of zero-strain twin proportion in low-SFE 

samples. At stage A, energetic GBs of nano-grains caused by severe plastic deformation 

nucleate a twin readily and a temporary near-equilibrium ITB is generated at the twin front. 

The unstable SFE, another critical factor to partial nucleation, doesnôt affect this process 

much because the non-equilibrium GBs contain dissociated dislocations already [226]. Stage 

B depicts the stable propagation of this twin frontier under appropriate external stress. During 

this stage, one or two partials (taking b1 for example and hereafter named as leading partial) 

moved ahead to propagate the twin. There are two major constraint forces against the 

separation of this leading partial from the other two: interaction between dislocations with 

different Burgers vectors and the SFE. Obviously, the longer the split length of ITB is, the 

weaker the attraction is from the other two partials. Therefore, stacking fault constraint (blue 

lines) plays a more important role in balancing ITB as the split length becomes larger. Lower 

SFE will decrease the mutual constraint within each tri-layer and may destroy the stress 

quasi-equilibrium. In addition, if the grain size is reduced to nano scale and comparable to 

the split length, itôll open up more possibilities for the breakdown of ITB equilibrium. As a 

result, leading partial has more chance to independently extend and be absorbed by the 

opposite GB before the other two partials catch up. The other two partials will be prevented 
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from gliding by local stress and leave a periodic structure at GB, which is composed of the 

same partial on every three atomic planes, shown in Figure 5.4c. The ITB equilibrium breaks 

down and the original zero-strain twinning nucleus disappears. This hypothesis is consistent 

with observations of such debris of periodic structure terminated at GB in the Cu-10Zn 

sample (shown in Figure 5.4d). Lower magnified inset of the GB indicates the generation of 

macroscopic strain as expected. Figure 5.4e is the FFT of the selected region in Figure 5.4d, 

further confirming the same periodic structure in Figure 5.3e. The final structure of this 

process may not be exactly the same as stage C because extended leading partial may interact 

with other existing defects on the way [41]. Lower SFE makes this ñmove-dragò propagation 

less favorable and statistically reduces the proportion of zero-strain twins, as shown in Figure 

5.2. On the other hand, even for the lowest SFE in Cu-30Zn, thereôs still considerable 

proportion of zero-strain twins during deformation. It seems SFE doesnôt affect the 

proportion so ñsignificantlyò in Figure 5.2. This is reasonable because lower SFE only 

influences CSTP mechanism while RAP is still free to operate in NC materials and generate 

zero-strain twins [202]. 

Note that there is possible segregation of Zn solute atoms to the GBs and stacking 

faults, which may be affected by the Zn concentration.  If Zn segregation significantly affects 

the nucleation of ITBôs or its migration, the effect should be similar for both the RAP and 

CSTP mechanisms. The experimental observation that the CSTP mechanism is suppressed 

while the RAP mechanism is not suggests that the effect of the solute segregation is less 

significant than the SFE effect.   

Another concern is whether applied stress is sufficient to activate CSTP mechanism 
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in our experiments. Although the net force exerted on propagating ITB is nearly zero, it still 

needs a threshold shear stress to start the ñmove-dragò process [139,245]. Logically, the 

threshold driving shear stress for CSTP in Cu-Zn alloys should be lower than that in Cu 

(~100MPa) [245] since their SFEs are lower and probably comparable to that of Ag 

(<100MPa) [140]. The applied shear stress is estimated from Vicker hardness (Table 5.1), 

which is calculated by dividing hardness value by an empirical coefficient [246] and Taylor 

factor for FCC. The applied shear stresses are ~300MPa in the Cu-Zn NC alloys, which are 

sufficient to initiate CSTP in all samples. In addition, recent study also indicates that thinner 

twins with thickness of a few nanometers will promote the CSTP mechanism because they 

have more excess energies [138]. Statistics of twin lamella thickness in observed twins are 

listed in Table 5.1. Clearly, average twin thickness in all materials are 3~4nm with only a 

slight change. 

 

Table 5.1 Experimental applied shear stress, stacking-fault energy, observed average twin thickness 

in NC Cu-Zn alloys [33,140,230,245] 

Materials Cu10Zn Cu15Zn Cu30Zn Cu Ag 

SFE (mJ/m2) 35 25 14 45 16 

Stress (MPa) 
              Applied shear stress             Stress to initiate CSTP 

275 291 334 ~100 <100 

Twin thickness 

(nm) 

4.1 3.7 3.1   
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Figure 5.4 (a-c) Schematic illustration of breakdown process of ×3{112} ITB in nano-grain FCC 

materials with low SFE. (d) HRTEM observation of periodic structure at GB in the Cu-10Zn alloy. 

Inset is the low magnified GB image to show the macroscopic strain. (e) FFT result of the selected 

region in (d), showing the same pattern in Figure 5.3e. 

 

5.4 Chapter Conclusion 

In summary, lower SFE will decrease the fraction of zero-strain twins. This 

observation is attributed to the weakening of the CSTP mechanism for zero-strain 

deformation twinning based on observation of atomic structures of ITB. Lower SFE has 

statistically more chance to induce the breakdown of stress balance between partials, which 

deactivates CSTP mechanism and therefore leads to lower fraction of zero-strain twins. 
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Chapter 6    

Strain Hardening and Ductility in a Coarse-Grain/Nanostructure 

Laminate Material  

A laminate structure with a nanostructured Cu-10Zn layer sandwiched between two 

coarse-grained Cu layers was produced by high-pressure torsion, rolling and annealing. 

Sharp interlayer interfaces were developed and remained safe during uniform tensile 

deformation. Mechanical incompatibility between the different layers during plastic 

deformation produced high strain hardening, which led to a tensile ductility that is higher 

than prediction by the rule-of-mixture. These observations provide insight into the 

architectural design and deformation studies of materials with gradient and laminate 

structures.   

6.1 Introduction  

Gradient structures (GS) with a grain-size gradient have been recently introduced to 

structural materials to optimize their mechanical properties with low cost 

[75,147,198,247,248]. To date, some exceptional combination of enhanced strength and 

considerable ductility are reported in different material systems with multiscale grain-size 

structures [89,194,196,249], including GS and multi-layered materials. However, the 

fundamental principles that govern the deformation behaviors of GS are still not fully 

understood [75,147]. Elastic/plastic interface and stable/unstable interface caused by 

mechanical incompatibility during deformation have been reported to play a critical role in 
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both strengthening and strain hardening of GS materials [147,198]. However, such interfaces 

migrate dynamically during the deformation of GS, which makes it hard to perform 

quantitative postmortem investigation [75,148,198]. In fact, GS can be approximately 

regarded as the integration of numerous layers and interfaces (laminate structure) [198]. 

Therefore, there are some similarities in the deformation behaviors of GS structures and 

laminate structures.  For example, both structures have the mechanical incompatibility during 

the deformation. The advantage of the latter is that its interfaces are stationary [160] and can 

be easily located after the deformation, making it easier to analyze quantitative mechanics 

and investigate postmortem microstructures. Therefore, it might be possible to use laminated 

(or sandwiched) structures to study some fundamentals in deformation behaviors of GS 

structure.  

The fabrication of laminated nanostructured (NS)/coarse-grained (CG) structures with 

sharp interfaces is also a challenge since interfacial strength and selective grain refinement 

are required simultaneously. Here, we fabricated a laminate structure with a NS bronze layer 

sandwiched between two CG copper layers by utilizing two principles: (a) different grain 

refinement effectiveness of Cu and bronze during deformation. It has been shown that the 

grain size of bronze can be refined much more effectively than that of cooper during severe 

plastic deformation due to its lower stacking-fault energy [96]. (b) Different thermal 

stabilities of Cu and bronze. Alloying elements are generally effective in pinning grain 

boundaries and resisting grain growth [250]. Hence, bronze can remain much finer grain size 

compared to Cu after proper annealing. Using this approach, we can produce a laminate 

structure with sharp and well-bonded NS/CG interfaces. Another objective of this work is to 
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use NS/CG sandwich to study the effect of grain-size-difference across the interfaces on 

mechanical behaviors.  

6.2 Experimental Methods 

Figure 6.1a schematically illustrates the procedure of sample processing.  

Commercial Cu (99.9 wt.%) and bronze (Cu-10 wt.%Zn) plates were punched into f-10mm 

disks and polished to 3 groups of thickness. The total initial thickness of three disks was 

around 3.5 mm so that sufficient thickness reduction (~83%) after processing can be 

achieved to form strong interfacial bonding (thickness reduction history as show in Fig 6.1a). 

Mechanical polishing and ultrasonic cleaning were carried out before sandwiching the disks 

together. High pressure torsion (HPT) was applied at room temperature with imposed 

pressure of 1 GPa for 10 revolutions at 1.5 rpm in order to obtain more homogeneous 

deformation along the radius direction [251]. Thereafter, as-HPTed sandwiches were rolled to 

thickness of 0.6 mm from 1.2 mm and then annealed at 240 oC for 2 hours.  

Microstructures near interfaces were characterized by FEI Quanta 3D FEG with Ion 

Channeling Contrast Microscopy (ICCM), JEOL-2010F Transmission Electron Microscopy 

(TEM) operated at 200 kV and Electron Dispersive X-ray Spectroscopy (EDS) mapping in 

FEI Titan 80-300. Dog-bone shaped samples with gauge dimension of 0.6×2×8.4 mm3 were 

cut from the middle of sandwiches and mechanically tested under uniaxial tension at a strain 

rate of 9 × 10-4 s-1. Scanning electron microscopy was used to examine fracture surface and 

interface. 
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6.3 Results and Discussions 

Three groups of samples with varying volume fraction of central NS Cu-10Zn layer 

(Sample A: 0.10, Sample B: 0.22, Sample C: 0.47) were fabricated. Fig 6.1b shows a typical 

optical micrograph (cross-sectional view) of Sample C. Different color contrast clearly 

indicates three layers with two sharp interfaces. As shown in Fig 6.1c, microhardness within 

each layer is rather homogeneous, while there are abrupt transitions at the interfaces, 

indicating that the central NS layer has a yield strength over twice of that of the CG Cu 

layers. These hardness levels in each layer are also representative in all samples in spite of 

various volume fractions. 

Fig 6.2a is a channeling contrast image showing the typical microstructures near the 

interface. On the left side is typical CG Cu with grain size of ~4 mm, while on the right side 

is NS bronze with grain (sub-grain) size of ~100 nm. Magnified image of the NS/CG 

interface is shown in Fig 6.2b, which reveals a void-free transition from NS bronze to CG 

Cu. The exact Cu/bronze interface is hard to tell in TEM and can be identified by EDS 

mapping. Fig 6.2c is a typical high-angle annular dark-field (HAADF) image including a 

Cu/bronze interface, whose precise location is unknown. EDS mappings in Fig 6.2d and 6.2e 

show the elemental distribution of Cu and Zn and resolve the exact interface (marked by 

dotted lines) in Fig 6.2c. Concentrations of Zn are measured as 0.64 wt% in left side and 

10.22 wt% in right side, respectively. This agreement of specific composition in Cu and 

bronze implies no significant bulk diffusion from each side during the processing. Therefore, 

Fig 6.2c-e confirm the generation of well-bonded and sharp Cu/bronze interface. 
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Figure 6.1 (a) Schematic illustration of major procedures to fabricate CG/NS/CG sandwich materials. 

Deformation history of thickness reduction is also provided below the corresponding step. (b) Optical 

microscopy observation of as-processed sandwiches with NS Cu-10Zn volume fraction 0.47. (c) 

Vickers Micro-hardness indentation (with loading 25g) on cross-sectional sample in (b). 
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Figure 6.2 (a) ICCM of a typical NS/CG interface in sandwich (7o tilt of sample while imaging). (b) 

TEM observation of as-processed interface. (c) HAADF imaging of an enlarged area around Cu/Cu-

10Zn interface by STEM. EDS mapping of (d) Cu and (e) Zn in corresponding regions in (c). 

 

Fig 6.3a shows the tensile stress-strain curves of laminated samples, pure CG Cu and 

NS bronze samples. Pure samples were made from the sandwiches by polishing off other 

layers.  The yield strengths (0.2%-strain offset stress) for samples A, B and C were measured 

as 142 MPa, 201 MPa and 266 MPa, respectively, while their uniform elongation 

(engineering strain) were 27.1%, 19.6% and 12.3%, respectively. The yield strength of the 
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laminate sample increases and its tensile ductility decreases with increasing volume fraction 

of central NS bronze layer. Note that the uniform plastic deformation of NS bronze layer in 

sandwich is much higher (>12%) than that (~0.7%) of its pure counterpart. This is because its 

early necking tendency was constrained by the stable CG Cu layers from both sides via the 

two interfaces.  

In conventional theory of rule of mixture (ROM) for laminated composite structure, 

yield strength (sys), strain hardening (ds/de) and uniform elongation (eUE) (true strain) can be 

expressed as [2, 16, 17] 
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where Vi is the volume fraction of component i, sôi,ys is the flow stress of component i alone 

at 0.2% plastic strain of the composite sample [198],  si is the true stress of component i, 

s and e represent the true stress and true strain of integrated composite sample. si,UE, ei,UE 

stand for the true stress and true strain of component i at necking point.  

It is found that the yield strength of laminate-structured samples agrees reasonably 

well with the ROM (Eq 6.1) (shown in Fig 6.3b). Comparisons of strain hardening and 

uniform elongation (true strain) between experimental results and theoretical prediction from  
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Figure 6.3 (a) Uniaxial tensile engineering strain-stress curves for pure CG Cu and NS Cu-10Zn and 

sandwiches with various compositions. Inset shows the dimension of tensile test samples 0.6×2×8.4 

mm3. (b) Yield strength versus volume fraction of NS Cu-10Zn from tensile tests and prediction from 

ROM. (c) Strain hardening curves from corresponding tensile tests and calculation based on ROM. 

Inset is the magnified tensile curve at low strains where outperformance of strain hardening (yellow 

shadow) occurs compared to ROM. Black crossover stands for the necking strain level in pure Cu-

10Zn.  (d) Uniform elongation versus volume fraction of NS Cu-10Zn from tensile tests and 

prediction from ROM. 
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ROM are shown in Fig 6.3c and d. When calculating the strain-hardening rate, we assume a 

constant engineering stress after necking for pure bronze. This assumption provides the 

maximum applied stress that a standalone bronze layer can sustain according to Considère 

criterion. Namely, the derived strain-hardening rate is the upper limit based on ROM and 

would give a conservative comparison to experimental observation. For Eq (6.3), it is also 

assumed that during the uniform elongation, the strain hardening of each component can be 

expressed by Hollomon law of in

i iks e= [252]. In fact, the Hollomon law has been used on 

NS materials in compression test [253,254] despite limit reports of applications for tensile 

tests due to the plasticity instability. Fig 6.3c shows that the strain-hardening rate of the 

laminate structure (solid) is higher than that predicted by ROM (dash-dot) at strains around 

necking of pure NS bronze layer. This occurs only at a limited intermediate strain range as 

marked by yellow shade in the inset of Fig 6.3c. The underlying mechanism of this extra 

strain hardening is discussed later. Consequently, the uniform elongations of laminate 

samples are measured higher than what is predicted by ROM (Fig 6.3d). 

The integrity of interface after tensile testing was examined by SEM. Fig 6.4a is an 

overview of a sample, showing no inner cracks or failure through the entire uniformly 

elongated region except the fracture at the end. Fracture debonding should be a post-necking 

process due to high strain localization. In this work, the specific requirement for interface 

strength is only to maintain its integrity during uniform elongation until the strain where 

mismatch between layers and its effect on mechanical properties can be activated (<2%, as 

shown Fig 6.3c). In addition, the fracture surface shown in Fig 6.4b reveals a frequently-seen 

dimple-like feature in NS/CG interface vertical to tensile direction, suggesting the strong 
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interactions between NS/CG layers even after necking. All of above characteristics imply 

well-bonded interfaces between NS and CG layers. 

Pure NS bronze has a limited tensile ductility of only 0.7% due to the lack of 

sufficient strain hardening. However, when sandwiched by CG Cu, its uniform elongation 

was increased up to over 27% (Fig 6.3a). Recent modeling work of structures with grain-size 

difference [255] also revealed enhanced ductility in an otherwise low-ductility layer. CG Cu 

has considerable strain hardening capability and therefore constrains the NS layer to 

postpone its necking by preventing the early-emerging tensile instability. Under such 

constraint, the NS bronze layer should be able to uniformly deformed further [64,147]. In 

addition, the mutual constraint of NS bronze layer and CG Cu layer actually adds extra strain 

hardening, as shown in Fig 6.3c. The proposed reason is as follows. A standalone NS bronze 

layer will start early necking at very low strain by fast local lateral shrinkage. When 

sandwiched by CG Cu, this necking process is quickly suppressed by the stable outer layers 

at both sides. Therefore, we refer to this as ñvirtual neckingò since it could not proceed very 

far. The instable middle layer and stable outer layers mutually constrain each other as the 

interface still holds them together, which converts uniaxial applied tensile stress to bi-axial 

stresses (Fig 6.4c). As a result, more dislocations will be accumulated around the interface in 

order to accommodate the mechanical incompatibility across the interface, which produces 

the observed extra strain hardening. It follows that the strain-hardening rate of our laminate 

structure under this intermediate strain level can be described by modifying Eq 6.2 as   
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where DQ is the extra strain hardening in addition to what is predicted by conventional ROM. 

This observation of extra hardening is consistent with the recent discoveries in GS IF-steel 

[147]. In addition, extended elastic-plastic transition due to the large yield stress mismatch, 

as another form of mechanical incompatibility, may also contribute more or less to this 

phenomenon. But careful examination of magnified tensile curve (Fig 6.3c inset) reveals 

those strain levels (yellow shade) for extra hardening are far away from the supposed elastic-

plastic transition region (~0.1%-0.4% in Fig 6.3c inset) with comparison to virtual necking 

strain (black crossover). Therefore, the extra hardening in this study is majorly ascribed to 

the mismatched tensile instabilities across interfaces.  

A big difference in the mechanical behaviors of the laminate structured materials and 

the GS IF steel reported earlier [147] is that no strain hardening up-turn is observed here.  

The reason for this difference is not clear and need further study. One possible reason could 

be the differences of interface nature in two cases. As reported earlier, the dislocation 

accumulation mainly occurs near the interfaces. Interfaces in laminates are stationary due to 

sharp discrepancy across layers and homogenous microstructure within each layer. 

Dislocation accumulation occurs only near the fixed interface and ceases when saturation of 

dislocation density is locally reached. Therefore, it cannot produce enough strain hardening 

for the whole sample. In contrast, interfaces in the GS IF steel is dynamically migrated and 

then allows the deposition of high-density of dislocations over their entire migrating path 

[147]. This makes the strain hardening free from the restriction of localized dislocation 

saturation and able to achieve more, which results in an up-turn characteristic. 
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Figure 6.4 (a) Overview of the sandwich piece after tensile fracture. (b) Typical morphology at 

lateral fracture interface in (a). (c) Schematic illustration of stress status of the laminates around the 

strain level where the middle NS layer tends to shrink while outer CG layers stabilize it. 

 

6.4 Chapter Conclusion 

In summary, HPT followed by rolling and annealing was used to produce laminated 

materials by sandwiching a NS layer between CG layers. Uniaxial tensile test is performed 

and reveals an extra strain hardening that lead to larger uniform elongation than what is 

predicted by conventional ROM. The interface is well bonded to maintain the concurrently 

uniform deformation of CG and NS layers. This preliminary work suggests the importance of 

interface between heterogeneous plasticity and its effect on mechanical behaviors in laminate 

and gradient structured materials. 






















































































































