ABSTRACT

MA, XIAOLONG. Microstructures and Mechanical Properties of Cu anZQW/lloys.
(Under the directioof ProfessoiYuntian Zhu andProfessodagdish Narayan)

Strength and ductility are two crucial mechanical properties of structural materials,
which, unfortunately,are often mutually exclusivebased on the conventional design of
microstructures and their deformation physitiis is also true in most nanostructu®is)
metals and alloys although they exhibit recbrgh strength However, thedisgopointingly
inadequatealuctility becomes the major roadblock to their practical utilities due to the threat
of catastrophic failure in loadearing applicationslherefore, simultaneous improvement of
strengthand ductility ora welldefined tradeoff between these two properties, iiecreasing
eitherof them without significant loss of the oth@m NS materialshas garnered extensive
efforts from theresearchcommunity. A few strategies have beaxploredto handle this
long-standing cha#inge with pronse. In this dissertationvork, two of those strategies,
deformationtwins andlaminate/gradienstructures are specified with particular interests in
NS Cu and CeZn alloys.The author believaethe observation and the revealed underlying
mechanism aréundamentaland therefore shed lights on their universal application to other
metallic material systems.

Deformation twins have bednrequently obsene in ultrafined grained (UFG)and
NS facecentered cubicHCC) metals and alloys, whicls closely relatedo the better
strengthening and strain hardening in mechanical performance. Prérings evenshow
that thereexist an optimum grain size range within nano scale, where the deformation twins
are of most frequency, i.e. most stable in pEf@C metals. However, such graisize
dependent twinning phenomenon is still uncleaF@C alloys. We report, for the first time

in systematicexperiments, the observed optimum grain sizes for deformation twiNS in



Cui Zn alloys slightly increase with increasing Zontent.Our results indicate that alloying
changes the relatiship between the stackifdgult and twinfault energy and therefore
affects the optimum grain size for deformation twinnidgother interesting findingn
contrast to the conventional though$sthe macroscopic strain status of the deformation
twins. These two issues are of both scientific and practical importance in microstructure
design and fabrication in NS alloys.

Laminatégradient is another recently developestrategy, whichmay hold the
promise to improve mechanical properties of metallic materials. We produced a laminate
structure with aNS Cu-10Zn layer sandiched between twooarsegrained CG) Cu layers,
where the collective tensile ductility and strain hardening are observed thghgurediction
by the ruleof-mixture. The primary results from this sandwich also inspired the next idea of
multi-layered NS Cul0Zn and CG Cu, whiclks anticipated to have superior strength and
ductility since ithas more heterogeneoumerfaces. Simwiéneous improvement of strength
and ductility in samples withecreasing interface spacimggfound in these laminates. More
importantly,i t 6 s al so o0bs er vgengratds lexdra ge@retacally meocessary f a c e
dislocations in the vicinity of itselvith a most affected zone spanning a few micrometers.
This is not affected by the interface spacing and imphegpamum laminate design fdrest
back stress hardening capacity and ductilidyr resultsshedlights into the architectural

design and furamental deformation studies of materials with lamitgaéelientstructures
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Chapter 1

Thesis Introduction

Materials scientists have much in common with detectives: both want to figure out
what 6 s ¢ o ineaththeoworld uheydseeBy collecting evidenceand buildingup
reasonable theas to fit facts, they attempt to make sense of what they observe and uncover
the hidden truth.More than pure detectivesnaterials scientistwould, in turn, take
advantage of stateof-art knowledge to desigand fabricatehe desirednicrostructures tha
holds the promised properties. Athis iterative process is well defined in thiEamous
T h o maedra@haedron, wherprocessing, properties, theory and microstructure reside each
corner and interrelated with others.

Applying the general principle toresarches innanostructured(NS) metallic
materials, the community bapared tons of efforts to develop new microstructure candidates
andinvestigateunderlyingdeformation physicthat render their better mechanical properties.
One of he most challengingrpblens for massive structural applications of NS metals and
alloys is to overcome their disappointipgow ductility. Up to date a couple of strategies
have beerproposedto cope with this issue, including the design of bimodal gs&ia
microstructurs, the advent of dispersed nanometric oxide particles, the introduction ef nano
scale growth or deformation twins in lieu of dislocations and generaldmgle grain
boundaries and the recent developmenawiinate/gradienstructures.

This dissertation focus interests on two of them: deformation twins and

laminate/gradienstructures. The background knowledge and hitherto relevant researches of



these two realms are detailed introduced in Chapter 2. The general role of twins in enhancing
mechanical propées ha been well studies thanks to extensive effoitising past decade.
However, how to generate prosperous and stable deformation twins in NS materials is not
clearly understood, especially in alloys. To be spediftav does alloying altehe secaled
optimum grain sie for twinning in nanometescale and affect the macroscopic strain status

of twinning microstructurésWith respect tdaminate/gradienstructures, this is a relatively
emerging topic in theoreticalnd experimentastudies althoughheir appearance in nature

and manufacturing may date back ltoo n g ti me ago. Therefore,
fundamental issues remaining poor understood. For example, why and how does
laminate/gradienstructures influence deformation physics and theretgystrength, ductility

and strain hardeningBoth of mentioned mblems are importanto the fundamental
understanding and practical design of microstructures in NS alloys.

In this dissertation, Cu and €&n (no more than 30 wt.%) alloys are selectedlin
researches for their representativenedsiée-centered cubicHCC) metals and alloys/ith
well-developed fabrication techniques like higiessure torsiorand accumulative roll
bonding NS materials are readily gutuced in laboratories. Ithe analgis of materials
defects,advancedcharacterizationools like transmissiorelectron microscopdocused ion
beam and electron backscatteringfrdiftion serve as necessary and excellent assistants to
visualize microstructuresThe common experimentatiatetails used in all studies heaee
given in Chapter 3.

Chapter 4 is dedicated to the studies of the alloying effect on-gjralependent

deformation twinning in NS Gédn alloys where weuse transmission electron microscopy



and statistical analysis teveal the additional shift of optimum grain size for twinning in NS
alloys. An early model based on pure metaltherefore reconsidered to match the effect in
NS alloys.

In Chapter 5,we systematically investigate the macroscopic strain status of
defamation twins in CeZn alloys and found the relationship between ztrain
deformation twinning and the stackufult energies (SFE) by alloying. Underneath reason
is further probed by highesolution electron microscopy and discussed based on the early
developed mechanisms for zeswain twinning in NS materials.

Chapter 6 aims to introduce a successhngthod to fabricate NS GL0Zn layer
sandwiched between twamarsegrained CG) Cu layers by higipressure torsion, rolling and
annealing.Interlayerinterface bonding and its heterogenedine detailed characterized by
electron microscopyMechanical tests also revealed the strength and ductility in this
sandwich laminate design. The origin of resulted higher strain hardening is discussed based
on disbcation dynamics.

Inspired by the primary results in the sandwich work, the Aaygred NS Ctl0Zn
and CG Cus systematically investigatad Chapter 7.Successful fabrication of laminates
with similar microstructures but with various interface spagrayes the way for the
foll owing exploration of the heterogeneous
properties. Semi Hsitu electron backcattering diffraction mapping during tension reveals
the dislocation dynamics in the vicinity in theadrfaces and the layer interiolhe effect of
heterogeneous interfaces is discussed based on the strain gradient theory, dislocafpon pile

model and back stress hardening process.



Finally, Chapter 8 summarizes this work and briefly makes the futorerks based

on the current research results.



Chapter 2

Literature Review

2.1Bulk Nanostructured Materials

Nanostructured (NSinaterials areypically featured by their constituent or grain
structures modulated on a length scale less than 10@rmh least one dimensiofili 4].
Generally, the community classifies NS materials into three categories: i) nansimeter
particles, thin wires or thin films; ii) sol&@that the nanometsized microstructures is
limited to a thin surface region; iii) solids with nanometimed microstructures all over the
bulk [1,5]. In this dissertation work, our interests fall into the third category here, which
simply named as bulhS materials.In the wake otthe significantly refined grain size, NS
materials consist of a high density (typically 1 per cnf) of grain (or interphase)
boundaries, which is a sharp contrast to conventional thougigiste 2.5 shows a twe
dimension model of a NS materjakherethe opercircle atoms at boundaries take up an
unusual hgh proportion of the total atonjd]. Another real transmission electron microscopy
(TEM) observat on of NS platinum is present in Figu
of dislocations at boundary regif®]. Such microstructures have significamiplicationsfor
their properties and will be addressed later.

Two complementary appaches have been developed to synthesize bulk NS
materials[5]. First onwepad samp ricbaoctht,omwher e bul k NS
from individual atoms or nanoscaleiloing blocks like nanoparticles. Such methods include

inert gas condensatiof], highrenergy ball milling[8], spray conversion processifig],



depasition [10], solgel process[11], etc. For strictural applications, most botteop
approaches require the consolidation of nanopowders, which is a challenge because the as
produced samples usually contain considerable voids, flaws and crack sources. The second
approach for fabricating bulk NS materidlss known-dassna d@&dnhep i n wh
existing coars@rained materials are refined into NS materials, typically by severe plastic
deformation[12i 14]. Themo s t succeswhoal afipopaches devel o
equalchannel angular pressin@5], high-pressure torsiofil6], accumulative roll bonding

[17], which have been extensively utilized in laboratory works and even commercially scaled

up. The advant agekowrfo tedhppreo &id logs iestodchiesdNS st r o
materials with full of dense, free of porosity and contaminations, which pavesathto

study their intrinsic mechanical properties and deformation mechafbshd$
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Figure 2.1 (a) aschematic illustration of twdimensionaNS material. The atoms in the centers of
the Acrystal so are i ndi c atyeedions ane rdpreserdekl bywphen | e t h e
circles. (b) A real higliesolution TEM micrograph shows atomic planes of NS platinum. An array of

di sl ocations at boun@#&ries is marked w



2.1.1 Mechanical propertiesf nanostructured mateals

Before proceeding to real experi ment al
processing approaches and sample dimensions iafe®nce the observed mechanical
propertieg19,20] The early bottornup approaches often resulted in porosity and incomplete
bonding among the grains, which is detrimental and probably masks the real mechanical
properties of NS materials. The oftase sam@ dimension of tensile test for NS materials
in lab is micresize in order to avoid the imperfectioi2$. Therefore, we mainly focus on the
micros ampl e resul-deswrhfad ometthhed sitiopp t he f ol l owi ni
2.1.1.1Strength

Reducing the characteristic size in NS materials has tremendous effect on their
properties. This is broadly observed and summarized as size effect. Applying this to NS
metallic materials, the refinement of grain size plays a critical role therhamical
properties. For example, the dependence of yield strength, hardness on grain size in metals
has been well established in the conventional polycrystalline range (micrometer grains and
upper sizes)Yield stressfl, for materials with grain size, follows the HallPetch relation
[2,21,22]

s,= g «d"?

y
wherelp is the friction stress arklis the constant. For a more general case, the formula is to
use a power expression with exponemt, where 0.30n00. 7. Accor di
yield stress and hardnesseagpected for the NS material&. summarized esult of yield
strength vs. grains size from various sources on NS Cu is shown in Bigufeh er e 6r e t w

basic conclusions:



i). Clearly, NS Cu is much more stronger than their CG countsrpattch exhibits yield

strength of only ~100 MPa.

ii). The conventional HalP et ch r el ati onshi p doesndt al ways
size, especially when the grain size is less than 28M=0.2 nm?). The deviation from

Hall-Petch relationship is not exclusive to nanocrystalline Cu, but universahotst
nanocrystalline metallic materials.t 6 s worth to note that the d

not so noticeablf2?].

Combined Hall-Petch Plot for Cu
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Figure 2.2 Summarized yield stress of NS Cu combined with the conventionaPidaih plo{2].



Some researchers have introduced an inverseRéath relationship (meaning the
slope switches to negative) for NS materials with grainlsgethan 20 nrf23i 25. But this
is still a controversial topi[2], which needs more information.
2.1.1.2 Ductility

In conventional understandings, refinement of grain size in the range of micrometer
will lead an increase of ductilify2,26,27] However, this is ngpromisedn NS materialsand
unfortunately, their ductility at room temperature is often disappointedly low cechfmar
their CG counterpartgor example, thé&lS Ni with nominal grain size of 28 nm exhibits
very high yield strength more than 1 GPa, but with limited tensile elongation 4286
More generally, literature survey shows the vast majority of NS metals have thrilgy
below 5% [19,27] despite limited exceptions like the 23nm grained Cu with 15.5% tensile

elongation in Youssef et 4R9], which poses aost challenge to the wide applications.
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Figure 2.3 Summarized ductility for NS materials: (a) for tstep processing methods (like inert gas
condasdion and mechanical millingp) for onestep processing (like electdeposition, severe

plastic deformation and isitu mechanical millingj19]
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Koch has identified the three primary reasons for the appearance of the
disappointinglylow ductility in NS material$18,19] i) residual artifacts &m processing; ii)
force instability in tension; iii) crack nucleation or propagation instability. After screening
out most of the first reason by employing appropriate techniques liketepeprocessing,
researches still found that the very low ductyjitseems to be the intrinsic property of NS
materials, as shown in Figure 2.3mother general principlef NS materials extrapolated
from Figure 2.3 is that ductility decreases with reducing grainisinanometer scalevhich
is a contrast to the prewis belief in conventional grain size regin@ombined with the
strength trend, there comesithout surprisea popular and longtanding belief that strength
and ductility is a paradox in NS materigist,30,31] The reason for thisvell-established

notionis closed tied to the deformation physics in NS materials.

2.1.2 Deformation mechanism efanostructured materials
2.1.2.1 Breakdown of dislocation pilg

The deformatiorphysics in NS materials could be fundamentally different from that
for CG materials[2]. Conventionally,the Hall-Petch effect for the observed relationship
between grain size and strengthreasonably expined bythe dislocation pileup modeas
schematically shown in Figure 232,33] Generated from the Franétead source assumed
in the middle ofthe grain, dislocatios with the same Burgers vector assemble at the grain
boundary anceffectively multiply the external stress figldshich promotethe dislocation
motion in the neighbor grain under certain applied shear stiesgever, with the significant
refinement,effective dislocations accumulation is not favored within the grain, i.e-yple

concept breaks dowiB4,35] This has beemwidely observed,both experimentally and
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computationally{36,37] The deformed grains free of dislocationwddoeen even found in

ultrafine-grained Al, as shown in Figure 2.4b.

(a) (b)

Grain 1 Grain 2

Figure 24 (a) Schematic illustration of a pilep formed in grain 1 under external shear sttkss
which promote the activation of dislocation soure@nSQyrain 2 Dashed line represents the preferred
slip plane in each grailib) TEM bright field image of a pure Al sample after hjglessure torsion

deformation under 1 GPa for 1 revoluti¢d2,38]

The absenceof dislocation accumulation leads to two major consequences: first, the
yield strength arises becautbe driving stress foall deformationwould be largely carried
by the external shear stresgithout effective mitiplication Second, stradmardening
capacity would be much poor in NS materials because hardening is typically attributed to the
effective accumulation of dislocations. Hardening capacity is crucial to stable plasticity
during tension, which highly reiad to the uniform elongatiof89,40] One should bear in
mind that the breakdown of pig is morepronouncedwhen grain sizés extremely small,
typically less than 10 nmOther new mechanisms or minor mecharsism CG grains

become dominarand prevail the plastic deformatip4ili 43].
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2.1.22 Grain boundary sliding

Grain boundary sliding was previously studied ia ghenomenon of superplasticity.
It accommodateshear strain by sliding one single or a group of grain with respect to the
other. Later on, this deformation mechanism has been proposed to be quite operative in
nanocrystallinegrainsby molecular dynamicsimulations[44i 49]. H. Hahn et.al[48] has
established two hardness relationships based on the critical stresses to activate grai
boundary sliding and dislocation motion/formationt 6 s pr oposed t hat bel
grain boundary sliding prevails over conventional dislocation motidhse. internal stress
built up across neighboring grains during the sliding, in turn, is acwmtated by grain
boundary and tripe junction migration. This process is favored in small grains because less
planar interface provides less steric obstacles to the concurrent sliding prbdéas[45,48]
has identified two atomic processed in the interfaces to abksisliding process atomic

shuffling and stresassisted free volume migratiamd both are related to grain boundaries

k : : :
H, =H, += for dislocation motion
\% 0 \/a
H, =H, ﬂ,fd m, for grain boundary slidin

d
In experiments, the grain boundary sliding was observed asrvaformation of NS
materialg[43,50 53]. More i mportant, 1tbés further prov
a collective way by coordinating ¢ o u p | e boonflariggf43 0] 8rsab grainsgroup
andgetalignedtogetherduring applied strain by coordinaggain boundaries of each other,

which arrives at the minimum configuration of energies.
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Figure 2.5 Continuous brightield TEM observations of deformation processes in nanocrystalline
Ni3Al during in-situ tensile test. Arrows in (d) mark the apparent grain boundary sliding features

during tensiorf53].

2.1.23 Dislocation emission from grain boundaries

As mentioned in the breakdown of dislocation fife section, the generation of
intragrain dislocations becomes impractically difficult as the grain size reach nhanometer scale
which has been widelnccepted in experiments and simulatio@®mparing the critical
stress to activate dislocation motions from conventional FrRead source, the stress of

dislocation emission from grain boundaries islatively lower. Additionally, grain
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boundaries of NSmaterials are usually of neeguilibrium state and high energy and
therefore serve gzrimary dislocation sourceand sinksIn fact, full and partialdislocation
emissions from grain boundaries have been broadly reported in both computational
simulationsand experimental observatiof$7,54 59]. For example, molecular dynamics
simulations reveals that grain boundaries plays a critical role in the defummat
nanocrystdine Al, as shown in Figure 2[80]. In contrast to the formation of dislocation
tangle, cells, fordgs within the grain interior in conventional grain size scale, deformation is
majorly carried outby the grain boundary mediated dislocation process. In experinr@nts,
situ observatios of deformation in nanocrystalline Platinuand Ni haverevealed the
dislocation dynamicsin grain size even smaller than 10 nj&1,62] Interestingly,
examinations of Xay diffraction during the deformation of nanocrystalline Ni indicated that
the peak broadening process is reverd8. Its implication for the deformation physics is
no residual dislocation netwoHas been built up during the deformation.

The primary explanation is that the mean free path of dislocations in NS materials is
much smaller due to the grain size scdlberefore, the mitted dislocations have more
chances to be absorbed by the opposite grain boundary without mutual interactions. However,
theredre still mi nor evidences saying e X ¢
nanocrystalline material61,64] Note that both observations are not conductederthe
conventional uniform elongation of tensile deformation, i.e. the strain level could be much
higher than target applications. Regardless the issue of dislocation storage, dislocation
generation by grain boundary emission hasn generally identified as a cral deformation

mode in NS materials
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Figure 2.6 A snapshot of nanocrystalline Al at 11.9% plastic strain, showing vast dislocation activity

generated from grain boundar{é€)].

2.1.24 Grain rotation and grain growth

Rotating grains to accommodate plastic strain is first reported by Ke E58l.
followed by observations of deformation in nanocrystalline Ni and6fRt2,66] Grain
rotation as a deformation mechanism in NS materials has been also investigated by MD
simulation and analytical modey [45,67,68] Wang et al[6] has found that the grain
rotation is largely mediated by the grain boundary dislocations unetuiTEM, rather
than grain boundary sliding and diffusion crdé®,70]. They observed that this is more
often observedor grains withdiameters less than 6 nras shown in Figure 2. However,
TEM observation may not represent the case in bulk NS materials because the sample foil is
too thin to reveal the real deformation story. Fortunately, texture measurement also

confirmed the grainatation mechanism in deformationlmilk NS Ni and its alloy71,72]
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SIS

Strain=9.6%

Figure27Gr ai n boundary dislocations facilitate th

represents the grain boundary dislocations and red numblks grain orientation diérence6].

Grain growth or calescencas another deformation mechanism that is sometimes
reported accompanied with grain rotation, collectivig!$,74] For examplesevere plastic
deformation of nanocrystalline Ni and its alloy is accommodated by grain growth that is
assisted with grain rotatiort Aigh-applied stress. The grain growth is also revealed in the
surface nanocrystallinzed Cu structure, which is believed to provide extraordinary tensile
ductility [75]. The grain growthof nanocrystalline Cwcan even occur at liquiditrogen

temperatures and the theoretical modeling investigation stveevsecessary conditi@nthe
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existence of impurity and nesquilibrium structureg76i 78]. The relation between grain
rotation and grain growth is well concluded in Wang e{7], asschematically shown in
Figure 2.8. Grain rotationfacilitates convertinghigh-angle grain boundarigs lower-angle

ones. The lowangle grain boundaries then disappear and l@avagain dislocations. In

terms ofpracticalapplications, grain growth is hateful and expected to be avoided in design.
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Figure 2.8 Schematic sequence of the deformation evolution of nanocrystalline Pd under shear stress
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of 0.6GPa, showing the relative grain rotation followed by mutual coales¢édice

2.1.24 Stacking faults and twinning

In CG facecentered cubicHCC) and bodycentered cubic (BCC) metals, stacking
faults and deformation twinning usually occurs in the materials with low statirigy
energy because of the lesnergy principld80]. While in hexagonal clospackedHCP)

metals, winning is a common deformation mode due to fewer slip sysi@in®2] In NS



18

materials, stacking faults and twinning are also observE@€®and BCC metals and alloys
even when their stackinfgult energy is not 10\58,58,83,84] This islargely brought from

the hgh energetic grain boundary and remarkable inhibition of intragrain dislocation motions
[57,83] The generation of stacking faults from grasuhdaries are usually the prior

condition for deformation twinning. Twinning phenomenon in NS materials is a major focus

of this dissertation and will be introduced in details in section 2.2.

2.1.3 New strategies for betteznsileductility of nanostructued materials

Extraordinary efforts have been made to better off the ductility of NS materials by
tailoring the microstructures duMae@.[3% he dec
has summarized eight routes to improve the tensile ductility of bulk NS mathlallays.
Some approaches seeémmake tradeff between strength and ductility at first glance while
other strategies realized the simultaneous improvement of both strength and ductility. Wang
et al found a bimodal microstructure with grain size ranging fraona1io nano scale, which
leads to remarkable improvement of tensile ductihitfCu, as shown in Figure 2.9a[85].
The intuitiveness is the superposition of the ductility of CG part and the strengtradine
grained partFurtherexaminationof relevantmechanicsevealed that theritical role in this
modification is believed to be the generation of massive heterogeneous interface, which is
beneficial to theeffective accumulation ofgeometrically necessarglislocatiors upon
deformation[86,87] High strain hadening and tensile ductility are thereby based on the
Considérecondition:ds /d & . This general principal could alsxtended to the design
of multiphasemicrostructure, whiclhas been utilized in a Ti alloy and achieved sucl@3s

Recent gradient/laminate structure development is also pertinent to the bimodal concept,
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more or less. Insteadyradient/laminate afictures are expected more effective than the
simple bimodal microstructures in achieving superior mechanical prop@ies his isstill
under study and this dissertation will shed some lights on this issue in later chapters.

Nanosized and secondaryepipitatesare revealedo be another method to achieve
decent tensile ductility in NS materials with or without sacrifice of stref@flit2l. They or e
effective to initiate, drag and pin dislocations and therefore elevate the strength and
hardening capacit{39,93]. Figure 2.9 is the tensile curve and the typical microstructure
in 7075 Al alloy which utilizeghis approach t@nrancethe mechanical performan¢@0].

The presence of those precipitations is typically driven by aging after severe plastic
deformation. Significant defective sites would be maid promote the precipitation
nucleation after this process. Obviously, this strategy is limited to those alloys hold the
promise of significant and controllable precipitations.

Nanoscale growth and deformation twins in lieef the nanograins elevate
medianical properties of NS materials as W8#i 96]. This firstly came as a surprise the
electrodeposited Cu by Lu et §84] and later on confirmed again in Ma et[8b]. Zhao and
Zhu found this strategy is pretty suitable for the NS FCC materials with lower stdaking
energy[96]. Twin boundaries are effective obstacles for dislocation motions and primary
sites for dislocation accumulations, as shown in Figure 2.TBby also serve as defects
source to maintain the plastic deformation. Therefore, the addition of twins in NS materials
promotes the hardening capacity, strate sensitivity and beneficial to the simultaneous

improvement of strength and ductil{f§71 99].
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Figure 2.9 (a) Engineering stressrain curves for pure Cu Curve &)nealed, CG Cu; B, room
temperature rolling to 95% cold work; C, liguiitrogen temperature rolling to 93% cold work; D,
93% cold work+1800C, 3 min.; and E, 93% cold work+2000C, 3 min. Note the best performance of

strength and uniform plastic strain #ilfire in Curve E. (b) Typical bimodal grain size microstructure
in Curve E of (a). (c) Tensile engineering streBain curves of the CG, NS and NS+Precipitation
samples of 7075 Al alloy. Open circles and squares mark the 0.2% vyield strength andthe unif
elongation, respectively. (d) HRTEM image along a <011> matrix zone axis of a NS+Precipitation

sample showing sphericat&zones,plats haped dqo6 phase [8590 equi axed
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Stimulated by the importance of twins in NS materials, materials scientists become
more interested in how to gengrgprosperous twin structures in NS materials via either
growth or deformationDepositiongrowth is always restricted by its thickness scale and
therefore difficult to produce bulk materials full with naswale twins despite their wide
application in lab. Deformation twins seem promising to extetis strategy to the
application in bulk NS material3her ef or e, i tos of both scient
significance to further probe the deformatiwinning phenomenon in NS materials:

mechanism,rifluential factors and their properties.
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Figure 2.10(a) Tensile stresstrain curve for an electrodeposited Cu sample with{taits in
comparison with that for a Cénd a nanocrystalline Cu. (b) HRTEM of the nawm structures,

showing partial dislocation disassociation, dislocationpideand at twin boundariei€©4,99]
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2.2. Deformation twinning in nanostructured materials

2.2.1 Basics of deformation twinning iRCC materials

Conventionally, deformation twins IRCC metals are believed formed by tblg of
partial dislocations with the sg Burgers vector on successplanes 80,100} As shownn
Figure 2.11aif deformation twinning occurs above the twin boundary a spherical grain via
partials with a Burgers vectdr, a grain will be sheared into a new shape. Note this will
produce a grain boundary kink at the twin boundary with a kink ariglés, which is twice
of the angle between two clepacked {111} planes. The twinning partial dislocations are all
Shockley partials that can glide on the slip plane. There are three equivalent Shockley
partials on each slip plane. For example, as showingure 2.11h on the (111) slip plane the
three partials arbi=Bli=a/6[211], b.=Ati=a/6[121], andbs=Cli=a/6[112. Note that there are
also three partials with opposite Burgers vectdrs,-b2 and-bs. On the closgpacked (111)
slip plane of FCC metals, the atomic stacking sequence in successive planes is
ABCABCABCABC. When a partial dislocation glides across a slip plane, a stacking fault is
produced and all atoms above the stacking fault change their positions. The atomic stacking
position shift causedy the gliding of a partial dislocation can be described below:
Partialb AY B, B Y C, C Y A
PartialbxAY B, B Y C, C Y A
Partialos: AY B, B Y C, C Y A
In other words, although the three Burgers vectors have different orientations, they cause the

same stacking position shift. As will be shown later, this has importancetipins for
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Figure 2.11 (a) Conventional deformation twinning by the gliding of partials on successive slip
planes above the twin boundary changes the shape of the spherical grain above the twin ifbundary.

Three equivalet Burgers vectors b1, b2 and b3 on the (111) slip plane for Shockley p{88a181]

Route A Route B

C B A C A B
B A g B C A
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A A ADLiciBl, A A
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Th0 bh=0
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Figure 2.12 The process of forming a thrésyer deformation twin by the slip of three partials with
(Route A) the same Burgers vector succesive slip planes and (Route B) the slip of three partials
with a mixture Burgers vector on successive slip planes. Two sides are schematic illustration of the

final twin morphology caused by each royf€)2,103]
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deformation twinning imanocrystallind=CC metals.Partialswith opposite orientatias, i.e.

-b1, -b2 and-bs, will shift the stacking sequence to the opposite directionrBieY A, C Y
A Y T8e negative partials cannot slip in a perfeCC crystal because it is energetically
unfavorable.

Route A in Figire 2.12shows the formatioof a threelayer twin via the slip of
partials with the same Burgers vector, marked by the bold k@&. As shown, thenitial
stacking has a norm&CC sequenceCABCABCABC. The slip of first partiabi produces
an intrinsic stacking fault (see the baddter A), which is identical to removing a layer Gf
atoms. The slip of the secohd partial on an adjacent slip plane converts the stacking fault
into a twelayer twin nucleus (AC) Further slip ofb1 partial grows the twin nucleus into a
threelayer twin ACB, with the twin boundaries represented by two horizontal latdeft
side Since the twinning process described in Route A involves only partials with the same
Burgers vector, we nhame such a process as monotonic twinning process. Route B ahows th
a threelayer twin with identical stacking sequence can also be produced by the slip of three
partials with mixture of three Burgers vectdr,(b2 and bs) on successive slip planes. In
other words, a twin can be formed by the slip of identical padiatkfferent partials. This is
because the three partidis, b2 andbs, produce the same stacking sequence shifts despite of
their orientation difference. It should be noted that the macroscopic strain produced by the
two twinning processes describedRigure 2.12are very different. In Route A, all partials
have the same Burgers vector, and therefore produce a shear strain in the same direction.
This can collectively produce a macroscopic strain and change the grain shape as shown. In

contrast, the twining process described in Route B will produce a much smaller and even
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zero macroscopic strain because partials with different Burgers vectors shear the lattice to
different directions. As discussed later, most twinning mechanisms proposed f6Cthe

metls with coarse grains are consistent with the twinning process described in Route A,
while the twinning process described in Route B could be common in nanocrystals. Factors

influencing Route B imanocrystallindCCmetals will be further elucidated.

2.2.2 Grain size effect on twinning and mechanisms
2.2.2.1 Observation of grain size effect on twinning

The grain size effect on deformation twinning was obsetreostly by experimental
observations[83,104] because computernsulations always have the size limlh this
section, we present the experimental observations on the grain size effect for a broad grain
size range from coarsgrains (larger than 4m) to nanometesized grains (smaller than 100
nm), which can be schemnzally described in Figre 2.13 Briefly, in the coars@rain size
range, deformation twinning becomes more difficult with decreasing grain siZeCiGor
BCC andHCP metals[105], whereas in theanocrystallinggrain size range, with decreasing
grain size twinning first becomes easier (the normal grain size effect) and then more difficult
(the inverse grain size effed)06,107] This results in an optimum grain size that is easiest
to deform by twinning foFCC metals.However, the twining behavior imanocrystallie bcc
and hcp metals have not been well studied, although it is generally observed that
nanocrystallindcp metals are more difficult to twin than their coagsained counterparts. It
should be noted that the critical grain size for the transitions iormdeation twinning

behavior may be affected by intrinsic material properties such as the stacking fault energy
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[108,109]and shear moduluas well as external deformation conditions such as strain rate

and deformation temperature.
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3 Coarse grains
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ull dislocation slip
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Figure 2.13 Schematic description of grain size on the critical stress needed to activate deformation
twinning. The grain size effect for nanocrystalline bcc and hcp metals is unc€&haiachematic of
Hall-Petch relationship for twinning and full dislocatiorpsli i n CG met al s and al | o)

and d is the grain sizf83,110]

It has been observed that larger grains are easier to deform by twinning for coarse
grained materialsThis was explained as followH.is well known that the critical stress for
dislocation slip can be describég the HallPetch relationshigs = so+ks d*?, whered is
grain size,so is a constant, ankk is the HaltPetch slope for dislocation sligxperimental
results indicate that the critical stress for twinning also shows aRd&th type behaviost
=so +kt d'¥2, wherekr is the HaltPetch slope for twinninglable2.1 summarizes the Hall
Petch slopes for both dislocation slip and twinning for sé@€, BCC and HCRnetals.For
CG FCCmetals, it is obvious thét is larger tharks, which means that witdecreasing grain

size the critical stress required for twinning increases faster than that for dislocation slip, as
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schematically illustrated in Fige 2.13b In other words, twinning becomes more difficult

than dislocation slip with decreasing grainesizhe physical reason for such a grain size

effect in CG metals is not understoodu et al. recently attempted to explain such a
phenomenon by a fst i[Il].IMare gulliessale ngeded tmprabé itsn i s m
fundamental physicsit should be noted that these experimental observations are not
consistent with the classical dislocation mof8d] that has been used to explain the grain

size effect on twinnin{112,113]

Table 2.1 The HallPetch slopes fdcc, bcc and hep metals and allgg65].

Material ks for dislocation slip kr for twinning kr/ks
FCC
Cu 5.4 (RT) 21.7 (7TK) 4
Cu-6 wt%Sn 7.1 11.8 (77K), 7.9 (RT) 1.7,1.1
Cu-9 wt%Sn 8.2 15.8 (77K) 1.9
Cu-10 wt%Zn 7.1 11.8 (77K) 1.7
Cu-15 wt%Zn 8.4 16.7 (295K) 2.0
BCC
Fe-3 wt%Si 12 100 8.3
Armco iron 20 124 6.2
Steel (1010, 1020,1035) 20 124 6.2
Fe-25 at%Ni 33 100 3.0
Cr 10.1 67.8 6.7
\Y 3.5 22.4 6.4
HCP
Zr 8.3 79.2 9.5

Ti 6 18 3.0
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Interestingly, the ratio of HalPetch slope for twinning to that for dislocation slip,
kr/ks, is larger forBCC andHCP systems than fofCC systemsThis suggests that the grain
size effect on twinning is larger @G BCC andHCP systems than i€@G FCCsystems.

Experimentally, deformation twinning was found active nanocrystalline FCC
metals even with medium to high stacking fault energy, although @@icounterparts
normally do not deform by twinningBut molecular dynamics simulations gasigferent
considerationssome results revealed twinning as a major deformation mechéahisth
while others found twining difficult and rard115]. These reports raised a controversy on if
nanocrystalline FC@netals were more favorable to deformation twinrtingn their coarse
grained counterparts.

The above controversy was solved by the experimental observation of grain size
effect on deformation twinning inanocrystalline FC@netals[106]. In a systematic study,
an electrodepositedanocrystallineNi foil with grains in the range of 105 nm and an
average grain size of ~25 nm were deformed under several condlitidijsVery few twins
were observed in the undeformed Ni samplgure 2.14 shows the histograms of (a) grain
size distribution and (b) fractions of grains containing stacking faultsveind in samples
deformed under tension at liquid nitrogen temperature at a strain rate of $ki®a strain
of 5.5%, and a flow stress of 1.5 GIFegure 2.14kshows that with decreasing grain size the
fraction of grains containing twins first in@ses and then decreases, while the fraction of
grains containing stacking faults increases monotonically. The fraction of twinned grains is a
good statistical indicator of twinningropensity. Therefore, Figure 2.1ddicates that with

decreasing grain <z the twinning propensity first increases and then decreases in
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nanocrystalline FCQ\i. The decrease of twinning propensity with decreasing grain size is
calledthe inverse grahsize effect.The observation of normal grain size effect and inverse
grain ske effect effectively reveals an optimum grain size range for the activation of
deformation twinning innanocrystalline FCC metaldn other words, the deformation
twinning is easiest to form at a certain grain size inndogocrystalline FCC metal8s will
be demonstrated later in an analytical model, the optimum grain size is determined by
intrinsic materi al properties such as stacki
lattice parameterExternal factors such as deformation temperaturainstate and applied
stress may also have an effect, but this is not wellrstated and needs further study. The
observations shown in FiguBel4were also verified by synchrotron and neutron diffraction
[117]. These observations suggest that optimum grain size for twinning is a common
phenomenon imanocrystalline FC@uremetals.

One of the salist features of the data in Figugel4 is that no inverse graisize
effect exists for stacking faults. This is believed due to the effect of generalized planar fault
energies on the nucleation of twins, which make it more difficult tvae twinning partial
than to activate the firgtartial to form stacking faultn other words, the observed grain size
effect on the deformation twins and stacking faults can be explained by the combined effect
of grain size effect and the general glafault energy effectA recentstudy[118] viewed
the grain size effect from the perspeetiof preference of grain orientation. Their analysis

used the similar concept in our following mechanism discussion.
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Figure 2.14 Statistical grain size effect on the formations of stacking faults and deformation twins in
nanocrystallineNi deformed under tension at liquid nitrogen temperature. (a) The size distribution of
all grains examined under HRTEM. (b) The fraction distribution of grains containing stacking faults

and twins[116]

Deformationinduced detwinning haalsobeen observed both experimentally and in
molecular dynamics simulatiori$19,120] This raises a critical issue on the effect of grain
size on the competition beeéen defamation twinning and detwinnindgJnderstanding this
issue would help us to predict the stability and evolution of microstructures and mechanical
properties ohanocrystallinécc materials with twins as a major structural feature and with
deformaton twinning as a major deformation mechanism.

Detwinning was systematically studied byl21] using an electrodeposited

nanocrystallineNi-20Fe (wt%) alloy with preexisting growth twins and an average grain
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size of 20 nmThe grain sizes were systematically increased by plastic deformation using a
technique called higbressure torsioQHPT). Plastic deformation is known to induce grain
growth innanocrystallinenaterids. The average grain size increased to 115 nm after 30 HPT
revolutions, making it possible to study statistical changes in twin density during deformation
over a wide nangrain size range from 10 nm to over 100 nm.

Figure2.15shows the evolution of th&ze distribution of both all grains and the sub
set of grains containing twins with increasing numbers of HPT turns. The iniigpasited
sample has a narrow grain size distribution in the range of3510m, and about 30% of
these grains contain gemh twins that were formed during the sample synthesisu(€ig
2.159. The plastic strain inceses with increasing HPT turmss shown in Fig8b, after 5
HPT turns, the average grain size increased to about 40 nm and the grain size distribution
was broadr. Significantly, only 7% of these grains contain twins, which is a dramatic drop
from the initial state. These observations indicate that extensitwgimi®@ng occurred during
the HPT deformabn. Further examination of Figure 2.1bbeveas the following twinning
and detwinning behaoer with increasing grain size#t grain sizes below 40 nm, existing
twins were annihdted by the detwinning proced&hen the grains grew to sizes above 40
nm, especially around 70 nm, twins reappeared due to the amtivati deformation
twinning. When grains further grew to above 110 nm, the detwinning process dominated
over the twinning process, leading to the disappearance of twins.

The above experimental observations can be summarized as follows. There exists an

optimum grain size range for the formation of deformation twins. Outgittesograin size



32

range, the devinning process dominageand annihilates existing twirBhe mechanisms for

these observed twinning and detwinning behavior will be discuatsd
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Figure 2.15The size distribution of all grains (light yellow bars) and grains that contain twins (dark
blue bars) with increasing HPT turns in a nanocrystallin@0ivt.% Fe alloy. The statistical data are

measured using HRTEMvith sample in a location close to the edge of each HPT disk.
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2.2.2.2 Mechanisms of grain size effect on twinning

The transition of twinning behaviour from coaig@ned tonanocrystallindcc metals
and alloys is caused by their different deformatiorcima@isms including dislocatiomsrces
and twinning mechanism«&G fcc metals are believed to twin via several conventional
mechanisms including the pole mechanism, the prismatic glide mechanism, the faulted dipole
mechanism, or other mechanisfd22,123] These mechanisms often require a dislocation
source inthe grain interior to operatdhe grain size effect on deformation twinningGe
metals have been explained by dg 2.13and Table2.1, using the conceptf ¢Hall-Petch
type relationshipHowever, such relationship is empirical and the real physics based on
classical dislocatiotheory is yet to be discovered.

Nanocrystalline metals and alloys are often free of dislocations in their grain interior
[124], although dislocations can exist manocrystallinegrains under certain deformation
conditions.Consequently, distmation emission from grain boundaries becomes the primary
deformation mechanism&everal twinning mechanisms nmanocrystallingfcc metals have
been reported, among which the most often observed is the partial emission from grain
boundaried100]. As introducedn the next section, the change of deformation mechanism
and twinning mechanism also changed the effect of grain size on twinning, which is not
surprising because different deformation mechanisms are influenced by thesigeiin
different ways.

The optimum grain size for twinning and the inverse grain size effect on twinning
was predicted by an analytical model several years lkefbe experimental observations

[125,126] In the model, the only assumption made is the emission of dislocations from grain
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boundaries, which was based on experimental observationsmatecular dynamics
simulationresults[127,128] For simplicity, the model used a square grain ceesgion(see
Figure 2.8). The shear ste=es needed for the slip of various dislocations, including the
leading Shockley partial to produce a stacking faults, the twinning partial, the trailing partial,
the detwinning partial, and the lattice dislocation as a function of grain size and séssr str
orientation angle were calculated and compafée. dislocation that needs the lowest stress
to slip is considered as the active oAdwin is considered nucleated after the leading partial
generates a stacking fault across a grain and a twinninglgdides across the grain on the
adjacent slip planeT he model indicates that thereodre t
determining the optimum grain size for twinning: the nucleation stress of the second
(twinning) partial (lin) and the nucleation stress for a trailing partial to remove the first
partial on the same plang{). Deformation twinning is statistically promoted wheln is

less tharldai under certain preferred grain orientation.

The optimum grain sizealuesandthe critical twinning stresseseestimatecas[125,126]

d,p __969-n G&
|n(ﬁdop/a) 253.66 tn) g

_(5.69- 2.02) g
me 2a

wheredop is theopiimum grain sizefor twinnng, G is the critical twinning stress for a

nanocrystallindcc metaJj3ai s t h e P odsrssshestaékimgfaulioehergy §FE),
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Figure 2.16 A schematic illustration of a dislocation model for the nucleation of a dafamtwin

via the emission of a twinning partial on a (111) plane adjacent to the stacking faul{i2ant26]

Table 2.2 The critical stress and optimum grain size for the formation of deform&tianing in

some nanocrystalline fcc met§d9].

G (GPa) g sH{mJn?) a(A) Gh(GPa)  dm(nm)
Ag 30 0.37 22 4.090 0.16 73
Al 26.5 0.345 122 4.04 0.89 6
Au 27 0.44 45 4.080 0.31 30
Cu 54.6 0.343 45 3.6146 0.37 46
Ni 94.7 0.312 125 3.5232 1.06 23

G is the shear modulus,is the lattice parametefhe citical stress and optimum grain size

for deformation twinning in some@anocrystallinefcc metals are calculated using above
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equations and listed in Table22The predicted critical twinning stresses and optimum grain
sizes agree well with experimentalsaiovationsn pure metal$100].

One of the most significant features of this model is its successful prediction of
normal and inverse grain size effect on deformation twinning. This is an indicator that the
model indeed captureithe physics of deformation twinninglowever, it also has a major
deficiency: it does not consider the effécm the general planar fault energyhich affects
the nucleation and gliding of the leading and twinning partials. Consequently, this model
camot explain why no inverse grain size effect is observed for stacking faults. The physical
reason for the grain size effect is the deposition of the dislocation lines on the grain
boundaries as a dislocation glides under an applied sfitessleposited dlocation lines add
strain energy to the system and act to drag the gliding dislocatendragging force does
not change with grain siz& while the driving force for the dislocation slip is proportional to
the length of the gliding section of the dishtion, which igyrain size dependent (see Figure
2.16). The driving force needs to overcome the dragging force for the dislocation to glide,
and their difference in grain size dependences makes it more difficult for tisiscso
move in smaller grains
2.2.2.3 Optimum grain size for twinning in nanostructured materials

Figure 2.5 shows an optimum grain size range in which the deformation twins
appear in a large fraction of grain¥his grain size range is important for designing
nanocrystallinefcc mdals with twins as an important structural feature for enhancing the
strength and ductility. For microstructures with grain sizes outside of this range, thia built

twins will be gradually annihilated during deformation by a detwinning proGesshe otler
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hand, a stable high twin density could be maintained if the grains sizes are in this optimum
range.This is a critical issue under some service conditions such as fatigue where the cyclic
stress could induce extensive dislocation/twin interactions. déteinning process could
significantly soften the material, which may lead to the accelerated failure.

The existence of such an optimum grain size for highest twin density can be
understood with the following analysis. As discussid previous sections, ni a
nanocrystallinefcc metal there exists a grain size range within which deformation twins
would form.However, the detwinning process can be caused by the interaction between the
dislocation and the twin boundary, which occurs in grains of all sizess found that the
detwinning tendency is stronger at small grain sizes than at large grairldtgbecause
the detwinning process involves dislocation interactwith twin boundaries, which needs
to overcome relatively highnergy barrierd41]. Materials with smaller grains deform
plastically under a higher applied stress, which makes it easier to overcome the energy
barrier for detwinning. Therefore, detwinning should be statistically easier in smaller grains.
From the above discussions, the tendency for twinning and detwinning doiestic
deformation can be schematically illustrated as iruf@g2.17 For a sample whose grain
sizes are outside of the optimum grain size range, the detwinning process dominates over the
twinning process, which leads to the annihilation of twids.the other hand, for a sample
whose grain sizes are in the optimum grain size range, the twinning process prevails over the
detwinning process, which leads to the formation of deformation twins in a large fraction of
grains. The twinning process and detwimniprocess eventually reached a dynamic

equilibrium, which produces a stable twin density and microstructure.



38

Twinning

Detwinning

Tendency/Likelihood

Y

Grain size (nano range)

Figure 2.17 Schematic illustration of the grain size effect on the twinning and detwinning tendency.

2.2.3 Macrosopic strain of deformation twinend mechanisms ifFCC materials
2.23.1 Observation of zerstrain deformation twinning in nanocrystalline FCC metals

As introduced in Section 2.2.Xonventional twinning in fcc metals formed by
partials with the same Bgers vector may have a grain boundary kink of®i#iewed from
an appropriate <110> orientation (shown in Ufeg 2.1). Such twingrain boundary
morphology is also observed manocrystallindcc materials andnay represents the highest
macroscopic stra that can be generated by a deformation tj#iB0]. Figure 2.18 is a
HRTEM micrograph of such a twin imanocrystallineCu synthesized biAPT, whose twin
morphology is the same as that ofcmarsegrained fcc metals. However, manocrystalline
fcc metals, deformation twins can be also formed by pamvéls different Burgers vector
and therefore the macroscopic strain could be lowerbeneven zero. The twalifferent
deformation routes ifigure 2.11is the schematic illustration of thdifference.

Figure 2.Bb shows another HREM image¢ deformation twins imanocrystalline

Cu, which indicates the zero macroscopic strfdi0]. As shown, the grain boundary
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segments were smooth even at locations where they intersect the twin boundaries, suggesting
that thesedeformation twins shown in Fige 218b did notproducemacroscopic strain of the

grain. This phenomenon was thereaftelbserved in other fcc materials like pure
nanocrystallinegCu and CeNi alloys under both normal and severe deformation conditions
[131,132] confirming the universality of this twinning behavior manocrystallinefcc

metals. Studies also showstthe zerestrain twiming prevails over the twinning with strain

in nanocrystallineN i and Cuwoted thawxternaladefsrmation conditiormeay also

affect the zerestrain twin fractions. Experiments aranocrystallineNi in Wu et al. (2008)

indicates that lower flow stress will promote thezeror ai n t wi ns. l'tds gen

thecritical stresdor zerostrain twinning is lower than that to conventional twinning.

Figure 2.18 (a) HRTEM micrograph of twinsin nanocrystalline Cu synthesized by higtessure
torsion. The arrow indicates the twin boundday.A grain boundary has a 141° kink at its
intersection with the twin boundarfb) A zerastraindeformation twin with smooth intersection with

the grain boundargindicated by the broken curve).
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Zerostrain deformation twinninghelps us with understandings of mechanical
behavior and microstructural evolution r&nocrystallinemetals. For examplanstead of
locally accumulating macroscopic strain in twinned grains,-g&Bn twins participate in
plastic deformation by rerienting the lattice without producing jagged grain boundaries,
which makes it easy for grains to rotate and slide duringdudbformatior{100]. Another
salient feature of zerstrain twins is the easy migration of incoherent twin boundaries (ITBs)
under slight external stress. This feature is believed to play a critical role in strain softening
[134,135]

Up to date, there hae been a couple of mechanisms proposed for the formation of
zerostrain twins innanocrystallinefcc metals. Generally, it could be classified into two
major categories. One is the random activation of partials (RAP) and the other is ramed a
the cooperative slip of three partials (CSTP). The coexistence and competition of both
mechanisms imanocrystallindcc materials is recently studied as well.
2.23.2Random activation of partials (RAP)

RAP mechanism was proposed W et al. (2008xat the first observation of zero
strain twinning phenomenoifigure 2.11billustrates a set of Shockley partials involved in
the RAP process. As shown, on the (111) slip planee thiee three Shockley partiats=Bd0,
b2=Al, andbs=Ci.1 t 6 s 0 b mibshs=D. A$ diseussed before, twin can be formed
by the slip of identical partials or different partials, because the three pdriial®, bs,
produce the same stacking sequence shifts despite of their toiemtd#ference. Therefore,
if all of the three partials propagate in equal number of times, one after another, there will be

no net accumulation of macroscopic strain. Consider a Shockley partial dislocation loop on a
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(111) plane with the Burgers vector = 1/6]211]. Figure 2.19llustrates such a dislocation

loop emitted from a grain boundary triple junction and deposited on other segments of the
grain boundary of a hexagonal grain. Part of the dislocation line segments parallel to grain
edgesAB and DE has pure screw character and can easily-slipsi the GB to the next

slip plane. On the next slip plang, can slip by itself under appropriate stress or produce

other dislocations via the following two reactions:

a ==, _ A=, = A=
—[211] =—=[121] +—[110], orb, =BA+b
~[217] = 3{121)+ J[110], or b, 2

%‘[211] 2 aé‘[ﬂz] +g[101], or b, =BC +b,

Figure 2.19 A Shockley partial dislocation loop with Burgers vector b1 emitted from a grain
boundary triple junction at E, grows, and deposits on other grain boundaries of a hexagonal grain.
Part of the dislocation line segmetarallel to grain edges AB and DE has pure screw character and

can move along the grain boundary to the next slip plane.
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Thus it is possible to randomly emit the three Shockley parbald)2 and bs, on the next
(111) slip plane. A global shear stressnot drive the three partials simultaneously. So what
drives thebsi, b2 and bs partial slip? It is argued that it is possible for these partials to
randomly nucleate and slip one at a time, driven lgnging local shear stressdhese
stresses could gnificantly differ from the global shear stress. The possibility of such
scenario is revealed by atomistic simulations under stress concentratidh®fz3Pa, which
is many times higher than the applied shear stress, neadtie of a stacking faylt36].
Furthermore, grain boundary sliding and grain rotation, significannhanocrystalline
materials, alter local stress stated/or change the orientation of the twinning gidia7].
These local stress variations can promote the random emission of partials. Other locations for
high local stress concentration include triple junctions, and grain bouledages
2.2.3.3 Cooperative slip of thegartials (CSTP)

This mechanism was first discovered in detwinning process of fcc materials under in
situ observation of deformation and verified by atomic simulation as[®&f#,139] Later
on, CSTP is also reported as the mechanism for twinnimgmocrystallinécc metals like
Cu and Ag[132,140] Figure 2.20ais a HRTEM micrograph ofa E3{ 112} coher e
boundary (ITB) in Cu, showing a repeatable pattern of atomic structures. Such ITB can be
represented as a set of Shockley partial dislocation on every {111} plane with a repeatable
sequencd2:bi:bs, whose sum of Burgers vectorakso zero. CSTP mechanism for twinning
i's based on the migrat i ofl383asdhowntinahe prbcessim o f t
Figure 2.20kd. The intial triple partialsarereadily emitted from energetic grain balaries

in nanocrystallinematerials, which is also proved by asditu observation141]. In the
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absence ofxdernal stress (Figure 2.20b), each groupripfe partialsare not far awayrom
each other(~1nm)to achieve their stress balanceedto the mutual interactions. In the
presence of an appropriate low external stress, one or two partials move ahead to propagate
the twin along the favorable direction while otfgetis prevented by the unfavorable stress
orientation (Figure 2.2Qc Under certain separation due to the propagation, the attraction
between Burgers vectors of the partials and the constraint from the new generated stacking
fault upon the propagation of moved partial(s) would drag the other partial(s) to catch up, as
shown inFigure 2.20d The triple partials will, again, reach the strbatancebetween each
other after one cycle of thesoa | | e d-d rlanmpdv epr oces s. This proc
under the drive of external stideag banmme ct her
can be also applied to the detwinning process. The favorable propagation direction for
twinning or detwinning is determined by the external stress and grain orierjis8&jn

CSTP mechanism requires a couple of conditions. First, the SFE of fcc materials
should be considerably lower to cause the separation of the partials. Sinsuttetien
indicatedthat theoperation of CSTP mechanism is easier in Cu and Ag but not favorable in
Al [139]. HigherSFE will make the dissociation of the triple partials much harder from a
perspective of energy. Second, the twin thickness is another factor affecting this process.
Experimental observation and computer simulation have revealed that thinner twins like
narometer twins are easier to propagate by CSTP mechanism because they have less excess

energieg§138].
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triple partial(s) move ahead under external stress, (d) the rest partial(s) catch up and reach the stress

balance again.

2.2.3.4Coexistence of RAP and CSTP in zsfm@in twinning

The twotheories on the formation of zestrain twins raise a critical issue: which
mechanism plays a major role in the formation of deformation twins with-stexim
nanocrystallinefcc metals? To solve this issu&/u et al. designeda layerby-layer

microstructure to suppress the RAP and to deter the grtation and grain boundary sliding
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of nanocrystallineCu grains during the deformatigh42]. In addition, thenancgrains are
textured to have their {111} planes parallel to the film surface, and the residual stress is
oriental to have resolved shear stress on one type of partial dislocations only. Such a
microstructure and stress state not only suppresses the RAP mechanisms, but also should
promote the CSTP mechanisihwas found that mackstrains were generated 56% of
the twinned Cu grains, which iswer thanprevious reports of dominance of zestoain
twinning in pure fcc metals like Ni and Cu. This result shows that with RAP suppressed,
zerostrain twins cease to dominate in guanocrystallineCu grains. This indirgtly proves
that the RAP mechanism played a significant role in producing deformation twins with zero
strain. The result also means that the CSTP mechanism accounted for at least 44% of the
deformation twins with zerstain in the current experiment, sugtyeg that CSTP should be
also a major mechanism for producing deformation twins with-geain.

Alternatively, another HRTEM studies nanocrystallineCu after tension shows two
kinds of ITB atomic structurefl32], where one is the FE3{112}
and the othr is a disordered ITB. These two various features are attributed to the operation
of CSTP and RAP processes, respectively. Their observation senasotheevidence to

support the coexistence of both mechanismmsamocrystallind=CC metals.

2.3 Laminate/gradient structures

Laminate/gradient structures have evolved over millions of years in biological world
to optimizethe multi-functionality of living organismg143,144]| For exampl e, [
that the shell of thdivalve Placuna placenta, a layered assembly of elonghéedond

shaped calcite crystals, is capable to simultaneously achieve penetration redis¢tdodbe
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pervasive nanoscale deformation twinning surrounding the penetration zone, which catalyzes
a wries of additional inelastic energy dissipating mechanisrtiee wake of thexistence of
dense interfaces in laminate structUde$5]. The advantage of laminate/gradient structures is
intuitively the full utilization of differing layer&omponentsby combining their unique
properties and therefore to maximize the overall mechanical performance like stiffness,
fracture toughness, energy dissipation, crack resistance aftletd 46 148].

Learning from nature,materials scientists are triggered to develop artificial

laminate/gradient materials to cater to the structural reopgint in practical applications.

2.3.1 Fabrication of laminate/gradient structures

Although laminate and gradient structures have a lot in common, the fabrication
approaches in | aboratory are not essentiall
introduce differentcurrent methods for laminate and gradient structures, including their
advantagdslisadvantages and validity
2.3.1.1 Overview of fabrication methods for metallic laminates

Earlier, Hussey et al. reported the successful fabricationc&tlraluminides layer
structures via the method wacuum plasma spraying and exothermisito reactiong149].
Xia et al. further found that the tensile strength of rmisti@rmetallic laminates increase with
the increase of volume fraction of intermetallic products, which is reasonable considering the
particle strengthening effeft50]. Through reaction between layers, the bonding strength is
usually not ideal to burden transverse loadiBiectional solidificationand arc casting
represent anther type of techniquasempting to produce metallic laminatefsom the

beginning process of materiald51i 153]. This method gave rise to sufficient bonding
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strength as the materials are always tickatea s a whol e. But, macr oscoc
consistent with the definition of laminate structudespite local satisfactioeposition is
another direction to go for metallic laminates and achieve certain sudeks5354,155]
More often, those laminates are typically referred as rlayer thin films.Implication of
this terminobgy is the difficulty of scaling up, i.e. deposition is, undoubtedly, beneficial to
scientific discovery of fundamental understandings of materials, but not suitable for the
production of bulk metallic laminateXher ed6r e al so s omeestlikei al s
high-pressure torsion, friction stir welding, single rolling to process laminates/sandwiches
with limited number of layergl56i 159].

One of the most promising techniques to fabricate bulk metallic laminates is
accumulative roll bnding (ARB), which was firstly reported by Saito et al. to process
various metals and alloys including commercial aluminumiVglalloy and interstitial free
steel [17]. The general procedure of ARB is diagrammatic represented in Figura 2.21
[17,160,161] Experimenters begin with an alternating stack of sheets of two metals/alloys
and then carry out the ARB process. Unlike conventional rolling, AfRd8ns the sample via
a cycle of rolling, cutting and restacking, and maintains the original sample dimensions. To
prevent oxide contamination at the interface during the entire process, a specific surface
treatment likewire brushing and cleaning is tygally necessary between cycles. By this way,
researchers have successfully fabricated a series of metallic laminates with controllable

various layer thickness even reduced to nanometer scale, as shown in Figure 2.21b.
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Figure 2.21 (a) Schematically representation of a typical accumulative roll bonding (ARB) process.
(b) A series of CtNb laminate composites with controllable layer thickness produced by the method

in (a).[160]

Anothercritical featureof ARB is the significant grain refinement it could prodbge
continuous cyclic processing, wh makes it an effective severe plastic deformation method
as well[160]. The efficient conversion of strains B by easily n cycles of processing also
leads to the sufficient bonding strength across lageecept the lastormed interfaceTaking
this advantage, ARB holds the capability of fabricating various bulk NS lrndtahinates

even in university labgl62i 164].
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Up to date, the limitation dhis technique for metallic laminates mostly relies on the
following issues. First, the edgeack gets easily initiated, especially at higher cycles. Some
materials, like AIMg alloy, are sensitive to those edgacks because they propagate readily
to the center of the sheets in thebsequentolling cycle[161]. Second, as a rule of thumb,
the last intedayer interface is not as strong as oth&rse the imposed strain is far less.

Last, the surface treatment between processing cycles is critical and sometimes troublesome.
Therefore, technically, some -psocessed laminates are not strictly free of contamination
across layers, which will throwffects on their mechanical propertid$5].

2.3.1.2 Overview of fabrication methods for gradient structures

Gradient structure is not a brandw concept for manufacturing. The conventional
shotpeening technique has something in common with this perception, more or less.
Howewe r shot peening doesndét purposely aim a°
surface, but providing compressive stress to avoid the crack initiahdnimprove the
fatigue property[166]. Ther ef or e, conventional shot peen
established method but inspired the community to generate gradient structures by modifying
this approach at early attempts.

Assisted with ultrasonic generation, shot peening process could becmre
efficient by dramatically increasing the frequency of ball impacts. J. Lu and K. Lu first
proposed this idea in late of 1990€7,168] Further studies shown that microstruetiand
properties oprocessed samples could be tuned by the material, size, velocity and amount of
the impact ball§169]. Another earlier attempt to achieve surface nanocrystallizatitreis

so-called air blast shot peening, which, typically, uses compressed air to shoot the steel balls
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to achieve powerful impacts on specimen and indutermi@tion and refinemeni70,171]

The detailed comparisons of two early techniques are summarized in Tablet2@s wor t h
note the ultrasonic shot peenirggnot limited to the 20 kHz frequency and further modified

to lower frequency like 50 Hz and the processing chamber is also flexible so that some

specificrequirement can bgatisfied as well172,173]

Table 23 Comparison of conditions of air blast shot peening and ultrasonic shot pgefiihg

Air blast shot peening Ultrasonic shot peening
Shot '
\ Schmatic ?
. E QQ illustration ?
A1£’ of %
- equipment Sonotrode
100 190 o {20k
¢ 0.05, 0.3 mm Shot size ¢ 0.4 mm
High (> 100 m/s ) . Low (<20 m/s)
Velocity distribution - Small | ShOtVelocity |y o ity distribution - Large
Single-direction (~ 90°) dll?elc) :lif)tn Multi-direction
100, 170 % / s Coverage rate 209% /s

In addition to the modification of shot peening, other advanced techniques als
achieve success in fabricating gradient structures, mainly by introducing a surface
nanocrystallization layeto the CG matrix. For example, Li et §L74] reported a novel
machineinduced plastic deformation method to create surface nanocrystallization, which is
called surface mechanical grinding treatmdédsically, it employsa machining tool tip to

produce large shear strains (typically 2~10) as weHigis strain rate (up to #01C° s?) in
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zones ahead of the tipWVith increasing the size of the tip, structural refinement in the surface
layer of the ground materials is anticipated due to the severe surface plastic deformation and
therefore a gradientrsicture from the surface to the material interior is expedtad key
idea of surface mechanical grinding treatment is conceptually illustrated in Figure 2.22.
Gradient structures fabricated by this method have been reported in Cu, Ni, interstitial free
steel and various alloy$5,174 177].

Other techniques like friction slidingvire brushingand frictionstir processinglso
achieve some encouraging results in modifying the surface microstructure, especially grain
refinement[178i 180]. But generally, the hitherto most popular techniques for producing

bulk gradient structures in metals and alloys are the first mentioned two.

V2
= WC/Co tip
Sample Vi

Deformed layer

Sample

Figure 2.22 Schematic illustration of the surface mechanical grinding treatmeanpsatd the plastic

deformation layer induced by the tool tjh74]



52

2.3.2 Mechanicaproperties of laminate/gradient structures

Generally, investigation of mechanical properties of laminate/gradient metallic
structures is cuttingedge field witha growing bodyof studies[89,181] We o6 | | devot e
subsections to describe their properties researches, separately. Laminate and gradient
structures have much in common with respect to fundamental understandingswilltheh
detailed addressed further. But the reason for the separated deschiptens the different
judgment standardsf mechanicalpropertiesfor these two structuredJsually for laminate
metallic structures, two or morenaterials with various chewcal compositions like
aluminum alloy and steel, titanium and its alloy, etc., are processed to{EB2et84)
Therefore, the most popular approach to tell better performance is to compare the mechanical
properties acrossamples withdifferent total layer numbers/layer thicknessan individual
research Due to the technical difficultieand different experimental detailsare studies
made direct comparisonscross different groups for the same laminate componénts.
contrast, for graént structures, most studies so far focugtenfabrication with one single
material component[75,147,175,177] Not surprising, peoplecould readily make
comparisons across all the historical results for this material with various processing and
microstructures. Two different methodf assessmenthave different concentrations and
someaimestheir conclusions are not comparable to each other.
2.3.2.1 Controversial results in laminate structures

As mentioned in previous section, the most used way to make macroscopic laminate
metallic structures i&RB, which will be the focus of followig results in comparisons. The

resultedrelationship betweemnechanical properties, including strength and ductibiyd
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layer numbers/layer thicknes$ laminate samples reallydependentDifferent processing
routes, base materials, preatments an@ven operation details will significantly influence
the relationship and mask their fundament al
absolute statement on this issue and we list some of the literature results for refégemee.

2.23 shows two diffient trends between mechanical properties versus various ARB cycles. It
seems widely accepted that the strength of the laminates is generally increased with the
increase of ARB cycles, i.e. fewer layer thickness. However, the ductility or uniform
elongatim is largely controversial. Figure 2.23a shows a slight increase, or least no obvious
drop, of the elongation with increasing ARB cycles in Al/Cu lamin§i88]. While Figure

2.23b indicates a distinct trend in Al /AR%Si laminate composites: ductility significantly
dropped with more ARB aJes [185]. These two dataset are representatives of copious

results from ARB processing and trulyepent the two general trend86i 189].
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|l tds worth to bear i n mind t ha-proceshig pr es
after ARB, which would add complication to the comparisdowever, post annealing is
sometimes preferred for the specific scientific purpose in research. An example will be
shown in Chapter 6 and 7.
2.3.2.2 Beyond ruleof-mixture in gradient structures

Unlike the disputable observations in laminate structhiemechanical properties in
gradient structures have been found, in most cases, better off than their conventional
counterparts. Researches on pure Cu and interstitial free steel show a great improvement of
the overall mechanical performance by elevatimg strength without noticeable sacrifice of
ductility in tension. These results are summarized in Figure -h2Kate that both gradient
structures embrace a particular nanocrystallized surface layer, which was considered to make
extraordinary contributin to the observed strength. Meanwhile, the considerable retainment
of the ductility is found as a unique characteristic of gradient structures, whose mechanism is
still not fully understood.

Lu et al. has proposed that the combination of strength anditguof gradient
structures wil|l reshape the traditional Abal
outward curve rather than inward one, as shown in Figure [BZ5 The advantage of
gradient structures is not simply trading off the balance between two critical properties, but
maximizing and achieving one superior combination of them under certain microstructure
design. Gradient structures have also been revealed other exceptional mechanical properties
like enhancing fatigue and wearing properties, which is not the focus here and thetreb

undergo detail§190,191]
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Figure 2.24 Tensile curves of gradient structures of pure (a) Cu and (b) interstitial free steel. Both

contain a NS surfad@5,147]

Ductility

Homogeneous
plastic deformation

Grain refinement
Strength

Figure 2.25 Conceptually illustration the strength/ductility relasbip in traditional homogeneous
microstructure and gradient structure: the strength of a metal is increase at an expense of ductility and
foll ows a typischaalp e dnow acrudr vfieb a(nbal-duatiliyy synddggime ver , st

achieved with gradientamograined (referred as GNG) structures (f8€l).
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2.3.3 Qurrent perspectives of deformation mechanisms in laminate/gradient structures

Laminatesand gradient structuremre puttogether in this dissertation because they
have a couple of microstructural features in comnférst, they both containdiscrepant
components within one material matrix, for example, differing grain size. As a natural result,
there exist heterogeneous interface across those microstructural discrepancies. Second in
mechanics,the material is not elastically or plasticallpnsistent as a wholeifferent
microstructures respond the deformation in various ways but eventually exhibit a collective
result. Both structures experience mechanical incompatibility and need to handle it during
deformation in away, which may have mangimilarities. The details of the deformation
physics is still under investigations and Chapter 6&7 of this dissertation will shed some lights
to this topic based on our observations.

The hitherto reported works have proposed several possible mechahanudaty
some roles in the deformation of laminate/gradient materials. Early work in gradient Cu
focuedthe interests on the mechanisms for the extended tensile ductility sfriaee NS
Cu. It was discovered that under the support of CG matrix, th€WNIS capable to continue
plastic deformation by mechanical grain growth, as shown in Figure 2.26. The post
deformation grain size distributisnfurther confirm that the extent of grain growth is
positively relatedto the undergoing strain levels. Fangaét proposed that the CG matrix
provided the most strain hardening during deformation provided and effectively suppressed
the emergence of strain localizatipfb]. Theeby it made room for the sustainable plastic
deformation for the very top NS laydrased onthe Considerecondition for plasticity

instability for tension
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Figure 2.26 (a) A brightfield TEM image showing the grain sizestlibution of topmost surface of
the gradient Cu. (b) The grain size distribution of the topmost layer of the sample after tensile
deformation with true strain of 33%. (c) Average grain size measurements in different sample

locations with various deformati strains[75]

Another important proposakgardingthe deformatiorphysics ingradient materials
emphasized the comprehensive effects from the whole structurag theideformation. Wu
et al. observed an tprn feature in strain hardening curve of a gradient interstitial free steel
sample during tensiofi47]. Interestingly, this wpurn feature is absent when the sample is
divided into two parts and tested both standal@ee Figure 2.27a)Nu believed that the
extraordinary hardening is caused by the interadbetmveenCG and NS componenthat
compose the whole gradient structure. They further supported this claim by the observation
of an extra stress state at lateral surface upon the incompatible deformation, as shown in
Figure 2.27bMo st recent !l vy, Wu 6 s wo rdured Tiindicated¢he o g e n e
microscopic details of the interaction between CG grains and surrounding finer grains, as

shown in Figure 2.27c. By measuring the back stress generated in cyclic tests, they proposed



58

that the interaction is implemented by batikes hardening, which generates more
dislocations at CG grains than homogeneous structures.

Researches on laminate structures also highlightalles of the bimetal interfacen
mechanical propertiesFor example,Misra et al. summarized the relationshiptween
strength and layer thickness in Cu/Nb laminates and proposed different deformation
mechanism for corresponding length sdal@2]. l'tés found that when t
realy small, saying a few nanometers, the conventional dislocatiorupikend dislocation
bowing breaks down and dislocations are not confined to the individual layer and trying to
perform interface crossing, which neadore activation stress and promotéghler strength
as observed. Although maostetalliclaminaes havendét reached such ex

shed lights on the understandings of the heterogeneous interface role in deformation.
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Generallyt her e6ére considerable reports on the
the design of laminate or gradient structures on mechanical proj&ég#497]. However,
the fundamentaldeformation mechanismregarding the laminate/gradient structures still
remairs quite blur despite someioneer studies like mentioned abovet 6 s &liticab o n e
interestof this dissertation in later chapters to provide some new perspeatidesvidences
on this issue. Last but not least, one should also keep in mind that laminate and gradient
structures have dissimilarities as wellhich may have been glossed over by the extensive
description of their similarities before. For laminate structure, the heterogeneous interfaces
are usually sharp and stationary during deformation while the interfaces in gradient structures
are assumed much sptber and sometimes invisible to microscopy during deformation
[75,198] Another difference is the macroscopic symmetry of the miscrostructure design.
Laminate structures are typically of periodic alteration of their microstructure arrangement
while gradient structures reged so far is mostly monotonically graded from interior to the
surface or vice versa. Theredor e adddferencgeot mu c

on mechanical performance, neither.
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Chapter 3

General Experimental Techniques

3.1 Sample Preparation

3.1.1 Nanocrystalline CtZn alloys
The raw ommercial CeZn alloys with different Zn conten€C2000:Cu-10wt.%Zn,
C23000: Cu-15wt.%Zn andC26000: Cu-30wt.%Zn) were purchased from Mcmast€arr

Supply Company http://www.mcmaster.cojn and Zoro [ttps://www.zoro.com)/ The

composition details of the aeceived raw materials are summarized in Table Bhk. as
received materials are homogenized underPCO@r 3hrsbefore further treatments. Disks
with diameter of 10 mm were punched from the raw materials with its original thickness,

following by mechanical polishing with series ofandpapesto the thickness of 1.5 mm.

Table 31 Conposition standards for the selected commeiabndCu-Zn alloys[199]

Cu (wt.%) Pb (wt.%) Fe (wt.%) Othes (Wt.%)  Zn (wt.%)

C11000 ©099. 9  —— 0. 10

C22000 89.0~91.0 d0.0f ©O0.0F - Balarced
C23000 84.0~86.0 d0.0€¢ ©O0.0F - Balanced
C26000 68.5~71.5 ©0. 07 ©OO0.0F 0OO0. 15 Balanced

The sample disks were put into a hcbsdt high-pressure torsion (HPT) machine
(seeFigure 3.1ab) and subjected to severe plastic deformaabmoom tempexturefor 6
revolutions at 1.5 rpmnder pressure of 1 GRaachieve most refinement at disk edges. An

example ofsampledisk before and after HPWas presented in Figure 8.IThese disks are


http://www.mcmaster.com/
https://www.zoro.com/
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original sample for researches in Chapter 4 and 5. The gemeraple for HPT operation is

to assure the material overflow to guarantee the full deformation of the sample.

Figure 3.1 (a) Overview of higkpressure torsion (constrained type) facility in lab. (b) The
magnification ofthe central part to hold the sample. (c) Typical sample geometries before and after

HPT processing

3.1.2 Nanostructured C+10Zn sandwiched by coarsgrained Cu

The sandwich laminates used in Chapter 6 is fabricated by incorporation HPT
technique with gpropriate rolling and annealingi-10mm disks with desired thickness
punched from pure C{99.9%)andCu-10wt.%Zn sheetaere carefully cleanedith acetone
and ethanol solutianin ultrasonic environment. Thereafter, three disks with the specific

order were placed together into the HPRamne and processed under abovementioned
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conditions except changing revolutions to 10. The sandwiches were then rolled by a mini
rolling machine in lab (Figure 3.2a) to the desired the thickness, followed by annealing at

240Q°C for 2hrs in vacuum tubfeirnace as shown in Figure 3.2b.

Figure 3.2 (a) Overview of mini rolling machine in lab for sample processing. (b) Overview of

vacuum tube furnace to perform necessary annealing.

3.1.3 Multilayered Cu/Cul0Zn laminates

The fabrication of multilayered Cu/Cul0Zn laminates is conductedrinHeinz
Werner Hopp&d s | a b, one of our c oWd appeciateatiieir kinel g r o u
assistance with lamate sample preparation bycamulative roll bonding(ARB). The
combination of original Cu and CulOZn sheets was processeddifiénent cycles of
rolling: 2, 3 and 5For the processing details and specific surface treatment between rolling
cycle, peaserefer their publicationpertinent toARB processing184,200,201] In order to

produce laminates with remarkable microstructditerences and further enhancing the


http://www.gmp.ww.uni-erlangen.de/people_show.php?id_p=3
http://www.gmp.ww.uni-erlangen.de/people_show.php?id_p=3
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bonding strengthafter ARB additional annealingreatmentunder 250C for 2hrswas

performed for all samplas the previously mentioned furnace
3.2 Mechanical Tests

3.2.1Uniaxial tension tests

To test tstiemgthsaadndpctiliy,udiaxial tension tests are conducted on a
Shimadzu AGS 20kNG machine with software of both simple tension and cyclic tension
programs (as shown in Figure 3.3a). In order to accommodate the specimen dimension in our
studies, a spefat tension grip (see inset in Figure 3.3a) is house built and incorporated with
the facility during tests. The typical midogbone shapetension samples were machined
by a Sherline CNC mill system (8600) with Linux software, as shown in Figure 3.3b. Th
codes for sample dimensions were individually programmed. One example of such code is
attached in final appendix. Pdsist analysis is assisted withaltabprogram to precisely and
objectively determine the uniform elongation, 0.2% offset yield streragid other

parameters in mechanics. An example aftlsbcode is attached at the end as well.

3.2.2 Micro-hardness tests

Micro-hardness testing is another tool to loosely characterize the mechanical
properties of metallic samples and sometimes used &xtdite extent of hardening after
deformation. The micrhardness tester for measurement is shown in Figure 3.3c. All
samples are mechanically polished to a mirror finish by sandpapers or SiC lipping films. The
loadings of the tester are carefully selectednatch and facilitate the comparisons across

samples.
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AUTOGRAPH

Figure 3.3 Overview of (a) Shimadzu AG30kNG uniaxial tension tester. (b) Sherline CNC mill
system (8600) to machine the dogne shaped tensile specimér).Micro-hardness testavith

loading variation from 10g to 200g.

3.3 Transmission Electron Microscopy (TEM)

3.3.1 TEM foil preparation

The TEM samples/foils in our studies are prepared in multiple ways dependent on the
original sample geometry, location senstijvin research. In Chapter 4&5, TEM samples
were firstly cut from the every edge of @n disk after HPT. The crossectional samples
were then polished via a MultiPrép polishing system from Allied High Tech Inc. (see
Figure 3.4a)By using SiC lippingifm with different grades, samples are finally polished to
a foil with thickness ~3@m. Foils were therarefully attached tai-3mm Cu or Mo rings
by superglue antn milled by Precision lon Polishing System (see Figure 3.4b) from Gatan
Inc. The millingprocess was under protectiohliquid nitrogen at50°C to avoid potential

grain growth.For CuZzn alloys, our recipe for ion mill was 4.0/3.5kV with high angle for
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rough mill and 3.2.5kV with low angle for fine milling till perforationThe resultededge

regions around the perforation wergually ready for the following observation under TEM.

Figure 3.4 Overview of (a)MultiPrepTM system from Allied High Tech. (b) Precision lon Polishing

System(PIPS)from Gatannc.

For location sensitive purpose like particular interface in laminate structures, another
techniquecalleFocused | on Beam WRISB)X mpl iMipitsamplesn t hat
underwent similar grinding and polishing process urMeattiPrep™ polishing system and
then were mounted in a FEI Quanta 3D FEG dgm instrumenias shown in Figure 3.5
The general procedures for FIB {dut technique are:

1. Locate the sample region of interest and deposit a thinéttflayprotection.

2. Bulk milling both sides of the Pt strip.
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3. U-shape cuts to the sample to prepare for theliftrelease.
4. Lift out the original sample foil by using the Onffriobe
5. Attach the original foil to sample grid and do final thinning

The applied voltage and current ofaGvary with proceeding steps. For samples
contain specific interface of interest, more cautions are needed to take care of different
milling rates of materials across interfaces. Appropriate additional millings are sometime
necessary to achievaectron tansparentegions for both sidesCrosssections of sample
after bulk milling with low current also provided great chances to image the microstructure
by lon Channeling Contrast Microscopy (ICCMECM under ionbeam modevith lower
current facilitates # overview of sample microstructure ardablesthe recognition of

various grain orientations, grain size and other microstructure details.

Figure 3.5 Overview ofa FEI Quanta 3D FEG dudleam system for both FIB lifiut techniqueand

EBSD observations
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3.3.2 TEM observation

Most TEM work of this dissertation was performed in a JEDAOF transmission
electron microscope operating at 20U at room temperature (Figure 3.6d)he high
resolution micrographs were mostly takaopng zone axis of <110> of Cu or &n alloys
under magnification more than 300k. The haigle annular darkeld (HAADF) images
were taken using an aberratioarrected FEITitan G2 microscope(see Figure 3.6b)
operated under 200 kV. Additionally, thEnergydisperse Xray Spectroscopy (EDS)
mapping was also acquired under this microscope for the region of int@testsicroscope
is equipped with four largare silicon drift detector system and a collection solid angle of 0.7
srad for the EDS signaletection, which facilitate resolving elemental identification with a
high spatial resolution. The EDS composition was analyzed using thd_@hifher method

in Bruker Esprit software.
3.4 Electron Back-Scattering Diffraction (EBSD) Microscopy

3.4.1 EBSD ample preparation

EBSD samples were prepared using electrochemical polishing plus slight ion mill to
clean the surface contamination. The electrolyte recipe of Cu andnCalloys for
electrochemical polishing is phosphoric acid (concentration of 85%@neitand deionized
water with volume fraction of 1:1:2. Before electrochemical polishing, samples were
carefully mechanically polished by MultiPrépsystem and arrived at a mirror surface. The
electrochemical polishing was performed under a simple Haugefacility where 301

stainless steel served as the cathode (as shown in Figure 3.7a). It took ~1 min to polish each
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sample for each sample to get grid of the most surface with strain. The applied voltage and
current were customized dependent on the adlimension. Samples were then placed into

a Fischione lon Mill instrument (Model 1060, as shown in Figure 3.7b) for further cleaning.
Milling process followed the recommended recipe for Cu and Cu alloys is available from the

instrument website. htp://www.fischione.com/model060-semmill -ion-milling-recipes

bulk-material3

Figure 3.6 Overview of (a) JEM2010F transmission elegon microscope and (b) aberration

corrected FEI Titan G2 microscope


http://www.fischione.com/model-1060-sem-mill-ion-milling-recipes-bulk-materials
http://www.fischione.com/model-1060-sem-mill-ion-milling-recipes-bulk-materials
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3.42 EBSD observation

The EBSD observations were performed in the abovementioned FEI Quanta 3D FEG
dualbeam instrument with backscattering electron detectors. The operating software for
EBSD tests was Aztec from Oxford instruments Inc. Most EBSD data were acquired under

20 kV and 16nA with appropriate step size and binning mode.

Figure 3.7 Overview of (a) housbuilt simple electrochemical polishing syst€b) Fischione lon

Mill instrument (Model 1060)



70

Chapter 4
Alloying Effect on Grain-Size Dependent Deformation Twinning

in Nanocrystalline Cu-Zn Alloys

Grainsize dependency of deformation twinning has been previously reported in
nanocrystalline fee-centereecubic metals, which results in an optimum grain size range for
twin formation.In this chapterfor the first time in experiments, the observed optimum grain
sizes for deformation twins in nanocrystalline-Bu alloys slightly increase with ineasing
Zn content. This result agrees with the reported trend but is much weaker than predicted by
stackingfault-energy based models. Our results indicate that alloying changes the
relationship between the stackifault and twinfault energy and therefe affects the
optimum grain size for deformation twinning. These observations should be also applicable

to other alloy systems.

4.1 Introduction

Twinning is a widely observed deformation mode in faestered cubic (FCC)
metals and alloys with nanomesgzed (<100nm) grains, even in metals that usually do not
deform by twinning at their coarggained state under quagatic strain rate and room
temperature[58,80,100,104,110,135,202]Twin boundaries are effective in inhibiting
dislocation slip and thereby increasing yield strength in a way sinoilgrain boundaries
[203/ 206]. Meanwhile, twin boundaries are able to interact with dislocations to f@ps s

and serve as dislocation sources for further plastic deformdtio85,138,207]In additions,
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twin boundaries can also act as effective locations for dislocation accumulatiam, wh
increases the strain hardening rate and equesntly improves the ductility90,97,100]
Therefore, deformation twinning has been found one of the most promising strategies to
simultaneously enhance strengtidaluctility in FCC materials.

The benefit of twinning in enhancing mechanical properties makes it a significant
issue in science and engineering of FCC nanocrystalline (NC) materials. Extensive studies
have revealed that the deformation twinning is mficed by both extrinsic deformation
conditions, including strain, strain rate, flow stress and temper§td®&208 211], and
intrinsic materials characteristics such as stackandf energy, general planar fault energies
(GPFE), crystal orientation and grain sigE0,105,121,212,213]Recent experimental
investigations have found that twinning propensity first increases thenadesravith
decreasing grain size in different FCC NC materials, indicating that there exists an optimal
grain size window for the formation of deformation twinigp( [107,116,214,215]This is
important to practical design of nanmaterials for superior mechanical properties since this
is the grain size window in which the twin structure is mosis{db0,116,121]

In the analytical model that predicted the optimal grain size for deformation twinning,
stackingfault energy is one of the most important factors that affect the opgraa size
[125,126] The model agrees reasonably well with experimental observations in pure FCC
metals[100,216] Generally, the optimal grain size for twinning increases with decreasing
stackingfault energy. The most effective way to change staetanij energy is by alloying.
However,there have been so far no systematic experimental studies on alloying effect on the

optimal grain size for deformation twinning. Recattinitio simulation on GPFE has
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uncovered some salient differences between pure metals and theifzlléy$or example,

the generally accepted relationship in pure FCC metais(stackingfault energy, SFE)

A Zwin (twin-fault energy), is no longer valid in their alloys due to the inhomogeneous
distribution of soluteg217i 219]. In other words, the configuration of grasize effect on
deformation twinning in alloys may differ from the predictions of the reported model.

In this chaper, CuZn alloys were deformed and refined to nanometer grain sizes by
high-pressure torsion (HPT). By changing the Zn compositions and deforming under
identical conditions, we were able to systematically investigate the effect of alloying on
grainsize deendent twinning propensity arttie optimal grain size for twinningn NC

materials.

4.2 Experimental Method

Commercial C-10wt.%Zn Cu-15wt.%Zn and Cu-30wt.%Zn plates with coarse
grains were punched infe10mm disks, which were subjected to HPT for 6 revolutions with
an imposed pressure of 1GPa at 1.5rpm. The grain size distributions were characterized in a
JEOL-2010F Transmission Electron Microscope (TEM) operated at 200kV. Statistical
analysis of deformtion twins was conducted by higbsolution electron microscopy
(HREM) observation of at least 170 grains in each sample. All TEM samples were cut from
the very edge of adPTed disks as this is the region with the greatest degree of grain
refinement. Saples were subsequently mechanical polished and ion milled. Theoretical
critical stress anthe optimal grain size for twinninip each alloy were calculated through
previously proposed model based on pure metals, which helps to identify the influence of

alloying and establish correlations with experimental results.
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4.3 Results and Discussions

Figure4.1 shows the typical brighteld TEM images and diffraction pattern§three
alloys after HPT for 6 revolutions at room temperature. All samples have atisigngicant
grain refinement to nanscale compared to raw materialfie simple shear strain at edge of
HPT-ed is sufficient enough to make microstructure evolution reach the equilibrium in our
samples compared with previous studi220]. But the microstructure morphologies vary
slightly in differentalloys. Some elongated grains are present irfl@n while the major
constituent of C+80Zn microstructure is equiaxed grain. This is probably ascribed to their
various SFEs, which will determine different capabilities of the formation of subgrain
boundaies during the deformation and refinem§21,222] I t 6s wdaeformbationt o not
twins are frequently seen in-psocessed samples (marked by white arrow in Figute
Insets are corresponding diffraction patterns. Thesgmce of cluster diffraction spots and
rings imply almost random misorientations of grains. Despite the minor discontinuity of
di ffraction rings, thereds no prevailing te:
are consistent with previous wsof Cu after high strain torsiof220]. Figure4.1d-f are
statistical grairsize distributions in each material, indicating the average grain sizes are
77nm, 53nm and 43nm for €i0Zn, Cul5Zn and CeB0OZn, respectivelyGrain size is
determined by geometric mean of its long and short dimensiores.diference among
effectiveness of refinement in alloys is related to their JEE& 225]. Note that large grain
size range from below 10nm to more than 100nm allow us to perform catatistical

analysis of grain size dependent twinning in each material.
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Figure 4.1 Bright-field TEM images of (a) Gd0Zn, (b) Cul5Zn and (c) C+80Zn show HPJed
microstructures containing naisize grains and deformationitg. Insets are corresponding selected
area diffraction patterns. Statistical grain size distributions of ()@, (e) Cul5Zn and (f) Cu

30Zn show considerable proportions of namains for statistical analysis.

HREM images in Figuretl.2ac depict three typical twin morphologies in €&n
alloys, which were counted as deformation twins in statistical analysis. F@areshows a
deformation twin with both ends terminated at grain boundaries (GBs) (as indicated by white
asterisks in the inset), whidk typical in NC materials. Nerquilibrium GBs with high
energy usually exist in severely deformed NC sam{lé226] They can serve as sources

for partial emissions and promote the nucleation of deformation twins by readily overcoming
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the barrier of unstable stackiufigult energy and unstable twfault energy{57,100,227,228]
Therefore, the other two important parameters in GPFE curve: 35 40d twinfault
energy @win) Will dominate the twinning propensity in such scen#ti®6,229] Figure4.2b
shows a deformation twin terminated in the grain interior (marked by white dots). Such
features appear in these sam@lad provide evidence for the formation mechanisipeofial
emission from GB[228], which is the basis for following model analysis. Figdr2c
illustrates adeformation twin with migrated coherent twin boundary that was formed by
interactions with other defects such as Shockley partials. As mentioned in the introduction,
twin boundaries can also act as defect source to emit Shockley péfiglse 4.20-f
demonstrate specific locations (dotted squares) of these three deformation twins at
corresponding nangrains. Note that all of themare bounded by GBs (as marked by
asterisks), which is the most frequently observed in this stimy.provides the fundamexit
basis for the semgquantitative model that will be discussed later. It should also be clarified
that not all twin structures in FCC could be revealed on any single <110> zone axis under
HREM because only those with the right orientation can be obs¢id$]. However,
statistical results of deformation twifrem large sampleare still informative and qualitative
comparisons are valid

Figure 4.3 shows the statistical histogram of randomly observedgrams and
those with deformation twins, as well as the corresponding fractions of grains with
deformation twins versus grain side.order to keep the consistency of all statistical results,
additional precautions are taken to leave out those grains with severely lentieydar(se.

long dimension/short dimension >2).
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Figure 4.2 Typical twinning morphologies in deformed NC-Zu alloys: (a) Deformation twins

across the whole grain. (b) Deformation twin terminated in the grain interiorefojrBation twin

highly interacted with other defects. Specific locations in correspondinggrams are shown in

(d)-(f). Note all twins are bounded by GBs, as shown by asterisks.

Table 41 Parameters and results in caltigias of the mode230,231]

Material gr(md/in?) a(A) G(GPa) n op (NM)
Cul0Zn 35 3.64 44 0.307 44
Cul5Zn 25 3.65 44 0.307 72
Cu30Zn 14 3.69 40 0.375 144
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Figure 4.3 Statistical analysis of randomly observed ngnains and their twinning propensities.
Grainsize distributions of all observed grains (blue bar) and those with twins (red bar) in (a) Cu
10Zn, (c) Cul5Zn, (e) Cu30Zn. Correspondinfyactions of grains with twins in (b) GL0Zn, (d)
Cu-15Zn, (f) Cu30Zn, including total fraction (number at top right) and those of each size region

(blue bar).

As a resultfhe total fraction of twinned grains, which can be used as an indicator ofrtg/inn
propensity, increases (0.36 to 0.46) with increasing Zn content, which is also consistent with
GPFE effect on twinning215,228,229] Fraction (Figure4.3b, d, f) plots also indicate a
similar trend of the effect of alloying. In all three NC alloys, with decreasing grain size, the
twinning propensity first increases and then decreases after certain grain sizes, i.e. there is an

optimum grain sizedop for twinningfor each alloy. Thel,p for twinning is estimated by the
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location of fraction peak (black arrows in Figut8), showing 35nm, 45nm and 56nm for
Cu-10Zn, Cul5Zn and CGB80Zn, respectively. This indicates an increaseddpn with
increasing Zn content, which has never been systematically reported before.

An analytical model has been developed to analyze the grain size effect on twinning
propensity in FCC NC materiald25,126] This model is based on classical dislocation
theory and the assumption that leading Shockley partials are readily emitted from energetic

GBs, which agrees with the case in this work. The crist@sses for twin nucleatiotfin)

and trailing partial#wail) to remove the first twin partial are expressedtalse( screwsystem

asanexampl€/126])
t =—=22 J2d (4.1)
2«/_60d sina a
p =6 gcald- %) Jad g (42)
™ cofa- 30)g4& (- Hd  a a

whereG is the shear modulugi s t he P o dssshe BREg is theaandledetween

the applied shear stress and the dislocation i the lattice parameted,is the grain size.
Deformation twins are statistically promoted under the conditidiaw@K firai. ASsuming the

grains are randomly oriented and the orientation distribution are the same for grains in all

size ranges, the optimum grain size for twinrdggcan be obtained by solving

d, _ 969-n G&
|n(\j§dop/a) 253.66{]:/7) o

(4.3)

The parameters used in model calculations are listed in Babli230,231] The

comparison between model calculations and the experimental results is summarizecein Figur
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44. It can be concluded that the trend of alloying effect on optimum grain size for
deformation twinning dop) is consistent in models and experimental observatidgs:
increases with the increase of Zn content. However, experimental results indroadéex

effect as predicted by calculations. For-81Zn, dopis only around 56nm, which is a much
smaller increase than predicted by models (144nm). The mechanisms underneath these two
features are elucidated below.

First, increase in solute contentsdeao larger optimum grain size for deformation
twinning. As indicated in the modedyp is determined whetwin and frail are equivant. It
can be inferred from E6.1 and6.2 that SFE primarily affectsrai by eliminating the formed
stacking fault.Therefore, when SFE is decreased, more stress is required to remove the
generated fault, i.e. highefi. In contrast, most other material parameters, like shear
modul us, Poi ssonbs ratio and | attice spar ame
seen in Tabld.1l. Consequently, as shown in solid plots of Figufe more solutes in alloys
will cause the shift oflop to higher region by decreasing SFE.

Second, the shift adop is not as severe as speculated by model calculations. We note
that tke analytical model originates from pure FCC metals. The quoted relation in this
analysis isgsrd Zwin, Which is derived from hartall models and applicable to most pure
FCC metald33,234] In reality, solute atoms are not homogeneously distributed in alloys.
They pefer to locally reside near or away ttee planar fault, i.e.hie weltkknown Suzuki
effect [33,235] As a result, recenab-initio calculations have revealed that actual alloy

systems deviate fronhis relationshig217,219,236]namely
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Figure 44 Summary of experimental results and model predictidrogptimum grain sizes (dop) for

deformation twinning in different nanocrytalline @mn alloys vs. their Zn compositions
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For example, @uwinis higher than the intrinsic SF&F when Cu are alloyed with Al atoms
[219,237] In addition, simulations also implicate th#tis discrepancy becomes more
significantwith increasingAl composition[236]. For materials in our studiegrevious work
has indicated the Suzuki segregation is operative even under room temperatregs
alloy [238], proving the validity of Egt.4in Cu-Zn alloys here. Therefore, one can envision
that the energy barrier to form a deformation twin (two interfaces, ggs)ds not exactly
identical to that of erasing a single stacking fag)( especilly for the highly alloyed

materials (CeB0Zn).
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Figure 45 Modelbased stress calculation (solid lines) of twinning partiah) and trailing partial
(twan) and resulted optimum grain sizekyf for deformation twinnig in CuZn alloys. Daskdot
curves schematically represent the modifications due to the inequadiiy dBwin in alloy systems

and therefore modified optimum grain sizks

Hence, the abovementioned elembased model requires modifications to irpmate
alloying effects. We are currently working on this issue aehd topublish the modified
model in the futureHere, we demonstrate a qualitative modification. As schematically
presented in the dasiot plots in Figuret.5, the change ofwin curve results in the shift of
dop. Based on experimental resultsgw2 should be larger thamgr when Zn is locally

segregated around planar fault, de, shift to small size in each alloy. Since this effect could
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be amplified with increasing solute coogition due to more chance of preferential and
inhomogeneous segregatiof®36], it is reasonable for Cu30Zn to exhibit maximum

deviation ofdop from model predictions (see the tremdHigure4.4-4.5).

4.4 Chapter Conclusion

In summary, deformatictwinning propensities in NC Cdn alloys were
systematically studied by HREM. Statistical results reveal a significantgrrand inverse
grainsize effect on twinnablity in alalloys, indicating an optimal gain size window for
deformation twinning in nangrains. Also, alloying is found to affect the optimum grain size
for twinning, making it deviate from what is predicted by an analytical model developed for
pure FCC metals, vdre the twin boundary energy is assumed to be half of the stacking fault
energy. However, in an alloy system, this assumption of energy relationship is no longer
valid, which is the primary reason for the observed deviation. These observations should be

applicable to other alloys systems.
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Chapter 5
Stacking-Fault Energy Effect on Zero-Strain Deformation

Twinning in Nanocrystalline Cu-Zn Alloys

It has been reported that most deformation twins in nanocrystallinecéateree
cubic metals do not produeeacroscopic strain. In this chapter, we report the decrease of
zerostrain deformation twinning with decreasing stackiaglt energy. One of the two major
mechanisms that produce zetoain twinning iscooperativeslip of three partials under
external aplied stress. Lower stackirffgult energy weakens this mechanism and statistically

reduces the fraction of twins with zestrain.

5.1 Introduction

In conventional coarsgrained metals, deformation twinning is usually accompanied
by macroscopic straif80,100] This was considered a characteristic of twinning for over half
century because all of the conventional twinning mechanisms in epaised materials,
including pole, prismatic glide, faulted dipole, etc. require the slips iohtag partials with
the same Burgers vector on consecutive slip pl§lti&3,239,240] As a result, deformation
twinning always generates a macroscopic strain. Recentlyshaio deformation twinning
has been widely fouhin nanocrystalline (NC) faeeentereecubic (FCC) metals and alloys
and even in a few coarggained material$130i 132,140,202,241] Zerostrain twins are
generated via twinning partials with different Burgers vectors, whose sum ig@8ioThey

could affect the mechanical behavior and microstructural evolution of NC metals. For
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example, istead of locally accumulating macroscopic strain in twinned grains;saeio
twins participate in plastic deformation by-@denting the lattice without producing jagged
GBs, which makes it easy for grains to rotate and gligéng further deformatiofl30].
Another salient feature of zestrain twins is the easy migration of incoherent twin
boundaries (ITBs) under slight external s$rf39,140] This feature is believed to play a
critical role in strain softeninfl38,207]

Two major mechanisms have been proposed for deformation twinning enth z
strain in NC FCC metals. Wu et al. proposed that random activation of partials (RAP) was
the mechanism for their observation of zetmin twins in severely deformed NC metals
such as Ni, Cu and A[130,228] It was hypothesized thaShockley partials were
individually activated on neighboring slip planes. Due to the random nature of the partials,
the sum of their Burgers vectors is close to zero. Experimental observations and molecular
dynamics simulations revealed another importaatimnism, named as cooperative slip of
three partials (CSTP), which generates a twin by cooperative slip of three different partials on
three adjacent plang$39i 141,242] wherebi+b2+bs=0. The twin propagates through the
movement of the x3{112} I TBs controlled by
partials, which igiraigmplmechahnl ed.t E@pe@mdveal
are driven by applied stress whileethest is dragged along due to the stackaudt energy
(SFE) and/or twin fault energy. Both mechanisms were found to play a significant role in
zerostrain twinning in NC Cu, which has medium stacking fault eng20].

In the CSTP mechanism, SFEE assumedto play a critical role while the RAP

mechanism is not affected much. However, their comprehensive influence ostra@ro
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twinning has not been experimentally investigated. The objective of this study is to
systematicallyinvestigate the SFE effect on zestain twinning and the underlying
mechanism. Alloying is an effective approach to change[3&8. Cu-Zn alloys are selected

for this study.

5.2 Experimental M ethod

Commercial Cu-10wt.%2Zn, Cul5wt.%Zn and Ct80wt.%Zn plates were pundadhe
into f-10mm disks, which were subjected to HPT for 6 revolutiom$er the same pressure
of 1 GPa at 1.5 rpm. Transmission Electron Microscopy (TEM) foils were made from the
very edge of the HRprocessed disks. Each TEM foil was ion milled under the protecfion
liquid nitrogen. The temperature was set-A0(°C to prevent potential grain growth.
Statistical analysis of macroscopic strains and thicknesses of deformation twins was
conducted by highesolution transmission electron microscopy (HRTEM) observaticat
least 170 grains in each samplEhe average grain size is 40~50nm for all samples
[244].Vickers micrehardness tests were performed to estimate the applied stress in each

sample.

5.3 Results and Discussions

The morphology of a grain boundary (GB) segment intercepted by a deformation twin
is a good indicator on whethertwin produces straifit00]. Smooth GB implies a net zero
macroscopic strain and vice verga.few other factors including GB shuffling and free
volume migration may also affect the GB smoothness. However, assuming those factors

affect the GB smoothness in an unbiased way, they do not hinder our statistical study here.
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Figure5.1 shows typical structures of GBs intercepted by deformatiors. GBs with kinks
correspond to twins that produce macroscopic strain, while those wkih&atcorrespond to
zerostrain twins. Figure$.lac clearly show grakiboundary kinks in three Cdn alloys
(marked by dots and arrows). The various kink angles depend on both the view orientations
under TEM and sum of Burgers vectors for the partias ¢bntribute to the twin formation
[100]. As seen in FigureS.1d-f, zerastrain twins are also observed in all NC alloys, which
are consistent with early repofts31,132,202.

Statistical analysis shows the fractions of twins with strain andstem twins in
Figure5.2a. As shown, zerstrain twins outnumber twins with strain in the-CZn sample
whereas the opposite is true in the-8lZn sample. In other words, theadtion of zere
strain twins is reduced in the Ie8FE NC Cu30Zn alloy (Figures.2b).

For those zerstrain deformation twins, their ITBs terminated in the grain interior
indicate how they were generat¢i35,139,141] The CSTP mechanism is operated by
cooperative slip of three partialsi( b2 andbs) on three slip f[anes. This feature gives rise to
x 3 { 1 mBs}with periodic atomic structures, as shown in FiguBa. In contrast, another
kind of ITB is shown in Figur&.3b. This ITBis not periodian atomic structure, which is
probably generated by the RAP mechanism because RAP randomly gertezgpestitls.
Analysis of such ITB structures is helpful to understand the fundamentals of how intrinsic

properties and extrinsic conditions affect the formation of-g&ain twins.
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Figure 5.1 Typical highresolution TEM inages of deformation twins with macroscopic strains in
NC (a) Cul0Zn, (b) Cul5Zn, (c) Cu30Zn and zerstrain twins in (d) CtL0Zn, (e) Cul5Zn, (f)
Cu-30Zn. Solid lines mark the matrbwin relationships. The twh&B interceptions are highlighted

to indcate the macroscopic strain or the lack of it.
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Figure 5.2 (a) Fraction of zeratrain deformation twins in each @n alloy. Red bars stands for
fraction of zerestrain twins and blue bars stands for twins with macrosa@m. (b) Fractions of

zerostrain deformation twins and stackifaylt energy (blue) in Gin alloys.

Figuresb.3c-e are HRTEM images dffBs with the CSTP feature in €0Zn. Such
features are also present in other two all®sting the twin propagato n x3{112} |
split and a periodic atomic sequence is generated due to the local stress [Rdl2jheehich
is identified by the extra spots inrcesponding fast Fourier transforms (FFT) (inset of Figure
5.3e) compared to typical FCC <110> pattern. By carefully locating the exact ITBs (marked
by dotted lines), we measured the split length and found that it varies from twin to twin.
When free of loal stress, the neaquilibrium length should not be too different from that of
pure Cu, which is 0.8nf131,139] This is consistent with what is shown in Figbt&c with
a split length of only 0.88nm. However, this split length is susceptible to local stress
fluctuation. Much longer split length such as 3.7 nm and 18.3 nm are shown in E@aFes

eltds noteworthy that 18.3 nm [13H140mnc€h | onger
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Figure 5.3 Typical atomic morphology of ITBs of zesirain twins in the Gd0Zn alloy: (a) with
periodicity: x3{112} | ToBf, x(3b{)1 w2}t hloTuBs puenrd eord i(ca)
to (b, c) lower residual stress under equilibrium states-deémmed nangrains. Inset in (c) is FFT

pattern for the extended ITB, confirming the existence of periodic structure by extra spots.
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alloys andmay represent an extreme case. More importantly, such evidence is a strong clue
to even more extreme cases: breakdowns of ITB equilibrium. This is a reasonable hypothesis
in our samples during severe plastic deformation, which is also verified by appéed str

estimation later.

Figuress4dac ar e schematic il lustrations of th

a possible mechanisto explain the shrinkage of zestrain twin proportion in IowSFE
samples. At stage A, energetic GBs of ngnains caused by severe plastic deformation
nucleaeé a twin readily and a temporary neguilibrium ITB is generated at the twin front.
The wunstable SFE, anot her critical factor
much because the naguilibrium GBs contain dissociated dislocations alrda@g]. Stage

B depicts the stable propagation of this twin frontier under appropriate external stress. During
this stage, one dwo partials(taking b1 for example andhereaftemamed aseading partial)

moved ahead to propagate the twin. There are two major constraint forces against the
separation of this leading partial from the other two: interaction between dislocations with
different Burgers vectors and the SFE. Obviously, the longer the split length of ITB is, the
weaker the attraction is from the other two partials. Therefore, stacking fault constraint (blue
lines) plays a more important role in balancing ITB as the splithebecomes larger. Lower

SFE will decrease the mutual constraint within eacitay@r and may destroy the stress
guastequilibrium In addition, if the grain size is reduced to nano scale and comparable to
the split | ength, ied fdr thé breakmi@vn of LB eqoildoniueds gp o s s i b
result, leading partial has more chance to independently extend and be absorbed by the

opposite GB before the other two partials catch up. The other two partials will be prevented

t
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from gliding by local stressnal leave a periodic structure at GB, which is composed of the
same partial on every three atomic planes, shown in Figdce The ITB equilibrium breaks
down and the original zesstrain twinning nucleus disappears. This hypothesis is consistent
with obsevations of such debris of periodic structure terminated at GB in th&0Zn
sample (shown in Figurg4d). Lower magnified inset of the GB indicates the generation of
macroscopic strain as expected. Figh#e is the FFT of the selected region in Figbiz,
further confirming the same periodic structure in Fig&i@e. The final structure of this
process may not be exactly the same as stage C because extended leading partial may interact
with other existing defects onthe wgM]. Lower SFE makérsaddipr dipnoy &t
less favorable and statistically reduces the proportion ofstesin twins as shown in Figure
5.2. On the other hand, even for the lowest SFE iR3QUZ n , thereds stildl
proportion of zeres t r ai n t wins during def ormati on. I
proportion so fsi5@.nThi$§ is ceasoralleyb@causenlowériSER onky
influences CSTP mechanism while RAP is still free to operate in NC materials and generate
zerostrain twing[202].

Note that there is possible segregation of Zn solute atoms to the GBs and stacking
faults, which may be affected lblye Zn concentrationlf Zn segregation significantly affects
the nucleation of | TB6s or its migration, t
CSTP mechanisms. The experimental observation that the CSTP mechanism is suppressed
while the RAP melganism is not suggests that the effect of the solute segregation is less
significant than the SFE effect.

Another concern is whether applied stress is sufficient to activate CSTP mechanism
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in our experiments. khough the net force exerted on propagatifig is nearly zero, it still
needs a threshol d shedaragot ri8satSeltogcally, ttha r t
threshold driving shear stress for CSTP inLualloys shald be lower than that in Cu
(~100MPa) [245] since their SFEs are lower and probably comparable to that of Ag
(<100MPa)[140]. The applied shear stressdastimated from Vicker hardness (Taldd),
which is calculated by dividing hardness value by an empirical coeffii2d6{ and Taylor
factor for FCC.The applied shear stressa® ~300MPa in the Gn NC alloys, whichare
suficient to initiate CSTP in all samplek addition, recent study also indicates that thinner
twins with thickness of a few nanometavdl promote the CSTP mechanisbecause they
have more excess energi@88]. Statistics of twin lamella thickness in observed twins are
listed in Table5.1. Clearly, average twin thickness in all materiate 3~4nmwith only a

slight change

Table 51 Experimental applied shear stress, stackingdt energy, observed average twin thickness

in NC CuZn alloys[33,140,230,245]

Materials CulOzah Cul5Zn  Cu30Zn Cu Ag
SFE (mJ/r) 35 25 14 45 16
Stress (MPa) Applied shear stress Stress to initiate CSTI

275 291 334 ~100 <100

Twin thickness 4.1 3.7 3.1

t

h
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(a) Stage A (b) Stage B (c) Stage C

near equilibrium external stress

b2
o Thl
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tho—>SF —

Thl
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Nulceated ITB

Nano-grain

Figure 5.4 (ac) Schematicli| ustrati on of breakdownrgramFGQGCcess of
materials with low SFE. (d) HRTEM observation of periodic structure at GB in tHEOZu alloy.
Inset is the low magnified GB image to show the macroscopic strain. (e) FFT result of ¢texisele

region in (d), showing the same pattern in Figure 5.3e.

5.4 Chapter Conclusion

In summary, lower SFE will decrease the fraction of z#rain twins. This
observation is attributed to the weakening of the CSTP mechanism forstearo
deformation tvinning based on observation of atomic structures of ITB. Lower SFE has
statistically more chance to induce the breakdown of stress balance between partials, which

deactivates CSTP mechanism and therefore leads & foaction of zerestrain twins.



94

Chapter 6
Strain Hardening and Ductility in a Coarse-Grain/Nanostructure

Laminate Material

A laminate structure with a nanostructured-1I0xn layer sandwiched between two
coarsegrained Cu layers was produced by hmgkssure torsiontolling and annealing.
Sharp interlayerinterfaces were developed andremained safe during uniform tensile
deformation. Mechanical incompatibility between the different layers during plastic
deformation produced high strain hardening, which led to a tensile ductility thathisr hig
than prediction by the rulef-mixture. These observations provide insight into the
architectural design and deformation studies of materials with gradient and laminate

structures.

6.1 Introduction

Gradient structures (GS) with a graize gradienhave beemecently introducedo
structural materials to optimize their mechanical propertieswith low cost
[75,147,198,247,248]To date, some exceptional combination esthanced strengtand
considerable ductilityare reported in different material systems with multiscale giam
structures [89,194,196,249] including GS and muHiayered materials. Howeverhd
fundamental principles that govern the deformation behaviors of GS are still not fully
understood [75,147] Elastic/plastic interface and stable/unstable interface caused by

mechanical incompatibility during deformation have been repddaeiay a critical role in
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both strengthening and strain hardening of GS matdfidl§198] However, such interfaces
migrate dynamically during the deformation of GS, which makes it hard to perform
guantitative postmortem investigatiq75,148,198] In fact, GS can be approximately
regarded as the integration of numerous layers and interfaces (laminate strid&8te)
Therefore, there are some similaritiestie deformation behaviors of GS structures and
laminate structures. For example, both structures have the mechanical incompatibility during
the deformation. The advantage of the latter is that its interfaces are stafid@jrgnd can
be easily located after the deformation, making it easier to analyze quantitative mechanic
and investigate postmortem microstructures. Therefore, it might be possible to use laminated
(or sandwiched) structures to study some fundamentals in deformation behaviors of GS
structure.

The fabrication of laminated nanostructured (NS)/cegraged(CG) structures with
sharp interfaces is also a challenge since interfacial strength and selective grain refinement
are required simultaneously. Here, we fabricated a laminate structure with a NS bronze layer
sandwiched between two CG copper layers byzutd two principles: (a) different grain
refinement effectiveness of Cu and bronze during deformation. It has been shown that the
grain size of bronze can be refined much more effectively than that of cooper during severe
plastic deformation due to its i@r stackingfault energy[96]. (b) Different thermal
stabilities of Cu and bronze. Alloying elements are geneligctive in pinning grain
boundaries and resisting grain groy@%0]. Hence, bronze can remain much finer grain size
compared to Cu after proper annealitgsing this approach, we can produce a laminate

structure with sharp and wddbnded NS/CG interfaces. Another objective of this work is to
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use NS/CG sandwich to study the effect of gsaredifference across the interfaces on

mechanical behaviors

6.2 Experimental Methods

Figure 6.1la schematically illustrates the procedure of sample processing.
Commercial Cu (99.9 wt.%) and bronze {Qiwt.%Zn) plates were punched infe10mm
disks and polished to 3 groups of thickness. Hdtal initial thickness ofthree disks was
around 3.5 mm so that sufficient thickness reductio83%) after processing can be
achieved to form strong interfacial bonding (thickness reduction history as showari &g
Mechanical polishing and ultrasonic cleaning were carrietefdre sandwiching the disks
together. High pressure torsion (HPT) was applied at room temperature with imposed
pressure of 1 GPa for 10 revolutions at 1.5 rpm in order to obtain more homogeneous
deformation along the radius directif2b1]. Thereafter, aslPTed sandwiches were rolled to
thickness of 0.6 mm from 1.2 mm and then ategeat 240°C for 2 hours.

Microstructures near interfaces were characterized by FEI Quanta 3D FEG with lon
Channeling Contrast Microscopy (ICCM), JEQD10F Transmission Electron Microscopy
(TEM) operated at 200 kV and Electron Dispersivea} Spectrosapy (EDS) mapping in
FEI Titan 80300. Dog-bone shaped samples with gauge dimension of28&%4 mm?® were
cut from the middle of sandwiches and mechanically tested umdaxialtension at a strain
rate of9 x 10*s?. Scanning electron microscopy was used to examine fracture surface and

interface.
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6.3 Results and Discussions

Three groups o$ampleswith varying volume fraction of central NS €i0Zn layer
(Sample A: 0.10sample B: 0.22, Sample 0:47)werefabricated. Fig6.1b shows a typical
optical micrograph (crossectional view) of Sample ifferent color contrast clearly
indicates three layers with two sharp interfaces. As shown i6.Eg microhardness within
each layer is rather homogeneous, while ghare abrupt transitions at the interfaces,
indicating that the central NS layer has a yield strength over twice of that of the CG Cu
layers.These hardness levels in each layer are also representative in all samples in spite of
various volume fractions.

Fig 6.2ais a channeling contrast imagbowingthe typicalmicrostructuresiearthe
interface. @ the left sidas typical CG Cuwwith grain size of ~4m, while on the right side
is NS bronzewith grain (subgrain) size of ~100 nm. Magnified image of thS/CG
interface is shown in Fi§.2b, which reveals a voiftee transition fromNS bronzeto CG
Cu. The exact Cronzeinterface is hard to tell in TEM and can be identified by EDS
mapping. Fig6.2cis a typicalhigh-angle annular darfield (HAADF) imageincluding a
Cu/bronze interface, whose precise location is unkn&®R$ mappings in Fi§.2d and6.2e
show the elemental distribution of Cu and Zn and resolve the exact interfadee@nby
dotted lines) in Fig 6@ Concentrations of Zn are measured &l Wt% in left side and
10.22 wt% in right siderespectively. This agreement of specific composition in Cu and
bronze implies no significant bulk diffusion from each side duringptbeessing. Therefore,

Fig 62c-e confirm the generation of wdllonded ad sharp Cu/bronze interface.
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HPT —  Rolling —  Annealing
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Figure 6.1 (a) Schematic illustration of major procedures to fabricate CG/NS/CG sandwich materials.
Deformation history of thickness reduction is also provided below the corresponding s@jpti¢h)
microscopy observation of gsocessed sandwiches with NS-0Zzn volume fraction 0.47. (c)

Vickers Microhardness indentation (with loading 25g) on cresstional sample in (b).
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Figure 6.2 (a) ICCM of a typicaNS/CG interface in sandwich (7o tilt of sample while imaging). (b)
TEM observation of aprocessed interface. (c) HAADF imaging of an enlarged area around-Cu/Cu

10Zn interface by STEM. EDS mapping of (d) Cu and (e) Zn in corresponding regions in (c).

Fig 6.3ashows the tensile stresfrain curves of laminated samples, pure CG Cu and
NS bronze samples. Pusampleswere made fromthe sandwiches by polishing offther
layers The yieldstrengths (0.2%6train offset stress) faamples A, B and C were meesl
as 142 MPa, 201 MPa and 266 MP respectively, while their uniform elongation

(engineering strainyvere 27.1%, 19.6% and 12.3%, respectivélfe yield strength ofthe
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laminate sampléncreasesnd itstensile ductility decreasasith increasingvolumefraction
of centralNS bronzelayer. Note that the uniform plastic deformation of NS bronze layer in
sandwich is much high€r12%)than that (~0.7%) of its pure counterpdittis is because its
early neckingendencywas constrained by the stable CG @yers from both sides via the
two interfaces.

In conventional theory of rule of mixture (ROM) ftaminatedcompositestructure
yield strength(sys), strain hardenin@ds/dg and uniform elongatiogease) (true strain)can be

expressed 42, 16, 17]

Se=aV s, (6.1)
ds . . ds
— =V — 6.2
e aV p (6.2
aVsie e
= T2ive fUE 6.3
T A Vs )

whereV; is the volume faction of componernt sGysis theflow stressof component alone
at 0.2% plastic strain of the composite sanjp@8], si is the true stresof component,
sand eepresent the tie stress and true strain iategrated composite sample ue, 6.ue
stand for the true stress and true stedinomponent at necking point.

It is found thatthe yield strength of laminatstructured samples agrees reasonably
well with the ROM (Eq 6.1) (shown in Fig6.3b). Comparisons of strain hardening and

uniform elongation (true strain) between experimental results and theoretical prediction from
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Figure 6.3 (a) Uniaxial tensile engineering strastress curves fggure CG Cu and NS G10Zn and
sandwiches with various compositions. Inset shows the dimension of tensile test samghe&4.6x
mm3 (b) Yield strength versus volume fraction of NS TZn from tensile tests and prediction from
ROM. (c) Strain hardening cues from corresponding tensile tests and calculation based on ROM.
Inset is the magnified tensile curve at low strains where outperformance of strain hardening (yellow
shadow) occurs compared to ROM. Black crossover stands for the necking strain pevelQu
10Zn. (d) Uniform elongation versus volume fraction of NS10én from tensile tests and

prediction from ROM.
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ROM are shown in Fig.3c andd. Whencalculating the stradmardening rateywe assumea
constantengineering stresafter necking for pure bronze.This assumption provides the
maximum applied stress that a standalone bronze layer can sustain according to Considere
criterion. Namely, the derived stralrardening rate is the upper limit based on ROM and
would give a conservative comparistmexperimental observatiofror Eq (6.3), it is also
assumed that during thaniform elongationthe strain hardening of each componeah be

expressed byiollomonlaw of s, =k &[252]. In fact the Hollomon law has &en used on

NS materials in compression td263,254] despite limit reports of applicatiorfer tensile
tests due to the plasticity instabilitifig 6.3c show that the strawmardeningrate ofthe
laminate structure (solidy higher than that preded byROM (dashdot) atstrairs around
necking of pure NS bronze layer. Thiscurs only ata limited intermediate strain range as
marked by yellow shade in thaset of Fig 6.3c. The underlying mechanism of this extra
strain hardening is discussed lat€onsequently the uniform elongations ofaminate
samplesare measured higher than what is predicteBOM (Fig 6.3d).

The integrity of interface after tensilesing was examined by SEM. Fig4dais an
overview of a sample, showing no inner cracks or failure through the entire uniformly
elongated region except the fracture at the. Eracture debonding should be a postking
process due to high strain locaion. In this workthe specific requirement for interface
strength is only to maintain its integrity during uniform elongation until the strain where
mismatch between layers and its effect on mechanical properties can be activated (<2%, as
shown Fig 6.3 In addition thefracture surface shown in F&4b reveals a frequentigeen

dimplelike feature in N8CG interfacevertical to tensile direction, suggesting the strong
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interactions between NS/CG layersen after neckingAll of above characteristiasnply
well-bonded interfacebetween NS and CG layer

Pure NSbronzehas a limited tensile ductility of only ®% due to the laclof
sufficient strain hardeningHowever when sandwiched by CG Cu, its uniform elongation
was increased ujp over 2”6 (Fig 6.3a). Recent nedelingwork of structures with graisize
difference[255] alsorevealed enhanced ductility in an otherwise-ldwetility layer. CG Cu
has considerable strain hardening capabidtyd therefore constrains the NS layer to
postpone its necking by preventing the eamyerging tensile instabilityUnder such
constraint, the NS bronze layer should be able to uniformly deformed f(8éhaad7] In
addition, the mutual constraint of NS bronze layer and CG Cu layer actually adds extra strain
hardeningas shown in Fig 63 The proposed reason is as follows. A standalone NS bronze
layer will start earlynecking at very low strain by fast local lateral shrinkage. When
sandwiched by CG Cu, this necking process is quickly suppressed by the stable outer layers
at both sides. Therefore, we refer to this
far. The instable middle layer and stable outer layers mutually constrain each other as the
interface still holds them together, which converts uniaxial applied tensile girbsaxial
stresses (Fig 8c). As a result, more dislocations will be accumulatexlind the interface in
order to accommodate the mechanical incompatibility across the interface, which produces
the observed extra strain hardening. It follows that the straidening rat®f our laminate
structure under this intermediate strain lesaah be described by modifying Eq G2

ds _.. ., ds,
—_— = V— + D 64
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whereD Qs the extra strain hardening in addition to what is predicted by otonal ROM.

This observation of extra hardening is consistent with the recent discoveries ins&®lIF
[147]. In addition, exteneld elastieplastic transition due to the large yield stress mismatch,
as another form of mechanical incompatibility, may also contribute more or less to this
phenomenon. But careful examination of magnified tensile curve §Big inset) reveals
those strim levels (yellow shade) for extra hardening are far away from the supposed elastic
plastic transition region (~0.19.4% in Fig6.3c inset) with comparison to virtual necking
strain (black crossover). Therefore, the extra hardening in this study is yragoribed to

the mismatched tensile instabilities across interfaces.

A big difference in the mechanical behaviors of the laminate structured materials and
the GS IF steel reported earli@47] is that no strain hardening tprn is observed here.
The reason for this difference is not clear and need further sudypossible reason could
be the differences of interface nature wotcases. As reported earlier, the dislocation
accumulation mainly occurs near the interfaces. Interfaces in laminates are stationary due to
sharp discrepancy across layers and homogenous microstructure within each layer.
Dislocation accumulation occurslgmear the fixed interface and ceases when saturation of
dislocation density is locally reached. Therefore, it cannot produce enough strain hardening
for the whole sample. In contrast, interfaces in the GS IF steel is dynamically migrated and
then allowsthe deposition of higlilensity of dislocations oveheir entire migrating path
[147]. This makes the strain hardening free from téstriction of localized dislocation

saturation and able to achieve more, which results in daragharacteristic
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Figure 6.4 (a) Overview of the sandwich piece after tensile fracture. (b) Typical morphology at
lateral facture interface in (a). (¢) Schematic illustration of stress status of the laminates around the

strain level where the middle NS layer tends to shrink while outer CG layers stabilize it.

6.4 Chapter Conclusion

In summary, HPTollowed byrolling and anealingwas usedto producelaminated
materiab by sandwiching &S layer betweerCG layers Uniaxial tensile test iperformed
and revealsan extrastrain hardening that lead to largemiform elongationthan what is
predicted by conventional ROM he inteface iswell bonded to maintain the concurrently
uniform deformation of CG and NS layers. This preliminary work suggests the importance of
interface between heterogeneous plasticity and its effect on mechanical behaviors in laminate

and gradient structudematerials.

















































































































































































