
ABSTRACT

BAKER, JONATHON NEAL. Point Defects in Strontium and Barium Titanate from First
Principles: Properties and Thermodynamics. (Under the direction of Douglas L. Irving.)

Density functional theory (DFT) calculations and point defect thermodynamics have

been used together to investigate the strontium titanate (STO) and barium titanate (BTO)

materials systems. While it had long been suspected that iron was the cause of brown

coloration in Fe-doped SrTiO3, our calculations prove this assignment and resolve a discrep-

ancy between the EPR and defect chemistry communities. The neutral iron substitutional

is shown to exhibit two absorption processes, one associated with the conduction band and

the other with the valence band, which explain the experimentally observed absorption

spectrum. The interaction between the iron substitutional and an iron-oxygen vacancy

complex were shown to be critical in correctly reproducing the oxygen pressure depen-

dence of the coloration onset. Following this, we examined how and why the metal vacancy

behavior differed in strontium and barium titanate. Oftentimes, point defects models are

transferred directly between strontium titanate and barium titanate. At the same time, and

in apparent disagreement with this, while the A-site vacancy is assumed to dominate in

STO, there has been some disagreement about which type of metal vacancy dominates in

BTO. We use DFT calculations to elucidate differences in the bond energies for the different

sites in each material, which lead to the A-site dominating in STO, while combinations

of the A-site, B-site, and B-site-oxygen vacancy complex dominate in BTO, depending on

the conditions. We then examined the response of the vacancies to different processing

conditions when doped with niobium and iron, two common dopants in these materials.

Lastly, we investigate niobium doped STO as a test case for a framework for calculating

hydrogen solubility on the basis of point defect energies, doping, and environmental con-

ditions. Hydrogen incorporation is little-studied in these materials, and it is paramount to

understand whether it plays a role as an ionically conductive species; this work is the first

step along that road.
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CHAPTER

1

INTRODUCTION

Modern technology is, fundamentally, electronics. The reader no doubt commutes to work

by car, train, or bus; these all use computers and analogue electronics in their control

circuitry. The reader likely has a smart phone in their pocket, and this dissertation is prob-

ably being read on a computer or tablet. The building the dissertation is being read in

doubtlessly has climate control, again controlled by a computer.

Electronics are built from metals, semiconductors, and insulators. The behavior and

performance of semiconductors and insulators are determined by the populations of their

point defects, which are single-atom-scale changes in the crystal lattice, such as a missing

or replaced atom, or an extra atom. Point defects are present in most materials at part-

per-million to part-per-thousand levels, and most materials that haven't been carefully

puri�ed have hundreds of types of them. These defects are not always detrimental; indeed,

controlled amounts of charged point defects form the basis of silicon-based semiconductor

technology.

This dissertation focuses on predictive models of point defects in two speci�c types of

insulator material, strontium titanate and barium titanate. Most commonly, these materials
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are alloyed to form a material called barium-strontium titanate, which is used to produce

capacitors called multi-layer ceramic capacitors (MLCCs), although barium titanate and

strontium titanate are also used on their own to make more specialized components like

variable capacitors, variable resistors, and positive-temperature-coef�cient-of-resistance

resistors. Current electronics circuitry makes wide use of MLCCs, which range in scale from

fractions of a millimeter to several millimeters across. As an example of just how pervasive

these are, modern cell phones (circa 2018) have several hundred of these capacitors on the

main circuit board.

The main mechanism by which point defects modulate the properties of the host

material are by changing how easily a charge carrier can transition into the valence or

conduction bands. [Kas06] This is typically discussed in terms of controlling the location

of the Fermi level within the bandgap. Different types and amounts of point defects are

desired for different applications.

MLCCs are optimized to have as high a resistance and capacitance as possible, which

is accomplished by introducing impurities that force the Fermi level to the middle of the

bandgap and by alloying to adjust the bulk response of the material to an applied electric

�eld. Other types of impurity can be detrimental to this goal, through pulling the Fermi level

close to one edge of the bandgap, or by making mobile point defects more favorable, which

migrate when the capacitor is charged. In contrast, variable capacitors exploit impurities

that pull the Fermi level near the conduction band, to make it easier to tune an emergent

phenomenon called a space-charge layer, which sustains a very high electric �eld over a

very small region near the interface.

Studying point defects in any material well enough to control the material's properties

has traditionally been a long and expensive process. Studying a single type of point defect

takes many careful experiments to isolate the effects of the single defect of interest and

accurately characterize its properties. And this process isn't even the �rst step; �rst, well

controlled synthesis and puri�cation strategies must be developed and implemented. Only

then can the point defects begin to be reliably characterized. To use a well known material

as an example, it took over a decade of focused and expensive research from multiple

labs for silicon to make the jump from research material to replacing germanium in most

applications.

Today, however, there is a golden opportunity to reduce the cost and time to research

point defects controlling the properties of new semiconductors and insulators. Advances
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in computer science, physics, and computers based on silicon technology have converged

to make it possible to simulate bulk material properties and individual point defects on

a timescale of days to weeks, using quantum mechanics. This type of well-established

quantum-mechanical simulation is known as a density functional theory (DFT) simulation.

The use of large scale parallel computing pervasive in modern supercomputers makes it

possible to perform dozens or hundreds of these simulations at a time. Performing huge

numbers of DFT simulations and then combing through the results to ef�ciently screen for

desirable bulk materials properties has become routine in recent years (e.g. the materials

genome project), but similar techniques focused on point defects have been slower to

catch up. This is at least partly due to the fact that DFT simulations of individual point

defects alone are insuf�cient to understand how they will change the material's properties.

Ideally, information on all of the point defects needs to be available, and then used in a

thermodynamics model in order to capture the net response of the system. Such models

are fairly poorly developed at this point.

The work behind this dissertation has focused on developing techniques for ef�ciently

studying large numbers of point defects, using the results in thermodynamics models, and

applying those techniques to strontium and barium titanate. The thermodynamics models

used to study the net response of a defect ensemble are based on generalization of earlier

work in ultrawide bandgap materials. [Gad13a; Gad14b] Barium and strontium titanate have

dozens of impurities spanning hundreds of possible defects present at levels high enough to

affect its observable properties, so one of the �rst challenges was to develop a framework ca-

pable of sifting through the required volume of DFT simulations. This dissertation presents

the results of three investigations using this data-handling / thermodynamics-modeling

framework:

1. Understanding the brown coloration in iron-doped strontium titanate. This �rst foray

used the initial 90 or so native and iron-related point defect simulations in our dataset,

plus additional simulations for possible secondary impurities and optical transitions, to

develop a model that explained the unusual coloration behavior of iron-doped strontium

titanate. When oxidized, iron doped strontium titanate turns brown, and when it is lightly

reduced, it turns clear. Our model extended the understanding of this phenomenon to

include the role of the iron-oxygen vacancy �rst nearest neighbor complex in controlling

the coloration onset, and provided �rm evidence that an iron substituting on a titanium

site was responsible for the two absorption processes that turned the crystal brown. [Bak17]
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2. Extending our results to barium titanate. Barium titanate, as the other end-member

of the barium-strontium titanate alloy, is at least as economically important as strontium

titanate. It is often assumed that models developed for strontium titanate will be applicable

with little to no modi�cation to other titanate perovskites, especially barium titanate,

and vice versa. However, our investigations do not support this assumption. This study

focused on the metal vacancies in these materials, and shows that there are subtle but

fundamental differences in the bonding behavior. This difference in bonding affects not

just the favorability of vacancies, but probably many transition metal impurities as well, of

which niobium and iron were speci�cally examined. [Bak18]

3. Exploring hydrogen incorporation in donor doped strontium titanate. Hydrogen is

pervasive in processing these materials. It is present in aqueous chemistry based routes for

purifying the powder, and it is used in furnaces to cheaply reduce oxygen pressure in bulk

processing. It is also positively charged, highly mobile, and extremely challenging to study

experimentally. This work focuses on developing a framework for calculating hydrogen

solubility based on environmental conditions and the formation energies of its point defects,

and then applying that framework to niobium-doped strontium titanate. Donor doped

perovskites are often assumed to have less of a problem with hydrogen contamination than

acceptor-doped perovskites. This work provides �rm evidence that this rule of thumb holds

true in strontium titanate as well, and explores the rich and varied behavior of hydrogen in

donor-doped strontium titanate as processing conditions are varied.

Between 1 and 2, much work was done on understanding the role of non-intentional

and often unaccounted-for impurities in strontium titanate. The �rst investigation on

this was headed up by another group member, Preston Bowes, and has been published in

Applied Physics Letters.[Bow18] This focused on trying to reproduce the electrical behavior

of a fairly well-characterized sample of strontium titanate from a widely cited article from

the 1980s, and it showed that understanding and accounting for all of the impurities is

essential to understanding the response of the system as a whole. While such a conclusion

may seem obvious, there is a widespread lack of attention to unintentional impurities in

the strontium and barium titanate research communities.

Overall, this work has made some important contributions to the understanding of

strontium and barium titanate. In doing so, it has pushed the envelope in terms of tech-

niques available to study point defects in semiconductors and insulators in general using

computer simulation. The dataset acquired over the course of these investigations has
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much more data to give; many of the impurities simulated as background contaminants for

these studies have their own unique properties on their own and in conjunction with other

dopants, and we have only begun scratching the surface in terms of understanding them;

some of them may even open up new strategies for commercial applications. Additionally,

while this dissertation focuses on areas of primary authorship, the author has also made

contributions to several other research areas during the course of this work, including

helping to apply the data-handling / thermodynamics-modeling framework to study de-

fects in aluminum nitride [Har18; Ald18] and contributing to development of methods for

spatially resolving global sample electrical data [Bay16]. It is the hope of the author that the

frameworks and strategies developed as part of this research eventually be applied to other

materials systems by researchers around the world to greatly accelerate and enhance their

own research.
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CHAPTER

2

LITERATURE REVIEW: A HISTORICAL

PERSPECTIVE

Strontium titanate has been a subject of research for almost 70 years, with the �rst literature

appearing in the late 1940s. However, in many ways research on strontium titanate is still in

its infancy, despite its long history. As a rough measure of research quantity with other well-

known materials, a Google scholar search returns about 3.59 million results for “silicon",

roughly 1.14 million results for “aluminum nitride", and about 83,000 results for “strontium

titanate". This body of literature has established a decent engineering understanding of

the material, suf�cient for empirical tailoring of properties to enable mass production.

Nevertheless, a lack of impurity concentration data has contributed to a proliferation of sim-

pli�ed defect models, complicating efforts to integrate the old data into more fundamental

studies. Unless otherwise noted, none of the articles discussed in this section reported

measuring impurity pro�les.

Systematic studies on strontium titanate grew out of efforts by multiple countries dur-

ing World War II (1940s) to identify high energy density capacitor materials to replace
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mica. [Ran04; Hae99; Dur50] The researchers quickly realized that rutile and the compounds

related to perovskite (CaTiO 3) not only showed promise as a mica replacement, but also as

an ideal material for radar waveguides. Building on earlier ideas by Goldschmidt [Gol26],

Vegard[Veg21], and Pauling [Pau27], this �rst wave of research was focused on empirically

exploring the dielectric and structural properties of TiO 2 and mixtures of CaTiO 3, MgTiO 3,

BaTiO3, and SrTiO3.[Dur50; VH46; Meg46] Due to this focus, there was less emphasis at

the time on point defect behavior and its effects on functional properties. This research

established the market dominance of BaTiO 3 and (Ba,Sr)TiO3 for capacitors and microwave

waveguides, a position it still enjoys today. There appears to have been less interest in unal-

loyed SrTiO3 at the time due to its lower dielectric constant and its lack of ferroelectricity.

2.1 Attention From the Condensed Matter Physics Commu-

nity and Initial Formulations of Defect Chemistry

In the 1950s, many exciting areas of research were being explored simultaneously. In the

earlier efforts, titanate crystals had all been produced by mixing oxide powders into a green

body followed by isostatic pressing followed by �ring. In the 50s, however, �ame fusion

techniques began to be applied to produce arti�cial gemstone and higher quality electronic

materials. [Fei04] Solution processing methods for producing ceramic powders which could

then either undergo �ame fusion or isostatic pressing followed by conventional �ring

also came into usage.[Sab59] At the same time, �oat zone re�ning techniques were being

applied to produce high purity germanium, and near the beginning of the next decade

the Czochralski process was being applied to produce high quality silicon boules. [Fis12]

Indeed, it could be argued that this decade marked the emergence of crystal growth as a

distinct discipline. [Fei04]

Researchers from several companies and institutions began studying strontium titanate

for its own merits rather than just another member of the perovskite family or as a gem-

stone.[LJ53; Lev55; Fei04] Impurity data from one of the early National Lead Company

studies reported 9 impurities at concentrations above 10 18 cm � 3 (with an additional 5 above

1017 cm � 3) from a �ame fusion grown crystal. [Lev55] Kröger and Vink also published their

widely cited work on treating defect formation in solids as a system of reactions, while

Brouwer published his set of approximations to the Kröger-Vink reactions. [Krö54; Bro54;

KV56; KV58]
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There are two basic ideas behind the defect reaction model. The �rst is that all point

defect populations in a crystal can be described as a spanning set of chemical reactions

at steady state across all possible defect forms and charge states (i.e. one could describe

a neutral oxygen vacancy becoming a singly ionized donor as V0
O ‹ V+1

O + e� , with the

concentrations related as Keq =
[V+1

O ][e� ]

[V0
O]

; and one could describe all possible defects and

their charge states with a spanning set of such relations). The second is that, within such

a spanning set of defect reactions, there will always be one or two “dominant" reactions

for a given processing regime, and all others can be ignored for determining the charge

balance. This latter approximation is necessary to actually �t the defect reaction constants

once a defect reaction model has been assumed, since otherwise there would be too many

unknowns.

Some of the �rst work on impurities in strontium titanate appeared near the end of

the 1950s.[Gan59] This work reported that iron doped strontium titanate crystals could be

made to turn brown when oxidized and clear when reduced, in a reversible fashion, and

discussed the absorption spectra that caused the brown color.

The electron paramagnetic resonance (EPR) community began studying Fe-doped

SrTiO3 in the late 50s. Müller's dissertation work in 1958 [M5̈8] was concerned with deriving

and measuring (using EPR) the electron spin Hamiltonian of the Fe � 1
Ti defect (often referred

to as Fe+3 in the oxides community). Several years later, he published a paper discussing a

second EPR signal appearing for Fe:STO.[Kir64] His conclusion was that the signal could

only be caused by an iron substitutional directly adjacent to and strongly interacting with

an oxygen vacancy. This description corresponds to what would now be referred to as a

defect complex between the iron substitutional and the oxygen vacancy, speci�cally the

(FeTi-vO)+1 complex. At the time, he referred to this as an “axial Fe +3
Ti signal". This signal, and

how well it matched Müller's spin Hamiltonian, was independently validated 4 years later

by Baer et al. [Bae68].

Faughnan & Kiss [FK69] published their work on photochromism in transition metal

doped SrTiO3 in 1969. This work and its follow-up paper [Fau71] suggested that the Fe0
Ti

defect was responsible for the brown coloration �rst reported on by Gandy [Gan59] a decade

earlier. The (FeTi-vO)+1 defect complex was also reported in these papers, and the author

reports detecting roughly equal concentrations of the substitutional and complexed forms

of iron after processing in pure oxygen and 1 mmHg of air. Faughnan also performed some

work in collaboration with Müller where they detected Fe +1
Ti by photochromic excitation
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during an EPR experiment. [Mül71 ] Not long after that publication, Schirmer et al. [Sch75]

detected evidence of an (Fe Ti-vO)+2 complex in oxidizing conditions in samples primarily

doped with aluminum and magnesium. Near the same time, another group of authors

detected neutral iron-oxygen vacancy complexes in primarily iron doped crystals which

had been reduced. [Ber78] Müller seems to have changed his focus area in the 1980s to high

temperature superconductors, work for which he would go on to win a Nobel prize.

In 1964, Frederikse and coworkers collected Hall data on a number of nominally un-

doped and donor doped reduced strontium titanate crystals to study electron mobility

and scattering mobilities. [Fre64] The authors concluded that longitudinal optical phonon

scattering was the dominant scattering mechanism at room temperature and above. One

of the �rst simulations of the electronic bandstructure of strontium titanate was carried out

using the Linear Combination of Atomic Orbitals method by Kahn & Leyendecker [KL64] in

the same year. This study established that the valence band is primarily derived from oxygen

2p orbitals and that the conduction band is derived primarily from titanium 3d orbitals. In

1965, Paladino [Pal65] published his work on oxygen diffusion and oxidation in strontium

titanate. In 1967, Walters & Grace [WG67] built on these two works and combined a simple

defect model consisting of only oxygen vacancies and electrons with conductivity and

thermopower results obtained in different hydrogen-containing annealing atmospheres.

The authors also included a spectrographic analysis which showed very high silicon and

antimony levels, on the order of 10 20 cm � 3 and iron and aluminum impurities on the order

of 1019 cm � 3, although no attempt was made to account for them. While this was a primi-

tive model, the work is notable because it was one of the �rst such attempts, and defect

chemistry models would become increasingly important in the coming years. Around the

same time, many researchers began studying the phonon dynamics of perovskite crystals

to try and explain the differences in phase transition sequences of the different perovskite

family members. A representative and widely cited paper on this topic was published by

Cowley [Cow64] in 1964.

2.2 Electrical Degradation and Electrocoloration

Tredgold and co-authors began publishing on changes to the electrical conductivity of

barium titanate under an applied bias in the early 1960s. [BT60; Bra62; CT64] In their �rst

paper[BT60], the authors noted that the conductivity of their crystals tended to increase
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with time under bias, and that the rate of change depended on the electrode choices. The

observed increase was extremely rapid with copper, fast and steady with gold and silver

electrodes, and slower with chromium, aluminum, and zinc. They hypothesized that the

electrodes might have differences in oxygen permeabilities, or that the electrode material

might diffuse a short way into the crystal, resulting in changes near the surface. Ultimately,

they decided on the latter interpretation. In their next paper, they veri�ed that gold diffuses

into the material using a radioactive tracer experiment, but did not report similar tests for

other electrode materials, or tests for the oxygen permeability hypothesis. [Bra62]

Soon after this, they turned their attention to strontium titanate. [CT65] Because of

the perceived similarity of barium and strontium titanate, the authors felt comfortable

translating their prior �ndings in barium titanate to strontium titanate. In this work, the

authors showed that strontium titanate crystals prepared with both �ame fusion and a

molten salt based method exhibited the same increase in conductivity over time as barium

titanate.

In 1971, Blanc & Staebler [BS71] attempted to unify the electrical degradation research

with electrocoloration and photochromic research, while making extensive use of the

EPR literature body. They reported speci�cally on a crystal doped with approximately

4�1018 Ni cm � 3, 4�1018 Mo cm � 3, and 5�1018 Al cm � 3; however they also discussed similar

trends in Fe, Mo, and Al codoped samples. They reported 2 color fronts propagating across

the initially clear crystal from opposite ends when a strong electric �eld was applied. A

brown color front propagated from the positive electrode (believed to be associated with

an Ni Ti-vO complex) and a blue color front (believed to be associated with molybdenum)

propagated from the negative electrode, eventually meeting in the middle. These color

fronts could be reversed by reversing the applied voltage. Modeling indicated that the

colorless region had a much lower conductivity than either of the colored regions, and

that the propagation of the conductivity and coloration changes was consistent with a

process involving mass migration of oxygen vacancies. They believed that the conductivity

pro�le could be explained by analogy to a p-i-n junction, with the reduced region being

n-type, the clear region insulating, and the oxidized region being p-type. They appear to

have treated the impurities as free to associate and dissociate with oxygen vacancies, as

their charge balance had separate terms for the individual defects, but no term for the

complex. The authors note that their model breaks down at longer time scales, and that

their temperature dependent conductivity measurements were non-linear with respect to

10



dopant concentration. They believed that this latter point indicated a more sophisticated

impurity-oxygen vacancy interaction than they had considered.

2.3 Empirical Defect Chemistry

In 1974, one of the more comprehensive treatises on defect chemistry in perovskites was

published by Seuter as a chapter in his thesis work. [Seu74]. Beginning with the idea of a

defect reaction model as proposed by Brouwer and Kröger and Vink, Seuter explored the

consequences of different sets of assumptions for dominant defect reactions in different

processing regimes for BaTiO 3, invoking the Gibbs phase rule and charge neutrality as

explicit constraints. Although he covered many possible defect chemistries, he noted that

he had only considered the most simpli�ed cases and had completely neglected defect

complexes. Most of the later work on defect chemistry in barium and strontium titanate

drew, whether directly or indirectly, on this work.

Chan and Smyth published a considerably shorter work 2 years later: Defect Chemistry

of BaTiO3.[CS76] This paper introduced the Chan and Smyth's extensive measurements

on the high temperature conductivity of intentionally aluminum and niobium doped

barium titanate after equilibration at different oxygen partial pressures and proposed

qualitative defect chemistry models for the measurements. This was followed in 1978 by a

more thorough article by Eror and Smyth [ES78] in which the authors sought to rigorously

tie the observed conductivity measurements to a defect chemistry model. Their conclusion

was that the defect chemistry was dominated by accidental acceptor impurities and oxygen

vacancies.

The same type of analysis for strontium titanate was �rst published in 1981, by both

Smyth and Eror. [BE81; Cha81]. Eror's conclusion, based on similar defect chemical argu-

ments as the 1978 work in collaboration with Smyth, was that the defect chemistry was

usually dominated by accidental acceptor impurities. Their paper examined data for nom-

inally Fe, Al, and Cr doped polycrystalline samples. The same year, Smyth published a

similar, but ultimately much more widely cited paper on the same topic (but with undoped,

Al, and Nb doped crystals). [Cha81] They both utilized a similar solution-based processing

route and drew many of the same conclusions. An important difference is that the Chan

article was one of the few in the �eld to report an impurity analysis to determine what

accidental impurities were in the crystal. [Cha81] However, the impurity levels were on the
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same order as that obtained with high quality growth techniques from the 50s [Lev55], and

the authors made no attempt to account for them in their discussion. Ironically, this paper

has been cited by many subsequent authors as evidence that the behavior of the uninten-

tional impurities is well understood. In the conclusion of the 1981 Chan article [Cha81], the

high dielectric constant and the idea that the associating defects interacted at only a purely

Coulombic level are used to justify neglecting defect complexes in the proposed model.

This was at odds with the �ndings of the EPR community which noted extensive evidence

of complexing. Despite this disparity, because the work of Smyth became so in�uential,

this assumption that complexes could be neglected propagated through later literature on

strontium titanate.

2.4 Mott-Littleton Based Defect Chemistry

In 1986, Lewis and Catlow published a widely cited paper which used a Mott-Littleton

methodology to simulate defect formation enthalpies for some expected defects in barium

titanate. [LC86] This paper tried to predict how effective different donors or acceptors

would be at changing the free carrier population of the crystal in different conditions.

They believed that the existence of defect complexes forming between some acceptors

and oxygen vacancies could lower the effectiveness of those acceptors, by creating defect

complexes which were either neutral or donors. Their model calculated defect incorporation

energies using a Buckingham potential (this is a modi�cation of the popular Lennard-Jones

potential) to treat short range interaction and the Mott-Littleton approximation to treat

long range interaction. [LC83] The need to explicitly treat the chemical potentials appears

to have been avoided by using these defect energies in a defect reaction scheme. The defect

chemistries they calculated were then related to other properties, such as conductivity.

Their potential model is speci�c to metal oxides, and makes the assumption that oxygen-

oxygen interactions are the same in all crystals and cation-cation interactions are purely

Coulombic; instead it tries to capture the behavior of each metal's interaction with oxygen

in different coordination environments. [LC85] The short range interaction parameters

between metals and oxygen were �t to reproduce the observable properties of each metal's

oxides. Obviously, this technique fails to capture changes to impurity-oxygen interaction

speci�c to each oxide due to differences in electron localization during bonding. Neverthe-

less, this research became a widely-cited reference because it offered insights that could
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not be gleaned purely from experiment.

2.5 Differences in Vacancy Behavior Between Strontium and

Barium Titanate

One of the assumptions of many researchers studying BaTiO 3 and SrTiO3 is that, despite

the different phase transition sequence and the different dielectric behavior, point defects

behave essentially the same in both materials. [Bai90; DS15; MH97; CJ94] At the same time,

it is widely believed that the dominant metal vacancy in BaTiO 3 is the B-site vacancy (v Ti ,

vB) and that in SrTiO 3 it is the A-site vacancy (v Sr, vA). [MH97; Shi16; DS15] Compounding

matters is the dif�culty associated with direct observation of the effects of metal vacancies

in these materials. Typically the dominant metal vacancy type is judged by the conductivity

versus oxygen partial pressure slope in oxidized conditions, or arguments based on precipi-

tation of competing phases. This has led to a shortage of data which has fueled debate on

this topic. [Mor01; Smy02; Huy95; LC86]

In 1976, Daniels [DH76] postulated that the A-site vacancy dominated in donor-doped

BaTiO3, based on investigations in SrTiO 3 and PbTiO3, and developed and parameterized a

model to explain his measured conductivity where the donor transitions from electronic

compensation to barium vacancy compensation in oxidized conditions. This was disputed

only a few years later by Jonker [JH82], who claimed that his experiments clearly supported

dominance of the B-site vacancy in La-doped barium titanate, and a mixture of A-site and

B-site compensation for niobium doping, based on phase diagram arguments. Lewis and

Catlow soon weighed in on the matter with their Mott-Littleton models, which indicated

that isolated titanium vacancies were more favorable than isolated barium vacancies. [LC83;

LC86] Smyth initially published work which dismissed titanium vacancies as too unfavor-

able to form in large concentrations [CS76; CS84], while his later work strongly advocated

that the titanium vacancy was the dominant metal vacancy in BaTiO 3.[Smy02] More recently,

work by Lee and Randall implied that both metal vacancies may be favorable. Their work

suggested that variations in the processing conditions and precursor powder stoichiometry

could shift the energy balance to favor either A site or B site vacancies. [Lee08a; Lee08b]
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2.6 Degradation Revisited & Iron Defect Reaction Models

Beginning in the late 80s and continuing throughout the beginning of the new millennium,

a research group cluster containing Rainer Waser and Joachim Maier began researching

the electrical degradation problem using iron doped strontium titanate. [Was90a; Bie93;

Was90b; Was90c; Bai90; Rod00; Rod01; Fle00] Waser, Härdtl, and Baiatu collaborated on a

trio of papers ( dc Electrical Degradation of Perovskite-type Titanates ) in the early 90s which

have become widely cited amongst those studying both the degradation phenomenon and

the defect chemistry of barium and strontium titanate. The �rst two papers focused on the

degradation of poly- and single-crystal SrTiO 3 with various dopants. These polycrystalline

samples were nominally doped with Al and La in various concentrations, and produced

using solution chemistry based processing. These samples were universally processed

and annealed in an oxygen atmosphere, and they reported some reproducibility issues

in the second article in the series, with certain properties having a standard deviation of

up to 25%, even before degradation. The �rst paper explains differences in degradation

in polycrystalline samples with different grain sizes and single crystals in terms of oxygen

vacancy diffusion across grain boundaries being rate limiting to the degradation process.

The second paper has short discussions on behavior of Al, Ni, and La doped SrTiO 3 samples,

as well as a short section on internal electric �eld of a BTO crystal as measured via optical

Kerr effect, but principally concerns itself with the coloration front that co-occurs with

electrical degradation in Fe-doped SrTiO 3. The electrocoloration portion of this study was

self-described as serving as experimental validation of a degradation model presented in

part three that attempted to link the defect chemistry, electrical degradation, and coloration.

The third paper combined simpli�ed defect reaction and drift diffusion models in

a �nite difference scheme to link the defect chemistry, electrical degradation, and col-

oration. [Bai90] This model used an acceptor ionization energy of 1.2 eV for all simulations,

and in subsequent studies this number has become associated with the iron substitu-

tional. Although this number predates a later and similarly widely cited study published

by Joachim Maier with a slightly more exact value (1.18 eV) [Den95], both are likely from

the same source due to the similarity of the number and the collaboration between the

groups at the time. [Was90a; Bie93] Denk reports that the iron ionization energy of 1.2 eV was

obtained by analysis of commercially grown strontium titanate samples purchased as part

of his study. The value was obtained by analyzing his data with a number of assumptions.
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A hole mobility was assumed, along with a defect chemistry containing only electrons,

holes, two charge states of FeTi (0 and -1), and a doubly ionized oxygen vacancy. It was

further assumed that in oxidized conditions, all of the conductivity arose from free holes

(in conjunction with the assumed mobility, this allowed the conductivity to be converted to

a hole concentration) and that [Fe� 1
Ti ]=2[v+2

O ]. Together with the charge neutrality condition,

this allowed calculation of defect concentrations (and through that, the ionization energy),

given that the assumptions were valid. However, no impurity analysis was performed on

the purchased sample to con�rm that iron was the only impurity present and, like Smyth,

possible complexes with oxygen vacancies were neglected. Waser has remained active in

the perovskites community. Some of his recent work includes work on resistive switching

[Was09; Woj13] and EPR studies[Len11] on degraded strontium titanate crystals.

Joachim Maier and coworkers studied local conductivity in poly- and single-crystal Fe

doped SrTiO3.[Rod00; Rod01; Fle00] Their polycrystalline samples were prepared in-house

by mixed oxide sintering with precursor powders processed with solution chemistry, while

single crystals were purchased from a German crystal supplier. Both sets of samples were

nominally doped with ž0.2 mol% Fe, but no concentration pro�les are provided. “Highly

pure" SrCO3 (the mineral celestite), TiO 2 (rutile), and Fe(NO 3)3 � (H2O)9 (hydrated iron

nitrate) as were used as precursor powders for the polycrystalline samples. They studied

the local conductivity by applying microcontacts and measuring the resistance between

each pair of contacts. They performed such experiments for single crystal, polycrystalline,

and electrically degraded single crystals of Fe-doped SrTiO 3.

In 1995, Moos and Härdtl, other members of this research cluster, published some Hall

effect data collected on nominally undoped strontium titanate crystals which had been

reduced in hydrogen. [Moo95a] In the same year, they also published their work on using

thermopower measurements on lanthanum doped strontium titanate to derive an effective

density of states mass of electrons in strontium titanate. [Moo95b ] They obtained a value of

roughly 4.2, and also helpfully tabulated a list of other literature values for the effective mass,

although it is not clear which of these are transport masses and which are density of states

masses. They released another paper on lanthanum doped strontium titanate in 1996, this

time focusing more on the defect chemistry and derivation of lanthanum's defect reaction

constants. [MH96 ] A year later, a much more comprehensive and more widely cited paper

collating much of their data and many of their results was released. [MH97 ] After this, Härdtl

appears to have started transitioning towards research into oxygen gas sensors for automo-
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tive applications. [Men99; Moo00 ], retaining a focus on strontium titanate. He published

several more papers on the topic and even took out a patent on defect chemistry based

gas sensors. However, titanate compounds are still not used in this application [Moo11],

probably due to a combination of the reproducibility problems endemic in the material

system due to lack of impurity control and the market dominance of zirconia-based oxygen

sensors, which drives up the relative cost of replacements.

2.7 Hydrogen Incorporation

Hydrogen is widely present during processing of strontium and barium titanate. It is used

as a back�lling / reducing agent during annealing in the form of forming gas, a mixture

of hydrogen and nitrogen or argon, to perform low oxygen partial pressure processing

while maintaining atmospheric pressure in the furnace. These reducing conditions are

necessary to prevent oxidation of so-called base metal electrodes, such as nickel, in multi-

layer ceramic capacitors. Exposure also occurs during the solution processing typically

used on precursor powders. It is additionally present as water vapor in ambient air at

volume fractions of around 1-2% over most of the planet, with the exception of deserts and

mountainous regions. [McR80; Dai06]

Despite this ubiquity, it is only very rarely considered as a possible confounding variable,

and only a few authors have speci�cally examined even the solubility of hydrogen in these

systems. Using different techniques and processing routes, various authors have estimated

hydrogen content in strontium titanate after annealing in atmospheres containing steam

or H 2 to range from 10 16 cm � 3 to 1020 cm � 3.[Web86; Sch99; TM11] Some authors claim that

hydrogen solubility is fundamentally limited in acceptor-doped strontium titanate only by

the amount of acceptor present, and that hydrogen can incorporate in excess of 80% of the

acceptor concentration. [Kre99] High levels of dissolved hydrogen can signi�cantly impact

the electrical, optical, and ferroelectric properties of perovskites, so accurate information

on its incorporation is crucial. The uncertainty in how much hydrogen incorporates in spite

of its importance speaks to the dif�culty of quantifying it. Additionally, little work has been

performed examining hydrogen uptake in situations where hydrogen is not intentionally

added to the processing atmosphere.

Evidence from other proton conducting oxides and analogous changes to the IR spectra

of these oxides and strontium titanate when annealed in hydrogen-containing atmospheres
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suggests that hydrogen incorporation in strontium titanate is mainly accomplished through

formation of an H + interstitial bound to an oxygen atom (H 1
i ), and that hydrogen tends

to be more soluble when acceptor-doping, and less soluble when donor-doping. [Was87;

Was88; Su13; NL97; Mün00] Given that H 1
i should become more favorable in acceptor-

doped conditions and less favorable in donor-doped conditions because of changes in the

chemical potential of the electron, this seems to make intuitive sense. However, more recent

computational studies have shown that hydrogen can also form energetically favorable

defect complexes with metal vacancies with similar near IR absorption features as the free

interstitial. [Var14; Jir12] The hydrogen in these complexes is bound to an oxygen atom, just

like the free interstitial, but it sits within a vacancy site instead of in the bulk crystal. These

complexes are negatively charged and as such become more favorable in donor-doped

material, which could indicate a more nuanced behavior.

Computational studies have established that hydrogen moves through the crystal via

a Grotthuss mechanism, where the hydrogen jumps between nearby sites, rather than a

“vehicle" mechanism where it moves with its parent oxygen. [Kre96] In strontium titanate,

hydrogen is believed to primarily transfer through inter-octahedral jumps, where the hydro-

gen �rst rotates around its host oxygen and then jumps to one on a neighboring octahedra

as the oxygens come close together during regular thermal motion. These studies predict,

using different methods, the total activation energy of a hydrogen rotation-jump event to be

around 0.5 eV in strontium titanate, although predicting the prefactor is considerably more

dif�cult. [Bor11; Mün00 ] Münch gives a value of 1.25 � 0.9 � 10� 5 cm2 s� 1 for D(T) at 1290 K,

with an activation energy of 0.5 � .22 eV from his quantum molecular dynamics simulations.

He does however note that his statistical error is quite large due to the short integration time,

the low number of protons, and the rareness of the event. [Mün99 ] Within the statistical

uncertainty, this puts hydrogen on a similar footing as the oxygen vacancy in terms of how

quickly it can diffuse through the crystal, based on estimates of the latter. [Den95; DS12]

To the author's knowledge, the only hydrogen defect chemistry diagram for strontium

titanate was published by Waser. [Was87] This work was conducted with iron doped single

crystals, and used water vapor to effect hydrogen incorporation. Integration of the IR signal

corresponding the hydrogen was used to estimate hydrogen concentration after annealing

in different conditions.
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2.8 Thin Films

Beginning in the late 90s, there was an increasing focus on thin �lm strontium titanate re-

search. Prior to 2004, much of this work was focused on re�ning production and processing

techniques of (Ba,Sr)TiO 3 thin �lms for applications in electronically tunable microwave

electronics such as phase shifters, mixers, and �lters. [KP97] In 2004, Ohtomo and Hwang

published their �ndings on a high-mobility electron gas formed at the interface of lan-

thanum aluminate and strontium titanate. [OH04] This �nding, and disagreements about

what causes the electron gas to form, have motivated and inspired over a decade of research

examining different aspects of strontium titanate thin-�lm system.

Despite this intensive research, many investigators still do not focus on impurity content

in their thin �lms. In a fairly recent article from 2013, Kumar and co-authors report using

pulsed laser deposition to deposit strontium titanate thin �lms alloyed with niobium for

thermoelectric applications. However, their ablation target was only reported to be 99.99%

pure, and their resulting thin �lm contained an unquanti�ed amount of silicon, in addition

to having up to 1% variation in cation stoichiometry. [Kum13] Some groups have begun to

prioritize high purity and stoichiometric thin �lm production, a representative example

being Susanne Stemmer's group. They utilize a hybrid technique combining an effusion cell

source for strontium, a plasma source for oxygen, and a metallo-organic source for titanium

(titanium isopropoxide). This enabled separate puri�cation of each element and separate

�uence control of all 3 elements onto a lanthanum aluminate-strontium tantalate (LSAT)

substrate. The resultant thin �lms have well-controlled stoichiometry and crystallinity,

resulting in a high charge carrier mobility. [Jal09b; Jal09a; Son10] High quality, high purity

thin �lms like this have the potential to enable great advances in this material if their use

becomes more widespread.

2.9 Defect Chemistry Modi�cations Near Surfaces

Research on thick �lms and bulk materials continued concurrently with the thin �lms work.

One of the more proli�c contributors to both communities in the past two decades has been

Roger de Souza, occasionally in collaboration with Waser or Maier. He is also one of the few

authors to have reported an impurity pro�le with any of his work. [Kes15] Much of de Souza's

work is based around using molecular dynamics methods, sometimes in collaboration with
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experiment, to study modi�cations to the defect chemistry near interfaces [DS09], defect

association[Sch14], or oxygen vacancy behavior and migration [DSM08; Sch12; DS12; Kes15;

WDS16]. His work is an important source of high quality information on the behavior of

oxygen vacancies in these materials.

2.10 Density Functional Theory Studies

Paul Erhart sought to calculated the high temperature defect chemistry of barium titanate

from density functional theory (DFT) calculations in the late 2000s. [EA07; EA08] However,

his work has two limitations: it was performed at the GGA level, and it only included native

vacancies and native vacancy complexes. As explained in the methodology section, DFT

calculations performed at the GGA level do not properly reproduce electron self-interaction

and any effects arising from it, such as the electron localization and the in gap energy

levels of defects. To work around these limitations, he attempted to treat the impurities as

an “effective acceptor" which was singly charged in all conditions and did not form any

complexes. Real impurities in the material change their charge states and form complexes,

and unfortunately treating the impurities this way negates many of the advantages of a

�rst principles simulations-based model. This work is notable as being, to the author's

knowledge, the �rst attempt to model the defect chemistry of a perovskite entirely from

DFT data.

A few years later, Chris Van de Walle's group did some DFT work in strontium titanate on

the electronic structure, native vacancies, and hydrogen-containing defects. [Jan11; Jan14;

Var14] The �rst article reported on changing electron mobility in response to different

strain �elds. The second article examined small polarons complexed with native vacancies,

and attempted to explain two observed luminescence signals as arising from different

con�gurations of polarons and oxygen vacancies. The last article listed re�nes some earlier

GGA level calculations by performing them at the HSE level. [Vil07; Jir12]

2.11 Concluding Remarks

Lastly, despite the focus on iron in strontium titanate due to its relevance to my work,

the large body of literature associated with it, and the consistent focus on iron through

multiple decades of research, other elements have also been studied with the defect reaction
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formalism in both barium and strontium titanate. A literature review collecting reported

reaction constants for these impurities can be found in the work of Shi et al. [Shi16].

2.12 Contrast to Semiconductor Community

Meanwhile, research on germanium and silicon took a very different path from the devel-

opment of titanate electroceramics. A pair of excellent historical reviews are available by

Fisher et al. [Fis12] and Seidenberg [Sei97]. A chief difference between the development

of electroceramics and semiconductor technology was that semiconductor manufactur-

ers had their own R&D labs focused on fundamental physics of their materials and the

point defects in those materials, while this was never really a high priority for electroce-

ramics manufacturers. This emphasis on fundamental physics was expensive, but paid off

rapidly. High purity germanium diodes were a mature technology by the 1950s because

of a tremendous amount of money and research that went into developing high quality

crystal growth techniques and characterizing point defects in the system. However, the

germanium material system has a large disadvantage compared to silicon: it is not easy to

grow an environmentally stable insulating layer on the surface. Once the researchers and

companies involved realized how much easier development of integrated circuitry with

silicon could be, they invested more money into research on silicon crystal growth and

dopants to quickly reach parity with germanium technology. Later research was able to

slingshot off of this early initial investment in high quality materials and characterization.

This accelerated material system research, combined with ongoing work on general pur-

pose electronic computing based �rst on vacuum tubes, and later on germanium diodes,

enabled rapid advancements and miniaturization in the �eld of computing.

Many of the approaches are still used today, especially in wide bandgap materials

research, for describing defects in semiconductors, such as the use of Boltzmann or Fermi-

Dirac statistics for describing defect ionization and carrier populations, were originally

developed by this community. Indeed, the nitrides community indirectly evolved from

the germanium and silicon communities. Much of the pioneering work on silicon came

out of Bell Telephone Labs, and other companies were keen to copy their success. As a

result, the pioneering work on LEDs and III-V materials was done at many companies

including General Electric, Texas Instruments, RCA, and IBM, among others. Metallo-

organic chemical vapor deposition (MOCVD) was developed relatively quickly, by 1968.
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The community soon hit upon the idea of using 3 and even 4 component alloys to enable

simultaneous tuning of lattice parameter and bandgap, and before long LEDs were available

in every color, eventually including blue. [DK08]
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CHAPTER

3

METHODOLOGY

This chapter discusses the major tools and methods used in this research. Sections 3.1

and 3.2 discuss, in general terms, what density functional theory is and how it works, the

density functional theory package used, and how to apply it is for some common situations

in this research. Section 3.3 discusses how to use the data from density functional theory

calculations to model an ensemble of point defects in a host semiconductor. Finally, in

section 3.4 discusses a data management tool developed to help deal with the huge data

volume this research requires.

3.1 Density Functional Theory

Density functional theory, or DFT, works by self-consistently solving the orbitals of the Kohn-

Sham system (eq. 3.1). Whereas Schrödinger's equation describes a system of interacting

electrons, the Kohn-Sham equation describes a system of non-interacting electrons, and

treats the interactions between electrons as an interaction between the single electron and

an effective many-electron potential. The validity and applicability of such a treatment
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was shown by Hohenberg, Kohn, and Sham in work which would eventually win Kohn a

Nobel prize. [HK64; KS65] With an exact form for the electron–many-electron potential,

the description of quantum mechanics would become exact. However, although some

terms in this treatment have known and exact forms, like the classical Coulomb kernel

describing the single electron interacting with a mean electrostatic �eld, some of them do

not. In practice many of the terms describing deviations from this mean �eld response are

combined into a term called the “exchange-correlation" term, which is often modelled with

a functional (a function with another function as input). This exchange-correlation term

reproduces effects speci�c to Fermionic systems such as Pauli repulsion.

�
� ~h 2

2m0
r 2 + V

�

� = �� (3.1)

One popular early class of functionals for treating this effective many-electron potential

depended only on the local electron density, and hence was known as the “local density ap-

proximation", or LDA. A later, more successful set of functionals was developed which also

took gradients in the electron density into account. These became known as “generalized

gradient approximation functionals", or GGA functionals. One popular GGA functional

within the condensed matter physics community is the functional developed by Perdew,

Burke, and Ernzerhof (referred to as the PBE functional), which was itself based on an ear-

lier functional known as the PW91 (Perdew-Wang '91) functional. [Per96a; WP91] However,

although these later GGA functionals are quite successful for calculating atomic geometries

and bulk formation enthalpies, they still have problems properly reproducing bandgaps

in many materials. This problem is believed to be related to an incorrect description of

electron self-interaction, which also has severe implications for the accuracy of any point

defect energy calculations performed with this set of functionals. [WN04; Fre14]

There were a number of functionals developed after 1996 which attempted to better

capture the electronic properties of solids. In 2003, Heyd, Scuseria, and Ernzerhof published

a work in which they outlined a new functional which mixed a GGA functional with non-

local Hartree-Fock exact exchange calculated up to a cutoff from each point r . By altering

how much Hartree-Fock exact exchange is mixed in, this functional enables the electron

self-interaction to be tuned such that the calculated electron bandgap matched the actual

electronic bandgap in a given material. [Hey03; Hey06] It also greatly improves the accuracy

of calculated of point defect properties. [Fre14] It has been used to great success for this

purpose in many nitrides and oxides, including in this work. [Sac15; Col12; Gad13a; Bak17;
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Gad14b; Bow18; Ald18; Har18]

An additional approximation available in some DFT packages to improve performance

without impacting accuracy is the pseudopotential approximation. This approximation

allows calculations to be greatly sped up by not explicitly calculating wavefunctions for

the the core electrons, which typically do not participate in bonding. Instead, they are

treated as contributions to the spatial potential V (r ) in the Hamiltonian. The form of this

spatial potential is �t for each element to the core region of the solution of the full many-

electron solution for the element's isolated atom. It is important to choose pseudopotentials

with enough electrons to accurately capture the bonding physics of the material and point

defects being simulated. A more detailed overview of these concepts can be found elsewhere,

such as in the dissertation work of Ben Gaddy. [Gad13b]

The DFT program used in this research is the Vienna Ab Initio Simulation Package , or

VASP.[KH93; KH94; KF96b; KF96a] According to its manual, VASP and CASTEP (another

electronic structure code) share as a common origin a program written by Mike Payne at

MIT. The serial version of VASP was developed in the early 1990s from this earlier program

by Jürgen Hafner, Jürgen Furthmüller, and George Kresse at the University of Vienna. J.

Holendar and George Kresse then parallelized the code in the late 90s. Since then it has

incorporated functionality developed by many authors, and has become a standard for

electronic structure codes due to its speed, �exibility, and well-tested pseudo-potential

library.

3.2 Anatomy of a plane-wave DFT calculation

Plane-wave based DFT software packages operate on in�nite periodic repetitions of the

input geometry in 3 dimensional space. The initial atomic geometry is speci�ed as a lattice

basis and a motif tiled onto that lattice. This has been illustrated with SrTiO 3 in �g. 3.1,

which shows one possible representation of the cubic unit and primitive cells tiled onto

the lattice basis. The primitive cell for this lattice basis contains the corner strontium

atom, the central titanium atom, and the three oxygen atoms forming corners of the green

cube. The speci�ed atomic geometry is combined with user-de�ned points in reciprocal

space for performing the energy integration, and pseudopotentials for modeling �elds

approximating the effects of the core electrons. In a so-called single point energy calculation,

a plane-wave representation of the wavefunctions of the explicitly modelled electrons is
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Figure 3.1 (a) illustration of the unit cell (blue cube), primitive cell (green cube), and lattice basis
(blue vectors) of SrTiO 3. (b) the [100] projection of an AB stack of SrTiO 3 with embedded unit cell,
primitive cell, and lattice basis.

found via the variational principle by minimizing the total electronic energy of this periodic

system. In a structural relaxation, single point energy calculations are performed in an

inner loop while varying the coordinates of atoms in the motif in an outer loop until an

energy minimum is found. Although there many types of specialized calculations possible,

these two were the basis for the vast majority of the work presented here. While there are

many subtleties involved in these calculations that are beyond the scope of this dissertation,

three typical work�ows for this project will now be discussed, with emphasis on the use of

multiple functionals to accelerate calculations: simulation of bulk materials, simulation of

bandstructure and determination of an appropriate exact exchange amount, and simulation

of point defects.

3.2.1 Bulk Material Simulation

As one example of a typical work�ow for this project, bulk material simulations are often

required, whether for obtaining the ground state energy of a relevant thermodynamic phase,

or for starting a more sophisticated bandstructure or point defect calculation. A starting

point for the lattice and motif is often obtained from published X-ray crystallographic data,

using a primitive cell of the material as the motif. After combining this with an appropriate

reciprocal space mesh and pseudopotential selection, an initial relaxation of both the
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lattice and the motif is performed at the PBE level. If no unexpected behavior (such as

obviously incorrect geometries or an incorrect magnetic state) is found, then the calculation

is repeated twice at the HSE level, with the same exact exchange amount as the point defect

host material. The use of the same exact exchange amount in all project calculations is

essential to allow the calculated energies to be directly compared against quantities like

calculated chemical potentials. The �rst HSE relaxation allows both the lattice and the

motif to relax, just like the PBE calculation, using the earlier calculation endpoint as a

starting point. This saves a signi�cant amount of computational resources as opposed to

performing a full HSE structural relaxation without in�uencing the accuracy. The endpoint

of the �rst HSE relaxation is then used as the starting point for the second, which only

allows the motif to relax. This is done in order to eliminate what are known as Pulay stresses

from the calculation; these unphysical stresses are an artifact resulting from using a basis

set built up for calculations for one lattice in a different lattice.

3.2.2 Bandstructure Simulation

A second work�ow example is a bandstructure calculation. A bandstructure calculation

builds on a previous bulk material simulation of the material of interest. The �nal HSE

geometry is used as input to a series of single point energy calculations with a special set of

reciprocal space points. In addition to specifying a set of reciprocal space points to be used

for energy integration, a number of additional “unweighted" points are chosen along high

symmetry paths through the �rst Brillouin zone, so that the energy will be calculated at those

points for each energy band, but not used in evaluating the total energy of the system. This

allows the determination of a material's bandstructure, and, through that, determination

of bandgaps, the ideal (scattering- and electron-phonon-coupling-free) effective masses of

the carriers along different crystallographic directions, and the 0 K and effective density

of states. A standard set of high symmetry paths for different lattice symmetries to use in

bandstructure calculations has been developed by the community. [SC10]

Iterative bandstructure simulations are often performed with different exact exchange

amounts, with the goal of “dialing in" an ideal exact exchange amount for the material of

interest. Modifying the exact exchange amount modi�es the bandstructure by modifying

the exchange-correlation interaction. This has a very subtle effect on the band curvatures,

and a much more dramatic effect on the separation between the conduction and valence

bands. The relation between exact exchange amount and band separation is approximately
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linear, so it is often possible to get close to the ideal amount in only three steps. This can

then be �ne-tuned to match extrapolated 0 K bandgaps, if they are available.

There are some authors who instead use an exact exchange fraction of 0.25 for every

material they study. This exact exchange fraction is used for practical reasons, as it allows

calculations performed in different materials to be more directly compared with each other.

The amount is based on work by the authors of the HSE functional, where it was determined

as a best-�t value across many molecular and solid state systems. [Hey03; Per96b] This work

uses a “dialed in" exact exchange amount, rather than using 0.25 as the exact exchange

fraction, as 0.25 is not an optimal value for describing all systems. [Fre14]

3.2.3 Point Defect Simulation

Con�guration entropy drives the formation of point defects in solids. They can occur as a

missing atom (vacancy), an extra atom (interstitial), or by another atom replacing a host

atom (substitutional). Several isolated point defects may also interact and form a defect

complex. Real point defects are also accompanied by a distortion extending through several

layers of nearest-neighbor atoms.

DFT simulation provides a route to understand the properties of point defects in solids,

which is otherwise challenging to examine. To be most useful, these simulations should

correspond to point defects in the dilute limit, where there is a low enough concentration

of point defects that there are no interactions between them. Keeping in mind the periodic

nature of plane-wave DFT atomic geometries, simulation of point defects thus requires

some special considerations.

First, the primitive cell is no longer a suitable choice for the motif, since, as an example,

replacing the Ti atom in the primitive cell of SrTiO 3 with Fe would result in simulation of

SrFeO3 rather than SrTiO 3. Thus, several repetitions of the primitive cell are instead used as

the motif, with suitably extended lattice vectors. This is referred to as a supercell, and is

typically described in terms of how many primitive cells were used in its construction (e.g.

a supercell consisting of 27 SrTiO 3 primitive cells and 135 atoms, with 3 repetitions in each

direction, would be described as a 3 � 3 � 3 supercell).

The supercell should be large enough to capture the atomic distortions around the point

defect, whether it is an isolated point defect or a complex. There are also several effects that

the supercell should be large enough to prevent. Electronic interactions of a defect across

the periodic boundary can lead to several non-physical effects when trying to extrapolate
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defect energies to the dilute limit, such as Coulombic interactions arti�cially modifying

the defect energy, or dispersion in what should be �at defect energy bands in reciprocal

space. Strain interactions across the periodic boundary can also be a problem. To prevent

them, it is typical to ensure that at least one �xed layer of atoms is present on the periodic

boundary, while otherwise allowing as many atoms as possible around the defect to relax.

In general, then, the larger the supercell, the better. However, the time required for a DFT

calculation scales with the cube of the number of atoms. In practice, due to computational

resource restrictions, the calculations relevant for this project are restricted to having fewer

than 200 atoms in the motif at the HSE level. For this work, as in other state-of-the-art

investigations of defects in strontium titanate, 3 x 3 x 3 supercells were used for isolated

point defects and complexes between hydrogen and isolated vacancies [Iwa14; Var14; Jan14];

additionally, 3 x 3 x 4 supercells were used for �rst-nearest-neighbor defect complexes.

The 3 x 3 x 3 primitive cell directly simulates regularly patterned defects present at 6.24 �

1020 cm � 3 in strontium titanate, and the 3 x 3 x 4 primitive cell simulates defect complexes

present at 4.68 � 1020 cm � 3. The largest spherical “relaxation shell" that can be formed

in these cells while maintaining a �xed atom layer at the boundary is about 5 Å. Such a

relaxation shell was used around every point defect discussed in this work. For �rst nearest

neighbor complexes, one 5 Å shell was formed around each defect constituent, and for

hydrogen-vacancy complexes, a 5 Å shell was simply formed around the vacancy, since the

hydrogen atoms physically sit inside the vacancy void.

However, three primitive cell-lengths (about 12 Å) in each direction is still too small to

completely eliminate electrostatic interactions across the periodic boundary. An additional

but related problem is that charged supercells have an additional potential term added

in by the DFT software to deal with the otherwise-divergent electrostatic potential. This

leads to different “potential alignments" for the calculated energies of different charge

states of the same defect; this is essentially a �oating reference problem. Fortunately, much

work has been devoted to solving these two problems with post hoc correction schemes

by researchers such as Freysoldt et al. [Fre14] and Kumagai & Oba [KO14]. This work uses

a scheme implemented by Joshua S. Harris based on the work by Kumagai & Oba [KO14],

using room temperature experimental dielectric constants to simultaneously correctly align

the potentials and compensate for electrostatic interactions across the cell boundaries. This

method was demonstrated to have good convergence with cell size for even high charge

states across several materials[KO14].
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The relaxations for point defects are typically started at the PBE level to get close to

the energy minimum. Then, HSE level relaxations are performed on the results of the PBE

relaxation. Initial defect charge state ranges are typically n +1 to n-1, where n is the predicted

“ideal" charge state based on typical oxidation states of the involved species. This charge

state range is then extended until reaching a thermodynamic transition level above the

conduction band or below the valence band.

On its own, this does not result in enough of a speedup to make large numbers of HSE

simulations practical within our resource constrains. To further reduce the computation

time associated with running HSE calculations on such large supercells, the defects are often

centered so that the calculation can be run on a symmetry reduced subspace of the atomic

geometry and reciprocal space mesh of the simulation. Relaxing within this subspace can

restrict effects such as Jahn-Teller distortions from occurring. However, testing on defects

expected to exhibit Jahn-Teller distortions have shown that the energy difference resulting

from this is, at least for those defects, only on the order of hundredths of an eV, which is

small enough to be safely ignored. For situations where higher precision is needed, such as

validating coarse optical signatures calculated within the symmetry reduced subspace, the

calculation can be continued without the symmetry reduction, which allows spontaneous

symmetry breaking to occur.

3.3 Post-Processing

3.3.1 Extraction of Useful Parameters from Bandstructure

As discussed brie�y in the previous section, a number of useful quantities can be obtained

from the bandstructure aside from the obvious valence band maximum and conduction

band minimum. Ideal transport masses in the electron-phonon-free and scattering-free

limit can be obtained, which can be used as inputs for physics based models for carrier

transport. An accurate 0 K density of states can be directly obtained and used for numeric

integration of the Fermi-Dirac integral with knowledge of the Fermi level. Additionally, an

effective density of states can be constructed, which is far less costly to compute than direct

numeric integration of the Fermi-Dirac integral, and which additionally captures some of

the temperature dependence of the density of states.

Figure 3.2 shows the calculated bandstructure and density of states for STO from our HSE
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Figure 3.2 Density of States and electronic bandstructure of SrTiO 3 along high symmetry paths in
the �rst Brillouin zone, with carrier band extrema marked with colored dots.

calculations with the �nalized exact exchange amount of 0.2362, with carrier band extrema

marked with green dots for the valence band maximum and yellow for the conduction band

minimum. Depending on the context, the valence band maximum and conduction band

minimum are sometimes referred to as VBM or E VB, or CBM or E CB. The energy bands are

shown traversing paths between the high symmetry points � =(0,0,0); X =( 1
2 ,0,0);M =( 1

2 ,1
2 ,0);

and R=( 1
2 ,1

2 ,1
2). As calculated, the valence band maximum is not aligned to zero; the entire

bandstructure is typically shifted such that E VB=0 to allow it be more easily read. To obtain

the valence band maximum and conduction band minimum, the valence band is identi�ed

by electron counting, and the maximum energy of the valence band and the minimum

energy of the conduction band are simply read out. For this calculation, these have values

of EVB=3.21 eV and ECB=6.46 eV

Once the data has been properly organized, identifying the direct and indirect bandgaps

also become trivial–the direct gap can be found by �nding the minimum separation be-

tween the high symmetry path of the valence and conduction bands, while the indirect gap

is simply E CB-EVB. Values of 3.25 and 3.62 eV were obtained for Eg-dir and Eg-ind , respectively.

These compare favorable to Van Benthem et al. [VB01] and Kok et al. [Kok15]. Van Benthem

et al. [VB01] reported indirect and direct bandgaps of 3.25 and 3.75 eV, respectively. Although

it is not explicitly stated, these appear to have been determined using the Tauc method

with UV-vis absorption data collected with ellipsometry and re�ection spectrometry. Mea-
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surements by Kok et al. [Kok15] provided additional support for the reported indirect gap

and probed its temperature dependence. The exact exchange amount was �t using the

indirect gap instead of the direct gap since multiple authors reported the same indirect gap.

Bandstructure single point calculations can also be used as input for high resolution

density of states calculations, by using the converged charge density and plane-wave expan-

sions for the wavefunctions in a calculation with a much higher reciprocal space sampling

density. While the bandstructure calculation shown in �g. 3.2 only used a 6 � 6 � 6 weighted

reciprocal space mesh, it was found to be necessary to use a 15 � 15 � 15 mesh and mas-

sively increase the number of energy bins for output to obtain a density of states that was

directly usable for calculating carrier densities with the Fermi-Dirac integral.

However, for situations where the Fermi level is far from the conduction band minimum

or the valence band maximum, the electron concentration may be approximated much

more cheaply using an effective density of states as [KK80]:

[n ] = NC exp

�
� (EC BM � Ef )

kBT

�

(3.2)

and the hole concentration as:

[p ] = NV exp

�
� (Ef � EV BM )

kBT

�

(3.3)

In these equations, NC,V is the effective density of states for electrons in the conduction

band and holes in the valence band, respectively. These are de�ned in equation 3.4 for

effective density of states masses m �
D OS for electrons and holes, respectively.

NC,V = 2

�
m �

D OSkB

2� ~h 2

� 3=2

T 3=2 (3.4)

This de�nition comes from parabolic band theory, which posits that for non-degenerately

doped cases, the density of states can be approximated as a geometric surface in reciprocal

space whose curvature is the same as the curvature of the carrier bands at their extrema.

The density of states effective mass m �
D OS is the geometric average of the inverse curvature

of these surfaces along the principle crystallographic directions, multiplied by a degeneracy

factor:

m �
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Y
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The spatial degeneracy factor g is equal to the number of carrier surfaces appearing in

the �rst Brillouin zone. As an example, in silicon, the conduction band minimum occurs at a

point partway along the � -X vector, called the � point, and the parabolic band surfaces are

ellipsoids, because the surface curvature has 2 transverse components and a longitudinal

component. Because there are six such surfaces in the �rst Brillouin zone, the degeneracy

factor is 6.

In strontium titanate, the conduction band minimum occurs at � and the valence band

maximum occurs at R. There are band degeneracies at these points in both bands in our

calculations, although because the impact of the steeper surfaces on the effective density

of states is minimal, only the shallowest surfaces were used in calculating the effective

densities of states. Although the true carrier band surfaces in STO are corrugated and highly

nonlinear, the parabolic band approximations to these shallowest surfaces are spheres

in reciprocal space, and there is only one sphere for each carrier band within the �rst

Brillouin zone, making the spatial degeneracy factor g equal to 1 for both bands. Using

these approximations, we obtain density of states effective masses of approximately 6.2 m 0

for the electron and approximately 11.8 m 0 for the hole.

3.3.2 Treatment of Chemical Potentials

The chemical potential is the change in free energy when an atom of a given species is

added to or removed from the system. Physically, it can modulated by varying processing

conditions to control availability. In the grand canonical ensemble, it is also how theoretical

predictions are connected to real experimental conditions. Within this ensemble, it is simple

to place bounds on accessible chemical potentials in an arbitrary material, even one with

competing phases. The chemical potential � may be de�ned as � i � � o
i + � � i , where � o is

the chemical potential of atom i in its thermodynamic reference phase at 0 K. The number

of elements in a host material determines the dimensionality of the accessible space for

the native chemical potentials. Elemental materials only have a single component, and

their native chemical potential is constrained to a 0 dimensional space (a single point).

The chemical potentials in binary compounds can vary along a line; an increase in one

chemical potential must be accompanied by a decrease in the other chemical potential. At

0 K, the length of this line is equal to the compound's formation enthalpy. This is shown

graphically in �gure 3.3(a).

Similarly, for a 3 member compound, the stoichiometry and formation enthalpy con-
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Figure 3.3 0 K Chemical Potential Surfaces for AlN (a) and SrTiO3 (b) demonstrating the differ-
ences in accessible chemical potentials for binary and ternary compounds.

strain the chemical potentials of atoms in the compound to a plane. Eq. 3.6 gives the 0 K

plane, where n is the stoichiometry of element i in the host material. Furthermore, at 0 K, if

� � i > 0, then the element will precipitate from the compound. This restricts the accessible

chemical potentials lying on the plane to a triangle. [Bak17]

� H f
c ompo und =

X

i

n i � � i (3.6)

Additional constraints on accessible chemical potentials are imposed by competing (Eq.

3.7) and solubility limiting phases (Eq. 3.8), which may occur for 3-or-more-component

systems as precipitates in the host material. The constrained space of accessible native

chemical potentials for the SrTiO 3 system is shown graphically in �gure 3.3(b). The host

compound is stable against competing and elemental phases in the white regions of this

triangle, while the red and blue regions show areas where SrO and TiO 2 may precipitate. In

some situations, impurities may exceed their solubility limit because of kinetic limitations

to diffusion, aggregation, and phase change. In such cases, the solubility constraints may

be relaxed.

� H f
c ompe t i ng >

X

i

n i � � i (3.7)

� H f
so l .l imi t i ng >

X

i

n i � � i (3.8)
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��

(3.9)

Within this framework, the chemical potentials of ideal-gas-like species, such as the

oxygen dimer, can be mapped to actual processing conditions using experimental data

on internal enthalpy and entropy changes of the gas with temperature and pressure (eq.

3.9).[Per05; RS03; RS01; Ert12; WN04] Collections of such data are available in several

publications such as Chase Jr. et al. [CJ86] and Ihsan [Ihs95]. This is a very general framework

which is widely used not only for point defects [Sac15; Col12; Gad13a; Bow18; Gad14b; Ald18;

Har18; Bak17], but has also been applied as part of strategies for calculating crystal growth

preferences as a function of processing [Pai11], surface stability in different environmental

conditions [Gad14a] and even the relative energy of various surface reconstructions [Dyc18].

The chemical potentials of the compound itself and elemental, competing, and solubility

limiting phases can be accurately extended to �nite temperatures in a similar fashion as

ideal-gas-like species. However, this process requires accurate enthalpy and entropy data

that extends almost to 0 K. In the case of strontium titanate, the chemical potential of

oxygen at �nite temperatures and pressures is already accurately captured due to the

pressure to chemical potential mapping, and much of the rest of the defect chemistry

is determined by impurities. Improving the accuracy of the native chemical potentials

primarily affects strontium and titanium vacancies in STO, and the calculated chemical

potentials of impurities sitting on those sites. The derivations for the �nite temperature

extension of this framework are presented in chapter 6, which, along with work by Harris

et al. [Har18], motivated its development.

3.3.3 Point Defect Formation Energies

In the grand canonical thermodynamics ensemble, the formation enthalpy of a point defect

D in charge state q can be written as 3.10. [WN04; Fre14]

E f
D q = E tot

D q � E tot
b ul k �

X

i

n i � i + q (Ef + EV B) + E corr
D q (3.10)

In this expression, E tot
D q and E tot

b ul k are the total energies as determined by DFT of a super

cell containing the defect D in charge state q and the total energy of the perfect bulk,

respectively. In this grand canonical approach, the bulk is assumed to be in thermodynamic
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Figure 3.4 Formation energy diagram for a �ctitious defect with only two charge states.

equilibrium with respective chemical reservoirs, where � i is the chemical potential of

species i and n i is the number of atoms exchanged between the bulk and reservoir. � i was

discussed in-depth in section 3.3.2. E corr
D q corrects for the �nite size of the cell, as discussed

previously, and is obtained for each charge state of each defect using a method implemented

by Joshua S. Harris, based on the work of Kumagai and Oba with a relative permittivity of

300 for STO, and 1500 for BTO.[Fre14; KO14; Sam66; SG65]

Defect formation energies are traditionally represented with a formation energy dia-

gram, with the Fermi level Ef taken relative to the valence band maximum EVB and used as

a free parameter. As the only free parameter at a given set of chemical potentials, E f
D q (Ef )

has the form of a straight line, with the slope dictated by the charge q . One line is plotted for

each charge state, and the lowest line determines the most thermodynamically favorable

charge state. If the line changes slope within the bandgap, then the defect will change its

charge state as the Fermi level crosses the point where the slope changes, which is known

as a thermodynamic transition level (TTL). The TTL relative to the VBM can be easily solved

for by �nding the Fermi level where the energies are equal to each other using eq. 3.10 An

example diagram for a �ctitious defect with a neutral charge state in the lower half of the

gap and a -1 charge state in the upper half of the gap is shown in �gure 3.4.
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3.3.4 Approximating Optical Transitions

Defect optical absorption and emission signatures can be approximated with ground state

simulations in the limit that the excited electron or hole does not strongly interact with the

defect post-excitation. This approximation builds on the defect formation energies and

thermodynamic transition levels discussed in the previous section, and is often referred

to as the Franck-Condon approximation. [WN04] It has been widely applied for accurately

calculating point defect absorption and emission energies across multiple materials sys-

tems.[Col12; Gad13a; Gad14b; Bak17; Ald18; Har18]

Consider the hypothetical point defect shown in �gure 3.4. This point defect can exist

in 2 charge states: 0 and -1. If the Fermi level is such that this defect is in the -1 charge state

prior to any optical excitation (point A in the �gure), then the optical excitation from -1 to

0 (path A-B) and subsequent relaxation from 0 to -1 (path C-D) can be represented with

the con�guration coordinate diagram in �gure 3.5. If building on a dataset that already

contains the defect ground state simulations, the absorption and emission energies can be

solved for with as few as 2 single point DFT calculations for each thermodynamic transition

level.

Figure 3.5 Con�guration Coordinate diagram for the �ctitious defect from �g. 3.4

36



The x-axis of this �gure is a generalized one-dimensional coordinate representing the

lattice distortions occurring for different defect charge states. The y-axis shows the energy

change associated with changing charge state while the atomic geometry stays �xed. The

lattice distortions around the defect are typically, but not always, displacements of atoms

in the �rst few nearest-neighbor shells lying roughly along vectors connecting the atom to

the defect center. These displacements change when the defect changes charge state in a

similar fashion to what might be expected for a Raman breathing mode.

In this example, an incoming photon excites an electron from the defect at point A

into the conduction band, and the defect is now at point B. In the Born-Oppenheimer

approximation, the electronic shells relax almost instantaneously in response to this pro-

cess, so in situations where excitonic effects can be neglected (that is, where the excited

electron does not interact strongly with the defect electron orbitals), point B is simply

the atomic geometry of point A with an electron removed. Because this is a metastable

con�guration, the atomic geometry will eventually “catch up" to the electronic geometry,

which is represented by path B-C. Then, as the defect comes back into equilibrium with the

charge carrier reservoirs, it will eventually capture an electron from the conduction band

and move from point C to point D and, if the process is radiative, this will be accompanied

by emission of a photon. Point D is metastable, just like point B, so it will relatively quickly

relax into the ground state geometry for that charge state, returning to point A.

In this approximation, the zero phonon line, or ZPL, is equal to the distance from the

relevant band edge and the defect TTL. In this example, the defect is absorbing a photon

with loss of an electron to the conduction band, so the ZPL equals Eg � ET T L . If it instead

involved an interaction with the valence band, the relevant ZPL would be ET T L . Along a

given con�guration coordinate curve (that is, for con�guration coordinates of a given charge

state), the energy difference between points can be evaluated with a simple difference.

Using the labeled points in the diagram, the energy difference between B and C can be

evaluated as EB � EC , and the same holds true for D and A. Once the ZPL has been found, the

absorption and emission energies can be solved for quite simply as (for defect-conduction

band transitions) Eabs = EZPL + (EB � EC ) and Eemi = EZPL � (ED � EA).

Every charge state may have up to 2 transitions present for states in the gap, one in-

volving the conduction band and the other involving the valence band. The equations for

defect-valence band transitions may be solved for with the same methods as the defect-

conduction band transitions, using the diagram as a guide, so long as the original state is
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always represented on the bottom, and the excited state on top.

3.3.5 Defect Solver

The current defect solver is the third iteration of a program originally written by Ben Gaddy,

a former group member. [Gad13a] That �rst version was speci�c to the aluminum nitride

system and the code was still at a prototype stage of development; while the results were

physically and mathematically sound, it was not designed to be general or fast. The sec-

ond version was written by an undergraduate working for our group at that time, Brian

Behrhorst, who was tasked with analyzing the code, simplifying the callstack to improve

maintainability, and generalizing the program. Simpli�cations to the callstack led to dra-

matic speed improvements in this version. The third version was developed by the author

based on the second version, but optimized for speed while maintaining the generality,

and presented the functions and objects as a library. This made the code easier to main-

tain, modify, and incorporate into other programs. Support for quasi-Fermi levels was

added in as part of this project based on the work of Lutz. [Lut96] Steady improvements to

functionality, speed, and ease-of-use have been made since then.

The core idea of the defect solver is to solve for the charge neutrality conditions at the

chemical potentials and temperature where the defects are introduced, and then to solve

for it again after the material has been quenched to its operating temperature. The equation

relating defect concentration at equilibrium to the chemical potential (Eq. 3.11) is obtained

by minimizing the system free energy with respect to number of particles, and obtaining the

concentration from Stirling's approximation to the con�gurational entropy. The formation

enthalpy of � H f
D q is shown in a previous section as equation 3.10.

[D q ] � NsitesNcon�g exp

‚
� � H f

D q

kBT

Œ

exp
•

� SX S

kB

‹
(3.11)

It is important to note that one of the main assumptions in the derivation of Eq. 3.11

is that contributions to the system free energy from the individual defect populations

are dependent only on their concentrations, and not on other defect populations. This

assumption will break down if the system exceeds the dilute limit.

Equation 3.11 implicitly provides a system energy minimization constraint as a function

of chemical potentials, including that of the electron. That is to say, defect concentrations

calculated with eq. 3.11 are the lowest energy state possible given a set of chemical potentials
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and a Fermi level. An electrostatic system energy minimum can then explicitly imposed:

that the crystal must obey the condition of charge neutrality (Eq. 3.12).

p � n +
X

i

qi D
q
i = 0 (3.12)

At low temperatures, the total population across all charge states of a particular kind of

defect is �xed at the high temperature value and the distribution of charge states is adjusted

to maintain charge neutrality at the lower temperature.

3.3.5.1 Sources of Uncertainty

Although in general trends are accurately captured with this framework, there are a few

sources of uncertainty limiting the quantitative accuracy of the predictions. The �rst con-

cerns the non-con�gurational entropy ( � SX S), which consists of per-defect entropy terms

such as electronic entropy, vibrational entropy, and magnetic entropy, among others. The

magnitude of these entropic contributions is expected to be much smaller than the cor-

responding enthalpic terms [WN04] and the in�uence of neglecting them on predicted

defect concentrations is at least partially compensated for by Fermi level movement and

calculated impurity chemical potential. Because of this partial error cancellation, the ex-

treme computational expensive of explicit vibrational entropy calculations at the HSE level,

and the high number of unintentional impurities needing to be modelled, the per-defect

entropy terms have not been calculated or included in the models presented here.

The second source of uncertainty concerns the treatment of the electronic bandgap.

The electronic bandgap changes with temperature, and the temperature dependent shrink-

age is simple to measure experimentally, as was done by Kok et al. [Kok15] for strontium

titanate. However, it is not as straightforward to measure the movement of the in-gap states

relative to the band-edges with temperature. This can actually have a larger impact on the

charge balance solution than the shrinkage of the bandgap itself, although not modeling

the temperature dependence still gives satisfactory results for some properties such as the

brown coloration associated with iron. [Bak17] To the author's knowledge, there has only

been one study which even partially addresses the separate movement of the conduction

and valence bands, in silicon, and it did not examine the shift in defect levels with tem-

perature, only the movement of the band edges. [Bey10] That experiment used soft x-ray

spectrometry to measure changes in the energy difference between a core level, assumed

39



to be temperature independent, and the conduction and valence band edges. Despite

the lack of data on these properties in STO and BTO, there are currently several schemes

implemented in our code-base to move the in gap states with temperature in different

ways in anticipation of other possible tests against experiment becoming available. When

temperature dependent band edge movement has been included in our charge balance,

the scheme has been explicitly described in the relevant work.

There is also an informational limitation affecting simulation of defect complexes which

are only weakly bound with respect to the average thermal energy at room temperature.

Currently, defect complexes are not allowed to re-equilibrate with the populations of their

constituent isolated defects when quenched. This is because most defect complexes are

strongly bound and unlikely to dissociate. However, this approximation breaks down for

weakly associated defect complexes containing highly mobile species. There are two dif-

�culties in explicitly calculating low temperature concentrations for the constituents of

such complexes. The �rst is that the bulk chemical potentials becomes less well de�ned

at low temperature, since the system is no longer fully in equilibrium due to kinetic ef-

fects; in simple re-ionization without re-equilibration, the poorly de�ned low temperature

chemical potentials mathematically cancel and do not affect the quenched-in state. The

second is that point defect equilibration itself may also become encumbered with kinetic

effects at low temperature, and these can be challenging to simulate. When considering

results obtained with the defect solver, we are careful to evaluate the potential impact of

not accounting for such dissociation on our conclusions.

3.4 Data Management

Very few studies in STO report impurity pro�les or sample purity. All of those that do show

fairly high levels of background impurities, regardless of processing route. One of the �rst

studies on STO by Levin et al in 1955 reports 9 impurities above 10 18 cm � 3 and 5 more above

1017 cm � 3 in his �ame-fusion grown STO crystals. [Lev55] A much later study by Chan et al

in 1981 using solution processed SrTiO 3 reported 16 impurities above 10 17 cm � 3, of which 3

were above 1018 cm � 3. [Cha81]

Accounting for each of those 16 impurities requires 10-20 simulations just to properly

account for possible con�gurations and charge states, and even more simulations are

required for native defects and to calculate optical absorption and emission energies.
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Figure 3.6 High Level Overview of DFT Simulation Work�ow.

Altogether, accounting for 16 impurities in STO requires between 300 and 500 simulations,

without counting optical signature calculations. By contrast, in high quality silicon, the

system will typically only have one dopant present above 10 14 cm � 3, and the dopant is

usually chosen because it occurs in only one con�guration and one charge state.

Dealing with the data for this many simulations is a non-trivial problem. Even organizing

the thousands of �les associated with the simulations is a challenge. Human error will always

creep into tedious and repetitive tasks, such as setting up DFT simulations, calculating

post-simulation corrections or optical transitions, or collating results from a large number

of simulations. The possibility of human error is magni�ed in this case because the dataset

is large and was collected over several years by multiple researchers. Removing the human

element from this process greatly reduces the frequency of the types of dif�cult-to-notice

errors that could lead to erroneous conclusions.

To facilitate this, an SQL database and companion application were developed which

automatically import VASP calculations, checks them for errors, and performs data analysis

and postprocessing on the dataset. A high level overview of the entire work�ow, highlighting

the major role played by the database and its companion application, is shown in Fig. 3.6.

DFT calculations completed on supercomputers are transferred to a highly redundant

storage system, where the database application performs data extraction, error checks,

and total dataset analysis. All of the data from this process is stored in the database and
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is made available to both users and programs via the SQL interface. This process allows

easy creation of input �les for later stages of postprocessing, such as chemical potential

space analysis, formation energy diagram generation, or determination of point defect

concentrations for various processing conditions. The results of these analyses, in addition

to allowing comparison with experiment, are then used to inform the next round of point

defect simulations, which allows for a continuous high throughput simulation loop.

The database is designed in two layers. The �rst layer is designed to ef�ciently store

data and metadata about �les. The schema for this layer are organized around a list of

unique �ngerprints for �les, called hashes. A list of �les and folders mirroring the imported

�lesystem is linked into this hash table to enable quick identi�cation of duplicate �les.

These both then link into a general data table for storing arbitrary datatypes. This allows

the system to store only one set of data for each unique �le, which allows for increased

extraction throughput and lower data storage requirements.

The second layer is designed to store information about simulations, which are each

composed of multiple �les. This structure is organized around a list of simulations that the

program detects. It contains information on, among other things: composition; calculated

optical transitions; defect types, charges, and energies; and post-simulation corrections

to account for the �nite size of the supercells. A cluster analysis algorithm based around

compositional cosines is used to determine what compound each simulation belongs to.

This is then used in concert with an algorithm which calculates a similarity metric between

two simulations based on the species and arrangement of atoms to autonomously map out

the relationships between the simulations. These relationships are then used to calculate

what kind of defect is in each simulation.

Required user input has been reduced to designating an electronic structure simulation

and the single point calculations for obtaining optical signatures within the Franck-Condon

approximation; the rest of the process is automatic. This has reduced the amount of time

spent collating data and checking it for errors from several days for each new batch of

simulations to a matter of minutes, or several hours for a full re-import.
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CHAPTER

4

BROWN COLORATION OF IRON DOPED

STRONTIUM TITANATE

This chapter presents work I undertook to understand the point defects associated with

the brown coloration that occurs upon oxidation of iron doped strontium titanate. The

original publication is titled "Defect mechanisms of coloration in Fe-doped SrTiO 3 from

�rst principles" and is published in Applied Physics LettersVol. 110, in 2017.

Experimental data for this article was collected by Daniel Long and Ali Moballegh

from Elizabeth Dickey's group. Fruitful discussions were had with Ramòn Collazo and Lew

Reynolds. DFT calculations for this work were performed by both the author and Preston C.

Bowes. Computer time for the DFT calculations was provided by the DoD HPCMP, and the

research was funded through Dr. Ali Sayir's Aerospace Materials for Extreme Environments

program via AFOSR BRI grants FA9550-14-1-0264, FA9550-14-1-0067, and a DoD NDSEG

fellowship.

To understand the underlying defect mechanisms governing the coloration of Fe-doped

SrTiO3 (Fe:STO), density functional theory calculations were used to determine defect
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formation energies and to interpret optical absorption spectra. A grand canonical defect

equilibrium model was developed using the calculated formation energies, which enabled

connection to annealing experiments. It was found that Fe 0
Ti is stable in oxidizing conditions

and leads to the optical absorption signatures in oxidized Fe:STO, consistent with experi-

ment. Fe:STO was found to transition from brown to transparent as P O2
was reduced during

annealing. The defect equilibrium model reproduces a consistent P O2
of this coloration

transition. Most critical to reproducing the P O2
of the coloration transition was inclusion of

a FeTi-VO �rst nearest neighbor complex, which was found to be strongly interacting. The

coloration transition P O2
was found to be insensitive to the presence of minority background

impurities, slightly sensitive to Fe content, and more sensitive to annealing temperature.

4.1 Introduction

Strontium titanate (STO) has a wide indirect bandgap (3.25 eV), a high dielectric constant,

and poor bulk carrier mobilities. It is used industrially to manufacture capacitors and

varistors. [Lev88; Uen03; MH97; Yan87; Fuj85] There is a growing research focus on this

material for applications in thin-�lm capacitors, resistive random access memory, gas

sensing, and high electron mobility two dimensional electron gas heterostructures. [Moo11;

Woj13; Was09; OH04] It is also commonly used as a growth substrate for superconductors

and other oxide thin �lms. [Hil89; Woj13 ]

Ceramic single-crystal STO, commonly used for dielectric applications, has a signi�cant

number of background impurities present at levels of parts per million or higher. [Cha81]

In an attempt to suppress the behavior of these unintentional impurities, a single dopant

element is added at concentrations above the background impurities. [Cla00] Iron is com-

monly used because it is cheap, readily available, and makes the Fe-doped ceramic STO

(Fe:STO) insulating through compensation.

Under thermal and electrical stress the initial resistance of Fe:STO degrades over time. [Rod00]

Experimental measurements of Fe:STO have found that resistance degradation is accom-

panied by the formation of a color front that transitions from dark brown at the anode ( +

external potential) to transparent at the cathode (- external potential). [Was90c; Woj13;

Len11] Similar absorption peaks to those found in electrocoloration have been observed

in Fe:STO annealed at different oxygen pressures. Combined electron paramagnetic reso-

nance (EPR) and absorption measurements provided indirect evidence that neutral iron
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substituting on the titanium site (Fe 0
Ti) is likely associated with the brown coloration in

oxidized Fe:STO.[Mül71; FK69] This has led to the prevailing viewpoint that both coloration

processes arise from shifts in oxygen vacancy concentration, which changes the ionization

of iron substitutionals. [Was90c]

The defect models typically invoked to understand the physical properties of Fe:STO

assume that Fe0
Ti , Fe� 1

Ti , V2
O, n, and p are the only signi�cant species in the system and the

interaction between Fe Ti and VO can be neglected.[Bai90; MH97; Den95; Cla00; Was90a;

Wan16] These models then adjust the ionization of the Fe dopant until predictions �t a

measured physical property. Nevertheless, a number of EPR studies have detected the

presence of a �rst nearest neighbor iron oxygen vacancy complex, which suggests this

interaction is non-negligible. [Kir64; Mül71; Bae68; Fau71; Len11] Despite the frequent

detection of the complex in experiments, its in�uence on physical properties remains

unclear.

In this article a combination of experimental and ab initio techniques are used to

understand the underlying defect mechanisms important to the coloration of Fe:STO

annealed in different processing environments. These calculations explicitly account for

the presence of the �rst nearest neighbor complex identi�ed by EPR measurements. Iron is

found to be primarily present in four different forms (complexes and charge states) across

accessible PO2
ranges, rather than the two forms typically assumed. Furthermore, direct

evidence is provided that the Fe 0
Ti defect gives rise to two absorption shoulders which cause

the brown coloration observed upon oxidation.

4.2 Experimental Methods and Results

The coloration behavior of Fe:STO with 0.01 wt% Fe from MTI Corp. was investigated

experimentally. One set of samples was degraded while other samples were annealed in

different partial pressures of oxygen. Absorption spectra taken from different regions of

a degraded crystal subjected to a 100 V bias applied across the � 2.5mm sample for 19

hours at 480� 10 K are presented in Fig. 4.1(a). A separate sample was taken through four

anneal(1170� 5 K)-quench(300 K) cycles alternating between air and a P O2
= 15 Pa in a tube

furnace, with optical spectra taken at the end of each cycle. Absorption spectra from this

annealed sample are presented in Fig. 4.1(b). The color of Fe:STO was found to switch

reversibly when annealed in the different environments from brown (air) to transparent
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Figure 4.1 Absorption spectra taken for (a) electrocoloration and (b) annealing experiments.

(PO2
= 15 Pa). All spectra show a strong indirect band edge absorption at approximately

380nm (3.25 eV). The spectra of oxidized Fe:STO (anode and air annealed) show broad

absorption shoulders centered at approximately 460 nm (2.70 eV) and 570 nm (2.18 eV).

These peaks are consistent with previously reported experimental measurements. [Bie93;

Gan59; Was90c]

4.3 Computational Methods

Density functional theory (DFT) calculations with screened hybrid exchange correlation

functionals were used to understand the underlying defect mechanisms governing the

coloration of Fe:STO. Vacancies, native and impurity interstitials, anti-sites, substitutional

impurities, and the �rst nearest neighbor Fe Ti-VO complex were simulated. The background

impurities simulated were chosen based on available composition data from MTI. All

impurities found in the crystals at a level greater than 1017 cm � 3 were simulated, as were

several that appear in concentrations of 1015-1016 cm � 3, which includes S, Cl, Si, Al, Na, Mg,

Ba, and Ni. Isolated point defects and nearest neighbor complexes were simulated using

3x3x3 (135 atoms) and 3x3x4 (180 atoms) repetitions of the primitive cell, respectively, with

atoms within 5 Å of the defects free to relax.

All calculations were performed with the HSE06 [Hey03; Hey06] exchange correlation

functional in VASP 5.3.3 with an exact exchange amount of 0.2362, collinear spin polariza-

tion, and a plane wave kinetic energy cutoff of 520 eV. [KH93; KH94; KF96b; KF96a] Defect
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calculations and bulk electronic structure calculations used 2x2x2 and 6x6x6 Monkhorst-

Pack reciprocal space meshes, respectively. The amount of exact exchange was selected

to correct the underestimation of the bandgap common to traditional functionals. With

the parameters presented here, a direct bandgap at � of 3.62 eV and an indirect bandgap

between R and � of 3.25 eV was obtained, which are in good agreement with previous

experiment and theory. [VB01; Jan14; Kok15] In addition to the improvement in the elec-

tronic structure, HSE06 also improves structural and thermodynamic predictions. These

parameters led to a bulk lattice parameter of 3.901 Å and an enthalpy of formation of -16.53

eV, which are in close agreement with experiment. [OK73; Ihs95; JR11] Furthermore, HSE06

also improves the over delocalization of electronic charge that is common for traditional

functionals. [Fre14]

The formation energy of a point defect D in charge state q is determined by Eq. 1.

E f
D q = E t o t

D q � E t o t
b ul k �

X

i

n i � i + q (Ef + V BM + � V ) (4.1)

In this expression, E t o t
D q and E t o t

b ul k are the total energies as determined by DFT of a

super cell containing the defect D in charge state q and the total energy of the perfect

bulk, respectively. In this grand canonical approach, the bulk is assumed to be in thermody-

namic equilibrium with respective chemical reservoirs, where � i is the chemical potential

of species i and n i is the number of atoms exchanged between the bulk and reservoir.

Further, � i = � o
i + � � i where � o

i is the DFT energy per atom of the thermodynamic refer-

ence phase of i and � � i represents deviations from the 0 K reference phase. This allows a

compact representation of accessible chemical potentials that accounts for stability against

precipitation into reference phases or competing phases, and, in the case of impurities,

solubility limiting phases. [Per05; RS03; RS01; Ert12; WN04] Accessible values for � � i are

shown graphically for Sr, Ti, and O in Fig. 4.2(a). Bulk STO is thermodynamically stable

in the thin white strip of this triangle. � V corrects for the �nite size of the cell and was

obtained using a method based on the work of Kumagai and Oba with a relative permittivity

of 300.[Fre14; KO14; Sam66; SG65] The Fermi level Ef was taken relative to the valence band

maximum V BM and was used as a free parameter when plotting the formation energies.

Results of the defect simulations were imported into a point defects database where initial

post-processing was performed to extract defect properties (e.g. thermodynamic transition

levels, optical signatures, etc.), while further analysis was performed by solving relevant
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charge balance equations as done previously. [EA08; Gad13a] Defect con�gurational entropy

is accounted for in the defect concentration expression prefactor through the number of

identical con�gurations. Vibrational, electronic, and magnetic entropy are neglected due

to the signi�cant expense in calculating these for all charge states of each defect in our

database and their expected small magnitudes relative to other terms in the formation

energy expression. This is not expected to affect qualitative trends. [WN04]

4.4 Computational Results and Discussion

Formation energies for native vacancies and Fe defects are shown in Fig. 4.2(b). The forma-

tion energies of the Fe defects are plotted with � Fe set relative to relevant solubility limiting

phases at 0 K. The formation energies in the left pane are for highly reducing conditions

while those in the right pane are for highly oxidizing conditions. Our results indicate that

native interstitials and anti-sites have higher formation energies than vacancies in all pro-

cessing regimes and are, therefore, not shown. The most favorable vacancies in reducing

and oxidizing conditions are V O and VSr, respectively. VTi is more favorable than V Sr in oxidiz-

ing conditions when the Fermi level pins near the conduction band but this does not often

occur in practice. [MH97; Cha81] The formation energies and thermodynamic transition

levels for vacancies presented here are consistent with those of Janotti et al. [Jan14]

Iron was found to prefer the titanium site, either as an isolated defect or in a �rst nearest

neighbor complex with an oxygen vacancy. The isolated Fe Ti defect assumes all charge states

ranging from +1 to � 2 within the bandgap. The predicted Fe Ti(0|-) midgap state is approxi-

mately 1.7 eV above the valence band. In intermediate environments, the formation energy

of the FeTi-VO complex is close to or lower than either the Fe Ti or the V O. This indicates that

it can be present in signi�cant concentrations despite the con�gurational entropy penalty

relative to the isolated defects. This is consistent with previous EPR measurements. [Kir64;

Mül71; Bae68; Fau71; Len11] The complex adopts the +4, +2, +1, and 0 charge states as the

Fermi level moves from the valence to the conduction band, skipping the +3 charge state.

The strong interaction between the constituent defects leads to a large favorable (positive)

binding energy across most of the Fermi level, as shown in Fig. 4.2(c), where the binding

energy is de�ned as the difference between isolated defect formation energies and the
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Figure 4.2 (a) Chemical potential space of SrTiO 3, (b) Formation energy for select native and
iron containing defects, (c) Fe Ti -VO binding energy vs Fermi level, and Con�guration-Coordinate
diagrams for (d) Fe 0

Ti to CB and (e) VB to Fe0
Ti optical transitions.

formation energy of the complex. This is shown for Fe Ti and VO in Eq. 2.[Fre14; WN04]

Eb (Ef ) = E f
VO

(Ef ) + E f
FeTi

(Ef ) � E f
(FeTi -VO)(Ef ) (4.2)

The absorption and emission energies for each defect in the point defects database

were calculated using the Franck-Condon approximation. [WN04] For each defect, both

defect to conduction band (CB) as well as valence band (VB) to defect transitions were

evaluated. The majority of the predicted absorption energies either lie close enough to the

band edge to blend into its signal, or are in the infrared, where they would not show up

in a UV/ vis spectrum. Several defects with absorption peaks in the vicinity of those seen

experimentally have high formation energies and were eliminated because of their resultant

insigni�cant concentrations in the material. This down selection left four transitions in

the visible spectrum, all of which are related to iron. Two of these four, the (FeTi � VO)0

to CB and Fe� 1
Ti to CB transitions, do not satisfy the spin selection rule, and would thus

be expected to be of very low intensity, if present at all. The only transitions remaining

that satisfy the spin selection rule, were associated with a defect of low formation energy,

and were in the vicinity of the experimentally observed peaks were both associated with

Fe0
Ti . The con�guration coordinate diagrams for Fe 0

Ti to CB and VB to Fe0
Ti are shown in in

Fig. 4.2(d) and 4.2(e), respectively. The Fe0
Ti to CB transition (Fig. 4.2(d)) has an energy of

2.72 eV (456 nm), while the VB to Fe 0
Ti transition (Fig. 4.2(e)) has an energy of 2.17 eV (571

nm). These predicted energies are in good agreement with the experimentally observed

absorption shoulders.

The calculated formation energies were used to obtain defect concentrations after an

anneal and quench cycle. Defect concentrations are related to the defect formation energies
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via an Arrhenius expression that depends on the Fermi level and chemical potentials. [Fre14]

The Fermi level is the chemical potential of the electron in equilibrium and is determined

by charge neutrality. Charge neutrality is satis�ed when the sum of ionized donors and

holes is equal to the sum of ionized acceptors and electrons (i.e. p � n + � qD q = 0). Native

chemical potentials are �xed by a path through chemical potential space where the value

of � � O is connected to the oxygen partial pressure at the annealing temperature using

data from the NIST JANAF thermodynamics tables. [CJ86; RS03; RS01; Ert12; WN04] The

values for � � Ti and � � Sr must be within the white strip in Fig. 4.2(a). Here a path directly

down the middle of this stability region was chosen and is shown in Fig. 4.2(a). While this is

an arbitrary selection, it was found not to in�uence the major conclusions on coloration

and only changes the concentrations of background defects, such as V Sr and FeSr. This

leaves the dopant chemical potential, which can assume values of negative in�nity up to

the solubility limiting energy. Here, the known dopant concentration was used to back

calculate the dopant chemical potential at that concentration. If growth was simulated, care

should be taken to ensure that impurity chemical potential limits were not exceeded. [Col12;

Gad13a; Gad14b] For annealing, it was assumed the temperature would not be high enough

to change the dopant content of the crystal. During the anneal, defect concentrations were

calculated as a function of chemical potential. At each chemical potential, the Fermi level

was determined through charge neutrality. After the anneal and during the quench, the high

temperature defect concentration was frozen and a new Fermi level required to maintain

charge neutrality was determined.

For this work, we simulated anneals at 1073 and 1173 K followed by an immediate

quench to 300 K with an iron doping level of 0.01 wt% Fe (2.77 � 1019 cm � 3). The predicted

defect concentration pro�les at annealing and quenched temperatures are shown in Fig. 4.3.

Based on these results, a signi�cant fraction of iron is almost always present as a �rst nearest

neighbor complex.

At annealing temperatures, the results presented in Fig. 4.3 indicate that four distinct

defect chemistry regimes form. In extremely reducing environments (Region A), the be-

ginnings of the classical V +2
O :n compensation tail can be seen. In moderately reducing

conditions (Region B), electrons and the (Fe Ti-VO)+1 complex compensate each other and

are the dominant charged species. In the regime where most processing is done and out

to highly oxidizing conditions (Region C), the Fe � 1
Ti and (FeTi-VO)+1 defects compensate

each other as majority defects while low concentrations of Fe 0
Ti and (FeTi-VO)0 cross each
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