ABSTRACT
BRYAN, ISAAC S. Al-rich AlGaN and AIN Growth on Bulk AIN Single Crystal Substrates
(Under the direction of Dr. Zlatko Sitar).

Al-rich AlGaN andAIN epitaxial thin filmswere grownby metalorganic chemical
vapor deposition(MOCVD) on both vicinal (000%briented native single crystal AIN
substrates and AIN templates grown on vicinal (Oaf¥fignted sapphiréo developthe first
all-inclusive surfacekinetic framework for e control of surface morphologg the IlI-
nitrides The role of dislocation density on the surface morphology of these thin iBims
discused. A Burton, Cabrera, and Frank (BCF) thedrgsed modelvas formulated and
utilized to understand the dependemdehe surface kinetics on the vapor supersaturafion,
and substrate misorientation andleTransitioning from a surface with 2D nuclei to one with
bilayer steps required a decreasaiiar an increase it} whereas the suppression of step
bunching rguired an increase it or a decrease il Furthermore, there are many surface
defects that exist on these layers which have not yet fregerlyclassified. These defects,
namely cracks, pits, and hillocks, will be studied aredhods for preventinthe formation of
themwill be presentedUItimately, having the ability to achieve defect free and atomically
smooth surfaces withe made possible through these resultsadliosy for much better device
performance due to an enhancement in interface smostlamesa reduction in scattering
events both optically and electrically.

The first high quality nofpolar Alrich AlIGaN andAIN epitaxial thinfilms were
realized by MOCVD growth or{(1-100)oriented single crystalline AIN substrates. The
dependence of the surface morphology, structural quality, and unintentional impurity

concentrations on the growth temperature was studied in order to determine the most



appropriate growth conditions for higiuality epitaxial layers. Optically smooth surfaces
(RMS roughness of 0.4m) and high crystalline quality, as demonstrated by the presence of
FWHM values for(10-10) rocking curves alon{D001] of less tharl8 arcsec, were achieved

for films grown abovel350°C. Furthermore, sharf-WHM values less than 550M) and
intense near band edge luminescence was observed in homoegitebd8) AIN films. A
reduction in unintentional oxygen impurity levels was seen with an increase in growth
temperature. Thedegh crystalline quality films are suitable for device applications and hold
great potential for providing an ideal platform for deep UV emitters without polarization
related effects.

The electrical and optical properties of 8hd Mgdoped AlGaN epitaxl thin films
spanning the entire composition range from GaN to AIN were stullietkar onset of over
compensation was observedthe free carrier concentration and photoluminescésrceigh
doping concentrations aboveto 3x 10'° cm for both Si ad Mg doping. The role of
dislocations on the compensation levels was investigated by growing films on both native
(single crystalline AIN and GaN) and foreign (sapphire) substrates. Hybnisity functional
theorycalculations were implemented to provigether insight on the identification of point
defects which incorporated during growtPoint defect identification made it possible to
reduce the concentration of compensating defects-doed AlGaN providing a means of
improving the conductivity. Thee results further the current understanding of the role of
extended and point defectsn the material properties &lGaN and offer guidance for

improving the performance d@fituredevices.
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CHAPTER 1: Introduction
1.1 Dissertation Overview

AIN single crystalline substrates provide an excellent platform for fabricatirgciAl
AlGaN based deepV emitting optoelectronic and higfrequency, higkpower electronic
devicest® Many recent studies have been reported in a push towards the successful fabrication
of highly efficient light emitting diodes (LEDs) and electrically pumped laser diodes (LDs)
which emit at wavelengths bel®d0nm 2’ This wavelength range is near the absorption edge
of many biological species and provides an opportunity for sterilization and biochemical
identification applications. The high thermal conductivity and low lattice mismatch of the
native AIN substrate with IArich AlGaN make it suitable for such devices. In order to exploit
its full potential, the ability to grow low defect density homoepitaxial AIN and heteroepitaxial
Al-rich AlGaN layers on single crystalline AIN substrates, which serve as a base for the
subsequent growth of device structures, is essential, as defects within the layers can be
detrimental to the overall performance of-fitride based technologiés! Furthermore,
reduction of dislocation density and identification and reduction of compensating defects are
necessary to obtain highly conductiverikdih AIGaN and AIN for these devices. Most of these
devices are implemented ofplane surfaces and poteily suffer from large internal electric
fields due to the effects of the inherent spontaneous and piezoelectric polarizations. It is
expected that these polarizations cause a spatial separation of the charge carriers in quantum
confinement structures, liting radiative recombination efficiencié$. 1* Therefore,

eliminating these effects of the polarization fields through growth of films in directions



perpendicular to the polar axis, i.e. a fpmiar orientation, is of interest to the-Hitride
community.

This dissertation will be primarily focused on the growth by metalorganic chemical
vapor deposition (MOCVD) of high quality and purity-Ath AlGaN and AIN thin films on
native AIN substrates. The present chapter will provide an overview ofaterial properties
of lll-nitrides along with some of the basic principles and concepts that will be referred to
throughout the entire dissertation. Growth of epitaxy along the +pelat orientation will be
discussed in Chapter 2 with a primary focuslefeloping an understanding of the surface
dynamics in order to consistently produce atomically smooth and homogeneous thin films.
Chapter 3 will include studies of nguolar growth with a similar focus to Chapter 2. Doping,
both n and ptype, will be irvestigated in Chapter 4 with an emphasis on identifying the
unintentional point defects that incorporate during growth. Finally, Chapter 5 will provide a

summary of all the results discussed and suggestions for future work.

1.2 Properties of IHnitrides

The Il -nitrides are comprised of InN, GaN, and AIN, along with their ternary and
guaternary alloys. These semiconductors have direct bandgaps which span a range of 0.7 eV
for InN to 3.4 eV for GaN to 6.0 eV for Al:*° This wide range of direct bandgaps make the
Il -nitrides prime candidates for optoelectronic devices that emit and absorb in the infrared,
visible, and deep ultraviolet spectral regiohs.addition to their direct bandgaps, the-llI

nitrides are also readily known for their relatively high thermal conductivities, thermal



stabilities, electric breakdown fields, and electmoobility making them ideal for high power

electronic device& Table 11 gives some room temperature properties of theitiiides.

Table :1: Room temperature properties of therlirides14, 17

InN GaN AIN Units
Thermal conductivity 0.8 2.3 3.4 W/cm K
Electric breakdowrfield 3.3 11.7 MV/cm
Electron mobility 3200 1800 300 Cné/V s

Lattice constants:ofag 5.703/3.545 5.185/3.189 4.982/3.112 A

Bandgap 0.7 3.4 6.0 eV

There are two primary crystal structures observed for theitliles; a metastable
cubic zincblende structure and a stable 2H wurtzite structure. Figliréal shows an
incomplete unit cell of the stable wurtzite phase, which is the most natural antoarrystal
form of the lIknitrides. Due to the differences in electronegativity of the N ardtdiin, the
crystal structure is neoentrosymmetric. This break in symmetry exists along thei€ and
promotes a built in spontaneous polarization fielccdse of this polarization, there are two
types of orientations when looking along thexgs, a Npolar and a IHatom polar (metal
polar) orientation. The polarization points in the direction of thgolr surface. Symmetry
does exist along theaxis and this introduces nepolar (n and a) and sempolar (s and

) planes, which are denoted in Figuré (b). The surface energies of these planes are different



and causes there to be intrinsic differences in how adatoms incorporate and move on the
growing surfaces, which will be discussed throughout later chapters in terms of impurity
incorporation and surface morpholo§yThese intrinsic differences make it important to have

the ability to distinguish between these orientations, which can be done efficiently through

selective etching or-ray diffraction studies.
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Figure }1: An incompeéte wurtzite unit cell (a) along with a depiction of the common planes

(b) found in the IHnitrides.



For optoelectronic devices, this spontaneous polarization can be seen as problematic
due to the quantum confined Stark effect. Whemitilide quantum wlls are grown along the
polar axis, both the piezoelectric and spontaneous electric fields cause the bands to bend, as
shown in Figure 2. The band bending results in a poor overlap of the electron and hole
wavefunctions, which causes a reduction ofithernal quantum efficiency and a shift of the
emission wavelength. This problem could be mitigated by using -@olan orientation, also
shown in Figure 2, however, growth along this direction has yet to be developed to the extent

of the polar orientadns®
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Figure 12: Schematic representation (from Referetef the band structure and electron
and hole wavefunctions for GaN/AlGaN quantum wells grown along the polar argbtan

orientations.



The préerential polarization of photorteatemit from GaN and AIN are different due
to a shift in the highest energy hole state from the héalg to splitoff-hole, respectively.
Therefore, light that emits from GaN or AIN is preferentially transverse ae(ti) or
transverse magnetic (TM) polarized, respectively. Moreover, for AlGaN based
optoelectronics, studies show that as thedticentration increases, there is a transition for the
polarization of emission from TE to TM because of the crossover abthenost valence
band?® For efficient light extraction in top and bottom etimgy structures, the light that
propagates along the polar axis needs to be TE polarized, which is depicted in RBdgtre 1
TM polarized emission is more difficult to extract than TE polarized emission due to the typical
light extraction cone perpendicular to the multiple quantum well (MQW) plane which has a
critical angle of total internal reflection of ~28°Therefore, the emission along the polar axis
is greatly hindered for any structures implementing higle@centration AlGaN, where TM
polarization exists. For the nguolar orientation, light extraction it imposed by the type of

polarization, i.e. Alconcentration.
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Figure 13: Schematic of the polarization direction of emission from polar angpalam Ga

rich AlGaN and Adrich AlGaN.

1.3 Growth of Akrich AlGaN and AIN
1.3.1 Single Crystalline AIN Bulk Subsites by PVT

Al-rich AlGaN and AIN thin films are typically grown on foreign substrates such as
sapphire, silicon carbide or even silicon due to the lack of a readily available native substrate.
These films exhibit high dislocation densities (20 10*° cm?) due to the large lattice
mismatch between the substrate and film. The high dislocation densities hinder the overall
performance of the thin films, making it desirable to reduce them. Recently, the development
and availability of AIN single crystal satrates with low dislocation densities (<) has

made it possible to grow Alch AIGaN and homoepitaxial AIN with low densities of extended



defects?> 2 These epieady substrates have many advantages thee foreign substrates
besides just the significant decrease in dislocation density of thin films grown on them. By
having AIN as a substrate, one can use the high thermal conductivity to improve thermal
management for high power devices. Furthermorewing epitaxial films requires no
additional buffer layers or transition layers which are typically used to account for the large
lattice mismatch between the substrate and film. This simplicity of growth saves time and
materials.

These substrates aggwn by physical vapor transport (PVT). The AIN source powder
used for PVT growth is sintered at temperatures above 2150 °C for about 20 hrs. in order to
reduce oxygen and carbon impurities, which would result in the deposition,©f ahd
Al4C3.2* During PVT growth, this AIN source powder is sublimed within agiten or
tantalum carbide crucible. Once in the vapor form, a temperature gradient transfers the vapor
to an AIN seed crystal, which is held at a lower temperature than the source powder.
Recrystallization occurs at the seed crystal and growth proceettiésimanner. Growth
temperatures between 2200 and 2500 °C are typically used with growth rates of around 500
um/hr! These PVT systems must be designed to withstand these high tempenatunesre
importantly control the temperature gradients with great precision. The temperature profile
control across the crucible directly affects the successful growth of a symmetric crystal boule

like that shown in Figure-4 (a).
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Figure 14: AIN single crystal boule grown by PVT (a) and an-epé a d y -pdlad AINA |

substrate prepared from such a boule (b).

The highest quality AIN single crystals are grown using a high crystalline quality seed
crystal (typically the top of a previously grown boulB)us, the diameter of a boule is directly
dependent on the lateral growth rate of thgplames. There are ways to increase the lateral

growth rate but this can only be done at the expense of the crystalline quality. This results in a



painfully slow expansin rate of the crystal boules and is one reason for limitations in available
wafer diameters and for the high cost of currently available AIN single crystal substrates. To
fabricate an epieady substrate, these boules are taken and sliced by a diamesdwiglong

the desired crystal direction. The most common type of substrateptaiaec substrates like

that shown in Figure-4 (b). Once the boule is cut, the slices are first mechanically polished
to remove the plastic deformation caused by the save. dit this step that the substrate
misorientation is fixed. The substrate misorientation from thgi€ plays an important role in

the subsequent growth of thin films as will be discussed throughout this dissertation. The final
step of fabrication is ah@momechanical polish (CMP) which plays three important roles; first

it removes subsurface damage, second it produces an atomically smooth surface, and third it
passivates the surface with a stable hydroxide layer that can be easily removed prior to
growth® 2325 The passivation is key because AIN tends to spontaneously oxidize and this can
result in difficulty later when trying to grow epitaxially on the oxide layer.

PVT grown AIN substrates are often amle color, as shown in Figured. This is
surprising when the bandgap of around 6.0 eV is taken into account, which should make
substrates transparent to visible light. The origin of the apparent color of the AIN substrates is
the incorporation of undesible impurities. Carbon, oxygen, and silicon are common
impurities which exist in AIN crystals that incorporate during growth. These impurities form
deep level states and result in absorption bands within the bandgap. In particular, carbon has
been foundo incorporate readily in the PVT grown substrates at significant levels of around
10 cnm3. Collazo et al. showed that carbon is responsible for the absorption at 265 mis.

absorption band is one of the most important seen in AIN, since most optoelectronic devices
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which would utilize the AIN native substrate emit between 230 and 280 nm. Therefore, the
substrate absorbs a significant amount of theétechlight and prevents light extraction through

the substrate of such devices. This absorption band along with the high expense of growing
these AIN substrates have hindered their overall success and spot in the mainstream of nitride
growth processes imdustry. Ultimately, however, the only way to produce high quality and
efficient devices will be through growth on a native substrate as has been seen in other
materials systems throughout history. All of the work that will be discussed in this dissertatio

will serve to strengthen the position of AIN substrates in theiftide community.

1.3.2 Al-rich AlGaN and AIN Epitaxy by MOCVD

The most common technique used today for the growth-oCAIAIGaN and AIN thin
films is MOCVD. Other techniques includeolecular beam epitaxy (MBE) and hydride vapor
phase epitaxy (HVPE). The main reasons for the popularity of MOCVD foicAlAIGaN
and AIN growth is that it provides a way to grow films with relatively low impurity levels
while maintaining manageable gritwrates for device structures.

The thin film samples studied for this dissertation research were grown using a vertical,
cold-walled, rkheated, lowpressure MOCVD reactor. FigureSlshows the reactor during a
growth where the glowing hot susceptor daseen in the center of the reactor. For this
reactor, trimethylaluminum (TMA), triethylgallium (TEG), and ammonia ¢N&fe used as
the Al, Ga, and N precursors, respectively. Silane {fSaHdbis-cyclopentadienyl magnesium
(CpMg) are used as the Sic&iMg dopant sources. As compared to PVT, which relies solely

on the physical transport of the AIN from the source to the seed crystal, this deposition
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technique relies on a chemical reaction taking place near the hot substrate during growth. The
following reaction occurs for the growth of AIN or AlGaN, where M represents either Al or

Ga species.

- ¢ . (CG+-.0 -( C (1)

The metalorganic sources, TEG and TMA, are not included in this reaction because

thermolysis of the sources into the Ga and Al gas@lshighly spontaneous.

Figure 15: MOCVD chambertpp) and complete reactor systebottom), which is used for

the growth of all the samples studied.
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The driving force behind MOCVD growth can be described by a single universal
parameter called theapor supersaturation. The vapor supersaturation is given by the following
expression for AIN, wher@, is the equilibrium vapor pressure of Al aRd° is the input

partial pressure of the Al species.

o — )

This parameter describ#®e deviation of the system from thermal equilibrium conditions. The
vapor supersaturation determines the growth rate, surface morphology and defect
incorporation of the thin film and can be controlled by adjusting different growth parameters.
PaCis affected by the total flow of all the gas species, total pressure, and the gas flow of TMA.
Pai is primarily dependent on the growth temperature, but is also affected by the diluent gas
composition, cracking efficiency of the NHand the partial presses of all the gaseous
species. This vapor supersaturation is directly linked to the surface supersaturation which will

be discussed in later sections.

1.4 Defects in Atrich AlGaN and AIN
1.4.1 Point Defects

Point defects are zero dimensional defects which sbredi missing atoms, i.e.
vacancies or vacancy complexes, or atoms sitting orirmonsic lattice sites within the
crystal. Point defects prevent the crystal from being 100% pure. These defects can influence
the electrical conductivity of semiconductavgithout point defects, Atich AlIGaN and AIN

would be insulating at room temperature due to their wide bandgaps. Therefore, a clear
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understanding of all intentionally and unintentionally incorporated point defects in this
material is necessary.

There are many techniques for studying point defects, but each one has its own
limitations. Impurities can be quantified by secondary ion mass spectroscopy (SIMS). This
technique assumes that appropriate standards exist for calibration and that the impurity leve
is above some threshold or detection limit. For AlIG# becomes very difficult to achieve
since there are no such appropriate standards available. The concentration of native defects,
such as vacancies and vacairopurity complexes, are very diffituto quantitatively
determine. For native defects, typically positron annihilation spectroscopy is used as a
gualitative measure, but this technique can only identify negatively charged defects. Positron
analysis requires theoretical input as a referexgcevell and is very poor in predicting the
concentration of such defects.

With any point defect, the presence of the defect within the crystal will cause defect
bands to form within the bandgap. These additional states cause the material to have
charactestic optical properties. Therefore, another practical method for qualitatively studying
point defects is by studying the optical properties, such as absorption and luminescence. For
relatively new material systems like AIN and-A¢h AlGaN, photoluminesence (PL) and
cathodoluminescence (CL) can provide information on the relative position of point defect
bands within the bandgap, but additional reference information is needed to identify the point
defects and their associated emission lines. With thermes made possible through the work

that will be presented in this dissertation, new qualities have been achieved that for the first
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time allow for observation and identification of defects using PL. PL will be used extensively
in conjunction with theotecal modeling to study the point defects inidh AlGaN and AIN.

Hybrid density functional theory (DFT) calculations provided by Dr. Benjamin Gaddy
and Dr. Douglas Irving will be used in this dissertation to model point defectsrich®\IGaN
and AIN.2” DFT is a quantum mechanical method, typically carried out computationally, for
determining the electronic wavefunction within a manyragystem. In the studies to follow,
the formation energies of defects were calculated using hybrid DFT in the plane wave
expansion as implemented in VASP 5.2 in order to determine the likelihood of defect
formation?®3! Hybrid functionals, which mix a standard exchawgerelation functional with
a fraction of exact HartreBock exchangewere used in an attempt to better capture the
experimental bandgap of the AlGaN and AIN materdal® With the formation energies
determined, as a function of the accessible growth conditions and Fermi level, the
concentration of a defect can be determined. All of these calculations can be closely tied to
experimental measurements such as PL, SIMS, arrposneasurements to better understand
the role of point defects in these wide bandgap semiconductors.

In the case of conductive thin films, the number of compensating point defects can be
determined indirectly through temperature dependent Hall effesdsumrements. The
subsequent discussion will give a brief overview on the theoretical background.

Consider a #type semiconductor with a concentratiomdfee electron carriers. The
law of mass action states that the number of positive charges mugidldcethe number of
negative charges through the following expression

n o e 0 (3)
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where p, Nb*, and Na~ are the free hole carrier, ionized donor, and ionized acceptor
concentrations, respectively. Assuming FeDmac statistics, the concenti@t of ionized

donors can be found using

6 © p QO ——— (4)

wheref(Ep) is the probability of an electron occupying the donor energy &at@ndNp, Er,
andg are the donor concentration, Fermi level, and charge degeneracy factor, respectively. But
if we let Ea equal the difference between the conduction band minimumEantien the

equation can be rewritten into the following form.

5 @ @— (5)

whereNc is the density of states for the conduction band. Fetyp@&semiconductor, the free

hole carrier concentration is very small. Also, the concentration of ionized acceptors must
eqgual the concentration of acceptdis, since every freelectron will occupy the lower energy
acceptor states at all temperatures. Using these assumptions along with Equations 3 and 5,
Equation 6 can be used to determine the concentration of compensating defects, i.e. acceptors,

by knowing the temperature depkemce of the free carrier concentration.

—Q (6)

Equation 6 will be used to calculate the degree of compensation and the Si donor activation

energy in Sidoped Atrich AlIGaN and AIN in Chapter 4.
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1.4.2 Extended Defects

In contrast to point defects, extended defects are defects which extend in one or more
dimensions. The two types of extended defects that will be discussed in this dissertation are
dislocations and stacking faults which are line and planar defects, reslyedthe presence
of extended defects in a material can hinder the materials potential in device structures. Some
extended defects have been shown to act as scattering centers, which can potentially reduce
the conductivity of a material by reducing the niibp® Others are known to act as
nonradiative recombination centers which reduces quantum efficiencies in optoelectronic
devices. There are even some extended defects which are conductive and act as electrical
leakagepaths in vertical devices. Lastly, these defects distort the crystal and induce strain fields
which can attract point defects due to a local change in the chemical potential.

Since the Ilnitrides have a wurtzite crystal structure, the dislocations HnicAl
AlGaN and AIN are classified into three different typasype, b=(1/3)<1120>, a+c type,
b=(1/3)<1123>, andc type, b=<0001>. By definition of edge and screw typeodmions, if
a film is grown epitaxially in the [0001] direction, i.e mepallar, and the dislocation line is
given by [0001], then these three types would be denoted as edge, mixed, and screw type
dislocations, respectively. These dislocations would bés&nown as threading dislocations
since the dislocation line is parallel to the growth direction. Dislocations can be annihilated by
either terminating at a free surface or by forming loops among each other. In later chapters,
both heteroepitaxial flmgrown on foreign and native substrates will be studied. In the case
of using a foreign substrate, techniques will be used to reduce dislocation densities by

increasing the surface area through three dimensional growth in order to increase the
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probability d dislocation annihilation. For AlGaN films grown on native AIN substrates, the
critical thickness will be considerédi.>> By growing pseudomorphically, no additional
dislocatios will be introduced beyond those already present in the substrate. Above the critical
thickness, relaxation will occur to reduce the mismatch ghatientially introducing additional
dislocations

Stacking faults (SFs) are associated with partial didlons, which have Burgers
vectors that are not equivalent to a lattice vector. There are two primary classifications for SFs
in a wurtzite structure, prismatic stacking faults (PSFs) and basal plane stacking faults (BSFs).
For llI-nitride epitaxial films SFs are most commonly observed and studiadmpolarfilms.
In fact, a high density of SFs remains one of the primary issues for realizing high noality
polarlll -nitride materials. Of the observed SFompolarlll -nitrides,BSFs tend to previi
and beonly intrinsic k type which can be formed with a displacement of the lattice of 1/3<1
100> plus the insertion or removal of a basal plane resultiggAaBbAaBbCcBbCcBb
stacking®® 3’ Contrary to extended defects formed with polar growth, the density of these BSFs
in non-polar films do nosignificantlyreduce with an increase in film thickné€3 herefore,
in order to achieve high quality ngrolar films, the formation of such defects to begin with
must be mitigated. One way to potentially do this is through growth orpolan native
substrates, which will be discussed in Chapter 3.

There arewo techniques that will be used to study extended defects uisbertation,
high resolution xray diffraction (HRXRD) and transmission electron microscopy (TEM).
HRXRD is an indirect technique and is used to study the tilt and twist of the mosaiaity of

crystal, which can be related to the dislocation density type and d&H$RXRD is also ued
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to determine | attice constants through the
nondestructive and relatively fast, however, it is limitedthy lack of an abilityto detect

clusters of dislocations or determine the behavior of dislocatiomsiltilayered structures. A

more direct technique is to study teedefects by conventional TEMEM is a destructive
technique, which requires the ability to prepare a sample that is thin enough for electron
transparency. However, once the sample ipg@ny prepared, this technique can image any

type of extended defect and determine the exact type through using the diffraction invisibility

criterion and direct detection of atomic displacements.

1.5Surface Dynamics of Crystal Growth

Epitaxial thin film depositionor growthcan proceed on substratesurface by2D or
3D nucleationgrowth, step flow growth, or a combination of #sgrowth modesin all cases,
depositionrequires that there be a deviation of the system from thermodynamic equilibrium.
This deviation can be expressethrough the surface supersaturatiol.he surface
supersaturation determines whicltloé growthmodess the most favorabldn the sections to
follow, different growth modes will be discussed along wiassicaltheory which is

commonly used to describe each of them.

1.5.1 Nucleation
During thin film growth, if the supersaturation is large then growth can proceed by
nucleation. The formation of stable nuclei requires that the nuclei be sufficiently large so that

the energy released to form its volume is enough to create its surfacerifidal size where
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this occurs is governed by thermodynamics where the change in Gibbs free energy must be
favored. The following expression describes the change in Gibbs free ese@yy,for a

circular two dimensional nucleation process like thatshm Figure 16

Yo ¢ iQq —V (7)

wherer, h, 25, A, andee Gare the nucleus radius, nucleus height, surface free energy of the step,
projected area of an adatom, and change in chemical potential, respectively. For this case, it
has been assumed that the nuclei are of the same material as the substrate se thawther
need to consider the change in interface energy or strain energy. The change in free energy for
this process is plotted in Figure6l(b). From this plot, it is clear that Gp initially increases

due to the unfavorable creation of the new steg eligs during this increase that the formation

of a stable nucleus cannot occur spontaneously. The nucleus will become stable once the

critical radius[r*, is reached which is associated with the maximuge Gb.
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Figure 16: Schematic of a circulawb dimensional nucleus (a) and the change in free energy

for the nucleation process plotted as a function of the nucleus radius (b).

This critical point can easily bdeterminedand gives the critical free energy of

nucleationge Gp*, andr* as the folloving expressions

" — (8)

y6 &= — (9)

whereze (has now been expressed in terms of the critical surface supersatultion,

Classical nucleation theorgstablishesthat the critical nucleation ratdp*, is
proportional to the rate at which the molecules attach to the supercritical nytletng
probability of a nucleus overcoming the critical energetic barrier (Zeldovich nonequilibrium
factor,Z), and the equitbrium concentration of critical nucleil*.%° This can be approximated

for AIN as shown
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Yo OOt Q (10)

By combining Equation 9 with Equation 10, the critical surface supersaturation, where the

onset of nucleation should be favored, is given as
. Q (11)

This expression is important to realize since as will be shown in Chapter 2, this critical point
can be observed experimentally and can resolve kinetic properties of adatoms cuirahg Al

AlGaN and AIN thin film growth.

1.5.2 Surface Diffusion

The weltknown Burta, Cabrera, and Frank (BCF) theory for crystal growth can be
used to better understand the kinetics of adatoms on a step and terrace morphology during step
flow growth*! The source of stepcan be from a misoriented cut of the substrate, dislocations
or both. The following discussion will present a technique for determining the surface diffusion
properties of Al for the growth of AIN epitaxy. For the case of an ideal step, each step is
isotropic in nature and free of nuclei. This allows one to consider only a one dimensional case
for surface diffusion. An atom approaches a step of hdighgrmal to the surface and either
diffuses and incorporates at the step edge, adsorbs to form ashagl¢he step, or desorbs.
Figure 17 depicts the resulting fluxes, whekeJ, ns, §, andas are the surface diffusion flux,
adatom arrival flux, adatom density on the surface, mean residence time, and terrace width,

respectively.
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Figure 17: Idealstep and terrace schematic depicting surface diffusion during growth.

Using Einsteinds rel at i a, is,directhhrelates torthiea c e
diffusion coefficient on the surfacBs, andU. It can also be expressed in terms of the difus
barrier energykq, andthe energetic barrier to be surmounted for desorpttunh is the same

as the adsorption energgaa.*?
of _0Q (12)

Here,as is the effective elementary jump distance on the surface.

In absence of nucleation, the net flux adsorbing to the suddgg must be equal to
the diffusion flux toward the steps. Therefore, if the steps are assumed to be perfect sinks, i.e.
the capture probability at the steps is unity, then the following continuity equation describes

the system

23



— U0 — 0 ® (13)

Fi ckods first |l aw states t hat t he di ffusi on

concentration. Therefore, Equation 13 can be rewritten as follows:

0O—— 0 — (14)

A solution to thesecond ordedifferential egiationis used to determine the adatom
density as a function of the position the surface,sing the step edge aboundary condition

It is assumed that the step edge is at equilibrium and has an adatom demsity of

R — (15)

The surface supersaturati@s,is given as the relative difference betwagandnso. Therefore,

Equation 15 can be used to derive the surface supersaturation as a function of the position on

the surface.

, @ — — p p — (16)

With this expressionis is sketched as a function of position on a step and terrace surface in

Figure 18.
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Figure 18: Schematic representing the surface supersaturation as a function of position on an

ideal step and terrace morphology.

Through the original BCF treatments is directly related tol. Considering the
relationship propogk the net adatom arrival fligoing from the vapor to the surface, which

was already described in Equation 13, barewritten as:

DO —, , O (17)

Therefore, through this relationship, Equations 13 and 16 can be considered in order to express

Us in terms oft.

(18)
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Equation 18ndicates the direct connection betweenhpor and surfackinetics. Having

this relationship allows for a better understanding of how growth conditions will affect the
dynamics of the adatoms on the surface. This expression indicatésrtathes a maximum
somewhere near the center of the terrace. It is important to note that this kinetic theory
treatment assumes a symmetrdchowever an asymmetric condition is probably more likely

to exist due to the fact that the probability of upaid downhill adatom diffusion occurring

at a step edge is usually not the same. For simplicity the symmetric condition is used since this
does nothange the overall trendsatwill be discussed and supporteddagh experimental
results in later Chapterf the maximum of the surface supersaturation profile across a step
exceeds a critical surface supersaturation valiethen nucleation will occur. The maximum

of Equationl8 gives the maximum surface supersaturation as follows:

w R . P (19)

Finally, Equation 11, can be used fgt and the surface diffusion properties can be realized,

which will be shown in detail throughout Chapter 2.

1.5.3 Alloy Composition

Section 1.5.2 described a system where only one adatom was considesed. T
simplified model can be used for AIN in order to understand general trends observed
experimentally, but for AlIGaN both the Al and Ga adatoms must be considered. The surface
diffusion flux as a function of position on a step for each species can baldtech from

Equation 15.
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Op @ Fo U — —— (21)

The arrival and desorption flux will not necessarily beséwme for Ga as it is for Al. Knowing

the diffusion flux at the step edge for both species allows for the composition to be estimated.

O — ) (22)

whereR is the growth rag. The growth rate is giveby the product of the step velocity and
h /o. &he step velocityy, can be expressed in the following manner where adatoms diffusing

from both the left and the right of the step edge has been considered:

v — (23)
Hereno is the density of adatom sites on the surface.

With an alloy, there is always going to be a difference in the mobility of the different
species. In particular, it is expected that Ga adatoms during GaN growth have a much larger
diffusion length than Al datoms during AIN growth® 44 However, these diffusion lengths
were determined considering different growth conditions. Furthermore, this could be altered
when Al and Ga are both on a surface simultaneously and dapegih the same growth
conditions, for example during AlGaN growth. Notice that wags much greater tham, the

hyperbolic tangent term ids( o&2) tends toss/ 2 &onversely, ifesis much smaller thags,
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then the hyperbolic tangent termJ{ ¢#2) tends to 1, which gives the following relationships

for Ra andRga.

Y , (24)

Therefore, if either Al, Ga, or both species exhibitsnaall diffusion length relative to the

terrace width, then the composition of AlGaN will be substrate misorientation dependent.

1.5.4 Step Bunching

As mentioned in Section 1.5.3, the Al and Ga adatoms will have different surface
kinetics, therefore any evolution tife surface morphology, such as step bunching, has the
potential of leading to nonuniform compositidisThe surface supersaturation plotted in
Figure 18 assumed the boundary conditsathat when approaching the step edge from the left
(top) and the right (bottom), the same equilibrium adatom concentration exists. This
assumption is a good approximation for a step and terrace morphology free of step bunching.
However, when step bunclgns favorable, one must consider the significant Schwoebel
barrier effect that exists at the step edge as depicted in Figufa)1®*’ EcsandEsrepresent
the EhrlichSchwoebel barer and step edge binding enesy respectively, and arrive from
the difference of coordination for atoms at the top and bottom of the step. This barrier will
require the agtoms that travel toward the top of the step edge to undergo a less probable
diffusion down the step edge in order to incorporate. Therefore, the adatom concentration

should be different at the top of the edge versus the bottom.
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Figure 19: Schematic representing the Schwoebel barriers for a step bunched surface (a) and

the pogression of a surface towards step bunching (b).

The exact reason for the onset of step bunching is still under debate. Usually, it is
attributed to the surface kinetics of adatoms through the Schwoebel effect, however, others
have suggested the causeb® from short range attractions between steps and some from

partial relaxation of a strained vicinal lay&P® Through the surface kinetics approach, the
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onset of step bunching can be described as shown in Figu(®)1 The Schwoebel barrier
causes the rate of step advancement to vary from step to step due first tiachment
probability differences and second to the length differences of the adjacent steps. This
instability will result in some steps shrinking and others expanding until bunching occurs. The
advantages and disadvantages of having a step bunched mogsphall be discussed

throughout this dissertation.

1.5.5 Surface Roughening

There are three traditional growth modes for heteroepitaxial growth, where some
degree of mismatch strain exists between the film and substrate, which arev&maté&r
Merwe (FMP?!, VolmerWeber (VWF?, and StranskKrastanow (SK). These a& commonly
referred to as layer by layer, island, and layer by layer plus island growth, respectively. The
type of growth mode depends directly on the interface, surface, and mismatch strain energies.
For the case of a system where the mismatch stragglgyible, VW growth will occur when
the sum of the film surface free energy and the interface energy is greater than the substrate
surface free energy. If the contrary is true then FM growth will tend to initially take place. If
the mismatch strairs notnegligible, as a FM grown film gets thicker, mismatch strain will
build up and drive the system to form islands, i.e. SK growth.

More generally, surface modulation or roughenicen occur during growth of
elastically strained epitaxial layers. Surfaceghening can be in the form of islarfisurface
cusps$®, cracks®, or even pit®. Of particular interest for this dissertatiis island and pit

formation, which are analogous to each other in terms of energetics. Conventionally, during
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SK growth, the total energy of the system is reduced by island formation where the strain
energy is relaxed by misfit dislocation formation.eféfore, by tradition, islands were
dislocated, however, more recent experiments have shown that disldea#@K growth can
occur which indicates that there exists some kind of coherent mechanism for reducing the
elastic strain locally?

Vanderbilt et al. first developed a theory which compares these two mechanisms for
reducing elastic strain during SK growth for elongated pri¥rater, Ratsch et al. extended
this theory for pyramid shaped islands, which are more applicable to the surface defects that
will be discussed in Chapter°2in both cases, the formation of an island on a flat surface
results in, first, a relaxation of the volumetric elastic strain energy, and, second, a change in
the surface ared.This increase in surface area is associated with an increase in surface energy
which must be less than the reduction of the strain energy in order for the process to be
spontaneous. The competition between dislocation and dislocation free istaratidn is
governed by the relationship between the change in surface esedgggind the energy of the
dislocated interfacekq. Figure 310 shows the general trend for preferred morphologies
without islands, with dislocation free islands, and withodiated islands as a function of film

thicknesst, and the energetic rati@, = &/ &E
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dislocated islands

Figure :10: Sketch of a phase diagram for the preferred morphologies of a strained epitaxial

layer (adopted from referencd.

This phase diagram indicates thatdfs is small relative tdeqi then the film will transition

from no islands to dislocation free islands with increased filoktiess. Eventually, there is a
possibility of dislocated island formation with continued film deposition. To conclude, the
driving force for coherent pit or island surface roughening is a partial relaxation of the total
strain energy by purely elastic defmation even though there is an increase in the surface area

and associated surface energy.
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CHAPTER 2: Polar Growth
2.1 Motivation

Al-rich AlGaN alloys possess great potential as materials for-d&epptoelectronic
and highpower electronic devices due their direct wide bandgaps and high electric
breakdown field$.” To realize such devices, high quality epitaxial films are necessary in order
to reduce nonradiative events and current leakage patiWakgs chapter willprovide the
necessary knowledge for producing such high quality epitaxial fildigh densities of
threading dislocations are present in films grown on typical foreign substrates, such as sapphire
and silicon carbidé.?° To achieve high crystalline quality films, the use of a high crystalline
guality native substrate is essential due to the low lattice mismatch of the substrate-with Al
rich AIGaN?22 Furthermore, the relatively high thermal conductivity of AIN makes the use of
such a substrate ideal for thermal management in these d€vices.

Aside from dislocation reduction, it is crucial to obtain atomically smooth AlGaN thin
films to acquire high quantum efficiencies in quantum well structures that require
compositional uniformity? Also, efficient electron transport properties in high electron
mobility transistors is directly dependent on the interface rougti&ssally, the imprtance
of atomic thickness uniformity has been demonstrated in resonant tunneling devices such as
resonant tunneling diodes and quantum cascade lasers, where the nonuniformity caused by
large steps hindered the overall performance of such dévit&Sor these reasons, the surface
morphology and roughness of epitaxial films is very imporgartt must be controlled. The
only way to do this is through an understanding of the fundamental surface properties of the

material species involved during growth.
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It is known that different substrate misorientations and growth modes will result in
characgristically rough or smooth surfaces in other material systems such as GaAs &nd SiC.
% These material systems have been thoroughly investigated in terms of their surface kinetic
properties using the wekinown BCF theory for crystal growfd.The surface kinetics of
adatoms in vapor phase epitaxial growth of AIN or AlGaN on AIN vicinal seddas yet to
be reported onThe effect of substrate misorientation on surface moggyhas been
observed for AIN and AlGaN epitaxy grown on foreign sapphire subsfatésiowever,
these surfaces are influenced heavily by spiral growth due to high dislocation densities on the
orderof 10° to 10° cmv2. The spiral growth makes it difficult to directly measure the surface
kinetics related purely to the step flow growth mode. Furthermore, the-sm@chated growth
introduces additional roughness that must be mitigated.

Recently, gravth of highquality homoepitaxial AIN layers by MOCVD has been
achieved? 2% These films had defedtee surfaces and similar crystalline quality to those of
the substrates, demonstrating the superiority of AIN bulk substrates for this purpose. However,
the perfect epitaxial relationship depends on the condition of the polishiedeswf the
substrate and, to some extent, the applied growth conditions. Interfacial layers between the
epitaxial layer and substrate, small strain gradients, and surface defects such as pits or hillocks
can be present in nadeal cases. For the quickvelopment of an innovative technology, it is
important to recognize the manifestations of these effects and understand their origins to enable
isolation and adjustments of relevant processes.

Small strain gradients in epitaxial layers can be partiaixesl during growth through

various mechanisms such as misfit dislocation formation, surface roughening, and cracking.
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Each relaxation mechanism requires different amounts of strain energy for initiation, which is
dependent on the material system and allggiraphic orientation. An assortment of
relaxationrelated defect structures has been found in strained epitaxial AIN layers on
sapphir€’? In thick AIN layers on sapphire, large amounts of tensile strain exists which results
in strain relaxation by means of crack formation. Furthermoeefatmation of pits intrinsic
to strained epitaxial layers has been shown to be a mechanism for partial local relaxation of
strain>> °& © Therefore, pits and hillocks on AIN and AlGaN epitaxial layers must be
investigated keeping this in mind.

Moreover, the compositional uniformity of ternatipgis has been shown to be directly
related to the surface roughné&3his is due to the fact that the surface diffusion properties
of all the adatom species of the alloy differ and depend on local energeigrdassociated
with the stepg® 4’ In particular, step bunched surface morphologies have been seen to contain
seemingly abrupt and undesirable compositional gradients that havedoestated with the
differences in step densities across such a sutfate’* The local variations in alloy
composition observed in rough surfa@s not desirable since these variations can scatter
carriers, broaden emission, and shift threshold voltages. Therefore, in order to achieve uniform
compositions in alloy films and ultimately improve device performance, controlling the surface

morphologyduring AlGaN growth is critical.
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2.2 AIN and Al-rich AlGaN Growth
2.2.1 Preparation and Growth

Metalpolar AIN and Alrich AlGaN films were deposited by MOCVD on vicinal ¢
plane sapphire and AIN substrates. It is important to mention that epitaxial grow#tive n
bulk AIN is still a relatively new field of study primarily due to the availability and size of
appropriately polished substrafé<? ¢ 7274 Even though devices have been demonstrated on
these bulk AIN substrates, a comprehensive understanding of how growth proceeds on these
substrates has not been presetedn particular, the substrate polishing process must result
in a surface that is atomically smooth, properly passivédtednsure longer term stability)
free of subsurface polishing damage, flatrface and latticeadius of curvature 20 mfor a
10 s u)hand arienteckto the desired plamigh an accuracy of ~ 0.1Which has proven
to be a difficult task for AIN substrates available to date. Rice et al. demonstrated the
importance of chemomechanical polishiofgthe substrate for the epitaxial film growth and
developed a surface preparation technique for reducing the amount of surface hydroxide on the
substrate surfacg.

The AIN substrates used were processed from singleadlingstAIN boules grown by
PVT, as described in Section 1.3%’% 77 All of the AIN substrates were nominally (0001)
oriented and were received with a chemomechanically polished, atomically smooth surface,
free of surface defects such as scratches or pits unless otherwise noted.-Eigiwes2a 5x5
um? atomic force mianscope (AFM) image of a typical polished (0001) AIN substrate free of
polishing damage where clear steps can be discerned. The steps were measured to have a step

height of 2.5 + 0.1 A, which matches nice&lith the theoretical height of oneptane bilayer
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(c/ 2 & 2.49 ). The RMS roughness of the sul

€ rAscan areas.

Figure 21: 5x5 unt AFM image representing a typicakesceived (0001) AIN substrate with

an RMS roughness of about 60 pm.

The step/terrace ratwas used to determine the misorientation angle relative to [0001].
These measurements were further supported using standard HRXRD techniques. Before
epilayer growth, the AIN substrates were put through a treatment procedure which fit within
the criteria pesented by Rice et &.The treatment began with cleaning the substrates using
organic solvents. After cleaning, a wet etch using a 3:1 sulfuric:phosphoric acid mixture was
implemented to reduce the amount of surface oaitk hydroxide. The substrates were then
loaded into the MOCVD reactor and ramped to 1100 °C with 45 mmol/min flow efalN&l
total pressure of 20 Torr. Once 1100 °C was achieved, epitaxial growth was initiated. This

nitridation step is thought to promdtee transformation of the surface to AIN.
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The growth of AIN and AlGaN on the foreign sapphire substrate required multiple steps
to account for the large lattice mismatch between the substrate and film and are as follows.
First, the sapphire substrates ev@nnealed at about 1100 °C under vacuum of aroufd 10
Torr. This was followed by a treatment of Bhnealing at 1100 °C and nitridation at around
950 °C as described by Mita et.&f A 10 nm AIN buffer layer was deposited at 650 °C and
annealed at around 1050 °C in order to control therjy of the film. Next, an intermediate
high temperature AIN layer was deposited using a growth condition that promoted 3D growth.
The 3D growth is thought to promote annihilation of dislocations by causing dislocation
bending towards the additional &eurfaces. This intermediate layer reduced the dislocation
density and allowed for thicker films to be realized without cracking. Finally, the growth
conditions were changed to promote step flow growth, which provided an AIN template for all
the AIN and AGaN growth that will be discussed for foreign substrate growth.

All of the AIN and Alrich AlGaN epitaxial flmshad final layers that were either
deposited on the AIN template on sapphire or on the nitridated native AIN substrate, unless
otherwise notedThe growth parameters follow. A pressure of 20 Torr was maintained during
the entire epilayer growth and iWas used as the diluent gas with a flow of approximately 450
mmol/min. TMA, TEG, and Nklwere used as the Al, Ga, and N precursors, respectivady.

NHs flow was fixed at around 13 mmol/min while the TMA and TEG were varied from 7 to
28 pmol/min and 2 to 12 pmol/min, respectively. A TMA flow of 7 pmol/min during AIN
growth resulted in a growth rate of about 500 nm/hr. The AIN epitaxial films gveren at
temperatures between 1100 and 1250 °C, whereas all AIGaN epitaxial films were grown at

1100 °C. The growth was mass transport limited for all the conditions mentioned. Fgure 2
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shows the temperature profile for a typical AlIGaN growth on boths#pphire and AIN

substrates, with each of the abawentioned growth steps being denoted.
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Figure 22: Temperature profiles for a typical AlGaN growth on Adhbstrategtop) and
sapphiresubstrategbottom) (a) AIN substrate nitridation, (b) Alyrowth, (c) AlIGaN growth,
(d) vacuum anneal, (e)ranneal, (f) sapphire substrate nitridation, (g) AIN buffer growth, (h)

AIN buffer anneal, and (i) intermediate AIN layer growth.
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2.2.2 Crystalline Quality

The epitaxial layers and substrates were charactefi@edextended defects by
conventional TEM using a JEOL 2000FX operating at 200 kV. TEM samples were prepared
by mechanical wedge polishing followed by"Aon milling with a Fischione Model 1010 lon
Mill. For the films grown on the native substrates, TENalgsis confirmed that no new
dislocations were introduced in the epitaxial layers, which indicates that the high quality of the
substrate was maintained through the MOCVD growth. In particular, all of the AlGaN films
were grown pseudomorphically on thetima AIN substrates. For films grown on sapphire,
similar TEM analysis provided a consistent dislocation dewiggound 1x 10 cmi2,

HRXRD was also used to characterize the structural quality of the epitaxial layers. The
full width at half maximum¢ F WHMs ) of t he ( 00. 2 )qgckingdu@es?2) ,
of the AIN were measured to be as low as 26, 1070, and 1320, aespaEctivelyfor the films
on sapphire and 12, 13, and 36 arcsespectivelyf or t he f il ms on- Al N
rocking curves were indistinguishable from those of the substrate for the films grown on AIN
substrates and the FWHMs did not deviate by more than 15 arcsec among all the films. For
fi 1l ms gr own -rocking uraeRWVRHMs had, larger deviations of up @® 2rcsec.
These deviations did not significantly affect the surface morphology, however. These results

coincide well with the TEM results and shows the reproducibility of the growth procedure.
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Figure 23: HRXRD tri pl e -2adk i s u r(a0€6080)2AIN substrate, AIN

homoepitaxiafilm and heteroepitaxial AIN film

Representativd 0 0 0-2 spectra ar e3 fag homeeapitaxiainandFi g ur
heteroepitaxial AIN films. The homoepitaxial films exhibited symmetric p#a&iematched
that of the abstrate indicating the absence of a strained AIN layer. Pendelldsung fringes were
present2d nl itrhee sxcans for the heteroepitaxi al
change in electron density at the sapphire/AIN interface. Furthermorepabimg between
these interference fringes could be used to determine the thickness of the heteroepitaxial layers.
The thickness of the layers could also be determined by the pyrometer interference pattern seen
in Figure 22. These thicknesses were furtitenfirmed by TEM andcanning transmission
electron microscopy (STEM}udies in order to bring confidence to the growth rates given by
various growth conditions for the AIN and-Ath AlGaN films that were used for the studies

presented in this disseritat.
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2.30verview of All Possible Surface Morphologies

It is well known that for smooth surface morphologies, the step flow growth mode is
necessary. This growth mode typically requires the presence of steps with a width on the order
of or smaller than theifflusion length of the adatoms on the growing surface. The two primary
sources of steps are dislocations and an intentionally misoriented substrate. When the
dislocation density is very low, as in the case of epitaxial films deposited on native AIN
substrées, the surfackinetics are dominated by the growth condition and the step density
caused by the intentional misorientation of the substrate.-Nef&tt pitting, step pinning, or
spiral growth exists in such a case. Figurd 8hows the six primary typeof surface
morphologies observed for AIN and-Ath AlGaN epitaxial layers grown on native AIN
single crystal substrates.-Ath AlGaN surfaces were studied with ard@ntent ranging from

60 to 100%.
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Figure 24: 5x5 untf AFM images representing the 6 types of surface morphologies attainable

for both AIN and Adrich AlGaN epitaxial layers free of dislocation mediated growth.
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Figure 24 (a) represents a surface comprised of ma@ed islands made up of 2D
nuclei stackedne on top of the other. This surface is a result of a 2D nucleation growth mode
as compared to the step flow growth mode present in Figdr@@(f). Figure 24 (b) consists
of bilayer steps that have a step height of ~2.5 A. These epitaxial surfadbe amoothest
type of surface with an RMS roughness of less than 50 pm. The RMS roughness is even
smoother than that of the-esceived polished AIN substrajeshown in Figure 4. This is
becausethe small protrusions occasionally seen on Alilé substate surfaces, which are
thought to be related to the surface passivaaomnot present on freshly grown epitaxial film
surfaceg? Figure 24 (c) contains bilayer steps that are separated enough so that 2D nucleation
is favorable on the steps. Figured ge) and (f) are step bunched morphologies where the step
heights are many times greater than the bilayer height. The edges of the step bunches in Figure
2-4 (e) are predominantly straight as compared to the jagged sty lmadges in Figure-2
(f). This difference was found to be due to the differences in the misorientation direction.
Figures 24 (e) and (f) are misoriented close to thel[@0] and [1120] direction, respectively.

In fact, the degree of jaggedness wasdlly correlated to the deviation of the misorientation
direction from the [1100] direction. Finally, Figure -2 (d) represents a meandering step
morphology which is a transitional stage between bilayer and step bunched morphologies.

For AIN and Alrich AlGaN, the 2D nuclei are triangular in shape due to anisotropic
step edges for the [0001] growth direction. To help explain why this occurs, Fi§uge/és
a plan view of the atomic configuration for a bilayer stagen from work by Xie et 4P Here
a surface without reconstruction, i.e. identical to the budkassumed. By making this

assumption, atomic sites will represent potential resting spots for diffusing adatoms along the
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surface. There are two types of step edges, Type A and B edges which are normaDjo [10

and [£100], respectively, or equivalentrdctions.The Type A edge has two adjacent empty

sites as compared to the Type B edge which has one adjacent empty site, therefore there is a
greater tendency for an adatom to incorporate on a Type A btigeover, it would make

sense that thgrowth rateof a Type A edge is faster than a Type B edge, wivieeh suggested

by Xie et al’”® The faster growth rate of a Type A edge forces the nucleus to take a triangular
shape with vertices pointing along the {10] and equivalent directions. Furthermore, since

the Type A step edge will rotate 60° with a descent of deshitayer height, so will the 2D
triangular nuclei. This is represented in Figui® ®@here both macreized island and bilayer

step morphologies are given. Notice how the 60° rotation of the 2D nuclei is clearly visible

from one bilayer step to the next.
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Figure 25: Plan view atomic configuration of a bilayer step(te)m Reference®) and two
2x2 unt AFM images demonstrating the 60° rotation of 2D nuclei on a bilayer step (b) and

macrasized island (c) morphology.
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2.4 AIN Homoepitaxy and Heteroepitaxy
2.4.1 (0001) AIN Surface Energy

As shown in Figure -2, AIN homoepitaxial films can possess well defined bilayer
steps, which are free of surface pinning by dislocations. This type of morphology is ideal for
studying fundamental ideal step and terrace morphology concepts like thosseselisou
Sections 1.5.1 and 1.5.2. In this section, those concepts will be used and applied to the AIN
materials system in order to extract the (0001) AIN surface energy. To dasthisand Us*
must be calculated.

To determinelsmax Simply using thenodynamics to determiné would result in a
value representative of the ideal case where nogaretions take place amd other transport
losses take placdo more accurately capture the effectiveear the surface, the growth rate,

R, must be consided since this can be measured experimentally and depicts the adatom

incorporation at the step edge.

Y 0z— — 0 — 0GR — (1)

By accounting foR, Usmaxcan be reformulated to the following form using Equations 13, 17,

and 19from Chapter 1.

B 0 W@ — (2)

In Equation 2R, as, as, andh can be determined experimentally. Alapis an intrinsic
material parameter that is already known. Howeldand nso must be determined in some

other manner. Even though it is difficult to separately quantifgnd(, the ratio between the
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two can be determined through the Knudsen equation, which can be expressed for AIN growth

as.

- ©)

wherema is the Al atomic mass. For the case of AIN step flow growth, only the metal species
have to be considered under typical growth conditions since the V/IllI ratio is much greater than
unity and the growth rate is limited by the supply of metal atom

The equilibrium vapor pressure can be calculated by considering the chemical reaction

that takes place during growth:

lic . ( cf!'1.0 -0C¢C (4)

Thermolysis of the TMA source into the Al gas phase is highly spontaneous therefore it is not

included in this reaction. The corresponding equilibrium equation is:

o — 6)

whereaan, P12, andPnhz are the activity of AIN, partial pressure of,knd partial pressure
of NHs, respectively, and lagkan = -14.2+(3.17x16)/T+2.33logoT.2° By using the
methodology previously describeg Mita et al., a fourth order polynomial equation can be

derived for determining the equilibrium vapor pressure:

5 r 5 y y 5

0 6 Y— 0 6 pe—6 0 ¢—60 —06 T (6)
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whereCi1 = P°nu3-P°al, Co = Pt +P°a-P°nH3, andP°nnz and Pr are the input partial pressure
of NHs and total pressure, respectivélyKnowing this, 0smax can be quantified using
Equations 2, 3, and 6.

The transition between step flow and 2D nucleation growth can be observed by AFM,
as shown irFigure 24. This transition point represents when the surface supersaturation is
large enough for 2D nucleation to be favorable on the step terrade.eO0s*. By setting
Equation 2 and, from Chapter 1, Equation 11 equal to each other, the diffusperties can
be realized by determining this transition point experimentally. Furthermore, it is clear now
that growth parameters such as growth rate and temperature will directly affect this transition
point, as will the misorientation angle, i.e. teerace width of the growing surface.

By considering the theoryas should be quantifidb, however, this is not straight
forward due to the fact thak has never been experimentally determined. Therefore, another
method for determiningsis considere@nd used to indirectly arrive at Figure 24 (c) shows
a surface where the terraces are large enough such that 2D nuclei form. This is representative
of the onset for the transition from 2D nucleation to the step flow growth mode. The mean
distance beteen the nuclei should be approximately tvacéJsing this approach;{Am thick
AIN homoepitaxial films were deposited on a range of misoriented substrates with a growth
rate and temperature of 500 nm/hr and 1250 °C, respectively in order to detesrangdhl
point for 2D nucleation. From these results, the surface diffusion length was determined to be
approximately 46 £ 13 nm. This value is reasonable since the denuded zone at the step edge

was measured to be between 60 to 110 nm long.

50



160

30 40 50 60 70
A (nm)

Figure 26: The surface energy of the (0001) polar plane of AIN plotted as a function of the

chosen surface diffusion length.

With the diffusion length known, the surface energy was calculated to be 149 + 8
meV/A2. Figure 26 shows how the calculatesichanges aa function of the choses. This
plot clearly indicates that the surface energy does not change much with a large dev&tion in
helping to validate the calculategvalue. According to these results, the surface energy of the
(0001) polar plane of AIN ien the same order #sat of the (1100) and (1420) planes, which
were predicted from density functional theory by Jindal et al. to be 175 and 187 fneV/A
respectiely.*® Additionally, it is interesting to note that thasvalue is close to 139 meV7A
theos value reported for (111) 36iC (Si face), which has the same atomic configuration near

the surface as (0001) 68iC (Si face)f®
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2.4.2 2D Nucleation and Step Flow Growth

With o, the derived theory can now be used in a quantitative and predictive manner.
Equation 19 from Chapter 1 indicates that the critical point between 2D nucleation and the step
flow growth mode will be directly dependent dnFigure 27 shows the theoretical curves for
0, assuming the same thermodynamic methodology reported by Mita et al., for AIN growth as
a function of growth ratéor T = 1050, 1150, and 125 and growth teperature foR =500,
100Q and 2000 nm/hrThese growth conditions were chosen here to represent typical
conditions that are met by most MOCVD systeMbese curves indicate that the vapor
supersaturation increases and decreases with an increaseinwiie rate and temperature,
respectively. Therefore, it should be that with a large/small enough growth rate/temperature,

2D nucleation growth should be observable.
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Figure 27: Al vapor supersaturation as a function of growth rate (redl) fot05C0C (dotted),
1150°C(dashejl and1250°C(solid). Also plotted is the Al vapor supersaturation as a function
of growth temperaturgblack) for R = 500 nm/hr (dotted)1000 nm/hr(dashed, and 2000

nm/hr (solid)

2.4.2.10bservation of the Critical Supersaturation [Nucleation on (0001) AIN

To demonstrate the dependence of the critical point on growth rate, Fi§usbdvs
the surfaces of AIN films grown at different growth rates. The misorientation angle and growth
temperature were kept constant at 0.3° and EC50espectively. At a growth rate of 2000
nm/hr a 2D nucleation growth mode was present and resulted in islands of 2D nuclei, similar
to those shown in Figure£ (a). The islands are slightly tilted in Figuré2lue to a higher

misorientation angle asompared to the surface shown in Figu4 @&). With a reduction in
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the growth rate to 500 nm/hr, the growth transitioned to a purely step flow growth mode
resulting in an atomically smooth bilayer step morphology. This observatiomderstood
from Figue 27, since a reduction iR requires thafls maxis reduced, making nucleation on

the step terraces less likely. In other words, by sufficiently redRitigmaxwas lowered to

below the value fots*.

2000 nm/hr

Figure 28: 2x2 punt AFM images representing AIN homoepitaxial films grown at different

growth rates.

Figure 29 demonstrates another way of transitioning from 2D nucleation to the step
flow growth mode. The AIN homoepitaxial films shown in Figure zhad a fixed
misorientaion angle and growth rate of 0.08° and 1000 nm/hr, respectivelseasing the
growth temperature from 1100 to 1250 °C increased the surface diffusion length of the Al
adatoms, reducing the maximum surface supersaturation. These results indicate that this

reduction inlis maxmust have been larger than the reduction that occui imith the increase
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in growth temperature. Notice how the critical point found through adjusting the growth rate
and growth temperature both correlate with about the sarascan be seen ifigure 27.

This indicates that other parameters that affexbuld also be considered, such as the V/III
ratio, diluent gas, and total pressure during growth. More importantly, bilayer step morphology

can be achieved by understanding stefkinetic concepts, determining which growth regime

is present, and by appropriately adjusting the vapor supersaturation

Figure 29: 2x2 punt AFM images representing AIN homoepitaxial films grown at different

temperatures.

2.4.2.2Implications for Other AIN Sdace Orientations
All of these results provide a predictive method for determining growth conditions that
would be needed for different growth modes oipdlar, semipolar, and nospolar AIN

surfaces. These surfaces have associated surface energibavimatot been determined

55



experimentally and will be different from of the Alpolar surface. For example, the surface
energy of the (0001) 643iC (Si face) and (00@) 6H-SiC (C face) have been reported to be
139 and 19 meV/A respectively, indicating early an order of magnitude differerfe.
Accurately calculating the surface energies for the$sr pgemipolar, and nofpolar surfaces
from first principles is quite difficult since this requires a precise depiction of the surface
reconstruction during growth. This reconstruction of the surface depends on the
thermodynamics of the growth system;réfere, growing under Mich as opposed to Hiich
conditions will result in different surface reconstructiéhi.is important to note that these
conditions represent thermodynamic extremes that may not be reached within a particular
growth process. In particular, the role of hydrogen in the surface reconstruction of polar AIN
is thought to be significant throughermodynamic considerations, yet this has not been
verified experimentall§j? For these reasons, only the implications for surface energies
different than 149 meV/A which serve to represent-polar, semipolar, and nospolar
surfaces, should be considered.

Based on the proposed model, the transition from 2D nuofeatid the step flow
growth mode is directly dependent G4i. For a surface withs lower than 149 meV/A Gs*
would be smaller than it is for (0001) AIN meaning that using the same growth conditions as
was used for (0001) AIN growth would result in attegprobability of 2D nucleation growth.
Therefore, such a surface would require a lower vapor supersaturation during growth to
achieve atomically smooth surfaces by the step flow growth mode. This could be realized by
growing at higher temperatures or lwlbwer growth rates, following the process parameters

used in this work. In addition to using a lower vapor supersaturation, the substrate
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misorientation could be increased to redligeaxbelow the value fodis*. This technique has

been used for achievyj smooth Npolar GaN epitaxial film surfacés Other parameters such

as diluent gas, total pressure, and V/Ill ratio could also be considered for reducing the vapor
supersaturativ as discussed by Mita et al. and Rice &8 4%.8* As an example, a decrease in

2 of one order of magnitude would result in a subsequent decreageoiinover three orders

of magnitude suggesty the significant growth condition changes that would be required to
achieve atomically smooth surfaces. Conversely, witjreater than 149 meVfAthe step

flow growth mode will be easier to achieve for the growth conditions that otherwise would
favor 2D nucleation growth on (0001) AIN. In such a case, a significant increase in the vapor

supersaturation would be necessary to transition into the 2D nucleation growth mode.

2.4.3 Step Bunching
2.4.3.1AIN Homoepitaxy

Another surface morphology transition that is démest is the one from a bilayer step
to step bunched morphology, which has been shown in other materials systems to be dependent
on the substrate misorientation an§i@he effect of substrate misorientation andlewas
investigated by keeping the homoepitaxial AIN growth conditions constant with a growth rate
of 500 nm/hr and temperature of 1250 °C. Intenlign@strate misorientation was shown to
modify the step morphology from bilayer to step bunched with incre&kiBy growing AIN
on vicinal (0001)oriented substrates misoriented from 0O to 4°, the critical misorientation angle,
U * for the transition fronbilayer steps to step bunches was determined to be ~0.25°. Figure

2-10 demonstrates this transition, where an abrupt increase in step height represents the onset
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of step bunching. For quantification of the step bunching morphology, the step height and
width were taken from the entire step bunch, even though bilayer steps were present, as shown
in Figure 24. Below a misorientation angle of 0.25°, the bilayer step height was consistently
measured to be 2.5 + 0.1 A and the step width deviatag=as h / X Eha step bunch height
increased with an increaselinThe step width of the step bunches remained relatively constant

in the range from 0.25 to 0.62° misorientation. A film grown with 4° misorientation (not shown

in Figure 210) resulted in a step bumteight and width of 14 nm and 300 nm, respectively.
This observation demonstrated that the step bunch height continues to increase and the width
begins to decrease beyond the misorientation angle of 0.62°. All of these general trends were
found to be indpendent of the misorientation direction. The only differences observed for
misorientations toward [100] compared to [£20] was the step edge shape, as discussed

earlier.
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Figure 210: Step height and width as a function of misorientatiugle for AIN homoepitaxial

films grown with a growth rate and temperature of 500 nm/hr and 1250 °C, respectively.
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2.4.3.2AIN Heteroepitaxy

The critical misorientation angle was found to be independent of the substrate used.
This study was also carried out &iN films grown on AIN templates on sapphire with a
constant growth rate of 500 nm/hr and temperature of 1250 °C. Interestihghyas
determined to be around 0.25° for these films as well. Even though film growth was initiated
through 3D nucleation orhé heteranterface and followed by coalescence of these nuclei,
once the film was coalesced and step flow growth proceeded; the effect of the absolute step
density of the substrate still had the effect of changing the type of surface morphology that
existed. This demonstrates that this transition from bilayer step to step bunched morphology is
solely dependent on the adatom surface kinetics during the final step flow growth stage. More
importantly, the strain state of the heteroepitaxial AIN films is figantly different from that
of the homoepitaxial AIN films. In particular, the heteroepitaxial films are in tension whereas
the homoepitaxial films are strafree. These results indicate that the surface morphology
transition is likely not initiated bytsain. HRXRD studies determined that these AIN films on
sapphire had undetectable differences in their strain state further indicating that the notion of
step bunching as a form of sufficient bulk strain relaxation can be ruled Bhis will be
further discussin Section 2.5vith AlGaN growth. Bilayer step fronts were always uniformly
parallel and straight for AIN growth onl) because of the low dislocation densities of € 10
cm?; however with higher dislocation densities in the AIN heteroepitaxial films, step pinning
occurred. Figure -21 shows this step pinning through representative AFM images of the
surface of a bilayestep and step bunched morphology for AIN films grown on AIN templates

on sapphire. This step pinning roughened the surface, however, it did notkffect
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Figure 211: Representative 5x5 frAFM images of AIN heteroepitaxial films deposited on

sapphire vith misorientation angles below (left) and above (right)

2.4.3.3Critical Misorientation Angle Dependence on the Supersaturation

The surface diffusion length of the adatoms was altered by changing the growth
temperature. AIN films with a growth rate of 50@nr were grown on substrates with a fixed
Uof 0.35°. At a growth temperature of 1250 °C, the surface was step bunched, as demonstrated
in Figure 212. By growing AIN films at lower temperatures, a transition from step bunched to
bilayer step morphology as observed, signifying a shift id *with growth temperature.
Further studies showed that decreasing or increasing the growth temperature resulted in
increasing or decreasing* respectively. Therefore, it was found that if the surface diffusion
length of Al was comparable to the step terrace width, bilayer step morphology was obtained;

if the diffusion length was sufficiently longer than the step terrace width, step bunched
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morphology was obtained. It is important to note that even thaligian be shifted, there is a
limitation due to the transition to 2D nucleation growth. Eventually, by lowering the
temperature further the surface will form the masized islands, indicatinttpat there exists a

tight window of tolerance for the substrate misorientation angle. Changing the diffusion
properties helps to relax this tight window, however, it is clear that precise control of the
misorientation angle during the AIN substrate prapan from the boule must be realized for
consistent bilayer step filsnto be achievabld=urthermore, this trend was also found to be
independent of the substrate upon which the AIN layer was grown further supporting the claim

that this step bunching phemena is solely dependent on the adatom surface kinetics during

the final step flow growth stage.

1100 °C

Figure 212: 2x2 unt AFM images representing AIN homoepitaxial films grown at different

temperatures.
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2.5Al-rich AlGaN
2.5.1 Surface Morphologpf AlGaN Grownon AIN and Sapphire Substrates

For the 60 to 100%Al-contentcompositional range studied, there was no significant
difference in the types of morphologies for films grown on the native AIN substrates. As
already mentioned, Figure2Z2shows the morphologiesrfboth AIN and Adrich AlGaN grown
on the native AIN substrates. This trend did not hold true, however, for the AlGaN films grown
on AIN templates on sapphire. The larger dislocation density present in films grown on
sapphire substrates resulted in steming and a high degree of spiral growth. This additional
spiral growth mechanism resulted in overall rougher surfaces. FiglBesBows the surface
of an AIN and Ab.sdGav.40N film grown on sapphire. The AIN surface has a much smoother
surface relativao the AbedGa.4dN surface, with over an order of magnitude difference in

RMS roughness.
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Figure 213: 5x5 pnt AFM images representing AIN (left) and AbGa.4dN (right)

heteroepitaxial films gnon on AIN templates on sapphire.

The amount of Ga ithe alloy films directly affected the spirals as predicted by the
BCF theory. The BCF model states that the terrace width about a dislocation spiral is inversely

proportional to the natural logarithm of the vapor supersaturation,

-0 aép (7)

wherew is the average terrace wid#h.2x2 pn? AFM image of the growth spirals is given in
Figure 214. These spirals are formed due to dislocatittvad have a component of the
displacement vector normal to the growth surface, i.e. mixed and screw type uiskdat
particular, the spirals observed in-A¢h AlGaN and AIN are double spirals comprising of
two interlocking spiral ramps since each dislocation pins two téhsintroducing Ga, the

supersaturation is reduced since the equilibrium vapor pressure of Ga is much larger than the
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equilibrium vapor pressure @fl. Studies on the 60 to 1008d-contentAlGaN films grown
on sapphire indicated a direct correlation of increasing terrace width about a spiral with an
increase of Ga incorporation. Most importantly, for any further reduction in RMS roughness

of AlGaN films using a sapphire substrate, spiral mediated growth must be suppressed.

Figure 214: 2x2 unt AFM image of growth spirals on AlGaN films grown on AIN templates

on sapphire.

2.5.2 2D Nucleation to Step Flow Growth Transition

The general trends observed imnme of growth rate, temperature, and substrate
misorientation angle for AlGaN on native AIN substrates as compared to homoepitaxial AIN
were the same fdkl-contentgreater than 60%. Figureld demonstrates the transition from
the 2D nucleation to stepoflv growth mode by reducing the growth rate fos #&Ga.20N on

AIN homoepitaxial films. The misorientation angle and growth temperature were kept constant
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at 0.17° and 1100 °C, respectively. A 2D nucleation growth mode was beginning to appear for
a growthrate of 1200 nm/hr. The islands are slightly tilted due to the misorientation angle,
similar to those shown in Figure& By reducing te growth rate to @ nm/hr, a purely step

flow growth mode occurred and resulted in an atomically smooth bilayensigghology.

These observations are identical to the ones discussed for AIN. By reducing the growth rate,

the surface supersaturation is reduced making it less likely for nucleation to occur.

1200 nm/hr 1.5 nmi B600 nm/hr
0.0 nm

Figure 215: 5x5 unt AFM images representing #ddiGa.2dN on AIN homoepitaxial films

grown at different growth rates.

2.5.3 Step Bunching
There was no detectable difference in the critical misorientation angle for step bunching
for AIN as compared to Alich AlGaN. Figure 216 indicates the critical point for nominal

Alo7dGan.3N grown with a growth rate and temperature of 600 nm/hr and 1100 °C,

66



respectively, on homoepitaxial AIN films. The*was determined to be around 0.4° for these
films, which is in agreement with the results shown in Figufi€ 2vhereby a reductmin

growth temperature increased tiefor AIN. The step bunched surface morphologies were
characterized in the same manner as indicated for Figlieif that the entire step bunch was
considered for both the step height and width. Below a misoniemtangle of around 0.4°,
bilayer step morphology was observed with step heights measured to be around 2.5 + 0.1 A.
The step height deviated as expectedeby h / t @imilarUo) the case of the AIN, an
increase irlJresulted in an increase in the stemch height. The step bunch width remained
relatively constant in the range from 0.4 to 0.55° misorientation. Somewhere between 0.55 and
0.65° misorientation, the step bunch width began to decrease which also matches the trends
discussed earlier for AINfigure 216 includes films misoriented toward-100], [11-20], and
variations in between which shows that the general trends for step height and width were not
affected by the misorientation direction. It is expected that these trends are similar toeAIN d

to the high Afcontents studied here. This is further supported by the fact that-tenfdnt

for these nominally AlzdGa.3dN films is not exactly 70% due to effects of the misorientation

angle on the composition, which will be discussed later irerdetail.

67



/-‘\6- 7
£
5 o
E at
o 4r 1
[4h]
I A A

2F A i

A

ol AdMMMAMAMALSY L, L
0001020304 0506070809
Misorientation (°)

L)
o
[ ]
L

1000

Width (nm)

1w00p % 1

0.0 01 0.2 0.3 04 0506 0.7 0.8 0.9
Misorientation (°)

Figure 216: Step height and width as a function of misorientation angle for nominally
Alo7dGa.30N on AIN homoepitaxial films. The AkdGa.30N was grown with a growth rate

and temperature of 600 nm/hr and 1100 °C, respectively.
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Figure 217 shows the surfaces of 10 and 100 nm thigie8a 30N films grown on
top of AIN homoepitaxial layers. The substrate had a misorientation angle of 0.39° and the
AIN homoepitaxial layer was grown with a growth temperature and rate of 1250d°808n
nm/hr, respectively, resulting in a step bunched morphologyd8& .3d\ was then deposited
at a reduced temperature of 1100 °C with a growth rate of 600 nm/hr. The 10 nm film exhibited
2D nuclei on the terraces of large step bunches. These 2Bi digdppear as the film gets
thicker and the step density increases. Naitg with a density of around 4t 10*°cm?, are
observed in the 10 nm thick film, as seen in Figufie 2These nanpits have been observed
in strained AIN homoepitaxial flmand are expected to form as a partial strain relaxation
mechanism, which will be discussed in Section 2&It.is clear that within 100 nm of
deposition, the morphology transitioned from step bunched to an atomically smoattesurf
with bilayer steps. This indicates that the process of step bunching is reversible. Also, since
the total strain increases widimincrease of the pseudomorphically grown AGa.30N film
thickness, it is expected that eventually the surface sheatw/er step bunching if this is a
sufficient means of strain relaxatiétTo test this idea, 700 nm of MG ay.sdN was depased
in the same manner on an identical step bunched AIN homoepitaxial layer. ol/98ahkd\
surface looked identical to that of the 100 nm thick film showing no onset of step bunching.
HRXRD confirmed that the film was fully strained to the AIN layerdano detectable
relaxation had occurred. These results, along with the discussion given earlier on sapphire,
indicate that step bunching is not a response to the bulk strain. Furthermore, this result on the

700 nm thick film indicated that the film suraof Al.7dGa.30N had finished evolving to
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respond to the change in growth conditions even after 100 nm of growth. The same held true

for all Al-contents studied, including pure AIN.

et 2 nm] FRMS = 90 pm

Figure 217: 5x5 punt AFM images representing 10 nm (left) and 100 rmghf) of

Alo.7dGa.30N grown on step bunched homoepitaxial AIN.

2.5.4 Composition Dependence on the Surface Morphology

It is clear that for an atomically smooth surface, bilayer stepped AlGaN is desirable. It
was determined that the composition was depenaletihe misorientation angle for AlGaN
films deposited with bilayer stepped morphology. Figurg82shows this dependence for
AlGaN films grown with identical growth conditions where all of the surfaces consisted only
of bilayer steps. The composition oé#e films was determined through reciprocal space maps
(RSMs). With an increase of the misorientation angle from ~0.05 to 0.40° there was a decrease

in the Al-contentof more than 10%. This is a significant change in composition and it is
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important to reate the origin of this change since such a change in composition amounts to

fluctuations in the emission wavelengths of optoelectronic structures.
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Figure 218: The dependence of misorientation angle orAtheontentof AlGaN films with

bilayer step morphology.

This effect can be understood by considering the model that was developed in Section

1.5.3. It was determined that the composition could be related to the surface diffusion flux of

both the Al and Ga adatoms the step edge, indicating that there is a dependence of the

composition on the surface diffusion properties. For Figet&,2he only value that is being

changed isx; therefore, according to kinetic theory, the trend that is observed suggests that

& ca< &AL Using Equations 202 from Chapter 1, this is more easily seen in the specific case

of whenas > as caandas < as a, Which gives that the composition deviates as
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& — (8)

where A and B are constants. According to this expresaiomcrease i will cause x to
increase, which is observed experimentally. These results indicate that at thegd-high
contens and a relatively igh temperature of 1100 °C, tlieesorption rate of Ga must be
sufficiently high and that of Al very lowEither way, control of the misorientation angle is
crucial for having the ability to control the Al composition of AlIGaN.

Aside from the dependence of the absolute Al composition on misorientation angle,
Al-rich AlGaN epitaxial films grown with bilayestepped morphologies always resulted in
films with a uniform composition. However, step bunched AlGaN resulted in compositional
inhomogeneity. The films shown in Figurel@ represent AlGaN films grown at the same time
but with two different misorientatiomngles, one below) *and the other above. Low
temperature (3K) PL spectra indicated that the bilayer stepped film had a single emission
whereas the step bunched film contained two pronounced emissions. Gain measurements
reported by Guo et al. indicatedittihe lower energy peak of step bunched AlGaN can possess
significant gain as compared to the higher energy pe@ikis compositional inhomogeity
is also present for quantum well structures grown on step bunched layers, therefore

optoelectronic devices demonstrate multiple emissions.
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Figure 219: 5x5 unmt AFM images representinglGaN grown on a low (a) and high)(c
misoriented AIN nativesubstrate resulting in bilayer and step bunched morphologies,

respectively. Corresponding low temperature PL speljrand (d)

High angle annular dark field (HAADFTEM imaging waperformed using a probe

corrected FEI Titan G2 6800 kV S/TEM equippa at 200 kV for Zcontrast imagingo better
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understand the compositional inhomogeneity in the AlGaN filmgichaAlGaN streaks could

be seen in Zontrast STEM when step bunching occurred. However, these streaks were not
present when bilayer steps weseesent, as indicated in Figure2@88 The streaks were
approximately 5 nm in width. The angle of the streaks changed as a dunaif
misorientation angle, indicating a correlation between the step fronts and the Ga incorporation.
These streaks appear relatively uniformly spaced and can be thought of potentially as quantum
sheets. In fact, power dependence measurements on myligsiaum well structures that were

step bunched indicated a higher efficiency for the lower energy peak, which correlated to the

Garich streaks, as compared to structures with bilayer steps. This observation suggests an

additional confinement mechanism Bus the quantum sheets.

Figure 220: HAADF STEM images along the <D0> zone axis of bilayer stepped (left) and

step bunched (right) AlIGaN grown on homoepitaxial AIN.

74



It is expected that the Ga adatom incorporates differently on the step terracethers
step bunched edge due primarily to the large differences in step densities. This incorporation
difference is believed to cause the compositional inhomogesestyn step bunched AlGaN
epitaxial films and not in bilayer stepped films. In particutaa adatoms seem to prefer to
incorporate near the step bunched edge. Fige2&é 2hows the surfaces of step bunched
homoepitaxial GaN and homoepitaxial AIN grown under similar conditions. The GaN film
was grown on an Ammono GaN substrate with fewer fifaicnm dislocations® Both AFM
images indiate that 2D nuclei are present on the step bunches. For the GaN surface, the nuclei
are on the outer edge of the step bunch whereas in the case of AIN the nuclei reside near the
inside of the step bunch. The reason for this is still unclear, howevegsiés match well
with the observations in AlGaN and supports what is observed in Figk@e 2lIl of these
results indicate the importance of mitigating the formation of step bunching in AIGaN epitaxial

layers.
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Figure 221: 2x2 punt AFM images represding step bunched homoepitaxial GaN and

homoepitaxial AIN grown under similar growth conditions.

2.6 Surface Defects

Surface defects can form in response to structural defects near the surface or
particulates on the surface. Structural defects can indistications, stacking faults, or even
a strained layer near the surface. Particulates can come from the susceptor, insuéfarierd
of the substrate, dhe reactor environment (powder whidéposied in the gas line). Surface
defects caused by pantilates are typically easy to detect since AIN dugtsgrow in a step
flow growth mode on these particulates. The highly supersaturated growth atmosphere causes
AIN to nucleate on the particulates forming 3D grains. These defects are usually largér than a
other surface features and have an irregular shape. In this section, the primary focus will be on

surface defects in Alich AlGaN and AIN caused by structural defects since removing these
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first requires an understanding of their origin whereas rem@angculates simply requires

establishing appropriate cleaning practices.

2.6.1 Pits

Figure22 2 s hows t h2ed tsrcdagnse afxitshesr (0002) refl
regions of a 200 nm thick Al N hoe2nb espeodeasx i pa |
the top 40 em of the sample and are wary sen
trace) shows an epilayer peak overlapping the substrate peak, indicating an excellent epitaxial
relationship, while the second regidnlue trace) shows a broadened (0002) peak from the
epilayer that is shifted toward larger angles, indicative of aumiiorm tensile strain. A
guantitative analysis of the peak displacement revealed that the residual strain in that region
amounted to approxiately 0.4%. A close examination of the strained region of the AIN
homoepitaxial film using differential interference contrast (DIC) and AFM imaging (not
shown) revealed microracks, indicative of stress relaxation. Since the wurtzite crystal
structure hasery few operable slip systems, catastrophic cracking is the predominant stress
relaxation mechanism for AIN epitaxial layers. The Jumiformity of strain and strain
gradients in this homoepitaxial AIN film made it ideal for the study of possible sttaiation
mechanisms as a function of tensile strain with magnitudes between 0 and 0.4%. Since
cracking occurred at the upper boundary of the range, one may be able to identify other, less

severe relaxation mechanisms on the same film that exhibitedrg&ek
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Figure 222: HRXRD tripleaxi @ d ¥ scans of the (0002) refl e

different regions of a homoepitaxial AIN film deposited at 1250°C: strain free reggdn (

trace), strained regiobljuetrace).

In orde to reveal any changes on the surface of the epilayer, different regions of the
film were studied by AFM. Figure-2 3 s hows 2 WM irBages takemin the
unstrained and strained regions of the AIN film. The unstrained region of the film showed a
smaoth surface with bilayer steps (Figur@2 (a)), typical of perfect homoepitaxial growth of
AIN, while the strained region showed a surface with numerous hexagonapitaiieigure
2-23 (b)). The pit density varied across the surface and was measbeedgdigh as 1&cnv
2 near the region with microracks where the residual strain was the highest; it decreased
gradually toward the unstrained region, where no pits were observed. In fact, after studying
more than ten other naimitted homoepitaxial AINfilms, with both bilayer step and step

bunched surface morphologies, the magnitude of the measured residual strain and the pit
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density in dl cases were found to w®rrelated. Additionally, in all of the films studied, no

visible surface damage or defectvere observed by AFM in the substrates before

homoepitaxial growth.

Figure 223: Two 5x5 um AFM images of a homoepitaxial AIN film deposited at 1250 °C.

(a) strainfree region without pits (b) strained region with a pit density of ~8xcif.

A perusal of the AFM images of the pitted surfaces revealed step pinning at the nano
pits. This indicated that these pits had formed during film growth and not after as they
interfered with the step flow. Since pitting or cracking post growth is usually thoudje a
result of thermal effects from cooling that immediately follows deposition, the presence of step
pinning at the pits removed thermal effects as a possible cause. Additionally, tieifioom
distribution of pits verified that the pits were nasaciated with growthelated parameters

such as a temperature gradient or a variation in gas flow.

79



Figure 224: 2x2 unt AFM (left) and cross sectional bright field TEM (right) image of-a V

defect on a homoepitaxial AIN film surface.

Extensive TEM and BEM studies verified that these pits were distinct from the V
defects, which are a common surface defect found-nitiide epitaxial layers® °! Figure 2
24 shows the characteristics of al¥fect through AFM and TEM imaging. The surface shown
contains a macrsized island surface morphology, howeverpé&fects were also seen on
surfaces with bilger and step bunched surface morphologies. Studies revealeddieéddrs
in AIN epitaxial layers have sidewalls inclined ~30° from the surface normal and are centered
along threading dislocations. These surface defects have a hexagonal shape andlyontinua
grow in size with film thickness reaching diameters of over a micresefécts only appeared
in films grown at high vapor supersaturagsoBy reducingd, through increasing the growth
temperature or reducing the growth rate, theefects tended to disappear. The Rpit®

shown in Figure 23 were also hexagonal in shape, but had a diameter of less than 100 nm
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regardless of the film thickness; thiswaswvi f i ed by growing AI N f
thick.

In order to determine if the naipots were a result of dislocations, as are thee¥ects,
TEM was performed on samples prepared from fatied films. A full TEM tilt series was
performed in ordr to locate any possible dislocations within the pitted film. Fige®é 2a)
shows a crossectional bright field TEM image of a pitted homoepitaxial AIN layer. As can
be seen in the figure, no dislocations were observed to correspond to the pitsnSofaple
TEM imaging revealed strain contrast near the homoepitaxial/substrate interface of the pitted
film. Figure 225 (b)and (c)shows two cross sectional bright field TEM images with g=0002
of a pitted and pifree homoepitaxial AIN film respectively The absence of prominent
interface, caused by strain, for the-foée film indicates once again that strain is directly
related to the formation of the napds. Furthermore, it seems that the strain measured in

pitted films is initiated somewhere nahe film/substrate interface.
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Figure 225: Crosssectional bright field TEM imageof pitted ((a), (b)) and pitfree (c)
homoepitaxial AIN filmswith g=0002. No dislocations are associated with the pits but strain

contrast can be seen near the film&trdde interface.

It is also important to recognize that pits in-nitrides have been associated with
inversion domains within an epitaxial lay8Mo determine if inversion domains are a possible
cause of these naspits, selective etching was performed on the pitted surfaces. Selective

etchng was performed using MBL9 developer at 70 °C for I0in. Figure 226 shows the
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resulting etched surface through a 5x5%&RFM image. Since Mpolar AIN etches more than

ten times faster than Adolar AIN with the etching conditions used, if the pits evezlated to

small inversion domains, one would expect a substantial change in the surface morphology.
Selective etching resulted in a negligible change in the surface roughness and pit size.

Therefore, the inversion domains are excluded as a possibedahe observed pitting.

Figure 226: 5x5 unt AFM image of a selectively etched napitted homoepitaxial AIN film.

To understand the influence of pitting on optical properties of AIN, PL studies were
performed on different regions of a naniformly strained AIN film. By using a relatively
small laser spot size of approximately 1 mm in diameter, it was possible to analyze regions on
the surface with varying pit densities. Figur@ 2 shows the resulting low temperature (LT)
near band edge PL spectfde PL spectra showed a pronounced change in the intensity and
peak width as a function of pit density. The peak intensities decreased by more than a factor of

two and the free exciton (FX) peak shifted from the reported relaxed position of 6.041 eV to
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lower energies as the pit density increaedn the systematic study, the Si donor bound
exciton (DBX) peak was monitored due to its higher intensity apaosd to other PL peaks.

The FWHM of he Si DBX peak was determined to be bels@0 peV for the area without

pits, which is consistent with the EFL measurements of strairee homoepitaxial AIN
layers. With an increase in the pit density, the Si DBX peak shifted by 2 meV and broadened
from aFWHM of < 0.5 to 3.7 meV. These results confirmed both an increase in the total tensile
strain and strain neaniformity in the pitted areas. Therefore,PL measurements support

the trend observed by HRXRD, whereby the amount of pitting scales dingittlthe amount

of tensile strain.
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Figure 227: Low temperature near band edge PL spectra taken in various regions of a
homoepitaxial AIN film deposited at 1250 °C. The DBX peak width increases with pit density.

All intensities were normalized to the BBX peak.
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The formation of pits during growth has been observed previously in other syétems.
Even though pitting increases the surface area and associate@ sunéagy, deformation of
the surface causes partial strain relaxation, which locally reduces the total energy of the film.
Surface roughening has been found to relax strain and is usually reported to occur in the form
of islanding®* > %% However, previous studies have revealed that the mechanisms involved
in islanding are very similar to those in pittitYgAll of the results presented support that pitting
is a favorable mechanism of partial strain relaxation in epitaxial AIN films. It is evident that
the total elastic strain energy needed to form surface pits is smaller than that needed to form
cracks, since cracking only occurred with higher levels ofrsthMost importantly, contrary
to what has been observed before by Floro et al. in AIGaN/GaN heterostructures, misfit
dislocation formation as a means of strain relaxation in (0001) AIN is less favorable than pitting
or cracking?® When the strained films grow thicker, the pits are no longer a sufficient means
of strain réaxation and the AIN films under tensile stress eventually crack. Therefore, cracking
follows pitting as the film grows thicker and acquires a larger amount of total strain energy.
The presence of these napits can be used as a direct measure of thaetgolAIN epitaxy.
Furthermore, the origin of the residual strain causing this pitting was revealed to-be non
uniform subsurface polishing damage in the substrate by surface sensitive HRXRD studies by
Bobea et al., which matches with the TEM results ginefigure 225°°

Another consequence of having these mpit® is that in AlGaN films, the surface
defect causes compositional inhomogeneity. Riaw HAADF STEM was conduet for Z
contrast imaging on AbdGa.1dN grown on an AIN homoepitaxial film. This film exhibited

nanopitting with densities up to tbcm?, as seen by AFM imaging. Figure28 shows STEM
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images which indicate a clear variation in thecAhtent near #ananepits, with brighter areas
correlating to more Gédch regions. The atomic hexagonal symmetry can be easily seen by the
high resolution imaging. Furthermore, the shape of the-péaaas more clearly discernable in

the high resolution plariew STEMimages. The reason for the compositional fluctuation near

the nanepits is expected to be similar the reason for the inhomogeneity in step bunched
films. The difference in step density of the ngmbdefect compared to the rest of the surface
causesltictuations in Al and Ga incorporation for the two different regions according to the
surface kinetics described in Section 1.5.3. Nevertheless, homogenous alloy films are desirable

for optoelectronic and electronic devices; therefore, controlling theudabe polishing

damage in the substrate is necessary for high quality AlGaN films.

Figure 228: Planview HAADF STEM images of nanpits seen in AlodGa.10N grown on

homoepitaxial AIN.
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2.6.2 Hillocks

Large hexagonal shaped defects could be seen on AlMlandh AlGaN epitaxial
film surfaces by DIC microscopy. These defects seemed to protrude from the surface and were
only present on films grown on the high crystalline quality native AIN substrates, i.e. when the
dislocation density of the film was beloid® cm?. The surface of films grown on the AIN
templates on sapphire were dominated by dislocation mediated spiral growth due to the high
dislocation densities as discussed earlier. DIC microscopy revealed defect densities greater
than 16 cnv2 for most d the films studied. Due to the large size, at densities btnf¥ the
entire surface consisted of these surface defects. The size increased with an increase in film
thickness an@Ga-content Films grown with the same growth conditipegensimultaneouly,
on two different substrates often times exhibited vastly different defect densities indicating a
dependence on substrate conditions. Even substrates cut from the same crystduddule
produce films with varying defect densities. Two primary categodould bedentified
through DIC imaging by considering the shape at the top of these defects. One type appeared
to have a sharp top {kype) and the other type a flat tops (iyjpe). A majority of the defect
density comprised of $tlefects. In fact, Hlefects consistently appeared with a density of less
than 16 cm?.

AFM imaging confirmed that the hexagonal features observed by DIC imaging were
hexagonal pyramids as opposed to depressions, therefore, these surface defects will hereinafter
be referredo as hillocks. Hillocks have been reported for epitaxial films grown on single
crystalline GaN substrates, but not for films grown on AIN substtétéStin this study, more

than500 hillocks were investigated by AFM on honpatexial AIN and Alrich AlGaN grown
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on AIN substrates wittAl-contens ranging from 60 to 100% in order to understand the
distinguishing characteristics of these surface defects. Furthermore, GaN homoepitaxial films
were grown on vicinal (0001) orientednAnono GaN substrates using similar growth
conditions in order to better compare the hillocks reported in literature to the ones seen in AIN
and Akrich AlGaN grown on AIN substraté&! Due to the size, density, and variety of the
hillocks, DIC imaging was always used to target certain regions of the film suofaoage

by AFM.
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Figure 229: AFM amplitude error (grey scaled) and height (color scaled) images of a

representative thillock seen on AIN and Atich AlGaN surfaces.

Figure 229 provides representative AFM amplitude error and height images of a H
hillock seen in AIN and Atich AlIGaN. The shape of thallock is symmetric along the [11

20] direction and asymmetric along the-100] direction. The size of Hhillocks did not
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deviate across the film surface as long as the substrate was flat (radinsatfregreater than

100 m). This suggests that all of these particular defects are initiated near the film/substrate

interface. Undisturbed bilayer steps are clearly distinguishable around the hillock and are

aligned to the misorientation of the substrateis film had a low enough misorientation angle

that 2D nuclei are present along the step edges. The asymmetry of the hillock was found to be

directly dependent on the misorientation angle. At higher misorientation angles (greater than

0.6°) the formatia of the hillock surface defects could be avoided, at the expense of step

bunching. It is expected that in this case the defects within the crystal which cause these

hillocks are not removed but are ratiibitedrelative to the surface interactions.€ltiop of

Hs hillocks always consisted of triangular 2D nuclei which resided within a slight depression,

as seen in Figure-29 (b). This image demonstrates the result of having anisotropic step edges

as discussed in Section 2.3. At the edge of the flathepstep density increases significantly.
Representative AFM amplitude error and height images bflldcks seen in AIN and

Al-rich AlGaN are shown in Figure20. The sharp top seen by DilGagingwas determined

to be comprised of an assortment dfedent types of micrecale surface features. These

hillocks had polycrystalline grains, pits, and spirals at the top, an example of each is given in

Figure 230. AFM imaging was difficult due to the sharp surface topography near the top of

the hillocks.In fact, tips readily chipped or broke while traversing across the apex. Typical

indications of noise from the AFM tip during imaging can be seen in Fig86e(2) at the top

of the hillock. These grains and pits were usually greater than 10 nm taemdespectively,

for 200 nm thick films and increased with an increase in film thickness, similaid&feéts.

The grains usually protruded from within a pit as shown in Fige88 @). H hillocks with
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multiple spirals, pits, and grains at the texhibited convex and concave hillock edges as
indicated in Figure -80 (b). H hillocks were not uniform in size across the film surface as
were the Hhillocks. Figure2-30 (f) indicates that khillocks can form at the onset of growth

or during growthMoreover, the hillock density increases with film thickness. Eventually, the
hillock density and size becomes so large that they coalesce when the film is grown thick
enough. The actual film thickness where this occurs depends on the initial hillock @ensit

the onset of growtandthe AIGaN composition.
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Figure 230: AFM amplitude error (grey scaled) and height (color scaled) images of

representative thillocks seen on AIN and Adich AlGaN surfaces.
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Hr and H hillocks were observed in homoepitax@&N as well. Representative AFM
amplitude error images are given in Figure812 The hillock sizes increased with film
thicknesghatwas comparable to the hillocks found in AIN andrigh AlGaN. The Hhillocks
had a top that consisted of 2D nuclei astent with what was shown in Figure2®. The H
hillock size remained constant across the film surface. A distinguishing trait for the hillocks
observed in GaN was that thelilocks only had spirals at the tops. One or more spirals could
be found athe top of all the klhillocks studied in homoepitaxial Gah contrast, out of the
over500 hillocks studied in AIN and Atich AlGaN, only one Hhillock was found to have
only spirals at the top. Also, the size of all thehilocks did not change acse the GaN film
surface. The total hillock density was fixed at the initiation of growth and did not deviate with
an increase in film thickness. As discussed in Section 2.5.1, spiral growth occurs in response
to mixed and screw type threading dislocatitirad terminate at the surface. This spiral growth
initiates from a preexisting dislocation in the GaN substrate. Using this concept, an average
lower bound on the dislocation density can be determined for the GaN films studied assuming
a single dislocatio per pyramid at around 3 x 46m2. The actual dislocation density will be
larger since some of the hillocks presented multiple spirals. All of these results on GaN suggest
that the grains and pits formed at the top of AIN andiéki AlIGaN H; hillocks ae a result of
something other than dislocations from the AIN substrate. This is further supported by the fact
that these AIN substrates have dislocation densities less tham®@et hillock densities of

10° to 10’ cnmi2 were commonly observed.
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Figure2-31: AFM amplitude error images of representativgleft) and H (right) hillocks

seen on homoepitaxial GaN.

Compositional inhomogeneity can exist in AlGaN that exhibits step bunching and
nanecpitting as discussed in Sections 2.2:8 2.6.1, respeeily. PL indicated that when

AlGaN films contained a high density of hillocks or the hillocks were relatively large in size,
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two dominant band edge emissions existed suggesting another mechanism for compositional
inhomogeneity in AlGaN. It is important twte that these films didot have step bunched or
nanopitted surfaces. Figure2 provides room temperature PL spectra for two AlGaN films
grown at the same time on two substrates from different boules. The resulting filnvhdtad

is consideredaverageand small hillock densigs of ~5 x 10 cm? and ~2 x 1¢ cm?,
respectively Both PL spectra contain two peaks. The film with the larger hillock density had
two prominent emissions at around 54nd 5.8 eV whereas the other film had emissions
around 5.@ and 5.1&V. The higher energy peak wastthe same between the two samples
due to misorientation angle dissimilarities, which can be understood thiteeigiscussion in
Section 2.5.4 The intensity ofthe lower energy peak increased/decreased with an
increase/decrease in the total hillock area hinting that this peak was directly related to the

surface defects.

Larger Hillock Area
| —— Smaller Hillock Area

Intensity (arb. units)
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Energy (eV)
Figure 232: Room temperature PL of two AlGaN films grown at the same time on two

differern substrates which exhibited different hillock densities.
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Room temperature mictGL mapping was performed on an AlGaN film with hillocks
to further confirm this idea. CL indicated that the hillocks emit at a lower energy than the rest
of the AlGaN layeras shown in Figure-33. In this casghe lower energy is shifted too far
below the higher energy to be accounted for by strain alone. This lower energy is directly
correlated to more Ga incorporation in the hillock region, which shows yet again the
importance of achieving atomically smooth and surface defect free AlGaN films. The hillocks
in this CL map are khillocks with grains and pits at the top, the most prevalent type on these
surfaces. The Gach regions exist everywhere that the hillock disrupesstep density from
being the fixed density due to the substrate misorientation surrounding the hillock. The step
density is higher in these regions therefore it is thought that more Ga is incorporated here for
the same reasons that a higher misorienaingle tended to incorporate morei@#hebulk
of AlGaN (see Section 2.5.4The CL intensity was greater in the hillock region which matches
the results from PL where the lower energy peak became more intense than the higher energy
peak at the highdrillock densities even though the total absorption area was still larger for the
regions around the hillocks. A sharp decrease in the CL intensity could be seen at the top of
the H hillocks suggesting an increase in A@adliative recombinatignoccurringdue to the

presence of dislocations.
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Figure 233: Room temperature CL maps of the dominant emission peak of AlGaN epitaxy

with hillock surface defects.
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The presence of these hillocks greatly hinders the performance of optoelectronic and
electronic devices because of the compositional inhomogeneity. Multiple emissions are
typically not desirable for optoelectronic applications. Since dopant ionizatiogiener
increase with an increaseAh-content as will be discussed in detail in Chapter 4, regions near
the hillocks could potentially be more conductive than the bulk of the film making it difficult
to provide high break down Schottky contacts. Additign&alEDs were fabricated from these
films and it was determined that the hillocks provide electrical leakage paths through the
device, as evidenced by higHerward andreverse current for devices with hillocks. For all
of these reasons, removal of thégdcks is necessary.

Sharp and flat top triangular shaped hillocks have been seen in homoepitaxial [111] Si
films. Takakuwa et al. claimed that hillocks with grains at the top were a result of contaminants
on the substrate surface, such as oxides, ricles, or SiC precipitate$? Polycrystalline Si
was thought to grow on these contaminants and initiate the hillock formation due to the newly
introduced extended defects, i.e. dislocations and stacking faults. Takakuwa et al.
demonstrated that by properly cleaning the substratecsukfa the use of photoexcited
hydrogen, the density of hillocks with grains could be reduced by as much &@§275%.

In many cases, the hillocks found on AlGaN and AIN films were aligned and appeared
as if they were emerging from a scrat€hese scratchaseretraced backd the substrate. By
chemicaly etching an AIN substrate with KOH, precipitates observed by DIC imaging were
decorated by a trailing scratch indicating a potential source of the scré&chashes were
also visible in areas where no precipitates wereedmsble by DIC imaging prior to etching.

Often times, bfore etching, the scratchesuld not be visible which indicates that subsurface
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polishing damage could be present in these substrates. Another way to reveal the subsurface
polishing damage was thraugeactive ion etchingthereby pillars were formed upon etching.
These pillars are likely formed due to a masking effect. The density of these pillars were
directly correlated with the density of hillocks after epitaxial film growth.

Energydispersive spctroscopystudies on one AlGaN crosgction TEM sample with
hillocks reveakd Ta related material at thettomof a hillock near the growth interface. It is
possible that Ta deposits from the PVT growth process are embedded in the substrate and
during wlishing the depositavhich are near the surfaceove aroundcausingsubsurface
polishing damageFurthermore, this would explain theratchlike featureswhich become
more visible on substrategpon both dry and wet etchinghe subsurface polishing dage
could cause the formation of dislocatio@ensidering the idea of subsurfagu#ishingdamage
caused bylepositstontaminants and the results preseited akakuwa et abn Si a series
of studies wereonducted to attempt a cleaning and potentiebvery of the AIN substrate
surfacethrough H annealing:®?

Prior to epitaxial growth, AIN substrates were annealed at high temperatures in a H
atmosphere at 20 Torr total pressure for 10 minutes. Annealing temperatures between 1100
and 1550 °C were investigated. AlGaN epitaxial films were then deposited on these annealed
substrates in order to produce films with relatively large hillocks thatidee easily seen by
DIC imaging for density counting. It was determined that an optimal temperature range of
1400 to 1500 °C existed where a significant reduction of hillocks consistently occurred. Table
2-1 gives the results for a series of AlGaN filgrewn on surfacethatwere prepared with

and without H annealing at 1400 °C. A single substrate was quartered and three quarters were
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grown on at the same time. By using a single substrate, the role of slight variations in wafer
processing from the bouleas negated. The control, Sample A, underwent the standard
cleaning procedure with acid cleaning as discussed in Section 2.2. Samples B and € were H
annealed, with the acid cleaning step being omitted for Sample B. Using the standard cleaning
procedure pduced a film with a hillock density of more than®Xn?2.2 By using the
additional H annealing step, the hillock density was reduced to less thancri.
Furthermore, besides the fact that the hillock densities waré/ndentical between Samples

B and C, no significant differences could be found by AFM, PL, or HRXRD studies indicating
that substrates annealed in dd not require the acid cleaning step. A consistent reduction of
over one order of magnitude was obgenfor all films grown on substrates with the H
annealing step. It is important to note that similar to the results from Takakuwa et al.s only H

hillocks with grains and pits could be detectably reduced using this prod&tiure.

Table 21: Hillock densityfor AlGaN films grown onAlIN substrates prepared as indicated

Sample Acid Cleaning H; Annealing Hillock density (cn)
A (control) yes no > 10
B no yes <10
C yes yes <10

To better understand the origin of this hillock reduction, the AIN substrate surface was

studied after various Hannealing conditions. A substrate was quartered and each quarter was
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studied before and after.Fnnealing. AFM images are given in Figur&4£ showing the
transformation of the surface. Before annealing, all four quarters exhilsitailar
morphologies with a bilayer step structure being clearly visible. No pits or scratches could be
foundby AFM imaging Small protrusions, 1 to 2 nm tall, could be seen on the polished surface
by AFM and is attributed to surface hydroxides. Thesereamoved after the nitridation step

of the standard cleaning procedure. Here, it is clear thahkealing also removes these small
protrusions. The misorientation angle was determined to be approximately 0.18 + 0.01° for all
of the quarters.

The AFM images in Figure -34 indicate that with an increase in ldnnealing
temperature from 1400 to 1550 °C at a total time of 10 minutes, the surface steadily roughened.
The RMS roughness for the 5x5 filFM images increased from 100 to 360 pm with the 150
°C increase in annealing temperature. The terrace width increased and step bunching began to
occur. At these Hannealing conditions, Al adatoms are expected to detach from the step edges,
diffuse, and reattach at other step edges or desorb. The surface emmtiranange with an
increase in annealing time and became even roughemiealing at 1500 °C at a total time
of 30 minutes produced a surface RMS roughness of more than 2.7 nm for a 5A%Mm
scan areaAt this stage, subsurface polishing damage @etectable through macro sized
surface features. The surface mass transport due to.thangaling procedure seemed to
decorate the areas with damage. Needless to say, atomically smooth epitaxial films with
reduced hillock densities could only be realipedthe substratebatcontained bilayer steps
upon H annealing Therefore, a mild Hannealing step should be considered as a way to

reduce the hillock density in Alch AlGaN and AIN epitaxial films grown on AIN substrates.
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Figure 234. AFM images b AIN substrates before and after. ldnnealing at various

conditions.
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2.7Summary

In this chapter, a surface kinetic model was develdpedsing already established
BCF theoryto better understand how to control the growth of polar (000LicAlAIGaN and
AIN deposited by MOCVD.The dependenceof the misorientation angle and vapor
supersaturation on the surface supersaturation wasyaed with the theoryBy adjusting
the surface supersaturation, the expected changes in surface moypiveleg observed
experimentallyas predicted by the model. By properly controlling the surface supersaturation,
transitions betweesurfaces dominated by 2D nucleation, bilayer step flow, and step bunching
were realized. For each transition, it was shown that the critiggrsaturation could be
realized by changing either the growth conditions or the substrate terrace width, i.e. the vapor
supersaturation or misorientation angle, respectiveiyese observations, which were only
possible through the use of the native AlNbstrates, made calculating the surface energy of
(0001) AIN achievable for the first time.

The role of dislocations on the morphology weatso discussed. By studying films
grown on AIN and sapphire substrates, sueface kinetiomodel was demonstrated be
universal in that it can be applied to any AlGaN or AIN material. A low dislocation density
was necessary to achieve the smoothest morphologies, where the RMS roughness was less than
50 pmfor a 5x5 unt AFM scan area

Studies presented in this chapshowed that the composition of AlGaN is sensitive to
the morphology. Step bunching resulted in compositional inhomogeneity. This was explained
by the dependence of the Ga incorporation on the terrace width of the growth surface. Once

the Ga surface difision length becomes smaller than the terrace width, its incorporation
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depends on the step density. This theory was supported by observing an increase in the Ga
content with an increase in misorientation angle for bilayer stepf@dN grown with the
samegrowth conditions.

Surface defects in the form of pits and hillocks were studied as well - pitimg and
crackingwere found to beéhe main partial strain relaxation mechanigmspitaxial Al-rich
AlGaN and AIN thin films as opposed to misfit dislocation formation. Hillocks on the surfaces
of Al-rich AlGaN and AIN were investigated and it was found that by properly cleaning the
substrate, the density of hillocks could be reduced by morectmarmrder of magnitude. In
addition, all of the surface defects studied this chapterresulted in compositional
inhomogeneity in AlGaN films.

The surface kinetic framework providetthis chaptedesignagsa control scheme for
achieving atomically mooth bilayer stepped surfaces foridh AlGaN and AIN epitaxial
thin films. This methodology, along with the demonstration of high quality epitaxy on AIN

substrates, will help to improve electronic and optoelectronic devices based on. AlGaN
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CHAPTER 3: Non-polar Growth
3.1 Motivation

There has been increasing interest in the growth and characterizationmjlanand
semipolar AIN as it is expected to overcome limitations encountered in polar AIN. Current
research on AIN is mainly directed at materigiswn in the polar-plane orientatios? 2% %°
It is thought that deep UV LEDs and LDs using hijhcontentAlGaN alloys based on-c
plane AIN are negatively affected by large internal electric fields due to the characteristic
spontaneous and piezoelectric polarizations in strained nitride device stricfufésse
polarizations cause a spatial separation between the holes and electrons in quantum
confinement structures, therefore limiting radiative recombination efficietcit’s1%® A
potential way of eliminating these effects of the polaraafields is through growth of films
in directions perpendicular to the polar axis.

Non-polar growth has mostly been reported for GaN and AIN heteroepitaxy. These
heteroepitaxial films grown oforeign nonpolar substrates suffer from large densities of
threading dislocations and stacking faults, which can be detrimental to subsequent device
structures grown on such film% 1% Sychextended defcts are expected to act as rastative
recombination centers and consequently lower quantum efficiencies within quantum confined
structures.

It has not yet been made clear which +patar surface, (L00) mplane or (1120) a
plane is prefeed for the growth of high quality Hhitride epitaxial films. It is clear, however,
that native substrates will reduce the density of threading dislocations. Although, growth of

devices on native nepolar bulk substrates has not been studied in AlNgramises a
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significant reduction in the density of extended defects as well as improvement in device
propertiest®” Thus, an extensive study of the growth on -potar bulk substrates and an
investigation of the achievable surface and crystal quality are needed to clarify the fundamental
materials properties of high quality npolarAl-rich AIGaN and AIN in order to pave the way

for their future application.

3.2Non-polar AIN Qubstrate Characteristics
3.2.1 Substrate Misorientation

The AIN substrates used in this study were processed from AIN boules grown by
physical vapor transport in tfj600-1] direction and have been shown to possess very high
crystalline quality with dislocatiodensities lower than $@m2 7" M-plane substrates were
then obtained by slicing these boules parallel to th#ane by a diamond wire saw. All of the
substrates are then mechanically polished andsubjécted to CMIh a proprietary kaline
slurry of nanometesize abrasives.

Substrates that are nominally (0001) can have misorientation directions between <1
100> and <1420>. The effects of the different misorientation directions as well as magnitudes
on the surface morphology of &woxial flms grown on such substratesas discussed
extensively in Chapter 2. For nominally-100) substrates there are other directions which
must be considered. Because of the -oentrosymmetric nature of the wurtzite crystal
structure, a misorientatiodirection of [0001] is different than [0€1], when it comes to the
surface energetics. This anisotropy is one of the main reasons behind the difficulty being faced

for nonpolar growth. Misorientation directions can be anywhere between [0001]1]086d
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+<11-20>. From this point forward, £<220> will be denoted as [120] and [1-120] without
loss of generalitylt has been shown in GaN, that the surface morphology of epitaxial films
can be quite different depending on the misorientation diregtetive to these four
directions!®

Prior to any epitaxial growth, the surface morphology and misorientation of all
nominally (:100) AIN substrates were studied using AFM and HRXRD. AFM imaging of all
substrates prior to growth determirtbdt they were all free of surface defects such as polishing
scratches or pits, indicating the successful removal thrpogishing of the plastic damage
caused by the boule sliciggClear steps, as shown in Figurd 3wvee present on all surfaces
with a measuredtepheightof 2.7 + 0.1 A, which matches nicely the theoretical height of one
mpl ane monolayer (43/2 a a 2.69 ). The RMS

bel ow 100 p’stafaeas. 5x5 &m
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Figure 31 : 5 X AFM émrage of a typical aplane AIN substrate with an RMS roughness
of less than 100 pm. Parallel monolayer steps could be observed eplah@nAIN substrates

studied.

The stepto-terrace ratio and step orientation relative to th@ace crystallographic
facets of the substrate could be directly measured by AFM to quantify the misorientation angle
relative to [2100] andthedirection relative to [0001]. HRXRD techniques were used to further
confirm the misorientation of all the subsewtand were found to be in agreement. This
agreement is mainly attributed to the large radius of surface curvature of the substrates at over

100 m.

3.2.2 Substrate Preparation for Growth
Due to the high affinity of Al for oxygen, oxygen is a common impuritAiN and

particularly on its surface. A number of studies on powder, thin film, and bulk AIN have shown
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that AIN forms an aluminum hydroxide layer when exposed to air or water; this is in the form
of aluminum oxidehydroxide [AIOOH] or a mixture of AIOOHral aluminum trihydroxide
[AI(OH)3).1%8112 For AIN substrates, the nature of the aluminum oxigeroxide layer
depends on the process history of the substrates, especiapplist@ng process. A basic
requirement for optimal homoepitaxial thin film growth on polished substrates is surface
preparation, including removal of particulates, metallic contaminants, adsorbed species, and
native oxides. Furthermore, a suitable surf@cevery technique has not yet been reported on

for m-plane AIN substrates.

Rice et al. developed a procedure for preparing nominally (00gdane AIN
substrates for epitaxial growth The following presents a study amplementing this same
procedure to determine if it is also suitable foplane AIN substrates and halseadybeen
publishec®® The procedure included ultrasonically cleaning thepaished substrates
sequentiallyin acetone, methanol, and then deionized water. Following the cleaning, the
substrates were wet etched in a 3:1 mixture of sulfuric and phosphoric acid for 10 minutes at
90 °C. Wet etched substrates were then rinsed in deionized water for 10 minutesyitiried
flowing nitrogen, and transferred into the MOCVD reactor. The reactor was then pumped down
to high vacuum (less than "t0rorr) and bacKilled with ammonia. The substrates were
annealed in flowing ammonia at 60 Torr for 15 minutes at 2000

AIN substrate surfaces were characterized in thgoished condition, following the
wet etching, and after ammonia annealing bayx photoelectron spectroscopy (XPS). The
peak areas of Al 2p, N 1s, and O 1s core level spectra were used to determinedberslaia

ratios of elements. Apolished substrates were typically stored in ambient air for several
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weeks prior to characterization or processing. Substrate exposure to ambient air following wet
etching or ammonia annealing was limited to a few minutes tarloading substrates into the
XPS ultra high vacuuriJHV) analysis chamber.

A survey scan was realized to identify the elements present and to assess the chemical
makeup of the surface. Figure23shows a typical spectrum of the CMRptane AIN
substates. Intense photoelectron peaks representing core levels of AIN: Al 2s, Al 2p, and N
1s, were clearly observed. The spectrum also contained peaks from other surface species
represented by the C 1s, F 1s, and O 1s. In addition to the photoelectronAnegsksiKLL
peaks from both nitrogen and oxygen were observed. The presence of fluorine was attributed
to residue from the Fluoraware storage container, thus further consideration was not necessary.
The presence of adventitious carbon was always obsewvédyas in eplane AIN substrates
studied previously and is known to be adsorbed while the substrates are exposéd to air.
Therefore, neither fluorine nor carbon are considered in the surface chemistry analysis

presented hre.
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Figure 32: XPS survey scan of a CMP-ptane AIN substrate; oxygen, fluorine, and carbon

are the primary surface contaminants.

XPS analysis of the CMP 4plane substrates indicated that the amount of surface
contamination by oxygen in 4plane substrates was nearly the same as that-piame
substratesThe Al:N:O surface molar fractions, for the CMPpatane substrates were found to
be about 4:4:1 compared to 5:4:1 reported fglame substrate$. Figure 33 shows a
summary of molar ratios fanm-plane AIN substrate surface in the CMP condition as well
as following wet etching and ammonia annealing. Assuming a 1:1 stoichiometry between the
Al'and N in the AIN bulk, the excess Al over the 1:1loaiose due to replacement of nitrogen
for oxygen during the formation of the oxitigdroxide layer. The Al to N ratio remained
above 1 after all surface treatments indicating that there was still somehgxiicide on the
surface. O/N and O/Al surfaceafar ratios were used for comparison of the amount of oxygen

on the surface. Both ratios clearly decreased with processing, which was an indication of the
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reduction in oxidehydroxide. These measured amounts of oxygen are known to be equal or
slightly higher than the true amount representative of each processing step, since the surfaces

were briefly exposed to air during transfers to the XPS chamber.
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Figure 33: Surface molar ratios of4plane substrates following each preparation process.

A representatie high resolution O 1s core level peak &ormm-plane CMP surface is
shown in Figure 3. The broad peak was deconvoluted into three components with binding
energies of 530.4, 531.5, and 532.7 eV, corresponding YcOBf , and HO, respectively?

114 The molar ratios of &:0H":H,O were found to be about 2:6:2 forptane, while they

were reported to be around 4:5:1 feplane substrates; interestingly, the more stable oxide
component was significantly lower on thepiane substrateés.A summary ofthe O 1s core

level component molar ratios following the various surface preparation steps can be seen in
Figure 34 as well. The ratios suggest a native oxide composed of a mixed aluminum hydroxide

and aluminum oxiddaydroxide. In the CMP condition, théstribution of the amount of each
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component differed between theand mplane substrates, however the oxidelroxide layer

in both was dominated by the ®eomponent.
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Figure 34: Deconvoluted O 1s core level peak of a CMPlame substrate surfadeft) and

O 1s core level peak component molar ratios for each surface preparation process (right).

Wet etching of agolished substrates resulted in a reduction in oxygen surface
contamination. The Al:N:O surface molar ratios were found to be about fordwet etched
m-plane substrates. Additionally, the wet etching modified the molar ratiod @& :H.O
to 3:6:1. The overall reduction in total oxygen during wet etching-pfane wafers was 73%;
this compared favorably to a 50% overall reductiorregal for eplane AINZ®

Following the exsitu surface preparation steps, ammonia annealing was performed in
the MOCVD reactor. The purpose of this step was to convert the substrate hydroxide layer to
AIN.%315The success of this nitridation step depended on the stability of the surface oxide: a

more hydrated oxide wasore energetically favorable for the transformation to AIN using
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NHa. In general, Al hydroxides are less stable compounds than the oxides and are a desired
form of AIN surface passivatiof® Rice et al. developed and implemented a thermodynamic
model for the nitridation of alminum oxide in order to find suitable processing conditions
within the parameter space of a typical nitridle MOCVD systéifhe nitridation of the
aluminum oxidehydroxides on mand cplane AIN substrate surfaces were expdcto
proceed more readily than nitridation of aluminum oxide. The reactor conditions for the
experiments in this work were found to meet the necessary requirements for nitridation
according to the thermodynamic model.

The AL:N:O surface molar ratio folMang ammonia annealing was found to be about
5:4:0 for the mplane substrates. The measured total oxygen on the surface was reduced by
82% from CMP to ammonia annealing for theptane AIN. The molar ratio of ©.0H':H.0
for m-plane substrates after nitagon was found to be about 3:6:1. It is likely that the surface
hydroxide is completely removed during this nitridation, and the inevitable exposure to moist
air before loading for XPS measurements causes slight oxidation of the surface. It is thought
tha this amount and composition of surface hydroxide is indicative of the initial oxidation of
a pristine AIN surface upon exposure to moist air, as it is with-fllare AINZ?3 This is also
consistent with studies on freshigposited AIN films (not presented here), which showed
similar amounts of oxygen upon transfer from the MOCVD reactor to the UHV XPS system
through air.

The composition of the oxidieydroxide on the surface of thephane substrates was
dominated by th©H' component for all three stages of processing. In contrast, fortiame,

the & and OH were approximately equal throughout processing. It is predicted by the
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thermodynamic stability of hydrated alumina species that Al¢Oshould be more
energetically favorable at ambient conditidHfsHowever, a perfect hydroxide was observed
neither on mnor ¢plane surfaces; both are mixed oxldglroxides, which are favorable for

an effective nitridation and surface recovery prior to theaggal growth.

3.3 AIN Homoepitaxy
3.3.1 Surface Morphology

The growth of homoepitaxial films on bulk-plane substrates has been proved to be
strongly dependent on the substrate surface preparation. Therefore, before MOCVD
homoepitaxial deposition, all polished substrates wesgdd following the substrate treatment
procedure described in detail in Section 32.2IN homoepitaxial films were grown by
MOCVD under 20 Torr total pressure using trimethylaluminum and ammonia as the aluminum
and nitrogen precursors, respectively. The V/II ratio was maintained atuflé8s otherwise
noted,and hydrogen was used as the diluent gas for all the homoepitaxial films that will be

discussed in this section.

3.3.1.1Dependence on the Growth Temperatur

In order to understand the effect of growth temperature on the homoepitaxial film
characteristics, growth at temperatures between 1250 and®T558s performed on a set of
substrates with identical misorientation angles of 0.45° off(a] toward [00@].”® This
selection ensured comparability of the results by reducing the possible influence of the

misorientation angle on growth mode and consequently surface morphology. All films were
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growntoato al thickness of 1.2 em and appeared s
through opticaDIC microscopy imaging.
AFM images of the resulting surfaces for films grown at different temperatures can be
seen in Figure -5. Relatively rough films with preferential faceting along the £[0001]
direction was visiblefor films grown at and below 135%C. The RMS roughnessanged
bet ween 8 t o 12BFMrimmagek of therfilns gré&wn at the lower temperatures.
This type of striped morphology, Kknelame as s
GaN and AIN epitaxial filmg% 107117118 Apgye a growth temperature of 133D, atomcally
smooth surfaces were obtained with no preferential faceting along the £[0001] direction. At
the highest growth temperature of 15%) RMS roughness values of less than 0.4 nm from
5 x 5 2 AFM images were measured. At the higher growth temperatnasplayer steps
were resolved with stepeights identical to those seen on the AIN substrates prior to growth.
A small degree of macrstepping (two to four monolayers) was still present for these samples
and is attributed to the misorientation magnitudd direction'®® 1*°* Moreover, as seen in
Figure 35, all monolayer steps did not follow the direction of the misorientation.
There was no observable growth rate difference with a change in growth temperature
from 1250 to1550°C. This wasexpected, however, since the same held true for growth on
(0001) eplane AIN substrates, discussed in Chapter 2. The thickness of the layers was
determined from the spacing in the Pendell6sung fringes observed in the symmetig¢ (10

2 | i ne HBXERDsising theofollowing equation

0 — (1)
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wheret is the film thicknessasis the xray wavelength) /is the spacing between the fringes,
and/ is the Bragg angle. Therefore, a change in growth rate or film thickness cannot be used
to exphin the differences in step morphology, as seen in Figelt3should be mentioned

that for thicker films, the average width of the large stripe features in the lower growth
temperature films increased (not shown). Also, the average width of the stomsed with
growth temperature for films which had the same thickness. At the higher growth temperatures,
the height of the macrsteps did not change with film thickness but did decrease with an
increase in growth temperature. These trends at theemitgmperatures are a direct

conseqguence of a change in the diffusion length of the surface adatoms during growth.
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1450°C 1550°C

RMS =1.7 nm RMS =0.4 nm

Figure35: G5 XAFM m mages o f -10D).h@moepitaxidal AIN fins growh at
four different temperatures. A large improvemensimface roughness could be obtained at

higher growth temperatures.

To identify if these differences in surface morphology with growth temperature were

caused by the initial stages of growth, a two layer homoepitaxial film was grown with 600 nm

118



grown at 850 °C followed by 600 nm grown at 135@ on a substrate with an identical
misorientation angle to the substrates used for the samples shown in Fagufr6.35° off [1-

100] toward [0001]Figure 36 (a) illustrates the sample structure and Fige8al® shows an

AFM image of the surface of the two layer film. Even though the initial 600 nm of AIN was
grown at the higher temperature of 1450°C and had an atomically smooth morphology as
shown in Figure &, the final surface had the large stripe morphpkeen in the films grown

at the lower temperature of 13%0. This suggests that the observed changes in morphology
with growth temperature are purely dependent on the surface energetics and diffusion length
of the adatoms during growth and not a growthation driven effect. Therefore, it seems that

the growth temperature is critical for the faceting and step behavior of homoepitakdl)(1

AIN.

119



Figure 36 : (a) Schemati c 2dArFavwii mppgaen d f( ) t5wo5 |sany
(1-100) homoepitaxial AIN film with 600 nm grown at 1450 followed by 600 nm grown at

1350°C.

These observations were followed by a study on the early stages of lower temperature
growth at 1250C in order to be#ir understand the origin of the preferential facegilogg the
+[0001] direction Figure 37 shows AFM images of the surface evolution during the initial
stages of growth. The substrate used for the study shown in Figuha@ a misorientation
angle of0.10° off [1-100] and direction of 30° off [06Q] toward [1-120]. AFM images of
the CMP surface indicates clear parallel monolayer steps similar to those shown in Higure 3
flowing along the misorientation direction. After the nitridation step, itushmmore difficult
to make out the monolayer steps and it almost appears as if a new step structure is generated
along thex[0001] direction. Furthermore, the overall RMS roughness of the surface has

increased at this point from 1@06 300 pm. Etching is ot expected to occur under these
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nitridation conditions, therefore any reconstruction of the surface should occur because of
surface adatom migration.

This potential reorientation of the step structure became more apparent once AIN was
deposited. Figur8-7 (c)(e) show the surface after 4, 8, and 200 nm of homoepitaxial growth
at 1250°C. The striped morphology becomes clear even after only 4 nm of deposition. With
further growth, the stripes become larger. After 8 nm of growth,-{)@8cets are becomy
stable on the surface. The surface RMS roughness increases up to 8 nm once 200 nm has been
grown. With further growth, the stripes become wider and taller as shown in Figuiiéh@se
results indicate that the {lIl00) surface is unstable at these terapges and wants to
reconstruct itself to facet along tR§0001] direction. Growth does not initiate through the
typical stepflow growth mode as presented on in Chaptefof these lower growth
temperaturesinstead, adatom migration occurs to redueetthal surface energy by forming

the(000-1) facets.

121



Figure 37: Evolution of a (1100) AIN surface morphology which showed aatiggnment of
initial step features with thg@00-1] direction. (a) CMP, (b) nitrided at 120C, (c) 4 nm of

growth, (d) 8 m of growth, and 200 nm of growth, all at 1280

3.3.1.2Dependence on the Substrate Misorientation

The dependence of substrate misorientation angle on surface morphology was also
studied for mplane since a strong dependence of substrate misorientationmosuiiface
morphology for polar glane growth was observed as discussed throughout Chapter 2. AIN
homoepitaxial layers were grown at 12Z%Dwith a thickness of 1 um on AIN substrates with
a misorientation angle of about 0.35° off@0] and misorientatiodirections toward [1-20],

[-1-120], [0001], [00@1], anddirectional variations between. AFM imaging revealed that
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