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ABSTRACT

Creep deformation is one of the most important life limitation issues of nuclear reactor structural
components. It has been observed that long-term creep curves of solution-treated Type 316H austenitic
stainless steels exhibit multiple minimum creep rates or secondary stages. A change in the creep response
is understood to be due to the evolution of the microstructure, in particular, precipitation, phase
transformations and changes in composition of the matrix phase. Precipitates nucleate, grow and coarsen
at elevated temperature, leading to a depletion of solute elements remaining in the matrix, thus reducing
solute strengthening. Meanwhile, evolution of the precipitation population may also change the way that
dislocations bypass them, either by Orowan bowing or climb-controlled mechanisms, depending on the
extent of the obstacle resistance and the applied stress. This paper aims at quantifying and explaining how
microstructure evolution may lead to strengthening and softening and the variation in the creep properties
of polycrystalline austenitic stainless steels. A simple phase transformation model embedded in a multi-
scale self-consistent crystal plasticity framework is used to examine the creep rate vs time curves and
available information on microstructural changes at different temperatures and/or stresses. Correlations
between precipitation evolution and the observed shape of the creep curves are shown and analysed.
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INTRODUCTION

The current operating Generation Il Advanced Gas-Cooled Reactors (AGR), built mainly in 1960s and
70s, are approaching their designed life. Besides the development of new Generation III systems of
mainly Pressurised Water Reactors (PWR) with advanced safety systems, the life of some AGRs are also
being extended due to economical purposes. This necessitates the deep investigation and understanding of
the life limiting issues such as creep deformation and failure of the components, typically made from the
Type 316H austenitic stainless steels. Unexpected failure of the components could cause closure of the
whole nuclear power plant.

Creep tests have been carried out on these austenitic stainless steels at different temperatures and/or
stresses (e.g. Kubo et al. (1996), Kubo et al. (1994), Morris and Harries (1978), National Institute of
Materials Science (2003)). At the same time, different models have been used and developed extensively
to interpret and fit the experimental data (e.g. Spindler (2010), Chen et al. (2011), Schmidt and Miller
(1981a), Dyson (1997)). However, these models are either empirical or phenomenological that are not
able to fully explain the underlying physics of all the phenomena, and even may demonstrate poor
agreement in some complex situations, such as cyclic loading and stress relaxation. It has been observed
that long-term creep curves of solution-treated Type 316H austenitic stainless steels exhibit multiple
minimum creep rates or secondary stages (Figure 1) at some intermediate temperatures and stresses.
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Figure 1. Creep rate vs time curves of solution-treated 316H stainless steels at (a) 600°C and (b) 650°C.
AAL is the reference code of the specimen and data are obtained from Kubo et al. (1996)

It has been shown from a strengthening-mechanism map (Figure 2) for initially solution-treated 316
stainless steels proposed by Aplin and Angelo (1990), that deformation mechanisms associated with
different microstructural elements such as solid solution (solute locking in Figure 2) and precipitation
may dominate the creep response at intermediate temperature and stress ranges, depending on the
microstructural state. The boundaries separating different mechanisms in Figure 2 may vary with different
material states. A change in the creep response is understood to be due to the evolution of the
microstructure, in particular, precipitation, phase transformations and changes in composition of the
matrix phase. However, to date, none of the present model has systematically incorporated the evolution
of microstructure and the influence on the creep behaviour of the material.
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Figure 2. Strengthening-mechanism map for 316 stainless steels, proposed by Aplin and Angelo (1990)

In this paper, the effect of phase transformation and thermal solute strengthening is incorporated into a
multi-scale self-consistent model established in our previous work (Hu et al. (2015), Hu (2015)) to
evaluate the complex phenomenon of multiple secondary stages in solution-treated 316H stainless steels.

STRUCTURE OF MULTI-SCALE SELF-CONSISTENT MODEL

The physical self-consistent model used in this paper consists of three parts, continuum, crystal plasticity
and dislocation link length models, with the last of these based on the original theory proposed by
Lagneborg and Forsen (1973), Ostrom and Lagneborg (1976). This model captures the microstructure
evolution of individual grains and the influence on the deformation kinetics. Details of the model have
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been presented elsewhere by a series of papers from the authors (Hu et al. (2015), Hu and Cocks (2015),
Hu (2015)). In this paper, only the essential ideas and equations are to be shown.

Continuum model of individual grains and polycrystal

The continuum model establishes the relationship between the response of individual anisotropic grains
and that of the polycrystalline aggregate. Given an applied stress o, the response of each grain is given by

e+l (C) =(c) o =| (c7) i (1-5) s | M

where C?,C" are respectively the elastic stiffness matrices for each anisotropic grain and the isotropic
polycrystal; S'is a tensor related to the geometry of the grain and Poisson’s ratio of the isotropic
polycrystal Mura (1982); &'“and &' are the misfit strain in the anisotropic grain or an equivalent isotropic
grain, physically caused by the plastic deformation mismatch between the grain and the surrounding
homogeneous polycrystal; R is the orientation matrix for the grain; and / is the unity matrix. Equation 1
can be used to determine the stress/strain field of each individual grain during elastic deformation when

no plastic mismatch occurs, i.e. & =0, and during plastic deformation when &'* =0, with the latter

involving accumulation of residual stress. The expression of &'* during plastic deformation has been given
by Kroner (1961), Budiansky and Wu (1962) (expressed in the rate form)

§9=¢"—RTE" )

where £”and E” are the plastic strain rate in the grain with respect to the local co-ordinate system and the
macroscopic plastic strain rate of the polycrystal with respect to the global co-ordinate system, with the
latter of which determined from the plastic strain rates in all the grains of the polycrystal by the virtual
work principle (Hu and Cocks (2015)). The R " used in Equation 2 is due to the transformation between
the mathematical strain component and the engineering strain component.

Crystal plasticity framework for individual grains
Each grain in a F.C.C. austenitic stainless steel contains four slip planes and each plane has three slip

directions, giving totally twelve slip systems. The plastic strain rate in each grain within the polycrystal is
calculated by the crystal plasticity model by adding all the shear strain rates on all the active slip systems

12 12
el = Zsym(j'/ﬁﬁﬂ ®s57)= Zeﬁyﬂ 3)
B B

where 7” is the normal to a plane and 57 is one of the slip directions associated with the slip system 3, and
o’ :sym(ﬁ'” ®E”) is the Schmid factor of the slip system g and ® represents the dyadic product. A

thermally activated glide rule following Frost and Ashby (1982) is employed here to describe the plastic
shear strain rate 7” associated with the slip system g and the deformation kinetics at elevated temperature.

4/3

B 3/4
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where 77 is the resolved shear stress (RSS) of the slip system £, related to the grain stress through the
Schmid factor; 7’ is the slip strength or critical resolved shear strength (CRSS) on the same system,
associated to the different obstacles that a moving dislocation can encounter on its slip plane; 7,is a
reference shear strain rate, which is understood to be physically related to the dislocation vibration
frequency and mobile dislocation density (Frost and Ashby (1982)) and has been estimated to be 1/s (see
Hu (2015)); k is Boltzmann’s constant; 7 is temperature; AF,is the total activation energy required to
overcome obstacles without aid from external stress. Detailed expression of AF; for different types of
obstacles has been given by Frost and Ashby (1982) and discussed in Hu (2015) and is not shown here.

In Equation 4, F,,is a term describing the enhancement of slip strength by the mobile solute atoms in the

matrix at elevated temperature, following the theory of Schmidt and Miller (1981a), which states that
solute atoms have more diffusion mobility in the network at elevated temperatures and may either diffuse
into the core of continuously gliding (climbing) dislocations, or form atmospheres or clusters around
dislocations. In either case, the mobile solutes can usually be dragged along by moving dislocations,
impeding their motion. A simple version of F , retaining the essential physics of the solute drag process

sol

from their theory is incorporated into our crystal plasticity framework, which can be written as

F,

sol

2
1 .ﬂ_l .
_ Arexp _[ og Bog%mx] .

where 4 and B are fitting parameters. y,___is the magnitude of the shear strain rate at which the solute drag

effect reaches its maximum. Its value for 316 stainless steels is given by Schmidt and Miller (1981b). ¢ is
the current solute concentration in the clusters, where the controlling contents in 316 stainless steels has
been considered to be solute complexes Mo-C or Mo-N (Asbury (1986)). The term (1+F,,) is introduced

sol
in Equation 4 when solute clusters are present thus the slip strength is enhanced. But when there is no
clusters or the atoms are extremely mobile at very low or very high temperatures, F, =0, i.e. solutes do

sol

not enhance the slip strength in Equation 4. In their theory, F,, has been understood to be linearly
proportional to the concentration of solutes in the clusters or atmospheres (Schmidt and Miller (1981a)).

Dislocation link length model of individual slip planes

Dislocation link length model provides a physical basis of the CRSS on each slip system in Equation 4 as
contributed from distributions of different types of obstacles, such as forest dislocations, precipitates and
solute atoms. It is understood that coplanar slip systems belonging to the same slip plane have identical
CRSS (Bronkhorst et al. (1992)), thus the model is simply based on slip planes rather than on slip systems.

The model describes a two-dimensional distribution of forest dislocation links with various lengths on
individual slip planes of each grain, which is related to the distribution of pinning points or forest
dislocation junctions on the same planes Hu (2015). Here a dislocation link is defined as the dislocation
segment between two pinning points on a slip plane, which in the current model refers to only the forest
dislocation junctions or the intersections of links from other slip planes. The CRSS contributed from
forest dislocation junctions 7, on each slip plane is inversely proportional to the mean spacing of the

pinning points on the plane L, .

_a,Gb
Ld

(6)

Ty
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where G is the shear modulus, b is the length of the Burgers vector and ¢, is a constant determining the

strength of the pinning points. The model captures the hardening behaviour through the multiplication of
dislocations gliding on a slip plane, leading to the increase of number of junctions and links. Hardening
on a slip plane by the increase of pinning points on the same plane is called self-hardening, while that by
multiplication on other intersecting planes is called latent hardening. At elevated temperature, the
dislocation network can recover through climb-controlled network coarsening, where long links grow at
the expense of short links, thus reducing the number of pinning points of individual slip planes and
leading to the softening of the material. A simple thermodynamic kinetic analysis has been carried out on
the recovery of the mean spacing on individual slip planes Hu (2015). Given a slip plane i, the overall
change of the mean spacing L, combining hardening and recovery processes can be expressed as

. . . 1
Ldi=_Ldi3[‘]1}/i+J22yj]+K'? (7

J#i di

where J,,J,,K are parameters describing respectively self-hardening, latent hardening and recovery. The
effect of solid solution (z,) or precipitation (z,) on the resistance to dislocation slip on individual slip

planes is similarly considered to be inversely proportional to the mean spacing of all the solute elements
(L,) or second-phase precipitates ( L, ), which are assumed to be randomly distributed on the plane.

a,Gb
T = pL and 7, _aGb ®)

p
P s

where o, and a; are respectively the constant determining the strength of precipitates and solute atoms.
The values of all these constants can be found in the literature (see Hu (2015)). For precipitation
strengthening, dislocations bypass precipitates by an Orowan bowing mechanism, leading to the
formation of dislocation loops around precipitates that contribute to forest dislocation junctions and some
internal stress (Ashby (1966)). Note that mechanism could change from Orowan bowing to dislocation
climb bypassing over precipitates at elevated temperature when the applied stress is very low, where the
climb bypassing involves less strengthening but much slower deformation kinetics than Orowan bowing.
Details of this can be found in Hu (2015). According to Dong et al. (2010), the appropriate way to express
the combined CRSS from all three types of obstacles described above can be written as:

2 2
Tﬂzﬂﬁd +Tp +7, %)

The evolution of 7,is determined by Equation 7 while that of 7, is determined separately by a phase
transformation model through the change of mean size and volume fraction of precipitates. 7, is treated as

a constant calculated from material’s chemical composition (Hirth and Lothe (1982)). Finally, it should be
noted that all obstacle strengths scale with temperature-dependent modulus (see Frost and Ashby (1982)).

PHASE TRANSFORMATION

At elevated temperature, the initially solution-treated state of materials is thermodynamically unstable and
changes in the microstructure, in particular, transformation of different precipitate phases, can be made to
occur by thermo-mechanical treatment. Thermal ageing in 316 stainless steels promotes formation of
carbides (mainly M»;Cs, M refers to metallic elements) and other more stable intermetallic phases such as
Laves (Fe;Mo). However, only the intragranular precipitates interact and retard the dislocation motion
while the intergranular precipitates only result in depletion of solute atoms.
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The classical phase transformation model proposed by Avrami or more generally called the Johnson-
Mehl-Avrami-Kolmogorov (JMAK) model (reviewed by Fanfoni and Tomellini (1998), Christian (1975))
has been used to predict the evolution of intragranular precipitates in 316H austenitic stainless steels (see
Hu (2015)) during thermal ageing. The model is able to determine the evolution of mean size, number
density and volume fraction of different intragranular phases, as well as depletion of solute atoms in the
matrix, during precipitation nucleation, growth and coarsening processes, where the last process is similar
to the dislocation network coarsening and is also called Ostwald Ripening (Shewmon (1969)). Usually the
first two processes strengthen the materials by introducing more precipitates (i.e. mean spacing decreases)
while the coarsening process softens the materials by reducing the number of small particles (i.e. mean
spacing increases). However, care needs to be taken when transformation of multiple phases occur
simultaneously, such as carbide and Laves phase in 316 stainless steels, where different phases may have
different kinetics of transformation, leading to a more complex evolution of the result between all the
precipitates. Moreover, the concomitant creep deformation has been understood to promote or accelerate
the phase transitions by introducing more dislocations as energetically favourable nucleation sites and
short-circuit diffusion paths (see Morris and Harries (1978), Embury et al. (2003)). However, to date, very
few microstructure information is available, and none of simple models have been proposed or developed
that can fully capture the kinetics of phase transformation as influenced by creep deformation.

Some preliminary model predictions of phase transformation in initially solution-treated 316H austenitic
stainless steels (the chemical composition is shown in Table 1) subjected to pure thermal ageing (no
creep) at 600°C and 650°C are presented here in Figure 3, together with some available microstructure
data related to the mean size of carbide (Figure 3a) and Laves phases (Figure 3b). The depletion of a
typical solute element Mo (mass percent) is shown in Figure 3c. Detail of this simulation can be found in
Hu (2015). These results captured the basic characteristics of phase transformation, where the rate is slow
at the beginning and the end of the process but rapid in between. At the same time, the mean spacing
between all carbides and Laves phase particles at these two temperatures is shown in Figure 3d,
demonstrating a complex evolution due to simultaneous transformation of the two phases.

Table 1: Chemical composition (wt.%) of Type 316H stainless steel

C Si Mn P S Cr Mo Ni Cu N Fe
0.07 0.61 1.65 | 0.025 | 0.007 16.6 2.33 13.6 0.26 | 0.025 | Bal.
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Figure 3. Evolution of the mean size of (a) carbides and (b) Laves phase, and evolution of (c) the
concentration of Mo and (d) the mean spacing of all particles.

EVALUATION OF CREEP RATE VS TIME CURVES

The multi-scale self-consistent model described in this paper has been validated in simulations of
monotonic loading and/or creep of ex-service plus laboratory aged 316H stainless steels specimens, which
contain a considerable population of precipitates (Chen et al. (2015), Hu and Cocks (2015), Hu (2015)).
In all these simulations, the evolution of precipitates during the short-term creep was ignored due to very
slow phase transformation in these materials, so as to the effect of solute drag due to large depletion of
solute elements, essential for the complexes, by the present precipitates. In this section, we attempt to
evaluate the creep rate vs time curves of initially solution-treated 316H stainless steels at 600°C and
650°C (Figure 1), which may exhibit multiple minimum creep rates or secondary stages, using the
combined self-consistent model and phase transformation model. The influence of creep on phase
transformation is not considered. At each temperature, we select three curves with three different stresses.
We intend to understand how, and to what extent, the evolution in the microstructure can be correlated to
the change in the creep property of the material, and thus do not attempt to fit each particular curve.

The material was first subjected to pre-straining at each temperature up to the required stress, and then
followed by creep. The recovery of dislocation structure and the phase transformation were ignored
during the short-term monotonic pre-straining. At each time step during creep, carbide and Laves phases
were allowed to transform simultaneously, with increment of volume fraction, mean size, mean spacing
and solute concentration determined by the improved JMAK phase transformation model, as shown in
Figure 3. Values of some parameters used in this simulation are shown in Table 2.

Table 2. Material parameters of Type 316H austenitic stainless steel used in the simulation

Parameter Value Parameter Value

c,” 198 GPa ay 0.35

C,* 125 GPa a, 0.84

c,” 122 GPa ag 0.000457

b 2.5x10""m AF, 654.7 KJ mol™
7o 1 s’ Vo 2.5x107 7!

*Data are taken from Kamaya (2009)



23™ Conference on Structural Mechanics in Reactor Technology
Manchester, United Kingdom - August 10-14, 2015
Division I

Figure 4 present the simulated and measured creep rate vs time curves for the solution-treated 316H
stainless steels at 600°C and 650°C at three different stresses. For all stresses and temperatures considered
here, it is found that dislocation climb bypassing over particles does not dominate. The initial decrease of
creep rate (primary stage) results from the dislocation multiplication (hardening) since thermal solute drag
and phase transformation are weak at the beginning. Without phase transformation and solute drag, it is
expected that, as the recovery rate of dislocation structure gradually catches up with the hardening rate,
the creep rate will eventually become almost constant towards secondary stage (Hu (2015)). However,
here the model predicts some subsequent transitions at some stresses, €.g. Some minimum creep rates or
secondary stages, indicating changes in the precipitate strength (CRSS) described in Equations 8 & 9 as
different phases transform or coarsen in a complex way as shown in Figure 3 (d). Solute drag also plays
an important role such that it either enhances the creep strength (reduces the creep rate) as the creep rate
decreases (see Equation 5), or enhances the creep rate as its effect attenuates as the concentration of Mo
gradually decreases (Figure 3c).
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Figure 4. Predictions and measurements of creep rate vs time curves at (a) 600°C and (b) 650°C, taking
into account effect of solute drag and phase transformation.

Some differences can be seen between the predictions and data in Figure 4, e.g. the data does not exhibit
same transitions and the minimum creep rate may occur at a different time. Reason for these differences
may consist that some small precipitates can be easily cut by the dislocations thus they do not contribute
to the strength through Orowan bowing, as expressed in Equation 8 (Hu (2015)). In fact, as can be seen in
the strengthening-mechanism map in Figure 2, solute drag may dominate the creep response at these
temperatures and stresses considered in this simulation (termed “viscous glide” in Figure 2), indicating
either not many small precipitates or too large mean spacing between large precipitates that they may not
directly influence the creep behaviour of the material. However, such feature cannot be reflected in the
phase transformation model employed here. As an alternative, some refined results are shown in Figure 5
where we have neglected the precipitate strength at these temperatures but retained the depletion of Mo
during phase transformation. The updated results are closer to the data compared with Figure 4. Some
large difference between the prediction and data can still be observed at 650°C, which may be because
solute atoms are more mobile at 650°C thus contribute less to the strength (Equation 8) than that at 600°C.
Now the increase of creep rate is purely caused by reduced effect of solute drag, which almost coincides
with the depletion of Mo, as shown in Figure 3 (c), and the subsequent decrease of creep rate is due to
extensive dislocation multiplication (hardening) when the solute drag has become very weak. A new
dynamic balance between hardening and recovery is yet to be achieved towards the second steady state.
Finally, it should be noted that the model does not predict the sharp increase of creep rate at very late
stage, which may refer to tertiary creep, because the model has not considered any damage accumulation.
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Figure 5. Refined predictions of creep rate vs time curves at (a) 600°C and (b) 650°C, taking into account
effect of solute drag and phase transformation but ignoring precipitation strength described in Equation 8.

CONCLUSION

The creep behaviour of solution-treated 316H stainless steels at 600°C and 650°C was evaluated using the
combined self-consistent model enhanced by phase transformation and solute drag. The general trend of
the multiple minimum creep rates or multiple secondary stages observed in creep rate vs time curves was
captured by the model and correlated with the evolution of microstructural state. Understanding the effect
of thermal solute drag and phase transformation on the creep behaviour of the solution-treated material at
elevated temperatures is beneficial to the assessment of the evolution of materials internal state and
enables physical modelling for a broader range of stress and temperature in the future.
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