
ABSTRACT 

MINEART, KENNETH. Utilization of Network-Forming Block Copolymers and Ionomers 

in the Development of Novel Nanostructures and Responsive Media. (Under the direction of 

Dr. Richard J. Spontak). 

 

Network forming block copolymers, i.e. thermoplastic elastomers (TPEs), are one of the 

highest commodity forms of block copolymers due to their competitive elasticity and 

extendability as well as their ability to be melt and solution processed. TPEs owe many of 

their advantages to a combination of hard and soft blocks. The soft blocks, which must be 

covalently bound at both ends to hard blocks, connect adjacent hard domains resulting in 

physically cross-linked systems. Herein, simulations and theory are used to provide a 

molecular-level depiction of the evolution from diblock copolymers, which do not contain 

the ability to form physical cross-links, to network forming triblock copolymers. In addition, 

systems with high interblock incompatibility that are within the diblock-to-triblock transition 

(i.e. having high molecular asymmetry) are identified to form three component (ABC 

triblock copolymer) phases from copolymer containing only two chemically distinct blocks. 

Following this work, which emphasizes the fundamental principle of TPEs, the dissertation 

shifts focus to physically- and chemically-modified triblock and pentablock copolymer TPEs. 

Recent progress has sought to broaden TPEs to include properties that are above and 

beyond their inherent mechanical benefits, including responsiveness to external stimuli. The 

first examples presented here consist of TPEs prepared in combination with amorphous 

hydrocarbon additives to yield TPE gels (TPEGs). The resulting TPEGs, which maintain the 

beneficial processing properties of TPEs, are subsequently molded into 1- and 2-D arrays of 

microchannels that are filled with liquid metal. The final devices exhibit strain-sensitive 

electrical conductivity to at least 600% strain, have tunable compliance (ease of stretching), 



and are fully recyclable. The substitution of the amorphous hydrocarbon component for 

crystalline analogues with melting points <100 °C yield TPE composites (TPECs). The 

TPECs gain the added capability of thermally-triggered shape-memory actuation, which 

results in a number of design possibilities including: (i) multiple-transition shape-memory in 

single a composite, (ii ) complex actuation in laminates and, (iii ) thermally-responsive 

electrical conductivity in microchannel-molded composites filled with liquid metal. These 

shape-memory TPECs can also be tuned to have different shape-memory response rates 

through the addition of an amorphous hydrocarbon tackifier, which serves to dilute the 

crystalline content without altering TPE concentration. The second set of functionalized 

TPEs examined are midblock-sulfonated block copolymers, which have substantial ion and 

water transport abilities, but are often restricted in thermal processability. The casting 

solvent-dependent morphology of a midblock sulfonated pentablock copolymer highlights 

the impact of solvent templating on resulting film domain structures. It is shown that film 

deposition from a miscible mixture of toluene and isopropanol (TIPA) leads to spherical 

sulfonated domains within a nonpolar matrix whereas deposition from neat tetrahydrofuran 

(THF) produces a combination of lamellar and hexagonally-pack cylinder nanostructures. 

These morphologies can both be converted to the anticipated equilibrium morphology, 

alternating lamellae, using THF vapor-annealing. Further, the morphology resulting from 

each solvent-casting approach impacts the rate and overall capacity at which films absorb 

water. Specifically, THF-cast copolymers swell faster and to a greater extent. However, some 

intrigue lies in the transformation of the TIPA-cast copolymer upon swelling, which yields 

disordered, but continuous, hydrophilic domains. The disordered morphology outperforms 

ordered analogues in solar simulation experiments indicating higher ion conductivity.  
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CHAPTER 1 

The Thermoplastic Elastomer Revolution: 

Functionality and Responsiveness 

 

 

 

Abstract 

 

The discovery of thermoplastic elastomers (TPEs) provided the beneficial mechanical 

properties of conventional, covalently cross-linked elastomers combined with the melt and 

solution processability of thermoplastics. Examples of this class of materials initially 

included segmented copolyurethanes and copolymers, but have since evolved to include an 

endless number of blocky copolymers that contain hard and soft units along the backbone. 

Traditional TPE exploration was mostly targeted at utilizing their mechanical benefits in 

fibers and textiles. However, their use has since evolved to include a number of useful and 

intriguing functionalities that have revolutionized their existence. Herein, the subclass of 

ABA triblock copolymer TPEs, in which the A endblocks are hard (crystalline or glassy) and 

the B midblock is soft, and their gels (TPEGs) and composites (TPECs) are of focus. The 

coverage provided is not meant to serve as a comprehensive review of the current literature, 

but rather to highlight vast range of properties achievable in ABA triblock copolymer TPEs. 

Covered functionalities include optical, thermal, and electrical responsiveness, electric and 

ionic conductivity, material transport, and environmental-friendliness. 
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1.1. Introduction 

Thermoplastic elastomers (TPEs) began their history as prevalent materials in the mid-

20
th
 century when scientists at ICI and Du Pont were independently working on condensation 

copolymers (i.e. copolyesters and copolyurethanes) and discovered that their products had 

relatively high achievable strain, elasticity, and toughness.
1
 The ñvirtually cross-linkedò

2
 

materials found nearly immediate success in the fiber industry under trademarks, such as 

Lycra
®
, but the nanoscale infrastructure accounting for their mechanical properties was not 

entirely understood. The identity of the utilized copolymers led many to believe that it may 

be related to their polarity or hydrogen bonding.
3
 However, it was eventually proven that 

TPEs owe their array of beneficial properties simply to the presence of hard and soft 

segments along the polymer backbone.
4
 It was the same study that introduced the first, 

entirely nonpolar TPE, [styrene-b-butadiene-b-styrene] (SBS), into the discussion. This 

expanded the number of possible TPEs to a nearly endless list of hard and soft segment 

combinations. Eventually, a complete description of the hard and soft segment roles within 

the TPE infrastructure was pieced together and has since become unanimously accepted. 

1.1.1. TPE Fundamentals 

As mentioned, it is the hard and soft segmented molecular architecture of TPEs, which 

can alternatively be termed as blocky, that plays the key role in their final properties. The 

blocky units inherently segregate into hard and soft domains providing a network of 

mechanically-robust, physical (i.e. non-covalent) cross-links interconnected by soft, liquid-

like connections.
5
 This phenomenon can most easily be described further using an ABA 

triblock copolymer, which is defined by its chemically identical endblocks and dissimilar 
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midblock. The endblocks, which must be the hard component, form the aforementioned 

physical cross-links by segregating from the soft segments via crystallization or 

thermodynamic demixing followed by vitrification.
6
 The soft, liquid-like midblocks are 

tethered at both ends to the hard A-rich domains due to the interblock covalent linkages 

resulting in two possible chain conformations. Chains that connect two separate A-rich 

domains are deemed bridges and account for much of the TPE elasticity.
7,8

 Alternatively, 

chains that are bound at both ends to the same A-rich domain are called loops (Figure 1.1a), 

and can also contribute to elasticity and strength through entanglement and interlocking with 

other chains due to the high midblock concentration in the B-rich domain.
9
 Comparison with 

AB diblock chain conformations further solidifies the concept of physical cross-linking in 

ABA triblock copolymers. The absence of a second hard, A block yields B blocks that are 

tethered at a single end providing no connection between the hard domains (Figure 1.1b). 

This key difference has been confirmed to be the major cause of the significantly higher 

elasticity and extendability in triblock TPEs.
10

 In fact, studies by Spontak et al.
11ï14

 on 

asymmetric A1BA2 triblock copolymers with progressively longer A2 blocks show that 

triblock like behavior, which is exhibited above a critical A2 block length, accounts for the 

precipitous mechanical gains of triblock copolymers. The ABA triblock copolymer 

description of a physically cross-linked network can now be easily expanded to include 

copolymers containing increasing numbers of blocks. The additional blocks continue to 

segregate into hard and soft domains with the hard blocks forming the physical cross-links 

and the soft blocks exhibiting looping and bridging conformations.
15
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The addition of solvents, homopolymers, particles, or other components to TPEs can 

have a variety of desired impacts without destroying their physically cross-linked networks. 

As will be made more clear below, care must be taken when these various additives are 

included such that the hard, endblock domains do not become plasticized. For example, 

incorporation of a soft block selective solvent yields a TPE gel (TPEG) with tunable 

mechanical properties based on the composition of solvent in the TPEG.
16ï18

 The selectivity 

of the solvent leads to its exclusive segregation in the soft domains and leaves the vital hard 

domain cross-links entirely unaffected.
19

 Hard additives such as metallic nanoparticles may 

also be incorporated into TPEs, but can have the capability to reside anywhere within the 

mechanical infrastructure as long as the hard block domains are not mechanically 

compromised.
20,21

 Blends of TPEs with hard additives will be referred to henceforth as TPE 

composites (TPECs). 

It is clear that the number of possible TPEs, TPEGs, and TPECs are exponential due to 

the possible hard and soft segment combinations, as well as the variety of potential additives. 

The copolymer architecture, which can vary from three to ~10 blocks
22

 and can be made 

more complex through the use of graft
23

 and mikto-arm star
24

 geometries, can moreover 

effect the final properties. In order to maintain a reasonable scope, functionality imparted to 

ABA triblock and ABCBA pentablock copolymer TPEs and their corresponding gels and 

composites are the focus of this review. 

1.1.2. Block Copolymer Self-Assembly 

The segregation of ABA triblock copolymers into hard A-rich and soft B-rich domains 

not only produces a physically cross-linked network, but also results in well-ordered, 
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nanoscale features.
25

 The force that drives demixing in these systems and contributes to the 

specific morphological features formed is the interblock thermodynamic incompatibility, 

which is commonly described by the product ɢN where ɢ is the Flory-Huggins interaction 

parameter between the blocks and N is the statistical number of repeat units per polymer 

chain.
26

 Nearly all A-B block pairs present in TPEs exhibit sufficiently high ɢN to provide 

segregation of the blocks and produce ordered nanoscale domains.
27

 The resultant domain 

morphology, however, is also significantly dependent on the fraction of each block (fA and fB 

[=1-fA]). Upon increasing fA from a low value, the copolymer equilibrium self-assembly 

transitions from A-rich spheres on a BCC-lattice within a B-rich matrix to hexagonally-

packed A-rich cylinders within a B-rich matrix to the bicontinuous gyroid and finally to 

alternating lamellae when fAŸ0.5.
28

 Following the crossover of fA to the majority fraction, 

the same morphological progression occurs in the reverse order and with B-rich spheres and 

cylinders residing in an A-rich matrix (Figure 1.2). The morphology can further be altered 

through the incorporation of a single
29

 or multiple
30,31

 endblock- or midblock-selective 

additives that swell their inclusive domains altering the effective fractions of the blocks and 

thus changing the morphology accordingly. 

The inclusion of an additional dissimilar block, as in ABCBA pentablock copolymers, 

results in a greatly expanded realm of nanoscale structures.
32

 Those reported so far include 

combinations of the morphologies present in ABA triblock copolymers (e.g. spheres and 

cylinders within lamellae
33,34

) and entirely novel morphologies (e.g. the knitting pattern
35

 and 

helix-wrapped cylinders
36

). These structures likewise depend on the copolymer 

thermodynamic incompatibility and block fractions; however, the presence of three unique 
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blocks requires more independent variables to define the system (ɢAB, ɢBC, ɢAC, fA, and fB). 

Therefore, less design formalisms have been calculated or experimentally produced for the 

morphological transitions in ABCBA pentablock copolymers, though this factor has not 

inhibited their exploration as functional TPEs. 

 

1.2. Functional TPE Progress 

Progress made on TPEs, TPEGs, and TPECs in the 21st century has shifted a significant 

focus to their broad functionality, which is accessed through means of novel TPE synthesis, 

gel and blend formulation, and combinations thereof. TPE-based material advancement 

includes optical, thermal, and electrical responsiveness, electrical and ionic conductivity, 

material transport, and environmentally friendly synthesis and decomposition. Recent 

literature highlighting each of these functional areas will be presented below. 

1.2.1. Optical Functionality 

Amorphous TPEs and TPEGs are generally transparent and colorless in the UV and 

visible wavelength range of the light spectrum due to their nanoscale domain sizes and 

minimal light absorbing chemistries. This proves beneficial in a number of circumstances 

where they serve as passive media through which high light transmittance is desired. For 

example, attempts to track the fluorescence of labeled nucleic acids within microfluidic 

channels constructed of poly[styrene-b-(ethylene-co-butylene)-b-styrene] (SEBS) TPE
37

 and 

SEBS/mineral oil TPEGs
38

 have proven successful. More interestingly, light responsive and 

color emitting chemistries can be incorporated into TPEs via synthetic means giving them 

novel characteristics. 
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The most popular path to light triggered response is incorporation of the liquid crystalline 

mesogen azobenzene. The azobenzene group isomerizes from trans to cis upon exposure to 

UV radiation, which consequently causes polymers containing it to decrease in liquid 

crystalline ordering from nematic to isotropic. A number of studies have synthesized TPEs 

with side-chain azobenzene covalently bound
39ï43

 or ionically complexed
44

 to the hard 

endblocks, while few others have sought liquid crystal mesogen functionalization in the soft 

midblock
45,46

. These studies have shown a number of responses due to the isomerization of 

the mesogen. The visible light absorption of the azobenzene-containing TPEs undergo a 

blueshift and/or a decrease in the visible light absorption of the molecules depending on the 

group at the terminal end of the azobenzene mesogen.
41

 The triggered isomerization has also 

been concluded to induce block copolymer morphological transitions due to a change in the 

volume occupied by the mesogen-containing blocks, which stems from the decrease in liquid 

crystalline ordering.
42

 Further, the change in domain volume can macroscopically translate to 

a strain response up to 3% and is reversible upon cycling the UV exposure on and off.
46

 

Similar TPEC photo-actuating devices have been produced from surface-modified carbon 

nanotubes present in conventional
47

 and novel
48

 TPEs. The case in which the nanotubes 

preferentially segregate into the soft domains provided more stable actuators due to the 

minimal disruption of the physical cross-links. The stable devices were shown to have 

tunable strain actuation based on the intensity of a red laser used for irradiation due to the 

carbon nanotube capacity to convert the light to heat, and thus relax strain-oriented polymer 

chains in their vicinity. Moreover, the optimal composite actuated uni-axially up to 4.5% 

strain.   
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Alternatively, materials that change their optical properties upon other stimuli have 

focused on mechanochromic responses (i.e. appearance change due to mechanical stimulus). 

One example
49

 does so by synthesizing a poly[styrene-b-(n-butyl acrylate)-b-styrene] 

triblock copolymer containing a single spiropyran (SP) functional group in the center of the 

midblock. The SP groupôs weak spiro carbon-oxygen bond can be mechanically broken 

under sample strain to convert the yellowish precursor to its ring opened form, merocyanine 

(MC), which exhibits a purplish color (Figure 1.3). A second case
50

 incorporates 

hydrocarbon-coated gold nanorods into SBS. Initially, the random orientation of gold 

nanorods results in polarization independent absorption of near infrared (NIR) light. 

However, upon straining the sample up to 400% the nanorods align causing the NIR 

absorption to be highly polarization dependent. The high elasticity of the SBS and minimal 

diffusion of gold nanorods makes the alignment reversible by simply cycling the induced 

strain. 

1.2.2. Thermal Responsiveness 

Materials with a thermomechanical response (e.g. thermal shape-memory polymers 

[tSMPs]) are by no means a new development, but the use of TPEs in such actuators has 

made significant progress recently. This is especially exciting due to their higher elasticity 

and extendability compared with existing tSMP devices. The driving principle behind all 

tSMP devices is the coexistence of a temporary and permanent network.
51

 Upon heating, the 

temporary network transitions through a phase change (e.g. melting of crystalline domains), 

and consequently causes any temporary deformation to be released through geometric 

actuation. In the case of TPE tSMPs, the permanent network is nearly always provided by the 
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physical cross-links formed by the hard blocks. The temporary network(s), on the other hand, 

must be located outside of the physical cross-links and have been formulated by various 

routes. 

The first TPE applied in a tSMP varied only slightly in structure from conventional SBS. 

The polybutadiene midblock was polymerized under controlled conditions such that it was 

mostly present (80-95%) in the trans-1,4 isomer form, and therefore crystallizes at Tmå40-65 

°C.
52

 The elastic TPE network maintains structural integrity even when the polybutadiene is 

molten, and the reversibility of the polybutadiene melting can lock in rigid temporary shapes 

that are recovered simply by melting and allowing the TPE network to snap back to its 

permanent shape. One main limitation of crystalline SBS tSMPs is the small temperature 

range at which they can be operated (between polybutadiene Tm and polystyrene Tgå95 ÁC). 

Synthetically designed TPEs, such as poly[(2-methyl-2-oxazoline)-b-(tetramethylene oxide)-

b-(2-methyl-2-oxazoline)], have greatly widened the operating range to span from å25 ÁC to 

130 °C.
53

 Other bulk TPE systems have sought specialty thermomechanical responses that do 

not require induced deformation. One example involves a telechelic TPE with a midblock 

composed of main-chain azobenzene groups that form a similar nematic phase to those 

discussed in the previous section.
54

 Much like UV irradiation, the addition of thermal energy 

causes a transition from the nematic liquid crystalline phase to an isotropic state subsequently 

resulting in macro-scale actuation, which is reversible upon cooling. 

An alternative approach physically, rather than chemically, alters TPE systems by adding 

other, midblock-selective components that act as the temporary network. The addition of 

various hydrocarbon waxes to SEBS
55ï57

 and polycaprolactone (PCL) to midblock-maleated 
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SEBS
57,58

 result in similar actuating materials to those described above. However, these 

materials have the additional advantage of enabling multiple shape memory in a single 

TPEC. This is accomplished through judicious selection of hydrocarbon waxes such that the 

melting points are far enough apart that co-crystallization is avoided and therefore multiple 

temporary networks are present. These TPE blends have been shown to exhibit triple (Figure 

1.4) and even quadruple shape memory behavior with high fixity of the temporary shapes 

and high recovery of the permanent shape.
55,56

 

1.2.3. Electro-Actuation 

Their soft, elastomeric characteristics make TPEs good potential candidates for 

electrically-induced actuators. The two main classes, which have both been explored with 

TPEs, TPEGs, and TPECs, are dielectric elastomers (DEs) and ionic polymer-metal 

composites (IPMCs). The principle behind DEs is the electrostatic attraction that occurs 

when a voltage is applied between oppositely charged electrodes on either surface of the 

elastomer film. The electrode-electrode attraction creates a compressive stress on the film 

that drives the two surfaces together and consequently causes expansion in the lateral 

direction.
59

 The first thrust of TPEs as DEs focused on reducing their compressive modulus 

to maximize areal actuation strain. The mechanical tailorability afforded in TPEGs wherein 

variation of the copolymer composition directly relates to the modulus is perfect for 

addressing the task. In fact, a number of reports
60ï65

 have combined SEBS with midblock 

selective mineral oil and achieved tunable control over the electric field response rate and 

maximum areal actuation based on the gel composition (Figure 1.5). The best of these cases, 

5/95 wt/wt SEBS/mineral oil, obtained massive areal actuations of å250% and å20% strain 
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with and without prestrain, respectively. The next advances came from attempts to create a 

higher dielectric medium, which theoretically translates to a stronger electric field across the 

film at constant applied voltage. These attempts include utilization of polar TPEs such as 

maleated-SEBS
65

 and various all-acrylic TPEs (e.g. poly[(methyl methacrylate)-b-(n-butyl 

acrylate)-b-(methyl methacrylate)] (MBM))
64,66ï68

, as well as polar additives like di-octyl 

phthalate (DOP)
67

, dibutyl sebacate (DBS) and oligomeric poly(n-butyl acrylate)
69

. The most 

promising example of which (45/55 wt/wt MBM/DOP) extended the highest achieved 

prestrain-free areal actuation in TPEs to å120%.
64,67

 

Alternatively, IPMCs actuate under applied voltage due to the diffusion of charged 

components from the bulk towards the oppositely charged electrode causing an anisotropic 

material gradient across the film. This phenomenon results in macroscopic bending towards 

the repulsive electrode.
70

 The application of TPEs in IPMCs requires the presence of ionic 

components that will preferentially diffuse towards one of the charged electrodes on either 

surface of the film. The first examples of TPE IPMCs utilized modified SEBS that was 

ionically charged through endblock-sulfonation (sSEBS) and prepared both neat
71

 and with 

carbonaceous fillers
72,73

. The studies conclude that higher actuation (200% increase) and 

more mechanically robust IPMC devices are obtained if composites are fabricated as opposed 

to those of only sSEBS. Alternative approaches have placed the ionic charge in the TPE 

midblock (e.g. polymerized ionic liquid
74

 or ionic liquid-swollen poly[methyl methacrylate]
75

 

both capped with polystyrene endblocks) enabling the copolymer to be further swollen in 

polar or ionic solvents without loss of mechanical stability. These examples result in higher 

ion content and more mobility within the bulk film, but comparison to previous attempts is 
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difficult due to inconsistencies in the experimental approach (i.e. absence of a normalized 

measurement of actuation). The most recent set of studies has utilized a midblock sulfonated 

pentablock copolymer, Nexar
®
, in combination with a number of solvents and fillers. 

Successful examples include incorporation of midblock-selective sulfonated 

montmorillonite
76

 and ionic liquid
77,78

. Other instances incorporate ethylene glycol and 

glycerol into Li
+
-exchanged Nexar

®64,79
 resulting in a lower ionic concentration and 

consequently a slower response, but with one of the highest overall actuations ever captured 

for an IPMC (Figure 1.6). 

1.2.4. Conductivity & Transport 

Electrical conductivity has been imparted into normally insulating TPEs through the 

incorporation of conductive nano-fillers. In this thrust, conductive TPECs have been 

produced from carbon nanotube/SBS mixtures prepared by melt extrusion
80

 and 

hydrocarbon-functionalized polyaniline (hPANI)/SEBS mixtures through solvent casting
81,82

. 

Carbon nanotube/SBS composite conductivities were shown to relate directly to their degree 

of uniaxial deformation, whereas hPANI/SEBS composite conductivities were related to 

compressive stress. Therefore, either composite could successfully serve as an electric strain 

sensor. Additional paths to electric strain sensors rely on the facile processability of TPEs 

and TPEGs to create microchannels in molded films or extruded fibers
83

 followed by filling 

with a liquid metal. These devices have shown electrical continuity up to high as 600-700% 

strain
83,84

 (Figure 1.7). 

Conversely, TPEs and TPEGs have been tailored for ionic conductivity on the molecular 

scale. As discussed previously, the sulfonation of the styrenic endblocks of classic SEBS-
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type TPEs has been accomplished on multiple occasions.
85,86

 The presence of bound ïSO3
-
 

groups provide promising potential for operation as proton and lithium exchange 

membranes.
87,88

 For example, highly endblock-sulfonated poly[styrene-b-isobutylene-b-

styrene] (sSIBS) achieves proton conductivity of ~0.1 S/cm.
89

 The placement of positively 

charged endblock repeat units, such as quaternized vinylpyridine
90,91

 and polystyrene
92,93

, 

have alternatively shown promise for anion exchange and direct-methanol fuel cell 

membranes due to their bound tetra-substituent N
+ 

groups. However, endblock-ionic TPE 

membranes are not structurally-sound upon exposure to polar liquid environments, as in fuel 

cells, due to compromised physical cross-links. A large amount of recent progress has 

focused on shifting similar functional groups to the midblock of TPEs. The simplest 

approach to this goal is to move sulfonated styrene to the midblock and replace the endblocks 

with ionophobic blocks such as certain acrylics
94,95

 or further substituted styrene (e.g. para-

tert-butyl styrene).
96

 The same solution has been applied to quaternized styrene wherein 

acrylic endblocks were utilized.
97

 A second possible route to achieve ionically-functionalized 

midblocks is to leave the traditional styrenic endblocks and ionize softer midblock groups. 

Examples of this route include sulfonating butadiene units in SBS
98

, quaternizing butadiene 

units in SBS
99

, and fully replacing conventional midblocks with polymerized ionic 

liquids
74,100

. The midblock approach has been shown to enhance the mechanical shortcoming 

of endblock-ionic TPEs and maintain comparable conductivity at similar sulfonation levels.
97

 

Alternative midblock ion incorporation has been realized through mixing ionic liquids with 

neutral, ionphilic midblocks such as poly(ethylene oxide)
101,102

 and poly(acrylates)
103

 to form 

ion-gels. However, these materials have a å10-100x decrease in proton conductivity. 
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Application of TPEs with high ionic conductivity extends beyond the realm of cation and 

anionic fuel cell membranes. The incorporation of dye molecules into conductive TPEGs has 

also resulted in competitive solar cell electrolytes. For example, TPEGs composed of 

poly[styrene-b-(ethylene oxide)-b-styrene] (SOS)/ionic liquid
104

 and Nexar®/H2O
105,106

, each 

containing Ru
2+

-based dye, have achieved solar efficiencies of å2.5% and å7.0%, 

respectively (Figure 1.8a). The thermodynamic gel-stability of these TPEGs also greatly 

enhances their operational lifetime (Figure 1.8b) as compared to liquid-based electrolytes, 

which have a tendency to dissolve or degrade the cell sealant and leach into the environment 

over time.
104

 

The production of polar and ionic TPEs and TPEGs also translates to intriguing material 

transport properties due to their favorable interactions with polar molecules and salts. The 

midblock sulfonated pentablock TPE, Nexar
®
, has proven especially promising in this regard 

as indicated by water vapor transmission rate measurements as high as 20-25 

kg/m
2
/day

107,108
. The same material also competes with non-TPEs as a water desalination 

membrane due to the high water affinity.
109ï112

 Other systems, such as bulk SOS
113

, SOS 

blended with poly[ethylene glycol]
113

, and SOS/ionic liquid TPEGs 
114

 present a high affinity 

for CO2 gas over H2, which enables their consideration as reverse-selective gas membranes. 

1.2.5. Environmentally Responsible 

While renewably-sourced and biodegradable materials do not currently exude 

responsiveness to conventional stimuli, it may be argued that their capacity to be produced 

independent of fossil fuel resources and their ability to degrade under hydrolytic conditions 
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(H2O, pH 7.4, T=37 °C) are invaluable functionalities. Most importantly, these attributes 

support the current green direction that research and industry are moving towards.
27

 

The biggest effort in the synthesis of renewably-resourced TPEs has focused on the use 

of both crystalline and glassy polylactide (PLA) endblocks. The initial studies combined 

PLA endblocks with conventional midblocks including polyisobutylene
115

, poly(dimethyl 

siloxane)
116

, and polyisoprene
117,118

. The latter case, which was the only one tested for 

mechanical properties, indicated elasticity and elongation (up to 600%
118

) reminiscent of 

conventional TPEs. However, each of these examples utilizes renewable-resource monomers 

for only a portion of the copolymer. Other works have replaced the midblock with renewable 

derivatives to create entirely biorenewable TPE options (Figure 1.9).
119ï125

 Of these, 

Hillmyer et al.
124

 showed that entirely amorphous PLA-b-polymenthide-b-PLA (PLA-PM-

PLA) has reasonable potential as a pressure-sensitive adhesive, which is a frequent 

application for TPEs. Mechanical data from these studies further support the goal that 

renewable TPEs closely imitate their conventional analogs (e.g. high extendability [~1000%] 

and sufficient Youngôs modulus and ultimate strength), but they are limited in comparisons 

regarding thermal aspects (e.g. crystalline PLAôs susceptibility to thermal history and 

amorphous PLAôs relatively low Tgå60 ÁC). More recently, other endblock options have built 

upon these results by replacing PLA with glassy, higher-Tg alternatives that more closely 

resemble polystyrene in molecular structure and thermomechanical properties.
126-128

 Entirely 

biorenewable itaconic acid derivatives have similarly been investigated as renewably-sourced 

acrylic triblock TPEs (Figure 1.9).
129
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One added benefit of synthesizing TPEs using renewable monomers is that the products 

typically have a higher rate and quantity of environmental degradation compared with 

conventional analogs; the degradation products also have a less negative impact on the 

environment. Glassy, as opposed to crystalline endblock domains are especially important for 

degradation due to their markedly lower diffusional barriers to small molecules.
122

 Two of 

the renewable-resourced TPEs discussed above
122,130

 have been shown to have rapid 

hydrolytic degradation as evidenced by a significant decrease in molecular weight (å30-50% 

decrease) and a reasonable decrease in sustained mass (å20% decrease) in only 10-20 wks. 

Hillmyer et al.
122

 further postulate that increasing the TPE hydrophilicity may lead to even 

quicker and more complete degradation due to increased water presence in the copolymer. 

 

1.3. Summary 

Thermoplastic elastomers got their start as segmented copolyesters and copolyurethanes 

and were initially developed mostly as fibers and textiles. The discovery of the first entirely 

nonpolar copolymer with only three blocks, which exhibited a very similar response to 

previous cases, brought fundamental understanding and enabled a nearly infinite list of 

potential TPEs. The capability of the many TPE possibilities has only just begun to come to 

fruition in the form of functional and responsive TPEs, as well as TPE-based gels, blends, 

and composites. Examples of some of these developments include the addition of a 

mechanical response to optical (UV irradiation), thermal, and electrical stimuli. Additionally, 

TPE-based materials with a mechanochromic (color change from mechanical deformation) 

response have been synthesized. Aside from responsiveness, electric and ionic conductivity 
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have been incorporated into TPEs and their derivatives through macroscopic (liquid metal-

filled microchannels), mesoscopic (gels and composites of TPEs with conductive additives), 

and molecular-level (ionically and covalently bound conductive groups) pathways. The 

resulting devices and materials are applicable as extreme-strain sensors (in the case of 

electric conductivity) and competitive as ion-exchange membranes (in the case of ionic 

conductivity). Finally, TPE synthesis utilizing renewably-resourced materials and their 

subsequent post-use biodegradability have gaining increased attention in trend with the green 

initiative of the entire chemicals industry. It is anticipated that these advances will serve two 

main platforms moving forward: (i) the feasibility of scaling up functionalized TPE-based 

materials will lead to their commercialization and (ii) more complex functionalization (e.g. 

multi-stimuli responses in a single material or stimulus-based electric/ionic conductivity 

change) will be obtained. 
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Figure 1.1. Schematics indicating the molecular conformation of block copolymer chains in 

an ABA triblock copolymer (a) and an AB diblock copolymer (b). The A and B blocks are 

indicated by blue and green beads, respectively, and A-rich and B-rich domains are 

correspondingly colored. In addition, examples of loop and bridge conformations within the 

ABA triblock schematic are provided. 
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Figure 1.2. An ABA triblock copolymer phase diagram reproduced from 
28

 where S, CYL, 

G, and LAM represent the body-centered cubic sphere, hexagonally-packed cylinder, gyroid, 

and lamellar morphologies. Depictions of the corresponding classical morphologies are also 

included.  

S CYL LAM
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Figure 1.3. Mechanochromic response of poly[styrene-b-n-butyl acrylate-b-styrene] (PS-

PnBA-PS) TPE with a single spiropyran (SP) at the center of each chain. The ring-opening 

reaction of SP to merocyanine (MC), which occurs upon strain (Ů) and is responsible for the 

color change, is also included. This figure was adapted from 
49

. 
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Figure 1.4. The triple shape memory behavior achieved by 
56

 using a poly[styrene-b-

(ethylene-co-propylene)-b-styrene] (SEBS) TPE in combination with two waxes (Tm,1 = 

32°C, Tm,2 å 61ÁC). The sample was heated to T > Tm,2 > Tm,1 (a) where it was twisted a half 

turn, cooled to Tm,2 > T > Tm,1 (b) where it was twisted another half turn, and then cooled to 

Tm,2 > Tm,1 > T (c). Each half twist is then recovered individually by heating to the same 

incremental temperatures without any applied stress (d,e). This figure was adapted from 
56

. 
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Figure 1.5. Areal actuation response of SEBS/mineral oil TPEGs as a function of applied 

electric field for various gel compositions (a) including points that correspond to the images 

in (b) and (c). This figure was adapted from 
62

. 
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Figure 1.6. Subsequent, overlaid images of an IPMC (under 7 V applied voltage) fabricated 

from a midblock sulfonated pentablock copolymer, Nexar
®
, ion exchanged to contain Li

+
 and 

swollen in glycerol (a) and corresponding actuation rate data (where L/R is the ratio of the 

IPMC length to its radius of curvature) for varoius applied voltages (b) where the blue data 

are from the image set in (a). This figure was adapted from 
64

. 
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Figure 1.7. Images of a SEBS extruded hollow fiber subsequently filled with liquid metal at 

0% (a) and 900% (b) uniaxial strain, as well as normalized resistance data (R/R0 where R and 

R0 are the resistances at a given strain and at 0% strain, respectively) as a function of strain 

(c) for a molded microchannel (Ǐ)
84

 and an extruded fiber (ƺ)
83

 each subsequently filled with 

liquid metal. Images were adapted from 
83

. 
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Figure 1.8. Photocurrent-density as a function of voltage for Ru
2+

-dyed TPEGs: 

poly[styrene-b-(ethylene oxide)-b-styrene]/ionic liquid (SOS/IL) and Nexar
®
/H2O (a), and a 

comparison of the stability in solar cell efficiency (ɖ) between SOS/IL and its pure-IL analog 

(b). Data were adapted from 
104,106

. The inset in (a) indicates the construction of a TPE-based 

solar cell, adapted from 
105

, wherein the layers from top to bottom are: FTO-coated glass 

(orange), dye-containing ionic-TPEG (green), poly[dimethyl siloxane] spacer (transparent), 

and Platinum-electrode (silver). 
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Figure 1.9. Block chemistries used in constructing TPEs from renewable resources where 

blue and green indicate endblock and midblock polymers, respectively. The acronyms and 

sources for each polymer are as follows: polylactide (PLA)
115ï125,129

, poly[Ŭ-methylene-ɔ-

butyrolactone] (PMBL)
126
, poly[Ŭ-methyl,para-methyl-styrene] (PAMMS)

127
, poly[N-

phenylitaconimide] (PPHII)
128

, poly[3-(R)-hydroxybutyrate] (PHB)
119

, poly[1,3-trimethylene 

carbonate] (PTMC)
120,129

, polymenthide (PM)
121ï124,126

, poly[myrcene] (PMYR)
127

, poly[6-

methyl-Ů-caprolactone] (PMCL)
125

, and poly[dibutyl itoconate] (PDBI)
128
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CHAPTER 2 

Molecular-Level Insights into Asymmetric Triblock Copolymers: 

Network and Phase Development*  

 

 

Abstract 

 

Molecularly asymmetric triblock copolymers progressively grown from a parent diblock 

copolymer can be used to elucidate the phase and property transformation from diblock to 

network-forming triblock copolymer. In this study, we use several theoretical formalisms and 

simulation methods to examine the molecular-level characteristics accompanying this 

transformation, and show that reported macroscopic-level transitions correspond to the onset 

of an equilibrium network. Midblock conformational fractions and copolymer morphologies 

are provided as functions of copolymer composition and temperature. 

 

 

 

 

 

 

 

 

*This chapter has been published in its entirety: 

S. S. Tallury, K. P. Mineart , S. Woloszczuk, D. N. Williams, R. B. Thompson, M. A. Pasquinelli, 

M. Banaszak, R. J. Spontak. J. Chem. Phys. 2014, 141, 121103.  
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2.1. Introduction 

Block copolymers remain one of the most extensively studied genres of macromolecules 

to date due to their intrinsic ability to (i) self-organize spontaneously into a wide variety of 

periodic nanostructures
1,2

 and (ii ) compatibilize immiscible polymers,
3,4

 as well as stabilize 

polymer nanolaminates,
5,6

 by locating at polymer/polymer interfaces. These intriguing soft 

materials can likewise form molecular and supramolecular networks upon microphase 

separation. Molecular networks develop in multiblock copolymers possessing at least one 

midblock capable of spanning between, and physically connecting, neighboring 

microdomains, whereas supramolecular networks are nanostructural motifs that can be 

described as connected microdomain channels,
7-9

 which frequently yield bicontinuous 

morphologies.
10

 In this study, we only consider molecular networks created by microphase-

ordered ABA triblock copolymers with glassy endblocks and a rubbery midblock 

(generically regarded as thermoplastic elastomers
11

). Due to their highly elastic molecular 

network, ABA copolymer systems are ubiquitous in a wide range of contemporary 

technologies requiring, for example, highly stretchable wires for flexible electronics,
12

 

nanostructured membranes for fuel cells,
13

 micromolded substrates for microfluidics,
14

 high 

permittivity nanocomposites for sensors,
15

 and energy-efficient dielectric elastomers for 

actuators and energy-harvesting media.
16-18

 Here, we seek to follow the transition from 

diblock copolymers, a soft materials archetype responsible for elucidating the mechanism of 

molecular self assembly, to triblock copolymers, another soft materials archetype in which 

molecular architecture enables network formation and imparts valuable macroscopic 

properties. 
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Independent experimental
19,20

 and theoretical
21-23

 investigations have long sought to 

correlate the fraction of midblock bridging with bulk mechanical properties in molecularly 

symmetric copolymers (with A-endblocks of equal repeat unit number, NA) in the melt, as 

well as in the presence of a selective solvents.
24

 In this case, each copolymer molecule can be 

classified as either a bridge (each endblock resides in a different microdomain), a loop (both 

endblocks are located within the same microdomain), a dangle (one endblock sits in a 

microdomain while the other remains in the B-rich matrix), or mixed (both endblocks are 

unsegregated and stay within the matrix). The classifications arising from microphase-

segregated chains are depicted in Figure 2.1a. To explore the transition from an AB diblock 

copolymer with a B tail tethered at a single junction to an ABA triblock copolymer with a B 

midblock tethered at both ends (to form a bridge or loop), Hamersky et al.
25

 have examined 

the phase behavior of A1BA2 triblock copolymers custom-synthesized from parent diblock 

copolymers so that NA1 Í NA2. Their results reveal that the order-disorder transition 

temperature (TODT) first decreases as the A2 block is initially grown and then increases upon 

further progression. Although several theoretical models have been proposed
26-28

 to explain 

the phase behavior of A1BA2 copolymers, the Mayes-Olvera de la Cruz (MOC) theory,
26

 

which extends earlier fluctuation theory,
29

 has been used, along with on-lattice Monte Carlo 

(MC) simulations,
30

 to quantitatively predict such unusual phase behavior.  

To relate molecular asymmetry to the distribution of A segments in the endblocks, we 

define Ű as NA1/(NA1 + NA2) and Ű
*
 as the asymmetry corresponding to the minimum in TODT. 

While variation in Ű also promotes differences in copolymer nanostructure and bulk 

properties,
31,32

 changes in midblock bridging with Ű have only been indirectly inferred thus 
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far. In this work, the MOC theory and self-consistent field theory (SCFT) are used in concert 

with both MC and dissipative particle dynamics (DPD) simulation methods to (i) discern the 

molecular origin of Ű
*
, as well as fundamental relationships between Ű, midblock 

conformations, and morphology, and (ii ) transcend earlier studies devoted exclusively to 

either diblock or triblock copolymers by establishing a molecular-level connection between 

these two important soft material archetypes. 

 

2.2. Methods 

Details of the MOC theory are provided in Ref.
 
26, whereas the SCFT employed here is 

based on the framework developed
22

 to predict the bridging fraction in molecularly 

symmetric A1BA2 triblock copolymers with NA1 = NA2 (Ű = ½). While DPD simulations have 

also focused on such copolymers,
33-35

 we extend such simulations to molecularly asymmetric 

triblock copolymer systems varying in Ű and containing 1000 molecules ranging in length up 

to 224 connected beads (each bead is ~0.33 kDa) by using the parameterization described in 

Ref. 36 and the Large-scale Atomic/Molecular Massively Parallel Simulator (LAMMPS) 

software suite.
37

 The interaction energy between segments i and j (i,j  = A or B) is designated 

as Ůij with ŮAA = ŮBB = 25kT and ŮAB varying from 35kT or 50kT, where k is the Boltzmann 

constant and T denotes absolute temperature.
38,39

 After equilibration at 100°C, we 

differentiate chain classifications by identifying how beads contribute to the copolymer 

morphology according to density-based shape-recognition algorithm,
36

 thereby avoiding 

oversimplifying assumptions due to strong segregation. The MC simulations utilize a 

cooperative motion algorithm performed on a faced-centered cubic lattice, as detailed 
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earlier.
30

 The simulation box size is chosen to fit the copolymer chain, and all lattice sites 

within the box are completely filled with chain segments (each ~1 kDa) so that the move-

ment of one segment necessitates the cooperative motion of other segments. Pairwise 

interaction energies are given by ŮAA = ŮBB = 0 and ŮAB = Ů = ɢkT/(z ï 2), where ɢ is the 

Flory-Huggins parameter and z (=12) is the coordination number. Each simulation is 

equilibrated at T
*
 (= kT/Ů), and parallel tempering

40
 overcomes local free energy minima at 

low T and long relaxation times. 

 

2.3. Results and Discussion 

The observed
25

 minimum in TODT at Ű
*
 as NA2 is increased (and Ű decreases from unity) 

can be interpreted in terms of a dilution effect: short A2 endblocks are insufficiently 

incompatible with B midblocks to microphase-separate and remain mixed in the midblock-

rich matrix. Inclusion of A2 endblocks in the matrix serves to reduce the effective 

thermodynamic incompatibility of the copolymer and, hence, TODT. When the A2 endblocks 

are long enough, they microphase-separate along with the A1 blocks as the incompatibility 

between A and B blocks (and TODT) increases. This trend is evident in Figure 2.1b, which 

displays predictions of Ű
*
 from the MOC theory as a function of the chemical composition of 

the parent AB copolymer (expressed as ɓ = NB/NA1). An increase in ɓ translates into higher 

copolymer incompatibility under isothermal conditions if NA1 is held constant. For 

copolymers with styrenic endblocks and an isoprenic midblock, Ű
*
 exhibits a lower limit at ɓ 

å 1.8, below which Ű
*
 cannot be discerned. To relate these predictions to chain classifications 

(i.e., midblock bridges, loops and dangles), we seek to discern the molecular origin of Ű
*
. 
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Following the concept proposed by Matsen,
28

 the initial reduction in TODT with decreasing Ű 

can be attributed to short A2 blocks remaining mixed as dangles within the B matrix due to a 

low enthalpic penalty relative to the associated entropic gain. As the A2 block is grown, a 

critical block mass is reached at which the enthalpic penalty promotes microphase separation 

of the A2 blocks and, thus, co-location of the A1 and A2 blocks with few remaining dangles. 

In this view, Ű
*
 corresponds to the transition at which each B midblock transforms into a 

bridge or loop.  

To develop a molecular-level picture of how this transition proceeds, we have conducted 

DPD simulations on a styrene-isoprene copolymer with a 9 kDa A1-block and a 45 kDa B-

block (referred to as 9-45-A2) to match an experimental system reported earlier.
25

 

Simulations results are analyzed
36

 to discern how the fractions of bridges (fB), loops (fL) and 

dangles (fD) vary with Ű. [Since unsegregated chains consistently account for only 2-3% of 

the chain populations, they are included in fD to avoid confusion, in which case fB + fL + fD = 

1.] The results presented in Figure 2.2a reveal that fB and fL both initially increase, while fD 

decreases, with decreasing Ű and then reach plateau levels. Gradual, rather than abrupt, 

increases in both fB and fL due to the initial growth of the A2 endblock indicates that the 

dispersed A-rich microdomains are surrounded by looped midblocks and loosely connected 

by bridges to form clusters.
24,41

 This picture of microdomain clustering fundamentally differs 

from the previous idea that midblock bridging occurs only when a critical A2 block mass is 

achieved. The transition at which fB and fL become independent of Ű is denoted ŰN and 

signifies the formation of a fully developed network. At Ű < ŰN, the population of dangles and 

mixed chains drops below å7%, whereas fB remains nearly constant at å0.67. From the 
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intersection of the regressed lines in Figure 2.2a, the cluster Ÿ network transition is 

estimated at ŰN å 0.78, which coincides with the value of Ű
*
 (=0.79) obtained by fitting MOC 

theoretical predictions to discrete experimental data.
25

 Such agreement is consistent with the 

notion that the onset of network formation, and not the onset of molecular bridging, is 

primarily responsible for the transition from diblock to triblock copolymer behavior.  

Figure 2.2a also includes values of fB and fL calculated from SCFT (initial parent diblock 

ɢN = 70) for a 9.4-46-A2 copolymer subject to the constraint that fB + fL = 1 (since fD cannot 

be discerned from SCFT). These predictions are extracted from 2D segmental distributions of 

A2. From Ű = 0.7 to Ű = 0.5, fB and fL remain relatively constant at 0.61 and 0.39, 

respectively, which agree reasonably well with the DPD simulations considering that the 

contribution from fD is omitted. As Ű is increased beyond 0.7, fB decreases, while fL 

increases, slightly until the A2 segmental distributions become sufficiently diffuse to prevent 

further analysis. In Figure 2.2a, this cutoff occurs at Ű = 0.78, quantitatively matching both Ű
*
 

and ŰN. At larger values of Ű, SCFT is inapplicable due to the non-negligible populations of 

dangles. A single set of MC simulation results obtained for a 9-45-4 copolymer at T
*
 å 3 is 

provided for comparison in Figure 2.2a to demonstrate further agreement between simulation 

methods and theory in the network regime. Figure 2.2b displays the variation of ŰN and the 

network bridging fraction (fB,N) with respect to ɓ from DPD simulations performed at two 

values of ŮAB. These findings indicate that, while the values of ŰN do not change very much 

with ɓ, they clearly increase with increasing copolymer incompatibility. This trend is also 

predicted from SCFT in the inset of Figure 2.2b, which shows ŰN as a function of the parent 

AB copolymer incompatibility (ɢN, where ɢ depends on the value of ŮAB used and N = NA1 + 
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NB). If the number of repeat units in the parent AB copolymer is constant (as in the 9.4-46-A2 

series), then changes in ɢN relate to temperature since ɢ ~ 1/T, thereby establishing that ŰN 

depends not only on copolymer composition but also on temperature.  

Included in Figure 2.2b are DPD simulation results for the composition dependence of 

fB,N, which appears to be independent of copolymer incompatibility but sensitive to ɓ. This 

observation is consistent with the expectation that fB,N decreases as the copolymer becomes 

increasingly A-rich and the morphology of the system eventually transforms from dispersed 

A microdomains at relatively high ɓ to lamellar in the vicinity of ɓ å 1. As alluded to earlier, 

morphological transitions are more conventionally induced by changing temperature, which 

suggests that the reduction in fB,N apparent in Figure 2.2b may alternatively be driven by 

thermal means. Such dependence is confirmed by the MC simulation results shown in Figure 

2.3 for a 9-45-4 copolymer. At low T
*
, fB,N varies relatively little (between 0.57 and 0.62) 

and then decreases significantly (to < 0.30) as TODT is approached. Concurrently, fL,N 

decreases slightly (from ~0.38 to 0.32) with increasing T
*
, but then increases close to 0.50 

near TODT. Finally, fD,N remains negligibly small (å 0.05) at low T
*
 and then monotonically 

increases with increasing T
*
. These simulation data collectively establish that increasing 

temperature only slightly affects midblock conformations at conditions far removed from 

TODT. As transition temperatures are approached, however, fB,N can decrease substantially, 

and the copolymer network consequently weakens, in favor of increased populations of both 

loops and dangles. On the basis of these results, we select T
*
 = 5.8 in the following 

discussion as the highest temperature still sufficiently removed from TODT to avoid 

significant changes in the conformational fractions described above.  
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2.4. Conclusions 

Thus far, only isomorphic copolymer systems have been discussed in terms of variable Ű 

or T
*
. Figure 2.4 displays the effect of simultaneously varying Ű and either ɓ or, more 

traditionally, ű = NA1/(NA1+NB) = (1+ɓ)
-1

 on the phase behavior of A1BA2 triblock 

copolymers in the form of an isothermal phase diagram generated from MC simulations. 

According to visual inspection and Fourier analysis, all of the expected equilibrium 

morphologies representative of microphase-ordered AB and ABA copolymers are evident. 

Isolated regions of perforated lamellae, which are likely to be highly metastable (due to an 

expected
28

 reduction in packing frustration), are also observed. These results confirm that an 

increase in the length of the A2 block, and a corresponding reduction in Ű from unity, at 

constant ɓ not only introduce midblock bridging but can also drive morphological transitions 

in this class of block copolymers. A change in morphology is, however, accompanied by a 

change in fB, as discussed earlier (cf. Figure 2.2). In this spirit, endblock asymmetry can help 

promote the formation of other organized nanostructures, such as vesicles, in the presence of 

an endblock-compatible matrix-forming species.
42

 When Ű < ŰN and the A2 blocks 

predominantly co-locate with the A1 blocks, they form a bidisperse brush insofar as NA1 Í 

NA2. As a single-molecule route
31

 to such brushes in confined nanoscale environments, the 

A1BA2 design can provide valuable insight into the effect of bidisperse chain packing on 

interfacial curvature and copolymer phase behavior (cf. Figure 2.4) without resorting to 

physical blending. In general, this largely unexplored multiblock copolymer design
43

 is 

helpful in elucidating fundamental relationships between molecular architecture and the 
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evolution of macroscopic properties. 
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Figure 2.1. (a) Schematic illustration of triblock copolymer micelles depicting bridges, loops 

and dangles (labeled). (b) Values of t
*
 evaluated from the MOC theory

26
 as the value of Ű 

corresponding to the predicted minimum in TODT (or, alternatively, the maximum in ɢN at the 

order-disorder transition), and presented as a function of the parent diblock composition (b). 

The dotted vertical line identifies the point below which t
*
 is no longer observed. The 

depicted molecules correspond to t = 1 and t = ½ (labeled).  
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Figure 2.2. (a) The dependence of the midblock fractions (fB, red; fL, blue; fD, black) from 

DPD simulations with ŮAB = 35kT (open symbols), MC simulations (filled symbols) and 

SCFT predictions (solid lines) on t in the 9-46-A2 copolymer series. The intersecting dashed 

lines yield the value of tN, and the gray stripe identifies t
*
 determined from the MOC theory. 

(b) DPD simulation results of tN (green) and fB,N (red) as functions of b for two values of eAB 

(in units of kT): 40 (open symbols) and 50 (filled symbols). The solid lines represent linear 

regressions of the data, whereas the dashed line serves as a guide for the eye. The variation of 

tN on parent diblock copolymer incompatibility (cN) from SCFT is included in the inset, and 

the solid line is a linear regression. 
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Figure 2.3. MC simulation results of the midblock fractions in the network regime ð (a) 

bridge, (b) loop and (c) dangle ð as functions of reduced temperature (T
*
) for a 9-45-4 

copolymer. The ODT is labeled, and the error bars correspond to the standard deviation in 

the data. 
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Figure 2.4. Isothermal phase diagram along the Ű-ɓ plane constructed from MC simulations. 

The morphologies are labeled: lamellae (L), perforated lamellae (PL), gyroid (QIa3d), 

hexagonally-packed cylinders (H), and body-centered-cubic spheres (QIm3m). The second 

abscissa axis converts the ɓ scale to the more conventional A-fraction basis (F), defined in 

the text.
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CHAPTER 3 

Dual Modes of Self-Assembly in Super Strongly-Segregated 

Bicomponent Triblock Copolymer Melts*  

Abstract 

While ABC triblock copolymers are known to form a plethora of dual-mode (i.e., order-

on-order) nanostructures, bicomponent ABA triblock copolymers normally self-assemble into 

single morphologies at thermodynamic incompatibility levels up to the strong-segregation 

regime. In this study, we employ on-lattice Monte Carlo simulations to examine the phase 

behavior of molecularly asymmetric A1BA2 copolymers possessing chemically identical 

endblocks differing significantly in length. In the limit of superstrong segregation, interstitial 

micelles composed of the minority A2 endblock are observed to arrange into two-dimensional 

hexagonal arrays along the midplane of B-rich lamellae in compositionally symmetric (50:50 

A:B) copolymers. Simulations performed here establish the coupled molecular-asymmetry 

and incompatibility conditions under which such micelles form, as well as the temperature 

dependence of their aggregation number. Beyond an optimal length of the A2 endblock, the 

propensity for interstitial micelles to develop decreases, and the likelihood for colocation of 

both endblocks in the A1-rich lamellae increases. Interestingly, the strong-segregation theory 

of Semenov developed to explain the formation of free micelles by diblock copolymers 

accurately predicts the onset of interstitial micelles confined at nanoscale dimensions 

between parallel lamellae. 

 

*This chapter has been published in its entirety: 

S. Woloszczuk, K. P. Mineart , R. J. Spontak, M. Banaszak. Phys. Rev. E 2015, 91, 010601. 
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3.1. Introduction 

Block copolymers constitute one of the most widely studied classes of soft materials to 

date due to their fascinating ability to microphase-separate and spontaneously self-assemble 

into a rich variety of ordered nanoscale morphologies that are of significant fundamental
1,2

 

and technological
3,4

 interest. Tricomponent ABC triblock copolymers can exhibit a broad 

assortment of morphologies,
2,5,6

 with some displaying unique supramolecular motifs (e.g., the 

knitting
7
 pattern) while many showing evidence of dual self-assembly modes (e.g., spheres 

on or in cylinders or lamellae). Bicomponent ABA triblock copolymers, in contrast, 

generally behave in a similar fashion as their diblock analogs and commonly organize into 

single morphologies that can be described as A(B) spheres arranged on a face- or body-

centered cubic lattice or A(B) cylinders positioned on a hexagonal lattice in a continuous 

B(A) matrix, bicontinuous channels, and alternating lamellae.
8,9

 These morphologies, 

retained in physical blends of ABA copolymers with macromolecular and/or small-molecule 

additives,
10,11

 are largely dictated by interfacial chain packing,
12

 which can be systematically 

altered via the copolymer chemical composition of the copolymer or the (liquid) 

crystallinity
13,14

 of one or both blocks. Most studies of commercially relevant ABA 

copolymer melts have focused on moderately- to strongly-segregated systems wherein the 

chain trajectories can be quantitatively described by existing theoretical 

frameworks
6,8,9,12,15,16

 and the thermodynamic incompatibility, defined as ɢN (where ɢ is the 

Flory-Huggins interaction parameter and N represents the number of repeat units along the 

copolymer backbone), is typically <100. 
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At higher values of ɢN, interfacial tension is expected to dominate over chain packing to 

regulate morphological development in superstrongly segregated (sSS) block copolymers, as 

theoretically described by Nyrkova et al.
17

 and Semenov et al.
18

 Descriptions of such 

copolymers, however, remain lacking due to one of two practical reasons. At commonly 

encountered values of ɢ, the value of N must be large. While high-molecular-weight 

copolymers have been shown
19

 to possess, for example, interesting photonic properties, the 

likelihood of generating kinetically frozen nonequilibrium or defect-filled morphologies 

increases with increasing N. Alternatively, at more experimentally-friendly chain lengths, the 

needed increase in ɢ would require the use of constituent species that differ substantially in 

chemical compatibility. To satisfy this requirement, nonionic sSS block copolymers 

containing at least one halogenated (usually fluorinated
20-24

) block have been successfully 

synthesized. Nontraditional morphological features observed in aqueous sSS systems 

possessing dispersed microdomains include disks,
21

 lamellar sheets
22

 and spindle-like 

vesicles,
24

 whereas quadratically-perforated lamellae have been identified
20

 in sSS copolymer 

melts. Superstrong segregation can likewise be achieved through the use of charged block 

copolymers, which has resulted in the formation of toroidal assemblies.
25

 In all these 

investigations of both bicomponent and tricomponent sSS copolymers, a single morphology 

or a mixture of structurally related morphologies has been reported. We are not aware of any 

bicomponent copolymer at any segregation level that has exhibited two modes of self-

assembly resulting in distinctly different morphological characteristics. 

Previous studies
26

 of molecularly asymmetric A1BA2 triblock copolymers synthesized 

from a parent diblock copolymer so that NA1 Í NA2 (where NA1 and NA2 denote the number of 



 

57 

repeat units in the A1 and A2 blocks, respectively) have helped to elucidate the molecular and 

property changes accompanying the transformation from an AB diblock to a molecularly 

symmetric ABA triblock copolymer (with NA1 = NA2). Recent Monte Carlo (MC) simulations 

of moderately segregated copolymers have yielded results that quantitatively agree with 

unexpected experimental findings, most notably a pronounced minimum in the order-

disorder transition temperature as NA2 is progressively increased.
27

 In this study, we employ 

the same simulations to investigate the morphological features of sSS A1BA2 copolymers and 

discern how the difference in size between the chemically identical A endblocks affects their 

ability to self-organize. 

 

3.2. Methods 

Since details of the MC simulations are provided elsewhere,
27

 an abbreviated overview of 

the simulation strategy is presented here. The simulations are performed on a face-centered 

cubic (fcc) lattice in which the length of a bond is ã2a, where a denotes the fcc lattice 

constant. To ensure that bonds along each copolymer chain are not broken or stretched, we 

invoke standard periodic boundary conditions. The size of each simulation box is chosen to 

fit the length of the chain examined, and all lattice sites within the box are completely filled 

with chain segments (each ~1 kDa) so that the movement of one segment, which defines a 

single MC step (MCS), necessitates cooperative motion of other segments. The nearest-

neighbor interaction energies between i and j segments (i,j = A or B) are given by eij, with 

eAA = eBB = 0 and eAB = ckT/7.5,
28

 where k is the Boltzmann constant and T denotes absolute 

temperature. The A-B interaction parameter is also used to define the reduced temperature 
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(T
*
) as kT/eAB. Each simulation commences by equilibrating copolymer chains in the 

athermal limit so that they become uniformly distributed. From the number of MCSs required 

for a chain to diffuse a distance on the order of the copolymer gyration radius (å1.4x10
4
), 

equilibration is conducted for 5x10
7
 MCSs, after which the chains are quenched to a 

predetermined temperature in the melt and equilibrated for an additional 2x10
6
 steps. The 

following 3x10
6
 steps are devoted to data sampling, and each simulation is repeated 6x 

starting from different initial states to eliminate bias. 

To alleviate complications associated with nonequilibration due to long relaxation times 

(especially at low temperatures), a parallel tempering
29

 algorithm has been applied to all 

simulations performed in this study. According to this protocol, M replicas of each system 

were simulated for a set of discrete temperatures, T1
*
 < T2

*
 < é < TM

*
, in which the 

minimum (T1
*
) and maximum (TM

*
) temperatures were fixed and intermediate temperatures 

were selected to provide an optimal representation of replicas in temperature space. For a 

given number of MCSs, adjacent replicas were exchanged in random order according to the 

probability (p) given by: 

 * *

i i+1 i i+1 i+1 i
p(T T ) = min{1,exp[-(ɓ -ɓ )(U -U )]}ª  (3.1) 

where ɓi = (kTi
*
)
-1

 and Ui denotes the potential energy of the replica at Ti
*
. If a system was 

trapped at a low temperature, it was heated to overcome its energy barrier. By using this 

procedure, improved statistics were generated with fewer MCSs. Here, M = 36, with each 

replica starting in an independent athermal state. After 3000 MCSs, replicas simulated at Ti
*
 

were exchanged with neighboring replicas at Ti+1
*
 according to Equation 3.1. The minimum 
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and maximum temperatures were fixed at T1
*
 = 1 and T36

*
 = 10, respectively, and 

intermediate temperatures were chosen to follow a geometric distribution. 

 

3.3. Results and Discussion 

While the MC approach employed here to simulate A1BA2 triblock copolymers has 

yielded all the conventional morphologies expected in moderately segregated, nonionic 

bicomponent block copolymers,
30

 the cross-sectional snapshot displayed in Figure 3.1a 

clearly shows the existence of two different modes of self-assembly in a compositionally 

symmetric (i.e., 50:50 A:B) 46-48-2 copolymer. The long terminal A1 blocks form the 

primary morphology composed of lamellar microdomains, whereas the short A2 endblocks 

organize into a secondary morphology designated here as interstitial micelles, positioned 

along the midplane of the B-lamella. In this simulation, ɢN = 480 and the A2 fraction (fA2), 

where fA2 = NA2 / (NA1 + NB + NA2), is 0.021. A planar view of the micelles is included in the 

inset of Figure 3.1a and reveals that the micelles are arranged on a two-dimensional (2D) 

hexagonal lattice, resembling a monolayer of block copolymer micelles in ultrathin films.
31

 

Since the fraction of A repeat units in all the copolymers examined here is ½, the lamellae 

evident in Figure 3.1a agree with intuitive expectation. In numerous instances, however, 

perforated A-lamellae reminiscent of those reported by Burger et al.
20

 and predicted by 

Matsen
9
 are observed instead, and the corresponding interstitial micelles tend to locate in the 

B-lamellae at the points of perforation, as shown in Figure 3.1b. These micelles generally 

appear spherical, unlike the discrete ñmultipletsò previously observed in simulations
32

 of sSS 

associating polymers in solution. A schematic diagram of interstitial micelles located 
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between lamellar microdomains is provided in Figure 3.1c to illustrate a distinguishing 

characteristic of these micelles: They serve as intermediate physical cross-link sites to 

connect the primary lamellar morphology across a distance approaching twice the length of 

the B midblock. In contrast, a midblock bridge in an ABA triblock copolymer network is not 

capable of extending beyond the distance dictated by the length of its midblock. 

Unlike the results presented in Figure 3.1, a very short A2 block in moderately to strongly 

segregated A1BA2 copolymer systems would remain mixed (and forming a dangling end) 

within the B-lamellae, thereby yielding a single lamellar morphology. Formation of the 

interstitial micelles is therefore a unique manifestation of the conditions examined here. 

Although theoretical frameworks predicting the coexistence of two different morphologies in 

a molten sSS copolymer are lacking, the theory proposed by Semenov et al.
18

 describes the 

thermodynamics of micelles in the sSS regime. Since morphological development is largely 

governed by interfacial tension in their model, they identify a critical interfacial tension (ɔc) 

that signifies the onset of superstrong segregation, as well as the micellar aggregation number 

(Q) that ensues when  ɔ > ɔc. The functional forms of gc and Q derived for spherical micelles, 

however, assume that the coronal free energy can be written in the same fashion as that in the 

strong-segregation limit. Their theory also addresses the formation of sSS nonspherical 

micelles, including disks. Since ɔ ~ ɢ
1/2

 and ɢ ~ 1/T, their theory suggests that sSS micelles 

should become less stable with increasing temperature. We explore this behavior for two 

systems possessing different values of N in Figure 3.2, which shows the effect of temperature 

on chain trajectories by displaying the fractions of A2 blocks involved in forming interstitial 

micelles (ɜM), conventional bridges and loops wherein both endblocks colocate  in A-
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lamellae (ɜL), and nonassociated dangling ends (ɜD) as functions of T
*
 These fractions are 

subject to the constraint that ɜM + ɜL + ɜD = 1 since completely unsegregated chains are 

expected to be negligible in this regime. 

In the first system examined (Figures 3.2a-c), the A1BA2 copolymer is designated (40-x)-

40-x, where x is varied from 1 to 4. When x = 1 (Figure 3.2a) at the lowest temperature 

considered (T
*
 = 1.0), the system consists primarily of double-anchored chains with ɜL = 

0.88. As T
*
 is increased slightly (to å1.1), ɜM reaches a maximum (at 0.23) and then drops to 

zero as T
*
 is increased further. In contrast, ɜL generally decreases, while ɜD increases, up to 

T* å 7.7. Above this temperature, ɜL shows signs of increasing while ɜD starts to decline. As 

the short terminal block is lengthened (x = 2 in Figure 3.2b), the system displays slight 

evidence of micelle-forming bridges over a finite T
*
 range extending from about 1.9 to 3.3 

while ɜL remains above 0.90. An increase in temperature promotes a continued increase in ɜD 

and a corresponding decrease in ɜL until the two fractions cross and then become nearly 

temperature independent. When x = 3 (Figure 3.2c) and x = 4 (not shown), the systems 

appear similar and are composed entirely of double anchored chains with no micelle-forming 

bridges or dangling ends at low T
*
. The distinguishing feature between the two is the value of 

T
*
 at which ɜL deceases (and ɜD increases) shifts to higher temperatures (2.9 when x = 3 and 

4.3 when x = 4). Comparable results are observed in the second copolymer, designated (48-

x)-48-x, in Figures 3.2d-f. One noticeable difference is that the fraction of micelle-forming 

bridges remains nonzero over a finite temperature range for x = 1-3 (but reduces to zero for 

all T
*
 when x = 4). The results displayed in Figure 3.2 indicate that fewer chains form 

interstitial micelles, and the micelles ultimately become unstable, at elevated temperatures. In 
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addition, while the copolymer systems initially favor double-anchored chains at low T
*
 as x 

is increased, an increase in kT eventually generates dangling ends due to the corresponding 

reduction in incompatibility between A and B segments. 

Average values of Q measured from several simulations are provided as a function of T
*
 

in Figure 3.3 and confirm that the interstitial micelles evident in Figure 3.1 generally develop 

at low T
*
 (high ɢN) for copolymers with relatively small A2 blocks. In complementary 

dissipative particle dynamics (DPD) simulations performed under the conditions described 

elsewhere,
30

 the perforated lamellae and interstitial micelles generated in MC simulations are 

also observed. While Q consistently remains between 10 and 20 in the DPD simulations, 

Figure 3.3 reveals that a slight increase in the size of the A2 block can promote a significant 

increase in Q, along with enhanced thermal stability. If the A2 block becomes too large, 

however, then micelles do not form. This observation suggests that, for a given copolymer 

incompatibility, interstitial micelles develop over a relatively narrow range in fA2. To explore 

this relationship, we plot the corresponding upper and lower stability limits of interstitial 

micelles as discerned from a compilation of simulations in Figure 3.4. At ɢN below the lower 

stability limit, not all the A2 blocks form double-anchored chains, in which case dangling 

ends exist (cf. Figure 3.2). When ɢN lies above the upper stability limit, every A2 block is 

sufficiently incompatible with the B midblock to microphase-separate and colocate with the 

A1 blocks in the A-lamellae. The range over which the micelles are stable for a given ɢN 

value is not large (< 1%). Intended to serve as a guide for the eye, each of the solid lines 

included in Figure 3.4 obeys a scaling relationship of the form fA2 ~ ln(ɢN). By setting equal 
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the regression equations for the two limits, we estimate that the stability regime for 

interstitial micelles terminates in the vicinity of fA2 å 0.046 and ɢN å 81. 

Although a rigorous theoretical treatment of the present copolymer system is beyond the 

scope of this work, we first consider the free energy of lamellae-forming asymmetric triblock 

copolymers in the strong-segregation theory proposed by Matsen
9
. The dimensionless free 

energy (F/nkT, where n is the number of chains) evaluated at the equilibrium lamellar period 

is 

 

1/3
2

L
A2 L

ˊ h(ɜ )ɢNF 3
= + ɢNf (1-ɜ )

nkT 4 3

è ø
é ù
ê ú

 (3.2) 

where h(ɜL) = (1+2fA2-fA)(1+3ɜL
2
) - (2fA2-fA), and ɜL is assumed in this framework to equal 

1-ɜD. The inset in Figure 3.4 shows free-energy predictions from Equation 3.2 for the 

limiting case of dangling ends only (ɜL = 0) at several values of fA2. As expected, the free 

energy increases with an increase in NA2, confirming that the existence of long dangling A2 

endblocks in B-lamellae becomes increasingly less energetically favorable. One way to lower 

the free energy in this limit is for both endblocks to colocate within A-lamellae, which at the 

opposite extreme corresponds to the case of ɜL = 1 included in the inset. (While results for fA2 

= 0.04 are shown, predictions for lower fA2 are indistinguishable at the scale shown.) The 

simulations reported here indicate that another way to reduce the free energy not considered 

in Equation 3.2 is by the formation of interstitial micelles. Although Equation 3.2 can, in 

principle, be extended into three dimensions to account for the presence of interstitial 

micelles, we consider an alternative means of analyzing the data in Figure 3.4. According to 
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Semenov
33

, the condition signaling the formation of a single free micelle by AB diblock 

copolymer molecules in the SS limit is satisfied by 

 1/3

A2

1
Ŭ = - lnf + lnŬ + 2.06Ŭ

2
 (3.3) 

where Ŭ = ɢNfA2. Since each A1 endblock is restricted to an A-lamella in the present scenario, 

only the A2 endblock and B midblock of each copolymer molecule participate in micelle 

formation. In this case, we treat these blocks as the equivalent of a tethered A2B diblock 

molecule and correspondingly calculate Ŭ in Equation 3.3 at fAs
ô
 = NA2/(NA2+NB). The 

resultant predictions displayed in Figure 3.4 quantitatively match the MC simulations at ɢN < 

300 without any adjustable parameters. Such favorable agreement implies that, despite being 

(i) constrained between lamellae (which behave as soft parallel surfaces
34

), (ii) tethered at 

one chain end, and (iii) surrounded by double-anchored midblocks, the interstitial micelles 

reported in this study form as if they were free micelles in the bulk. 

 

3.4. Conclusions 

While bicomponent ABA triblock copolymers normally order into single morphologies, 

numerous experimental studies
35,36

 have demonstrated that coexisting morphologies 

frequently develop during solvent casting. Recent evidence
37

 acquired from melt-spun 

bicomponent fibers confirms that dual-mode nanostructures (e.g., tubes containing centerline 

micelles) can likewise form in solvent-free systems. The MC simulations presented here 

establish that molecularly asymmetric triblock copolymers can exhibit two different modes 

of self-assembly near equilibrium in the sSS regime: lamellae and interstitial micelles (in 
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some cases positioned on a 2D hexagonal lattice). These results have been validated over a 

wide range of simulation conditions and have likewise been confirmed by DPD simulations. 

Detailed analysis of the MC simulations indicates that the population of micelle-forming 

chains, as well as the micelle aggregation number, is sensitive to copolymer composition and 

incompatibility. Using molecularly asymmetric triblock copolymers to decorate a primary 

morphology (e.g., the lamella observed here, or spheres or cylinders at other copolymer 

compositions) with interstitial micelles opens a different route to generating two concurrent 

and independent levels of spatially modulated nanostructures in bicomponent block 

copolymers, and provides an opportunity to explore variations in the phase behavior and 

properties (due, for instance, to enhanced physically stabilized molecular networks) of 

designer multiblock copolymers
38

 in the largely overlooked sSS regime. 
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Figure 3.1. Snapshots of MC simulations of molecularly asymmetric A1BA2 triblock 

copolymers in the sSS regime revealing the existence of interstitial micelles between 

lamellae [(a) edge view] and perforated lamellae [(b) parallel view through the perforation]. 

Included in (a) is an inset showing the lateral hexagonal packing of the micelles in (a). The 

schematic illustration in (c) depicts the placement of the blocks (not drawn to scale). Shades 

of blue and green refer to A1 and A2 features, respectively, whereas red signifies individual B 

midblocks in (c). 
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Figure 3.2. Values of the A2 block fractions extracted from MC simulations of sSS A1BA2 

triblock copolymers ï (a) 39-40-1, (b) 38-40-2, (c) 37-40-3, (d) 47-48-1, (e) 46-48-2, and (f) 

45-48-3 ï provided as functions of reduced temperature (T
*
). The fractions shown include 

micelle-forming bridges (ɜM, circles), double-anchored chains (ɜL, triangles, and dangling 

ends (ɜD, squares). The solid lines connect the data, and the size of the simulation boxes 

employed here are (a)-(c) 80x40x40 and (d)-(f) 96x48x48 to explore size effects. 
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Figure 3.3. Dependence of the micelle aggregation number (Q) on T
*
 for copolymers 

designated as (40-x)-40-x (squares), (48-x)-48-x (circles), and (56-x)-56-x (triangles) for the 

cases of x = 1 (filled symbols) and x = 2 (open symbols). The solid lines connect the data.  
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Figure 3.4. The upper and lower stability limits (open and filled circles, respectively) for 

interstitial micelles in A1BA2 triblock copolymers with short A2 blocks compiled from MC 

simulation results for copolymers varying in chain length (N): 80 (squares), 96 (circles), and 

112 (triangles). The solid lines are guides for the eye, and the dashed line corresponds to 

Equation 3.3 in the text (evaluated under the specified conditions). The inset displays the 

dimensionless free energy as a function of ɢN from Equation 3.2 for dangling ends (ɜL = 0, 

upper four curves) and double-anchored chains (ɜL = 1, bottom curve) at different fA2 

(labeled).
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CHAPTER 4 

Ultrastretchable, Cyclable and Recyclable 1- and 2-Dimensional Conductors 

Based on Physically Cross-linked Thermoplastic Elastomer Gels*  

 

 

Abstract 

Stretchable conductors maintain electrical conductivity at large strains relative to their 

rigid counterparts that fail at much lower strains. Here, we demonstrate ultrastretchable 

conductors that are conductive to at least 600% strain and may be strain-cycled without 

significant degradation to the mechanical or electrical properties. The conductors consist of a 

liquid metal alloy injected into microchannels composed of triblock copolymer gels. 

Rheological measurements identify the temperature window with which these gels may be 

molded and laminated to form microchannels without collapsing the microscale features. 

Mechanical measurements identify the gel composition that represents a compromise 

between minimizing modulus (to allow the polymer to be stretched with ease) and 

maximizing interfacial adhesion strength at the laminated polymer-polymer interface. The 

resulting 2D stretchable conductors are notable for their ability to maintain electrical 

conductivity up to large strains, their mechanical durability, and their ability to be recycled 

easily with full recovery of the component species. 

 

 

 

 

 

 

 

 

 

 

*This chapter has been published in its entirety: 

K. P. Mineart , Y. Lin, S. C. Desai, A. S. Krishnan, R. J. Spontak, M. D. Dickey. Soft Matter 

2013, 9, 7695ï7700.  
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4.1. Introduction 

Stretchable electronics incorporate electronic functionality into substrates that are 

deformable, conformal and durable.
1-4

 Although common solid metals exhibit electrical 

conductivities on the order of 10
7
 S/m at ambient temperature,

5
 their corresponding values of 

elongation to break are relatively low (typically within a few percent strain).
6
 Structuring 

metal films into corrugated geometries on elastomeric substrates represents one way to 

increase the elongation of such films.
2
 Alternative materials, such as carbon nanotube pastes, 

conductive inks, and nanowire networks have also been explored to overcome the inherent 

mechanical limitations of solid metals.
2,7-10

 Another attractive materials design exploits the 

deformability of liquid metals, which also possess high conductivities and are capable of 

withstanding significantly larger strains while remaining electrically conductive.
11,12

  Of 

particular interest in this study is eutectic gallium indium (EGaIn) with a measured
13

 

conductivity of 3.4x10
6
 S/m at 22°C. Because alloys of gallium develop a thin solid oxide 

skin at rest, they can be physically molded into a variety of shapes suitable for use as 

antennas, electrodes, sensors, self-healing wires, interconnects, and metamaterials.
11,14-27

 

Injecting this low-viscosity metal into microchannels fabricated in a polymer matrix affords a 

facile route by which to define its shape and fabricate structures capable of achieving large 

strains.
12, 28

  

Thus far, most studies aimed at marrying the electrical conductivity of liquid metals with 

the robust mechanical properties of polymers (in particular, elastomers) have focused 

primarily on using polydimethylsiloxane (PDMS) as the polymer matrix due to its low cost 

and convenience.
29

 The extensibility of PDMS is, however, limited and depends on the 
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PDMS grade and sample preparation protocol employed.
30

 For example, Sylgard 184 is one 

of the most popular polysiloxanes employed for this purpose and fails well below 100% 

strain. In addition, PDMS is subject to mechanical hysteresis upon strain cycling and cannot 

be fully recycled due to the covalent cross-links that stabilize the molecular network. The 

extensibility of conductive PDMS infused with metal can be increased to ~225% through the 

introduction of a microstructure.
31

 Other elastomers can likewise be utilized to increase the 

elongation of liquid metal conductors encased in a polymer matrix. For instance, melt-

extruded hollow fibers composed of a thermoplastic elastomer (TPE) maintain conductivity 

to 700% strain,
12

 but the formation of fibers does not afford the same diversity of in-plane 

geometries that can be produced lithographically through the use of microfluidics. 

Alternatively, Ecoflex, a platinum-catalyzed polysiloxane, can be stretched to 900% strain,
17

 

but fabrication considerations associated with the retention of metal-filled microchannels 

(e.g., sealing and interfacial bonding) limit the practical extensibility to ~120% strain. Here, 

we identify another elastomer system that is not only suitable for defining stretchable 

microchannels that are both durable and cyclable, but also fully recyclable. 

Styrenic TPEs, such as poly[styrene-b-(ethylene-co-butylene)-b-styrene] (SEBS) triblock 

copolymers, constitute a particularly attractive class of materials for use in this regard. These 

commercial copolymers are inexpensive, moldable and mechanically robust. They commonly 

undergo microphase separation so that the endblocks self-assemble into nanoscale domains 

within a thermodynamically incompatible midblock-rich matrix.
32-34

 Because the endblock-

rich microdomains are glassy at ambient temperature and a substantial fraction of the rubbery 

midblocks form bridges between neighboring microdomains,
35

 a molecular network that 
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endows the material with considerable elasticity is established. Its mechanical properties can 

be controlled by adding one
36

 or more
37

 midblock-selective compounds (e.g., aliphatic-rich 

oils or hydrogenated tackifying resins in the case of SEBS copolymers) that simultaneously 

alter the modulus and the viscoelastic nature of the system. At low copolymer concentrations 

(but above the critical gel concentration at which the network first develops
38

), midblock-

solvated copolymers behave as physical gels capable of achieving giant strains
39

 (>2500% in 

some cases) and are broadly suitable for conventional uses as vibration dampening media, 

pressure-sensitive adhesives and conductive nanocomposites. These physically cross-linked 

materials generally exhibit relatively low mechanical hysteresis upon strain cycling, which is 

critically important for stretchable electronic devices. Selectively solvated triblock 

copolymers can be molded and welded together into laminate structures to form stretchable 

microchannels.
40

 This fabrication process is nontrivial since two layers of material that are 

largely liquid must be welded without deforming the micromolded features. Processes 

designed to weld sheets of solvated copolymer networks together are sensitive to copolymer 

molecular weight and composition and must be tuned accordingly.  

Inspired by the potential applicability of this latter finding,
40

 we seek to establish the 

design rules yielding (i) 1- and 2-dimensional microchannels filled with liquid EGaIn in a 

midblock-solvated SEBS copolymer (hereafter referred to as a TPE gel, or TPEG) and (ii ) 

ultrastretchable, strain cyclable and fully recyclable wires that remain conductive up to at 

least 600% strain. 
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4.2. Experimental 

The molecularly symmetric SEBS copolymer employed here (G1654) was manufactured 

by Kraton Polymers and used as-received. The manufacturer lists the styrenic content of this 

copolymer as 31 wt%.  Size-exclusion chromatography analysis showed the molecular 

weight and polydispersity to be 144 kDa and 1.04. (In previous studies,
41

 the molecular 

weight characteristics of the copolymer reported by the manufacturer were provided.) For 

consistency with our previous TPEG studies,
37,42

 an aliphatic:alicyclic (70:30) mineral oil 

(Hydrobrite 380) with a molecular weight of ~500 Da was obtained from Sonneborn, Inc. 

and used without further purification. Reagent-grade toluene and hydrochloric (HCl) acid 

were purchased from Sigma-Aldrich and likewise used as-received. 

We prepared TPEGs by dissolving the SEBS copolymer and mineral oil in toluene at a 

concentration of 5 wt% SEBS. Upon stirring for 150 min at ambient temperature, each 

solution dried quiescently in a Teflon mold over the course of 72 h, after which time the 

resultant film was annealed in an oven at 140°C for 8 h under vacuum to remove residual 

solvent and promote nanostructural refinement. All films were hot-pressed into sheets 

measuring 1.5 mm thick at 140°C for an additional 40 min. As schematically depicted in 

Figure 4.1, a PDMS mold subsequently pressed into the film at 100°C with minimal pressure 

generated 1- and 2-dimensional micromolded features. The micromolded film was thermally 

welded to a flat TPEG film to yield microchannels, which were then filled with liquid EGaIn 

via a syringe.  

Dynamic rheology of TPEGs varying in copolymer concentration was performed on a 

Rheometrics RMS-800 rheometer equipped with parallel plates separated by a 1.0 mm gap. 
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After identifying the linear viscoelastic limit from dynamic strain tests, isochronal 

temperature sweeps were recorded at a frequency of 1 rad/s and a heating rate of 2°C/min. 

Quasi-static uniaxial tensile and peel (T- or 180°) tests were conducted on an Instron 5943 

frame operated at crosshead speeds of 50 and 60 mm/min, respectively, at ambient 

temperature to measure the tensile modulus of each TPEG and the interfacial adhesion 

between welded TPEG films forming microchanneled laminates. A four-point probe setup 

was used to measure the conductivity of TPEG/EGaIn composites as a function of strain by 

attaching electrodes to the composites in close proximity to the grips (which only allowed 

strains up to 600% before the electrodes induced specimen failure).  

 

4.3. Results and Discussion 

To develop stretchable conductors containing EGaIn, we first identified the conditions by 

which to thermally laminate molded and flat TPEG films without deforming the 

microchannels. Effective, but minimal, TPEG lamination occurs when the copolymer chains 

possess sufficient mobility to diffuse across the polymer / polymer interface and create new 

midblock entanglements. The most effective adhesion occurs by forming mixed micelles 

across the interface, thereby effectively eliminating the interface and generating a single 

TPEG capable of achieving maximum elongation without delamination. These conditions 

must be satisfied while simultaneously preventing excessive chain mobility, which would 

cause the molded features to collapse or distort, at high temperatures. The rheology-based 

procedure reported
40

 to fabricate stable microchannels in TPEG laminates for microfluidics is 

extended here for a high-molecular-weight copolymer used to prepare a series of TPEGs 
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varying in copolymer concentration. Rheological measurements identify the temperature 

range over which TPEG laminate welding can be achieved without negatively impacting the 

quality of the microchannels. An example of an isochronal temperature sweep of a TPEG 

containing 25 wt% SEBS is displayed in Figure 4.2a for illustrative purposes and identifies 

two temperatures of interest here.  

The first temperature (denoted by an arrow near 130°C) corresponds to the maximum in 

the dynamic loss shear modulus (G") and (not shown) tan d, where d denotes the 

displacement angle. This temperature, noticeably above the glass transition temperature (Tg) 

of the polystyrene blocks in the SEBS copolymer, is attributed to lattice disordering, which 

results from endblocks migrating from one molten micelle to another (a relaxation 

mechanism commonly referred
43-45

 to as endblock hopping) to relieve stresses in the 

copolymer nanostructure. At temperatures above Tg, transient dangling endblocks (i.e., 

endblocks remaining in the incompatible matrix) become more numerous and weaken the 

network as they diffuse within the matrix in search of new molten micelles to join.  

The second temperature (also highlighted by an arrow in Figure 4.2a) reveals the order-

disorder transition (ODT), at which all long-range nanostructural order is lost and the load-

supporting copolymer network fails mechanically as the dynamic storage modulus (G') falls 

sharply. Since welding oil-rich TPEG films requires that the lattices of the two films be 

sufficiently soft and flexible to entangle and merge at the molecular level without losing the 

ability to support an applied load (which would cause micromolded features to collapse), the 

welding temperature must lie between the lattice dissolution temperature and the ODT. 

Included in Figure 4.2b are both temperatures presented as a function of SEBS concentration. 
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Values of these temperatures depend sensitively on the population of copolymer molecules 

available to self-organize into a molecular network. As the concentration of SEBS is 

increased, the width of this process window increases, but laminate welding should be 

conducted at the lowest temperature defining the window at a given copolymer content. 

Conversely, the operating window effectively collapses as the critical gel concentration 

approaches 5 wt% SEBS. 

Once the optimal thermal conditions that allow welding are determined, the copolymer 

concentration that allows substantial uniaxial extension and strong interfacial adhesion must 

be identified on the basis of mechanical properties. The tensile modulus, shown in Figure 

4.3a, characterizes the stiffness of each TPEG and scales as (copolymer concentration)
2.36

, in 

quantitative agreement with previously reported results.
42,46

 Included for comparison in this 

figure are data reported by Shankar et al.
41

 for the same TPEG system up to 30 wt% SEBS. 

Soft TPEGs possessing low copolymer loading levels can withstand remarkably high strains 

due to the presence of a loose network with relatively few non-network entanglements. For 

this reason, we hereafter consider the tensile compliance, given as the reciprocal of the 

tensile modulus, as a materials design property that should be maximized to enable electronic 

components that are easy to stretch. Also displayed in Figure 4.3a are values of the TPEG 

laminate adhesion strength, measured in terms of the force required to induce delamination in 

T-peel tests, as a function of copolymer concentration. The laminate adhesion strength should 

also be maximized to ensure the microchannels remain intact during deformation. In these 

tests, both layers of the laminate are identical in terms of composition and molecular weight, 

and the welding temperature and time employed correspond to 140°C and 45 min, 
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respectively.   

It is not surprising that adhesion strength increases systematically with increasing 

copolymer content since the probability increases that copolymer chains will span the 

interface and form entangled midblocks and mixed micelles. The laminate adhesion strength 

and tensile compliance are cross-plotted in Figure 4.3b to identify an optimal SEBS 

concentration for use in the design of ultrastretchable elastomers featuring microchannels. As 

seen in Figure 4.3b, the discrete experimental data points follow an empirical exponential 

decay function, which reveals regimes of low and high adhesion strength at high and low 

compliance levels, respectively. The crossover from high to low adhesion strength is 

identified by the point of intersection between tangent lines extending from each regime 

(provided in Figure 4.3b). This intersection lies very close to the TPEG containing 20 wt% 

SEBS, which is soft to the touch, easy to handle and mechanically robust.  

By fabricating microchannels in this TPEG (cf. Figure 4.1) and subsequently injecting 

EGaIn into the microchannels, we have generated conductive TPEG/EGaIn composites in the 

form of 1-dimensional wires and 2-dimensional structures, as illustrated by the photographs 

in Figures 4.4a and 4.4b, respectively. Due to its inherently low viscosity, the EGaIn wire in 

Figure 4.4a conforms to the shape of the microchannels while the TPEG laminate is strained 

up to 1000%.  Figure 4.5a presents the corresponding resistance values (R, normalized with 

respect to the initial resistance, R0) of these wires as a function of strain. As expected 

intuitively, the normalized resistance increases monotonically with increasing strain, and this 

increase agrees favorably with predictions made solely on the basis of wire geometry 

(assuming a Poisson's ratio of 0.5). Although the wires could be strained to 1000% by hand 
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before the polymer failed mechanically, the experimental methodology employed for 

measuring resistance caused the TPEG to fail prematurely just beyond 600% strain. At large 

strains (cf. Figure 4.4a), the liquid metal displays no evidence of physical discontinuity (due 

to capillary breakup) when observed by eye or under an optical microscope.  

An important advantage of TPEGs relative to conventional elastomers is that they tend to 

exhibit negligible mechanical aging and hysteresis upon strain cycling since their molecular 

network is a consequence of microphase separation, a thermodynamic process, rather than a 

kinetically-driven reaction process associated with chemical cross-linking. The results 

displayed in Figure 4.5b demonstrate that the TPEG/EGaIn composite can be cycled 

repeatedly between 0 and 500% strain with less than ±5% variation in normalized resistance. 

At larger strain levels (beyond our present measurement capability), we expect that the 

hysteresis will increase, as evidenced by the mechanical hysteresis loops shown in Figure 

4.6. The hysteresis energy density (EH, the energy within each loop) is included as a function 

of the maximum strain in the inset of Figure 4.6 to provide an indication of the extent to 

which the hysteresis would likely increase. 

Another important feature of TPEGs compared to covalently cross-linked elastomers is 

that the former, composed of physical (thermoplastic) cross-links, can be reheated or 

redissolved to disrupt the molecular network and recover a macromolecular liquid. That is, 

unlike elastomers derived from PDMS or natural rubber, TPEGs can be completely recycled. 

In an era demanding greater environmental responsibility and material sustainability, this 

life-cycle consideration is nontrivial. Immersing a TPEG/EGaIn composite wire such as the 

one portrayed in Figure 4.7a in a two-phase solvent bath composed of 50/50 w/w 
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toluene/HCl acid promotes concurrent TPEG dissolution and density-driven EGaIn 

sedimentation as a single bead due to the high surface tension of the metal (the acid removes 

the oxide skin on the metal surface). This facile separation results in full recovery of all 

material components.  

 

4.4. Conclusions 

This study establishes that solvated thermoplastic elastomer gels composed of a triblock 

copolymer swollen with a midblock-selective oil can be micromolded and welded into 

mechanically robust laminates containing discrete microchannels that can be filled with a 

liquid metal to produce ultrastretchable conductors. The temperature used for laminate 

welding lies between the lattice disordering and order-disorder transition temperatures, which 

are both composition-dependent. A gel consisting of 20 wt% SEBS copolymer represents a 

trade-off between the tensile compliance and the laminate adhesion strength. Liquid EGaIn 

injected into 1 or 2-dimensional microchannels generates conductive composites capable of 

achieving uniaxial strain levels of at least 600% without loss of conductivity, thereby making 

these materials ideal for use as ultrastretchable and durable conductors. This strain level, 

which is the maximum measurable but not the maximum achievable, is almost an order of 

magnitude greater than that of conventional PDMS microchannels filled with alloys of 

gallium.
29

 Repeated strain cycling of these materials to 500% strain has little effect (within 

±5%) on their electrical and mechanical properties. The conductive substrates can also be 

flexed, twisted, and deformed easily.  In addition to these attractive properties, TPEG/EGaIn 

composites can be fully separated and their constituents recovered upon dissolution of the 



 

84 

copolymer so that new composites can be subsequently fabricated. The ability to pattern 

ultrastretchable conductors has implications for a number of applications including wires, 

interconnects, antennas, optical elements, and resonant structures (e.g., metamaterials). The 

materials described here are particularly attractive for applications that require mechanical 

durability and physical conformability, or that necessitate large geometric changes to metallic 

structures.  
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Figure 4.1. Step-by-step procedure by which microchannels are fabricated in TPEGs. A 

PDMS mold with a desired pattern (a) is first prepared. A TPEG film is melt-pressed onto the 

mold (b and c) according to the temperature considerations described in the text to leave an 

imprint of the pattern once the mold is removed (d). The molded TPEG film is melt-pressed 

with an unmolded TPEG film (e) to yield the desired microchannels (f). 
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Figure 4.2. (a) The dynamic shear moduli (Gô,ƺ; Gôô,ǒ) measured as a function of 

temperature from a 25/75 w/w SEBS/oil TPEG under isochronal conditions. The arrows 

identify the upper and lower transition temperatures needed to fabricate microchannels in 

TPEG laminates. (b) The upper (ȹ) and lower (ǒ) transition temperatures comprising the 

welding window (shaded) for TPEG laminates varying in copolymer concentration. 
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Figure 4.3. (a) The dependence of tensile modulus (this work,ƺ; reported results,
40

 ǒ) and 

adhesion strength (ȹ) on copolymer concentration. The solid line serves to connect the data, 

whereas the dashed line is a power-law fit to the data. Error bars denote the standard error in 

the data. (b) Adhesion strength displayed as a function of tensile compliance and fitted to an 

exponential decay function. The intersection of the dotted tangent lines identifies the cross-

over between good adhesion and high compliance and, thus, the composition of the TPEG 

(20 wt% SEBS) used to fabricate laminates in this study. 
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Figure 4.4. (a) Photographs of a TPEG/EGaIn composite before (top left), during (bottom) 

and after (top right) stretching to 1000% strain to illustrate its ultrastretchable and elastic 

nature. (b) Photographs of 2-dimensional arrays that can be achieved by injecting liquid 

EGaIn into the microchannels fabricated in TPEG laminates. 
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Figure 4.5. (a) Normalized resistance (R/R0) of TPEG/EGaIn composite wires as a function 

of tensile strain. (b) The change in normalized resistance upon cycling to 500% strain. The 

theoretical prediction included as a solid line in (a) is determined from R = (L/L0)
2
, where L 

denotes the wire length and L0 represents the initial length at rest. The solid line in (b) serves 

to connect the data. 
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Figure 4.6. Cyclic uniaxial tensile tests with an incremental 200% step strain of the TPEG 

composed of 20 wt% SEBS at ambient temperature. The inset shows the hysteresis energy 

density (EH) as a function of the maximum strain in each cycle, and the solid line serves as a 

guide for the eye.  
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Figure 4.7. A TPEG/EGaIn composite wire prior to recycle (top) and after 10 min of 

immersion in a mixture of toluene and HCl acid (bottom). The copolymer and oil dissolve 

completely in the toluene phase, whereas the density of EGaIn and the presence of acid cause 

the metal to bead up in the bottom of the dish. 
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CHAPTER 5 

Phase-Change Thermoplastic Elastomer Blends for 

Tunable Shape Memory by Physical Design*
À
 

 

 

Abstract 

Shape-memory polymers (SMPs) change shape upon exposure to an environmental 

stimulus.
1-3

 They are of considerable importance in the ongoing development of stimuli-

responsive biomedical
4,5

 and deployable
6
 devices, and their function depends on the presence 

of two components.
7
 The first provides mechanical rigidity to ensure retention of one or more 

temporary strain states and also serves as a switch capable of releasing a temporary strain 

state. The second, a network-forming component, is required to restore the polymer to a prior 

strain state upon stimulation. In thermally-activated SMPs, the switching element typically 

relies on a melting or glass transition temperature,
1-3,7

 and broad or multiple switches permit 

several temporary strain states.
8-10

 Chemical integration of network-forming and switching 

species endows SMPs with specific properties.
8,10,11

 Here, we demonstrate that phase-change 

materials incorporated into network-forming macromolecules yield shape-memory polymer 

blends (SMPBs) with physically tunable switching temperatures and recovery kinetics for 

use in multi-responsive laminates and shape-change electronics. 

 

 

 

 

 

*This chapter is under review at time of dissertation submission. 
À
See Appendix B for adjoining Supplemental Information.  
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5.1. Introduction 

Phase-change materials are of growing interest in home and office construction to 

regulate temperature and use energy more efficiently.
12,13

 At their melting temperature (Tm), 

heat is absorbed from the local environment under isothermal conditions. Since the phase 

transition is reversible, heat is likewise released upon cooling. Normal hydrocarbons are 

appealing as abundant and sustainable phase-change materials because they possess 

relatively high latent heats at Tm.
14

 Macromolecules to which a phase-change material is 

added must form an elastic network capable of reshaping SMPBs upon stimulation. While 

numerous thermoplastic elastomers (TPEs) are suitable for this purpose,
15

 we consider a 

triblock copolymer due to its relatively simple molecular architecture.
16

 At typical 

application temperatures, the minority endblocks are rigid (often glassy), whereas the low-Tg, 

majority midblock is flexible (rubbery). Incompatibility between the blocks promotes self-

assembly of copolymer molecules into the same nanoscale morphologies reported
17

 for 

diblock copolymers. In triblock copolymers, however, the rigid microdomains act as physical 

cross-links that stabilize a rubbery network. 

Inspired by previous studies of thermoplastic elastomer gels (TPEGs) containing a 

midblock-selective oil to generate hyperelastic soft materials
18,19

 and the efforts of Wu et 

al.
20,21

 to achieve shape memory by adding paraffin wax to TPEs, we illustrate the basic 

mechanism of SMPBs in Figure 5.1a. Here, the TPE is a commercial poly[styrene-b-

(ethylene-co-butylene)-b-styrene] (SEBS) triblock copolymer, and the phase-change 

additives are crystallizable hydrocarbons, each designated HCn, where n denotes the number 

of carbon units. Unlike prior efforts
20,21

 to generate SMPBs with wax, each HCn possesses 
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well-defined thermal properties. Moreover, as described in the Experimental section, the 

process developed for preparing TPE/HCn blends systematically derives from TPEGs. At 

low temperatures (below Tm) in Figure 5.1a, the TPE establishes a contiguous network of 

rubbery olefinic midblocks (green) stabilized by glassy styrenic micelles (red). The HC 

crystallizes in the midblock-rich matrix and forms an opaque blend due to the presence of 

HC crystals. Upon heating to T > Tm, the crystals melt and an ultrastretchable, transparent 

TPEG capable of being strain-cycled with little mechanical hysteresis forms. At this 

temperature, the TPEG is deformed to a temporary strain state and then cooled to T < Tm to 

induce HC crystallization and lock-in (fix) the new strain state. Upon reheating to T > Tm, the 

TPE/HCn blend fully recovers so that the cycle can be repeated. 

 

5.2. Experimental 

The SMPB samples were prepared by first dissolving the SEBS copolymer (31 wt% 

styrene, number-average molecular weight = 144 kDa and polydispersity index < 1.10; 

Kraton Polymers), HC20 (99%, Fisher Scientific), HC30 (98%, Sigma Aldrich), HC40 

(Ó95%, Sigma Aldrich), and TR (molecular weight = 230 Da, ExxonMobil Chemicals) at 

predetermined quantities in toluene (Ó99.5%, Fisher Scientific) so that the total solids content 

was 5 wt%. Resultant solutions were hot-cast and dried in Teflon
TM

 molds at T > Tm of the 

HC utilized to prevent crystallization, followed by thermal annealing under vacuum at 120°C 

for 24 h. This systematic procedure, derived from previous studies
18,19

 of TPEGs, 

fundamentally differs from previous efforts
20,21

 to generate TPE/wax blends stochastically 

varying in phase miscibility through the use of solvent-induced precipitation. Melt pressing 
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was used to produce films at 140°C and fabricate channels for electrical devices at 100°C.
25

 

Where necessary, thermal welding of SMPB films was accomplished by positioning 

pressed/molded films and subsequently heating the assembly to 140°C for 30 min. For 

electrical devices, eutectic gallium indium (EGaIn, Indium Corporation) was syringe-fed into 

microfabricated channels. The DSC tests were performed on a TA Instruments Discovery 

unit at a heating rate of 10°C/min. Concurrent SAXS/WAXS was conducted on beam line 

12-ID-B in the Advanced Photon Source at Argonne National Laboratory, and a Linkam 

TMS600 hot-stage permitted precise temperature control between 20 and 80°C. Shape-

memory properties were measured by either DMTA on a TA Instruments RSA-III or image 

analysis with a high-resolution digital camera. Examples of the procedure employed to 

extract measurements from digital images are provided in Figure B.6, and specimen 

replicates indicating the level of reproducibility are supplied in Figure B.7. The electrical 

properties of EGaIn-containing conductive specimens were assessed using a 4-point probe 

setup. 

 

5.3. Results and Discussion 

We establish the physical properties of SMPBs by first examining the thermal signatures 

of three phase-change materials ð HC20 (n-eicosane), HC30 (n-triacontane) and HC40 (n-

tetracontane) ð incorporated into the TPE at 80 wt% HC. In Figure 5.1b, differential 

scanning calorimetry (DSC) thermograms indicate that each HC exhibits a sharp melting 

endotherm and that the peak position at Tm increases with n. Figure 5.1c verifies that Tm 

values extracted from such thermograms compare favorably with those of pure HCs,
13,22
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implying that HC crystals are largely unaffected by the TPE at compositions where the HC 

resides in the continuous matrix (70 and 80 wt% HC). Moreover, the area under each peak in 

Figure 5.1b yields the specific heat of melting (DHm). The ratio of DHm measured from the 

blends to that of the pure HCs (248, 252 and 272 J/g for HC20, HC30 and HC40, 

respectively
13

) provides the crystallinity (Xc). In the TPE/HCn blends examined, values of 

Xc,blend range from 69 to 75% (see Figure 5.1c for values). If only the crystallizable species is 

considered, then Xc,cryst varies from 86 to 94%, confirming that ~90% of the HC molecules 

crystallize in the presence of the TPE. In marked contrast, Xc is much lower (2-40%) in 

SMPs.
23

 One other noteworthy feature in Figure 5.1b is that a ternary HC mixture added to 

the TPE retains the individual (albeit shifted) melting point of each HC so that multiple 

thermal switches can be controllably introduced and judiciously spaced. 

Combined small-angle/wide-angle X-ray scattering (SAXS/WAXS) tracks the 

temperature-dependent morphological evolution of a 20/80 w/w TPE/HC30 blend fixed at 

200% in Figure 5.1d (with corresponding TPE/HC20 blends presented in Figures B.1 and 

B.2). At ambient temperature, scattering from the TPE morphology at low scattering vector 

(q) values reveals the presence of a poorly ordered morphology. At higher q, the sharp peaks 

are indicative of crystalline HC30. As the temperature is increased beyond Tm to 80°C, the 

high-q peaks vanish and low-q peaks positioned according to a body-centered cubic 

morphology emerge as the SMPB converts into a TPEG and recovers. Upon subsequent 

cooling, the high-q peaks appear again as the HC30 molecules recrystallize, while the low-q 

peaks again become diffuse due to a poorly ordered TPE morphology. Integrated peak 

intensities measured from binary 20/80 w/w TPE/HC20 and TPE/HC30 blends, as well as a 
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ternary 20/40/40 w/w/w TPE/HC20/HC30 blend, are displayed as functions of temperature at 

both low-q (Figure 5.1e) and high-q (Figure 5.1f). As the temperature of the binary blends 

approaches Tm, the peak intensity at high-q drops while that at low-q concurrently increases. 

The inset included in Figure 5.1f (and Figure B.3) demonstrates that these SMPBs can be 

thermally cycled with no loss of structural detail at either length scale. In the ternary blend, 

peak intensities at low- and high-q signify the presence of two correlated changes, indicating 

that two distinct crystal populations occupy the TPE matrix. 

Figure 5.2a displays a sequence of uniaxial strain, stress and temperature measurements 

acquired by dynamic mechanical thermal analysis (DMTA) from a 20/80 w/w TPE/HC20 

blend, which is first heated to ~60°C (above Tm = 38°C) to form a TPEG and then strained to 

170%. Shortly after this strain state is reached, the temperature is lowered to 34°C under 

isostrain conditions. When T = Tm, the stress is removed and the strain drops slightly to 

164%, resulting in a strain fixity of 96.5%. Fixity levels of 95+% are common in these 

SMPBs. Upon reheating to 70°C, the temporary strain drops, and the blend recovers, when T 

= Tm. While the rate of recovery is relatively slow, instantaneous recovery indicative of an 

elastomer is achieved when the SMPB is abruptly heated to T > Tm. The thermomechanical 

results included in Figure 5.2a provide evidence for shape recovery by an SMPB designed 

with a single thermal switch (one HC). In addition to preparing SMPBs with multiple HCs 

and, therefore, several thermal switches, the present SMPBs can be fabricated into 

macroscopic laminates wherein each layer is programmed with a different switching 

temperature. 
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Thermal welding two or more SMPB films together at temperatures above the TPEG 

lattice-disordering temperature promotes the formation of mixed molten micelles that ensure 

film adhesion.
25

 The laminate displayed in Figure 5.2b consists of two 20/80 TPE/HC films, 

film 1 with HC20 and Tm,1 and film 2 with HC30 and Tm,2, melt-welded at 140°C. Once 

formed, the laminate is uniaxially stretched to 100% strain at 70°C and fixed by rapid 

cooling so that Tm,2 > Tm,1 > T to lock-in the desired strain state. Increasing the temperature 

above Tm,1 allows the TPE/HC20 film to return to its original length. Due to interfacial 

adhesion between the films, however, film 2 accommodates the recovery of film 1 by curling 

the laminate into a new strain state. At T > Tm,2, shape recovery is complete. As indicated in 

Figure B.4, more complex intermediate shapes are possible for bilaminates. The number and 

types of temporary strain states achievable depend on the number and arrangement of 

HCs/laminates employed. Prior studies have welded molded TPEGs to fabricate contiguous 

channels for flexible electronics.
24

 Imbibing such TPEG constructs with liquid metal
25

 yields 

conductors that exhibit excellent mechanical extensibility and flexibility with negligible 

mechanoelectrical hysteresis. Figure 5.2c demonstrates that metal-containing SMPBs exhibit 

similar behavior even with out-of-plane (coiled) strain states. The normalized resistance 

values included in Figure 5.2d indicate that the electrical properties of the temporary strain 

states likewise display good agreement with predicted behavior, establishing that such SMPB 

composites behave as low-hysteresis shape-memory wires. The inset in Figure 5.2d affirms 

that this approach extends to 2-D patterns for shape-memory antennae. 

Incorporation of a second midblock-compatible additive, such as hydrogenated 

polycyclopentadiene tackifying resin (TR) with a glass transition temperature (Tg) of 74°C, 
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to TPEGs results in time-composition rheological equivalence,
26

 which provides similar 

mechanical property information as classical time-temperature superpositioning, but under 

isothermal conditions. According to the thermograms presented in Figure 5.3a for a 

TPE/HC/TR ternary blend with 20 wt% TPE and a range of TR mass percents (wTR) in the 80 

wt% HC/TR mixture, addition of TR to SMPBs promotes systematic decreases in both Tm 

and DHm (crystallinity). Nearly linear reductions in Tm and Xc,blend with increasing wTR are 

visible in Figure 5.3b and reveal that these thermal properties are composition-tunable. 

Included in Figure 5.3b are values of Xc,cryst, which indicate that, in a 50/50 w/w HC/TR 

mixture, more than 85% of the HC molecules crystallize so that high-fidelity fixation is 

retained. When wTR is increased to 60 wt% and Xc,cryst drops to 75%, however, the HC 

crystals fail to fix a temporary strain, suggesting that the HC crystals do not provide a 

sufficient load-bearing framework. The TR loading level at which shape memory is no longer 

achieved depends on the restorative capability of the TPE network, dictated by the TPE 

content. In a TPE/HC20/TR blend with 30 wt% TPE, this TR concentration decreases to 50 

wt% (cf. Figure B.5). 

While TR influences the HC-regulated switching temperature in ternary SMPBs, it also 

affects the recovery kinetics, as evidenced by the results in Figures 5.3c and 5.3d for blends 

with 20 and 30 wt% TPE, respectively, fixed at 100% strain and subsequently heated to Tm. 

In both cases, increases in the TR content accelerate shape recovery even though Tg,TR > 

Tm,HC. This counterintuitive outcome can be explained by considering the miscibility of the 

TR/HC matrix. Increasing the concentration of glassy TR disrupts the formation of HC 

crystals, as observed in Figures 5.3a and 5.3b and depicted in the top panel of Figure 5.3e. 
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Once the HC crystals melt, liquid HC plasticizes the TR. Since the Tg of HC20 is -116°C,
27

 

the Tg of the 50/50 w/w HC20/TR mixture is estimated from the Fox-Flory equation to be 

-57°C, in which case the matrix with the highest TR concentration (in Figure 5.3c) remains 

liquid-like at Tm. This state is illustrated in the bottom panel of Figure 5.3e. As the Tm and 

Xc,cryst values of the HC crystals are reduced, less energy is required to induce melting and so 

liquefaction of the matrix occurs more rapidly. In the 20 wt% TPE blends, the time to 50% 

recovery drops 78% as the TR loading is increased from 0 to 50 wt%, whereas SMPBs with 

30 wt% TPE exhibit faster restoration and a 76% reduction in recovery time as the TR 

loading level is increased to 40 wt% TR. Differences in recovery kinetics due to TPE content 

are expected to reflect the network density. This is not the case, however, when actuation 

time is presented as a function of Xc,blend in the inset of Figure 5.3d. 

 

5.4. Conclusions 

Unlike SMPs that (i) chemically integrate network-forming and switching moieties and 

(ii ) possess fixed thermomechanical properties specific to the moieties chosen,
8-11,23

 SMPBs 

can be physically generated from a wide range of network-forming TPEs and various rubber-

compatible, crystallizable organic species. The thermal properties of phase-change materials 

such as normal hydrocarbons, which have recently been reported
28

 to exhibit unexpected 

crystallization attributes, endow SMPBs with precise tunability in terms of switching 

temperature and energy, with little mechanical hysteresis and high strain fixity and recovery 

levels. These straightforward and inexpensive systems are recyclable, and they provide 

insight into the crystallization of relatively small molecules residing in a contiguous polymer 
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network. Physical incorporation of a second midblock-compatible species, a tackifying resin, 

promotes additional tunability of shape-change properties and recovery kinetics, which can 

be critically important in microfluidics.
29

 While the results presented here showcase several 

property and functional benefits of SMPBs, contemporary applications such as shape-

memory earphones activated by body heat and bimorphic
30

 constructs fabricated from 

welded multilaminates are anticipated as the versatile properties of SMPBs are explored 

further. In the spirit of physical blending, SMPBs can be designed for specific uses and 

produced with relative ease. 
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Figure 5.1. (a) Schematic diagram of a TPE/HC-designed SMPB (from left to right) relaxed 

at ambient temperature, heated above Tm of the HC, deformed to a temporary strain state, 

cooled below Tm to fix the temporary strain state, heated above Tm to promote strain 

recovery, and cooled again to permit strain-thermal cycling. (b) DSC thermograms acquired 

from SMPBs containing one or three HCs (labeled and color-coded). (c) Tm as a function of 

carbon number (n) for HCs incorporated into a TPE. The solid line corresponds to Tm for 

pure HCs predicted
23

 by [2347(n ï 2) + 1953(2)]/[56.5 ï 19.2logs + 9.2t], where s = 0.97 is 

a rotational symmetry parameter and t = 0.61(n ï 2) ï 1 relates to the number of torsional 

angles within the HC. Values of Xc,blend and Xc,cryst discerned from the latent enthalpies of 

melting are tabulated in (c). (d) Combined SAXS/WAXS intensity profiles acquired from a 

20/80 w/w TPE/HC30 SMPB initially fixed at 200% strain upon progressively heating to 

80°C (top half) and re-cooling to 23°C (bottom half). Integrated peak intensities calculated 

from the low-q and high-q regimes identified in (d) are presented for three SMPBs (labeled 

and color-coded) in (e) and (f), respectively. The inset in (f) displays high- and low-q 

integrated peak intensities (black and red lines, respectively) for a 20/80 w/w TPE/HC20 

SMPB upon thermal cycling. 
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Figure 5.2. (a) Time-dependent sequence of uniaxial strain, nominal stress and temperature 

measurements (color-coded) acquired from a 20/80 w/w TPE/HC20 SMPB. The dashed 

horizontal line identifies Tm. (b) Series of optical micrographs acquired from a bilaminate 

SMPB illustrating the two temporary strain states achieved with two different HCs differing 

in Tm (see text). (c) Optical micrographs of a 20/80 w/w TPE/HC20 SMPB fabricated with a 

centerline channel, imbibed with liquid metal (dark feature) and strained into a coil upon 

heating above Tm to form a shape-memory conductor. Normalized resistance values 

measured from replicates strained to different levels are provided in (d), along with 

calculated values based exclusively on the assumption of a constant square-channel cross-

section (solid line). Included in (d) is a 2-D pattern, indicating that these conductive SMPBs 

can be used as shape-memory antennae.  
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Figure 5.3. (a) DSC thermograms measured at different concentrations of a tackifying resin 

(wTR) in the HC/TR mixture incorporated into the 20 wt% TPE matrix of the SMPB. Values 

of Tm and crystallinity (Xc,blend and Xc,cryst) are presented as functions of wTR in (b, color-

coded). While the solid and dashed lines are intended to serve as guides for the eye, both Tm 

and Xc,blend appear to decrease linearly with increasing wTR. The shaded region identifies the 

range of Xc,cryst for SMPBs that are capable of fixing a temporary strain state. Strain recovery 

kinetics are displayed at different TR loading levels for TPE/HC20/TR SMPBs with 20 and 

30 wt% TPE in (c) and (d), respectively. The times required to reach 50% (fuchsia) and 90% 

(green) recovery are included as a function of Xc,blend in the inset of (d) for SMPBs with 20 

(circles) and 30 (triangles) wt% TPE. The solid lines are linear regressions to the data. (e) 

Schematic depictions of a strain-fixed TPE/HC/TR ternary SMPB before (top) and after 

(bottom) heating above Tm. 
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CHAPTER 6 

Morphological Investigation of Midblock-Sulfonated Block Ionomers Prepared 

from Solvents Differing in Polarity*  

 

Abstract 

Recent developments regarding charged multiblock copolymers that can form physical 

networks and exhibit robust mechanical properties herald new and exciting opportunities for 

contemporary technologies requiring amphiphilic attributes. Due to the presence of strong 

interactions, however, control over the phase behavior of such materials remains challenging, 

especially since their morphologies can be solvent-templated. In this study, transmission 

electron microscopy and microtomography are employed to examine the morphological 

characteristics of midblock-sulfonated pentablock ionomers prepared from solvents differing 

in polarity. Resultant images confirm that discrete, spherical ion-rich microdomains form in 

films cast from a relatively nonpolar solvent mixture, whereas an apparently mixed 

morphology with a continuous ion-rich pathway is generated when the casting solvent is 

more highly polar. Detailed 3D analysis of the morphological characteristics confirms the 

coexistence of hexagonally-packed nonpolar cylinders and lamellae, which facilitates the 

diffusion of ions and/or other polar species through the nanostructured medium. 

 

*This chapter has been published in its entirety: 

K. P. Mineart , X. Jiang, H. Jinnai, A. Takahara, R. J. Spontak. Macromol. Rapid Commun. 2015, 

36, 432ï38.  
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6.1. Introduction 

Block copolymers remain one of the most extensively studied classes of macromolecules 

to date mainly because of their fascinating ability to spontaneously self-organize into a wide 

variety of ordered nanostructures as a result of thermodynamic incompatibility between the 

blocks.
1,2

 Because of their surfactant-like nature, these materials are also of considerable 

interest as compatibilizing agents in bulk polymer blends
3
 and stabilizing agents in thin-film 

polymer laminates.
4
 The most commonly encountered periodic morphologies in bicomponent 

AB diblock and ABA triblock copolymers include spheres positioned on a body- or face-

centered cubic lattice, cylinders arranged on a hexagonal lattice, bicontinuous channels 

classified as the gyroid (with Ia3d symmetry), and alternating lamellae. Relatively recent 

additions to these categories include the Fddd network
5,6

 and the Frank-Kasper ů phase.
7
 

Chemical addition of a third dissimilar block to an AB diblock copolymer yields an ABC 

copolymer, which, depending on block lengths and incompatibilities, can exhibit 

significantly enriched phase behavior by microphase-ordering into various combinations of 

the morphologies listed above,
2,8-10

 as well as morphologies that are unique to ABC 

copolymers (e.g., the knitting pattern
11

 and twisted helices
12,13

).  

Linear multiblock copolymers
14

 composed of three or more blocks may also microphase-

order in such fashion as to generate another feature of considerable technological interest: a 

physically cross-linked molecular network. This is a signature characteristic of thermoplastic 

elastomers (TPEs),
15

 the simplest of which is an ABA triblock copolymer with glassy or 

semicrystalline terminal blocks and a rubbery middle block. In this case, both A-blocks of 

each copolymer molecule must co-locate in the microdomains of a single morphology to 
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ensure that the B-blocks can form flexible bridges to connect neighboring microdomains and 

form an equilibrium network.
16

 This network is responsible for the shape memory required 

in, for example, stretchable electronics,
17

 and the fraction of molecules that participate in 

network development is predicted by theoretical formalisms
18

 and molecular simulations
19

 to 

depend on copolymer morphology. Physical incorporation of a midblock-selective, low-

volatility organic solvent into a nonpolar TPE tends to swell the molecular network, thereby 

yielding a thermoplastic elastomer gel (TPEG) at low copolymer concentrations (but above 

the critical gel concentration).
20-23

 These soft materials possess highly tunable 

(electro)mechanical properties and are of considerable interest in the development of 

dielectric elastomers,
24-27

 flexible electronics
28

 and microfluidic substrates.
29

  

In some instances, ABA triblock copolymers have been specifically designed with a 

nonionic hydrophilic (typically ethoxylated
30-32

) middle block to facilitate inclusion of water, 

ionic liquids or other polar liquids for use in contemporary technologies such as personal-

care products, fuel cells and separation membranes.
33

 An alternative route by which to 

produce network-forming amphiphilic block copolymers is through the introduction of a 

charged middle block.
34,35

 The presence of ionic groups (e.g., sulfonates) in well-defined, 

connected microdomains provides a practical route to multifunctional polymeric materials 

with high ionic conductivity for use in fuel cells and other ion-exchange applications.
36

 

While the technological advantages of ion-containing block copolymers, or block ionomers, 

are apparent, understanding the phase behavior of this class of materials presents new 

challenges due to the existence of highly repulsive forces between ionic and nonionic groups 

in adjacent blocks (and a correspondingly high interblock incompatibility). Efforts designed
37
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to elucidate the phase behavior of sulfonated block ionomers (SBIs) have employed 

relatively low-molecular-weight designer materials (< 10 kDa) and, by doing so, established 

that thermal annealing has surprisingly little effect on morphological equilibration.  

In the present work, we use transmission electron microscopy (TEM) and transmission 

electron microtomography
38,39

 (TEMT) to scrutinize the morphological features of two 

relatively high-molecular-weight SBIs (83.6-89.2 kDa, depending on the extent of sulfona-

tion) derived from the same parent copolymer. These materials are mechanically robust and 

have been successfully used as separation membranes
40

 and electroactive polymers.
41

 

Previous studies reported by Choi et al.
42

 have monitored the nanostructural development of 

these SBIs in nonpolar (cyclohexane/heptanes) solutions and films cast therefrom. Here, we 

consider the effect of solvent polarity by utilizing two different solvent systems, and 

demonstrate that the ultimate SBI morphology is exquisitely solvent sensitive. 

 

6.2. Experimental  

Two poly[t-butyl styrene-b-(ethylene-alt-propylene)-b-(styrene-co-styrenesulfonate)-b-

(ethylene-alt-propylene)-b-t-butyl styrene] SBIs (with the respective blocks labeled as 

T-EP-S/sS-EP-T, as portrayed by the chemical structure provided in Figure 6.1a) were 

generously provided in film form by Kraton Polymers (Houston, TX). These ionomers were 

prepared by midblock-selective sulfonation of a parent pentablock copolymer (with 

corresponding block weights of 15-10-28-10-15 kDa) to different levels (26 and 52 mol% of 

the midblock in this work). The resulting materials are hereafter designated as SBI-x, where 

x represents the degree of sulfonation (DOS, expressed in mol%) of the sulfonated-styrene 

http://www.chemspider.com/Chemical-Structure.7220.html
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midblock. Films were prepared by first dissolving the SBIs in either pure tetrahydrofuran 

(SBI-x-THF) or an 85/15 v/v toluene/isopropyl alcohol mixture (SBI-x-TIPA) to produce 2 

wt% solutions. [As-received specimens (SBI-x-AR), which are commercially cast from 

cyclohexane (CH), were also examined for comparative purposes.] Solvent dielectric 

constants (k) were used to assess polarity differences among the casting solvents employed: 

kTHF = 7.43, kTIPA = 4.91 and kCH = 2.02.
43

 Films resulting from solution casting, followed by 

solvent evaporation, measured å 110 mm thick and were further processed for TEM(T) via 

two different protocols. In the first, cast films were sectioned to a thickness of 40-80 nm on a 

Leica UC7 ultramicrotome maintained at -85°C, and subsequently stained with RuO4 vapor 

at a pressure of 500 Pa for 30 min. Alternatively, bulk films were immersed in a saturated 

Pb[acetate]2 solution for 8 h, followed by vacuum drying for 12 h, prior to ultrasonic-assisted 

sectioning to similar thicknesses on the same unit at ambient temperature.  

After sectioning in both cases, electron-transparent specimens were coated with (i) a thin 

layer of evaporated carbon measuring 20 nm thick to reduce beam damage and (ii ) gold 

nanoparticles measuring 5 nm in diameter to facilitate image analysis in TEMT. Single and 

serial images were acquired on a JEOL JEM-2200FS microscope operated at an accelerating 

voltage of 200 kV. Images for TEMT were collected at tilt angles ranging from -75° to +75° 

in 1° increments along a single-tilt axis, and aligned with the gold fiducial markers. 

Tomography was restricted to specimens stained with Pb[acetate]2 because they were more 

stable under the electron beam than their RuO4-stained analogs. Negligible dimensional 

changes caused by beam damage were confirmed by quantitatively comparing the positions 

of the fiducial markers on images at 0° tilt before and after collection of the tilt series. 
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Aligned and mass-normalized image sets were reconstructed using the filtered (r-weighted) 

back-projection method,
44

 and reconstructed volume elements were generated through the 

use of qualitative pixel thresholding. 

 

6.3. Results and Discussion 

Block copolymer morphologies are imaged frequently by TEM and occasionally by 

TEMT.
45,46

 Both techniques require sufficient phase contrast for imaging purposes. Since the 

SBIs investigated here possess insufficient inherent contrast for TEM(T) imaging on the 

basis of their atomic composition, the two chemical staining methods described in the 

Experimental section are employed in this study to enhance phase contrast in complementary 

fashion. The first relies on the reaction of RuO4 vapor with the t-butyl styrene (T) endblocks 

and the non-sulfonated styrene (S) units in the midblock. While RuO4 can also be used to 

stain the amorphous regions of aliphatic polymers such as polyethylene, polypropylene and 

copolymers thereof [ethylene-alt-propylene (EP)], these reactions generally require longer 

exposure times than that used here. The second staining procedure exploits the ion-exchange 

potential of these SBIs by replacing H
+
 ions on the sulfonated styrene (sS) midblock units 

with heavy metal cations (cf. Figure 6.1a). For this purpose, Pb[acetate]2 has been chosen as 

a source of Pb
2+

 ions to ensure high phase contrast for TEMT imaging and improve specimen 

stability under the high energy electron beam. 

Due to its intrinsically polar nature, the S/sS block is expected to be the most strongly 

segregated of the three chemically dissimilar blocks comprising the SBIs. Images of the SBI-

52-AR specimen subjected to RuO4 and Pb[acetate]2 staining are provided for comparison in 
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Figures 6.1b and 6.1c, respectively, and clearly reveal that the staining agents yield reverse 

contrast. In both cases, the images display a disordered spherical morphology. In Figure 6.1b, 

the RuO4 stain targets the T and EP blocks, as well as the S units in the S/sS midblock, 

depicted in Figure 6.1a. The Pb[acetate]2 stain only reacts with sS units (thereby making the 

S/sS blocks more electron dense than the other blocks present), which confirms that the 

spherical microdomains evident in Figure 6.1c consist of the S/sS blocks. Further comparison 

of Figures 6.1b and 6.1c reveals that RuO4 is not very effective at staining the S units in the 

S/sS midblock. Measurement of spherical domain diameters from images such as these 

permits a more quantitative comparison between the two staining methods: 17.1 ± 2.3 nm 

from RuO4 and 22.6 ± 2.9 nm from Pb[acetate]2. We propose that the discrepancy in size 

may reflect a diffuse S/sS layer along the periphery of the spherical microdomains (allowing 

for RuO4/S or Pb[acetate]2/sS staining). A remarkably similar morphology is evident in an 

image of the SBI-52-TIPA specimen, stained with Pb[acetate]2 and presented in Figure 6.1d. 

In this case, the spherical microdomains measure 23.4 ± 2.4 nm in diameter, which agrees 

favorably with those in the SBI-52-AR material. Such close agreement implies that the TIPA 

co-solvent introduced here promotes micellization of the S/sS blocks in similar fashion as the 

nonpolar (CH) solvent environment used in production of the as-received material.
42

 For 

further comparison, the SBI-26-AR material likewise possesses spherical microdomains 

measuring 18.6 ± 2.7 nm in diameter (which is consistent with the lower DOS) and 

displaying less evidence of impingement due to their smaller size, which can be noted in 

Figure 6.2. 

Substitution of THF for TIPA as the casting solvent yields the results shown in Figure 
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6.3. As with the images presented in Figure 6.1, the RuO4 and Pb[acetate]2 stains are 

observed to generate reverse phase contrast upon comparing Figures 6.3a and 6.3b, 

respectively. The primary solvent-induced difference evident here is that, unlike the AR- and 

TIPA-cast specimens, the THF-cast material exhibits a highly ordered morphology that 

appears to be composed of either hexagonally-packed cylinders oriented in orthogonal 

directions or a combination of cylinders and lamellae. The apparent uncertainty associated 

with this issue is resolved later. On the basis of the staining targets discussed in relation to 

Figure 6.1, we conclude that the upright cylinders are composed of T and EP blocks with 

diameters that measure 33.6 ± 1.2 nm from RuO4 staining and 32.6 ± 1.7 nm from 

Pb[acetate]2 staining, whereas the matrix in which the cylinders reside consists primarily of 

S/sS blocks. This same assignment holds for the lamellae, which exhibit two distinctly 

different thicknesses: the ion-rich lamellae are significantly thinner (12.3 ± 1.9 nm from 

RuO4 staining and 14.1 ± 1.3 nm from Pb[acetate]2 staining) than the nonpolar lamellae (24.9 

± 1.9 nm from RuO4 staining and 29.0 ± 1.4  nm from Pb[acetate]2 staining).  

The dissimilar lamellar thicknesses evident in Figures 6.3a and 6.3b can be analyzed in 

terms of the SBI-52 composition, since the S/sS midblock accounts for 43.4 vol% of the 

ionomer.
42

 The experimental lamellar ratio (å 2:1 in both cases) indicates that this fraction 

should be closer to 33 vol%, suggesting that some of the randomly distributed
47

 S and sS 

units comprising the S/sS midblock reside with the nonpolar T and EP blocks. Included for 

comparison in Figure 6.3c is an image acquired from the SBI-26-THF material, which 

likewise displays coexisting nonpolar cylinders and lamellae. While the mean cylindrical 

diameter (31.3 ± 0.7 nm) is comparable to that measured in the SBI-52-THF system, the 
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lamellae appear noticeably thinner: 22.2 ± 1.1 (nonpolar) and 9.3 ± 1.1 (ion-rich) nm. In this 

material, the lower DOS translates into a smaller S/sS occupied volume (41.6 vol%),
42

 which 

accounts for the reduction in the ion-rich lamellar thickness. The measured lamellar ratio 

yields a reduced S/sS content (30 vol%) that also happens to be å 10 vol% lower than what is 

expected from the copolymer composition. As with the SBI-52-THF system, this difference 

is attributed to the presence of S and sS units from the S/sS midblock in the T/EP lamellae. A 

unique feature observed in the SBI-26-THF ionomer (cf. Figure 6.3c and Figure 6.4) is the 

existence of relatively large, nonuniform regions where Pb[acetate]2-stained S/sS-rich 

lamellae abruptly terminate or become completely isolated. Such regions are attributed to the 

net reduction, as well as the likelihood of localized fluctuations, in the sS content of SBI-26. 

A reverse-contrast TEMT 3D image of the SBI-52-AR material is shown in Figure 6.5a 

along three viewing angles and qualitatively supports the previously reported
42

 conclusion 

that the S/sS spheres are tightly packed and approach being percolated. Close examination of 

the image in this figure strongly suggests that the S/sS microdomains are elliptical, rather 

than spherical. Such deformation could be the result of several considerations: (i) the 

microdomains were mechanically sheared during sectioning; (ii ) the microdomains reside so 

close together that they impinge upon each other; or (iii ) the high DOS drives the 

microdomains toward the cylindrical phase boundary during solvent removal. Preparation of 

SBI-52 films from the more polar solvent (THF) results in the mixed morphologies seen in 

Figure 6.3. Often, microphase-ordered block copolymers that appear to be lamellar in 2D 

projections are actually in-plane cylinders oriented parallel to the specimen surface (i.e., 

normal to the electron beam).
48

 Therefore, it is conceivable that the hypothesized mixed 
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morphology actually consists of cylinders oriented along orthogonal directions. Moreover, on 

the basis of both experimental observations
49

 and theoretical predictions,
50

 the bicontinuous 

gyroid (or metastable perforated lamellar) morphology is expected to exist between cylinders 

and lamellae. A TEMT image of the SBI-52-THF system is included in Figure 6.5b (under 

the same display conditions as Figure 6.5a) to provide qualitative evidence that a mixed 

morphology excluding the gyroid morphology does indeed develop in this material upon 

removal of THF. Recent results acquired from synchrotron small-angle scattering 

furthermore substantiate that, upon solvent-vapor annealing, the mixed morphology converts 

completely to lamellae.
51 

To perform a more rigorous quantitative analysis of the TEMT data, we first select a 

series of cross-sectional traces normal to the lamellae. The positions of example traces are 

provided in the lateral image presented in Figure 6.6a, whereas the corresponding cross-

sectional slices along the specimen thickness are numbered in Figure 6.6b. These extracted 

slices reveal that almost all of the lamellae (both stained and unstained) curve in similar and 

concave fashion to the left. If they were cylinders, the thick (nonpolar-rich) lamellae would at 

least exhibit alternating curvature and, more likely, show evidence of closed circles in cross-

section. The mean radius of curvature measured from the unidirectionally curved lamellae in 

these slices is 30.4 ± 7.1 nm (lamellae appearing straight in cross-section are not included in 

this analysis as they would possess an infinite radius of curvature). Since the radius of 

upright nonpolar cylinders is much lower (16.3 ± 0.8 nm), it is highly doubtful that the 

lamellae-appearing elements are in-plane cylinders, in which case the curvature reported 

above most likely reflects inherent bending of the lamellae or a shearing artifact induced 
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during specimen preparation. This conclusion is supported by the observation that the cross-

section of gold nanoparticles utilized as fiducial markers for image alignment in TEMT 

appear nearly circular (cf. the inset in Figure 6.6b). 

 

6.4. Conclusions 

Midblock-sulfonated multiblock ionomers exhibit ordered nanostructures that can 

strongly impact a wide range of ion-exchange technologies and concurrently afford desirable 

mechanical properties. A fundamental understanding of, as well as precise control over, the 

phase behavior of these complex materials remains lacking, however, due to the formation of 

morphologies that appear templated by the polarity of the casting solvent. We have employed 

TEM and TEMT to explore two distinctively different morphologies produced by varying the 

casting solvent, and independent specimen preparation and staining strategies confirm the 

morphologies observed. The materials as-received and cast from a mixed nonpolar/polar 

solvent display ion-rich spherical microdomains, which suggests that the polar solvent 

evaporated early during nanostructure development and the ionomer was effectively 

templated by the nonpolar species. Alternatively, the use of a single polar solvent results in 

coexisting nonpolar cylinders and lamellae, as confirmed by a cross-sectional curvature 

analysis of 3D TEMT images. While various mixed morphologies have been previously 

observed
52

 in block copolymers, the sulfonated midblocks in the present system comprise 

lamellae and the matrix wherein nonpolar cylinders reside, thereby providing a continuous 

pathway through which ions and other polar species can diffuse. Our results highlight the 

importance of solvent choice in controlling the phase behavior of block ionomers, motivate 
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reconsideration of previous studies for potentially undiscovered phase behavior, and affirm 

the importance of 3D TEMT imaging when analyzing complex polymer nanostructures. 
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Figure 6.1. (a) The chemical structure of the SBI material examined here. Included are TEM 

images of the (b) RuO4-stained SBI-52-AR, (c) Pb[acetate]2-stained SBI-52-AR, and (d) 

Pb[acetate]2-stained SBI-52-TIPA materials, and the insets are enlargements to display finer 

detail. The electron opaque (dark) features in (b) correspond to nonpolar (T and EP) blocks, 

where as the light characteristics identity S/sS-rich nanostructural elements. The contrast is 

reversed in (c) and (d). 
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Figure 6.2. TEM image of the Pb[acetate]2-stained SBI-26-AR material. The most electron-

opaque objects correspond to gold nanoparticles. The S/sS blocks are selectively stained and 

appear dark, whereas the light features consist of unstained nonpolar blocks. 
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Figure 6.3. TEM images of the (a) RuO4-stained SBI-52-THF, (b) Pb[acetate]2-stained SBI-

52-THF, and (c) Pb[acetate]2-stained SBI-26-THF materials. The dark spherical speckles 

apparent in (b) are gold nanoparticles deposited on the film surface for image alignment 

purposed in TEMT. Image contrast is the same as that described in the caption of Figure 6.1. 
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Figure 6.4. TEM images of the PB[acetate]2-stained SBI-26-THF material displaying 

relatively large, nonuniform areas such as the boxed region in (a), which is shown at higher 

magnification in (b). Dark nanostructural elements identify the stained S/sS blocks, and light 

features correspond to the unstained nonpolar blocks.  
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Figure 6.5. Isocontour 3D images acquired by TEMT of the Pb[acetate]2-stained (a) SBI-52-

AR and (b) SBI-52-THF materials displayed at three viewing angles. In these 

reconstructions, the contrast is reversed from earlier TEM images so that the white features 

identify ion-rich microdomains. Each reconstruction is å40 nm thick. 
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Figure 6.6. (a) A planar slice of the Pb[acetate]2-stained SBI-52-THF TEMT reconstruction 

wherein linear traces along the lamellar normal indicate the location of the cross-sectional 

(thickness) slices provide by number in (b). The cross-sectional view included in the inset in 

(b) confirms that the gold nanoparticles (circled) used for alignment purposes in TEMT are 

not severely distorted. 
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CHAPTER 7 

A Solvent-Vapor Approach Towards the Control 

of Block Ionomer Morphologies*  

Abstract 

Sulfonated block ionomers possess advantageous properties for a wide range of diverse 

applications such as desalination membranes, fuel cells, electroactive media, and 

photovoltaic devices. Unfortunately, their inherently high incompatibilities and glass 

transition temperatures effectively prevent the use of thermal annealing, routinely employed 

to refine the morphologies of nonionic block copolymers. An alternative approach is 

therefore required to promote morphological equilibration in block ionomers. The present 

study explores the morphological characteristics of midblock-sulfonated pentablock 

ionomers (SBIs) differing in their degree of sulfonation (DOS) and cast from solution 

followed by solvent-vapor annealing (SVA). Transmission electron microscopy confirms that 

films deposited from different solvent systems form nonequilibrium morphologies due to 

solvent-regulated self-assembly and drying. A series of SVA tests performed with solvents 

varying in polarity reveals that exposing cast films to tetrahydrofuran (THF) vapor for at 

least 2 h constitutes the most effective SVA protocol, yielding the anticipated equilibrium 

morphology. That is, three SBI grades subjected to THF-SVA self-assemble into well-

ordered lamellae wherein the increase in DOS is accompanied by an increase in lamellar 

periodicity, as measured by small-angle X-ray scattering. 

*This chapter is in press at time of dissertation submission: 

K. P. Mineart , B. Lee, R. J. Spontak. Macromolecules 2016.  
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7.1. Introduction 

The potential application of charged block copolymers, such as sulfonated block 

ionomers (SBIs), for use as fuel cell
1,2

 and water desalination
3-5

 membranes, as well as 

components in polymer actuators
6,7

 and flexible photovoltaic devices,
8
 has catapulted the 

popularity of these fascinating materials, which couple the valuable self-assembly attributes 

of block copolymers with the unique chemical properties of polyelectrolytes. Much like their 

homopolymer analogs,
9
 SBIs exhibit tunable iono/hydrophilicity due to chemical 

incorporation of ionic groups. What sets SBIs apart from commonly sulfonated 

homopolymers, however, is the ability of SBIs to self-assemble and microphase-separate into 

ordered nanostructures.
10,11

 Microphase separation of block copolymers generally stems from 

interblock thermodynamic incompatibility (described by ɢN, where ɢ is the Flory-Huggins 

interaction parameter and N is the number of statistical units along the copolymer backbone) 

and results in the formation of nanoscale structural elements that can provide a wide array of 

benefits.
12,13

 With SBIs, the presence of such nanostructures permits independent control 

over the ion-rich and ion-lean microphases so that ion or water transport, for example, can be 

increased while mechanical stability is maintained.
14

 While early studies of SBIs focused 

extensively on endblock-sulfonated styrenic triblock copolymers,
15,16

 the present work 

focuses on midblock-sulfonated SBIs that can retain their physically-crosslinked molecular 

network even in the presence of polar solvents.
7
  

The spatial characteristics of block copolymer morphologies are usually expressed in 

terms of interfacial curvature and depend strongly on interfacial chain packing, which often 

directly relates to copolymer composition expressed in terms of block volume fractions (F). 
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The range of accessible morphologies is exemplified by considering the simplest case of an 

amorphous AB diblock copolymer. As the volume fraction of the A block (FA) is increased, 

the equilibrium morphology generally transitions from A-rich spheres positioned on a body- 

or face-centered cubic lattice to hexagonally-packed A-rich cylinders to bicontinuous gyroid 

channels and finally to alternating lamellae as FA­0.5. Upon increasing FA further, the 

inverted morphologies develop.
17

 The number of morphological possibilities grows 

dramatically as the number of chemically dissimilar blocks comprising the copolymer 

increases.
18-20

 Previous studies of linear ABC triblock copolymers have identified 

combinations of classical morphologies (e.g., spheres or cylinders on or within lamellae), as 

well as entirely novel nanostructures (e.g., the knitting pattern
21

 and helix-wrapped 

cylinders
22

). If one of the blocks is charged, however, the existence of ionic clusters 

frequently prevents block ionomers from attaining their equilibrium morphology.
23-25

 Balsara 

and co-workers
10

 have endeavored to overcome this complication by synthesizing diblock 

ionomers with relatively short block lengths and have established that block ionomers can 

order into the same morphologies as nonionic diblock copolymers. 

In addition to their intriguing self-assembly behavior, block copolymers composed of 

three or more blocks also possess the ability to organize into physically-crosslinked 

molecular networks.
26-28

 This molecular architecture is the basis for materials known as 

thermoplastic elastomers
29

 (TPEs) wherein the simplest example is an ABA triblock 

copolymer containing glassy A endblocks and a rubbery B midblock.  Upon microphase 

separation, the B midblocks of the copolymer are anchored at both ends to A-rich 

microdomains, which, in the case of bridged midblocks, serve to imitate covalent crosslink 
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sites in covalently-crosslinked elastomers and provide TPEs with considerably enhanced 

elasticity and toughness.
30,31

 Weiss and co-workers
15,16

 have successfully extended these 

beneficial elastic properties to higher temperatures by selectively sulfonating the glassy A-

rich (styrenic) microdomains. Such materials are, however, susceptible to endblock 

plasticization and accompanying loss of mechanical stability in applications where they come 

in contact with polar solvent molecules. One solution to this shortcoming is to sulfonate the 

midblock, rather than the endblocks, of the copolymer so that the glassy endblocks remain 

intact as physical crosslinks. Several independent studies
23-25,32-34

 have examined such 

network-forming SBIs and reported on their morphological characteristics and 

thermomechanical properties. One unrelenting challenge generally associated with SBIs is 

their frequent inability to reach morphological equilibrium. 

Thermal annealing, which is the most common equilibration approach for nonionic block 

copolymers, has been shown
35

 to be relatively ineffective with regard to morphological 

refinement in SBIs due largely to the high, often inaccessible, glass transition temperature 

(Tg) of the sulfonated block(s).
36

 To reduce the ability of ionic clusters to immobilize chains, 

solvent-based process steps such as solution casting and solvent-vapor annealing (SVA) must 

alternatively be considered. Solution casting inherently relies on drying kinetics and can 

likewise involve complex solution thermodynamics, resulting in the possibility of solvent 

templating
34,37

 and the formation of nonequilibrium nanostructures. Conversely, SVA 

enables macromolecular chains to become mobile and therefore respond to their chemical 

environment.
38,39

 In this regard, SVA has repeatedly proven
40-43

 successful in the refinement 

and reorientation of conventional block copolymer nanostructures in thin films (~10-100 nm 
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thick). In the same spirit as thermal annealing, SVA (i) plasticizes vitrified chains and thus 

increases chain diffusion and (ii ) reduces interfacial tension between copolymer 

microdomains by reducing ɢ. Helfand and Tagami
44

 have suggested that the effective ɢ for a 

copolymer in the presence of solvent (denoted ɢeff) can be expressed as a function of the 

solvent volume fraction (fS) and the degree of solvent selectivity by ɢeff = (1 - fS)(ɢAB + |ɢAS 

- ɢBS|), where A, B and S represent the A and B blocks and solvent, respectively. While later 

studies
45,46

 have interrogated the rigor of this relationship, it immediately follows that a 

relatively nonselective solvent (i.e., |ɢAS - ɢBS| å 0) can substantially reduce ɢeff. Although 

SVA appears to hold tremendous promise as a general and facile route by which to regulate 

the morphological characteristics and corresponding properties of block ionomers,
47

 only 

limited efforts
2
 have thus far explored the impact of SVA on midblock-sulfonated block 

ionomers. 

The present study explores the effects of both solvent casting and SVA on a midblock-

sulfonated pentablock ionomer. First, we examine the morphologies resulting from casting 

solvents differing in polarity. The resulting nanostructures establish the various 

nonequilibrium morphologies that can develop on the basis of casting solution alone. Next, 

examination of solvent-vapor polarity and time-dependent morphological transformations 

provides a fundamental understanding with regard to the effectiveness of SVA as a viable 

route to alter controllably the morphological characteristics of bulk SBI films. Finally, film 

morphologies generated after SVA conducted at conditions that yield near-equilibrium 

nanostructures are comprehensively characterized. 
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7.2. Experimental 

7.2.1. Materials 

Three commercial grades of a sulfonated pentablock ionomer poly[tert-butyl styrene-b-

(ethylene-alt-propylene)-b-(styrene-co-styrene sulfonate)-b-(ethylene-alt-propylene)-b-tert-

butyl styrene], schematically depicted in Scheme 7.1, were generously provided by Kraton 

Polymers (Houston, TX). According to the manufacturer, the block weights of the 

unsulfonated parent copolymer were 15, 10 and 28 kDa for each tert-butyl styrene (T), 

ethylene-alt-propylene (EP), and styrene (S) block for a total copolymer molecular weight of 

78 kDa. The midblock was subsequently sulfonated (S/sS) to 26, 39 and 52 mol%. These 

three copolymer grades are hereafter designated as SBI-x, where x denotes the degree of 

midblock sulfonation (DOS, in mol%). Toluene, isopropyl alcohol (IPA), tetrahydrofuran 

(THF), chloroform (CHCl3), and methanol (MeOH) employed in solvent casting and vapor 

annealing were all obtained from Fisher Scientific (Pittsburgh, PA) and used without further 

purification. Lead(II) acetate trihydrate (Pb[acetate]2[H2O]3) was provided by Acros 

Organics and used as-received. 

7.2.2. Methods 

Bulk SBI films were prepared by dissolving each SBI grade in either pure THF or an 

85/15 v/v toluene/IPA mixture (referred to as TIPA for brevity) at a concentration of 2 wt% 

SBI. Each solution was dried under ambient conditions in a Teflon
TM

 mold for 2-4 days, 

depending on solvent system and SBI grade. The resultant films were then subjected to 

vacuum at ambient temperature for 18 h to help remove residual solvent (exposing the films 
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to elevated temperatures was avoided to prevent material degradation). Dried films measured 

å110 mm thick. Selected films were subjected to SVA using a sealed-glass annealing 

chamber maintained at ambient temperature. Solvent vapor was produced by passive 

evaporation of a liquid solvent within the annealing chamber. The theoretical volume of 

solvent (vS) necessary for SVA was estimated from the ideal-gas relationship: vS = 

(MS/rS)(P
o
V/RT), where MS is the solvent molecular weight, rS is the solvent mass density, 

P
o
 corresponds to the saturated vapor pressure of the solvent at 25°C, V is the volume of the 

annealing chamber, R represents the universal gas constant, and T denotes absolute 

temperature. The volume of liquid solvent provided to the SVA chamber was in 1000% 

excess of this theoretical estimate to ensure a sufficient supply of solvent throughout the 

SVA process. Following SVA, films were transferred to a drying chamber maintained at 

ambient temperature with a small positive pressure of compressed air for 12 h. 

Film morphologies were examined using a combination of transmission electron 

microscopy (TEM) and small angle X-ray scattering (SAXS). Since TEM of soft materials 

such as those under examination here routinely relies on selectively staining of one or more 

microphases to enhance electron contrast, the S/sS midblocks were chosen to be selectively 

stained by placing films into saturated Pb[acetate]2 aqueous solutions for 8 h, followed by 

subsequent drying under vacuum at ambient temperature for 12 h. Stained films were then 

sectioned to thicknesses of 40-80 nm with an ultrasonic-assisted diamond knife on a Leica 

UC7 ultramicrotome operating at ambient temperature. Finally, a layer of evaporated carbon 

measuring 20 nm thick was deposited onto sections to minimize beam damage during 

imaging. Images were acquired on JEOL JEM-2200FS and FEI Tecnai F20 microscopes 
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operated at an accelerating voltage of 200 kV. Complementary small-angle X-ray scattering 

(SAXS) was conducted on beam-line 12-ID-B in the Advanced Photon Source (APS) at 

Argonne National Laboratory. A sample-to-detector distance and beam spot size of 2 m and 

0.5 x 0.025 mm
2
, respectively, were used, and samples were exposed to a 14 keV beam (with 

a wavelength, ɚ, of 0.087 nm) at an approximate flux of 10
12

 photons/s for 1 s. Scattered 

photons were collected on a 2-D Pilatus 2M detector and were azimuthally integrated to yield 

scattering profiles in which intensity is expressed as a function of scattering vector (q), where 

q = (4p/l)sinq and q is half the scattering angle. All SAXS profiles were analyzed with the 

Irena computational package provided by the APS.
48

 In-situ SVA measurements were 

conducted under the same experimental conditions in a custom-built solvent-vapor chamber 

constructed with Kapton
®
 windows to ensure high X-ray transmission. 

 

7.3. Results and Discussion 

7.3.1. Theoretical Equilibrium Morphology 

Before considering the experimental effects of solvent casting and SVA on the SBI 

morphology, we first explore the anticipated equilibrium behavior on the basis of theoretical 

and simulation considerations. The SBI molecular architecture (ABCBA linear pentablock, 

where A, B and C correspond to T, EP and S/sS, respectively) and block volume fractions 

(listed in Table 7.1 on the basis of tabulated
49

 mass densities) provide necessary pieces of 

information for making this prediction. Few previous studies have been performed to 

describe this specific copolymer arrangement, and both utilize self-consistent field theory 

(SCFT). Ye et al.
50

 report that, for ɢABN = ɢACN = ɢBCN = 60, the copolymer should exhibit 
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the 4-layer, 3-microphase lamellar (4,3-LAM) morphology illustrated in Figure 7.1a. Liu et 

al.
51

 reach a similar conclusion when ɢABN = ɢACN = ɢBCN = 80. Previous experimental 

studies
52

 of ABC triblock copolymers further indicate that the 4,3-LAM morphology can be 

reasonably expected at the same block composition encountered in the present work. 

A Dissipative Particle Dynamics (DPD) simulation using similar parameters as DPD 

studies recently reported
27.28

 has been performed to discern if the present SBI, with its 

unequal and increased ɢijN values, agrees with previous SCFT findings and intuitive 

expectation from the block volume fractions provided in Table 7.1. (It is important to note 

here that this simulation does not account for ionic interactions within the sulfonated 

midblock, but rather takes them into consideration through the use of largely increased ɢN 

values. This approach has proven successful in analogous Monte Carlo simulations.
11,53

) The 

simulation is based on SBI-52, and the DPD beads are coarse-grained to å2 nm
3
 each, 

resulting in a total of 1000 chains, each possessing a 13-10-30-10-13 sequence. The DPD 

interaction parameters are set at ŬAB = 48, ŬAC = 100 and ŬBC = 100 (ɢABN å 90, ɢACN å 300 

and ɢBCN å 300) to mimic strong segregation between the T and EP blocks and superstrong 

segregation between the T/EP and S/sS blocks. The resulting simulation is in qualitative 

agreement with previous SCFT results, confirming formation of the 4,3-LAM morphology in 

Figure 7.1b. Examination of the corresponding segmental volume-fraction profiles extracted 

from this simulation (Figure 7.1c) further supports the existence of the 4,3-LAM morphology 

and, as expected from the high interblock incompatibility values employed, suggests that the 

A-, B- and C-rich lamellae are nearly pure. In reality, the T and EP blocks are anticipated to 
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be more compatible than calculated here, which could result in some degree of microdomain 

mixing.
54,55

 

7.3.2. Solvent-Cast Morphologies 

Previous independent efforts
34,37

 have established that the morphology of these SBI 

materials can be templated by the casting solvent used for dissolution and subsequent film 

deposition. In this study, we employ suitable solvents to explore the range of solvent 

templating in SBI films. First, SBI morphologies in films cast from the miscible 

nonpolar/polar TIPA solvent mixture are investigated. Electron micrographs of SBI-52 films 

reveal the existence of a predominantly dispersed morphology that can be described as 

stained spherical S/sS-rich microdomains embedded in an unstained matrix comprised of 

both EP and T blocks (cf. Figure 7.2a). According to TEM and TEMT
37

 images, the S/sS-rich 

spheres in SBI-52 measure 10.4 ± 1.0 nm in radius and marginally reduce in size to 9.1 ± 1.1 

nm when the DOS decreases to 26%. Examination of the SAXS profiles acquired from 

TIPA-cast SBI films (Figure 7.2b) allows for more quantitative interpretation of the 

morphological features evident in TEM images. First, the location of the primary peak (q*) in 

each SAXS profile relates to the characteristic spacing (D = 2p/q*) of the morphology. Since 

the TEM images have already established that the morphology present in TIPA-cast films 

consists primarily of irregularly dispersed S/sS spheres in a continuous T-/EP-rich matrix, D 

constitutes a measure of the center-to-center distance between adjacent spheres. As 

anticipated from the corresponding TEM images, the series of profiles presented in Figure 

7.2b reveals that this distance does not appear to be a strong function of the DOS in SBI 

films: 31.6, 30.1 and 34.7 nm for SBI-26, SBI-39 and SBI-52, respectively. These values 
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compare favorably with those previously reported
34

 for the same SBI grades cast from a 

cyclohexane/heptanes (CH) mixture (cf. Table 7.2). In addition, the absence of sharp, higher-

order peaks, which would be associated with the structure factor S(q), indicates that these 

materials do not exhibit long-range order on a clearly discernible body- or face-centered 

cubic lattice. This result likewise agrees with TEM images such as the one displayed in 

Figure 7.2a. 

Additional morphological information present in the SAXS profiles can be extracted 

from the form factor P(q). Assuming that the S(q) scattering contribution becomes nearly 

negligible beyond the primary peak region, intermediate values of q (~0.2-1.5 nm
-1

) can be 

modeled with an appropriate P(q) function. On the basis of our TEM analysis (which 

confirms the presence of spherical microdomains), we employ a simple model for uniform 

spheres of radius r for this purpose: 

 

 2

2
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P(q) = - + B

qr (qr) qr

è øå õ
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  (7.1) 

where B accounts for the background.
56

 The range of spherical microdomain sizes 

determined from TEM measurements is introduced in the regression analysis through a 

summed Gaussian distribution of spherical P(q) functions, thereby yielding a standard 

deviation of the radius, or polydispersity (PD). The S/sS sphere radii extracted from the data 

fits in Figure 7.2 increase noticeably as the DOS of the SBI increases: 10.7 ± 1.6 (PD = 

0.15), 10.8 ± 1.1 (PD = 0.10) and 15.1 ± 1.5 nm (PD = 0.10) for SBI-26, SBI-39 and SBI-52, 

respectively. These values confirm both the size range and trend measured from TEM 

images. In the same fashion as the equilibrium 4,3-LAM morphology predicted above, the 
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EP and T blocks may further segregate (at least partially) on the basis of interblock 

incompatibility. Due to the possibility of partial phase mixing, as well as experimental 

limitations associated with selective staining (TEM) and low X-ray scattering contrast 

(SAXS), between EP and T, however, it is difficult to differentiate EP-rich and T-rich phases. 

Nonetheless, the existence of spheres in these TIPA-cast SBI films highlights an important 

point: highly nonequilibrium nanostructures can develop as a result of solvent-templating. 

According to SCFT results reported
51

 for analogous nonionic block copolymers, spherical 

S/sS-rich domains in either a T/EP-mixed matrix or encased within EP-rich shells in a T-rich 

matrix are predicted to form in copolymers with S/sS, EP and T volume fractions closer to 

~0.05-0.25, ~0.00-0.15 and ~0.75-0.85, respectively. 

The second film-casting solvent examined here is pure THF. It is immediately apparent 

from TEM images such as those provided in Figures 7.3a and 7.3b that SBI self-assembly in 

THF-cast films yields considerably different results relative to comparable TIPA-cast films. 

In this case, the morphology consists of alternating lamellae coexisting with hexagonally-

packed T-/EP-rich cylinders in a continuous S/sS-rich matrix. (Detailed examination
37

 of 

TEMT images of this mixed morphology has verified that the lamellae are not cylinders lying 

parallel to the specimen surface.) Selective staining further enables identification of thinner 

lamellae as S/sS-rich microdomains and thicker lamellae and cylinders as T-/EP-rich 

microdomains. Increasing the DOS promotes increases in the thickness of the S/sS-rich 

lamellae (9.4 ± 1.6 nm for SBI-26 and 15.4 ± 2.4 nm for SBI-52) and the fraction of 

cylindrical microdomains present (10% for SBI-26 and 54% for SBI-52). Microdomain 

periodicities measured for the hexagonally-packed cylinders and lamellae are 37.2 and 32.4 
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nm, respectively, in SBI-26 and 39.2 and 44.5 nm, respectively, in SBI-52. According to the 

corresponding SAXS profiles presented in Figure 7.3c, SBI-52 exhibits S(q) peaks at q*, 

2q*, ã7q*, and ã12q*, as well as a weak shoulder at ã3q*, all of which are indicative of 

hexagonally-packed cylinders. The peak at 2q* is also consistent with the lamellae evident in 

the TEM images. The SBI-26 and SBI-39 grades display fewer S(q) peaks (at q*, 2q* and 

ã12q*) and a very weak shoulder at ã3q*, which suggests that the same features are present, 

but less ordered and/or abundant. The primary peak in the SAXS profiles can be used as 

before to extract a morphological spacing. Because only one principal peak is present and it 

has been established that both hexagonally-packed cylinders and lamellae coexist, a single 

value of q* for each material yields an average periodicity of both morphologies. Keeping 

this ambiguity in mind, the SBI microdomain spacing is nonetheless found to increase (from 

40.4 to 45.4 nm) with increasing DOS, in agreement with the trend established from TEM 

images.
 

7.3.3. SVA Solvent Selection 

Identification of an appropriate solvent for SVA is crucial in ensuring that the process has 

the desired impact on morphology. As mentioned earlier, the most suitable solvent candidates 

that permit strongly interacting moieties in block copolymers/ionomers to order into nearly 

equilibrated nanostructures should possess high solubility and be relatively non-selective. A 

solvent satisfying these criteria for the SBI materials is difficult to hypothesize since the SBI 

grades are amphiphilic and therefore have vastly different block polarities. In this study, SBI 

films are exposed for 24 h to several solvent vapors to ascertain their SVA effectiveness: one 

highly polar (methanol, MeOH), one highly nonpolar (chloroform, CHCl3), and one of 
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intermediate polarity (THF). These specific solvents have also been selected due to their 

relatively high ambient vapor pressure (> 0.1 atm). 

The as-cast SBI-52 morphologies produced by TIPA and THF (described above) serve as 

starting points by which to interrogate the efficacy of each solvent in SVA, and the resulting 

SBI morphologies are investigated in terms of the SAXS profiles supplied in Figure 7.4. The 

profile acquired from TIPA-cast SBI-52 films exposed to MeOH vapor, for instance, can be 

fit using the P(q) model for uniform spheres (Eq. 1), and the results indicate a significant 

change in either size or shape (elongation).
57

 If shape is conserved, r increases to 16.4 nm 

and likely reflects selective swelling of the S/sS domains upon vapor incorporation. Such 

swelling is anticipated to remain intact (kinetically trapped due to vitrification) upon removal 

of the MeOH. Additionally, the primary peak shifts to lower q, indicating an increase in the 

center-to-center distance (D = 38.1 nm) between the microdomains presumably as a 

consequence of their size increase. The THF-cast analog also exhibits a substantial reduction 

in morphological order, as evidenced by the disappearance of peaks greater than 2q* and 

S(q) peak broadening, upon exposure to MeOH vapor. In this case, the periodicity remains 

nearly unchanged (D = 45.5 nm). These resulting minimal and/or undesirable changes lead to 

the elimination of MeOH from our list of SVA candidates. Exposing TIPA-cast films to 

CHCl3 vapor yields features that are similar to the as-cast film. Analysis of the primary peak 

position and P(q) yields spheres with a 15.2 nm radius (PD = 0.11) and a 44.2 nm spacing. 

Relative to the as-cast precursor, the characteristic S/sS sphere size does not change within 

experimental uncertainty upon SVA, but the microdomain spacing increases noticeably (cf. 

Table 7.2). This vapor-induced alteration is attributed to CHCl3 selectively swelling of the 
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nonpolar T-/EP-rich microdomain(s), which templates the redried morphology upon 

specimen vitrification. Conversely, CHCl3 vapor appears to change the morphological 

features altogether in THF-cast films. After SVA, clearly distinguishable S(q) peaks reside at 

q*, 2q*, 3q* and 5q*, indicating that the film consists entirely of alternating lamellae and that 

the degree of ordering has increased (due to the presence of higher-order scattering peaks). 

Quantification of the microdomain spacing (D = 46.7 nm) further reveals that the nonpolar 

lamellae have also become swollen following exposure to CHCl3 vapor. While it is 

comforting that CHCl3 SVA successfully converts the THF-cast SBI morphology from a 

mixture of cylinders and lamellae to pure lamellae as predicted by theory and simulation, the 

inability of CHCl3 vapor to transform the TIPA-cast starting morphology into lamellae 

implies that SVA using a block-selective solvent is only effective when the morphology is 

not far from its desired (in this case, equilibrium) state. 

The last solvent vapor examined here is THF, which possesses intermediate solvent 

polarity relative to MeOH and CHCl3 and generates a mixed cylindrical/ lamellar 

morphology in all three SBI grades directly from casting. Exposing the SBI-52 films to THF 

vapor yields similar final morphologies regardless of the starting morphology. Both SVA 

films (TIPA-cast and THF-cast) possess well-defined, relatively sharp peaks at q*, 2q*, 3q*, 

4q*, and 5q*. The TIPA-cast film also exhibits a discernible peak at 6q*. These sharp, high-

order S(q) peaks confirm that the as-cast morphology has not only converted entirely to 

lamellae, but also that the morphology is highly ordered. Interestingly, the microdomain 

spacing of these two materials with different starting morphologies converge to the same 

value of 44.4 nm, suggesting that this might constitute the spacing of the equilibrium 
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morphology. Producing the morphology predicted by theoretical means from two 

significantly different starting points provides strong evidence that THF vapor can be used in 

the SVA of sulfonated block ionomers derived from styrenic TPEGs as a facile means to 

achieve morphological equilibration irrespective of the as-cast morphology. On the basis of 

these findings, the SVA process can likely be added as a unit operation to a commercial 

production line to provide an efficient and economic route by which to control the 

morphological features of temperature-sensitive block ionomers. 

7.3.4. Time-Dependent SVA 

In-situ SAXS experiments have been performed here to establish the kinetics associated 

with the process of SVA-induced morphological transformation in THF vapor and ascertain 

the minimum time required for SVA. For this purpose, we follow time-dependent variations 

in three specific metrics extracted from the SAXS profiles presented in Figure 7.5 for TIPA-

cast SBI-52 during SVA. First, the location of q* is observed to decrease significantly with 

increasing exposure time. While this observation does relatively little to improve our 

fundamental understanding of the morphological transformation process, it indicates a 

corresponding increase in microdomain periodicity that can be used to identify the time 

required for equilibrating the specimen in the THF-vapor environment. In this regard, D 

appears in Figure 7.6a to achieve a constant value after about 5 min of vapor exposure. 

Second, the primary peak becomes sharper during SVA due to increased ordering, and its 

sharpness is quantitatively described by measuring its full width at half maximum (Dq). 

According to the Scherrer equation (which states that the grain size  θ2ˊ/Dq), the size of 

oriented lamellar grains during SVA initially decreases slightly and then increases 
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monotonically with increasing exposure time in Figure 7.6b. In conjunction with the SAXS 

profiles displayed in Figure 7.5, the observed initial reduction in grain size can be attributed 

to the conversion of the as-cast spherical morphology to lamellae. Once lamellae have 

formed, the grain size increases to a limiting value, which corresponds to å390 nm. 

Achieving 90% of this limiting value occurs after å19 min, which corroborates that the 

process of SVA-induced long-range lamellar ordering takes more time to proceed than the 

initial conversion of the morphology from spherical microdomains to lamellae. 

The third metric investigated here focuses on the intermediate q-range in which broad 

P(q) features previously assigned to the sphere model for TIPA-cast SBI films exist. At short 

exposure times, these features are quickly replaced by the sharp S(q) peaks representing 

lamellae. Conversion of such P(q) features to lamellar S(q) peaks reveals that the 

morphology evolves directly from spherical microdomains to lamellae surpassing 

intermediate morphologies, such as cylinders. Further, the results included in Figure 7.5 

clearly indicate that spherical microdomains are replaced after ~5 min with lamellae. The 

time-dependent variation in intensity of the lamellar S(q) peaks can further contribute to an 

estimate of the minimum SVA time required for conversion. Baseline-subtracted intensity of 

peaks at 2q*, 3q* and 4q* are measured for each progressive SAXS profile, since the peaks 

at 5q* and 6q* are too weak to measure changes accurately. These time-dependent 2q*, 3q* 

and 4q* intensities are observed in Figure 7.6b to increase with increasing time after the 

morphological transformation to lamellae. 

The normalized peak intensities reported in Figure 7.6b can be fit to a first-order kinetic 

rate expression of the form ïd[I(t)]/d(t-Ű)=kI, where k, t, Ű, and I represent the rate constant, 
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experimental time, lag time, and corrected peak intensity, respectively. The intensities are 

normalized so that IN = (I[t] - Ii)/(If - Ii), where IN, Ii, and If denote the normalized, initial 

and final intensities, respectively, and the boundary condition IN(tŸÐ) = 1 results in the 

integrated expression IN = 1 - e
-k(t-Ű)
. Fitting each set of peak intensities yields values of k, Ű 

and the anticipated If, which was not achieved during the 30 min study. These regressions 

reveal that the 2q*, 3q* and 4q* series possess nearly identical k and Ű values, and 

consequently fall on the master fit curve presented in Figure 7.6b. Averages of the individual 

values of Ű (3.8 min) and k (0.08 min
-1

) indicate that 90% of the final peak intensities can be 

attained after 60.1 min of exposure to THF vapor. On the basis of all three metrics, we 

therefore anticipate that at least 1 h of SVA at ambient temperature in THF vapor should be 

sufficient for equilibrating the morphological transformation of TIPA-cast SBI films. 

Results from in-situ SAXS experiments conducted on THF-cast SBI-52 films, provided 

for comparison in Figure 7.7, can be analyzed in similar fashion as above. According to 

Figure 7.8, D increases modestly up to å10 min, after which time it exhibits a plateau for the 

remainder of the test. Similarly, the lamellar grain size also appears to reach a limiting value, 

but at a later exposure time (å20 min), in Figure 7.8. The kinetics of the morphological 

conversion from cylinders+lamellae to lamellae can be elucidated by evaluating the higher-

order S(q) peaks. With increasing SVA time, the ã3q* shoulder and 2q* peak present in the 

as-cast film appear to sharpen, whereas the peak located at ã7q* decreases in intensity and 

the peak at ã12q* does not significantly change. These results do not agree with expectation, 

since the S(q) peaks at ã3q*, ã7q* and ã12q*, which correspond to hexagonally-packed 

cylinders, should systematically vary in scattering intensity. One possible explanation for 
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these seemingly inconsistent changes in peak intensities is that P(q) from the cylindrical 

morphology shifts to lower q with increasing exposure time and encroaches upon S(q) peaks 

so that one P(q) minimum approaches the position of the ã7q* peak (causing a reduction in 

peak intensity) while another moves away from the ã3q* peak (causing an apparent increase 

in peak intensity). Although spatial complexities arising from overlapping P(q) and S(q) 

peaks hinder quantitative analysis of the morphological transformation in THF-cast SBI-52 

films, one aspect is clear: the conversion from a mixed cylinder+lamellae morphology into 

uniform lamellar, as expected from the 24 h SVA data reported in Figure 7.4, is incomplete 

over the relatively short interval of exposure times examined (30 min).  On the basis of our 

SAXS results acquired at short and long times, we conclude that the morphological 

conversion required for cylindrical microdomains to fuse together to generate lamellae is 

substantially slower than the previous sphereŸlamellae transformation in TIPA-cast films. 

7.3.5. SBI DOS Influence 

The in-situ SAXS experiments discussed in the previous section establish that (i) TIPA-

cast SBI-52 films transform from their as-cast morphology to a uniform lamellar morphology 

more rapidly than THF-cast films and (ii ) both starting points convert to the same lamellar 

(presumably equilibrium) morphology after a sufficiently long vapor exposure time. To 

assess the effect of DOS on SBI morphology after SVA, all three SBI grades have been cast 

from each of the two solvents, exposed to the vapor of THF for 2 h at ambient temperature to 

achieve near-equilibration, and subsequently dried. Consistent with the findings for SBI-52 

exposed to THF vapor for 24 h in Figure 7.4, the resulting morphologies appear to be 

independent of the starting morphology on the basis of the SAXS profiles displayed in Figure 
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7.9. Although other minor peaks and/or shoulders are visible in some of these profiles, each 

SBI grade exhibits S(q) peaks at 2q*, 3q* and 4q*, indicating that a predominantly lamellar 

morphology is achieved. This result is consistent with the large area occupied by the 4,3-

LAM morphology in previously reported phase diagrams for nonionic ABCBA
50,51

 and 

ABC
52

 block copolymers. Unlike SBI-52, the SBI-26 and SBI-39 grades exhibit less order 

following 2 h of SVA, as evidenced by the absence of scattering peaks located at 5q* and 

6q*. The lamellar period of the films after SVA is found to increase with increasing DOS; 

38.4 (SBI-26), 39.5 (SBI-39) and 45.0 nm (SBI-52); due to the increase in segmental volume 

that accompanies sulfonation of the styrenic midblock. This trend is further confirmed 

through direct observation of the THF-cast, vapor-treated SBI-26 and SBI-52 grades in the 

TEM images provided in Figure 7.10. From images such as these, the lamellar periods are 

measured as 40.2 and 44.8 nm, respectively, in good agreement with the SAXS results 

extracted from Figure 7.9. These images also substantiate that, after SVA, the SBI-52 grade 

possesses a much higher level of ordering than the lower DOS grade. 

7.3.6. Orientation Considerations 

Thus far, this study has focused largely on the bulk morphology of SBI films subjected to 

SVA. While investigating long-range morphological alignment is relatively uncommon in 

bulk polymer films (>> 100 nm thick),
58,59

 TEM images such as the one pictured in Figure 

7.10a warrant further investigation of SVA-enhanced lamellar alignment. While the lamellae 

evident in this å5.8 ɛm
2
 image of SBI-52 appear to be surprisingly well-aligned, the degree 

of lamellar orientation corresponding to a much larger area (å12,500 ɛm
2
)
 

can be 

quantitatively determined from analysis of 2D SAXS patterns. If a specimen consists of 
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randomly-oriented (i.e. non-aligned) microdomains, the corresponding 2D pattern is expected 

to display concentric rings of uniform intensity centered around the transmitted incident 

beam. Patterns collected from SBI-52 films cast from TIPA and subsequently subjected to 

SVA for 2 h in THF vapor provide examples of such isotropic scattering patterns in Figures 

7.11a and 7.11c (the rings are much more distinct after SVA). In some cases, however, the 

2D SAXS patterns show evidence of large-scale lamellar alignment by displaying either arcs, 

or spots, instead of uniform rings. The degree of lamellar alignment can be conveniently 

quantified from the 2D scattering patterns through the Hermans orientation function, which is 

expressed in terms of an order parameter (S):
60-62

 

Alternatively, 2-D profiles of films that have some degree of orientational alignment 

exhibit either arcs or spots instead of uniform rings. The arcs or spots in the 2-D profiles can 

be quantified using Hermansô order function (S): 

 

23 cosű -1
S = 

2
 
 (7.2)

 

where j denotes the azimuthal angle at a given scattering angle and 
2cosű  is defined by 

 

ˊ/2
2

2 0

ˊ/2

0
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I(q,ű) sinű dű

ñ

ñ
 

 (7.3)

 

The integrals in Equation 3 are evaluated so that S = 0 and S = 1 correspond to randomly and 

perfectly oriented microdomains, respectively. According to the SAXS patterns presented in 

Figure 7.11, the 2D patterns acquired from SBI-52 cast from THF (Figure 7.11b) and 

subsequently exposed to SVA for 2 h (Figure 7.11d) clearly exhibit arcs rather than rings. 
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Analysis of these arcs in the context of Equations 2 and 3 yields S = 0.27 for the as-cast film 

and S = 0.44 for the post-SVA film. Since these order parameters are much larger than those 

resulting from analysis of TIPA-cast films before (S = 0.02) and after (S = 0.03) SVA, we 

propose that the degree of microdomain alignment preceding SVA improves the level of 

domain alignment achieved after vapor treatment. Thus, while the SAXS profiles provided 

for SBI-52 in Figure 7.9 indicate that SVA conducted in THF vapor ultimately yields 

identical (equilibrium) morphologies with identical lamellar periods, these order parameter 

results further reveal that long-range lamellar alignment varies between post-SVA specimens 

with different solvent-casting histories (and different levels of pre-existing morphological 

alignment). 

The improvement in lamellar orientation evident in Figure 7.11 is not anticipated a priori 

from the SVA process and likely reflects the enlarged grain sizes measured in Figures 7.6b 

and 7.8. We recognize that independent studies
61,62

 employing directed solvent-vapor 

permeation are, in marked contrast, designed specifically for the purpose of enhancing large-

scale morphological alignment in block copolymer thick films. In such efforts, solvent vapor 

is permitted to permeate through a block copolymer film under prescribed thermal and 

steady-state conditions. Since permeation proceeds directionally from high to low chemical 

potential (expressed in terms of solvent pressure), penetrant molecules diffuse from one side 

of the film to the other and, by doing so, orient anisotropic microdomains such as cylinders 

or lamellae in the process. During the SVA tests yielding the results portrayed in Figure 7.11, 

solvent molecules sorb and subsequently diffuse into dried SBI films prepared in solvent-

resistant (Teflon
TM

) casting molds. Although this is not a steady-state permeation process, 
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unsteady-state (i.e., concentration-dependent) diffusion nonetheless occurs from the exposed 

film surface to the polymer/mold interface until the solvent solubility limit is reached. 

Likewise, film drying occurs directionally as solvent molecules diffuse back to, and desorb 

from, the exposed film surface. Thus, while SVA mechanistically differs from so-called 

solvent-vapor permeation, solvent transport is nonetheless directional in both instances, but 

to different extents. It is therefore not surprising that steady-state permeation imparts 

significantly greater morphological alignment than SVA, which most likely promotes the 

improved alignment apparent in Figure 7.11 through enlarged lamellar grains. 

 

7.4 Conclusions 

Midblock-sulfonated block ionomers are of significant technological importance due to 

their ability to maintain a robust molecular network while permitting the transport of ions or 

polar liquids. This combination of properties makes these materials ideal candidates for a 

growing list of contemporary applications. Due to strong electrostatic interactions that 

escalate interblock incompatibility and glass transition temperatures, however, block 

ionomers frequently become trapped in solvent-templated nonequilibrium morphologies. The 

present work indicates that solvent-vapor annealing constitutes an effective alternative to 

thermal annealing and promotes the morphological transformation of commercial materials 

after relatively short SVA exposure times. Here, we demonstrate that, after SVA, ABCBA 

pentablock ionomers differing in DOS level convert into a lamellar morphology reminiscent 

of the 4,3-LAM equilibrium morphology expected from SCFT predictions and DPD 

simulations of analogous ABCBA pentablock copolymers. Interestingly, the post-SVA 
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lamellar morphology develops irrespective of casting solvent, which results in vastly 

different initial morphologies. While examination of specimens after long SVA times 

elucidates the characteristics of the 4,3-LAM morphology, time-dependent SVA experiments 

performed at short time scales with in-situ SAXS reveals the kinetics associated with 

morphological transformations. An unexpected result is that SVA likewise enhances 

microdomain alignment in block ionomers due to a progressive increase in grain size, 

suggesting that, if given sufficient block mobility, strong interblock interactions might 

overcome the grain boundaries arising from misalignment of anisotropic microdomains. 

Moreover, post-SVA alignment improvement is observed to depend on the pre-SVA degree 

of alignment. Taken together, our results provide new insights into the broadening field of 

block ionomers by establishing a facile approach to morphological control so that block 

ionomers can be designed and used more effectively for specific applications. 
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Scheme 7.1. Chemical structure of the midblock sulfonated pentablock ionomer (SBI) used 

in this study with corresponding block abbreviations: tert-butyl styrene (T), ethylene-alt-

propylene (EP), and styrene-co-styrene sulfonate (S/sS). 
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Table 7.1. Predicted block volume fractions (Fi) of each SBI material used in this study.
a 

 

 

Copolymer FT FEP FS/sS 

SBI-26 0.366 0.270 0.364
 

SBI-39 0.356 0.262 0.382
 

SBI-52 0.347 0.255 0.398
 

a
 Calculated on the basis of tabulated

49
 mass densities (in g/cm

3
): rT = 0.95, rEP = 0.86, rS = 1.05, and rsS = 

1.10.  
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Figure 7.1. Schematic illustration (a) and DPD simulation screenshot (b) of the 4,3-LAM 

morphology for an ABCBA pentablock copolymer. The single chain included in (a) depicts 

one possible arrangement within the nanostructure, and D indicates the microdomain 

periodicity. Corresponding segmental volume fraction profiles, wherein x denotes the 

direction along the lamellar normal and L is the length of the DPD simulation box, are 

provided in (c). 
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Figure 7.2. In (a), a TEM image of SBI-52 cast from TIPA. In this and all subsequent 

images, dark (stained) and light (unstained) regions indicate S/sS-rich and T-/EP-rich 

microdomains, respectively. A series of SAXS profiles acquired from all three SBI grades 

cast from TIPA is provided in (b). The arrows included in (b) indicate the location of the 

primary peak (q*), and the thick orange lines represent model fits of P(q) from Eq. 1 to each 

data set. 
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Table 7.2. Summary of morphological parameters extracted from SAXS profiles for CH- 

and TIPA-cast SBI films before and, in some cases, after solvent-vapor annealing (SVA) in 

identified media. 
 

 

SBI Grade r (nm) PD D (nm) 

SBI-26  
 

 

CH
a
 ð ð 27.4 

TIPA 10.7 0.15 31.6
 

SBI-39  
 

 

CH
a
 ð ð 29.6 

TIPA 10.8 0.10 30.1
 

SBI-52  
 

 

CH
a
 ð ð 34.0 

TIPA 15.1 0.10 34.7 

SVA-MeOH
b 

16.4 0.20 38.1 

SVA-CHCl3 15.2 0.11 44.2 
a
 Values reported by Choi et al.

34 

b
 Assumes no change in microdomain shape during or after SVA. 
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Figure 7.3. TEM images and enlargements of (a) SBI-52 and (b) SBI-26 cast from THF. In 

the corresponding SAXS profiles (c), as well as in all SAXS profiles hereafter reported, filled 

arrows identify the primary peak (q*) and open arrowheads indicate the S(q) peaks discussed 

in the text. 
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Figure 7.4. SAXS profiles collected from SBI-52 cast from TIPA (black) and THF (blue), 

and subsequently subjected to SVA for 24 h using methanol (MeOH), chloroform (CHCl3) or 

THF vapor. As-cast profiles prior to SVA are included for comparison, and the thick orange 

lines represent model fits of P(q) from Eq. 1 to each TIPA-cast data set. 



 

165 

 
 

Figure 7.5. Time-dependent SAXS profiles for in-situ SVA (displayed at 2 min intervals) of 

a TIPA-cast SBI-52 film subjected to subsequent THF vapor exposure. The S(q) scattering 

peaks are discussed in the text. 
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Figure 7.6. Microdomain spacing (a) and normalized S(q) peak intensities (red) and 2́ /Dq 

values (blue) (b) as functions of SVA exposure time for TIPA-cast SBI-52 films. The 

normalized intensities correspond to the peaks positioned at 2q* ( ), 3q* ( ) and 4q* ( ) in 

Figure 5. Color-matched solid lines serve to connect the data, whereas the black solid line in 

(b) represents a nonlinear regression of the first-order kinetic rate expression introduced in 

the text. 
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Figure 7.7. Time-dependent SAXS profiles for in-situ SVA (displayed at 2 min intervals) of 

a THF-cast SBI-52 film subjected to subsequent THF vapor exposure. The S(q) scattering 

peaks are discussed in the text.  
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Figure 7.8. Microdomain spacing (black) and 2 /́Dq values (blue) as functions of SVA 

exposure time for THF-cast SBI-52 films. The solid lines serve to connect the data.  



 

169 

 
Figure 7.9. SAXS profiles acquired from all three SBI grades (DOS values are labeled) cast 

from TIPA (blue) and THF (black), followed by a 2-h exposure to THF vapor and subsequent 

drying. The S(q) scattering peaks are discussed in the text. 
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Figure 7.10. TEM images of (a) SBI-52 and (b) SBI-26 cast from THF, exposed to THF 

vapor for 2 h and dried. 
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Figure 7.11. 2D SAXS patterns obtained from SBI-52 as-cast from (a) TIPA and (b) THF, as 

well as after SVA in THF vapor for 2 h (c and d, respectively). 
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CHAPTER 8 

Sulfonated Pentablock Copolymer Hydrogels: 

A Kinetic and Thermal Exploration 

 

 

 

 

Abstract 

A number of studies have begun to elucidate optimal chemistries and processing 

conditions to yield high ion and water transport through sulfonated block copolymers, 

including those with architectures necessary for physical cross-linking, and therefore, gel 

formation. However, there is a lack of fundamental hydrogel characterization of these 

materials even in the midst of the many potential applications which rely on them to be 

swollen with water. The current study focuses on the kinetics and thermal dependence of 

water incorporation into a midblock sulfonated pentablock copolymer. Water uptake kinetics 

are characterized using small angle X-ray scattering (SAXS) and absorption measurements, 

which directly correlate macroscopic water intake with nanoscale domain changes. 

Equilibrium water uptake is used to define the swelling capacity of these materials as a 

function of temperature. The discovery of a hydrated, poly(styrene-co-styrene sulfonate) 

glass transition near 40-50 °C is discovered and further explored using tensile and SAXS 

experiments. 
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8.1. Introduction 

The inherent attributes of sulfonate-containing block copolymers make them practical in 

a vast number of applications including as components in electrically-actuated composites
1,2

 

and as fuel cell
3ï6

, water desalination
7ï9

, and photovoltaic
10,11

 membranes. The most 

important of these characteristics is the ordered, nanoscale morphologies that sulfonated 

block copolymers form upon microphase segregation.
12ï14

 The copolymer blocks, which have 

considerable incompatibility (typically quantified by ɢN, where ɢ is the Flory-Huggins 

interaction parameter and N is the statistical number of repeat units per chain), desire to 

demix into separate phases. However, covalent bonds between the blocks eliminate the 

possibility of macroscopic separation, and a balance of the resulting interfacial energy 

between the dissimilar phases and the entropic penalty paid for chains to pack in specific 

morphological geometries dictates the resulting infrastructures exhibited at equilibrium.
15

 

The transitions that occur for two component block copolymers (i.e. AB diblock, ABA 

triblock, etc. copolymers) follow the same qualitative trend wherein increasing the fraction of 

A blocks present (fA) causes the conversion of A-rich spheres on a body-centered cubic 

lattice to hexagonally-packed A-rich cylinders (each in a B-rich matrix) to the bicontinuous 

gyroid, and finally to alternating A- and B-rich lamellae when fAŸ0.5.
16,17

 Further increasing 

fA leads to the reverse transitions with B-rich discrete domains (with a surrounding A-rich 

matrix) in the case of spherical and cylindrical morphologies. The functionality of each phase 

in these block copolymer structures can then be independently tuned for the desired function. 

For example, sulfonated block copolymers contain sulfonate-rich phase(s) that have a high 

capacity to transport ions and water while sulfonate-lean phase(s) can provide mechanical 
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support or other functionality. In most of the aforementioned applications, however, 

sulfonated block copolymers do not operate in a neat, or mostly pure state, but rather are 

swollen considerably in polar solvents, like water, or ionic liquids. 

Block copolymer film stability in the presence of highly-soluble penetrants relies on the 

copolymer architecture to avoid simply dissolving into a micellar solution. One molecular-

based approach to this issue is the use of network-forming block copolymers (i.e. those with 

>2 blocks).
18,19

 An ABA triblock copolymer, which represents the simplest case, forms B 

midblock connections between A-rich domains due to their covalent linkages at both ends 

with the A blocks.
20

 The subsequent addition of a B-selective solvent (one that preferentially 

resides in the B-rich domains) swells the B-rich phase(s), but leaves the A-rich physical 

cross-link domains unaffected.
21,22

 Gels structured in this fashion have mostly focused on the 

incorporation of aliphatic, nonpolar solvents
23,24

 into conventional triblock copolymers, such 

as poly[styrene-b-isoprene-b-styrene] since they do not require any further chemical 

modification. These studies have exposed two unique pathways for preparing block 

copolymer gels, which lead to fundamentally different materials. The block 

copolymer/solvent gels can be equilibrated following mixing of the components, often 

resulting in a morphological transition from the neat copolymer due to a larger effective 

fB.
25,26

 Alternatively, the block copolymer network can be formed first followed by solvent 

addition, producing gels that have become known in the literature as mesogels.
27,28

 Mesogels 

retain the initial morphology of the block copolymer, but have enlarged B-rich domains, 

compared with the pure copolymer, stemming from the presence of the solvent.
29,30

 While 

each class of block copolymer gel has its advantages, the principles dictating mesogels are 
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more applicable in consideration of styrenic-based hydrogels since the temperatures required 

for polystyrene equilibration exceed the normal boiling point of water. 

The current study focuses on midblock sulfonated pentablock copolymers that form 

mechanically stable, physically cross-linked hydrogels in the presence of water. These 

materials have been the focus in a number of recent studies owing equally to their high water 

transport and ion exchange capacity and their commercial availability
31

. Works by Choi et 

al.
32,33

 and Geise et al.
7,34

 briefly explore the equilibrium water uptake of these materials 

under ambient conditions, as well as the nanoscale structural evolution during water uptake 

over several days. However, several factors require expansion due to more recent findings: 

(i) a comparison between two different pentablock morphologies controlled solely by casting 

solvent should be conducted to determine the optimum case
14

, (ii) measurement of shorter 

timescale water uptake kinetics (i.e. ~10 s) are required to fully characterize the sulfonated 

pentablock copolymerôs rapid water absorbency, and (iii) water uptake, mechanical, and 

structural characterization of hydrogels at increased temperatures are necessary to identify 

desired and/or undesired thermal changes. 

 

8.2. Experimental 

8.2.1. Materials 

The midblock sulfonated pentablock copolymer poly[tert-butyl styrene-b-(ethylene-alt-

propylene)-b-(styrene-co-styrene sulfonate)-b-(ethylene-alt-propylene)-b-tert-butyl styrene] 

sulfonated to 26, 39, and 52 mol% of the middle block (SBI-26, SBI-39, and SBI-52, 

respectively) was graciously provided by Kraton Polymers, LLC (Scheme 1). All of the 
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considered SBI grades consist of 25.3, 38.5, and 36.3 mol% of the tert-butyl styrene (T), 

ethylene-alt-propylene (EP), and styrene-co-styrene sulfonate (S/sS) blocks, respectively, 

and the parent unsulfonated copolymer had a molecular weight of 78 kDa. Deionized (DI) 

water was obtained from a Milli-Q water purification system, and toluene, isopropyl alcohol 

(IPA), and tetrahydrofuran (THF) were purchased from Fisher Scientific and used without 

further purification. 

8.2.2. Methods 

Films were prepared by first dissolving each individual SBI grade into either pure THF or 

an 85/15 v/v mixture of toluene and IPA (TIPA) at 2 wt% SBI. The resulting solutions were 

allowed to cast under ambient conditions for 2-4 days depending on size and SBI 

grade/solvent combination. The resultant, mostly dry films were placed under vacuum at 

ambient temperature for 18 h. All samples were prepared to å100 ɛm thick. 

Small angle X-ray scattering (SAXS) was performed on beam line 12-ID-B at the 

Advanced Photon Source within Argonne National Laboratory. A 14 keV beam with 

wavelength (ɚ) of 0.087 nm and flux of 10
12

 photons/s irradiated a 0.5 x 0.5 mm
2
 spot size on 

each sample for 1 s per collection. The sample-to-detector distance was maintained 

throughout all experiments at 2 m. Scattered photons were collected on a 2-D Pilatus 2M 

detector and azimuthally integrated to yield 1-D scattering profiles. In-situ swelling 

measurements were conducted using a custom-built cell that served to both contain liquid 

water and enable high X-ray transmission. Acrylic sheets cut to the proper dimensions were 

sealed together in the cell geometry using epoxy, and Kapton® windows were attached to 

each side of the cell (Figure 8.1). Prior to the addition of water, dry measurements were 
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conducted to ensure that the cell did not distort the scattering to an appreciable degree. The 

in-situ experiments were performed at the same conditions as described above and 2-D 

patterns were collected at a frequency of 2.86 s
-1

 beginning upon the addition of liquid water 

to the custom-built cell and increased to 10.88 s
-1

 following 120 s. For data analysis, the 

profiles for the empty and water-filled cell were subtracted from dry and in-situ swelling 

data. 

Transmission electron microscopy (TEM) was performed using a JEOL-2200FS 

microscope operating at 200 kV. Film preparation for TEM consisted of bulk staining with 

lead(II) acetate in aqueous solution followed by sectioning at room temperature using a Leica 

UC7 microtome with an ultrasonic-assisted diamond knife at room temperature. The final 

SBI sections were 40-80 nm thick. Water uptake measurements were carried out using 1.25 

cm diameter SBI discs that were fully immersed in DI water for the desired time at an oil-

bath equilibrated temperature. The sample masses were measured following disc extraction 

and light drying of their surfaces (mwet). The discs were then dried at 30 °C under vacuum 

and in the presence of desiccant for 18 h. Finally, the dry mass (mdry) was measured and the 

water uptake (WU) could be calculated: 

  
wet dry

dry

m - m
WU = x100%

m
 (1) 

Tensile testing was conducted at ambient temperature on an Instron 5943 frame operated at a 

crosshead speed of 10 mm/min. 
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8.3. Results and Discussion 

8.3.1. Dry Film Morphology 

The dry film morphology for SBI cast from TIPA and THF have been previously 

described in detail.
35

 However, it is important to briefly review these morphological features 

in order to put their nanostructural characteristics into context for discussion below. A short-

range ordered, core-shell sphere model applied to TIPA-cast film SAXS data combined with 

staining information from TEM micrographs shows that these systems exhibit spherical S/sS-

rich cores encapsulated in EP-rich shells, and ultimately embedded in a T-rich matrix (Figure 

8.2a). In the lens of liquid water sorption, the nanostructure consists of hydrophilic spheres 

that grow larger with increasing degree of sulfonation (DOS) (8.6, 9.7, and 13.7 nm for SBI-

26, SBI-39, and SBI-52, respectively), surrounded by a hydrophobic matrix. The alternative, 

THF-cast films exhibit a significantly different morphology that includes alternating S/sS-

rich and EP-/T-rich lamellae and hexagonally-packed EP-/T-rich cylinders in a S/sS-rich 

matrix (Figure 8.2b). The coexistence of these morphologies is clearly not 

thermodynamically stable, but has been fully confirmed in other work.
14,35

 The domain 

periodicity (D) extracted from SAXS on these films provides a measure of the lamellar 

period and the cylinder center-to-center distance, which can be noted as nearly equivalent in 

the micrograph. The domain size in THF-cast films increases with increasing DOS much like 

the identified change in TIPA-cast films (D=40.4, 40.6, and 45.4 nm for SBI-26, SBI-39, and 

SBI-52, respectively). Again in the perspective of water sorption, the S/sS-rich lamellae and 

cylinder-encompassing matrix will be preferentially swollen. 
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8.3.2. Hydrogel Swelling Kinetics 

The difficulty of conducting in-situ TEM experiments, especially utilizing a liquid 

component such as water, limits the ability to probe nanoscale structural changes that occur 

upon hydrogel swelling to SAXS. X-ray scattering can be conducted at ambient conditions 

and the utilization of a synchrotron source provides high enough X-ray flux to probe 

phenomena that occur on the order of seconds. SBI-52 films cast from TIPA solutions were 

first analyzed using this experimental design (Figure 8.3). The dry film 1-D patterns have 

features that closely match the dry film micrographs above and have been quantitatively 

evaluated previously (sphere radius [r] 13.6 nm and center-to-center distance [D] 34.3 nm). 

Therefore the custom-constructed cell for in-situ experiments clearly does not artificially add 

to the data. Further, 1-D profiles of films submerged in liquid water have two main, notable 

feature changes. First, the position of the primary peak (q*) shifts towards lower values as 

the swelling time increases indicating that the intersphere spacing, D (=2ˊ/q*), grows larger, 

which is anticipated since water expands the SBI phases. However, a more direct measure of 

the hydrophilic domain swelling arises from tracking the first minimum (qmin) in the 

scattering profile that corresponds to the first minimum in the form factor. The form factor 

model utilized previously
35

 provides an estimation of the hydrophilic sphere size based on 

the relationship between qmin and sphere radius: r=4.493/qmin. In order to clearly monitor the 

kinetics of the swelling process in TIPA-cast films the sphere radius is tracked as a function 

of swelling time, and is noted as increasing rapidly followed by hitting a plateau after a short 

period of time for SBI-52 and SBI-39 films (Figure 8.4a). The differences between the 1-D 

SAXS features reside nearly entirely in the magnitude of the starting and plateau sphere 
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radius. The SBI-26 film, on the other hand, shows almost no feature changes in 1-D SAXS 

profiles upon exposure to liquid water. A more quantitative comparison between the film 

swelling rates can be extracted by fitting the data using first order kinetics, which effectively 

account for the time-dependent swelling behavior. First order kinetics employ that the 

capacity for the domains to swell (S) is dictated by d(S)/dt=ïkS. Integrating this relationship 

with the swelling capacity boundary conditions S(t=0)=rÐ-ro and S(t)=rÐ-r, where rÐ and ro 

are the swollen and dry equilibrium sphere radii, respectively, yields: 

 
-kt

o
r = r + (r - r )e

¤ ¤  (2) 

where k the first-order rate constant. Clearly, the rate constant, k, is the only parameter that is 

unknown and can be extracted from fitting the in-situ SAXS experimental data. The resulting 

k-values (kSAXS) indicate that TIPA-cast SBI hydrogels swell more rapidly as DOS is 

increased (Table 8.1). The swelling rate trend extracted for nanoscale dimension changes via 

SAXS can be further compared with macroscopic swelling through measurement of water 

uptake at ambient temperature (Figure 8.4b). The first observable difference between the two 

sets of experiments is that the SBI-26 films, which showed no nanostructural change 

according to SAXS, uptake a slight amount of water (å10% over 5 minutes). The SBI-39 and 

SBI-52 hydrogels uptake increasing quantities of water as DOS is increased, as anticipated 

both conceptually and following SAXS data analysis. A quantitative rate comparison 

between the two sets of experiments can be conducted through extracting the first order rate 

constant from water uptake data. A similar expression to that described above can be used, 

however, WU(t=0) (i.e. WUo) equals 0 resulting in the modified boundary conditions 

WU(t=0)=WUÐ and WU(t)= WUÐ-WU, and slightly different equation
36

: 
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 -ktWU = WU (1 - e )
¤  (3) 

The first order rate constants from the water uptake experiments (kWU) corroborate the 

findings from SAXS experiments in that the rate of swelling monotonically increases with 

the hydrogel DOS. It is surprising how close the nanoscopic (~10 nm) and macroscopic 

experiments independently produce rate constants similar in magnitude, aside from the 

TIPA-cast SBI-26 hydrogel, reflecting the direct nanoscale dependence on water 

incorporation into the hydrophilic domains. 

The swelling behavior of THF-cast SBI hydrogels can similarly be characterized using 

in-situ 1-D SAXS profiles, but the dominant features are different and therefore require slight 

variation in analysis. The dry film clearly has structure factor peaks at 2q*, ã7q*, and ã12q* 

that all support the presence of hexagonally-packed cylinders. The peak at 2q* is also 

expected to arise from lamellar morphologies. The peaks corresponding to coexisting 

hexagonally-packed cylinders and lamellae are not surprising considering their presence in 

TEM micrographs (Figure 8.2b). Upon swelling, the transformation of the 1-D profiles once 

again reveal a shift of q* to lower values (Figure 8.5) indicating that the morphology is 

increasing in dimension (i.e. larger lamellae periodicity and center-to-center cylinder 

spacing). Tracking the q* as a function of swelling time enables the domain spacing (D) to be 

followed as a function of swelling time for each SBI hydrogel grade (Figure 8.6a). The data 

at low immersion times follow first order kinetics similar to the TIPA-cast analogs (Equation 

2, with r replaced by D), but deviate at 30 and 60 s for SBI-52 and SBI-39, respectively. 

Referring back to the SBI-52 1-D profiles (Figure 8.5), it is apparent that complications arise 

as the structure factor peak at ã3q* appears and grows following approximately 15-20 s of 
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swelling while the 2q* peak disappears. This may suggest that the lamellar phase domains 

are converting to hexagonally-packed cylinder domains, which is understandable considering 

an increase in the fraction of the hydrophilic, S/sS block would lead to a morphological 

transition of this sort. The rate constants associated with the 1-D SAXS swelling kinetics can 

still be extracted from the earlier times in the experiment. The kSAXS values (Table 8.1) 

suggest the opposite trend with increasing DOS than that noted for TIPA-cast hydrogels. 

Again, these results can be confirmed with water uptake measurements (Figure 8.6b), which 

have kWU values (Table 8.1) in relatively good agreement with the kSAXS parameters. In this 

case, there is less absolute agreement between the two different experiments, which likely 

results due to the complications arising in SAXS profiles due to the described morphological 

transition. 

The contrasting trends between the swelling rate constant and DOS for the TIPA-cast and 

THF-cast SBI hydrogels must occur due to the difference in the morphological characteristics 

of the hydrophilic, S/sS domains. In TIPA-cast films, the hydrophilic copolymer segments 

are refined to discrete spherical domains in a hydrophobic, surrounding matrix. Increasing 

the DOS leads to larger spherical domains that become more interconnected, which provides 

a less tortuous pathway for water diffusion.
7,32

 Conversely, the THF-cast hydrogels have 

continuous hydrophilic, S/sS domains for all DOS. The randomly oriented area for water 

incorporation increases with DOS and therefore less directed uptake decreases the swelling 

rate. The impact of this nanoscale structural difference can be further noted in the tensile 

properties of the hydrogels. At all DOS values, the SBI hydrogels obtained via THF-casting 

have tensile moduli that are å75% less than the TIPA-cast hydrogels (Figure 8.7). The water 
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uptake difference between the films supports this finding, but cannot account for such a 

marked decrease. The difference in SBI concentration within the hydrogel films, which 

ranges from 6-8 wt% for SBI-39 and SBI-52, is predicted to translate to <35% decrease in 

modulus for these materials based on data from physically cross-linked organogels.
37,38

 The 

different hydrophilic/hydrophobic domain geometries must therefore explain the remaining 

difference. Composite micromechanics theories, such as the Halpin-Tsai equation, clearly 

show that fillers with high aspect ratios contribute more to the overall modulus than those 

which have aspect ratios approaching unity.
39

 Applying these theories to the present systems 

translates to a larger mechanical contribution from the soft, hydrated S/sS-rich domains in the 

planar lamellae and cylinder-encompassing matrix phases in THF-cast hydrogels than from 

the spherical phases in the TIPA-cast hydrogels, which accounts for the remaining reduction. 

8.3.3. Hydrogel Temperature Dependence 

An understanding of changes that occur in SBI hydrogels in the presence of water and 

increased thermal energy are important for application in increased temperature 

environments (e.g. fuel cell operation). The SBI films, at all DOS and from both casting 

systems, have monotonically increasing water uptake as a function of temperature (Figure 

8.8a). More specifically, the films all increase in their capacity to uptake water linearly to 50 

°C at which point there is a transition to a second, higher sloped linear trend. The SBI-52 

hydrogel films (both TIPA- and THF-cast) represent the most extreme case starting from 

å140% water uptake at ambient temperature rising modestly to å275% at 50 ÁC and then 

sharply increasing up to å1000% uptake at 70 ÁC. The sharp change in water uptake indicates 
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a possible thermal transition, likely the S/sS domain hydrated glass transition, in the films 

around 50 °C. 

Hydrogels exposed to conditions that plasticize their S/sS-rich domains should maintain 

different water uptake capacity following cooling, which is proven simply based on 

reswelling water uptake experiments. The experiments consist of immersing films in water at 

increased temperatures for 24 h, drying them in a vacuum oven at ambient conditions, and 

then reswelling at ambient temperature. While all of the films are immersed in identical 

water for the reswell, they uptake increasing quantities of water as a function of the water 

temperature in the initial soak (Figure 8.8b). The THF-cast SBI films continue to follow a 

constant linear trend even above 50 °C whereas TIPA-cast films display a significant break to 

a much higher rate of change at 50 °C. The films do not match their previous swelling 

capacity (å1000% uptake for SBI-52), but do achieve much higher values than at usual 

ambient conditions (725% vs. 125% at ambient, again for SBI-52). 

Mechanical properties are exploited to further probe the thermal transition. Generally, 

dynamic thermomechanical analysis would represent the best option to probe such behavior, 

but shorter testing is necessary in order to maintain film hydration. TIPA-cast films 

immersed in water at increasing temperatures were subjected to relatively short tensile tests 

at ambient conditions. The moduli of these hydrogels follow a similar, but decreasing, trend 

relative to the temperature of the water used for swelling (Figure 8.9a) wherein their rate of 

change is nearly negligible until å40 °C where a more abrupt, constant rate of change occurs. 

The qualitative structural changes present in 1-D SAXS profiles lend a final nanostructure 

description of the semi-permanent changes that occur following the proposed hydrated 
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thermal transition. Hydrogel films immersed in water at the temperature range of interest and 

subsequently dried were analyzed to compare films in an identical state (dry). SBI-39 films 

exposed to liquid water at 23 and 35 °C exhibit similar features to the as-cast film in the 

intermediate q-range (0.3-1.0 nm
-1

) wherein the form factor of spherical-like S/sS domains is 

expressed
35

, though they become broader due deviation from regularity following swelling 

and deswelling (Figure 8.9b). Immersion in water at 45 °C and redrying significantly 

broadens the intermediate q features, and even higher temperatures (55 and 65 °C) fully 

eliminate the finer form factor characteristics. The disappearance of features suggests that 

there is no longer any substantial ordering in the hydrogel films, again exemplifying the 

considerable changes that occur in the range of the hydrated thermal transition (40-50 °C). 

 

8.4. Conclusions 

Kinetic and thermal investigation of water incorporation into midblock sulfonated 

pentablock ionomer films provides information vital to their application as hydrated 

membranes, for example in water desalination and fuel cell membranes. The kinetic aspects 

of water uptake provide the approximate start up time required for fully swollen hydrogels to 

be achieved. Conversely, thermal findings can be used to define the temperature operating 

range required to maintain desired water content and mechanical properties. The current 

study first explored the kinetics of water uptake into SBI hydrogels using a combination of 

nanoscale and macroscopic techniques (SAXS and water uptake, respectively). The resulting 

information enables conclusion that a direct relationship between hydrophilic domain size 

and the quantity of water in the film can be quantitatively measured. Each individual 
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phenomenon was characterized by fitting data to first order rate kinetics, and the resulting 

rate constants were in close agreement across the two different techniques. Further, SBI films 

prepared by TIPA-casting exhibited increasing rates of swelling where as those from THF-

casting had the opposite trend. This and tensile property differences between the two casting 

systems were explained based on the different morphologies present in the two variations of 

hydrogel films. Next, the impact of increased thermal energy on the films in the swollen state 

was probed using macroscopic water uptake and tensile properties, which came to the 

unanimous conclusion that a hydrated glass transition of the S/sS-rich domains exists in the 

vicinity of 40-50 °C. Additionally, 1-D SAXS profiles showed that minimal nanostructural 

change occurs following swelling and redrying below 40 °C whereas the same processing 

above this temperature led to loss of all well-defined ordering. 
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Figure 8.1. Front (a) and side (b) schematic views of the custom-built chamber for in-situ 

SAXS experiments. The arrow in each indicates the sample location (orange film), the 

dashed line and gray cone in (b) indicate the incident/transmitted and scattered X-rays, 

respectively. 
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Figure 8.2. Micrographs collected for SBI-52 films cast from TIPA (a) and THF (b), where 

in light and dark regions are hydrophobic, T-/EP-rich and hydrophilic, S/sS-rich domains. 
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Figure 8.3. 1-D SAXS profiles obtained for TIPA-cast SBI-52 films during in-situ swelling 

with liquid water. The profiles progress from 0 (top) to 37.18 s (bottom) exposure at 

increments of 2.86 s. The red and blue arrows indicate the position of the primary peak (q*) 

and first minimum (qmin), which corresponds to the first minimum in the form factor, 

respectively. 
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Figure 8.4. The sphere radii extracted from in-situ 1-D SAXS profiles (a) and macroscopic 

water uptake (b) as functions of TIPA-cast film immersion time in liquid water. The black, 

blue, and red points are data that correspond to the three DOS grade SBIs employed (26, 39, 

and 52, respectively) whereas the solid lines are first-order kinetics fits for each data set. 
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Figure 8.5. 1-D SAXS profiles obtained for THF-cast SBI-52 during in-situ swelling with 

liquid water. The profiles progress from 0 (top) to 37.18 s (bottom) exposure to water at 

increments of 2.86 s. The red, blue, and green arrows indicate the position of the primary 

peak (q*) and structure factor peaks at ã3q* and 2q*, respectively. 


