
ABSTRACT 

KAMBOJ, ISHITA. Design of Lithium-ion Battery Cathode Materials and Architectures (Under 

the direction of Dr. Veronica Augustyn). 

 

Important contributors to the energy and power densities of lithium-ion batteries (LIB) are 

the choice of cathode material and design of the electrode architecture. To satisfy demand for LIBs 

from the transportation sector, future innovations at the cathode must lead to increased energy and 

power density while decreasing materials cost. The purpose of this research was to understand 

favorable cathode electrode architectures and the electrochemical behavior of advanced cathode 

materials.  

Deterministic design of electrodes is the concept of intentionally designing and controlling 

the electrode architecture to achieve high capacity and rate capability, leading to high power and 

high energy devices. In Chapter 2, I survey the literature to identify promising deterministic 

electrode architectures and design strategies. One challenge for deterministic design is to obtain 

direct wiring of commercially relevant materials of the type LiMO2 (where M is a transition metal 

cation like manganese, nickel or cobalt) to a 3D conductive scaffold such as porous carbon. The 

synthesis of LiMO2 cathode materials requires high temperatures (>700°C) in air, exceeding the 

stability of conductive carbon-based scaffolds (~ 400°C). In Chapter 3, I study an 

electrodeposition-hydrothermal synthesis method (<300°C) to obtain crystalline, layered HT-

LiCoO2 on 3D carbon scaffolds using only three feedstock materials. Hydrothermal treatment 

pressure, temperature, duration, and LiOH concentration modulate the active synthesis mechanism 

and resulting LiCoO2 morphology. Low hydrothermal pressure and high LiOH concentration 

prevent dissolution of precursor Co(OH)2 to enable ion-exchange of H+ from Co(OH)2 with Li+ 

from solution. This produces layered LiCoO2 while preserving the nanoflake architecture on the 

scaffold. We demonstrated the versatility of the ion-exchange process by coating nine different 



carbon electrode architectures. This research provided insight into the applicability, and 

limitations, of soft chemistry strategies to crystallize commercially relevant Li-ion cathode 

materials directly onto unique geometries for wide-ranging applications. 

As the electrification of the transportation sector continues to grow, LIBs must utilize 

materials with sustainable and economical supply chains. The use of cobalt in LIB cathodes has 

been particularly problematic from the standpoint of cost, sustainability, and safety. Lithium and 

manganese rich oxides (LMRs) can be made with little to no cobalt. In Chapter 4, I compare the 

energy storage performance and Li-insertion kinetics of three LMRs synthesized with minimal Co 

content (<15% in LiMO2 domain). We report the effect of Co dopants on the energy storage 

properties of LMRs that have similar degrees of Li-excess and Li vacancy formation during charge, 

morphology, microstructure, and relative TM composition in LiMO2. We found that Co 

substitution of <15% Co in the LiMO2 domain does not provide the supposed benefits (higher 

capacities due to more reversible O redox) or drawbacks (cycling instability and voltage fade) 

realized by higher quantities of Co in LMRs. In lieu of new methods to stabilize higher Co 

contents, this work further motivates a transition away from Co doping in LMR materials toward 

fully earth-abundant chemistries. 

In Chapter 5, I study a model LMR material with high Mn content, 

0.5Li2MnO3·0.5LiNi0.5Mn0.5O2. With a high proportion of Li2MnO3, this material exhibits over 

double the capacity of a commercial LiMO2 type material accompanied by major structural 

instability during first cycle activation of anionic redox. I use operando Raman spectroscopy to 

study the local structural evolution of LMRs during activation. Interpreted in conjunction with 

thermodynamic (ȹS) and kinetic (DLi
+) data as a function of state of charge, the shift of prominent 

Li2MnO3 Raman modes above 4.4 V indicates shortened metal-oxygen bonds and suggests a two-



phase mechanism for delithiation during activation of anion redox. This work demonstrates the 

utility of Raman spectroscopy to understand materials like LMRs where short-range structural 

phenomena govern electrochemical performance.  

 

 

  



 

 

 

 

 

 

 

 

 

 

 

© Copyright 2024 by Ishita Kamboj 

All Rights Reserved



Design of Lithium-ion Battery Cathode Materials and Architectures 

 

 

 

 

by 

Ishita Kamboj 

 

 

 

 

A dissertation submitted to the Graduate Faculty of 

North Carolina State University 

in partial fulfillment of the  

requirements for the degree of 

Doctor of Philosophy 

 

 

Materials Science and Engineering 

 

 

 

Raleigh, North Carolina 

2024 

 

 

 

APPROVED BY: 

 

 

 

_______________________________                       _______________________________ 

Veronica Augustyn                                                           Rajeev Gupta 

Committee Chair 

 

 

_______________________________                       _______________________________ 

Jacob Jones                                                                        William Joe Sagues



 

ii  

 

DEDICATION  

To my mom, dad, and brother, for encouraging and inspiring me every day 

 

 

 

 

 

 

 

 

 

 

 

 



 

iii  

 

BIOGRAPHY  

I was born and raised in the suburbs of the Twin Cities, Minnesota in a bustling household 

with my parents, paternal grandparents, and younger brother. My dad, a computer engineer, and 

my mom, a microbiologist, were the first in both of their families to immigrate to the US from 

India in search of opportunity. I know that kick-starting their individual careers across the world 

from their support systems while taking care of two young kids and aging parents was extremely 

challenging. Yet what I remember most about my childhood was being surrounded by love, 

laughter, empowerment, and tradition whether that was with my extended family during our 

frequent visits to India or with our family-friends in MN. My interest in science began in middle 

school, when I participated in my school districtôs science fair. I had just returned from my auntôs 

farm in India, where I learned about cow manure being used as fuel for cooking. I became adamant 

to show my classmates that manure we see across farms in MN could be energy, and making it 

happen became a family affair. My mom helped me design an experiment to accumulate biogas 

from manure, my dad scaled a fence to swipe some cow manure from a local farm, and my brother 

helped me shovel it into my makeshift ñreactorsò (2-liter bottles). This is but one example of the 

many times my family encouraged my curiosity. 

During my sophomore year of high school, I began taking courses at the University of 

Minnesota through the Post-Secondary Enrollment Option. Proximity to campus and having free 

time between classes allowed me to have my first research experience in the Department of 

Surgery & Pharmacology in UMNôs medical school under the guidance of Dr. Sabita Roy where 

I got to study the influence of methamphetamine on the phagocytosis process in mouse-derived 

microglial cells. I got to present my research at statewide and national science fairs where I learned 

about the importance of science communication. I credit these experiences for helping me fall in 



 

iv 

 

love with the scientific method. I felt like a detective in the lab, using assay techniques and 

fluorescence microscopy to collect evidence to solve mysteries in the central nervous system. 

Although nerve-wracking, I enjoyed answering questions about my research from judges after 

science fairs and the thought-provoking discussions that followed.  

After graduating from high school I continued at UMN to obtain my bachelorôs degree in 

Materials Science & Engineering. I began appreciating materials science from the moment Prof. 

Eray Aydil artfully illustrated the relationships between structure, properties, processing, and 

performance using chocolate as an example. As we explored the tetrahedron of materials science 

further during that course, I became convinced that cultivating a deep understanding of materials 

systems would be key to developing groundbreaking technologies to solve the worldôs most critical 

problems. I went on to make fond memories and lifelong friends through the MSE program during 

late nights completing problem sets in the Amundson Hall student lounge to Material Advantage 

events. In my junior year, I began my first endeavors into hands-on materials synthesis through an 

internship at 3M making vibration-damping adhesives and undergraduate research with Profs. 

Aydil and Chris Leighton synthesizing magnetic Ni nanoparticles. The following year during an 

internship at Medtronicôs Energy and Component Center, I became interested in the trade-offs 

between high energy and power density, and the importance of both properties for medical device 

batteries. I served a short stint as a process engineer at Medtronic after graduating in May of 2019, 

but realized quite quickly that I wanted to develop my knowledge of materials for energy. I moved 

to Raleigh in August of 2019 to begin my PhD at NC State under the advisement of Prof. Veronica 

Augustyn. While the last five years have been a rollercoaster, they have been filled with formative 

experiences that cultivated my scientific intuition and understanding of where I fit within the 

science ecosystem. Outside of conducting my own research, I had the privilege of engaging in 



 

v 

 

meaningful dialog over interesting research problems with my labmates and PI, participating in 

rewarding collaborations, and engaging with the field more broadly at national and international 

conferences and workshops. I also furthered my understanding of how research impacts society 

through hands-on training in science policy. Wherever my career takes me next, I am excited to 

use the educational foundation I have built to make a positive impact.  



 

vi 

 

ACKNOWLEDGMENTS  

 This dissertation is a culmination of the collaboration, support, mentorship, wisdom, and 

love of many. My research and achievements over the last five years have been a team effort 

professionally and personally. I am grateful for the abundance of opportunities I have had through 

this degree to learn something new about materials science and its place in improving the world. 

First and foremost, I am grateful to my mom, dad, and brother for their unwavering support 

and confidence in my abilities. To both of my parents: thank you for always enabling my curiosity 

and encouraging my ambitions. I appreciate every sacrifice you both have had to make for our 

family, and for ensuring that Abhi and I could have the best education and opportunities.  To my 

mom, thank you for being the best role model of joy, courage, and determination. I admire and am 

inspired by everything you have achieved as an educator, and your commitment to your students. 

It is an honor to follow in your footsteps as a scientist. To my dad, thank you for being a constant 

reminder of the value of hard work, focus, and kindness. I appreciate that you ask about my 

research almost every day, and I look up to how you always maintain an optimistic perspective 

while juggling the challenges of life. Abhi, you are my rock. Thank you for always being in my 

corner, making sure I donôt take myself too seriously, making me laugh, and showing me how to 

grow. Thank you especially for coming to Raleigh leading up to my defenseðyour presence made 

getting to the finish line less stressful and more enjoyable. I am extremely lucky to be your sister. 

Additionally, I am grateful to my grandparents for all of their care and support throughout my life. 

Nana ji, thank you for sharing your wisdom and inspiring my love of reading the news and current 

events. Nani ji, thank you for your compassion, and for our weekly Pictionary games. Dada ji and 

Dadi jið I was blessed to have grown up under your care. Thank you for having big dreams for 

me, and for believing I could accomplish whatever I set my mind to. I wish you were here to 



 

vii  

 

celebrate this milestone with me. To my aunts, uncles, and cousins, thank you for your 

encouragement, for making every family gathering an enjoyable break, and for sending me all the 

random energy-related articles and facts you come across. I am so lucky to be able to call each and 

every one of you family. 

I am fortunate to have worked with an outstanding research team over the last five years. 

Veronica, thank you for the opportunity to research in your group. I am grateful for the lessons I 

learned from you on how to conduct rigorous research and ask good questions. I appreciate your 

attention to detail and passion for basic research, and am grateful for the exposure to many aspects 

of electrochemistry and materials chemistry throughout my time in your group. Thank you also 

for always thinking of me and advocating for me to pursue programs aligning with my career 

interests such as the Climate Leadership Program and the Mirzayan Fellowship at NASEM. 

Finally, thanks for building such a great team in your group. To my labmates, it has been a pleasure 

to work with each and every one of you. Drs. Shelby Boyd, Ruocun (John) Wang, James Mitchell, 

Simon Fleishmann, and Michael Spencerð thank you all for answering my relentless questions 

when I first joined the group, and for teaching me the basics of electrochemistry research when it 

was much harder to do during the pandemic. Mike, thank you for providing more in-depth training 

on the electrode architectures project, and for being both a friend and a mentor during my PhD. I 

appreciate your candid advice, and investment in my growth as a scientist and person. Dr. Jenelle 

Fortunato, I am so grateful to have met and grown close to you through our overlap in the Augustyn 

group. I look up to you in more ways than I can count and am inspired by your authenticity and 

passion for education. I must also thank you for putting me onto Larryôs coffee and Wegmans, 

both of which I relied heavily on throughout the course of this degree. Hereôs to many more beach 

trips and cookie parties in the future! To those I got to work with toward the end of my degreeð



 

viii  

 

Drs. Noah Holzapfel and Ran Ding, Vincenzo Musico, Seongbak Moon, Alan Ferris, and Aldina 

Sultana, thank you for sharing your knowledge and excitement about science with me, for all our 

random lab chats, and for helping me out when/how you could when I needed it. Seongbak, thanks 

in particular for collaborating with me on the hydrothermal LiCoO2 study; your contributions to 

enable a more efficient batch synthesis strengthened the work. I appreciate you all and canôt wait 

to see everything you accomplish in the future. To my day ones ï Saeed and Matthew, I am so 

happy we all joined the lab at the same time and got to grow into being scientists together. Itôs 

very rare to have people that can relate to you from the perspective of being in the exact same 

situation at the exact same time as you. Your friendship and moral support have meant so much to 

me over the last five years together. Saeed, you are one of the most compassionate people I have 

ever met, and I admire your intellectual curiosity and work ethic. Thank you for being there for 

me more times than I can count. Matthew, I admire your authenticity and honesty, and although it 

took some time for me to acclimate to it, your humor always lifted my spirits. Thank you for 

welcoming me at all the gatherings with your Rice buddies, and for being a listening ear. 

Outside of my immediate research group, I would like to thank the team I worked with 

during an internship Argonne National Laboratory. Drs. Jason Croy and Arturo Gutierrez, thank 

you for the opportunity to join your group. Arturo, thank you for advising my research and 

including me in all meetings and discussions during my time at ANL. It was great to be a part of 

a large research team all working on different aspects of the same material class; I gained a lot of 

insight into these materials in a short amount of time. Drs. Jiajun Chen and Subhadip Mallick, 

thank you both for training me on everything and helping me learn how things work at ANL. I 

appreciate that both of you were always willing to discuss literature and data with me, and 

continued collaborating with me long after my internship ended to ensure I could wrap up my 



 

ix 

 

projects. I would also like to thank Dr. Venkatesh Kabra, Bairav Vishnugopi, and Dr. Partha 

Mukherjee for their simulation work in Chapter 4 and collaboration on mesoscale modeling of 

porous electrodes. I greatly enjoyed my visit to Purdue and our continued discussions. Finally, I 

would like to thank my doctoral advisement committee, Drs. Jacob Jones, Rajeev Gupta, and 

William Joe Sagues, for taking the time to serve on my exam committees and providing your 

feedback. Dr. Sagues, thank you for providing career guidance and wisdom based on your firsthand 

experience working at a funding agency. I also appreciate the discussions with both you and Dr. 

Yaojing Qiu on the energy demands of various syntheses described in Chapter 3.  

Throughout my PhD, I was lucky to have opportunities to enhance my education outside 

of my research activities. I owe a big thank you to the Kenan Instituteôs Climate Leadership 

Scholarôs Program team for enabling me to gain context for my research by studying climate 

change adaptation and mitigation efforts through our monthly meetings, intensive academies, and 

fall symposia. I also am grateful for the funding received to this program, both for research tools 

and internship support. My internship at Argonne that produced the work in Chapter 4 would not 

have been possible without CLP support. The commercial optical microscopy cell I used to collect 

Raman data presented in Chapter 5 was purchased from CLP funds as well. I need to give a special 

shout-out to Amanda Mueller. Thank you for being an excellent leader to the CLP cohorts, and 

mentor to me during and after the CLP program. I am grateful for all of your support and all of the 

opportunities youôve given me. Secondly, I want to thank the Christine Mirzayan Science & 

Technology Policy Fellowship Program team for the opportunity to dive deep into science policy 

and learn about the political systems and funding structures that influence our research systems. 

To the Board on Chemical Sciences & Technology, thank you for warmly welcoming me to your 

team and allowing me to contribute to the ongoing work and engage with the various technical 



 

x 

 

committees. I appreciate the breadth of topics and activities I got to engage with, as well as all of 

the introductions you made for me. To Dr. Liana Vaccari in particular ï thank you for taking me 

under your wing and being invested in my learning and growth. I am so grateful that you always 

gave me responsibility and engaged me in important work, sought out my thoughts and ideas, and 

encouraged me to make the most of my time in the science policy ecosystem in DC. My fellowship 

experience was formative to developing my career aspirations, and I owe that clarity to the 

opportunities and mentorship I received from you and BCST. 

Importantly, I would like to thank the National Science Foundation for funding support to 

conduct the electrode architectures work presented in Chapters 2 and 3, and simulation in Chapter 

4 (Grant No. 1901906). I am also grateful to have received the NSF Graduate Research fellowship, 

which gave me the flexibility  to pursue research topics outside the scope of my research groupôs 

existing grants and was critical to enabling my internship at ANL and the Mirzayan Fellowship. 

Thanks to Argonne National Laboratory for the supplemental funding to extend my internship. 

Thank you to the Department of Materials Science & Engineeringôs administrative and support 

staff, as well as the IT and facilities teams, for everything you do to enable our research and 

education. From scheduling and purchasing, to helping install equipment that levels up our labôs 

capabilities, I sincerely appreciate your reliable support throughout my time in EB1. I am also 

grateful to NC Stateôs Counseling Center and in particular the graduate women of color group for 

helping me find perspective and balance in the most challenging moments of this journey.  

I owe a huge thank you to my friends, who have enabled me to enjoy my time outside of 

the lab. Anyone who has met me knows I struggled (and still struggle) with significant 

homesickness since leaving Minnesota. Rachel, Tania, Alex, Laine, and Madison ï thank you for 

making Raleigh feel more like home through your friendship and camaraderie. I am so grateful for 



 

xi 

 

all our camping trips, game nights, hangouts at Madone, ice cream runs, and more. Radhika (Pal) 

and Henry, thank you for the fun times during bhangra or line dancing, and all the shenanigans 

that followed. Michelle, Sruti, Radhika (Sharma), Anushka, Sonali, Anna, Varun, Dalena, and 

Haleyð thank you for bringing home to me during your visits to NC, Chicago, and/or DC. I am 

forever grateful for longstanding friendships with each of you. You all bring out the best in me 

and remind me who I am when times are tough. To Anushka, Sonali, and Trevor, I had a blast 

getting to spend so much time with you all in Chicago; thank you for making the experience 

enjoyable and memorable. To my Mirzies ï it was a privilege to get to learn with and from you all 

during our time in DC. You each inspire me with your passion for science and dedication to using 

your knowledge for social good. To those I met at JUAMI and now get to work with on the 

microgrid project, Gloria, Kofi, Patrick, and Andreð thanks for being great collaborators and 

friends on this exciting outreach project. Thank you to my peers in Science Policy Pack at NC 

State for facilitating numerous collaborative projects on science policy topics over the years, and 

being a place to connect with like-minded grad students with similar career interests.  

Finally, I would like to thank the educators I had growing up who inspired me to pursue 

research and in particular materials science. Thank you to Princesa VanBuren Hansen for 

mentoring me during middle school science fairs, and to Dr. Sabita Roy for giving me my first real 

research experience in her lab during high school. I am grateful to Dr. Eray Aydil for teaching the 

introduction to materials science course that helped formulate my passion for the field, and for 

modeling intellectual curiosity. Thanks to the CEMS faculty at UMN for being great educators 

passionate about undergraduate training. Thank you to both Drs. Aydil and Chris Leighton for 

mentoring me during my undergraduate research experience in your labs.  

 



 

xii  

 

TABLE OF CONTENTS  

LIST OF TABLES  ...................................................................................................................... xv 

LIST OF FIGURES ................................................................................................................... xvi 

CHAPTER 1 .................................................................................................................................. 1 

Introduction  ................................................................................................................................... 1 

1.1 Motivation ............................................................................................................................. 1 

1.2 Background ........................................................................................................................... 5 

1.2.1 Li-ion battery fundamentals ........................................................................................... 5 

1.2.2 Key Terminology ........................................................................................................... 6 

1.2.3 Layered transition metal oxide cathode materials ....................................................... 10 

Stoichiometric transition metal oxides.............................................................................. 10 

Li and Mn-rich cathode materials ..................................................................................... 12 

1.3 Overview of Chapters ......................................................................................................... 14 

CHAPTER 2 ................................................................................................................................ 17 

Toward Deterministic Design of Energy and Power Dense Electrode Architectures .......... 17 

2.0 Preface ................................................................................................................................. 17 

2.1 Introduction ......................................................................................................................... 17 

2.2 Literature Review................................................................................................................ 21 

2.2.1 Issues with the state of the art: nanostructured active materials in slurry electrodes .. 21 

2.2.2 Understanding the fundamental limitations of energy storage processes in thick slurry 

electrodes .................................................................................................................... 24 

2.2.3 Emerging architectures for nanosized TMOs that show promise for deterministic 

design .......................................................................................................................... 33 

2.2.3.1 One-dimensional & two-dimensional architectures .................................................. 33 

Nanowires ......................................................................................................................... 33 

Nanotubes ......................................................................................................................... 34 

Hybrid nanostructures ....................................................................................................... 36 

2.2.3.2 Three-dimensional architectures ............................................................................... 38 

Assemblies ........................................................................................................................ 38 

Aerogels ............................................................................................................................ 40 

Foams ................................................................................................................................ 40 

Opportunity for Architectural Advancement .................................................................... 41 

2.3 Electrodeposition-based design of 3D electrode architectures ........................................... 41 

2.4 Conclusion .......................................................................................................................... 50 



 

xiii  

 

CHAPTER 3 ................................................................................................................................ 52 

Competition Between Dissolution vs. Ion Exchange During Low Temperature Synthesis of 

LiCoO 2 on Carbon Scaffolds ..................................................................................................... 52 

3.0 Preface ................................................................................................................................. 52 

3.1 Introduction ......................................................................................................................... 52 

3.2 Experimental Methods ........................................................................................................ 57 

3.2.1 Co(OH)2/LiOH titration ............................................................................................... 57 

3.2.2 Carbon scaffold preparation & electrochemical surface area determination ............... 58 

3.2.3 Electrodeposition of Ŭ-Co(OH)2 on carbon scaffolds .................................................. 60 

3.2.4 Preparing ɓ-Co(OH)2 on carbon paper ........................................................................ 61 

3.2.5 Synthesis of LCO ......................................................................................................... 62 

3.2.6 Physical Characterization ............................................................................................. 62 

3.2.7 Electrochemical Characterization ................................................................................ 63 

3.3 Discussion ........................................................................................................................... 64 

3.3.1 Aqueous chemistry of Co(OH)2 in alkaline solutions .................................................. 64 

3.3.2 Ion exchange of electrodeposited Co(OH)2 on carbon paper ...................................... 67 

3.3.3 Combining electrodeposition with hydrothermal synthesis to synthesize layered LCO

..................................................................................................................................... 71 

3.3.4 Toward deterministic electrode architectures for lithium-ion batteries ....................... 77 

3.3.5 Versatility of the method with other porous carbon scaffolds ..................................... 81 

3.4. Conclusions ........................................................................................................................ 84 

3.5 Acknowledgements ............................................................................................................. 85 

CHAPTER 4 ................................................................................................................................ 87 

The Influence of Cobalt Doping on the Electrochemistry of Lithium & Manganese Rich 

Materials ...................................................................................................................................... 87 

4.0 Preface ................................................................................................................................. 87 

4.1 Introduction ......................................................................................................................... 87 

4.2 Experimental Methods ........................................................................................................ 91 

4.2.1 Materials Synthesis ...................................................................................................... 91 

4.2.2 Physical Characterization ............................................................................................. 93 

4.2.3 Iodometric Titration ..................................................................................................... 93 

4.2.4 Electrode Fabrication ................................................................................................... 94 

4.2.5 Electrochemical Testing ............................................................................................... 95 

Rate capability tests .......................................................................................................... 96 

Galvanostatic intermittent titration technique (GITT) ...................................................... 96 



 

xiv 

 

4.2.6 Synchrotron X-ray Diffraction ..................................................................................... 97 

4.2.7 Transmission electron microscopy .............................................................................. 97 

4.2.8 Full cell simulation ...................................................................................................... 98 

4.3 Results & Discussion .......................................................................................................... 99 

4.3.1 Structural and physical characterization ...................................................................... 99 

4.3.2 Electrochemistry of cobalt-containing vs. cobalt-free LMRs .................................... 102 

4.3.2 Kinetic analysis of activated LMRs ........................................................................... 108 

4.3.3 Influence of potential window on electrochemistry ................................................... 114 

4.4 Conclusions ....................................................................................................................... 117 

4.5 Acknowledgements ........................................................................................................... 118 

CHAPTER 5 .............................................................................................................................. 119 

Dependence of Local Structural Evolution on Depth of Charge in Li and Mn Rich Cathode 

Materials .................................................................................................................................... 119 

5.0 Preface ............................................................................................................................... 119 

5.1 Introduction ....................................................................................................................... 119 

5.2 Methods............................................................................................................................. 122 

5.2.1 Electrochemical characterization ............................................................................... 122 

5.2.2 Entropymetry ............................................................................................................. 123 

5.2.3 Galvanostatic Intermittent Titration Technique (GITT) ............................................ 123 

5.2.4 In situ and operando Raman spectroscopy ................................................................. 124 

5.3 Results & Discussion ........................................................................................................ 125 

5.4 Conclusion ........................................................................................................................ 140 

5.5 Acknowledgements ........................................................................................................... 141 

CHAPTER 6: Conclusion & Outlook ..................................................................................... 142 

REFERENCES .......................................................................................................................... 146 

APPENDICES ........................................................................................................................... 158 

Appendix A ............................................................................................................................. 159 

Appendix B ............................................................................................................................. 182 

Appendix C ............................................................................................................................. 192 

 

 

 

 



 

xv 

 

LIST OF TABLES  

Table 1.1 Breakdown of cost constituents depicted in Figure 1.3b. Reproduced from Ziegler et 

al. 2021. ...................................................................................................................... 5 

 

Table 3.1 Time intervals for pH measurement of LiOH solutions ........................................... 58 

 

Table 3.2 Carbon scaffolds and estimated electrochemical surface areas used to scale applied 

current during -Co(OH)2 electrodeposition. .......................................................... 60 

 

Table 4.1 Compositions of the carbonate precursor, targeted, and final LMR materials. ........ 92 

 

Table 4.2 Specific surface area and average primary particle sizes for 0%, 5%, and 15% Co 

materials. ................................................................................................................ 100 

 

Table 4.3 First cycle charge and discharge specific capacities with coulombic efficiencies for 

each composition shown in Figure 3a. ................................................................... 103 

 

Table 5.1 Summary of peaks deconvoluted from Raman spectra and their structural origins.135 

 

Table A.1 Quantities of LiOH required to produce a series of solutions with varying mol ratios 

of Li+/Co2+. Resulting pH values shown at various time points during the titration 

experiment in Figure 3.2a are reported below. ....................................................... 159 

 

Table B.1 Lattice parameters, extent of Li-Ni exchange and fitting parameters obtained from 

the structural refinement of the Rσm model against the diffraction data collected 

from the pristine and discharged 0% Co and 5% Co samples. ............................... 184 

 

 



 

xvi 

 

LIST OF FIGURES 

Figure 1.1 a) Minimum projected global Li-ion battery cell demand is expected to increase over 

six-fold to reach ~4,700 GWh by 2030. b) Battery costs have declined while battery 

energy density increased significantly from 1991-2023.. .......................................... 1 

 

Figure 1.2 Share of cars in use that are electric from 2010-2023, including leading countries for 

electric vehicle deployment and the global average. These figures include fully 

battery-electric or plug-in hybrids vehicles. ............................................................... 2 

 

Figure 1.3 a) Cost decreases in Li-ion battery cells broken down per component including 

manufacturing plant-size related factors. Percent contribution to Li-ion cost decline 

of b) cell performance, material, and manufacturing changes, c) innovation category 

and d) chemistry and materials science as a portion of overall research and 

development efforts. All graphs consider Li-ion price decline between 1995-2000 

and 2010-2015. Adapted from Ziegler et al. 2021. .................................................... 4 

 

Figure 1.4  Schematic of a Li-ion battery with directions of Li+ and electron flow during charge 

and discharge with corresponding cathodic and anodic reactions.............................. 6 

 

Figure 1.5  Commercial LIB electrodes are comprised of slurry electrodes made from 

electrochemically active material, conductive additive, and polymer binder shown in 

the magnified region of a). b) Weight percentages of the various components in a 

typical LIB cell. c) Voltage profiles of various LIB cathode materials. .................... 9 

 

Figure 1.6 Comparison of the structure and electrochemical behavior of stoichiometric versus 

Li -rich layered oxides. Alternating layers of Li and TM octahedra are depicted in a) 

to form the LiMO2 structure, while b) contains some Li in the TM layer as per 

xLi 2MnO3·(1-x)LiMO2. c) The TM layer in LiMO2 viewed along the c-axis 

compared to d) the TM layer in Li-rich oxides showing the Li honeycomb 

superstructure with LiM6-type ordering highlighted by the gray hexagon. e) In 

LiMO2, the capacity is due to only cation redox, whereas in f) Li-rich materials 

anion redox is activated upon first charge past ~4.5 V. Adapted from Assat et al. . 11 

 

Figure 1.7 Performance comparison of NMC811 compared to Li-rich NMC. a) Spider plot 

showing Li-rich NMC only outperforms NMC811 on the basis of specific energy. 

Breakdowns of how materials compare regarding b) material specific energy, c) cell 

energy density, d) relative Co content which is a key determinant of material cost, e) 

energy efficiency, governed by reversibility, f) capacity retention over 100 cycles 

compared to voltage fade incurred, and g) specific energy and power on a Ragone 

plot. Reproduced from Assat et al. ........................................................................... 14 

 

Figure 2.1 Schematics of slurry electrodes comparing a) a model electrode morphology, with 

continuous conductive pathways and ample pore space to maximize interfacial area 

between the active material and electrolyte versus b) a realistic morphology with 

aggregation of components and minimal pore space. Illustration of improved 



 

xvii  

 

electrical percolation networks when c) micron-scale carbon particles are replaced 

with d) nano-sized carbon particles for use in slurries with high concentrations of 

nano-sized TMOs.  ................................................................................................... 23 

 

Figure 2.2 Relationship between cathode thickness and overall cell energy for different cathode 

porosities. ................................................................................................................. 25 

 

Figure 2.3 Numerical simulation results for a) an assessment of utilized areal capacity as a 

function of thickness to penetration depth ratio, showing that increases in thickness 

do not yield proportional increases in capacity, b)  salt concentration gradient in 

thick electrodes (245 µm) formed at indicated discharge times for a C/1 discharge 

rate, and c) areal capacities (solid colored lines) deteriorating with C-rate for various 

electrode thicknesses compared to lines of  ɔ, the ratio of thickness to penetration 

depth. Dashed colored lines represent the capacities for the same thicknesses 

calculated using twice the tortuosity values of that depicted by the solid colored 

lines. d) Actual areal capacity deteriorating with C-rates from NMC622/graphite 

pouch cell experiments for electrodes with various initial areal capacities. ............ 27 

 

Figure 2.4  Comparison between as prepared and graded particle samples from 3D 

reconstructions of the NMC phase at 50% depth-of-discharge at 3.75 C. a) Particle 

size distribution of as-prepared sample. Spatial distribution of b) distance to 

separator, i.e. distance a Li+ ion travels to a reaction site which is well-correlated 

with c) potential drop in the electrolyte (űp ) and d) local variations in charge transfer 

current density (Jct). e) illustrates three distinctly convoluted Li+ pathways (A, B, C) 

showing the pore tortuosity (Űpore, red dashed line) and electrode tortuosity (Űelectrode, 

green dashed line). f) Particle size distribution of graded particle sample. g-i) 

relationship between interfacial area, state of lithiation, and electrolyte concentration 

as a function of distance to the separator for both the as-prepared and graded particle 

samples. All scale bars are 10 µm. ........................................................................... 31 

 

Figure 2.5 Simulated electrochemical performance of microstructural design variations. a) 

Ragone plot of specific power vs. energy. b) maximum accessible specific capacity 

vs. C-rate, with spatial distribution of state of lithiation compared for different 

microstructures in the inset figures. The scale bar in a) is 20 µm. ........................... 32 

 

Figure 2.6 Figure 2.6. Scanning electron microscope (SEM) images from an overhead view of 

the a) Ni nanotube array, b) after Fe3O4 nanoparticle growth, and c) after ŭ-MnO2 

coating. d) Architecture before electrochemical cycling, e) discharged, and f) 

charged. g) size distribution of features before and after 1000 electrochemical cycles, 

indicating minimal size change due to cycling. ....................................................... 35 

 

 

Figure 2.7 SEM images of a,b) Co3O4 nanowires alone and c,d) Co3O4 nanowires with NiO 

shell. e,f) Co3O4/NiO heterostructure enlarged to show flaky, porous shell. 

Reproduced from ref.69 ........................................................................................... 37 

 



 

xviii  

 

Figure 2.8 Description of synthesis steps to create hierarchically porous assembly of 

Nb2O5/holey graphene. The nanoporous graphene and self-assembly of sheets 

enables porosity at multiple length scales, creating channels for easy ion diffusion 

and electron conduction compared to layered Nb2O5/graphene composites. ........... 39 

 

Figure 2.9 Schematic of the manufacturing process to produce Ŭ-MoO3/CNT foam composite 

electrodes. ................................................................................................................. 42 

 

Figure 2.10 SEM images depicting an increase in conformal coating thickness of Ŭ-MoO3 on 

CNTs with number of electrodeposition CV cycles featuring electrodes made using 

a) 4 cycles, b) 8 cycles, c) 12 cycles, and d) 16 cycles. e) Variation in areal mass 

loading with number of electrodeposition cycles for 50L and 100L CNT foams. The 

scanning electron microscopy was performed by Dr. Michael A. Spencer. ............ 43 

 

Figure 2.11 Reconstructed micro-CT cross-sectional images of an 8 cycle electrodeposited 

MoO3/CNT foam (20 layer) electrode a) 25%, b) 50% and c) 75% through the 

thickness of the foam showing the uniformity of the oxide coating and alignment of 

the CNTs. The horizontal lines in the top images show location of the cross-sectional 

scan along the electrode thickness. ........................................................................... 44 

 

Figure 2.12 Reconstructed micro-CT cross-sectional image of a bare CNT foam. The low atomic 

number of carbon leads to low attenuation of X-rays as they pass through the 

sample, generating a low-contrast image for comparison to the coated CNT foam. 45 

 

Figure 2.13 Varying the number of electrodeposition cycles tuned the a) areal capacity and b) 

volumetric capacity of the Ŭ-MoO3/CNT foam electrode architecture. c) The 

electrodes maintained near-theoretical (dashed line; 280 mAh/g) specific capacities 

across Ŭ-MoO3 mass loadings. These electrochemical data were collected by Dr. 

Michael A. Spencer. ................................................................................................. 46 

 

Figure 2.14 a) Specific capacity vs. rate for different mass loading electrodes. b) The 

characteristic time (†) for each electrode determined from Equation 2.5. The error 

bars indicate standard error from fitting Equation 2.5 to the experimental data. This 

data in (a) was collected by Dr. Michael A. Spencer. .............................................. 47 

 

Figure 2.15 Determination of the characteristic time (†) for an 8-cycle electrodeposited electrode 

following the analysis proposed by Tian et al.83 a) Linear fitting of the low- and 

high-rate regimes to determine the parameters for Equation 2.5 (QM, n, and †.) b) Fit 

of Equation 2.5 to experimental data for an 8-cycle electrode. .............................. 48 

 

Figure 2.16 Electrochemical impedance spectroscopy of electrodes made via 4, 6, 8, and 16 

cycles of electrodeposition. This data was collected by Dr. Michael A. Spencer. ... 49 

 

Figure 3.1 Schematics of the crystal structures of precursors (Ŭ- and ɓ-Co(OH)2), solid 

intermediate (CoOOH), and product (LCO). ........................................................... 55 

 



 

xix 

 

Figure 3.2 Schematic representation of the electrodeposition-hydrothermal process studied in 

this work. Cathodic electrodeposition from an aqueous cobalt nitrate solution 

crystallizes nanoflake Co(OH)2 onto a carbon scaffold, and hydrothermal treatment 

in a concentrated LiOH solution forms LCO through H+/Li+ exchange. Of the 

variables explored, hydrothermal pressure and LiOH concentration are the most 

significant determinants of the resulting LCO morphology. .................................... 57 

 

Figure 3.3 Solid acid-base titration of powder ɓ-Co(OH)2 demonstrating regimes for formation 

of Co3O4 (green), partial dissolution of Co(OH)2 (orange), and ion-exchange of 

H+/Li+ (red) under ambient, aqueous conditions. a) pH curve of samples in varied 

LiOH concentrations showing initial pH (black squares), pH after 7 days of stirring 

at room temperature (blue circles), and pH after 7 additional days of stirring at 60ęC 

(red triangles). b) UV-vis spectra of supernatant and powder and c) XRD of powder 

from all vials.   .......................................................................................................... 66 

 

Figure 3.4 a) XRD of electrodeposited Ŭ-Co(OH)2 shown predominantly Ŭ-Co(OH)2 formed, 

with some ɓ-Co(OH)2 impurities. b) When Ŭ-Co(OH)2 was soaked in 4.4M LiOH for 

120h, H+/Li+ partial exchange occurred to form a mixed phase of CoOOH and LCO. 

c) Strong alkaline conditions of 6M KOH for 12 h force the conversion of Ŭ-

Co(OH)2  from a) to ɓ-Co(OH)2 on carbon paper. d) When ɓ-Co(OH)2 was soaked in 

4.4M LiOH for 120h, H+/Li+ partial exchange occurred to form a mixed phase of 

CoOOH and LCO. CVs in Figure A.6 depict differences in CoOOH structure (Rσm 

vs Fdσm) not discernible from XRD patterns.  ........................................................ 69 

 

Figure 3.5 Electrochemical insertion of Li+ into a) Ŭ-Co(OH)2 and ɓ-Co(OH)2 on carbon paper 

in 1M LiClO4 in PC electrolyte under ambient temperature and pressure. b) X-ray 

diffraction pattern of spinel LT-LCO on carbon paper formed after cycling ɓ-

Co(OH)2 on carbon paper. Electrodes were cycled in a 3-electrode configuration. 71 

 

Figure 3.6 Influence of changing reactor fill (pressure) and LiOH concentration during 

hydrothermal treatment of electrodeposited Ŭ-Co(OH)2 on carbon paper to produce 

LCO. SEM images and cyclic voltammograms of electrodes made using variable 

hydrothermal parameters of a-c) 80% fill of 2M LiOH, d-f) 11% fill of 2M LiOH, 

and g-i) 11% fill of 4.4M LiOH. The hydrothermal temperature and duration of 

treatment were kept constant at 200ęC and 15 hours, respectively. All electrodes 

were cycled in 2032 coin cells.   .............................................................................. 73 

 

Figure 3.7 Influence of hydrothermal temperature and Co(OH)2 precursor phase on the 

synthesis of HT-LCO2@CP. SEM images and cyclic voltammograms of 

hydrothermal syntheses performed using a-b) Ŭ-Co(OH)2@CP at 200ęC, c-d) Ŭ-

Co(OH)2@CP at 140ęC, and e-f) ɓ-Co(OH)2@CP at 140ęC. The vessel fill, LiOH 

concentration, and synthesis time were held constant at 11%, 4.4 M LiOH, and 120h, 

respectively. These electrodes were cycling in a 3-electrode configuration. ........... 77 

 

Figure 3.8 a) Cycling stability and b) coulombic efficiency of LCO@CP electrodes made using 

variable hydrothermal treatment temperature and duration while pressure and LiOH 



 

xx 

 

concentration remained constant (11% vessel fill and 4.4M LiOH.) All electrodes 

were tested in a 3-electrode configuration. The dashed horizontal line indicates the 

theoretical specific capacity of LCO. The 120h treatment at 200°C produces an 

electrode with near-theoretical cathodic capacity during the first cycle, and superior 

capacity retention over electrodes produced at 140°C for 120h or 200°C for 15h. . 80 

 

Figure 3.9 a) Cycling stability and b) coulombic efficiency of LCO@CP electrodes made using 

variable hydrothermal treatment temperature and duration while pressure and LiOH 

concentration remained constant (11% vessel fill and 4.4M LiOH.) All electrodes 

were tested in a 3-electrode configuration. The dashed horizontal line indicates the 

theoretical specific capacity of LCO. The 120h treatment at 200°C produces an 

electrode with near-theoretical cathodic capacity during the first cycle, and superior 

capacity retention over electrodes produced at 140°C for 120h or 200°C for 15h. . 83 

 

Figure 4.1 Scanning electron micrographs of 0% (a,d), 5% (b,e), and 15% Co (c,f) powders 

depicting similar primary and secondary particle sizes and morphologies for all 

compositions. .......................................................................................................... 100 

 

Figure 4.2 XRD patterns (observed) and Rietveld refinement (calculated) of as-synthesized a) 

0%  and b) 5% Co active material powders. The refinements were performed by Dr. 

Subhadip Mallick. .................................................................................................. 101 

 

Figure 4.3 Galvanostatic cycling of 0%, 5%, and 15% Co. a) First cycle galvanostatic charge-

discharge (GCD) curve at C/20, b) cycling stability (data points for hybrid-pulsed 

power characterization are shown in Figure B.4), c) GCD curve for the 100th cycle 

at C/3, and d-f) differential capacity curves normalized by electrochemically active 

mass for the first, second, and last cycle. ............................................................... 103 

 

Figure 4.4 Average discharge rate capability for 0% Co, 5% Co, and 15% Co. ..................... 109 

 

Figure 4.5 Discharge capacity retention based on the first charge capacity during the discharge 

rate protocol detailed in Figure 4.5. The rate protocol was repeated after completion. 

Cycle 1 and 41 are the activation cycles from 4.6 ï 2.0 V; all other cycles run 

between 4.5 ï 2.5 V. ............................................................................................... 110 

 

Figure 4.6 Apparent Li+ diffusivity in the cathode calculated from galvanostatic intermittent 

titration technique (GITT) plotted with the differential capacity curves for the first 

and second activation of the rate protocol in Figure 4.6 for charge and discharge of 

the a-b) 0% Co samples vs. c-d) 5% Co samples. .................................................. 112 

 

Figure 4.7 a) Average discharge rate performance of three half cells each for 0% Co, 5% Co, 

and 15% Co vs Li/Li+ cycled between 4.35 - 2.5 V. b-d) Differential capacity 

normalized by mass for the first and second cycles of the rate protocol in a). ...... 115 

 

Figure 4.8 Full cell simulation of the galvanostatic cycling of a Li-ion battery consisting of 0% 

or 5% Co LMR cathode and a graphite anode of equal capacity. .......................... 117 



 

xxi 

 

 

Figure 5.1 Galvanostatic charge-discharge behavior of 0.5LMR during a) activation of oxygen 

redox when cycled from 4.7 ï 2.0 V and b) a subsequent cycle between 4.4 ï 2.5 V 

without oxygen activity. ......................................................................................... 126 

 

Figure 5.2 Change in configurational entropy of 0.5LMR as a function of state of charge 

obtained at each potential during the entropymetry experiment for: a) charge to 4.7 V 

with corresponding c) discharge to 2.5 V and b) charge to 4.4 V with corresponding 

discharge to 2.5 V. .................................................................................................. 128 

 

Figure 5.3 Apparent Li+ diffusivity (DLi
+) of 0.5LMR obtained via GITT and potential as a 

function of state of charge for: a) charge to 4.8 V followed by c) discharge to 3.0 V, 

and a subsequent cycle with b) charge to 4.4 V followed by d) discharge to 3.0 V.

 ................................................................................................................................ 130 

 

Figure 5.4 Raman spectrum of the pristine 0.5LMR powder showing peak deconvolution into 

three characteristic peaks: ɜ1 and ɜ2 with contributions from LiMO2 and Li2MnO3, 

and ɜ3 from Li2MnO3. ............................................................................................. 131 

 

Figure 5.5 The evolution of 0.5LMR Raman modes during charging to 4.6V and discharging to 

2.5V shown on contour plots (a-b) with dashed horizontal lines indicating where 

spectra were extracted to present in (c-d). At ~4.4 V during charge and ~3.8 V 

during discharge, ɜ1, ɜ4, and ɜ5 all diminished briefly. ɜ1 reappeared at a shifted peak 

center during both charge and discharge. The signal ~750 and 850 cm-1 are from 

propylene carbonate electrolyte. ............................................................................. 134 

 

Figure 5.6 Variation of Raman peak centers with potential during charge and discharge between 

4.6 ï 2.5 V showing a) steeper shifts for ɜ1 compared with more gradual shifts for b) 

ɜ2 and c) ɜ5. Above 4.4V (gray dashed line), the Li2MnO3 domain is activated when 

Li is extracted from the Mn layer. Below 3.6 V (red dashed line), Li is thought to 

reenter the Mn layer to reinstitute LiMn6 ordering. The large spikes in the data at the 

dashed lines indicate that the structure must undergo a significant disruption at those 

potentials. ............................................................................................................... 135 

 

Figure 5.7 Contour plots depicting the evolution of 0.5LMR Raman modes during a) charging 

to 4.4V and b) discharging to 2.5V with horizontal dashed lines indicating where 

Raman spectra extracted at various potentials (c-d). The spectra indicate a gradual 

shift in relative intensity of ɜ2 with respect to ɜ2, ɜ4 and ɜ5 during charge and 

discharge. ................................................................................................................ 138 

 

Figure 5.8 Variation of Raman peak centers with potential during charge and discharge between 

4.4 ï 2.5 V for a) ɜ1, b) ɜ2 and c) ɜ5 showing no significant patterns in shifts of peak 

centers. .................................................................................................................... 139 

 



 

xxii  

 

Figure 5.9 In situ Raman spectra collected at the same electrode position in the pristine state 

(red) and after both electrochemical cycles (gray) showing no notable shifts in 

Raman bands. ......................................................................................................... 140 

 

Figure A.1 CV of bare CFOAM35 HTC Graphite Foam electrode in 1M Na2SO4 in H2O taken 

at 20 mV/s. The capacitance obtained from a purely capacitive region of this curve 

was used to calculate the electrochemical surface area reported in Table 3.1. An 

example of this calculation using this CV is shown above. ................................... 160 

 

Figure A.2 Photos of ɓ-Co(OH)2 in LiOH prior to stirring (Day 1), immediately after 14 days of 

stirring under various LiOH concentrations, and after 3 days of rest following the 

stirring where all particles settle at the bottom of vials. There is a visible color 

gradient and differences in particle suspension as mol Li+/Co2+ increases, where each 

section corresponded to a different reaction mechanism proposed in text: conversion 

to Co3O4 for 0-0.0046 mol Li+/Co2+, partial dissolution to CoOOH- for 0.5-1 mol 

Li+/Co2+ and H+/Li+ ion exchange to form LiCoO2 for 5 mol Li+/Co2+. ................ 161 

 

Figure A.3. The chronopotentiometric electrodeposition of Ŭ-Co(OH)2 from aqueous cobalt 

nitrate. ..................................................................................................................... 162 

 

Figure A.4 The chrono potentiometric electrodeposition of Ŭ-Co(OH)2 from aqueous cobalt 

nitrate yielded a continuous, conformal coating of nanoflakes onto the carbon paper 

scaffold. a) Backscattered SEM, b-c) secondary electron SEM, and d-f) cross-

sectional SEM of Ŭ-Co(OH)2 nanoflakes on carbon paper after a 45 second 

electrodeposition depicted in g). ............................................................................ 163 

 

Figure A.5 X-Ray diffraction pattern of carbon paper collected using a PANalytical Empyrean 

X-Ray Diffractometer showing a sharp reflection ~25 degrees 2ɗ and less prominent 

reflections in the inset. ............................................................................................ 164 

 

Figure A.6 Cyclic voltammograms of LiCoOOH made by soaking a) electrodeposited Ŭ-

Co(OH)2 on carbon paper and b) ɓ-Co(OH)2 on carbon paper in 4.4M LiOH under 

ambient temperature and pressure for 120h. Electrodes were run in a 3-electrode 

configuration with Li metal counter and reference electrodes in 1M LiClO4 in PC 

using a scan rate of 0.1 mV/s. ................................................................................ 165 

 

Figure A.7 Extended stability of HT-LiCoO2/carbon paper electrodes made using variable 

hydrothermal treatment temperature and duration while pressure and LiOH 

concentration remained constant (11% vessel fill and 4.4M LiOH.) All electrodes 

were tested in a 3-electrode configuration with Li metal counter and reference 

electrodes in 1M LiClO4 in PC. Capacities were calculated from CVs run at 0.1 

mV/s. The dashed horizontal line indicates the theoretical specific capacity of HT-

LiCoO2. The electrode produced at 200ęC for 120h retains superior cycling stability 

over 20 cycles compared to the electrode produced at 140ęC for the same length of 

time. ........................................................................................................................ 166 

 



 

xxiii  

 

Figure A.8 Secondary electron SEM images taken by the Verios 460L compare the morphology 

of HT-LiCoO2/carbon paper in a) pristine condition and b) after 10 CV cycles in 1M 

LiClO4 in PC. The electrode was made by hydrothermally treating Ŭ-Co(OH)2 on 

carbon paper in 11% fill of 4.4M LiOH at 200ęC for 15h. After cycling, some 

nanoflakes detached from the matrix and formed agglomerates decorating the 

surface. The CV was run in a 3-electrode configuration with Li metal reference and 

counter electrodes at a scan rate of 0.1 mV/s. ........................................................ 167 

 

Figure A.9 Secondary electron SEM images taken by the Verios 460L compare the morphology 

of HT-LiCoO2/carbon paper in a) pristine condition and b) after 10 CV cycles in 1M 

LiClO4 in PC. The electrode was made by hydrothermally treating Ŭ-Co(OH)2 on 

carbon paper in 11% fill of 4.4M LiOH at 200ęC for 120h. Both pristine and cycled 

electrodes show segments where the nanoflake matrix detached entirely from the 

scaffold. After cycling, some nanoflakes detached from the matrix and formed 

agglomerates decorating the surface. The CV was run in a 3-electrode configuration 

with Li metal reference and counter electrodes at a scan rate of 0.1 mV/s. ........... 168 

 

Figure A.10  SEM images taken by the Hitachi SU8700 depict that for thin Ŭ-Co(OH)2 coatings, 

the nanoflakes densify to form a patchy nanoflake coating instead of a continuous, 

interconnected matrix. a-c) electrodeposited Ŭ-Co(OH)2 on carbon paper 

hydrothermally treated in 11% fill of 4M LiOH with H2O2 at 200ęC for 120h to 

produce d-f) LiCoO2 coated carbon paper. a,b,d) backscattered electron images, and 

the rest are secondary electron images. .................................................................. 169 

 

Figure A.11 The influence of calcination at 300ęC for 8 hours in air on HT-LiCoO2/carbon paper 

scaffolds hydrothermally treated under 11% fill of 4.4M LiOH at 200ęC for 15h. a) 

Capacity retention (black) and coulombic efficiency (green) for the pristine (squares) 

and calcined (circles) electrodes plotted against cycle number show that calcination 

protocol marginally improves both metrics. b) XRD of pristine (bottom, taken with 

PANalytical Empyrean) and calcined (top, taken with XôPert) show highly 

crystalline, layered HT-LiCoO2  . .......................................................................... 171 

 

Figure A.12 Additional optical (top row) and SEM (middle rows) images taken via a Hitachi 

SU8700 of a-c) pristine CFOAM25 Carbon Foam scaffold, d-f) after 

electrodeposition of Ŭ-Co(OH)2, and g-i) after hydrothermal treatment for 15 hours 

at 200ęC in 4.4M LiOH in H2O (11% reactor fill) to produce ion-exchanged 

LiCoO2.The first row of SEM are backscattered electron images to better highlight 

depth in the scaffold, and the second row are secondary electron images. j)  Cyclic 

voltammogram of electrode cycled 3 times at 0.1 mV/s in a 3-electrode 

configuration with Li metal reference and counter electrodes in 1M LiClO4 in PC.

 ................................................................................................................................ 172 

 

Figure A.13 Additional optical (top row) and SEM (other rows) images taken via a Hitachi 

SU8700 of a-c) pristine Duocel RVC 10 PPI scaffold, d-g) after electrodeposition of 

Ŭ-Co(OH)2, and h-k) after hydrothermal treatment for 15 hours at 200ęC in 4.4M 

LiOH in H2O (11% reactor fill) to produce LiCoO2. All SEM images are 



 

xxiv 

 

backscattered electron images except k, which is a secondary electron image to 

better highlight the morphology of the LiCoO2 formed. Due to the porous geometry 

and embrittlement of the scaffold during treatment, it was difficult to produce a 

secure electronic connection to electrochemically cycle the final LiCoO2 electrode 

and the result was a noisy and unclear current response (not shown here). ........... 173 

 

Figure A.14 Additional optical (top row) and SEM (middle rows) images taken via a Hitachi 

SU8700 of a-d) pristine CFOAM35 HTF Graphite Foam scaffold, e-h) after 

electrodeposition of Ŭ-Co(OH)2, and i-l) after hydrothermal treatment for 15 hours at 

200ęC in 4.4M LiOH in H2O (11% reactor fill)  to produce ion-exchanged LiCoO2. 

The first row of SEM are backscattered electron images to better highlight depth in 

the scaffold, and the other two rows are secondary electron images. m) Cyclic 

voltammogram of electrode cycled 3 times at 0.1 mV/s in a 3-electrode 

configuration with Li metal reference and counter electrodes in 1M LiClO4 in PC.

 ................................................................................................................................ 174 

 

Figure A.15 Additional optical (top row) and SEM (other rows) images taken via a Hitachi 

SU8700 of a-c) pristine Duocel RVC 30 PPI scaffold, d-g) after electrodeposition of 

Ŭ-Co(OH)2, and h-k) after hydrothermal treatment for 15 hours at 200ęC in 4.4M 

LiOH in H2O (11% reactor fill) to produce LiCoO2. SEM images b, i, and k 

backscattered electron images which had better contrast than the secondary electron 

counterparts, and the rest are secondary electron images. Due to the porous geometry 

and embrittlement of the scaffold during treatment, it was difficult to produce a 

secure electronic connection to electrochemically cycle the final LiCoO2 electrode 

and the result was a noisy and unclear current response (not shown here). ........... 175 

 

Figure A.16 Additional optical (top row) and SEM (middle rows) images taken via a Hitachi 

SU8700 of a-c) pristine Duocel RVC 60 PPI scaffold, d-f) after electrodeposition of 

Ŭ-Co(OH)2, and g-i) after hydrothermal treatment for 15 hours at 200ęC in 4.4M 

LiOH in H2O (11% reactor fill) to produce LiCoO2. All SEM images shown are 

secondary electron images. j) Cyclic voltammogram of electrode cycled 3 times at 

0.1 mV/s in a 3-electrode configuration with Li metal reference and counter 

electrodes in 1M LiClO4 in PC. .............................................................................. 176 

 

Figure A.17 Additional optical (top row) and SEM (middle rows) images taken via a Hitachi 

SU8700 of a-c) pristine Fuel Cell Earth AvCarb MGL190 carbon paper scaffold, d-

f) after electrodeposition of Ŭ-Co(OH)2, and g-i) after hydrothermal treatment for 15 

hours at 200ęC in 4.4M LiOH in H2O (11% reactor fill)  to produce ion-exchanged 

LiCoO2. All SEM images shown are secondary electron images. .......................... 177 

 

Figure A.18 Additional optical (top row) and SEM (middle rows) images taken via a Hitachi 

SU8700 of a-c) pristine Duocel RVC 100 PPI scaffold, d-f) after electrodeposition of 

Ŭ-Co(OH)2, and g-i) after hydrothermal treatment for 15 hours at 200ęC in 4.4M 

LiOH in H2O (11% reactor fill) to produce LiCoO2. All SEM images shown are 

secondary electron images. j) Cyclic voltammogram of electrode cycled 3 times at 



 

xxv 

 

0.1 mV/s in a 3-electrode configuration with Li metal reference and counter 

electrodes in 1M LiClO4 in PC. .............................................................................. 178 

 

Figure A.19 Additional optical (top row) and SEM (middle rows) images taken via a Hitachi 

SU8700 of a-d) pristine carbon felt scaffold, e-h) after electrodeposition of Ŭ-

Co(OH)2, and i-l) after hydrothermal treatment for 15 hours at 200ęC in 4.4M LiOH 

in H2O (11% reactor fill) to produce ion-exchanged LiCoO2. The first row of SEM 

images shown are backscattered electron images to better illustrate depth of the 

scaffold, and the rest are secondary electron images. m) Cyclic voltammogram of 

electrode cycled 3 times at 0.1 mV/s in a 3-electrode configuration with Li metal 

reference and counter electrodes in 1M LiClO4 in PC. .......................................... 179 

 

Figure A.20 Additional optical (top row) and SEM (middle rows) images taken via a Hitachi 

SU8700 of a-c) pristine carbon nanotube foam scaffold, d-f) after electrodeposition 

of Ŭ-Co(OH)2, and g-i) after hydrothermal treatment for 15 hours at 200ęC in 4.4M 

LiOH in H2O (11% reactor fill) to produce ion-exchanged LiCoO2. The first row of 

SEM images shown are backscattered electron images to better illustrate depth of the 

scaffold, and the rest are secondary electron images. a-b) Additional SEM images 

taken on a Verios 460L of ion-exchanged LiCoO2 produced via hydrothermal 

treatment of electrodeposited Ŭ-Co(OH)2 on a carbon nanotube foam scaffold for 

120 hours at 140ęC in 4.4M LiOH in H2O (11% reactor fill). c) Cyclic 

voltammogram of electrode cycled 5 times at 0.1 mV/s in a 3-electrode 

configuration with Li metal reference and counter electrodes in 1M LiClO4 in PC.

 ................................................................................................................................ 180 

 

Figure A.21 Cyclic voltammograms corresponding to LiCoO2 on various carbon scaffolds shown.

 ................................................................................................................................ 181 

 

Figure B.1 SEM showing uniform secondary particle size and morphology for a,d) 0% Co, b-e) 

5% Co, and c,f) 15% Co. ........................................................................................ 182 

 

Figure B.2 SEM-EDS showing uniform transition metal composition throughout secondary 

particles in 0%, 5%, and 15% Co. .......................................................................... 182 

 

Figure B.3. a) STEM-EDS mapping of transition metals in 5% Co and b) elemental ratios of Mn, 

Ni, and Co across nine different particles shown graphically and c) with averages 

across particles in a table. Between particles, the difference in transition metal 

proportions is small (<2%), and the overall, and the overall distribution of transition 

metals in particles is uniform. This data was collected by Drs. Yulin Lin and Jianguo 

Wen. ....................................................................................................................... 183 

 

Figure B.4. HR-STEM shows both layered and spinel regions within a particle of pristine 5% Co. 

This data was collected by Drs. Yulin Lin and Jianguo Wen. ............................... 184 

 

Figure B.5 X-ray diffraction patterns for 0%, 5%, and 15% Co. ............................................. 185 

 



 

xxvi 

 

Figure B.6 Full HPPC cycling data from Figure 4.3b including all data points omitted for 

clarity in the main text. ........................................................................................... 185 

 

Figure B.7 GITT curves at 15 mA/g for a) 0% Co, b) 5% Co, and c) 15% Co. Segments of the 

GITT charge curves corresponding to the beginning of d-f) TM oxidation and g-i) 

oxygen oxidation with annotations for the typical length of spikes corresponding to 

rests in the GITT protocol. ..................................................................................... 186 

 

Figure B.8 Open circuit voltage measured during the GITT protocol depicted in Figure B.7. 

The intrinsic potential of TM redox increased with Co content. ............................ 187 

 

Figure B.9 Observed, calculated, and difference plots from the structural refinement of 

synchrotron XRD data for the discharged 0% Co and 5% Co electrodes after one 

activation cycle from 4.7 ï 2.0V. ........................................................................... 188 

 

Figure B.10 Short-term cycling stability of 5% and 15% Co over 13 cycles between 4.8 - 2.5V at 

a C/10 current rate. ................................................................................................. 189 

 

Figure B.11 a) Average Ni oxidation state and b) percentage of Ni3+ as a function of total Ni 

concentration in each LMR composition as deduced by iodometric titration. ....... 190 

 

Figure B.12 DLi+ plotted as a function of Li content in the cathode in the two different potential 

windows used in the cycling stability test shown in Figure 4.3b for a-b) 0% Co, c-d) 

5% Co, and e-f) 15% Co LMRs. ............................................................................ 191 

 

Figure C.1. Nyquist plot collected from a 0.5LMR cathode assembled in half cell configuration 

in the ECC-Opto-10 operando light microscopy cell collected between 100 kHz-100 

mHz.  The graph depicts a battery-like impedance response with high-frequency 

impedance indicating electrolyte resistance, an intermediate-frequency semicircle 

indicative of charge-transfer resistance and low-frequency line indicative of Li-ion 

diffusion resistanceéééééééééééééééééééééééé..192 

 

Figure C.2. Example of data processing for all Raman spectra shown in Figure 5.5c. Raw data 

(gray) was smoothed (red) before Lorentz fitting (colored according to potential 

label). The quality of fit was assessed using the R2 parameter displayed on each 

graphéééééééééééééééééééééééééééééé.193 

 

 

 

 



 

1 

 

CHAPTER 1 

Introduction  

1.1 Motivation 

 There is aggressive international pressure on the lithium-ion (Li-ion) battery to facilitate a 

global green energy transition by decarbonizing the transportation sector. Global Li-ion battery 

demand is projected to skyrocket to reach 4.7 TWh by 2030, with the majority of the demand 

coming from mobility applications (Figure 1.1).1 The steep increase in demand came from a 

dramatic decline in costs of around ~97% coupled with a steady increase in performance over the 

last 3 decades, shown in terms of energy density (energy stored per unit mass) in Figure 1.1b.2 

However as of 2023, less than 5% of cars in use worldwide are electric, implying that performance 

must continue to increase while costs decrease if Li-ion batteries are to continue to shepherd 

transportation electrification worldwide (Figure 1.2). 

 

Figure 1.1. a) Minimum projected global Li-ion battery cell demand is expected to increase over 

six-fold to reach ~4,700 GWh by 2030. b) Battery costs have declined while battery energy density 

increased significantly from 1991-2023. Adapted from ref.1,3 
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Figure 1.2. Share of cars in use that are electric from 2010-2023, including leading countries for 

electric vehicle deployment and the global average. These figures include fully battery-electric or 

plug-in hybrids vehicles. Adapted from Ref.4 

 

A common misconception regarding the commercial success of transformative 

technologies is that cost reductions come from economies of scale, where high demand caused 

production to scale such that individual cell costs are offset by efficient mass production. While 

there has been some decrease in cost of Li-ion batteries coming from factors at scale, Figure 1.3a 

shows that between the 1990s and 2015 there were significant reductions due to innovations across 

material components like the cathode and anode materials, separators, cell housing, and 

electrolytes. Figure 1.3b provides a breakdown of the contribution of various innovations to the 

reduction of the overall Li-ion battery cost, with each subcategory described in Table 1. More than 

80% of the cost reductions by 2015 came from changes in cell performance and material 

substitutions. Examples of these changes include development of new cathode and anode active 
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materials, improvements in volumetric energy storage capacities, and engineering the architectures 

of electrodes and cells for higher capacity utilization. Remarkably, ~60% of the decline in Li-ion 

battery price by 2015 had come from research and development, of which over 50% was credited 

to advancements made in chemistry and materials science (Figure 1.3c-d). Despite significant 

price reductions, over half the cost to produce a typical Li-ion electric vehicle (EV) battery comes 

from the cathode material, with considerable variation in cost depending on materials selection.5 

This indicates that materials development, particularly at the cathode, will continue to be important 

in increasing accessibility of Li-ion battery applications by improving cell performance while 

decreasing cost. The following section will provide an overview of the structure and function of a 

Li -ion battery cell to contextualize opportunities for further innovation explored in this 

dissertation.  
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Figure 1.3. a) Cost decreases in Li-ion battery cells broken down per component including 

manufacturing plant-size related factors. Percent contribution to Li-ion cost decline of b) cell 

performance, material, and manufacturing changes, c) innovation category and d) chemistry and 

materials science as a portion of overall research and development efforts. All graphs consider Li-

ion price decline between 1995-2000 and 2010-2015. Adapted from Ziegler et al. 2021.2 
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Table 1.1. Breakdown of cost constituents depicted in Figure 1.3b. Reproduced from Ziegler et 

al. 20211. 

 

 

1.2 Background 

1.2.1 Li-ion battery fundamentals 

A Li -ion battery consists of a positive electrode (cathode) and negative electrode (anode), 

held apart by an ion-permeable but electronically insulating membrane called a separator (Figure 

1.4). Both electrodes and the separator are wetted by an ion-conducting electrolyte that shuttles 

Li+ back and forth between the electrodes during battery use. Most commercialized cathode 

materials are lithiated transition metal oxides, of which some have LiMO2 stoichiometry where M 

is one or more transition metal (TM) atoms. These are discussed further in Section 1.2.3. The most 

common Li-ion anode is graphite. During discharge (charge), reduction (oxidation) occurs at the 

cathode while oxidation (reduction) takes place at the anode. Both electrodes utilize Li+-insertion 

coupled electron transfer to store charge. During charge, Li+ are de-intercalated from the cathode, 

migrate through the electrolyte and separator to intercalate into the anode, forming LixC6 as Li+ 

inserts into graphite. When applied to a Li-ion battery, the term ñchargeò refers to the oxidation 
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and delithiation of the cathode. The oxidation of the cathode creates a difference in the lithium 

chemical potential between the cathode and anode. The subsequent discharge process is 

spontaneous; Li+ returns to cathode, reducing the cathode material. The corresponding electrons 

from graphite oxidation travel through the external circuit, and we harness this current to power 

our devices.  

 

 

Figure 1.4. Schematic of a Li-ion battery with directions of Li+ and electron flow during charge 

and discharge with corresponding cathodic and anodic reactions. 

 

1.2.2 Key Terminology 

We can assess a batteryôs performance using energy and power densities. The energy 

density is defined as the amount of energy stored per unit (mass or volume). The energy stored in 

a full cell is governed by Equation 1.1: 

Ὁ ὗ᷿Ὠὠ         (1.1) 

Where E is the energy stored, Q is the charge passed between electrodes, and dV is the potential 

difference between the electrodes. From the equation we can see that the total energy deliverable 

can be maximized by increasing Q, which is controlled by the inherent energy storage capacity of 

the cathode and anode, and/or by increasing the potential difference between the electrodes. The 
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power density captures the timescale within which this energy density can be accessed. The power 

of a battery is governed by Equation 1.2:  

ὖ  ὠὍ      (1.2) 

Where P is the power generated, V is the average (or nominal) voltage of the battery, and I is the 

current drawn from the battery. This can be normalized by mass or volume to calculate the power 

density of a battery. This dissertation focuses on the cathode alone, thereby narrowing the scope 

of this discussion to strategies for maximizing the contributions to Q from one electrode. In this 

work, I studied cathodes made from transition metal oxides in cells with Li metal anodes. In my 

electrochemical experiments I used different metrics to evaluate the behavior of the cathode that 

can inform the full cell metrics such as energy and power density as described above. The 

following is terminology used throughout this dissertation related to the capacity of a single 

electrode: 

1) Mass loading (mg/cm2) is the amount of electrochemically active material in a the 

electrode. Assuming a constant area, this directly relates to electrode thickness. For 

higher energy storage capabilities, it is desirable to increase electrode mass loadings. 

2) Areal capacity (mAh/cm2) is the charge stored per unit geometric area of the electrode. 

3) Specific capacity (mAh/g) is the charge stored per unit of electrochemically active 

mass. The term ñutilizationò, often a percentage, is used to describe the extent of the 

theoretical capacity that is accessed by the electrode in a given experiment.  

This work employs two primary electrochemical characterization techniques to derive 

capacity for one electrode: cyclic voltammetry and galvanostatic charge-discharge. We can obtain 

capacities directly from both techniques, however each utilizes a different independent variable 

during measurement. During cyclic voltammetry (CV), we apply a reversible, linear change in 
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potential with respect to time (scan rate) to the working electrode, and monitor the current 

response. The scan rate can be varied to assess the electrochemical kinetics of various redox 

reactions observed in the voltammogram. In the galvanostatic charge-discharge (GCD) technique, 

we apply a constant current to the working electrode over a set period of time and monitor the 

change in potential. This is similar to how a battery operates in a device. Ultimately, the energy 

and power densities of batteries rely on the following key properties of electrodes: 

1) The choice of electrochemically active material. Different materials have different 

inherent Li+ storage capacities and voltage profiles, as described in the next section on 

cathode materials. 

2) Mass loadings of active material in both electrodes, and ratios between different slurry 

electrode components. 

3) Quality of the electronic percolation network facilitating electron transfer within the 

electrode. 

4) Porosity of the electrode to ensure sufficient electrolyte permeation through the 

cathode, anode, and separator.  

Given that the cathode active material alone accounts for ~41% of a standard Li-ion 

batteryôs weight, the choice of electrochemically active material is arguably the most salient 

determinant of performance (Figure 1.5b).6 Equation 1.1 shows that the two ways to improve the 

energy output of a cell is by tuning the 1) amount of charge passed (Q) or 2) potential difference 

(dV) between the cathode and anode. Given an anode with a fixed potential, to maximize the 

potential difference it is ideal to have a cathode with a constant, relatively high potential across all 

state of charge. Figure 1.5c shows the voltage profiles for several common lithium transition metal 

oxides along with their maximum capacities. As of 2023, the chemistry with the highest capacity 
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and voltage profile shown here, lithium nickel manganese cobalt oxide or LiNi0.33Co0.33Mn0.33O2, 

currently captures the largest proportion of market share for LIBs at 60%.7 Once a cathode material 

is selected, the overall contribution of Q is determined by the utilization of the material, which 

depends upon the electrode architecture, which encompasses the considerations in 2-4 described 

above. Engineering the electrode and cell architecture to enable maximum utilization of the 

cathode material provides another strategy for maximizing energy delivered from a cell. For 

example, despite having a relatively low voltage profile and specific capacity, lithium iron 

phosphate (LiFePO4 or LFP) captures the second-largest segment of the market share for Li-ion 

cathode materials at just under 30%. The success of LFP has been due to significant advancements 

electrode and cell engineering to deliver competitive energy densities at the cell level despite its 

inherently low voltage and capacity. 

 

Figure 1.5. Commercial LIB electrodes are comprised of slurry electrodes made from 

electrochemically active material, conductive additive, and polymer binder shown in the magnified 

region of a). b) Weight percentages of the various components in a typical LIB cell. c) Voltage 

profiles of various LIB cathode materials.  
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1.2.3 Layered transition metal oxide cathode materials  

Stoichiometric transition metal oxides 

 Most commercialized LIB cathode materials are of type LiMO2 where M is a third-row 

transition metal (TM) such as Ni, Mn, and/or Co. In the pristine Rσm structure, TMs and Li+ are 

octahedrally coordinated by oxygen. These octahedra stack to form alternating Li and TM layers 

as shown in Figure 1.6a. The lithiation/delithiation process in these materials is well-studied when 

cycled within established potential windows: TM cations are oxidized and reduced to charge 

compensate the overall structure as Li+ is removed or reinserted as described in Figure 1.4. In my 

research, I utilized LiCoO2 as a model material within this class during Chapter 3. 
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Figure 1.6. Comparison of the structure and electrochemical behavior of stoichiometric versus Li-

rich layered oxides. Alternating layers of Li and TM octahedra are depicted in a) to form the LiMO2 

structure, while b) contains some Li in the TM layer as per xLi 2MnO3·(1-x)LiMO2. c) The TM 

layer in LiMO2 viewed along the c-axis compared to d) the TM layer in Li-rich oxides showing 

the Li honeycomb superstructure with LiM 6-type ordering highlighted by the gray hexagon. e) In 

LiMO 2, the capacity is due to only cation redox, whereas in f) Li -rich materials anion redox is 

activated upon first charge past ~4.5 V. Adapted from Assat et al.8 
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Li and Mn-rich cathode materials  

Li and Mn-rich oxides (LMRs) are class of cathode materials where Mn is the largest 

transition metal component and the Li content > 1 per formula unit. While these materials can take 

multiple structures, in this work I studied layered LMRs that can be understood as bulk composites 

made up of nanodomains of Li2MnO3 (C2/m) and LiMO2 (Rσm, discussed in the previous 

section).9 The overall structure is shown in Figure 1.6b and can be described as a standard layered 

oxide where excess Li also resides in the TM layer, written in composite notation as xLi2MnO3·(1-

x)LiMO 2. The LiMO2 component represents the standard layered oxide structure where Li+ sits in 

the interlayer between TM layers. Removal and insertion of Li+ from the interlayer behaves as 

expected for LiMO2 during cycling and corresponds to electron transfer with the transition metal 

cations, also termed ñcation redox.ò The Li 2MnO3 component represents excess Li in the TM layer, 

which orders with Mn and Ni to create LiMn6-type ñhoneycombò local structures (Figure 1.6c). 

When the material is first charged above ~4.5 V, this Li+ is removed from the TM layer triggering 

oxygen oxidation and evolution from the LMR, termed ñanion redox.ò All voltages in this 

dissertation are referenced to Li/Li+, unless otherwise specified during aqueous electrochemistry 

experiments. Anion redox is deemed responsible for higher capacities achieved compared to 

stoichiometric LiMO2, but is accompanied by complex structural changes, voltage fade, and 

hysteresis. Upon discharge, it is hypothesized that Li+ cannot be inserted to reinstitute LiMn6-type 

ordering until below ~3.5 V. This is one manifestation of voltage fade in LMRs. There remain 

many open questions on the mechanisms driving reversible anion redox, extent of oxygen loss, 

and nature of structural changes in these materials. I studied the influence of Co composition on 

the electrochemical behavior of LMRs in Chapter 4. I applied operando Raman spectroscopy to 
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understand the local structure of LMRs during electrochemical cycling in different potential 

windows in Chapter 5.  

Figure 1.7 from Assat et al. summarizes the challenges facing LMRs in competing with 

LiMO 2 materials for practical applications. The spider plot in a) shows that as of 2018, LMRs only 

outperform LiNi0.8Mn0.1Co0.1O2 (NMC811) based on specific energy of the cathode material. This 

however does not translate to an advantage in energy density at the cell level, where NMC811 

performs comparable to LMR as shown in b). For LMRs to be practically applicable, they must 

realize improved energy efficiencies, rate capability, and capacity retention. All three of these 

metrics are directly controlled by the reversibility and kinetics of redox reactions, which are 

weakened in LMRs by the contributions from anion redox.  

 

 



 

14 

 

 

Figure 1.7. Performance comparison of NMC811 compared to Li-rich NMC. a) Spider plot 

showing Li-rich NMC only outperforms NMC811 on the basis of specific energy. Breakdowns of 

how materials compare regarding b) material specific energy, c) cell energy density, d) relative Co 

content which is a key determinant of material cost, e) energy efficiency, governed by reversibility, 

f) capacity retention over 100 cycles compared to voltage fade incurred, and g) specific energy 

and power on a Ragone plot. Reproduced from Assat et al.8  

 

1.3 Overview of Chapters 

This work considers all four key considerations for the capacity and rate capability of a Li-

ion battery electrode throughout the various chapters presented. In Chapters 2 and 3, I consider the 

role of the electrode architecture. Chapter 2 provides an in-depth analysis of the state-of-the-art 
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slurry electrode architecture and reviews promising alternative electrode architectures. This 

includes discussion of characterization techniques to assess architectural quality and existing 

challenges in manufacturing alternative electrode architectures. The chapter concludes with a 

study of electrodeposition to create high mass loading composite electrode architectures with a 

model Li+ intercalation material, Ŭ-MoO3, and carbon nanotube foam. We find that this 

architecture maintains high utilization for high mass loadings of ~17 mg/cm2 at a scan rate of 0.5 

mV/s during cyclic voltammetry. The electrodeposition technique enabled tunability of the 

architecture and consequently the areal and volumetric capacities. The work presented in Chapter 

3 confronts the challenge of integrating commercialized lithiated transition metal oxides (typically 

synthesized at >700ęC) with carbon scaffolds (only stable below 400ęC) to make lightweight 3D 

electrode architectures. We explored a combined electrodeposition-hydrothermal synthesis to 

crystallize a model lithiated transition metal oxide, LiCoO2, with a nanoflake morphology directly 

on nine commercially available carbonaceous scaffolds at temperatures below 200ęC. We 

understood the influence of hydrothermal synthesis parameters such as pressure, temperature, 

duration, and Li salt solution concentration on the resulting LiCoO2 formation mechanism and 

morphology. 

Chapters 4 and 5 focus on the cathode material, which has a relationship to both capacity 

and electrode potential. The discussion in both chapters focuses on a class of LMR cathodes that 

can be made with high proportions of earth-abundant transition metals. This is important because 

the abundance of each transition metal constituent is a key driver of its contribution to the overall 

cost of the material. In the last decade, these materials have been explored for the electric vehicle 

market due to their high capacities coming from both cationic and partially reversible anionic redox 

reactions. However, these higher capacities are often accompanied by deleterious voltage fade 
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caused by structural changes that occur during activation of anionic redox. In Chapter 4, I study 

the influence of cobalt (Co), the most expensive TM component, on energy storage capacity, 

voltage performance, rate capability, and electrochemical kinetics of LMRs. Previous studies have 

shown that the presence of Co in LMRs facilitates oxygen anion redox kinetics, but results in 

worsened capacity and voltage fade compared to Co-free LMRs and suggest optimization of Co 

content in LMRs to promote capacity while maintaining cycling stability and operating voltage. I 

studied the electrochemistry of LMRs with Co contents lower than explored previously in literature 

(<15% in LiMO2 domain) and concluded that in such small quantities there is no positive influence 

of Co on the electrochemical performance of LMRs. In lieu of efforts to stabilize the 

electrochemical performance of LMRs with quantities of Co high enough to improve anionic redox 

contributions, this finding motivates a shift away from employing Co in the otherwise earth-

abundant LMRs. In Chapter 5, I studied the local structural evolution of Co-free LMRs using 

operando Raman spectroscopy. Changes in the local structures of these materials prompted by 

anion redox are thought to be responsible for electrochemical phenomena such as voltage fade, 

however are not readily captured by bulk techniques to assess long-range order such as X-ray 

diffraction. I demonstrated that electrochemical probes of thermodynamics (entropymetry) and 

kinetics (Li+ diffusivity) could be used to assess the bulk behavior of LMRs as a function of state 

of charge. These findings enhanced the interpretation of changes in Raman modes corresponding 

to LiMO2 and Li2MnO3 as a function of potential. From Raman data I observed a shortening of M-

O bonds above 4.4 V along with an increase in configurational entropy at high states of delithiation. 

These data support a two-phase mechanism for activation of LMRs.  
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CHAPTER 2 

Toward Deterministic Design of Energy and Power Dense Electrode Architectures 

2.0 Preface 

Portions of the literature review in section 2.2 were previously published as a textbook 

chapter by Wiley-VCH GmbH. The published content can be found at: ñFleishmann, S., Kamboj, 

I., and Augustyn, V. (2022) Nanostructured Transition Metal Oxides for Electrochemical Energy 

Storage. In J. Nanda and V. Augustyn Transition Metal Oxides for Electrochemical Energy 

Storage (pp. 183-212) Wiley. https://doi.org/10.1002/9783527817252.ch8.ò  Some of the data in 

Section 2.3 was previously published by the American Chemical Society and can be found at: 

ñSpencer, M.A., Yildiz, O., Kamboj, I., Bradford, P.D., and Augustyn, V. (2021) Toward 

Deterministic 3D Energy Storage Electrode Architectures via Electrodeposition of Molybdenum 

Oxide onto CNT Foams. Energy & Fuels, 35 (19), 16183ï16193. 

https://doi.org/10.1021/acs.energyfuels.1c02352.ò Dr. Michael A. Spencer collected the 

electrochemical and scanning electron microscope data presented in Section 2.3.  

 

2.1 Introduction 

Electrochemical energy storage (EES) systems such as batteries and capacitors are 

ubiquitous in our everyday lives, found in integral technologies like portable electronics, cars, and 

medical devices.10,11 The EES devices that are easily available on the market today are not 

optimized for highly anticipated applications such as fully electric vehicles (EVs), electric grid 

storage, and size-constrained microelectromechanical systems (MEMS).12 Growing demand for 

these technologies has provoked widespread scientific interest in creating EES systems to suit 

them. It is critical to note that these technologies all have different requirements from EES, related 

by some underlying themes. For instance, EVs and grid storage both require large amounts of 

https://doi.org/10.1002/9783527817252.ch8
https://doi.org/10.1021/acs.energyfuels.1c02352
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energy be stored, and the ability to dispatch that energy quickly when needed. To contain that 

much energy, grid storage technology can afford to be large, but ideally EV batteries should be 

light and space-efficient to allow for efficient transportation while being safe, durable, and cost-

effective.13 MEMS are used in applications like medical implants where size and weight are 

paramount considerations; these batteries must store lots of energy per unit space and in some 

cases (i.e. implantable defibrillators) must also be able to dispatch that energy quickly per unit 

time.  

There is an overarching challenge that EES must confront to facilitate widespread 

commercialization of these emerging technologies. The research community must understand how 

to design a system that achieves simultaneously high energy density (energy per unit volume) and 

power density (power per unit volume).14 To comprehend the magnitude of this challenge, it is 

important to understand the state of the art. Industry-standard lithium-ion battery (LIB) electrodes 

are solid-state, and made from intercalation-type materials.15 Intercalation materials have crystal 

structures that can store lithium ions (Li+) with minimal structural changes, such as graphite and 

lithium transition metal oxides (TMOs) like LiCoO2, LiMnO2, etc.16 Upon charging, the cathode 

is oxidized, causing Li+ ions to migrate from the cathode through the ion-conducting electrolyte 

across a polymer separator to the anode where they are inserted, causing a reduction of the anode.17 

Electrons are released from the cathode concurrently and pass through the external circuit to be 

accepted at the anode. Discharging occurs when ions spontaneously extract themselves from the 

anode and re-insert into the cathode. 

This conventional LIB technology is approaching fundamental limits; some of these 

electrode materials are storing charge near their theoretical maximums in terms of specific (or 

gravimetric) capacity, which is the charge stored per unit mass of material.15,18 This implies that 
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for significant improvement in specific capacity, novel electrode chemistries have to be explored, 

such as those that partake in conversion-type charge storage reactions. Conversion reactions are 

named as such because electrode materials ñconvertò to different compounds upon 

charging/discharging.16  Transition metals in conversion cathodes such as copper and iron can 

accommodate up to six times more lithium atoms compared to those in typical intercalation 

cathodes, but do so with considerable volume change that poses problems for the electrode.15 In 

current LIB electrodes, a slurry is made by first preparing a homogenous mixture of 

electrochemically active material, conductive additive (carbon black), and polymeric binder 

particles dispersed in a solvent.19,20 This mixture is cast onto a flat metal foil current collector, 

dried, and pressed to maximize density and adhesion. This solid-state electrode design is not 

conducive to the distortion that conversion cathodes go through upon numerous charge/discharge 

cycles, and conversion-type slurry electrodes degrade quickly as a result.15 These electrodes are 

similarly degraded if one tries instead to improve their areal energy storage capacity by increasing 

the active material mass loading, which correspondingly increases the thickness of the slurry 

layer.21 For a moderate (if any) improvement in areal capacity, thick slurry electrodes can 

experience decreased power density, confirming a trade-off does exist between achieving high 

energy and high power densities in this architecture.22 Slurry architecture incompatibility with 

conversion-type materials and high active mass loadings has prompted exploration of novel 

electrode architectures as a starting point to optimize both the energy and power densities of a 

material simultaneously.17,23  

There are many factors to consider while designing such architectures.24 On a macroscale, 

electrode porosity and tortuosity have critical impacts on ionic conductivity in the electrode and 

electrolyte that permeates through it, as well as on electronic conductivity.25ï27 It is well 
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understood that nanostructuring active materials is an effective route to increase electrochemical 

interfacial area, which typically increases power density by reducing ion diffusion path 

lengths.20,28ï32 When it comes to material systems themselves, there are ongoing efforts to advance 

fundamental understanding of the various energy storage mechanisms, particularly those that occur 

at electrochemical interfaces.33 There exist the Faradaic reactions (intercalation, conversion, and 

alloying) involving electron transfer across the electrochemical interface and the electric double 

layer (EDL) mechanism involving the separation of charges at the electrochemical interface.14,34ï

37 Since Faradaic mechanisms can store more charge, and EDL mechanisms can release charge 

more quickly from the surface, emerging architectures have attempted to combine these materials 

to create hybrid architectures that reap the benefits of both processes.14,17,38 While in theory 

creating hybrid architectures should enhance both energy and power densities, in practice with 

both material and structural considerations there are now many design variables, too many to 

randomly iterate through efficiently to achieve the desired performance. This has brought to light 

a need for deterministic design, which is the idea that these architectures can be developed in a 

predictive manner using highly controllable synthesis techniques to deliberately place 

components, informed by the prescriptive guidance of theoretical modeling.14,39,40 Creating this 

type of property-driven processing loop could also open doors to easily tailoring electrode 

manufacturing based on properties desired for specific applications. 

 For deterministic design to be a viable option for electrode architectures, there are 

questions that remain on how to arrange electrode components for unimpeded ionic and electronic 

conductivity in ways that maintain high mass loading, rate capability, and cycling stability. The 

following is a critical analysis of: 1) existing literature on fundamental limitations in the slurry 

architecture, 2) existing characterization and model-assisted efforts to improve understanding of 
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architecture-property relationships, and 3) examples of promising electrode architectures created 

using tunable techniques. We conclude by providing a tunable design strategy for composite 

energy storage electrodes made by electrodepositing a model Li+ intercalation material, MoO3, 

onto carbon nanotube (CNT) foams of varying thicknesses. The electrode manufacturing process 

can be tuned to adjust MoO3 mass loading while maintaining near-theoretical Li+ utilization. 

2.2 Literature Review 

2.2.1 Issues with the state of the art: nanostructured active materials in slurry electrodes 

A well-performing electrode fulfills the following basic requirements:19,23 

1) High electronic conductivity throughout the electrode. Internal resistance must be 

minimized to optimize electrochemical activity (i.e., must ensure electrons reach all 

electrochemically active material to enable redox reactions).  

2) High ionic conductivity throughout the electrode, and within the electrolyte that 

permeates its pores. Electrodes must have sufficient ion transport pathways such that 

ions can readily access active material throughout the electrode. 

3) The electrode must have the ability to handle any strains caused by electrochemical 

cycling without incurring significant structural degradation.  

Nanostructured TMOs have been shown to improve specific capacity, power, and cycling 

stability when used as electrode active materials; however, when used in slurry architectures the 

following challenges arise.41,42 

1) TMO nanoparticles agglomerate and segregate from the conductive carbon phase. 

2) It is difficult to maintain electrical conductivity in thick electrodes.43 

3) Parasitic side reactions between the electrode and electrolyte can occur, especially in 

the first cycle. 
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4) Electrodes consisting of nanosized particles generally have a lower density than those 

consisting of bulk materials, which results in decreased volumetric capacity.44 

Figure 2.1a illustrates the nanoscale morphology of a model slurry electrode; the active 

material has maximum surface area exposed to the electrolyte with conductive additive and binder 

particles homogenously dispersed around it. In this ideal slurry morphology, all three of the criteria 

listed above for a well-performing electrode are met. However, this model morphology has proven 

to be quite difficult to achieve in practice, especially for nanosized active materials. Slurry 

architectures are less effective for nanosized materials primarily because smaller particles are more 

susceptible to agglomeration and segregation in dispersions, resulting in inhomogeneous slurries 

and the clustering of active material particles.41,45,46 As a consequence of segregation, components 

are not well-dispersed and instead form a hierarchical structure where the active material forms 

clusters around which the conductive additive and binder coagulate, as illustrated in Figure 2.1b. 

The resulting electrode lacks continuous electrical percolation networks and avenues for 

electrolyte to access active material surfaces, and fails to achieve both high electronic and ionic 

conductivity. This compromises the achievable rate capability and capacity. A study done by 

Widmaier et al.  demonstrated this by exploring the electrochemical performance of carbon and 

lithium titanate (LTO) composite electrodes as a function of microstructural composition.47 At 

high LTO concentrations, sub-micron sized LTO particles formed aggregates trapping the micron-

sized activated carbon in an insulating matrix and disrupting electrical percolation. The authors 

concluded that for high LTO concentrations, sub-micron sized carbon particles must be used to 

create continuous electrical percolation networks throughout a composite electrode as shown in 

Figure 2.1c-d. 
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Figure 2.1 Schematics of slurry electrodes comparing a) a model electrode morphology, with 

continuous conductive pathways and ample pore space to maximize interfacial area between the 

active material and electrolyte versus b) a realistic morphology with aggregation of components 

and minimal pore space. Adapted from ref.19 Illustration of improved electrical percolation 

networks when c) micron-scale carbon particles are replaced with d) nano-sized carbon particles 

for use in slurries with high concentrations of nano-sized TMOs.  Adapted from ref.47 

 

Additionally, the densely packed clusters of particles are often disrupted by void formation, 

cracking, and separation, compromising cluster strength.19 Certain nanostructured metal oxides 

can be susceptible to these disruptions due to their propensity for volume change during 

charging/discharging.17 This volume change is more concerning for TMOs undergoing conversion 

reactions, but is also present to a lesser extent for intercalation materials.48,49 Volume change 

causes particle clusters to split up into aggregates that are weakly connected to nearby aggregates, 
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but strongly interconnected within. On a macroscale, this causes the electrode to be increasingly 

susceptible to cracking and delamination during electrochemical cycling.46  

There have been attempts to adapt existing slurry-making protocols to create homogenous 

slurries of nanosized materials, primarily through incorporating advanced mixing techniques and 

tailoring slurry viscosity. Despite these efforts, slurry inhomogeneity and resulting poor 

electrochemical performance have continued to present issues for nanosized active materials in 

slurry electrodes.19 These persisting issues suggest an alternative electrode design strategy must 

be explored to reap the benefits of nanosized TMOs in electrodes.  

2.2.2 Understanding the fundamental limitations of energy storage processes in thick slurry 

electrodes 

Several studies have aimed to analyze the energy and power density tradeoff in thick, high 

mass loading slurry electrodes to uncover fundamental limitations in even the ideal, homogenous 

slurry architectures, using a combination of experimental, characterization-based, and numerical 

simulation approaches.25,26,50ï53 There is a strong consensus in the literature that mass transport in 

the electrolyte that permeates highly porous electrodes is a key limitation, and leads to overall 

sluggish kinetics.50 Gallagher et al investigated this prospect on a cell-level, drawing relationships 

between electrode mass loading, electrolyte transport properties, rate capability, and energy 

storage performance from experiments and numerical simulations.54 The authors optimized areal 

capacity of a standard industry electrode formulation (LiNi0.6Mn0.2Co0.2O2 or NMC622 cathode 

and graphite anode) using gradations in porosity. As shown in Figure 2.2, both densifying the 

electrode via calendaring as well as increasing thickness did improve the energy density of the 

electrodes before leveling off, with the lowest porosity of 20% yielding the highest energy density.  
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Figure 2.2 Relationship between cathode thickness and overall cell energy for different cathode 

porosities. Reproduced from ref.54  

 

Numerical simulations were conducted based on the electrodes with 35% porosity to 

predict rate performance, and compared to experimental results. These simulations take in a key 

parameter called tortuosity, which is a geometric parameter that describes the complexity of mass 

transport within a pore network and is used to calculate effective transport properties.25 Figure 

2.3a-c show the results of these numerical simulations. The simulation in Figure 2.3a 

demonstrates that as the penetration depth of the ionic current increases, increasing the thickness 

does not proportionally increase the capacity. The inset plot shows that decreases in discharge 

time, or increases in C-rate, shorten the penetration depth. When the electrode thickness is 1.8 

times the penetration depth in the simulation, the accessible capacity starts deviating greatly from 

the theoretically available capacity. The numerical relationship between electrode thickness (L), 

penetration depth (Ld), concentration dependent transport parameters (D and ὸ , porosity (Ů), 

tortuosity (Ű), electrode current density (I) is described by Equation 2.1. The constant of 

proportionality between L and Ld is ɔ. 
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    ὒ  ‎ὒ                 (2.1) 

 

Figure 2.3b highlights that the decline in utilized areal capacity is likely due to ionic 

concentration gradients that form during discharge. The authors posited that when lithium 

concentration builds up in active particles close to the separator, the electric potential increases 

drastically until the cell voltage cutoff threshold is reached. Lithium plating in the graphite anode 

was observed as an unwanted side effect of this.54 Figure 2.3c shows simulation results predict 

that thinner electrodes are more rate-capable than thicker electrodes; this is confirmed by an 

experimental rate capability experiment whose results are shown in Figure 2.3d. The 

corroboration of experimental and theoretical results in this study enabled the authors to conclude 

that mass transport limitations in electrolyte in these high areal capacity, thick slurry electrodes 

must be the cause of underutilized capacity in the porous electrode, especially during high 

discharging rates.54 
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Figure 2.3 Numerical simulation results for a) an assessment of utilized areal capacity as a 

function of thickness to penetration depth ratio, showing that increases in thickness do not yield 

proportional increases in capacity, b)  salt concentration gradient in thick electrodes (245 µm) 

formed at indicated discharge times for a C/1 discharge rate, and c) areal capacities (solid colored 

lines) deteriorating with C-rate for various electrode thicknesses compared to lines of  ɔ, the ratio 

of thickness to penetration depth. Dashed colored lines represent the capacities for the same 

thicknesses calculated using twice the tortuosity values of that depicted by the solid-colored lines. 

d) Actual areal capacity deteriorating with C-rates from NMC622/graphite pouch cell experiments 

for electrodes with various initial areal capacities. Adapted from ref.54 
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Huebner et al. evaluated the effect of a variety of slurry electrode design parameters on ion 

diffusion limitations in the electrolyte, demonstrating that for several combinations of parameters 

there is still a ñdiffusion limited C-rateò (DLC) for insertion-type LIB electrodes, which is the 

maximum C-rate that can be drawn from an LIB before experiencing capacity decline.27 The DLC 

is defined as the ratio of diffusion-limited current density (Ὦ  to the nominal areal capacity of 

the electrode (ὗ  as per Equation 2.2. Factors that were found to improve rate performance, 

or increase the DLC, include: increasing solid-state diffusivity (D), conductive additive content or 

electrode porosity (Ů), optimizing electrolyte properties (concentration (ὧ , viscosity), and 

decreasing the particle size of active materials and electrode thickness (L). Equation 2.2 also 

includes the Faraday constant (F), tortuosity factor (ɔ), gravimetric capacity (ὗ ȟ ), mass fraction 

of active material ‫ , and apparent density (ɟ). While these measures led to incremental 

improvement of performance, the authors conclude that tuning these knobs arbitrarily still yields 

a tradeoff between energy and power density.27  

                Ὀὒὅ
ȟ

        (2.2) 

A relatively new category of studies have focused on creating better estimates of tortuosity 

in thick slurry electrodes by using advanced characterization techniques such as micro and 

nanoscale X-ray computed tomography (CT) to draw relationships between levels of tortuosity 

and electrochemical performance.55 X-ray CT is an attenuation (or absorption) contrast based 

imaging technique performed by passing X-rays through a materialôs volume, which are attenuated 

differently by different materials based on factors like density and atomic number.56,57 The Beer-

Lambert Law in Equation 2.3 describes how a material attenuates an X-ray beam with initial 

intensity I0, and describes the level of attenuation using the coefficient distribution µ(x,y). The 

transmitted X-rays, with attenuated intensity I as per Equation 2.3, are converted to visible light 
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by a scintillator and imaged. This image, referred to as a ñProjection imageò, is collected at each 

step as the sample is rotated incrementally based on a degree step size.  

                           Ὅᾀ ὍὩ  ᷿ А ȟ        (2.3) 

2D projection images for the entire rotation are transformed into a 3D tomogram (or 

reconstruction) by a tomographic reconstruction algorithm. This tomogram can be sliced to view 

the internal structure of the sample if it is comprised of materials that attenuate differently (i.e. 

metal versus air in a porous metal). In addition to attenuation contrast tomography, phase contrast 

tomography measures the change in the real portion of the X-rayôs refractive index, which also 

differs depending on the material.58 Phase contrast tomography, although more experimentally 

complex, is favorable for LIB research where refractive indexes of common LIB materials like 

graphite and lithium tend to be more different than the attenuations of those materials.56,58 Larger 

features and a greater difference in characteristic properties results in better image contrast. Even 

using phase contrast tomography, the carbon-binder domain (CBD) in slurry electrodes consisting 

of nanosized carbons and polymers has historically been difficult to capture and therefore in most 

3D models the CBD and electrolyte-filled pores are assumed to be a single phase.59 If this 3D 

model with an unrepresentative microstructure is used in simulations of electrochemical dynamics, 

the results tend to be less indicative of the true performance of the architecture.  

Shearing et al used a novel dual-scan superposition technique to combine high resolution 

X-ray nano-CT and micro-CT tomograms to create a 3D microstructurally resolved model. 52 The 

development of this technique and model is a major advancement in battery imaging because it 

could capture the feature details across multiple length scales and distinguish electrolyte-filled 

pores from the nanoscale carbon-binder domain.55,60 This model helped show that macroscopic 

concentration gradients in the electrolyte and state of lithiation in standard NMC electrodes 
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increase with increasing C-rates and depth-of-discharge through the thickness of the electrode, 

also driven by Li+ transport limitations in the electrolyte.60 Figure 2.4 shows that in standard NMC 

electrodes, non-uniform reactivity and reactant transport is attributed to heterogeneity in the 

particle and pore distribution. This causes uneven intercalation behavior among particles, and 

results in under-utilized capacity and low power densities, especially under high-rate conditions. 

Using this 3D microstructural data in numerical models, the authors determined that the success 

of the electrode under high-rate conditions is determined primarily by porosity of the electrode 

near the separator.60 Graded microstructure electrodes, where average particle size is smaller near 

the separator and slowly increases with depth into the electrode, showed improvement in the rate 

capability while maximizing the energy density available at high mass loadings.  
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Figure 2.4. Comparison between as prepared and graded particle samples from 3D reconstructions 

of the NMC phase at 50% depth-of-discharge at 3.75C. a) Particle size distribution of as-prepared 

sample. Spatial distribution of b) distance to separator, i.e. distance a Li+ ion travels to a reaction 

site which is well-correlated with c) potential drop in the electrolyte (űp ) and d) local variations 

in charge transfer current density (Jct). e) illustrates three distinctly convoluted Li+ pathways (A, 

B, C) showing the pore tortuosity (Űpore, red dashed line) and electrode tortuosity (Űelectrode, green 

dashed line). f) Particle size distribution of graded particle sample. g-i) relationship between 

interfacial area, state of lithiation, and electrolyte concentration as a function of distance to the 

separator for both the as-prepared and graded particle samples. All scale bars are 10 µm. Adapted 

from ref.60 

 

Shearing et al. go on to evaluate which porosities are best for which applications based on 

theoretical modeling studies of electrochemical performance; some of the design variations 
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evaluated are shown in Figure 2.5.60 They suggest that for thin electrodes that are power-oriented, 

the volumetric energy density will not improve from decreasing porosity because this is 

accompanied by increased heterogeneity, which also sacrifices rate capability. For moderate-rate 

applications, reducing porosity by calendaring could improve the energy density, but with a 

sacrifice in capacity for rates above 1C. Although this study does not solve the issue of a trade-off 

between energy and power density in slurry electrodes, it does show the power of using a real, 3D 

resolved microstructural model of the electrode architecture in electrochemical performance 

simulations as opposed to just a constant tortuosity value. Applying this kind of data-driven 

feedback loop of characterization-model-synthesis to alternative electrode architectures could hold 

real promise for effectively testing various design parameters for architectures that have potential 

to overcome the energy and power density tradeoff that slurry electrodes experience.  

 

Figure 2.5. Simulated electrochemical performance of microstructural design variations. a) 

Ragone plot of specific power vs. energy. b) maximum accessible specific capacity vs. C-rate, 

with spatial distribution of state of lithiation compared for different microstructures in the inset 

figures. The scale bar in a) is 20 µm. Adapted from ref.60 
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2.2.3 Emerging architectures for nanosized TMOs that show promise for deterministic design 

Electrode architectures compatible with nanosized TMOs can broadly be classified using 

different design variations. In this context, the term ñhybridò describes electrodes in which several 

components (electrochemically active components, conductive components, structural 

components, etc.) are synergistically combined with binding on a molecular level to enhance the 

electronic and/or ionic conductivity, electrochemical reactivity, or cycling stability.43 These 

components can range from conductive polymers such as polyaniline (PANI) or Poly(3,4-

ethylenedioxythiophene (PEDOT) to carbons such as CNTs or graphene.17,61 Independently, 

current collectors themselves are often nanostructured as a scaffold for TMO or hybrid films.21 In 

many cases, the nanostructuring of the current collector enables a streamlined manufacturing 

process with a more repeatable output.62 The subsequent analysis of emerging electrode 

architectures will be organized according to the geometry of conductive phase in the architecture 

(i.e. how many dimensions exist for electron conduction). 

2.2.3.1 One-dimensional & two-dimensional architectures 

Nanowires 

Nanowires (also termed nanorods or nanopillars) in electrode architectures have been used 

with both metals and TMOs. In a 1D configuration, these wires are fabricated to be aligned. 

Nanowires can be made and used in two ways, either as the current collector themselves, or grown 

from a current collector to act as its conductive extensions. In either case, there is typically an 

increase in available current collector surface area compared to a flat substrate for the efficient 

incorporation of higher mass loadings of active material, as well as the advantage of increased 

electronic conductivity throughout the electrode. The space between nanowires creates predictable 
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ion transport channels by facilitating electrolyte access to all active material and helps 

accommodate volume changes that may accompany redox reactions.17  

The most employed metals for nanowire current collectors are copper or nickel, fabricated 

by electrodeposition onto templates or metal oxide reduction.17,23 Pure metal nanowire arrays have 

high electronic conductivity and high surface area for a thin layer of active material to readily 

deposit onto them conformally.63 Taberna et al. developed a 1D architecture via a simple 

electrodeposition of nanostructured Fe3O4 onto a Cu nanorod scaffold.64 Compared to a planar 

electrode of the same material, this architecture saw a 6-fold improvement in power density in the 

same timeframe of discharge thanks to enhanced electrical conductivity enabled by the copper 

scaffold. 

Though insulative in bulk, pure TMO nanowires exhibit high electron mobility due to their 

single-crystal structure.47 This has facilitated an increased interest in their use for hybrid 

supercapacitors as negative electrode materials, as well as in high-rate LIB applications. 

Armstrong et al. compared the electrochemical capacity of TiO2(B) in bulk and in nanowires, and 

found that the capacity increased by roughly 27% in nanowire configuration.65  

Nanotubes 

Nanotubes are also 1D electronic conductors like nanowires, but differ because they are 

geometrically cylinders with inner and outer diameters and very thin walls. While nanotubes for 

oxide electrode architectures are most commonly made from carbon, TMO and metal nanotubes 

such as TiO2(B) nanotubes for intercalation-type electrodes and nickel nanotubes for conversion-

type electrodes have also been studied.17 Li  et al. studied a particularly unique Ni nanotube 

architecture where large Ni nanotubes (~250 nm in diameter) are grown on a flat substrate via 

alternating electrodeposition and electrochemical dealloying techniques.66 
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Fe3O4 nanoparticles were grown on the internal and external nanotube walls, and coated 

with birnessite-type ŭ-MnO2 films. The resulting architecture, shown in Figure 2.6, has a highly 

reversible morphology. The ŭ-MnO2 film holds the Fe3O4 nanoparticles intact and prevents large 

volume changes during cycling, and the hollow structure maximizes the active material/electrolyte 

interfacial area. These factors enable higher capacity by accommodating additional Li+ ions 

compared to an architecture of Ni/Fe3O4 alone, presumably due to the added storage capabilities 

of the layer of MnO2. Even after 1000 cycles, the Ni/Fe3O4/MnO2 architecture appears to have 

almost the same morphology as before cycling, with 96% capacity retention. 

 

 

Figure 2.6. Scanning electron microscope (SEM) images from an overhead view of the a) Ni 

nanotube array, b) after Fe3O4 nanoparticle growth, and c) after ŭ-MnO2 coating. d) Architecture 

before electrochemical cycling, e) discharged, and f) charged. g) size distribution of features before 

and after 1000 electrochemical cycles, indicating minimal size change due to cycling. Adapted 

from ref.66 
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While aligned 1D nanostructured current collectors have shown to enhance the 

electrochemical performance of the active material components, the mechanical integrity of these 

architectures has been a concern at high active mass loadings.17 Smaller nanowire or nanotube 

diameters lead to higher overall surface area for active materials, but high mass loadings are limited 

by the strength of smaller nanowires. Conversely, larger nanowires lead to a higher volume 

fraction of the electrode being the current collector, also limiting high active mass loadings.38 A 

second obstacle has been the lack of control in engineering the length of nanowires, specifically 

those made via template-assisted electrodeposition techniques.23  While increasing the length of 

the wires would provide more surface area, longer aligned nanowires tend to cluster when released 

from templates.67 Optimizing the diameter and length of 1D nanowires for a balance between 

mechanical integrity and high energy density is an ongoing challenge for this type of architecture.   

Hybrid nanostructures 

A prominent example of a hybrid 1D nanostructure that has been extensively researched 

are core/shell nanowires. A core/shell architecture is one where the ñcoreñ (or center) of the 

structure is a different material than the ñshellñ (or outer layer).68 These layered wires are 

engineered with the goal of reaping the benefits of different materials by combining them.69 

Core/shell structures of a litany of combinations of metal, metal oxide, polymer, and have been 

explored. In the case of multiple TMOs combined into one heterostructure, such as V2O5 coated 

on SnO2 wires, a single-crystalline nanowire core can enable high electrical conductivity, with 

both the core and TMO shell providing Li+ storage and resulting in a high capacity, high-rate LIB 

electrode.70 In the last decade, research efforts have focused on optimizing the manufacturing 

processes of these nanowire core/shell structures to gain precise control on structure and 

morphology. Xia et al. proposed a combination of hydrothermal synthesis and chemical bath 
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deposition to fabricate two different metal oxide core/shell nanowire arrays, Co3O4/NiO and 

ZnO/NiO as shown in Figure 2.7.71 Grown on a 3D microporous nickel foam substrate, the Co3O4 

and ZnO nanowire arrays were hydrothermally synthesized ñcoresò upon which a ñshellò of NiO 

nanoflakes (2D electronic conductors with nominal thickness of ~10 nm) were deposited via a 

chemical bath.  They are only partially interconnected as they form a porous shell around the 

nanowire cores during chemical bath deposition. The Co3O4/NiO core/shell structure exhibited 

improved electrochemical performance over arrays of the individual components alone and also 

benefited from the hierarchical structure provided by the 3D microporous Ni foam current collector 

as compared to a flat fluorine-doped tin oxide (FTO) substrate. 

 

 
Figure 2.7. SEM images of a,b) Co3O4 nanowires alone and c,d) Co3O4 nanowires with NiO shell. 

e,f) Co3O4/NiO heterostructure enlarged to show flaky, porous shell. Reproduced from ref.71 

 

 The exploration of electrode architectures has thus overwhelmingly evolved in recent 

years to focus on hierarchical architectures that combine 1D/2D building blocks to form 3D 
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electronic conduction pathways, or to develop free-standing 3D scaffolds to incorporate 

nanostructured TMO materials. However, as can be inferred from the preceding discussion there 

are many permutations and combinations of building blocks, and little understanding of design 

rules regarding how to achieve synergistic configurations of these components to produce 

electrochemical performance competitive with slurry architectures. Trial-and-error has been a 

primary design strategy. Few architectures using only 1D/2D building blocks can be easily tailored 

to achieve specific electrochemical performance metrics. The following section will discuss 

common 3D substrate choices and architectures that may show more promise for deterministic 

architectures, and the manufacturing and design challenges they present. 

2.2.3.2 Three-dimensional architectures 

Assemblies 

Nanostructured materials have been used in free-standing assemblies to form hierarchical 

structures that exhibit good electronic and ionic conductivity.23 Carbon materials are the most 

widely explored for use in hierarchical assemblies due to their high electronic conductivities. 

Carbon nanoparticles such as CNTs and graphene have been explored for use in oxide architectures 

both independently and in various permutations and combinations.72ï74 In each case, the 

conductive materials can self-assemble into layered or disordered structures that provide ample 

surface area for active material loading. However, graphene sheets tend to restack because of 

strong ˊ-“ interactions between the 2D sheets, leading to decreased accessible surface area. This 

can be mitigated by etching nanopores into the graphene sheets using H2O2 before restacking.75,76 

The obtained free-standing, 3D holey graphene architecture is suitable to serve as a conductive 

substrate for nanostructured TMOs.  
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Sun et al. created high mass loading electrodes by incorporating Nb2O5 nanoparticles into 

the holey graphene architecture through a series of deposition, annealing, and reduction steps.74,77 

Figure 2.8 shows the synthesis and resulting architecture of the hierarchically porous structure. 

The highly interconnected network provided good channels for ion and electron transport, enabling 

high rate, and high areal capacities at high mass loadings (11 mg/cm2). Just like the nanowire 

arrays from the previous section, these assemblies are examples of how materials with 1D and 2D 

pathways for electronic conduction (such as CNTs and graphene flakes, respectively) can be 

combined or grown on a flat or porous substrate to form 3D architectures that serve as scaffolds 

for TMO deposition. 

 

 
Figure 2.8. Description of synthesis steps to create hierarchically porous assembly of Nb2O5/holey 

graphene. The nanoporous graphene and self-assembly of sheets enables porosity at multiple 

length scales, creating channels for easy ion diffusion and electron conduction compared to layered 

Nb2O5/graphene composites. Reproduced from ref.74 
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Aerogels 

Transition metal oxides can be prepared as low-density aerogels with high porosity to 

facilitate electrolyte diffusion and high surface area, as well as good electronic conductivity.23 

Aerogels have been widely studied in hybrid architectures along with binders or CNTs/graphene, 

and even hydrogels of pure nanostructured TMOs have been directly used as electrodes.78,79 In one 

study, a graphene aerogel was used as a scaffold for the hydrothermal deposition of V2O5 

nanoparticles.80 The nanoparticles adhered to the graphene matrix well and accommodated the 

volume expansion of V2O5 during Li+ intercalation in non-aqueous electrolyte. Although overall 

additional research is necessary to create binder-free aerogels that can accommodate high active 

mass loading, this study suggests that aerogels are suited to provide sufficient electronic and ionic 

conductivity for simultaneous high energy and power density electrodes.  

Foams 

Foams have been considered ideal scaffolds for nanostructured TMOs due to their enabling 

high areal capacity in electrodes.23 They have high surface area for active material, macropores for 

electrolyte to permeate through the electrodeôs thickness, and continuous percolation for electronic 

conduction. Foams also allow for free-standing structures and are amenable to many synthesis 

approaches that facilitate control over morphology, size, and active mass loading such as 

electrodeposition and hydrothermal synthesis. 

The most common foam materials are metals and carbon. Metal foams such as those of 

nickel and copper are mechanically robust and available at low costs but typically add a higher 

inactive mass to the electrode than carbon-based foams.23,81 Therefore, carbon foams have been 

explored to achieve simultaneous high gravimetric energy and power densities. The most explored 
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carbon foams are made from graphene or CNTs. In some studies, CNTs were grown from graphene 

foam to increase the overall surface area.82  

Opportunity for Architectural Advancement  

Although both the holey graphene-Nb2O5 and graphene aerogel-V2O5 composite 

architectures exhibited remarkable performance for deterministic electrodes, the design procedures 

required to create the composites are complex. These procedures are likely unable to compete with 

the cheap, straightforward slurry manufacturing technique. Much of existing 3D architecture 

research focuses on optimizing complex procedures to enhance the performance of specific 

architectures. New research directions must emerge to generate 1) simpler manufacturing 

techniques for electrode architectures and 2) mechanistic understanding of transport limitations 

and fundamental fluid, mechanical, and electrochemical dynamics at play in high-performing 

architectures.  This analysis could occur similarly to that for thick slurry electrodes in literature as 

described by section 2.2.2, which entailed reconstructing the architecture using advanced 

characterization techniques and simulating physical and chemical dynamics such that fewer 

iterations of complex synthesis procedures are necessary to understand performance limitations. 

Once a solid understanding of fundamental limitations in high-performing architectures is 

achieved, design rules may be made clear for engineering researchers to streamline electrode 

architecture manufacturing.  

2.3 Electrodeposition-based design of 3D electrode architectures  

Another avenue for simplifying electrode design is to develop electrodeposition strategies 

for direct assembly of electrochemically active materials onto conductive scaffolds. 

Electrodeposition is a widely used technique to heterogeneously nucleate metals or metal oxides 

onto conductive surfaces from molten salts, aqueous, or organic electrolytes. Many Li-ion battery 
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chemistries can be made via electrodeposition, including LiCoO2, LiMnO2, LiV2O5, LiFePO4, 

MnO2, and V2O5.  Our group recently employed an aqueous electrodeposition method.83,84 to coat 

a model intercalation material, Ŭ-MoO3, onto CNT foams creating free-standing, 3D electrode 

architectures with tunable mass loading. The CNT foams were vertically aligned and 

interconnected with large pores on the order of 5-10 µm. By varying the number of CNT layers, 

we could tailor the thickness of the foam scaffold. The fabrication process for the Ŭ-MoO3/CNT 

foam electrodes is summarized in Figure 2.9. We first plasma cleaned the scaffold to ensure 

hydrophilicity of the pyrolytic carbon surface. Next, we electrodeposited amorphous, hydrated 

MoO3 from an acidified molybdate solution using cyclic voltammetry (CV). Immediately after 

electrodeposition, we calendered the electrodes between stainless steel rollers with a spacing of 

~167 ɛm to remove excess porosity that may have compromised the volumetric capacity of the 

final electrodes. Finally, we calcined the composite electrode at 350ęC in air to convert the 

amorphous MoO3 electrodeposit to the electrochemically active layered phase, orthorhombic Ŭ-

MoO3.  

 

 

Figure 2.9. Schematic of the manufacturing process to produce Ŭ-MoO3/CNT foam composite 

electrodes.  
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There were two ways to control the Ŭ-MoO3 mass loading of the fabricated electrodes. The 

first was by altering the number of electrodeposition CV cycles used. Figure 2.10 shows that for 

the 50 layer (50L) CNT foam scaffold, the mass loading could be varied between ~4 mg/cm2 from 

4 CV cycles to ~17 mg/cm2 from 16 CV cycles. The SEM in Figure 2.10 depicts that as the mass 

loading increased, the thickness of the conformal Ŭ-MoO3 coating around the nanotubes also 

increased uniformly. The second way to control the mass loading was by varying the number of 

layers in the CNT foam scaffold. When electrodepositing onto 100 layer (100L) CNT foam 

scaffolds, the mass loading could be varied between ~5 mg/cm2 from 4 CV cycles to ~32 mg/cm2 

from 4 CV cycles.  

 

 

Figure 2.10. SEM images depicting an increase in conformal coating thickness of Ŭ-MoO3 on 

CNTs with number of electrodeposition CV cycles featuring electrodes made using a) 4 cycles, b) 

8 cycles, c) 12 cycles, and d) 16 cycles. e) Variation in areal mass loading with number of 

electrodeposition cycles for 50L and 100L CNT foams. The scanning electron microscopy was 

performed by Dr. Michael A. Spencer. 

 

X-ray micro-CT allows for characterization of the macroscale 3D architecture and is 

critical to understand the distribution of the active materials within the electrode volume, 
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information that cannot be captured from 2D techniques such as SEM.  Figure 2.11 shows cross-

sectional images taken 25%, 50%, and 75% of the way through the electrode thickness for a 3D 

reconstruction from micro-CT of an 8-cycle electrodeposit on a 20L CNT foam electrode. The 

cross-sectional images clearly show the uniformity of the MoO3 electrodeposit, aligned electrode 

architecture, and interconnected porosity as compared to a cross-section of the pristine CNT foam 

in Figure 2.12. This data demonstrates that the aligned CNT foams are electronically conductive 

such that the electrodeposition of the oxide occurs readily throughout the volume. This enables the 

creation of high mass loading electrodes with known ion and electron transport pathways. 

 

 

Figure 2.11. Reconstructed micro-CT cross-sectional images of an 8 cycle electrodeposited 

MoO3/CNT foam (20 layer) electrode a) 25%, b) 50% and c) 75% through the thickness of the 

foam showing the uniformity of the oxide coating and alignment of the CNTs. The horizontal lines 

in the top images show location of the cross-sectional scan along the electrode thickness.  

 



 

45 

 

 

Figure 2.12. Reconstructed micro-CT cross-sectional image of a bare CNT foam. The low atomic 

number of carbon leads to low attenuation of X-rays as they pass through the sample, generating 

a low-contrast image for comparison to the coated CNT foam. 

 

Ŭ-MoO3 is electrochemically active, and can reversibly intercalate Li+ according to 

Equation 2.4 below:  

       MoO3 + xLi+ + xe-  PLi xMoO3 (0  x  1.5)     (2.4) 

We assessed the electrochemical performance of the Ŭ-MoO3/CNT foam composite 

electrodes using the CV technique in non-aqueous Li-ion electrolyte. We prepared a series of 

electrodes with increasing mass loadings by varying the number of CV cycles during 

electrodeposition between 4 and 24. We found that the areal and volumetric cathodic capacities 

increased almost linearly as the electrodeposited mass loading increased (Figure 2.13). 

Furthermore, the specific capacities remained close to the theoretical capacity of Ŭ-MoO3 (280 

mAh/g) regardless of mass loading. Full utilization of the active material suggests that 

electrochemical performance was not limited by ion transport in the Ŭ-MoO3, even as the thickness 

of the conformal coating around the CNTs increased with mass loading. By enabling control over 
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the active mass deposited, the electrodeposition technique allows for control over the energy 

storage performance of the composite electrodes. 

 

 

Figure 2.13. Varying the number of electrodeposition cycles tuned the a) areal capacity and b) 

volumetric capacity of the Ŭ-MoO3/CNT foam electrode architecture. c) The electrodes maintained 

near-theoretical (dashed line; 280 mAh/g) specific capacities across Ŭ-MoO3 mass loadings. These 

electrochemical data were collected by Dr. Michael A. Spencer. 

 

We calculated the characteristic time associated with charging and discharging, †,  for each 

electrode by fitting the specific capacity vs. rate data shown in Figure 2.14a to the following 

equation85: 

   ὗ  ρ Ὑ† ρ Ὡ  (2.5) 

Here,  is the measured specific capacity at a given rate R, QM is the electrodeôs maximum 

achievable capacity at a slow rate, and n is a constant parameter indicative of the rate limiting 

mechanism. Figure 2.15 provides an example of how † was determined for an 8 cycle (7.5 mg cm-

2) electrode. Using this analysis, we find that † increases as mass loading increases, from 0.39 

hours for a 6.0 mg cm-2 electrode, to 3.18 hours for a 15.5 mg cm-2 electrode (Figure 2.14b). This 
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analysis indicates that solid-state diffusion becomes rate-limiting with increasing MoO3 mass 

loading. 

 

Figure 2.14.  a) Specific capacity vs. rate for different mass loading electrodes. b) The 

characteristic time (†) for each electrode determined from Equation 2.5. The error bars indicate 

standard error from fitting Equation 2.5 to the experimental data. This data in (a) was collected 

by Dr. Michael A. Spencer.  
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Figure 2.15. Determination of the characteristic time (†) for an 8-cycle electrodeposited electrode 

following the analysis proposed by Tian et al. a) Linear fitting of the low- and high-rate regimes 

to determine the parameters for Equation 2.5 (QM, n, and †.) b) Fit of Equation 2.5 to 

experimental data for an 8-cycle electrode. 85 

 

EIS of the electrodes made via 4, 6, 8, and 16 cycles of electrodeposition were performed 

at open circuit voltage. Figure 2.16 shows the Nyquist plots of each electrode, with the high 

frequency region shown in more detail in the inset. The 6.0, 7.5, and 15.5 mg cm-2 electrodes show 

similar impedance responses, with a semi-circle in the high frequency region and a slanted line in 

the low frequency region.86. These features are typically ascribed to the charge transfer resistance 

and diffusion in the electrode, respectively. We hypothesize that the higher impedance of the 3.3 

mg cm-2 electrode could be related to the microstructure of the deposit, which (unlike the higher 

mass loadings) does not coat the entire surface of the CNTs.   
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Figure 2.16. Electrochemical impedance spectroscopy of electrodes made via 4, 6, 8, and 16 cycles 

of electrodeposition. This data was collected by Dr. Michael A. Spencer.  

 

In this study, we demonstrated that electrodeposition can be used to create composite Ŭ-

MoO3/CNT foam electrodes with tunable mass loadings. SEM images showed the deterministic 

3D electrode architectures featured predictable ion and electron transport pathways where Ŭ-MoO3 

conformally coated vertically aligned conductive carbon nanotubes. The architecture was 

homogenous throughout the scaffoldôs thickness as highlighted by X-ray micro-CT. The high-

surface area CNT foam scaffold enabled high mass loadings of ~33 mg/cm2 for 100L and ~17 

mg/cm2 for 50L. Furthermore, at a rate of 0.5 mV/s all 50L electrodes delivered near-theoretical 

specific capacities, suggesting full utilization of the active material across mass loading. Our 

findings suggest that electrodeposition on porous, high surface area carbon scaffolds is a promising 

design strategy for creating energy-dense 3D Li-ion electrode architectures with tunable areal and 

volumetric energy storage performance. Opportunities for future work include developing 

strategies to electrodeposit intercalation materials with higher intrinsic electronic conductivity to 

prevent ion transport limitations in the active material coating when cycling at fast rates. 
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2.4 Conclusion 

As described in the early discussion of literature, the state-of-the-art slurry electrode 

architecture is not readily adaptable for simultaneous high energy and power density applications. 

This is due to fundamental limitations of mass transport in thick planar electrodes, caused by 

increasingly tortuous ion pathways with increased mass loading. These tortuous pathways increase 

diffusion distances for ions traveling through the electrolyte to reach the electrochemically active 

material, resulting in underutilized capacity and poor high rate-capability. These challenges are 

further compounded by difficulties that occur when nanosized TMOs are used as electrochemically 

active materials in electrodes; the slurries are prone to agglomeration and segregation of the 

conductive and adhesive components, which results in poor electrical percolation networks and 

can compromise the electronic conductivity and mechanical integrity of the electrodes. The slurry 

architectureôs inability to handle strains caused by volume change make it unsuitable for use with 

conversion-type materials as well, which are increasingly being explored for applications needing 

high specific capacity. Therefore, the research community should give increased attention to 

designing electrode architectures that are compatible with different types of active materials, and 

that are easily tunable and scalable for widespread commercialization.  

There are many design considerations that go into creating an effective architecture for 

high energy and power density applications. The architectures that show the best performance tend 

to be made using complex procedures, making efficient iterative design challenging and 

fundamental understanding of performance limitations scarce. We demonstrated that 

electrodeposition can be a valuable tool to design energy dense, deterministic electrode 

architectures by creating a series of free-standing Ŭ-MoO3/CNT foam electrodes whose areal and 

volumetric performance scale linearly with mass loading. The next engineering problem is to 
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improve upon electrodeposition or other design protocols that may produce high mass loading 

electrodes of commercially relevant Li-ion materials without increasing ion diffusion distances to 

the point of encountering mass transport limitations in the electrolyte.  
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CHAPTER 3 

Competition Between Dissolution vs. Ion Exchange During Low Temperature Synthesis of 

LiCoO2 on Carbon Scaffolds 

 

3.0 Preface 

This work is being prepared for submission to a peer-reviewed journal. Seongbak Moon 

and Hannah Teeters assisted with electrodeposition and hydrothermal treatment experiments. 

Seongbak Moon and Dr. Veronica Augustyn collaborated on narrative development and revision. 

 

3.1 Introduction 

By 2030, energy storage for transportation applications is projected to account for most 

(4.3 TWh) of the 4.7 TWh total demand for Li-ion batteries.1 This dramatic increase in energy 

storage demand for transportation provides an opportunity and a need for rechargeable batteries 

that not only provide maximum utilization of the active materials but also provide 

multifunctionality. At the battery electrode level, controlling ion and electron transport pathways 

in electrode architectures via deterministic design could enable new electrode geometries for 

energy and power dense applications. One method to develop such electrodes is through the use 

of porous current collectors. These provide high surface areas for active material deposition and 

electrolyte infiltration and can be multi-functional, offering mechanical strength and structural 

reinforcement. Porous carbon scaffolds are particularly attractive due to the abundance and 

lightweight nature of carbon.87ï90 A critical challenge in utilizing porous carbon scaffolds for Li-

ion batteries is the deposition of commercially-relevant lithiated transition metal oxide cathode 

material. As of 2024, over half of the market for Li-ion cathode materials comes from intercalation-

based layered lithiated transition metal oxides such as LiCoO2 or LiNi1/3Mn1/3Co1/3O2. These oxide 
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materials are synthesized using solid-state methods at temperatures > 700°C in air or oxygen-rich 

atmospheres.91 Porous carbon scaffolds are only stable only up to ~450°C in air, making the high-

temperature processing of porous carbon scaffolds coated with lithiated metal oxides impossible 

in ambient environments.91 To circumvent this issue, Zhang et al.92 utilized a molten salt route to 

electroplate lithiated cathode materials onto geometric scaffolds including carbon foam at 260ęC. 

However, the required oxygen-free atmosphere can be an impediment to scaling up manufacturing. 

Furthermore, the morphology of the cathode material deposit is different on each scaffold tested, 

making it difficult to control or predict the resulting electrode architecture across scales.  

 To utilize carbon scaffolds in deterministic electrode designs, we must develop novel 

manufacturing methods for integrating electrochemically active cathode materials into electrode 

architectures. Our previous work showed that electrodeposition of MoO3 at ambient 

temperatures/pressures in aqueous solutions can be useful for fabricating electrode architectures 

with tunable mass loading and energy storage performance.93 Electrodeposition is a scalable 

method of obtaining metal oxides with direct adhesion onto a conductive substrate.83 For 

scalability, cost, and manufacturability, the ideal electrodeposition method for Li-ion battery 

materials would be performed from an aqueous electrolyte. This is challenging for intercalation-

based cathode materials that require high synthetic temperatures, because synthesis of the active 

material must occur at temperatures within the stability range of the carbon scaffold while still 

producing the layered phase that is kinetically favorable for Li+ diffusion. In the case of LiCoO2 

(LCO) the layered polymorph (Rσm) typically requires high-temperature (>700ęC) synthesis and 

is termed HT-LCO accordingly, while the spinel polymorph (Fdσm) termed LT-LCO can be 

formed at temperatures as low as 20ęC.94ï99 The challenge lies in synthesizing phase-pure HT-
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LCO onto conductive carbon scaffolds at low temperatures. Hereafter, we use ñLCO'' 

interchangeably with layered or HT-LCO, and note LT-LCO as spinel LCO such where applicable. 

Previous studies have combined electrodeposition and hydrothermal treatment methods to 

produce LCO conformally coating 3D carbon scaffolds.100 LCO can be obtained from cobalt 

hydroxide using hydrothermal methods at < 200°C. Amatucci et al. and Larcher et al. showed the 

synthesis of LCO powders via cationic exchange of CoOOH in an aqueous LiOH solution.101,102 

The hypothesis was that the elevated pressure of the hydrothermal method lowers the synthesis 

temperature for LCO. Over the following decades, a wide variety of reaction conditions, solvents, 

oxidizing agents, and cobalt precursors were employed in hydrothermal reactions to produce LCO 

powders or films with varying morphologies and layered phase purities.99,103ï108  Xia et al. utilized 

this understanding to develop a combined electrodeposition-hydrothermal method route for LCO 

onto a carbon cloth scaffold at 380°C. They probed the influence of hydrothermal temperature on 

the resulting morphology, citing a competing mechanism of dissolution versus ion-insertion. Their 

findings suggested that an interconnected nanoflake morphology could be desirable for 3D 

electrode architectures. There remain open questions on the influence of other hydrothermal 

parameters beyond temperature on the resulting LCO morphology, and the applicability of this 

method to other conductive substrates. 

 In this work, we built upon the aqueous electrodeposition-hydrothermal method to 

synthesize LCO onto a range of commercially available conductive carbon scaffolds at less than 

300°C89. The possibility for low temperature synthesis of LCO suitable for carbon scaffolds is 

driven by the structural similarity of layered cobalt oxyhydroxide (CoOOH) and LCO phases 

(Figure 3.1). We hypothesized that under sufficiently oxidizing conditions, electrodeposited 

cobalt hydroxide Co(OH)2 on a carbon scaffold could be exchanged with Li+ to yield LCO. Cobalt 
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hydroxide has two polymorphs with different interlayer environments. Metastable Ŭ-Co(OH)2 may 

host intercalated water and/or anions (NO3-, Cl-),  whereas ɓ-Co(OH)2 contains Co-OH edge-

sharing octahedral units stacked compactly such that there are no guest molecules in the 

interlayer.109 Ŭ-Co(OH)2 transforms to ɓ-Co(OH)2 under highly alkaline conditions as interlayer 

molecules are expelled from the interlayer and the Co-OH slabs collapse.110 ɓ-Co(OH)2 can be 

further oxidized to CoOOH, which is isostructural with layered LCO (both Rσm).  

 

Figure 3.1 Schematics of the crystal structures of precursors (Ŭ- and ɓ-Co(OH)2), solid 

intermediate (CoOOH), and product (LCO). 

 

Hydrothermal treatment can be used to provide oxidizing conditions necessary for ion 

exchange at low temperatures. A schematic of the full electrodeposition-hydrothermal process 

studied is shown in Figure 3.2. Our motivation was to understand the influence of the Co(OH)2 

precursor, the hydrothermal conditions, and the conductive carbon surfaces on the LCO properties 

and electrochemical behavior. We started by understanding the aqueous chemistry of Ŭ- and ɓ- 

Co(OH)2 powders and electrodeposits in concentrated Li salt solutions, and the propensity for ion-

exchange between H+ in the bulk and Li+ in solution. We gradually added various driving forces 

to our analysis (electrochemical, thermodynamic) to determine the ñsoftestò hydrothermal 

synthesis conditions necessary to create nanoflake LCO that could be widely applied for different 
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porous carbon scaffolds. We observed a competition between a dissolution-recrystallization and 

ion-exchange reaction, and outlined the influence of each hydrothermal parameter on the reaction 

mechanism. We revealed that while temperature and synthesis duration can modulate particle 

size/thickness and in some cases prompt dissolution, the internal hydrothermal vessel pressure 

(controlled by the proportion of vessel volume occupied by LiOH, also called ñvessel fillò) and 

the concentration of LiOH are the most important variables in determining the dominant reaction 

at play between ion-exchange and dissolution. We present reaction schemes for both mechanisms 

with intermediate reactions validated by control experiments. Finally, we demonstrate how to 

apply the ion-exchange synthesis method to create nanoflake LCO on a wide variety of carbon 

scaffolds. The result is an array of free-standing, 3D Li-ion cathode architectures made using only 

3 feedstock materials (cobalt (II) nitrate, lithium hydroxide, carbon scaffold) and water at 

temperatures <300° C and without additional oxidizing, chelating, or dispersing agents.91 
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Figure 3.2. Schematic representation of the electrodeposition-hydrothermal process studied in this 

work. Cathodic electrodeposition from an aqueous cobalt nitrate solution crystallizes nanoflake 

Co(OH)2 onto a carbon scaffold, and hydrothermal treatment in a concentrated LiOH solution 

forms LCO through H+/Li+ exchange. Of the variables explored, hydrothermal pressure and LiOH 

concentration are the most significant determinants of the resulting LCO morphology.  

 

3.2 Experimental Methods 

3.2.1 Co(OH)2/LiOH titration  

We made a series of solutions with varied molar ratios of Li+/Co2+ presented in Table A.1. 

LiOH (Thermo Scientific Chemicals, anhydrous, 98% pure) was added to each vial in quantities 

described in Table A.1 along with 10 mL of deionized H2O. LiOH was dissolved via magnetic 

stirring, and the pH of each solution was measured using a pH probe (Mettler-Toledo FiveEasy). 

After the initial pH measurement, 40 mg of Co(OH)2 (Thermo Scientific Chemicals, 99.9%) were 

added to each vial and the vials were left to stir at 1000 rpm for 7 days at room temperature and 

an additional 7 days at 60°C.  We took pH measurements after the time intervals listed Table 3.1 

below.   
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Table 3.1. Time intervals for pH measurement of LiOH solutions 

Time of pH measurement (days) Description 

0 Before Co(OH)2 addition 

7 after stirring at room temperature 

14 after stirring at 60°C 

 

We used UV-Vis spectroscopy (Ocean Insight, OCEANHDX Miniature Spectrometer with 

a Quantum Northwest qpod 3 stage) to characterize the powders and supernatant in each via. To 

collect the samples for analysis, the vials were left on the benchtop for 3 days such that all solids 

settled at the bottom of the vial. The supernatant was extracted from the top of each vial and 

transferred to a quartz cuvette (Perkin Elmer, 10 mm). To repeat the measurement for the powders, 

the solutions were shaken and samples diluted by adding one drop of powder to deionized water. 

The spectra were collected from samples containing ~200 µL of powder solution from each vial 

added to 3 mL of deionized water in a quartz cuvette. 

3.2.2 Carbon scaffold preparation & electrochemical surface area determination 

The carbon scaffolds listed in Table 3.2 were cut into 2 x 1 cm2 rectangles and plasma 

cleaned before electrodeposition (Harrick Plasma PDC-32G). The plasma intensity and duration 

varied depending on the scaffold. Carbon nanotube foam electrodes were plasma cleaned for 3 

minutes on low intensity, and all other scaffolds were cleaned for 5 minutes on high intensity. 

The electrochemical surface area (ECSA) of each carbon scaffold was determined from 

cyclic voltammetry. The electrochemical cell was contained in a 25 mL three-neck glass round 

bottom flask. The working electrode was a ~1 cm2 (geometric area) piece of the plasma-cleaned 

carbon scaffold, the counter electrode was a Pt coil (BioLogic), and the reference electrode was 
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Ag/AgCl in saturated KCl (Pine). The electrolyte was 1 M Na2SO4 (Sigma-Aldrich, >99%) in 

deionized water. Cyclic voltammetry (CV) was performed between 0-0.6 V vs. Ag/AgCl for three 

cycles from 10 - 100 mV/s using a potentiostat (Biologic MPG). For each carbon scaffold, the 

double layer capacitance (Cdl) was calculated from the second cycle at 20 mV/s in a 200 mV stretch 

of the voltammogram where the current signal was purely capacitive (see Figure A.1 for an 

example). The ECSA was then calculated from assuming a surface-area normalized capacitance 

of 40 µF/cm2 for carbon:  

ὉὅὛὃ ὧά          (3.1) 

where Cs is the specific double layer capacitance (assumed to be 40 µF/cm2) and Cdl is the 

measured capacitance.111 The ECSA was normalized by the mass of the carbon scaffold to yield 

the specific surface area. 
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Table 3.2. Carbon scaffolds and estimated electrochemical surface areas used to scale applied 

current during -Co(OH)2 electrodeposition. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

3.2.3 Electrodeposition of Ŭ-Co(OH)2 on carbon scaffolds 

After the carbon scaffold was prepared according to the description above, a metal foil 

current collector was wrapped around one end of the scaffold. Either stainless steel foil or nickel 

tape was used, depending on the fragility of the scaffold. Stainless steel foil was sufficient for 

carbon paper, but nickel tape was required for more complex carbon scaffolds. The 

electrodeposition procedure was adapted from Yan et al.113 The electrochemical cell consisted of 

a 25 mL three-neck glass round-bottom flask containing ~25 mL of 0.1 M Co(NO3)2 (Millipore 

Sigma, 98+%) in deionized water. A 1 cm2 piece of each carbon scaffold served as the working 

Scaffold Type 
Electrochemical 

Surface Area (m2/g) 

Electrodeposition 

Current (mA) 

CFOAM25 Carbon Foam 0.055 
-2.00 

Duocel RVC 10 PPI 0.069 
-2.54 

CFOAM35 HTC Graphite 

Foam 
0.079 

-2.89 

Duocel RVC 30 PPI 0.099 
-3.61 

Duocel RVC 60 PPI 0.21 
-7.74 

Fuel Cell Earth AvCarb 

MGL190 Carbon Paper 
0.55 

 

-20.00 

Duocel RVC 100 PPI 0.60 
-21.94 

Fiber Materials, Inc. Carbon 

Felt 
1.4 -51.63 

CNT Foam93,112 4.0 -144.99 
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electrode, Pt coil as the counter electrode, and Ag/AgCl in saturated KCl as the reference electrode.  

Chronopotentiometry was used to deposit Ŭ-Co(OH)2 on the carbon scaffold working electrodes. 

The electrodeposition procedure was optimized on carbon paper, and consisted of 3 minutes of -

20 mA, 30 seconds of rest at open-circuit potential, and another 3 minutes of -20 mA applied 

current. This protocol produced mass loadings of ~2-4 g/cm2 Ŭ-Co(OH)2 on carbon paper. For 

electrodeposition on other carbon scaffolds, the same protocol was repeated but with the applied 

current density of -20 mA/cm2 scaled to the experimentally obtained electrochemical surface area 

values shown in Table 3.2.  

After electrodeposition, the electrode was rinsed thoroughly with deionized water and left 

to dry for at least two hours before hydrothermal treatment to convert the hydroxide to LCO. For 

the thick scaffolds with smaller pores (carbon felt, CNT foam) the electrodes were soaked in 100 

mL of deionized water for an hour to completely remove the electrodeposition solution, and dried 

in a 60ęC oven for at least two hours. 

3.2.4 Preparing ɓ-Co(OH)2 on carbon paper 

To prepare ɓ-Co(OH)2 on carbon paper, the electrodeposited Ŭ-Co(OH)2 on carbon paper 

was soaked in 5 mL of 6 M KOH (Fisher Chemical) in deionized water for 12 hours at room 

temperature and pressure. After soaking, the electrode was soaked in 1000 mL of deionized water 

for several hours, checking the pH using a pH probe (Mettler-Toledo FiveEasy) every few hours 

and replacing the deionized water bath until the pH was neutral. After removing the electrode from 

the water bath, it was vigorously rinsed with deionized water and dried on a Kimwipe for 1 hour 

before transferring to a vacuum oven to dry for 12 hours at 60ęC.  
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3.2.5 Synthesis of LCO 

A hydrothermal reaction was used to convert the electrodeposited cobalt hydroxide on 

carbon scaffolds to LCO on carbon scaffolds. A 45 mL Teflon-lined acid digestion vessel (Parr 

Instrument Company) was used for all hydrothermal treatments. The hydroxide-coated carbon 

scaffolds were added to the Teflon vessel along with a solution of LiOH (Thermo Scientific, 98%) 

in deionized water. The electrodeposited portion of the scaffold was completely submerged in the 

solution. The vessel was sealed and placed in a temperature-controlled oven (Baxter Constant 

Temperature Oven DN-63). We tested the influence of precursor phase (Ŭ or ɓ), temperatures of 

140ęC and 200ęC, durations of 15 hours and 120 hours, concentrations of 2M and 4.4M LiOH in 

H2O, and solution volumes of 5 and 36 mL (denoted as 11% and 80% vessel fill, respectively) on 

the morphology and electrochemistry of LCO formed directly on carbon paper. The exact 

parameters employed in each iteration of the experiment are specified where the data is presented 

in the discussion below.  

After the hydrothermal treatment, the vessel was removed from the oven and left to cool 

to room temperature for 2 hours in a closed fume hood. Once cooled, the electrodes were extracted 

from the vessel and soaked in 1000 mL of deionized water for 12 hours. The deionized water was 

replaced as many times as necessary until the solution was pH neutral. The electrodes were 

removed from the water bath and dried for 1 hour on a Kimwipe and subsequently at 60ęC for 8 

hours in air. Finally, all hydrothermally treated carbon paper electrodes were heated at 300ęC for 

8 hours in air in a box furnace (Thermo Scientific Lindberg Blue M). 

3.2.6 Physical Characterization 

X-ray diffraction (XRD) was used to characterize the electrodeposited cobalt hydroxide on 

carbon paper, using either a PANalytical Empyrean or XôPert Pro X-ray Diffractometer in the 
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standard Bragg-Brentano geometry with Cu-KŬ (ɚ = 0.54 Å) radiation. All XRD data shown in the 

main text was taken using the PANalytical Empyrean diffractometer, and the instrument used to 

collect data shown in the Supplementary Information is specified where presented in text. The 

electrode morphology was assessed using high-resolution scanning electron microscopy (Field 

Emission FEI Verios 460L or Hitachi SU8700.) Table S2 shows which images were collected 

with each of the microscopes. 

3.2.7 Electrochemical Characterization 

Electrochemical characterization was performed in both flooded three-electrode cells and 

two-electrode coin cells. Any electrodes that were not heat treated at 300ęC were dried in the 

vacuum oven for 12 hours at 60ęC before transfer to a glovebox with < 1 ppm H2O and O2. The 

three-electrode electrochemical cells consisted of a 25 mL three-neck round bottom flask with the 

deposited carbon scaffold as the working electrode, and 3x1 cm2 Li metal reference and counter 

electrodes. The electrolyte was 25 mL of 1 M LiClO4 (Sigma Aldrich, 99.99%) in propylene 

carbonate (PC; Sigma Aldrich, anhydrous, 99.7%).  Cyclic voltammetry (CV) at 0.1 mV/s for ten 

cycles was performed using a potentiostat (Biologic VMP). After cycling, the electrodes were 

rinsed thoroughly with dimethyl carbonate (DMC; Thermo Scientific, 99%) and left to dry on a 

Kimwipe overnight inside the glovebox. After the electrodes were completely dry, they were 

removed from the glovebox for further characterization. 

The coin cells consisted of LCO deposited on carbon paper as the cathodes and Li metal 

as the anodes. After vacuum drying, 1 cm diameter electrodes were punched from the carbon paper 

with deposited LCO. These electrodes were assembled into 2032 coin cells in a glovebox with < 

1 ppm H2O and O2. The coin cells also consisted of a Li metal chip (TMAX, battery grade) as the 

anode, a glass fiber separator (Whatman), a stainless steel 316 spring (MTI), two stainless steel 
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316 spacers (MTI, 0.5 mm) and 200 µL of 1 M LiClO4 in PC electrolyte. The cells were crimped 

with 0.8 Torr of pressure using a digital pressure controlled electric crimper (MTI, MSK-160E). 

Excess electrolyte was wiped away with a DMC-soaked Kimwipe and the cell was removed from 

the glovebox. Outside of the glovebox, the electrodes were wiped once again with an ethanol-

soaked Kimwipe and cycled on a Biologic VMP potentiostat using cyclic voltammetry with a scan 

rate of 0.1 mV/s. 

3.3 Discussion 

3.3.1 Aqueous chemistry of Co(OH)2 in alkaline solutions 

The low temperature synthesis method involves hydrothermal treatment of Co(OH)2 in 

concentrated LiOH solution at elevated temperatures. We conducted a titration experiment to 

understand the interactions of ɓ-Co(OH)2 with different concentrations of aqueous LiOH solutions. 

We added a fixed mass of ɓ-Co(OH)2 powder to aqueous solutions of LiOH (Figure 3.2a). As the 

concentration of LiOH changed, so did the mol ratio of Li+/Co2+. The LiOH concentrations and 

corresponding mol Li+/Co2+ of each vial are shown in Table A.1. The black curve in Figure 3.3a 

shows the pH of the aqueous LiOH solutions prior to adding ɓ-Co(OH)2. The pH increased rapidly 

for low LiOH concentrations, such that by 0.0215 M LiOH or 0.5 mol Li+/Co2+ the pH reached 12 

and plateaued for higher LiOH concentrations. Upon addition of  Co(OH)2 to the LiOH solutions, 

there were no immediate changes (Figure A.2, Day 1). After seven days at room temperature, 

there was a decrease in the pH of solutions at 0.043M LiOH (1 mol Li+/ Co2+) or less, with 

decreases most significant (to below pH ~10) under 0.00215M LiOH (0.05 mol Li+/ Co2+, Figure 

3.3a green inset, blue curve). After stirring the vials for 7 additional days at 60ęC, there were three 

distinct pH regimes corresponding to different colors of powder solutions (Figure A.2). We 

characterized the oxidation state of dissolved species and powders via UV-Vis spectroscopy, and 
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the structure of the powders via XRD. Below 2 x 10-6 M LiOH, the pH of the solutions settled 

between 8.5-9.5 after all 14 days of stirring, and the powders turned black (Figure 3.3a and A.2). 

In this pH regime, UV-Vis results in Figure 3b revealed no significant concentration of absorbing 

species present in the powders nor supernatant. XRD in Figure 3.3c confirmed the powder to be 

Co3O4. The presence of Co3O4 and decrease in pH indicates deprotonation and partial oxidation of 

ɓ-Co(OH)2 in dilute LiOH (between 0-0.0046 mol Li+/Co2+). At higher LiOH concentration 

(between 0.00108-0.043 M and 0.025-1 mol Li+/Co2+) the ɓ-Co(OH)2 powders changed in color 

from pink to brown and the pH decreased to ~9.5-11.5 (Figure A.2). The powders remained 

suspended in the supernatant immediately after stirring, settling completely after three days of rest 

without stirring. The XRD patterns of powder samples showed that ɓ-Co(OH)2 was the majority 

constituent. UV-Vis spectrum of the suspended powders (Figure 3.3b) showed absorption around 

~420 nm, consistent with absorption of aqueous Co2+ species. Between 0.00108-0.00215M LiOH 

or 0.025-0.05 mol Li+/Co2+, there was no dissolved Co2+ in the supernatant (Figure 3.3b), 

indicating that ɓ-Co(OH)2 remained mostly in the solid state. At higher concentrations of 

0.0215M-0.043M LiOH or 0.5-1 mol Li+/Co2+, the UV-vis spectra of the supernatant showed Co2+ 

species present in the solution. Pralong et al. reported that in alkaline solutions, Co(OH)2 forms 

the dicobaltite anion, Co(OH)4
2-, which appears blue.114 The authors reported a solubility limit of 

0.048 mg/mL for ɓ-Co(OH)2 in 5 M KOH. Therefore, relatively small amounts of Co(OH)4
2-

 are 

present from the spontaneous dissolution of ɓ-Co(OH)2. As the total OH- concentration increases 

in the experiment, the magnitude of the pH decrease after stirring becomes smaller (Figure 3.2a, 

black compared to red). Specifically between 0.0215M-0.043M, we hypothesize that ɓ-Co(OH)2 

partially dissolved in the aqueous LiOH solution to form CoOOH-.  
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For the sample at 0.215M LiOH or 5 mol Li+/Co2+, after 14 days of stirring a dark powder 

formed with negligible change in pH. The XRD pattern of this powder showed the Rσm structure, 

similar to HT-LCO (Figure 3.3c). However, given the negligible change in pH during stirring, we 

hypothesize that both protons in Co(OH)2 could not have been expelled into the solution. Instead, 

it seems likely that an ion-exchange process occurred with Li+ exchanging for one H+ along with 

the oxidation of Co2+ to Co3+. We hypothesize that one H+ in Co(OH)2 fully exchanged with Li+ 

to form a mixed phase of LCO and CoOOH at 5 mol Li+/Co2+. 

Since there is no significant pH change observed after 14 days of stirring for any 

concentrations above 0.0861M LiOH or 2 mol Li+/Co2+, we hypothesize that partial ion-exchange 

of one H+/Li+ began at 2 mol Li+/Co2+ and continued with higher extents of completion to 0.215M 

LiOH or 5 mol Li+/Co2+ (Figure 3.2a). The kinetics of the ion-exchange process are likely 

accelerated in higher concentrations of Li+. 

 

 

Figure 3.3 Solid acid-base titration of powder ɓ-Co(OH)2 demonstrating regimes for formation of 

Co3O4 (green), partial dissolution of Co(OH)2 (orange), and ion-exchange of H+/Li+ (red) under 

ambient, aqueous conditions. a) pH curve of samples in varied LiOH concentrations showing 

initial pH (black squares), pH after 7 days of stirring at room temperature (blue circles), and pH 
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after 7 additional days of stirring at 60ęC (red triangles). b) UV-vis spectra of supernatant and 

powder and c) XRD of powder from all vials.   

 

3.3.2 Ion exchange of electrodeposited Co(OH)2 on carbon paper 

We first electrodeposited Co(OH)2 onto carbon paper (CP), which served as a model low-

surface area conductive scaffold. During the cathodic electrodeposition from an aqueous solution 

of cobalt (II) nitrate, Yan et al. describes the reduction of nitrate anions and water near the scaffold 

to increase the local concentration of OH- (Figure A.3).113 Dissolved Co2+ reacts with OH- and 

heterogeneously nucleates onto the carbon scaffold. The electrodeposition yielded a blue-green 

solid, characterized as Ŭ-Co(OH)2 from XRD (Figure 3.4a) with a nanoflake microstructure 

(Figures 3.2 and A.4).  We designate this electrode as Ŭ-CoOH2@CP. The most intense reflections 

in the XRD patterns come from the carbon paper scaffold (Figure A.5), however reflections from 

the deposits do not overlap with those of the scaffold and are well resolved. The Ŭ-Co(OH)2 

nanoflakes grew radially outward from the surface to conformally coat the carbon fibers, and were 

well-adhered to the scaffold (Figure A.4). To transform Ŭ-CoOH2@CP into LCO@CP at ambient 

temperature, we attempted three methods: (1) ion exchange in 4.4 M LiOH, (2) conversion to ɓ-

Co(OH)2@CP followed by ion exchange in 4.4 M LiOH, and (3) electrochemical ion exchange 

from a non-aqueous Li+ electrolyte. In the first ion exchange method, the resulting XRD pattern 

(Figure 3.4b) shows a mixed phase of CoOOH and LCO, indicating incomplete exchange. There 

are two interlayer (003) peaks ~19ę suggesting two host species of different sizes. We also used 

cyclic voltammetry to identify the products. Different crystallographic phases of LCO show 

distinct electrochemical signatures in a non-aqueous Li+ electrolyte. Layered Rσm HT-LCO or 

spinel Fdσm LT-LCO have similar XRD reflections but different cyclic voltammetry features: 
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layered LCO has one redox couple between 3 - 4.2 V that is reversible ~3.9 V, and spinel has one 

reversible couple at ~3.7 V and one irreversible cathodic peak at ~3.2-3.4 V115,116.  After the ion-

exchange (Figure 3.4a,b) the CV of the Ŭ-Co(OH)2@CP electrode soaked in 4.4 M LiOH showed 

an oxidation peak at 3.8 V, attributed to Co oxidation and Li+ removal from an octahedral site 

(Figure A.6). Upon applying reducing potentials, Li+ did not reinsert into the material.  

In the second ambient temperature method, we first converted Ŭ-CoOH2@CP to ɓ-

Co(OH)2@CP prior to the Li+/H+ exchange. Strongly alkaline conditions drive the conversion of 

Ŭ-Co(OH)2 to ɓ-Co(OH)2 as water and other molecules are expelled from the interlayer.  Soaking 

Ŭ-CoOH2@CP in 6 M KOH leads to a color change from blue-green to brown, characteristic of ɓ-

Co(OH)2. XRD confirmed this conversion (Figure 3.4c). ɓ-Co(OH)2@CP was then soaked in 4.4 

M LiOH to drive the exchange of H+ with Li+. XRD (Figure 3.4d) showed that the product was a 

mixed phase of CoOOH and LCO, similar to Ŭ-Co(OH)2@CP. However, the CV of this electrode 

in 1M LiClO4 in PC was different, with an oxidation peak corresponding to Li+ removal from an 

octahedral site, and reduction peaks corresponding to Li+ insertion and restructuring in tetrahedral 

sites to form the Fdσm structure (Figure A.6). These results show that by exposing different 

polymorphs of Co(OH)2 to high concentrations of LiOH under aqueous, ambient conditions, ion-

exchange between H+ and Li+ to form CoOOH is possible, but is kinetically sluggish.  
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Figure 3.4 a) XRD of electrodeposited Ŭ-Co(OH)2 shows predominantly Ŭ-Co(OH)2 formed, with 

some ɓ-Co(OH)2 impurities. b) When Ŭ-Co(OH)2 was soaked in 4.4M LiOH for 120h, H+/Li+ 

partial exchange occurred to form a mixed phase of CoOOH and LCO. c) Strong alkaline 

conditions of 6M KOH for 12 h force the conversion of Ŭ-Co(OH)2  from a) to ɓ-Co(OH)2 on 

carbon paper. d) When ɓ-Co(OH)2 was soaked in 4.4M LiOH for 120h, H+/Li+ partial exchange 

occurred to form a mixed phase of CoOOH and LCO. CVs in Figure A.6 depict differences in 

CoOOH structure (Rσm vs Fdσm) not discernible from XRD patterns. The XRD reference patterns 

used are: Ŭ-Co(OH)2,117 ɓ-Co(OH)2 (CIF 1548810), CoOOH (CIF 90098844), HT-LCO Rσm 

(JCPDS 000500653), LT-LCO Fdσm (JCPDS 010803830).  

 



 

70 

 

Since ion exchange in concentrated LiOH yielded partial exchange of H+ with Li+, we 

investigated whether electrochemical de-insertion of H+ followed by electrochemical insertion of 

Li+ would yield LCO by cycling Ŭ-Co(OH)2@CP and ɓ-Co(OH)2@CP in a non-aqueous Li+ 

electrolyte (1 M LiClO4 in PC). The electrode was first oxidized to remove H+, then reduced to 

drive Li+ insertion. The results (Figure 3.5a) demonstrate negligible current response (<0.001 mA) 

for Ŭ-Co(OH)2@CP over the course of 4 cycles, indicating no H+ de-insertion/Li+ insertion. 

However, cycling ɓ-Co(OH)2@CP similarly showed oxidation and reduction peaks corresponding 

to insertion/deinsertion of Li+ from the spinel Fdσm structure of LT-LCO (Figure 3.5a, orange). 

The magnitude of the oxidation and reduction peaks increased with cycling, suggesting increased 

utilization of the electrode. Figure 3.5b shows the ex-situ XRD pattern of ɓ-Co(OH)2@CP after 

cycling in the non-aqueous electrolyte, which depicts an almost complete transformation of the 

electrode to spinel LCO. From this and Figure 3.4, we observed that ɓ-Co(OH)2@CP was able to 

electrochemically insert Li+ and Ŭ-Co(OH)2@CP could not, even when a-Co(OH)2@CP soaked 

in LiOH had partial H+/Li+ exchange. These results suggest that the presence of interlayer 

molecules in Ŭ-Co(OH)2 inhibited Li+ insertion, and prevented electrochemical H+ de-insertion.  

 

 



 

71 

 

 

Figure 3.5. Electrochemical insertion of Li+ into a) Ŭ-Co(OH)2 and ɓ-Co(OH)2 on carbon paper 

in 1M LiClO4 in PC electrolyte under ambient temperature and pressure. b) X-ray diffraction 

pattern of spinel LT-LCO on carbon paper formed after cycling ɓ-Co(OH)2 on carbon paper. 

Electrodes were cycled in a 3-electrode configuration.  

 

3.3.3 Combining electrodeposition with hydrothermal synthesis to synthesize layered LCO 

In the previous sections, we established the ability for partial oxidation and exchange of 

H+ with Li+ in Co(OH)2 at room temperature in concentrated LiOH, or using an electrochemical 

method. Previous work showed that LT- and HT-LCO can be synthesized by hydrothermally 

treating Co(OH)2 with concentrated aqueous LiOH. However, there has not been a detailed 

investigation into the factors influencing the transformation of Co(OH)2 into layered LCO under 

hydrothermal conditions. Here, we discuss the influence of four hydrothermal synthesis parameters 

employed in this study (pressure or vessel fill, LiOH concentration, temperature, and duration of 

hydrothermal treatment) on the resulting synthesis mechanism, morphology, and electrochemistry 

of LCO formed directly from Ŭ-Co(OH)2 on carbon scaffolds. We utilized cyclic voltammetry to 

discern subtle differences in materials structure (LT- vs. HT-LCO), crystallinity, and morphology 
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by analyzing features such as peak shape, position, coulombic efficiency (CE), and peak separation 

( V). In this work, all carbon paper electrodes were calcined at 300°C in air for 8h after the 

hydrothermal treatment.  

Xia et al. reported a three-step electrodeposition, hydrothermal synthesis, and heat 

treatment of LCO on carbon cloth to convert Ŭ-Co(OH)2 nanoflakes to LCO nanoflakes at low 

temperature (380ęC).100 The interconnected nanoflake morphology was desirable to retain 

precursor mass on the carbon cloth scaffold in the absence of polymer binder. Here, we began by 

treating the electrodeposited Ŭ-Co(OH)2@CP electrode with similar hydrothermal conditions 

(80% reactor fill, 2 M LiOH, 15 hours at 200ęC). There is a distinct change in morphology after 

hydrothermal synthesis; the Ŭ-Co(OH)2 nanoflakes transform into a dense agglomeration of 

nanoparticles on carbon paper as shown in Figures 3.6a-b. The stark change in morphology 

suggests a dissolution-recrystallization reaction took place during hydrothermal treatment. CV of 

this electrode in 1 M LiClO4 in PC exhibited a sharp redox couple at ~3.9 V with a narrow peak 

separation of 40 mV (Figure 3.6c), characteristic of layered LCO. These peaks correspond to 

coupled Li+/e- transfer from/to the material during the anodic/cathodic cycles. The sharpness and 

small hysteresis of the peaks indicate little dispersion in the site energies and good reversibility, 

which are indicative of  a well-crystallized LCO material. The nanoscale microstructure allows for 

shorter electron transport and Li+ solid-state diffusion distances, which should facilitate fast 

kinetics. However, the current diminished rapidly upon cycling, as demonstrated by the low first 

cycle CE of 50%. We hypothesize that this decline in signal comes from detachment of the 

nanoparticles to the carbon paper matrix, leading to progressively decreased active material 

utilization with cycle number. 



 

73 

 

 

Figure 3.6 Influence of changing reactor fill (pressure) and LiOH concentration during 

hydrothermal treatment of electrodeposited Ŭ-Co(OH)2 on carbon paper to produce LCO. SEM 

images and cyclic voltammograms of electrodes made using variable hydrothermal parameters of 

a-c) 80% fill of 2M LiOH, d-f) 11% fill of 2M LiOH, and g-i) 11% fill of 4.4M LiOH. The 

hydrothermal temperature and duration of treatment were kept constant at 200ęC and 15 hours, 

respectively. All electrodes were cycled in 2032 coin cells.   

 

The thermodynamic driving forces we applied during the synthesis of nanoparticle LCO 

were harsh enough to break down the precursor Ŭ-Co(OH)2 nanoflake matrix. We decreased the 

pressure in the hydrothermal vessel by decreasing vessel fill from 80% to 11% and repeated the 
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hydrothermal synthesis with all else held equal. Under these conditions, the synthesis  yielded two 

distinct morphologies (Figures 3.6d-e): irregularly shaped micron size particles surrounded by 

nanoscale (< 50 nm), roughly spherical particles. The cyclic voltammetry of an electrode made 

from these particles is shown in Figure 3.6f. The first cycle CE was higher (66%) than with the 

electrode made from particles from the high fill volume (50%) synthesis. This suggests that while 

the low fill volume synthesis yielded particles better adhered to the carbon paper, cycling stability 

was still a problem. The first cycle CV displays two sets of redox couples: at ~3.9V and at ~4.1V 

and ~4.2V that correspond to Li+ ordering to form a superstructure in LCO.118 Narrow peak 

separation implies fast electrochemical kinetics of the active material as described for Figure 3.6c, 

and we attribute this CV contribution to the nanoparticles in Figure 3.6d-e.   Upon cycling, the 

1/1ô peak separation and width increased, and the peak current decreased, while the 2/2ô peaks 

became less defined and eventually disappeared. This indicated a shift from an electrode with fast-

ion insertion kinetics and structural homogeneity of the Li+ active sites in the solid toward an 

electrode with sluggish diffusion and poor utilization of the active material. Assuming DLi+ of 6.5 

x 10-11 cm2/s and linear diffusion with a potential-independent scan rate, the estimated Li+ diffusion 

distance in LCO is ~0.13 µm.119 Given that there were micron-sized particles in the electrode, 

evidence of sluggish solid-state diffusion in the CV is unsurprising.  

Next, we maintained the lower fill volume while increasing the concentration of LiOH to 

4.4 M. This synthesis yielded LCO with an interconnected nanoflake matrix (Figure 3.6g-h). In 

the corresponding CV (Figure 3.6i), this electrode had a higher first cycle CE (71%) than the 

electrodes from the other two syntheses, despite having larger peak breadth and separation for 1/1ô 

(130 mV).  The improved CE and cycling stability suggest that the adhesion of the LCO to the 
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carbon paper was better. As a result, hydrothermal conditions yielding LCO nanoflakes resulted 

in the most favorable morphology for carbon paper-based electrodes. 

The pressure and LiOH concentration in the hydrothermal vessel significantly influence 

the morphology and electrochemical behavior of LCO@CP electrodes. Given the two types of 

microstructures, we hypothesize that there are two different reaction mechanisms possible for the 

formation of LCO@CP from electrodeposited Ŭ-Co(OH)2@CP. First, we consider the nanoflake 

morphology of LCO@CP formed under low pressure and high LiOH concentration. Since this is 

similar to the microstructure of Ŭ-Co(OH)2@CP, we hypothesize that these conditions favor an 

ion-exchange mechanism: proton and electron transfer reactions took place as H+ in solid Co(OH)2 

exchanged for Li+ from solution while Co2+ oxidized to Co3+ resulting in the formation of LCO. 

Under the absence of hydrothermal conditions, when electrodeposited Ŭ-Co(OH)2 on carbon paper 

was left soaking in 4.4M LiOH on the benchtop we observed the exchange of one H+ for Li+ from 

solution validated by XRD in Figure 3.4b. During the titration experiment in Figure 3.3, we 

observed the same H+/Li+ exchange in the XRD pattern of commercial powders of ɓ-Co(OH)2 

stirred in an aqueous solution of concentration 0.215M LiOH or  5 mol Li+/Co2+. 

Hydrothermal reaction at high pressures and/or low LiOH concentrations leads to 

nanoparticle formation that is quite different from the nanoflake Ŭ-Co(OH)2@CP precursor. Under 

these conditions, we hypothesize that the mechanism involves dissolution of Ŭ-Co(OH)2 and re-

deposition of LCO. The titration experiment (Figure 3.3) confirmed the dissolution of Co(OH)2 

in dilute LiOH (0.0215-0.043 M LiOH, or 0.5-1 mol Li+/Co2+). Under hydrothermal conditions, 

we then propose that the soluble CoOOH- reacts with Li+ to form LCO. The nanoflake morphology 

of LCO formed via the proposed ion exchange mechanism is favorable for coating porous 

conductive scaffolds such as carbon paper. Consequently, the next experiments investigated the 
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influence of the hydrothermal treatment time (15 to 120 h) and temperature (140 C) while holding 

the pressure (11% reactor fill) and solution concentration (4.4 M LiOH) constant. Figure 3.6g-i 

shows the CV and microstructure of the LCO@CP electrode produced from a 15h of hydrothermal 

reaction whereas Figure 3.7a shows the corresponding results for an electrode produced from the 

120h hydrothermal treatment. The shorter timescale yielded exclusively nanoflake morphology, 

while longer hydrothermal treatment led to a mixed microstructure containing both nanoflakes and 

nanoparticles. This suggests that longer hydrothermal treatment leads to partial dissolution. 

Decreasing the hydrothermal temperature to 140ęC for the same duration of 120h, led to the 

formation of nanoflakes that were thinner than those formed at 200ęC (Figure 3.7c vs Figure 

3.7a). This finding confirms that the hydrothermal temperature could be used to modulate LCO 

nanoflake thickness, as suggested by Xia et al.  

Finally, we considered the influence of the Co(OH)2 phase on the hydrothermal treatment 

by performing syntheses with either Ŭ-Co(OH)2@CP or ɓ-Co(OH)2@CP as precursors. The SEM 

images of products from both syntheses (Figure 3.7c, e) show no significant difference in 

morphology between the resulting LCO. Since Ŭ-Co(OH)2 converts to ɓ-Co(OH)2 in alkaline 

environments, it is likely that the conversion occurs ñin situò in the 4.4 M LiOH solution inside 

the hydrothermal vessel, which bypasses the need for an additional processing step. 
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Figure 3.7 Influence of hydrothermal temperature and Co(OH)2 precursor phase on the synthesis 

of HT-LCO2@CP. SEM images and cyclic voltammograms of hydrothermal syntheses performed 

using a-b) Ŭ-Co(OH)2@CP at 200ęC, c-d) Ŭ-Co(OH)2@CP at 140ęC, and e-f) ɓ-Co(OH)2@CP at 

140ęC. The vessel fill, LiOH concentration, and synthesis time were held constant at 11%, 4.4 M 

LiOH, and 120h, respectively. These electrodes were cycling in a 3-electrode configuration. 

   

3.3.4 Toward deterministic electrode architectures for lithium-ion batteries 

Thus far we established that free-standing, binder-free porous carbon paper electrodes 

featuring LCO with a nanoflake morphology exhibit superior electrochemical performance (CE 
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and capacity retention) compared to the electrodes with a nanoparticle morphology. Within the 

synthetic space that produced nanoflakes, we observed patterns correlating hydrothermal treatment 

temperature and duration to preferential electrode performance. Holding the hydrothermal 

parameters that enable the ion-exchange mechanism and resulting nanoflake morphology as 

constants (11% vessel fill and 4.4M LiOH), Figure 3.8a depicts the cathodic capacity retention 

over 10 CV cycles as a function of hydrothermal treatment temperature and duration. Comparing 

the black curve to the blue curve in Figure 3.8a shows that the electrode produced under 120h at 

200ęC (Figure 3.7a) starts with a cathodic capacity close to theoretical for LCO (140 mAh/g 

denoted by the horizontal dashed line in Figure 3.8). This electrode retains more capacity at every 

cycle compared to the electrode that underwent 15h of treatment at 200ęC. For a synthesis duration 

of 120h, the electrode produced at 200ęC exhibits over 20 mA/g more cathodic capacity than the 

electrode at made at 140ęC during the first cycle, but by the 10th cycle the performance gap 

narrowed such that the 200ęC electrode was only marginally better. The narrow gap between the 

electrodesô cathodic capacity retention persisted through 20 CV cycles (Figure A.7), but the 

electrode produced at 200°C for 120h exhibited slightly superior performance despite mild 

dissolution triggered by the longer synthesis duration. All electrodes show a slight improvement 

in CE during cycling, with the higher CEs for those synthesized at 120h (Figure 3.8b). Despite 

the different hydrothermal treatment temperatures and durations, all samples experienced a 

capacity decline relative to the theoretical capacity within the first 10 cycles. Comparing pristine 

and ex-situ SEM after CV cycling revealed that for both 15h and 120h treatments, some LCO 

nanoflakes detached from the nanoflake matrix during CV cycling (Figure A.8 and A.9). These 

detached nanoflakes formed agglomerates and relocated to the surface of the existing nanoflake 

matrix, distancing themselves from the carbon paper and electronic percolation network in the 
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electrode. Furthermore, we observed a difference in the continuity and adhesion of the LCO 

nanoflake matrix to the carbon paper when the hydrothermal treatment length increased from 15h 

to 120h. Figure A.8 shows that for the 15h case, the nanoflake matrix remained fully covering the 

carbon paper scaffold in both pristine and cycled electrodes. The detached nanoflakes were 

decorated on the matrix's surface and did not protrude out from the electrode. Figure A.9 shows 

that for the 120h case, the nanoflake matrix did not form a continuous coating on the carbon paper 

scaffold, with patches of carbon paper visible in the low magnification images (Figure A.9a and 

b). The higher magnification images in Figure A.9c and d reveal that there were small gaps 

between the nanoflakes and carbon fiber where portions of the matrix were interconnected with 

itself but not contacting the scaffold. This detachment of the nanoflake matrix from the scaffold 

was even more pronounced after cycling, and compared to the electrode hydrothermally treated 

for 15h there were more nanoflake agglomerates decorating the surface of the matrix and stacking 

on top of one another to protrude far from the matrixôs surface. The morphological rearrangement 

and nanoflake matrix detachment from the carbon paper both would result in disruptions to the 

electrodeôs electronic percolation network and achievable capacity during electrochemical cycling. 

Furthermore, for lower mass loadings (<1 mg/cm2) of electrodeposited Ŭ-Co(OH)2, we observed 

densification of mass during the hydrothermal treatment which resulted in a patchy film that did 

not completely coat the carbon paper, as discussed further with Figure A.10. These electrodes 

lacking an interconnected LCO film also experienced mass loss during cycling. Further work 

optimizing this method for low surface area and aspect ratio scaffolds such as carbon paper should 

focus on tailoring the amount of precursor Ŭ-Co(OH)2 necessary to form a stable coating of LCO 

on the electrodeposited scaffolds. We also recommend exploration of methods to adhere the LCO 
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to the carbon scaffold such as through pre-synthesis scaffold functionalization or treatment (i.e. 

roughening) or post-synthesis conductive polymer coatings. 

 

 

Figure 3.8 a) Cycling stability and b) coulombic efficiency of LCO@CP electrodes made using 

variable hydrothermal treatment temperature and duration while pressure and LiOH concentration 

remained constant (11% vessel fill and 4.4M LiOH.) All electrodes were tested in a 3-electrode 

configuration. The dashed horizontal line indicates the theoretical specific capacity of LCO. The 

120h treatment at 200°C produces an electrode with near-theoretical cathodic capacity during the 

first cycle, and superior capacity retention over electrodes produced at 140°C for 120h or 200°C 

for 15h.  

 

Another potential avenue for performance improvement of the architectures could come 

from experimenting with the calcination procedure following hydrothermal treatment. In this 

work, all LCO@CP electrodes were calcined at 300°C in air for 8h after the hydrothermal 

treatment. This calcination step was not necessary to synthesize phase-pure layered LCO, as both 

pristine and calcined electrodes index well to the layered LCO structure and show sharp (003) and 
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(104) peaks in XRD indicating high crystallinity (Figure A.11). However, calcined electrodes 

exhibited slightly improved cathodic capacity retention and coulombic efficiency over pristine 

electrodes.  

An important consideration for the viability of hydrothermal methods is the overall energy 

consumption relative to solid-state synthesis of cathode materials. While the electrodeposition-

hydrothermal method is a batch process in which many electrodes can be made simultaneously, 

further work is necessary to assess if the decrease in LCO synthesis temperature equates to energy 

savings in the overall manufacturing process on a per-mass basis. Some energy calculations of Li 

and Na ion materials synthesis have shown that although solvothermal processes occur at 

substantially lower temperatures, the energy required can be comparable or larger than what would 

be required to synthesize materials from the solid-state.120ï122 In the method outlined here, energy-

intensive steps include water splitting to produce OH- driving the chemical precipitation of 

Co(OH)2 during electrodeposition and heating LiOH solution during hydrothermal treatment. 

Regardless, in this work we emphasize that the primary utility  of the electrodeposition-

hydrothermal method is to conformally coat carbon scaffolds that are not stable at solid-state 

synthesis temperatures.  

3.3.5 Versatility of the method with other porous carbon scaffolds 

We finally demonstrate the versatility of the combined electrodeposition-hydrothermal 

method to produce LCO at 200ęC on eight other commercially available carbon scaffolds. These 

scaffolds varied in geometry from foam-like to fiber-like microstructures. The processing protocol 

consisted of electrodepositing Ŭ-Co(OH)2 onto each carbon scaffold and hydrothermal synthesis 

in 4.4 M LiOH for 15 hours at 200ęC with 11% reactor fill. There was no final annealing step at 

300 ↔C. The electrodeposition current was adjusted for each scaffold based on its experimentally-



 

82 

 

determined electrochemical surface area (ECSA) (Table 3.2). After electrodeposition, all scaffolds 

were completely coated by Ŭ-Co(OH)2 nanoflakes (Figures A.12-20). SEM images for four 

representative carbon scaffolds coated with LCO are shown in Figure 3.9. Figures A.12-20 and 

A.21 provide the complete microstructural and cyclic voltammetry characterization for the nine 

scaffolds. Cyclic voltammetry confirmed the presence of LCO on all nine scaffolds, although with 

varying degrees of electrochemical reversibility (Figure A.21). We could not reliably connect 

electrodes made from the most porous Duocell RVC 10 and 30 ppi scaffolds to an electrochemical 

cell as they became too brittle following the hydrothermal treatment. They both appear to be coated 

with LCO in SEM images (Figures A.13 and A.15). The low magnification images in the top row 

of Figure 3.9 show the bare carbon scaffolds. The ECSA and aspect ratio of the scaffold influenced 

the morphology of the LCO, which became more obviously nanoflake-like with increasing ECSA 

and aspect ratio.  

 

 

 

 



 

83 

 

 

Figure 3.9 SEM images of LCO deposited on four different commercially available porous carbon 

scaffolds: a) CFOAM25 foam, b) Duocel RVC 60 PPI, c) carbon felt, and d) CNT foam. The top 

row of low magnification images are of the bare scaffolds. All synthesis involved electrodeposition 

of Ŭ-Co(OH)2, hydrothermal treatment in 4.4 M LiOH for 15 hours at 200ęC with 11% reactor fill.  

 

The LCO nanoparticles shown on the lower ECSA and aspect ratio scaffolds (CFOAM25 

and Duocel RVC 60 ppi, respectively) resembled products of a dissolution-recrystallization 

reaction. However, after the hydrothermal treatment, the LiOH solution was free of particles, 

contrary to the dark, cloudy solution in syntheses that followed the dissolution/deposition 

mechanism for LCO formation. Therefore we hypothesize that ion-exchanged LCO was formed 

on the low ECSA scaffolds, however the lower mass loadings resulted in smaller particles not 

easily identified as nanoflakes by inspection as described in the discussion of Figure 3.8 and 

Figure A.10. 
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3.4. Conclusions 

In this work, we developed and characterized a combined electrodeposition-hydrothermal 

method to deposit HT-LCO from Ŭ-Co(OH)2 on different porous carbon architectures at low 

temperatures (200ęC) to preserve the carbon scaffold. We first investigated the aqueous chemistry 

of Ŭ- and ɓ- Co(OH)2 in concentrated LiOH aqueous solutions under ambient conditions. We 

demonstrated that H+/Li+ ion-exchange is possible in both bulk powder and electrodeposited Ŭ- 

and ɓ- Co(OH)2 under high concentrations of LiOH (>0.215M LiOH or mol Li+/Co2+) . The results 

also showed a pH and Li+ concentration regime for partial dissolution of ɓ-Co(OH)2 to CoOOH-. 

We also attempted H+/Li+ ion-exchange in a non-aqueous Li+ electrolyte and found that H+/Li+ 

exchange could take place electrochemically but yielded spinel LCO.  

We next presented the influence of hydrothermal treatment parameters such as vessel 

pressure, LiOH concentration, treatment duration, temperature, and Co(OH)2 polymorph on the 

synthesis of freestanding LCO@CP electrodes as a model architecture. By independently varying 

synthesis parameters, we were able to illustrate the individual effects of each parameter on the 

resulting morphology and electrochemical behavior. This illuminated the possible synthesis 

mechanisms. The hydrothermal vessel pressure (controlled by vessel fill) and LiOH concentration 

are both key determinants of the synthesis mechanism: higher pressures (80% vessel fill) and low 

LiOH concentrations (< 2 M LiOH) favor dissolution of the Ŭ-Co(OH)2 precursor, followed by 

recrystallization to form LCO nanoparticles on the scaffold surface. While the HT-LCO was well-

crystallized as evidenced by cyclic voltammetry and XRD, electrodes with this morphology did 

not exhibit good cycling. We hypothesize that in this case, the nanoparticles did adhere well to 

each other or the scaffold, leading to severe capacity fade. Under lower pressures (11% vessel fill) 

and higher LiOH concentrations (4.4 M LiOH), LCO forms via an  ion exchange and oxidation 
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mechanism directly on the scaffold. This process preserves the nanoflake morphology of the Ŭ-

Co(OH)2 precursor, which was interconnected and well-adhered to the scaffold. Changing the 

duration and temperature of the hydrothermal treatment also modulates the reaction mechanism 

(i.e. longer duration promotes partial dissolution) and fine-tunes the morphology (i.e lower 

temperature causes thinner nanoflakes). We used this method to deposit nanoflake LCO on nine 

different commercial carbon scaffolds with varied surface areas, aspect ratios and porosities 

without compromising the integrity of the scaffolds, demonstrating that the processing conditions 

are suitable for a wide range of architectures. Future work to improve this method should focus on 

1) strategies to enhance the adhesion of the nanoflake LCO to carbon scaffolds, and 2) 

understanding how to engineer the electrodeposition of Ŭ-Co(OH)2 to accommodate for the 

densification of material during the ion-exchange to produce an ideal coating of LCO with 

favorable ion and electron transport properties. 
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CHAPTER 4  

The Influence of Cobalt Doping on the Electrochemistry of Lithium & Manganese Rich 

Materials 

4.0 Preface 

This work is in preparation for submission to a peer-reviewed journal. Dr. Subhadip 

Mallick, Dr. Jiajun Chen, and Dr. Arturo Gutierrez synthesized the precursor materials and 

collaborated on experimental design and narrative development. I conducted all experiments 

except synchrotron XRD, and wrote the narrative. Dr. Mallick conducted the Rietveld refinement 

on synchrotron XRD data. Dr. Venkatesh Kabra and Prof. Partha Mukherjee conducted the 

simulation in Section 4.2.7. Dr. Noah Holzapfel, Dr. Veronica Augustyn and Dr. Jason Croy 

contributed to revision.  

 

4.1 Introduction 

Lithium and manganese rich (LMR) oxides are studied for the electric vehicle market for 

their high energy densities and low cost compared to other commercial cathode materials, most of 

which utilize cobalt. Despite the high cost, political challenges, and social ramifications of 

acquiring it, cobalt is still often used as a transition metal (TM) constituent in Li-ion cathode 

materials because it can enhance the structural stability and improve electronic conductivity within 

oxides. Mn-rich cathode materials have long been proposed as an alternative to Co and Ni-rich 

NMCs due to their relative earth abundance, lower cost, and smaller environmental footprint for 

production.9 Some of the most promising Mn-rich cathode materials are those of type 

Li (1+x)NiaMnbCocO2 where a + b + c Ò 1 because they can exhibit high capacities of >200 mAh/g 

maintained across hundreds of cycles. These LMR oxides are obtained by adding Ni and/or Co to 

Li 2MnO3. Their structure can be regarded as having nanodomains of monoclinic C2/m, 
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characteristic of Li2MnO3, and trigonal Rσm of the LiMO2 structure where M = Ni, Mn, or Co. 

Together, these form a composite of the type xLi 2MnO3 · (1-x)LiNi 1/3Mn1/3Co1/3O2. The excess Li 

in the Li2MnO3 domains reside in octahedral sites within the TM layer to form an LiMn6-type 

honeycomb superstructure. In an electrochemical cell, the oxidation of the material above 4.5 V 

(vs. Li/Li+) in the first cycle (charge) activates the material for subsequent electrochemical cycling. 

The oxidation is initially compensated by the removal of Li+ from the LiMn6-type sites and 

electron withdrawal primarily from the TM states (ñcation redoxò) followed by electron 

withdrawal from oxygen anions (ñanion redoxò), which is only partially reversible. During the first 

reduction (discharge), charge-compensating Li+ intercalates to reinstitute LiMn6 ordering below 

3.3 V. The Li+ vacancies formed during the first cycle lead to TM or Li+ migration that is only 

partially reversible, leading to structural voltage hysteresis and concomitant voltage fade.123,124 

Although cobalt-free LMRs are being investigated, many LMR chemistries being reported 

in literature contain cobalt in some quantity, and some reports highlight it as beneficial or critical 

to the materialôs energy storage performance. Rana et al. probed the local structures of the Li-rich 

composition 0.5Li2MnO3·0.5LiCoO2 with X-ray absorption spectroscopy (XAS) and found that 

Li 2MnO3 and LiCoO2 components existed in separate domains, with TM redox involving only 

Co3+/4+. The Li2MnO3 regimes became Li+ and oxygen deficient during cycling. The authors 

hypothesized that they served as a Li+ source to replenish the Li+ in the LiCoO2 domains during 

oxidation. This enabled higher voltage without deleterious structural change. Xiang et al. prepared 

a series of Li[Li0.2Ni0.2-X/2Mn0.6-XCox]O2 with 0 Ò x Ò 0.24.125 In these materials, Co3+ was 

substituted for equal amounts of Mn4+ and Ni2+ while the overall Li/TM ratio remained constant 

at 1.2. The authors found that increased Co content improved oxygen loss kinetics and increased 

reversible capacity when cycled between 4.8-2.0V. Consequently, increased oxygen loss led to 
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severe TM migration and conversion to the spinel-like phase causing voltage and capacity fade 

upon cycling. Assat et al. used synchrotron X-ray techniques coupled with electrochemical 

measurements to provide evidence of bulk anion redox in Li1.2Ni0.13Mn0.54Co0.13O2 at high and low 

voltages.126 This led to the assignment of the potential regimes for Ni2+/3+/4+, Co3+/4+, and  Mn3+/4+ 

redox. Li et al. built on Assatôs work by investigating Li1.2Ni 0.2Mn0.6O2 (LNMO) and 

Li 1.2Co0.4Mn0.4O2 (LCMO) to decouple the effects of Ni and Co in Li1.2Ni0.13Mn0.54Co0.13O2.127 

They proposed that while LCMO did not have TM/Li mixing in the as-synthesized state, during 

electrochemical cycling, cobalt facilitated fast anion redox kinetics resulting in more oxygen redox 

(and loss). This triggered TM migration and correspondingly less TM redox. Conversely, the 

pristine LNMO exhibited TM/Li mixing in the as-synthesized state, but Ni was worse at facilitating 

oxygen redox and therefore LNMO had less structural decay (but consequentially less total 

capacity) compared to LCMO. The authors suggested that Ni-rich compounds should be 

emphasized in future work, with some optimization of Ni and Co contents to harness the beneficial 

qualities of Co (in promoting capacity) and Ni (in stabilizing the structure). While this study 

provided insight into the dynamics of cathodes containing Mn/Ni and Mn/Co, it left open questions 

about the electrochemical behavior when Mn, Ni, and Co are all present.   

Furthermore, there have been several literature reports describing effects such as particle 

size, morphology, porosity, bulk strain, structural disorder, and Li vacancy concentration as factors 

besides TM composition that had great bearing on the electrochemical capacity and rate behavior 

of LMRs. Jiang et al. 2021 made versions of Li1.2Ni0.2Mn0.6O2 with and without in-plane disorder 

and found that Li/Mn disorder promoted fast Li+ kinetics by creating 3D channels for diffusion 

with lower percolation energies.128 Gutierrez et al. 2022 studied the rate behavior and impedance 

of layered-layered-spinel LMR-NMC oxides as a function of primary particle size to find that 
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larger primary particles (with lower surface area) led to slower kinetics and higher impedance.129 

Strehle et al 2022 demonstrated that BET surface area and bulk microstrain were more important 

than TM composition as predictors of electrochemical behavior from the pristine state by studying 

several cobalt-containing and cobalt-free compositions of varied internal porosities and 

densities.130 The authors conclude that cobalt did not have an influence on the electrochemical 

performance of the LMRs. However, given the egregious impact that other physical parameters 

had on the electrochemistry of the materials in this study, the effect of TM composition is difficult 

to deconvolute. 

In this study, we compare the electrochemistry of LMR oxide cathodes that differ in Co 

content: a Co-free version with equal amounts of Ni and Mn in the LiMO2 domain (0% Co), 5% 

Co, and 15% Co. As we increased the Co content, we adjusted the Ni and Mn compositions such 

that there were roughly equal amounts of each TM in the NMC domain (no more than 1.13 Mn/Ni). 

The synthesized materials have similar primary and secondary particle sizes (~140-170 nm and 

11-15 µm, respectively), BET surface areas (1.9-2.3 m2/g), and Li/TM ratios of 1.3. We 

characterized the structure, electrochemical performance, and Li+ diffusion kinetics across varying 

potential windows to observe differences between LMRs as a function of Co content. We found 

that Co-containing samples saw higher average Ni oxidation states and decreased Ni/Li site mixing 

compared to Co-free samples. As Co content increased, for the same extent of activation during 

the first charge cycle, the achievable discharge capacities decreased. This decrease came primarily 

from differences in low-voltage capacity below 3.2 V that was limited upon discharge for Co-

containing materials but partially regained during cycling. Despite the eventual increase in low-

voltage capacity, the apparent Li+ diffusivity still declined below 3.2V for Co-containing versus 

Co-free LMRs. In summary, we observed that Co substitution of <15% Co in the LiMO2 domain 
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did not increase oxygen redox capacity compared to the Co-free LMRs when activated to 4.7V. 

There are no significant changes between the cycling stability and voltage fade of 0% Co and 5% 

Co over the course of 100 cycles; both 0% and 5% Co delivered 210 mAh/g upon final discharge 

while 15% Co delivered 197 mAh/g, and the final average discharge voltage of all cathode was 

~3.5V. However, differences in the electrochemical kinetics between LMR compositions led to 

decreased rate capability with increased Co content. This work suggests there was no tangible 

benefit to including <15% Co in the LiMO2 domain in these LMRs on the basis of enhanced anion 

redox contributions to overall achievable capacity or rate capability.  

4.2 Experimental Methods 

4.2.1 Materials Synthesis  

All carbonate precursors compositions listed in Table 4.1 were synthesized using a co-

precipitation method. In a continuously stirred tank reactor (CSTR) operating under steady-state 

conditions, reactants were constantly introduced while products and unreacted materials were 

simultaneously extracted, ensuring stable reaction conditions throughout. In contrast, semi-batch 

co-precipitation was not under steady-state conditions and involved the intermittent or singular 

addition of certain reactants. This leads to quicker reactions and less generated waste compared to 

the CSTR method, making it a more cost-effective and efficient choice for processes where time 

is critical or when reactants are costly or scarce.131 The 0% Co precursor was synthesized via the 

CSTR method, whereas the 5% and 15% Co carbonate precursors were synthesized via the semi-

batch method. 

For this research, each carbonated precursor sample was uniformly synthesized using a 4-

liter reactor that features a water-bath jacket for temperature control. Specifically, a 2 M solution 

of transition metal sulfates (TMSO4) was mixed in precise ratios. To adjust the pH, a 2 M solution 
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of sodium carbonate (Na2CO3) was used as the precipitating agent, while ammonium hydroxide 

(NH3 (aq.)) acted as the chelating agent. The solutions of NH3 and TMSO4 were pumped into the 

reactor at specific flow rates. The addition of the Na2CO3 solution was automatically controlled 

by a pH meter with feedback systems to ensure the correct pH level. The carbonate precursor was 

rinsed using distilled water and reagent-grade alcohol, followed by drying in a nitrogen atmosphere 

within an oven at 110 °C overnight. 

The carbonate precursors were mixed with LiCO3 in a 1.3:1 ratio and calcined at 900ęC in 

air for 20h to produce the LMR oxide cathode materials. The transition metal content of the final 

LMRs was determined by inductively coupled plasma mass spectrometry (ICP-MS). The target 

LMR composition upon lithiation and actual LMR composition from ICP are showed in Table 1 

below. All LMR compositions are written in composite notation, and the materials hereafter will 

be referred to in text by % Co in the target LMR compositions from Table 4.1. 

 

Table 4.1. Compositions of the carbonate precursor, targeted, and final LMR materials (X = 

0.3Li2MnO3). 

 

All synthesized oxide materials used in electrochemical cycling experiments were surface 

treated with Al(NO3)3*H2O using the aqueous, low-temperature (~100ęC) process detailed in 

Gutierrez et al.132  The surface treatment employed with the lithium difluoro(oxalate) borate 

(LiDFOB) electrolyte additive described in the Electrode Fabrication section is thought to 

% 

Co 

Precursor 

Composition 

Target LMR Composition LMR Composition from 

ICP-MS 

0 Mn0.65Ni0.35CO3 X*0.7LiMn 0.5Ni0.5O2 X*0.7LiMn 0.50Ni0.50O2 

5 Mn0.63Ni0.33Co0.04CO3 X*0.7LiMn 0.47Ni0.47Co0.05O2 X*0.7LiMn 0.49Ni0.45Co0.06O2 

15 Mn0.59Ni0.30Co0.11CO3 X*0.7LiMn 0.42Ni0.42Co0.15O2 X*0.7LiMn 0.45Ni0.40Co0.15O2 
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mitigate Mn dissolution from the cathode and corresponding deposition on the anode to improve 

capacity retention and minimize impedance rise during electrochemical cycling. 

4.2.2 Physical Characterization 

The morphology and secondary particle sizes were characterized using a scanning electron 

microscope (JEOL NeoScope JCM-6000Plus scanning electron microscope). Energy dispersive 

X-ray spectrometry (EDS) was used to assess the compositional uniformity of the particles. The 

primary particle size was determined using a Hitachi SU8700 Field Emission SEM. Average 

primary and secondary particle sizes were measured from scanning electron micrographs using 

The specific surface area was determined using a sorption analyzer and Brunauer-Emmett-Teller 

(BET) surface area analysis (Quantachrome autosorb iQ automated gas sorption analyzer).  

4.2.3 Iodometric Titration 

A potentiometric iodometric titration technique was adapted from Mesnier et al. to deduce 

the average oxidation state of Ni in the pristine oxide powders.133 25 mg of sample was dispersed 

in 2.5 mL of deionized water and added to a 2.5 mL solution of 0.3 M KI (Ó99.9%, VWR). 5 mL 

of aqueous 3 M H2SO4 (Certified ACS, Fisher) was added, and the sample was allowed to 

completely dissolve. The dissolved transition metal ions are reduced by iodide in solution to form 

the analyte according to Equations 4.1 and 4.2. The analyte was added to a 100 mL 5-neck glass 

flask suspended above a magnetic stir plate and equipped with plasma cleaned carbon paper 

working (Fuel Cell Earth, AvCarb MGL190), Pt coil counter electrode (BioLogic), and an 

Ag/AgCl in saturated KCl (Pine) reference electrode to form the electrochemical cell. A 1.5 mM 

aqueous solution of Na2S2O3 (99%, Fisher) was slowly added to the stirring analyte as the open 

circuit potential of the analyte was recorded using a potentiostat (BioLogic MPG). Once the 

potential change plateaued, defined here as changing less than 1 mV per minute, the titration was 
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deemed complete. The quantity of titrant consumed, generally between 30-60 mL depending on 

the oxide stoichiometry, was used in conjunction with Equations 4.3 and 4.1 to calculate how 

many moles of electrons were produced and used to reduce transition metal ions in the sample. 

The average oxidation state of Ni can be calculated if the transition metal stoichiometries and metal 

reduction reactions are known. 

                      σὍ ᴼὍ  ςὩ       (4.1) 

                       ὔὭ  Ὡ ᴼὔὭ       (4.2) 

          ςὛὕ  Ὅ ᴼ Ὓὕ σὍ        (4.3) 

4.2.4 Electrode Fabrication  

To prepare the cathode laminates, a 1 g slurry was prepared containing 84 wt.% active 

material, 8 wt.% carbon black (Timcal C-45), and 8 wt.% of an 8 wt.% solution of polyvinylidene 

fluoride (PVDF) in 1-methyl-2-pyrrolidinone (NMP). The components were dispersed in 0.6-0.8 

mL of NMP and mixed using a Thinky mixer. The slurry was cast onto aluminum foil using a 10 

mil doctor blade, and dried at 75°C in an oven in the fume hood for 8 hrs. The laminates were 

calendered to 80% of the initial thickness using a rolling mill. The calendered laminates were dried 

under vacuum at 100°C prior to use in cells. The resulting cathode laminates had mass loadings of 

~ 6-7 mg/cm2 and ~ 60 µm thickness for all compositions. 

The composite cathodes were assembled into 2032 stainless steel coin cells in a half-cell 

configuration against lithium metal in an argon-filled glovebox with H2O and O2 levels < 0.5 ppm. 

Gen2 electrolyte (Tomiyama, A49 LIPASTE formulation, 1.2 M LiPF6 in 3:7 wt. mixture of EC 

and EMC) with 0.5 wt.% lithium difluoro(oxalate) borate (LiDFOB) was used as the electrolyte 

in all cells. All experiments occurred in an oven at 30°C. 
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4.2.5 Electrochemical Testing 

Hybrid Pulse Power Characterization (HPPC): A modified HPPC protocol shown below 

was adapted from Long et al. to assess the cycling stability of the cathode materials under 

aggressive cell operating conditions. 134 The theoretical capacity for 1C was taken as 200 mAh/g. 

 6 hour rest at open circuit voltage 

Formation cycles (all with a 3 hour voltage hold at the top of charge or current cutoff (i <= 

0.05C)) 

 1 cycle at C/20 between 4.7 ï 2.0V 

 3 cycles at C/5 between 4.5 ï 2.5V 

HPPC preparation cycles (all with a 3 hour voltage hold at the top of charge or current 

cutoff (i <= 0.05C)) 

 1 cycle at C/10 between 4.5 ï 2.5V 

 Charge at C/3 to 4.5V 

 Discharge at 1C to 2.5V 

 Charge at C/3 to 4.5V, with a 3 hour voltage hold at the top of charge until current cutoff 

(i <= 0.05C) 

HPPC cycles 

 Discharge at C/3 to extract 0.05C followed by a 1 hr rest 

 Discharge at 1.5C for 10s, followed by a 40s rest 

 Charge at 1.5C for 10s, followed by a 40s rest 

 Discharge at C/3 to 2.5V 

Repeat HPPC protocol for 20 pulses, or until 2.5V is reached.  

Aging cycles 
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 18 cycles at C/3 between 4.5-2.5V, with 3 hour voltage hold at the top of every charge 

Repeat HPPC cycles alternating with aging cycles 5 times total. 

Rate capability tests 

All rate capability tests began with an 8 hour rest at open circuit voltage followed by 1 

activation cycle and 4 operation cycles at C/10, or 20 mA/g. The potential windows for the 

activation and operation cycles varied on a case-by-case basis as described in the text. Maintaining 

a 20 mA/g charge rate, the cell was cycled 5 times at each of the following discharge rates: 40 

mA/g, 60 mA/g, 80 mA/g, 100 mA/g, 200 mA/g, 400 mA/g, and 20 mA/g.  

Galvanostatic intermittent titration technique (GITT) 

A GITT protocol adapted from Metrohm was used to assess the apparent Li+ diffusion 

coefficient in the cathodes.135 After 8 hours of rest at open circuit potential, the cell underwent one 

cycle using alternating pulses of 10 minutes of current at 15 mA/g and 10 minutes of rest. The 

potential windows used varied on a case-by-case basis as described in the text. The following 

equation was used to calculate the apparent Li+ diffusion coefficient using the steady-state voltage 

change, ȹEs (V), and voltage change during the constant current pulse, ȹEt (V) obtained via 

experiment: 

Ὀ
τ
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Where Ű is the duration of the current pulse in seconds, nm is the number of moles, Vm is 

the molar volume of the electrode in cm3/mol, and S is the electrode area (in this case taken as the 

geometric area in cm2).  
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4.2.6 Synchrotron X-ray Diffraction 

High resolution synchrotron X-ray diffraction data were collected from the 0% and 5% Co-

samples at the Stanford Synchrotron Radiation Lightsource (SSRL) on Experiment Station 2-1 

equipped with a Pilatus 100K area detector and an incident energy of 17 KeV. Powder samples 

were loaded into 0.8 mm Kapton capillaries and sealed on both ends with clay. To prepare the ex-

situ discharged samples, coin cells underwent one cycle between 4.7 V- 2.0 V at 30 °C. After the 

electrochemical cycling, the cells were disassembled inside an Ar-filled glove box and the 

cathodes were washed with dimethyl carbonate (DMC) followed by drying under vacuum in the 

glove box antechamber. The discharged cathode powders were scraped off the Al foil current 

collector and loaded into Kapton capillaries then sealed with clay on both ends for data collection. 

The X-ray diffraction data were analyzed using the Topas Academic V6 software.  

The crystallographic structure was determined from the synchrotron X-ray diffraction data 

Rietveld refinement (Figure 4.2). The XRD patterns were refined with the hexagonal Rσm model 

analogous to the structure of the layered oxides89. The superstructure peaks corresponding to 

honeycomb ordering of Li-Mn6 were present with low intensities and were not considered for 

structural refinement. The composite notation of the LMR materials was approximated to the 

layered notation of Li(LixTM1-x)O2 for structural refinement. The excess Li was modeled as a 

disordered arrangement with the TM in the TM layer site. Li-TM exchange was always considered 

to be Li-Ni2+ exchange and the thermal parameters in each site were constrained to be the same 

during the refinement.  

4.2.7 Transmission electron microscopy 

High angle annular dark-field (HAADF) imaging and STEM-EDS mapping was carried 

out using a scanning transmission electron microscope (STEM) (Thermo-Fisher Scientific, Talos 
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F200X). The high-resolution STEM and TEM observation of the particles were also performed at 

the Talos F200X. TEM specimens were prepared using Ar+ ion milling with an accelerating 

voltage of 4 kV followed by an ion milling polishing process with an accelerating voltage of 0.3 

kV. 

4.2.8 Full cell simulation 

Newmanôs model was utilized for simulating the full cellôs electrochemical response and 

for the analysis. The cell configuration consists of a graphite anode and lithium manganese rich 

cathodes with 0% Co and 5% Co content. The simulations are performed at a 1C-rate between the 

voltage range of 2.8V-4.2V to highlight the difference between the activation cycle (cycle 1) vs 

the subsequent cycles (cycle 5). The mesoscale model incorporates the cyclic differences between 

the key electrochemical properties including the GITT-diffusivity data (Ὀ  and Open Circuit 

Voltage (OCV) for the activation vs non-activation cycle.  
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4.3 Results & Discussion 

4.3.1 Structural and physical characterization 

To understand the effect of cobalt on the electrochemistry of LMRs, we synthesized three 

types of LMR materials that differ in Co content: ñ0% Coò, ñ5% Coò, and ñ15 % Co".  In order to 

determine the effect of TM composition alone, it was necessary to maintain similar primary and 

secondary particle sizes, morphology, lithium concentration, specific surface areas, and 

crystallographic structure between different LMR compositions. Figure 4.1 shows that all three 

LMRs exhibited spherical morphologies and similar primary and secondary particle sizes (~140-

170 nm and 11-15 µm, respectively). The specific surface areas from nitrogen sorption 

measurements are also comparable as shown in Table 4.2.  Lower magnification SEM images 

(Figure B.1) show uniformity across morphology and secondary particle sizes within each 

composition, and EDS mapping shows similar TM distribution within each secondary particle 

(Figure B.2). STEM-EDS of 5% Co also shows elemental ratios of each TM are similar (within 

2%) across nine particles (Figure B.3). HR-TEM imaging of pristine 5% Co shows regions of 

spinel and layered structure within a particle (Figure B.4). The preliminary X-ray diffraction 

patterns for all materials show the same reflections characteristic of LMRs with minimal 

differences in intensities or peak positions (Figure B.5). 
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Figure 4.1. Scanning electron micrographs of 0% (a,d), 5% (b,e), and 15% Co (c,f) powders 

depicting similar primary and secondary particle sizes and morphologies for all compositions. 

 

Table 4.2. Specific surface area and average primary particle sizes for 0%, 5%, and 15% Co 

materials. 

Composition 

(% Co) 

BET Surface Area 

(m2/g) 

Avg Primary Particle 

Size (nm) 

Avg Secondary 

Particle Size (µm) 

 

0 1.9 155 ± 22 15 ± 1 

5 2.3 140 ± 20 15 ± 2 

15 1.9 173 ± 22 11 ± 2 

    

 

 

Rietveld refinements of the synchrotron XRD data with the Rσm structural model resulted 

in an excellent fitting of the experimental data as observed from the agreement between observed 

and calculated plots and fitting parameters in Table B.1. The diffraction patterns and the refined 

lattice parameters revealed the pristine unit cell volume of 5% Co was 0.05% smaller than for 0% 

Co, which is expected as the ionic radii of Co3+ (0.55 Å) is smaller than Ni2+ (0.69 Å).136 There 
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were negligible differences in the LiMn6 superstructure reflections shown in the insets of Figure 

4.2.  

 

Figure 4.2. XRD patterns (observed) and Rietveld refinement (calculated) of as-synthesized a) 

0%  and b) 5% Co active material powders. The refinements were performed by Dr. Subhadip 

Mallick. 

 

TM/Li + mixing is an inevitable occurrence in pristine LMRs that influences their 

electrochemistry. The extent of TM/Li+ mixing in the pristine LMR is dependent upon the charge 

compatibility and ionic radii of the TM. Mixing is typically attributed to Ni2+ which are more 

similar to Li+ in charge and ionic radii than the other TMs; Co3+ and Mn4+ are reported to remain 

stable in octahedral sites due to more favorable octahedral site stabilization energies.137 The degree 

of TM/Li + antisite mixing was determined with Rietveld refinement and reported in Table B.1 as 

Li -Ni exchange. We calculated the extent of Ni/Li mixed for 0% Co as 6.3%, compared to 5.0% 

mixed for 5% Co. Since 0% Co had more total Ni than 5% Co, it follows that the extent of Ni/Li 

mixed was greater for 0% Co.  
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4.3.2 Electrochemistry of cobalt-containing vs. cobalt-free LMRs 

We performed galvanostatic charge-discharge experiments to assess if Co content affected 

the reversible capacity and cycling stability of LMR oxides. As shown in Figure 4.3a, all three 

materials achieved the same charge capacity (295 mAh/g) during the first cycle activation. The 

plateaus above 4.5 V were similar in total charge, suggesting similar contributions from the 

oxidation of oxygen anions. The concentration of Li+ vacancies formed during charging was 

therefore also the same, regardless of Co concentration. As Co content increased, the discharge 

capacity decreased, resulting in lower coulombic efficiencies (Table 4.3). This trend persisted over 

the course of cycling, as 0% Co retained the highest discharge capacity for the first 50 cycles 

(Figure 4.3b). Notably, both Co-containing samples gradually delivered more discharge capacity 

over the course of cycling, such that by the 50th cycle, 0% Co and 5% Co had similar capacities. 

15% Co sample experienced slightly inferior performance even after regaining some capacity 

during the 119 cycles. 
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Figure 4.3. Galvanostatic cycling of 0%, 5%, and 15% Co. a) First cycle galvanostatic charge-

discharge (GCD) curve at C/20, b) cycling stability (data points for hybrid-pulsed power 

characterization are shown in Figure B.6), c) GCD curve for the 100th cycle at C/3, and d-f) 

differential capacity curves normalized by electrochemically active mass for the first, second, and 

last cycle.  

 

Table 4.3. First cycle charge and discharge specific capacities with coulombic efficiencies for 

each composition shown in Figure 3a. 

Composition 

(%Co) 

Charge Capacity 

(mAh/g) 

Discharge Capacity 

(mAh/g) 

Coulombic Efficiency 

(%) 

0 295 271 92 

5 295 255 86 

15 296 251 85 

 

 

To better understand the origin of capacity differences between these materials, we 

compared the differential capacity (dQ/dV) curves at various stages in the cycling protocol (Figure 
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4.3d-f). Previous studies used spectroscopic methods to assign peaks in the differential capacity 

curves to different charge compensation reactions.8 During the first charge, oxidation peaks 

between 3.6-4.0 V are attributed to TM redox whereas the dominant feature above 4.4 V is 

attributed to the oxidation of oxygen anions (Figure 4.3d). The anodic peak associated with TM 

oxidation shifted to higher potentials, while oxygen oxidation peaks shifted to lower potentials 

with increased Co content (Figure 4.3d inset). According to Xiang et al. shifts in redox potentials 

are caused by differences either in the local structure of the TMs influencing the nearby Li+ site 

energies or electrochemical polarization. GITT testing can help assess the cause of redox shifts. A 

large potential change during resting steps indicates a large polarization, and changes in the open 

circuit voltage indicate changes in intrinsic redox potential. The magnitude of the potential spike 

caused by rests during TM oxidation almost tripled for 5% and 15% Co compared to 0% Co 

(Figure B.7), which implies larger electrochemical polarization and worsened TM redox kinetics. 

However, the open circuit voltage at the beginning of the TM regime increased with Co content, 

suggesting differences in intrinsic TM redox potentials between materials (Figure B.8). The shift 

in TM oxidation potential with increased Co content likely came from a combination of worsened 

TM redox kinetics and changes in the intrinsic redox potential coming from the local structure of 

TMs. Both explanations have been cited in prior studies for similar negative shifts in TM oxidation 

potential in Co-containing samples compared to Co-free samples.125,127  Comparing the oxygen 

oxidation regimes of the GITT curves in Figure B.7, we observed a slight decrease in the 

magnitude of the potential spikes during rests as Co content increased while onset of the oxygen 

oxidation plateau in the open circuit voltage curves (Figure B.8) shifted slightly toward lower 

potentials This negative potential shift is consistent with the dQ/dV feature shifts in the inset of 

Figure 4.3d. Xiang et al121. observed the same for Co-containing LMRs, and explained the shift 
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in oxygen oxidation potential as an improvement in electrochemical kinetics with increased Co3+ 

substitution. However, our results differ in that the magnitude of the oxygen oxidation peak 

representing anionic contribution to charge capacity stayed the same across LMR compositions. 

We can conclude that the electrochemical kinetics of oxygen oxidation were enhanced by Co 

addition, but the contribution to total charge capacity remained similar between Co-containing and 

Co-free materials. 

 Upon first discharge, the primary difference in the dQ/dV profiles between compositions 

was at ~3.2 V, where 0% Co showed slightly more capacity compared with the Co-containing 

samples. In the second cycle (Figure 4.3e), where the potential window was constrained between 

4.5-2.5 V, this difference was more significant: only 0% Co exhibited a distinct low-voltage 

cathodic peak below 3.2 V. This peak corresponded to Li+ insertion into the TM layer with 

concomitant oxygen reduction, which reinstituted LiMn6-type honeycomb ordering. In the Co-

containing samples, we observed less cathodic capacity below 3.2 V compared with 0% Co. The 

dQ/dV of the final cycle (Figure 4.3f) shows an increase in the discharge capacity of 5% and 15% 

Co from regained capacity below 3.2 V. This indicates that cycling unlocked more reversible Li+ 

insertion into LiMn6-type sites in the Co-containing materials.  

According to the model for lithiation/delithiation of LMRs proposed by Gallagher et al. 

band confirmed spectroscopically by Dogan et al., upon first charge above ~4.3 V, Li+ vacancies 

form simultaneously with TM oxidation. 123,124The vacancies enable TM and Li+ migration to 

tetrahedral sites between the TM and Li+ layers. Only below ~3.3 V on subsequent discharge 

(lithiation) do these migrated cations either return to their original octahedral sites in their 

respective layers (i.e. TM in TM layer, producing hysteresis), move to occupy the octahedral sites 

in the opposite layer (i.e. TM in Li+ layer, contributing to increased Ni/Li mixing and voltage fade), 
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or stay trapped in tetrahedral sites (also incurring voltage fade). During subsequent cycling, TM 

migration of any sort can take place during charge or discharge. To assess how the extent of Ni/Li 

mixing in both materials changed during the first charging (activation) cycle, we calculated Ni/Li 

mixing from ex situ XRD patterns of discharged electrodes after one cycle from 4.7-2.0 V (Table 

B.1). We observed an increase in Ni/Li mixing during the first cycle of 2.3% for 0% Co and 1.2% 

for 5% Co. Discharged 0% Co exhibits a sharper superstructure peak than discharged 5% Co, 

suggesting better preservation of LiMn6-type ordering (Figure B.9 insets).  

Interestingly, several studies such as by Assat et al., Li et al., and Xiang et al. reported Co 

facilitates the activation of oxygen redox and exacerbates oxygen loss in LMRs.125ï127 This differs 

from our findings that suggest faster but not more oxygen redox occurred in 5% and 15% Co 

compared to 0% Co. These studies were done on LMRs with 1.2 Li/TM with upper cutoff voltages 

of 4.8V during electrochemical cycling. The LMRs in this study had a higher Li content of 1.3 

Li/TM, but are otherwise analogous in TM composition to those studied in Xiang et al.:  

Li[Li 0.2Ni0.2-X/2Mn0.6-XCox]O2 where the Co content was x=0 corresponds to 0% Co in this study, 

and the x=0.08 composition explored falls between 5% Co (x=0.035) and 15% Co (x= 0.105) in 

Co content. Xiang et al. reported increasing first cycle charge capacities and coulombic efficiencies 

of 70-76% with Co content. The number of Li+ vacancies created during charge is different, which 

complicates the comparisons between subsequent electrochemical characteristics and their 

dependence on Co content. There is slight (<10 mAh/g) improvement in initial discharge capacity 

when Co content increased from x=0 to x=0.08, and capacity and voltage fade occurred within the 

first 10 cycles but was marginal compared to LMRs with higher Co content. In our LMRs, the 

increased Li/TM ratio of 1.3 enabled higher discharge capacities of 250 mAh/g for 5% and 15% 

Co with higher coulombic efficiencies of 80% under the same upper cutoff voltage of 4.8V and no 
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sign of capacity fade within 13 cycles (Figure B.10). This performance is comparable to the 

LNMCO with higher cobalt content (x=0.13) explored by Li et al. by the 10th cycle. Furthermore, 

with a 4.7V upper cutoff voltage 0%, 5%, and 15% Co achieve the same charge capacities of 295 

mAh/g, and upon discharge the Co-containing samples initially achieve ~15-20 mAh/g less (Table 

4.3.) All samples still achieved greater than 250 mAh/g during first discharge, and despite higher 

Li content displayed strong reversibility with the coulombic efficiencies of all materials 10% 

higher than for any materials reported in Xiang et. al. By the 100th cycle, all samples had average 

discharge voltages of 3.51-3.52 V despite higher final discharge capacities for 0% and 5% Co. Our 

findings contrast previous reports that suggest less than 15% Co substitution in the LiMO2-type 

domain unlocks more reversible capacity from oxygen redox leading to ultimately higher 

discharge capacities and accelerated voltage fade. We find that 0% and 5% Co delivered 

comparable discharge capacities while 15% Co delivered slightly less after extended cycling, while 

all three LMRs suffer from the same extent of voltage fade after 100 cycles. It is possible that 

improvements in consistency and quality of LMR synthesis negate the effects small concentrations 

of Co substitution have on oxygen anion redox as has been reported in literature.  

An important determinant of local structure and cation ordering in oxide cathodes is the 

formal charge of the TM ions. In NMCs, it is usually assumed that bulk oxidation states of the TM 

ions are Mn4+, Co3+, and Ni2+. A recent report by Yi et al. in 2023 utilized iodometric titration to 

determine the oxidation state of Ni in NMC materials synthesized in varied atmospheres.138 The 

authors demonstrated that Ni3+ had the propensity to form in Co-containing TMOs to maintain 

local charge balance when there was neighboring Co3+ in a structure, whilst Ni2+ was more 

prevalent in oxides containing only Mn4+ for the same reason. We utilized a similar iodometric 

titration method to determine the oxidation state of Ni in the pristine LMRs. We found that as the 
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quantity of Co in the pristine LMR increased, the average Ni oxidation state, or the percentage of 

Ni3+ in the structure, also increased (Figure B.11). In LiNiO2, surface or near-surface Ni3+ is 

unstable in ambient conditions and is known to convert to the more stable Ni2+ over the course of 

cycling . Mohanty et al. demonstrated that Mn3+ can also migrate to lower-voltage tetrahedral sites, 

leading to localized formation of a spinel structure with increasing cycling. The increased TM 

migration to lower-voltage sites is apparent in the dQ/dV of the final cycle (Figure 4.3f), where 

there was a clear increase in magnitude of the cathodic feature below 3.2 V for all three LMRs. 

The structural result of this increased TM migration was a nanocomposite of interconnected 

layered and spinel or rock-salt domains which form an improved 3D network for Li+ diffusion. 

4.3.2 Kinetic analysis of activated LMRs 

Based on our electrochemical results, we hypothesize that increased Co content may 

influence the electrochemical kinetics of Li+ insertion into the LMRs. We performed a rate 

capability test to probe differences in rate limitation as a function of Co content (Figure 4.4). We 

found that 0% Co retained more discharge capacity than 5% and 15% Co at every rate. At the 

fastest rate of 400 mA/g (~2C), all three LMRs retained between 72-75% of their original discharge 

capacity. As observed in the cycling stability tests, both 5% and 15% Co showed an increase in 

discharge capacity when cycled at 20 mA/g at the end of the rate protocol. All cells delivered 

similar discharge capacities at the end of the protocol despite the fact that at the beginning of 

cycling, Co-containing materials delivered less capacity. While 119 cycles at slower rates (C/20-

C/3) were necessary for 5% Co to achieve the same capacity as 0% Co, at higher rates, all three 

LMRs achieved similar capacities within 40 cycles. We hypothesize that as the discharge current 

rate increased, the concentration of Li+ vacancies increased since not all of the Li+ is reinserted 

back into the structure. As discussed in the section regarding electrochemistry of the LMRs, the 



 

109 

 

Li+ vacancy concentration is coupled to the extent of local structural change. Faster rates appear 

to have hastened the formation of local 3D Li+ diffusion networks in the structure necessary to 

promote increased discharge capacity at subsequent slow rates (final 20 mA/g). 

 

 

Figure 4.4. Average discharge rate capability for 0% Co, 5% Co, and 15% Co.  

 

Given that all LMRs charged to similar capacities (0% and 15% were equivalent, and 5% 

Co was 3.5% less), and all discharge capacities were the same at the end of the rate protocol in 

Figure 4.4, we hypothesize that the number of Li+ vacancies in the structure were similar by the 

end of the 40th cycle. If the Li+ vacancy content alone was responsible for the structural 

rearrangement and consequentially the electrochemical behavior of the LMR, then we would 

expect all LMRs to perform comparably in a subsequent rate test. The protocol was repeated to 

assess if the materials would sustain similar performance at all rates (Figure 4.5). By comparing 
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the discharge capacity as a percentage of the sampleôs initial charge capacity, we assessed 

differences in the utilization of Li+ at different rates. During the second activation in Cycle 41, 

none of the samples gained additional charge capacity, suggesting that no new Li+ vacancies were 

formed in the structure. The discharge capacity delivered by 5% Co and 15% Co increased 

compared to the amount delivered in the first activation in Cycle 1. This places 5% and 15% Co 

on par with 0% Co for discharge capacity delivered in cycle 41. Despite all cells performing 

comparably at slow rates from cycle 41-45, during the second run of the protocol, 5% and 15% Co 

still retained less discharge capacity than the 0% Co at all rates faster than 40 mA/g (or 0.2C). The 

rapid decline in capacity retention with increasing rate for the Co-containing as compared to Co-

free LMRs suggested kinetic limitations despite structural changes that unlock additional discharge 

capacity at slow rates. 

 

Figure 4.5. Discharge capacity retention based on the first charge capacity during the discharge 

rate protocol detailed in Figure 4.4. The rate protocol was repeated after completion. Cycle 1 and 

41 are the activation cycles from 4.6 ï 2.0 V; all other cycles run between 4.5 ï 2.5 V.  
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 To probe the differences in Li+ insertion kinetics as a function of TM composition and 

cycle number, we conducted GITT experiments during the first and second activation (cycles 1 

and 41) of the rate protocol from Figure 4.5. From these GITT experiments we calculated the 

apparent Li+ diffusion coefficient in the cathode, DLi
+, using the method described in the 

experimental section. By plotting DLi
+ as a function of voltage along with the dQ/dV curves as 

shown in Figure 4.6, we compared kinetic behavior. 
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Figure 4.6. Apparent Li+ diffusivity in the cathode calculated from galvanostatic intermittent 

titration technique (GITT) plotted with the differential capacity curves for the first and second 

activation of the rate protocol in Figure 4.5 for charge and discharge of the a-b) 0% Co samples 

vs. c-d) 5% Co samples. 
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The kinetics of the charge process trended similarly for 0% Co and 5% Co. There was a 

sharp decline in the DLi
+

 during the first activation cycle charge due to the oxygen anion redox > 

4.5 V for both 0% Co and 5% Co (Figure 4.6a and c.) This was as expected, and it is well-

established in the literature that the activation of oxygen redox is kinetically slow.139  During the 

second activation cycle in the rate protocol, DLi
+ for both 0% Co and 5% Co remained mostly 

constant with trivial decreases near a known TM redox potential (Figure 4.6b and d). This also 

was expected, given we only saw TM redox and no additional activation of oxygen redox during 

the second activation. 

The kinetics of the discharge process trended differently for 0% Co and 5% Co. In the 5% 

Co sample, as Li+ began to reinsert DLi
+ was initially higher than that of the 0% Co in the voltage 

regime where predominantly TM redox was predicted to occur, but then decreased significantly in 

the low-voltage regime. This was true for both the first and second activation (Figure 4.6c and d), 

even though in the second activation during discharge there was some Li+ insertion in the TM layer 

(i.e. LiMn6) as evidenced by increased capacity in the low-voltage regime indicative in the dQ/dV 

in Figure 4.6d. This corroborates the findings of the rate study from Figures 4.4 and 4.5: although 

over time the LiMn6-type sites became active in the cobalt-containing samples, Li+ diffusion in the 

low-voltage regime was still sluggish. This was why the rate performance of the Co-containing 

samples was worse than 0% Co, which had a constant and higher DLi
+

 across the potential range.  

Although during the first activation charge DLi
+ decreased sharply >4.5V where oxygen 

redox was activated, the minimum value of DLi
+ increased with Co content. From Figure B.12, 

0% Co demonstrated the lowest DLi
+

 during the oxygen oxidation regime at 6.09 x10-16 m2/s 

compared to 9.19 x10-16 m2/s for 5% Co and 1.92 x10-15 m2/s for 15% Co, respectively. This trend 

in DLi
+

 coincides with oxygen oxidation dQ/dV peaks shifting to lower potentials with increased 
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Co content, which was ascribed to improved oxygen oxidation kinetics in the discussion of Figure 

4.3d. One explanation for the simultaneous occurrence of improved Li+ deintercalation and oxygen 

oxidation kinetics is simply that the apparent Li+ diffusion kinetics are linked to oxygen redox 

kinetics, as removal of excess Li+ triggers oxygen oxidation. Another possibility is that the GITT 

method is influenced by mobile oxygen species (molecular O2, O2
2- or O-) or oxygen vacancies 

that may be produced during charging >4.5V in addition to Li+.140 GITT probes electrochemical 

kinetics using changes in ohmic drop following applied current, and ohmic polarization may be 

affected by any mobile charged species present in the material. Upon discharge, this means any 

mobile oxygen species in the material would also influence the DLi
+. In this case, the decline in 

DLi
+ below 3.2V for Co-containing materials may suggest sluggish movement of both Li+ and/or 

oxygen species or vacancies.  

4.3.3 Influence of potential window on electrochemistry 

The trends in DLi
+ in the 4.7 V activation cycle in Figure 4.6 persisted in the 4.5 V window 

as well (Figure B.12). Both 0% and 5% Co experienced a decrease in DLi
+

 when the Li content in 

the solid became greater than X = 1, however the decline was more severe for 5% Co. Above X = 

1, Li+ is thought to fill the Li layer and begins to insert into the TM layer into LiMn6-type sites, 

suggesting that the kinetic barrier to Li+ insertion may have only come from the activation and/or 

utilization of ñexcessò Li in the structure. 

Given that sluggish diffusion seemed to be associated with using the excess Li that was 

activated with oxygen redox when the cathode was charged above 4.5 V, we repeated the rate 

protocol using a constrained voltage window of 4.35 ï 2.5 V. The dQ/dV plots in Figure 4.7b-d 

show no activation of oxygen redox and correspondingly no activity below 3.2 V upon discharge. 
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Despite this, the 0% Co still outperformed 5% and 15% Co at every rate, suggesting that trends in 

LMR performance appear regardless of the oxygen activity of the cathode. 

 

 

Figure 4.7. a) Average discharge rate performance of three half cells each for 0% Co, 5% Co, and 

15% Co vs Li/Li+ cycled between 4.35 - 2.5 V. b-d) Differential capacity normalized by mass for 

the first and second cycles of the rate protocol in a). 

 

The dQ/dV plots in Figure 4.7b-d illustrate that TM redox couple split and shifted to 

higher potentials as the Co content of the LMR increased, similar to the trend discussed in Figure 
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4.3d. The potentials corresponding to TM redox are determined by the nearby Li+ site energies 

which are heavily influenced by a TMôs local environment, or by changes in polarization. There 

might be two distinct TM redox environments in the pristine LMR, which are accessed 

disproportionately depending on the content of Co3+ in the LMR. Further spectroscopic analysis, 

coupled with computational analysis of the energetics of varied TM environments in the presence 

of Co3+, are necessary to understand the origin of these differences.  

To assess the influence of Co content on the practical cell performance, we conducted a 

simulation of a full Li-ion battery cell with 0 or 5% Co LMRs as the cathode and graphite as the 

anode. The simulation was informed by the experimentally-obtained parameters, most notably the 

DLi
+ for a typical activation window (4.7 - 2.0 V in Cycle 1) and operation window (4.5 - 2.5 V in 

Cycle 5) shown in Figure B.12. The simulation was conducted from 4.2 ï 2.8 V and demonstrates 

that after the first cycle, we access higher states of charge at lower potentials in subsequent cycles 

(Figure 4.8). The simulated charge/discharge curves for 0% Co and 5% Co demonstrated voltage 

fade within the first 5 cycles, with no notable difference between LMR compositions. The voltage 

fade is associated with the change in Li+ site energies due to TM mixing caused by irreversible 

TM migration during cycling. Although there was less Ni/Li mixing in 5% Co, and in theory this 

would correspond to less voltage fade, in practice it seems the reduction in mixing was too small 

to mitigate voltage fade yet large enough to deteriorate DLi
+

 and discharge capacity.   
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Figure 4.8. Full cell simulation of the galvanostatic cycling of a Li-ion battery consisting of 0% 

or 5% Co LMR cathode and a graphite anode of equal capacity. 

 

4.4 Conclusions 

In this work, we studied the influence of Co doping on the electrochemistry of LMRs via 

a careful analysis of the structure and kinetics of Co-free vs. Co-containing LMRs.  We used 

iodometric titration to show that as Co content in the LMR increased, the average oxidation state 

of Ni also increased. Although Ni2+ was dominant in all LMRs, in the presence of Co3+ it seems 

more Ni3+ is likely to exist to maintain charge balance in the local TM environment. As Ni3+ is less 

likely to mix with Li+, we confirmed with high-res XRD that there was less Ni/Li mixing in Co-

containing LMRs compared to Co-free LMRs. We hypothesize that the gradual increase in 

capacity during cycling observed for Co-containing LMRs came as the structure became 

increasingly disordered to form interconnected 3D channels for Li+ diffusion. Introducing just 5% 

Co in the NMC component of the LMR added resistance to Li+ insertion in LiMn6-type sites 

regardless of the potential window, as evidenced by declining DLi below 3.2V upon discharge. 
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These hypotheses are supported by rate capability tests and our analysis of the apparent Li+ 

diffusivity, DLi
+. Compromised electrochemical kinetics caused Co-containing LMRs to possess 

inferior rate capability compared to the Co-free LMR, even when cycled without activation in 

narrow potential windows. We demonstrated that while 5% and 15% Co do exhibit signs of 

enhanced oxygen oxidation kinetics, it did not correlate to improvement in reversible capacity 

upon discharge. The Co-containing materials did not outperform 0% Co on the basis of capacity 

or voltage retention and overall electrochemical kinetics. Furthermore, even in cases where similar 

capacities were achieved between Co-containing and Co-free LMRs, kinetic limitations were 

present in Co-containing LMRs that inhibit achievable discharge capacity at practical rates. 
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CHAPTER 5 

Dependence of Local Structural Evolution on Depth of Charge in Li and Mn Rich Cathode 

Materials   

5.0 Preface 

 I conceptualized and executed all experiments in this chapter. The pristine materials and 

cathode slurry electrodes were prepared by Dr. Jiajun Chen. 

 

5.1 Introduction 

There are competing interpretations for the structural nature of the class of Li- and 

manganese-rich oxides called LMR-NMCs, however the most widely held belief is that these 

materials are composites of the form xLi2MnO3·(1-x)LiMO2, comprised of interspersed nano-

domains of the C2/m structure (characteristic of Li2MnO3) and Rσm (characteristic of LiMO2). 

There have been a few reports that suggest there are no discrete domains but rather a continuous 

integration of both parent phases into one solid solution-type structure. The difference between the 

interpretations resides in the extent of local or short-range order in the materials. Synchrotron X-

ray diffraction has often been employed to detect Li honeycomb superstructures (LiMn6-type) in 

pristine LMRs (Figure 5.1). During activation of the Li2MnO3 component by charging above 4.4 

V, these superstructures are disrupted. While this re-ordering is widely hypothesized to reinstitute 

during Li+ insertion below 3.5 V, the superstructure reflections appear disrupted after first cycle 

discharge. This implies that reordering of LiMn6 likely does not happen uniformly over a sufficient 

scale to be detected by bulk techniques like XRD. However, XRD studies have shown that bulk 

structural changes occur during the first-cycle activation of LMR-NMCs. Li et al. observed unit 

cell shrinkage at high states of charge corresponding to oxygen loss during first-cycle activation 

of Li1.2Ni0.2Mn0.6O2.127 In subsequent cycles, the expansion and contraction of the unit cell 
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proceeded linearly with potential. Yin et al. performed ex situ XRD and TEM after holding 

electrodes of Li 1.2Ni0.13Mn0.54Co0.13O2 at high states of charge to provide evidence for a two-phase 

process during first cycle activation.141 The authors proposed that first, removal of Li from the TM 

layer initiated oxygen oxidation and vacancy formation in the bulk. At the top of charge, mass 

vacancy migration to the surface caused cation migration to form a densified bulk layered phase 

with a spinel or rock salt surface layer. Upon discharge, cation migration was partially reversible 

as lithiation proceeded via a solid solution structural rearrangement.  

Local structural probes such as Raman spectroscopy have been shown to detect subtleties 

in LMR-NMC structures. Wu et al. studied 0.49Li2MnO3·0.51LiNi0.37Co0.24Mn0.39O2 using ex-situ 

Raman spectroscopy and observed Li2MnO3 is a discrete component in pristine LMR-NMC. 142 

They correlate changes in Raman bands associated with the Rσm phase and C2/m phase to show 

that upon discharge, Rσm phase re-lithiates earlier than C2/m phase. This corroborates the theory 

that lithiation above 3.5V involves mostly the LiMO2 component and below 3.5V involves 

predominantly Li2MnO3. The authors also note that even high-res XRD techniques do not show 

presence of Li2MnO3 after the first charge/discharge cycle. The authors hypothesized that in the 

pristine structure, the C2/m structural domain size is large enough to appear during bulk 

diffraction. However, during the first cycle, the C2/m phase is disrupted by activation of Li2MnO3 

and reforms in tandem with LiMO2 relithiation via ñelectrochemically induced topotaxyò. The new 

Li 2MnO3-type component isnôt significant enough for bulk diffraction but can be observed with 

Raman spectroscopy. Yu et al. studied the structural differences between phase-pure Li2MnO3 and 

solid solutions of Li2MnO3-LiMnO2 with different degrees of Li/Mn through ex-situ Raman 

spectroscopy.143 The authors report an increase in the spinel-type Raman band ~650 cm-1 during 

electrochemical delithiation, suggesting a transition from layered to spinel structural as early as 
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the first discharge. They found that higher Li/Mn ratio in the materials lead to more layered phase 

presence. 

Despite having the advantage of probing short-range order under in situ environments 

while avoiding structural relaxation after applied potential, there are few operando Raman studies 

of LMRs. Ruther et al. used operando Raman and mapping along with DFT calculated phonon 

spectra to discuss the origin of Li2MnO3 Raman-active features during electrochemical cycling.144 

The authors noted the emergence of a new mode ~665 cm-1 during delithiation coupled with 

decrease in relative intensity of other modes, and suggested a two (or multiphase) delithiation 

reaction. This conclusion is supported by previous work suggesting Li+ removal from Li2MnO3 is 

not topotactic. Lanz et al. also studied the activation of Li2MnO3 through an operando Raman 

experiment.145 The experiment occurred at 50ęC to ensure maximal activation of the structure. 

They found that the ~615 cm-1 band shifted to higher wavenumbers during activation particularly 

above 4.4V, which coincides with the formation of a spinel-like phase for overlithiated 

xLi 2MnO3·(1-x)LiMO2 structures.  

Even fewer studies in literature report using operando Raman to probe LMR-NMC 

composites. Singh et al. reported the formation of a new band ~545 cm-1 formed during first charge 

between 4.1-4.3V vs Li+/Li that does not appear in ex situ scans.146 Lanz et. al compared ñhigh-

energy NCMò comprised of equal parts Li2MnO3 and LiMO2 with stoichiometric NCM through 

operando Raman spectroscopy. 147      They found that the ~545 cm-1 band was reversible and stable 

for a wider potential range in high-energy NCM compared with stoichiometric NCM. The authors 

also compared pristine spectra of both high-energy and stoichiometric SEM in addition to an 

intermediately lithiated NCM (Li1.1(Ni1/3Co1/3Mn1/3)O2.1) to ex-situ spectra collected after 

electrochemical cycling. In the pristine materials, the authors found the A1g band in the spectra 
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shifted toward the expected Ag band position of Li2MnO3. The extent of the shift corresponded to 

the degree of overlithiation (from 595-608 cm-1). This trend did not maintain after cycling; the 

A1g peaks were all ~595cm-1 regardless of extent of overlithiation, which the authors claim 

supports the Li2MnO3 domain model and that activation of Li2MnO3 is irreversible.  

In this work, we studied the local structural evolution of cobalt-free 

0.5Li2MnO3·0.5LiNi0.5Mn0.5O2 (0.5LMR) during lithiation and delithiation using operando 

Raman spectroscopy. We conduct the operando experiments in two different potential windows, 

first to > 4.5 V, where anion redox from the Li2MnO3 component is activated, and secondly to 

4.4V, where only transition metal (TM) redox is expected. Interpreted in conjunction with the 

thermodynamic parameter of configurational entropy (ȹS) and kinetic parameter of apparent Li+ 

diffusivity (DLi
+), the evolution of the Raman profiles as a function of potential indicated 

differences in lithiation/delithiation mechanism between potential windows. Above 4.4V, we 

observed a two-phase mechanism for the activation of the Li2MnO3 component consistent with 

prior XRD and TEM studies. This study demonstrates the applicability of Raman spectroscopy to 

understanding short-range structural phenomenon that influence the electrochemistry of LMRs. 

5.2 Methods 

5.2.1 Electrochemical characterization 

0.5Li2MnO3·0.5LiNi0.5Mn0.5O2 powder was synthesized via the procedure in Section 4.2.1 

and prepared into slurry-cast laminates via the procedure described in Section 4.2.4 at Argonne 

National Laboratory. The resulting electrodes had mass loadings of ~12-13 mg/cm2 and were 

assembled into 2032 stainless steel coin cells in an Argon-filled glovebox (H2O and O2 levels < 

0.5 ppm). The coin cells were assembled in a half-cell configuration with a Li metal anode 

(TMAX, battery grade), glass fiber separator (Whatman), and ~250 µL of 1 M LiClO4 (Sigma 
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Aldrich, 99.99%) in propylene carbonate (PC; Sigma Aldrich, anhydrous, 99.7%) as electrolyte. 

Coin cells were left to rest at open circuit voltage  (OCV) for 12 hours and then cycled at 15 mA/g 

between 4.7 ï 2.0 V in the first cycle and 4.4 ï 2.5V for four more cycles (LANDT galvanostat).  

5.2.2 Entropymetry 

We calculated the change in entropy of the LMR at various states of charge (SOC), ȹS, 

using Equation 5.1: 

ЎὛ ὲὊ      (5.1) 

Where n is the number of electrons, F is Faradayôs constant, and is the differential of OCV 

with respect to temperature. We used an entropymetry procedure adapted from Jobst et al. to 

estimate  by measuring the OCV at varying temperatures at each SOC.148 After assembly, a 

coin cell was connected to a potentiostat (Biologic SP300) from within a temperature-controlled 

chamber (ESPEC). The cell rested at OCV for 10 hours at room temperature and 2 hours at 45ºC. 

A constant current of 15 mA/g was applied for 1 hour, after which the cell rested at open circuit 

potential at 45ºC for 2 hours, and at 35ºC, 25ºC, 15ºC, and 5ºC for 1 hour each. This protocol was 

repeated between 4.7 ï 2.0 V, and between 4.4 ï 2.5 V. For a given state of charge, the value of 

OCV at the end of each rest at various temperatures was extracted. The slope of the graph of OCV 

versus temperature was taken as  and used to calculate ȹS at each SOC.  

5.2.3 Galvanostatic Intermittent Titration Technique (GITT) 

The apparent Li+ diffusivity was estimated using GITT as per the exact conditions 

described in the protocol in Section 4.2.5. The coin cells used for GITT experiments were made 

using Gen2 electrolyte (Tomiyama, A49 LIPASTE formulation, 1.2 M LiPF6 in 3:7 wt. mixture 
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of EC and EMC). The experiment occurred in an oven at 30°C, during two different potential 

windows: 1) 4.8 ï 2.0 V and 2) 4.3 ï 2.5V.  

5.2.4 In situ and operando Raman spectroscopy 

A commercial test cell for operando electrode characterization was employed for operando 

Raman spectroscopy experiments (ECC-Opto-10, EL-CELL). The cathodes were made by casting 

a slurry containing 84 wt.% LMR, 8wt.% carbon black, and 8 wt.% of binder solution (8 wt.%  

PVDF in NMP) onto carbon paper (Fuel Cell Earth.) The electrodes were dried at 60ºC in a fume 

hood overnight, under vacuum at 100ºC overnight, and punched out into 5 mm electrodes. The 

final mass loading of the electrodes were ~12 mg/cm2. The cathodes and ECC-Opto-10 were 

transferred into an Ar-filled glovebox (<0.5 ppm H2O and O2) for assembly. The cell stack was 

assembled with the cathode and Li metal anode in a face-to-face configuration similar to a coin 

cell using a glass fiber separator and 30 µL of 1 M LiClO4 in PC as electrolyte. Electrochemical 

impedance spectroscopy was performed on the assembled ECC-Opto-10 to check for a battery-

type Nyquist plot indicative of good electrical connection within the cell (example shown in 

Figure C.1.) The cell was monitored at OCV for 12 hours prior to Raman characterization. 

Raman spectroscopy was conducted using a Witec Alpha 300 Confocal Raman Microscope 

employing a 532 nm Nd: YAG laser, 600 grooves/cm grating, and 100x Zeiss objective lens. The 

laser wavelength was calibrated using the 520 cm-1 peak from a silicon chip. For all experiments, 

a laser power of ~54 µW was used. In situ scans were collected by averaging 5 accumulations 

integrated over 100 s each. Operando experiments were run as a time series of these scans 

separated by 1s intervals. A constant current of 15 mA/g was applied to the ECC-Opto-10 between 

4.56 (rounded to 4.6) ï 2.0 V, and 4.4 ï 2.5V (Biologic SP-50e). A shape-based background 

subtraction in Witec Project Four Pro (shape size 300, noise factor 1) and cosmic ray removal were 
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applied to the Raman timeseries data. The contour plots presented here were made from this data. 

For the individual Raman spectra presented, the data between 300-700 cm-1 were smoothed using 

an adjacent-averaging method of 5 nearest neighbors and fitted using the Lorentz method in Origin 

(example presented in Figure C.2.) All fits exhibited an R2 > 0.90, and only fixed the baseline 

value if needed for convergence. 

 

5.3 Results & Discussion 

Figure 5.1 depicts the galvanostatic charge-discharge behavior of 0.5LMR. The coulombic 

efficiency of the first cycle to 4.7V is relatively low at 77% compared to other LMRs with less 

Li 2MnO3 content, however it is on par with 0.5LMR materials in prior reports.149 Higher 

irreversibility is expected due to the higher Li2MnO3 content. The excess Li coming from the 

Li 2MnO3 domains orders with Mn to form a LiMn6-type honeycomb superstructure in the pristine 

material as described in Section 1.2.3.9 The galvanostatic charge curve in Figure 5.1a clearly 

shows two separate regimes: a linear increase in potential until ~4.5 V, corresponding to TM redox, 

and a plateau beginning at 4.5 V indicative of oxygen oxidation. During this period the Li2MnO3 

domain is ñactivatedò as oxygen is oxidized and partially lost from the structure when excess Li+ 

in the TM layer is removed. Removing this excess Li+ disrupts the LiMn6-type ordering, which is 

thought to reinstitute below 3.5 V during discharge when excess Li+ re-enters the structure. Open 

questions remain as to how and to what extent this ordering reappears during electrochemical 

cycling of these materials. Furthermore, the extent of charge controls the quantity of both Li and 

O vacancies formed, which is coupled to the degree of irreversible structural change to be 

expected. Vacancies allow space for TMs to migrate to either the Li layer or to spinel sites between 

the Li and TM layer. This TM migration is either reversible, leading to capacity fade, or 

irreversible, in most cases leading to permanent changes in certain Li+ site energies and 
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consequently voltage fade. Given the high Li2MnO3 content of 0.5LMR, the effects of TM 

migration should be even more severe than in LMRs with lower Li2MnO3 content. Upon first 

discharge, the curve continuously decreases in potential without distinct redox regimes evident. In 

the subsequent cycle to 4.4V, the charge and discharge curves are linear, consistent with TM redox 

activity only.   

 

 

Figure 5.1. Galvanostatic charge-discharge behavior of 0.5LMR during a) activation of oxygen 

redox when cycled from 4.7 ï 2.0 V and b) a subsequent cycle between 4.4 ï 2.5 V without oxygen 

activity.  

 

As per the discussion of the previous figure, we expect 0.5LMR to undergo structural 

change during the first cycle charge due to a high Li2MnO3 content relative to other LMRs. The 

change in configurational entropy (ȹS) of the structure is shown as a function of state of charge in 

Figure 5.2. As Li+ is removed from the structure during charge, it follows that the increase in Li+ 

vacancies drove an overall positive increase in ȹS for the structure. Upon first charge to 4.7 V in 

Figure 5.2a, there are two clear plateaus visible in the ȹS data (dark gray). The first smaller plateau 






































































































































